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Abstract 

This  is  a  review  of  the  cnrrent  research  and  devel<4)Mnt  activities 
on  the  7  /  a  t  two-phase  TiAl  co^Monds  which  have  recently  received  a 
great  deal  of  research  interest  becaase  of  their  refractory  natnre  with  a 
very  low  density.  Particular  eaidiasis  is  laid  on  their  aicrostmctare  and 
■echanical  behavior.  Recent  work  on  the  environawntal  eabrittleaent  in 
TiAl  is  also  briefly  reviewed. 
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IntrcdncticMi 

In  the  lest  few  years,  there  has  been  an  enoraons  increase  in  the 
research  and  developaent  activity  on  titanioa  alnainides,  in  particular, 
on  the  TiAl  coapounds  since  they  have  inaense  potential  as  new  high- 
teaperatnre  light-weight  stmctnral  aaterials.  In  Japan,  a  national 
project  aiaing  at  the  develt^Msent  of  high  tenperatnre  interaetallic 
coapounds  was  launched  in  1989.  TiAl  was  chosen  as  a  target  coaponnd  for 
the  project  (see  review  [1]). 

The  TiAl  phase  possesses  a  wide  coaposition  range.  However,  it 
extends  priaarily  on  the  Al-rich  side  and  the  TiAl  coapounds,  with  nearly 
stoichioaetric  or  Ti-rich  coapositions,  exhibit  a  two-{^se  aicrostmctnre 
coaposed  of  the  TiAl  phase  (7)  and  a  snail  volune  fraction  of  the  Ti,Al 
phase  (at)-  The  so-called  TiAl  coapounds  to  which  a  recent  enoraons 
increase  in  the  research  and  developaent  activity  has  been  devoted,  are 
such  7 /a,  two-phase  co^wunds  rather  than  the  Al-rich  TiAl  coapounds 
with  a  7  single  phase  structure.  In  the  last  few  years,  narked  iaprove- 
aents  in  the  nechanical  properties  of  the  two-phase  coapounds  have  been 
achieved.  However,  there  are  still  reaaining  rood-blocks  to  the  coanence- 
aent  of  their  stmctnral  applications.  In  particular,  their  nechanical 
properties  are  often  inappropriately  balanced.  For  exaaple,  elongation  up 
to  3'-~h%  has  been  achieved  at  rooa  teaperatnre  through  nicroalloying  of 
ternary  elenents  and  controlling  their  aicrostmctnre  by  themoaechanical 
processing.  However,  iaproveaents  in  rooa  te^>eratnre  elongation  often 
lead  to  reductions  in  other  nechanical  properties  such  as  toughness  and 
high-tenperatnre  strength. 

In  this  paper,  the  characteristics  of  the  aicrostmctnre  and  necha¬ 
nical  behavior  of  the  7 /at  two-phase  coapounds  will  be  discussed  as  will 
their  current  status  and  applications.  The  readers  are  also  reconaended 
to  refer  to  recent  reviews  on  the  nicrostmctnre/property  relatimships  in 
the  two-phase  coapounds  and  their  applications  [1-7]. 

Microstroctnres 

As-Solidified  Laaellar  Stmcture 

When  the  two  phase  coapounds  are  prepared  by  usual  ingot-netallnrgy 
nethods,  the  7  and  at  phases  constitute  a  laaellar  stmcture.  Such  a 
laaellar  stmcture  in  the  two-phase  co^wunds  with  nearly  stoichioaetric 
coapositions  is  foraed  during  the  reaction  a  ( a -Ti)-»  a  +  7  [8]  and  the 
ordering  of  the  a  phase  to  the  a  t  phase  occurs  after  the  fomation  of 
laaellar  stmcture  [9,10].  For  Ti-rich  coapositions  such  as  Ti-39~43 
at%Al,  however,  the  a  phase  becooes  ordered  and  then  7-laaellae  are 
foraed  via  the  reactim,  at^at  +  7  [H]- 

Nhichever  reaction  occurs,  7  lanellae  are  foraed  in  such  a  way  that 
close-packed  planes  and  directions  in  the  7  phase  are  parallel  to  the 
corresponding  planes  and  directions  in  the  a  or  at  phase  [12].  However, 
close-packed  [T10]  and  [T01]  directions  on  the  close-packed  (111)  plane  in 
the  7  phase  are  not  equivalent  because  of  the  tetragonality  of  the  LI0 
stmcture  of  the  7  phase.  Thus,  the  7  phase  can  be  foraed  in  six 
orientation  variants  corresponding  to  the  six  possible  orientations  of 


[llO]  on  (III)  in  the  7  irfiase  with  respect  to  <1lS0>  on  (0001)  in  the  a 
or  a,  phase.  This  suggests  that  a  doaain  structure  corresponding  to 
these  six  orientation  variants  results  in  the  7  phase  in  the  two-iduse 
con|>onnds  trith  the  lanellar  structure  [13-18]. 

The  growth  of  7  lanellae  in  the  direction  perpendicular  to  the  basal 
plane  of  the  a  or  a  >  phase  gives  rise  to  the  occurrence  of  donain  bound¬ 
aries  parallel  to  the  lanellar  boundaries.  In  other  words,  the  lanellar 
structure  of  the  7  J  a  t  two-phase  conpounds  is  co^wsed  of  7  lanellae 
separated  by  such  donain  boundaries  a^  at  lanellae.  Each  7  lanella 
also  has  a  donain  structure.  Recently,  using  an  etching  technique  to 
renove  the  7  (diase  and  to  leave  the  a  t  i^se,  large  internal  stresses 
have  been  suggested  to  exist  in  the  a  t  lanellae  in  the  two-phase 
coHixnmds  with  the  lanellar  structure  [19].  Such  internal  stresses  are 
supposed  to  be  due  to  the  lattice  nisnatch  between  the  7  and  a  t  phases. 

Microstmcture  (^trol 

Microstmcture  types  The  nicrostmcture  of  two-phase  conpounds  can  be 
adjusted  to  be  either  lanellar  or  equiaxed,  or  a  nixture  of  both  nicro- 
stmctnres  through  appropriate  hot-working  and  heat  treatnents  [3-6] . 
Prinary  hot-working,  usually  isothemal  forging  is  typically  con^ted 
near  the  entectoid  tenperatnre.  Hot-worked  ingots  are  then  subjected  to 
heat-treatnents  for  further  nicrostmcture  control.  The  resulting  nicro- 
stmctures  can  be  classified  into  four  groiq>s.  The  characteristics  of 
nicrostmctures  belonging  to  the  four  groups  and  the  corresponding  heat 
treatnents  are  sunnarized  as  follows  (see  reviews  [4,6]). 

i)  Near-ganna  nicrostmcture 

-generally  non-unifom  and  consisting  of  coarse  7  grains  and  banded 
regions  conposed  of  fine  7  grains  and  a  >  particles. 

—obtained  by  heat-treatnents  at  tenperatures  just  above  the  entectoid 
tenperatnre. 

ii)  Dtqtlex  nicrostmcture 

-consisting  of  fine  7  grains,  lanellar  grains  and  sone  a,  plates. 

-obtained  by  heat  treatnents  at  tenperatures  where  the  volnne  frac¬ 
tions  of  a  and  7  are  roughly  equal, 
i)  Nearly  lanellar  nicrostmcture 

-consisting  nostly  of  coarse  lanellar  grains  and  a  snail  anonnt  of 
fine  7  grains. 

-obtained  by  heat  treatnents  at  tenperatures  near  the  a -transits. 
h)  Fully  lanellar  nicrostmcture 

-consisting  of  large  lanellar  grains  such  as  those  observed  in  as-cast 
ingots  of  the  two-phase  conpounds. 

-obtained  by  heat  treatnents  at  tenperatures  above  the  a-transus. 
Although  isothemal  forging  is  counonly  enployed  as  a  prinary  hot-working 
nethod,  rolling  and  extrusion  are  another  possible  prinary  hot-working 
routes.  Rolling  at  tenperatures  in  the  a  7  field  has  been  reported  to 
lead  to  a  weaker  texture  than  isothemal  forging  in  the  a  +  7  field  [20] . 


Alloying  effects  Additions  of  allo3rii%  elenents  such  as  Cr  and  Ho  result 
in  the  fomation  of  a  third  phase  [21-23].  In  the  case  of  the  additions 
of  Cr,  the  electron  diffraction  patterns  for  the  third  phase  have  been 


reported  to  be  consistent  with  a  B2-type  stmctnre  (noainally  TitAlCr) 
[21].  Several  7 -base  ternary  alloys  containing  45  to  54  at%Al  and  1  to 
4  at%Cr  have  been  investigated  and  the  third  phase  has  been  found  to  tend 
to  fom  with  a  decreasing  A1  or  an  increasing  Cr  concentration  [21].  In 
Ti-48.4Al-0.6Mo  (at%),  themoaechanical  processing  has  been  reported  to 
result  in  a  nicrostmcture  coaposed  of  very  fine  equiaxed  grains  of  TiAl 
with  TiaAl  and  ^Ti  present  in  the  fom  of  thin  plates  or  fine  particles 
in  TiAl  grains  and  on  their  grain  boundaries  [23].  Chroaina  or  aolybdenua 
aodified  ternary  TiAl  coapounds  having  such  a  fine  nicrostmcture  have 
been  reported  to  defom  superplastically  [22,23]. 

Recrystallization  As  nentioned  above,  isothemal  hot-working  is  very 
effective  in  obtaining  a  fine  nicrostmcture,  however,  the  nicrostmcture 
of  isothemally  forged  two-phase  TiAl  ingots  is  often  inhoaogeneous 
[4,24].  The  defomation  and  recrystallization  of  the  laaellar  stmctnre 
occur  sinnltaneonsly  in  the  ingots  during  their  isothemal  forging  and 
their  recrystallization  behavior  plays  an  inportant  role  in  the  hoaoge- 
neity  of  the  resulting  nicrostmctnres. 

When  the  laaellar  boundaries  lie  at  about  45*  froa  the  rolling 
direction,  two-phase  TiAl  crystals  with  the  laaellar  stmctnre  can  be 
rolled  to  about  50%  rednctim  in  thickness  even  at  rooa  teaperatnre 
[25,26].  Using  such  laaellar  TiAl  specinens  (PST  crystals,  see  the 
footnote  in  the  secti<Mi  of  Mechanical  Properties),  the  recrystallizatioo 
node  and  behavior  of  the  laaellar  structure  have  been  studied  as  a 
fnnctiwi  of  reduction  in  thickness  [26] .  Figure  1  shows  softening 
isothems  of  specinens,  rolled  to  15,  30  and  40%  at  rooa  teaperatnre  and 
all  annealed  at  900'C.  It  can  be  seen  that  the  decrease  in  aicrohardness 
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Fig.  1  Change  in  aicrohardness  of  cold-rolled  PST  crystals  of  TiAl 
as  a  function  of  annealing  tine  at  900TC. 


occnrs  in  two  stages  with  increasing  annealing  tine.  The  first  and  second 
stages  of  softening  have  been  found  to  correspond  to  the  rearrangenent  and 
annihilation  of  dislocations  and  the  annealing-ont  of  defomaticni  twins, 
respectively.  Nhen  the  reduction  in  thickness  is  saaller  than  20%,  TiAl 
lanellae  are  defomed  by  shear  defomation  parallel  to  the  lamellar 
boundaries.  However,  since  TiAl  lanellae  are  conposed  of  donains  of  the 
six  different  types  [13-18],  sone  donains  deform  by  slip  and  the  others  by 
twinning.  Thns,  the  defomation  stractnre  in  a  TiAl  lanella  is  expected 
to  be  like  Fig.  2(a).  As  the  anoont  of  redaction  in  thickness  is  increas¬ 
ed,  shear  defomation  via  both  slip  and  twinning  across  the  TiAl  lanellae 
becomes  nore  and  nore  predoninant.  Snch  a  defomation  stmctnre  conld  be 
described  schenatically  as  in  Fig.  2(b). 

The  rearrangenent  and  annihilatimt  of  dislocations  occur  noch  faster 
than  the  annealing-ont  of  defomation  twins.  Therefore,  in  specinens 
cold-rolled  to  less  than  20%,  i.e.  with  snch  a  defomation  stmctnre  as 
that  shown  in  Fig.  2(a),  the  growth  of  donains  being  nostly  free  of 
dislocations  occnrs  at  the  expense  of  donains  still  containing  defomation 
twins  without  disturbing  the  lanellar  stmctnre. 

Figures  3(a)  and  (b)  show  nicrostmctnres  observed  on  the  rolling 
plane  of  a  specinen  before  rolling  and  a  specinen  rolled  to  15%  and 
annealed  for  6A0  nin  at  9007^.  Figures  4(a)  and  (b)  show  (111)  pole 
figures  corresponding  to  Figs.  3(a)  and  (b),  respectively.  The  (1)1)  pole 
normal  to  the  lanellar  planes,  which  is  indicated  by  an  arrow,  and  other 
{111}  poles  are  correspondingly  located  in  the  two  pole  fignres.  This 
indicates  that  recrystallization  of  the  specinen  rolled  to  15%  occnrs 
without  disturbing  the  lanellar  stmctnre.  By  contrast,  on  annealing  of 
specinens  with  a  defomation  stmctnre  like  Fig.  2(b),  any  significant 
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Fig.  2  Defomation  structures  of  PST  crystals  of  TiAl  (schenatic).  (a) 
cold-rolled  to  less  than  20%,  (b)  cold-rolled  to  nore  than  40%. 
D,  Tp  and  Tc  nean  dislocations,  defomation  twins  parallel  to  the 
lanellar  boundaries  and  those  lying  across  the  TiAl  lanellae. 


Fig. 


Microstructures  of  PST  crystals  of  TiAl.  (a)  cold-rolled  to  15%, 
(b)  cold-rolled  to  15%  and  annealed  for  640  Min  at  90010,  (c) 
rolled  to  50%  through  successive  roll-and-anneal  process.  The 
final  annealing  was  made  for  40  nin  at  9001C  • 
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Fig.  4  (111)  pole  figures  for  PST  crystals  of  TiAl.  (a)  as-grown, 

(b)  cold-rolled  to  15%  and  annealed  at  OOOt:  for  640  ain. 


difference  in  the  stored  energy  nay  not  arise  between  neighboring  donains 
since  each  of  the  donains  contains  dislocatimis  and  twins  nore  or  less 
evenly.  Therefore,  recrystallization  occurs  in  a  general  nanner  of  nncle- 
ation  of  randonly  oriented  new  grains  and  their  growth  (Fig.  3(c)).  The 
occnrrence  of  such  two  different  nodes  of  recrystallization  nay  lead  to  an 
inhonogeneons  nicrostmctnre.  Thus,  defomation  should  be  applied  uni- 
fomly  and  at  a  degree  above  a  certain  threshold  to  obtain  a  honogeneons 
nicrostmctnre  consisting  of  eqniaxed  grains  by  isothermal  forging  of 
ingots  with  the  lanellar  structure. 

Mechanical  Properties 


Ductility  of  the  TiAl  Phase  in  the  TVo-Phase  TiAl  Conponnds 

The  strength  and  ductility  of  the  TiAl  phase  coexisting  with  the 
TigAl  phase  in  the  lanellar  TiAl  conponnds  have  been  investigated  using 
"single  crystalst"  having  a  stractnre  conposed  of  a  single  set  of  lamellae 
with  a  specific  orientation  [2,28-30].  The  results  of  the  work  can  be 
snnnarized  as  follows. 

1)  Yield  stress  of  PST  TiAl  is  highly  dependent  on  lanellar  orientation 
with  respect  to  the  loading  axis  ;  it  is  hi^  tdien  the  lamellae  are  paral¬ 
lel  or  perpendicular  to  the  loading  axis,  but  very  low  for  intermediate 
orientations. 

2)  Wien  the  lamellae  are  parallel  or  perpendicular  Co  the  loading  axis, 
shear  deformation  proceeds  across  the  lanellar  boundaries  (hard-type), 
whereas  shear  defomation  occurs  parallel  to  the  lamellar  boundaries  (easy- 
type)  for  intemediate  orientations. 

3)  For  intermediate  orientations,  tensile  strain  can  be  as  high  as  20% 
at  room  tenperature. 

Since  the  easy-type  of  deformation  is  thought  to  correspond  to  the 
defomatim  of  the  TiAl  phase  itself,  it  can  be  inferred  that  the  TiAl 
phase  in  equilibrium  with  the  TijAl  {diase  is  soft  and  easy  to  defom. 

Microstructnre-Mechanical  Property  Relationships 

The  roon-tenperatnre  tensile  properties  of  the  two-phase  TiAl 
conponnds  are  directly  related  to  their  nicrostmcture.  The  fine  duplex 
nicrostmctures  result  in  a  tensile  elongation  ranging  between  2%  and  k% 
depending  on  alloy  conpositimi  and  nicrostmctnre  characteristics  such  as 
grain  size  [4-6] .  Recently,  in  a  binary  TiAl  compound  of  composition  Ti- 
50at%Al,  themonechanical  processing  has  been  reported  to  result  in  a 
fine  duplex  nicrostmctnre  (grain  size  :  ^30|/n)  showing  4.6%  roon- 
tenperatnre  elongation  [31].  Fully  lanellar  nicrostmctnre  generally 
exhibits  poor  ductility  and  low  strength  at  room  tenperature.  A  decrease 
in  the  size  of  lanellar  grains  has  been  shown  to  increase  both  strength 


tWe  call  these  "single  crystals"  polysynthetically  twinned  (PST)  crystals 

since  the  TiAl  phase  in  such  "single  crystals"  are  conposed  of  no - 

thin  twin-related  lamellae  and  this  is  analogous  to  the  phenomenon 
as  polysynthetic  twinning  which  is  often  observed  in  mineral  crystals 


and  dnctility  [A] .  However,  the  rooa-tenperatnre  tensile  elongation  of 
folly  lanellar  TiAl  has  been  cmrently  reported  to  range  fron  0  to  1% 
[4-6,32],  nsnally  less  than  \%.  Considering  that  PST  TiAl  can  show  a 
tensile  elmigation  as  large  as  20%  at  roon  ten|>eratnre,  the  rooa- 
tenperatnre  dnctility  of  the  two-|diase  TiAl  conpoonds  woold  be  eiqiected  to 
achieve  higher  valnes. 

Variations  in  tensile  properties  with  tenperatnre  are  collectively 
shown  for  several  different  nicrostructnres  in  [4,6].  Both  dnctility  and 
yield  strength  for  the  themoaechanically  processed  dnplex  stmctores  are 
generally  better  than  those  for  the  coarse  lanellar  stmctnres  [4-6]. 
However,  creep  and  fractnre  pr<H>nrties  of  folly  lanellar  nicrostmctnre 
are  nnch  better  than  those  of  other  nicrostmctnres  [33-36] .  In  particn- 
lar,  serrated  or  interlocked  bonndaries  of  lanellar  grains  have  been  fonnd 
to  be  fractnre  tolerant  and  resistant  to  high-tenperatnre  creep  [36] . 
Treatnents  to  inprove  the  dnctility  of  two-phase  lanellar  TiAl  are 
reqnired.  If  refining  of  lanellar  grains,  together  with  refining  the 
nicrostmctnral  cMistitnents  of  the  lanellar  stmctnre  [2],  can  be 
achieved  in  the  folly  lanellar  two-phase  conpoonds,  their  nechanical 
properties  woold  be  expected  to  be  sore  appropriately  balanced  [1,2,4]. 

Alloy  developnent  efforts  have  been  devoted  to  inprove  nechanical 
properties  of  the  Ti-rich  two-phase  conpoonds  which  are  nore  doctile  than 
the  Al-rich  single-phase  conpoonds  [37,38].  An  early  alloying  stody  [39] 
on  TiAl  has  shown  that  an  addition  of  1  at%V  to  Ti-48at%Al  resolts  in  a 
dnctility  of  1%  and  a  good  conbination  of  nechanical  properties  soch  as 
dnctility,  strength  and  creep  resistance.  More  recently,  additions  of  Hn 
[40,41],  Cr  [21,42,43]  and  Mo  [23]  to  Ti-rich  two-phase  conpoonds  have 
been  shown  to  increase  their  roon-tenperatnre  dnctility.  However,  none  of 
these  alloying  elenents  shows  any  positive  effects  on  the  dnctility  of  Al- 
rich  single-phase  conpoonds.  Therefore,  dnctility  inprovenents  achieved 
in  the  two-phase  TiAl  conpoonds  by  additions  of  ternary  elenents  soch  as 
V,  Ita,  Cr  and  Mo  nnst  be  strongly  associated  with  the  change  in  the 
nicrostmctnral  constitoents  of  the  a  tit  two-|diase  stmctnre.  He 
recently  fonnd  that  the  donain  size  in  the  lanellar  stmctnre  of  )ta 
nodified  conpoonds  was  noch  finer  than  that  in  the  lanellar  stmctnre  of 
the  binary  conpoonds. 

Environnental  Enbrittlenent 

A  maber  of  intemetallic  conpoonds  inclnding  FeAl,  Fe,Al,  COgTi  and 
Ni,Al  show  distinctly  lower  dnctility  at  men  tenperatnre  tdien  tested  in 
air  than  in  vaconn  (see  review  [44]).  Recently,  we  have  found  that  TiAl 
also  displays  less  dnctility  in  air  than  in  vacnoa  [45].  Figure  5  shows 
the  effect  of  test  environnent  on  the  ductility  of  PST  TiAl  tested  at  roon 
tenperatnre.  The  lanellar  bonndaries  in  these  PST  crystals  are  inclined 
at  31’  with  respect  to  the  tensile  axis.  Therefore,  the  easy-type  defor- 
nation  ocenrs.  At  the  lowest  strain  rate  of  2.0x10~*s~',  the  PST  TiAl 
shows  about  55%  elongation  in  vacua,  but  about  20%  and  10%  in  air  and 
in  hydrogen,  respectively.  The  environnental  loss  in  dnctility  decreases 
with  increasing  strain  rate.  This  is  consistent  with  Iqrdrogen  enbrittle¬ 
nent.  Hhen  tested  in  air  or  in  hydrogen  at  lower  strain  rates,  the  PST 
TiAl  fails  by  cleavage-like  node  along  (111)  in  the  TiAl  phase  which  is 

m 


Fig.  S  Effects  of  test  envir<»aeiit  and  strain  rate  on  the  roon- 
tenperatnre  dnctility  of  PST  crystals  of  TiAl. 


parallel  to  the  laaellar  boundaries.  However,  in  vacuna  or  at  higher 
strain  rates  in  air  or  in  hydrogen,  fracture  occurs  across  the  laaellar 
boundaries.  The  environaental  eabrittleaent  was  observed  also  in  PST 
speciaens  which  were  so  oriented  that  the  hard-type  defomation  occurred, 
the  Cr  or  Ha  nodified  PST  crystals  of  TiAl  have  been  found  to  show  a  saall 
environaental  loss  in  ductility  as  coapared  with  the  binary  PST  crystals 
(A6] .  Further  studies  on  the  behavior  and  aechanisa  of  environaental 
eabrittleaent  in  PST  TiAl  are  now  in  progress. 

Applications 

TiAl  has  widespread  potential  utility  both  in  air-  and  land-base 
applicability  because  of  its  refractory  nature  with  a  very  low  density. 
Investaent  casting  has  been  ai^lied  to  Ti-A8A1-M(H- V,  Ha,  Mo),  Ti-4EA1- 
21lb-M(M-Cr,  Hn,  V)  (A7],  Ti-A8Al-2V-TiB,  (A8]  and  soae  new  castable  TiAl 
coapounds  [1],  and  various  conpcnents  of  aero  engines  such  as  turbine 
blade,  vane  and  conpressor  case  have  been  nanufactured  [1,2,4,7,47-49]. 
Coaponents  of  antoaobile  engines  such  as  valve  and  turbocharger  wheel  were 
also  nanufactured  froa  TiAl  coapounds  [1,2,32].  The  turbocharger  idieel  in 
[32]  was  reported  to  show  better  perfomance  than  the  Inconel  713C  idieel 
tested  for  coaparison.  Forging  of  larger  co^xments  such  as  turbine  rotor 
has  been  also  investigated  [50,51]. 

Concluding  Reaarks 

In  recent  years,  there  has  been  an  enomous  increase  in  the  research 
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and  developaent  activity  on  the  two-phase  TiAl  coapoonds.  However,  sore 
work  is  needed  for  the  coaaenceaent  of  the  structural  applications  of  the 
coapoonds.  Refining  of  laaellar  grains,  together  with  refining  of  the 
aicrostmctnral  constituents  of  the  laaellar  structure  in  the  fully  laael¬ 
lar  coapoonds  would  be  of  proaise  to  struck  a  balance  between  the  rooa- 
teaperature  ductility,  rooa-teaperature  toughness  and  elevated  teaperatnre 
strength  [t,2,4,6].  The  author  believes  PST  crystals  of  TiAl  are  extreae- 
ly  useful  to  study  the  fnndaaental  aechanical  properties  including  the 
fracture  nechanisas  of  the  laaellar  structure  which  is  so  conaon  and 
persistent  after  themal  treataents  of  TiAl  coapoonds. 

With  regards  to  alloying  eleaents,  we  should  clarify  the  reasons  why 
additions  of  alloying  eleaents  soch  as  V,  Mo,  Cr  and  Ho  inprove  the  duc¬ 
tility  of  two-phase  TiAl,  bot  are  not  effective  in  inproving  the  ductility 
of  single-phase  TiAl.  TiAl  is  susceptible  to  test  environaent  at  anient 
teaperatnres.  Therefore,  the  effects  of  alloying  additions  to  TiAl  should 
be  tested  at  least  in  air  and  in  vacuna.  Soae  alloying  elements  night  be 
effective  mainly  in  reducing  the  environmental  embrittlement. 
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Abstract 

The  use  of  dcanium  alloys,  in  particular  the  titanium  aluminide  alloys,  is  inhibited  by  degradation 
of  properties  following  exposure  to  the  service  environment.  Preexposures  were  performed  in  the 
S38*C  to  760’C  tenperature  range  and  post-exposure  degradation  of  2S‘C  LCF  uid  HCF  life  was 
(Ramified  for  a  beta-processed  aid  beta  solutioned  Ti-25Al-10Nb-3V-lMo  (atomic  %)  alpha-2 
titanium  aluminide  aUoy.  Samples  were  tested  fcdlowing  pieexposuie  in  hot  air,  hot  sdt,  and 
molten  sulfate  salt  environments.  Air  and  molten  sulfate  ^t  pteexposures  at  temperatures  > 
649'C  resulted  in  a  lOOX  drop  in  LCT  life  but  caused  little  duurge  in  HCF  strengths.  Hot  salt 
effects  were  severe,  both  under  LCF  and  HCF  conditions.  LCF  debit  fdlowing  erqxrsuies  in  hot 
air  and  nrolten  salt  could  be  attributed  to  the  poor  oxidation  resistance  of  this  alloy  and  atendency 
to  form  brittle  strain-intderant  alpha-2  stabilized  outer  case.  Hot  salt  sensitivity  can  be  attributed 
to  pitting-type  attack  on  the  sart^le  surface  which  was  similar  in  nature  to  that  observed  in 
conventional  alpha-fbeta  titanium  alloys. 

Introduction 

The  fatigue  ctpabilities  of  titanium  aluminides  in  various  environments  must  be  consideied  when 
designing  these  alloys  into  gas  turbine  engines.  Eartier  published  work  has  documented  debits  in 
tensile  and  creep  life  [1],  as  well  as  debits  in  fatigue  cra^  growth  rates  [2],  that  were  attributable 
to  the  presence  of  aggressive  air  environments  at  temperatures  as  low  as  427*C.  A  USAF-fuixled 
prognm  [3]  was  conducted  by  the  authors  that  aimed  at  developing  a  better  understanding  on  the 
mechanians  of  environmental  degradation  in  tensile,  creep  and  fatigue  pn^rerties  of  titanium 
aluminides.  Alpha-2  and  gamma  titanium  aluminides  were  evaluated.  The  effectiveness  of  two 
coatings;  sputter-deposited  TisSij  and  km-in^lanted  Al-Nb,  in  reducing  the  environmentally- 
induced  strength  debits  was  also  studied  and  the  results  are  reported  elsewhere  [3]. 

For  the  fatigue  testing  phase  of  this  contract,  a  series  of  tests  were  conducted  to  investigate  the 
effect  of  environment  on  die  mechanisms  of  fatigue  initiation,  fatigue  crack  growth,  and  fatigue 
failure.  Fatigue  initiation  in  low  cycle  fatigue  (LCF)  and  high  cycle  fatigue  (HfTF)  regimes  was 
studied  using  smooth  specimens.  In  this  pqrer,  the  effects  of  pre-exposure  to  typical  gas  turbine 
engine  environments  on  residua]  2S*C  fatigiie  life  are  discussed. 


*  Formerly  with  Ganen  Engine  Division,  Allied-Signal  Aerospace  Company 

Tflonium  '92 
S6«nc«  and  TocMobgy 
Edilod  by  F.H.  Froti  ond  I.  Coplon 
Th«  Minofoii,  &  Materiob  Socioty,  1993 
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Ex«gimfait«l  Methods 


AUov  Chemistry  and  Microstmctuies 

A  Ti-25Al-10Nb-3V-lMo  (atomic  %)  alloy  ingot  was  double-melted  by  Timet,  Henderson,  NV. 
The  alloy  ingot  was  forged  above  the  beta-transus  and  then  processed  via  a  series  of  extrusion 
steps  and  heat  treatments  to  a  beta-processsed  /beta  solution^  and  double-aged  microstructure 
(Figure  1). 


Figure  1.  Microstructure  of  Fully  Heat  Treated  Ti-2S-IO-3-l  Alloy  Consists 
of  a  Transformed  Beta  Widmanstatten  Structure  with  a  Large  Beta  Grain  Size 
(=685  microns).  A  Significant  Amount  of  Feathery  Alpha-2  was  also 
Present  at  the  Grain  Boundaries. 

PrecxDosure  Conditions 

12.7  milliiiKter  diameter  button  head  fatigue  specimens  were  exposed  in  several  environments. 
Exposures  in  laboratory  air  were  performed  in  a  muffle  furnace.  Pre-exposures  in  molten  salt 
environments  were  peifoimed  by  locating  the  san^les  in  a  flowing  (S02+Ar+02)  environment 
with  a  resultant  oxygen  level  of  0.001  atmospheres.  These  samples  were  coated  with  a  Na2S04- 
MgS04  salt  solution  just  prior  to  the  pre-exposure.  Hot  salt  sensitization  comprised  on 
application  of  ASTM  D1 144  sea-salt  solution  on  the  test  bars  followed  by  a  649'C/ 1  hour 
exposure  in  an  air  furnace.  Vacuum  pre-exposures  were  conducted  by  douUe-bagging  the 
sattqrles  in  cp-titanium  foils  followed  by  annealing  in  a  vacuum  furnace  at  SxlO~vtotT  . 

Fatigue  Testing 


LCF  tests  were  perfotined  on  MTS  810  load  frames  in  strain  control  modes  per  ASTM  E-606. 
Strain  was  monitored  by  an  MTS  632.516.04  extensometer  attached  to  the  center  section  of  the 
bar.  The  button  heads  were  gripped  on  both  ends  using  specially  designed  spilt  collet  fixturing. 
Specimen  alignment  better  than  3%  at  maximum  load  was  achieved  using  this  arrangement.  All 
LCF  tests  repotted  in  this  paper  were  conducted  at  0.33  Hz.  frequency,  at  room  temperature 
(25'C)  at  a  R(strain)-nitio  of  0.05.  Tests  were  terminated  either  at  failure  or  at  >105  cycles 
(designated  as  run-out). 

Load  controlled  HCF  tests  were  conducted  on  MTS  810  load  frames  using  a  ftequerKy  of  10  Hz., 
and  an  R  (stress )-tatio=- 1 .0  at  25'C.  All  tests  were  tested  to  failure  or  to  run-out  (10^  cycles). 

Post-Test  Examination 

Selected  samples  were  examined  using  SEM  and  optical  microscopy  (OM)  techniques.  OM 
samites  were  generally  electroless  ni^el  plated  to  improve  edge  retention  during  mounting  and 
cross-sectional  metallogrqrhic  examination.  Cross-sections  were  made  such  that  die  optical 
section  intersected  the  initiation  site. 
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AiLPrewposuies  and  2S'C  LCF  Life  Debit 

‘  Hours,  exposure  to  laboratory  air  at  760‘C  resulted  in  a  significant  debit  in 
ufe(Figute  2).  Tests  on  samples  preexposed  under  identical  conditions,  but  in  vacuum,  did 
not  result  in  loss  of  LCF  life  when  compared  to  the  as-received,  unexposed  alloy.  These  results 
confirm  that  the  debit  in  LCF  life  is  attributable  to  the  exposure  to  the  environment. 
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Figure  2.  Effect  of  Air  Preexposure  on  2S'C  LCF  Life  of  Ti-2S-10-3-l.  Long 
Tune  Preexposures  at  <i49”C  and  S38°C,  as  well  as  Short  Time  Preexposures  at 
760  C  Result  in  a  10^  Cycles  Life  Debit  at  25’C.  Run  Out  Life  =  IXIO*  Cycles 


On  expo^re  to  high  teit^rature  air,  Ti-25-10-3-1  formed  a  brittle,  oxygen  rich/  alpha-2 
stabilized  wter  core,as  shown  in  Figure  3a .  Fatigue  crack  initiation  appeared  to  be  foim  the 
pteswee  of  w  outer  mantle  (3-5  microns  thick)  at  an  aligned  alpha-2  colony.  The  presence  of 
cracks  oidy  m  this  outer  mantle  belies  the  brittle  nature  of  the  mantle.  Cross-sectional  microscopy 
cloM  to  the  mitiation  site,  confirmed  the  presence  of  an  alpha-case  wherein  cracks  perpendicular 
to  the  stress  axial,  were  localized(  Figure  3b).  These  cracks  arc  microstructuie-independent. 

Molten  Salt  Pteexposuies  and  25’C  LCF  Life  Debit 

The  effects  of  molten  salt  pieexposure  on  room  temperature  LCF  life  were  dramatic.  These 
results  are  shown  in  Figure  4.  Preexposure  in  502^03  gaseous  environments  at  760'C  for  100 
hours  with  and  without  Sulfate-tearing  salts  on  the  surface  resulted  in  a  dramatic  reduction  in 
sttw^i.  Samples  tested  at  strain  range  =  0.784%  following  pteexposure,  failed  upon  loading 
The  breaking  stress  measured  was  significantly  lower  than  the  ultimate  tensile  strength  of  the 
unexposed  alloy  at  25'C  (570  MPa  compared  to  725  MPa). 

■^e  strength  reduction  attributable  to  the  presence  of  molten  salt  during  preexposure  was  greater 
than  the  corresponding  debit  in  the  absence  of  salt.  Sanqiles  that  were  pteexposed  in  the  SO2/SO3 
gas  mvttonment  but  widiout  any  applied  sulfate  salt  on  the  surface,  a  life  of  840  cycles  was 
recorded  at  strain  range  =0.665%,  compared  to  a  life  of  0-26  cycles  following  identical 
exposures,  but  whh  sulfate  salts  on  the  surface.  The  molten  salt  thus  tends  to  fui^r  increase  the 
level  of  attack  and  resulting  LCF  debit  life. 
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Kitiurt'  .V  Failure  Analysis  of  Sample  Preexposed  al  649’1'  for  95  Hours  in 
l.aboralory  Air,  and  Tested  at  25'C'  Under  LCF  Conditions  (a)  SEM  of 
Eraeture  Surface. (hi  Cross  Sectional  Optical  Microscopy  in  the  Vicinity  of  the 
Initiation  Site  Showinn  Surface  (’racks  Normal  to  the  Stress  Axis  and  a  10 
Microns  Thick  Alpha-('ase.  KrolTs  Etch.  Initiation  Site  Indicated  by  Arrow. 


090 


O) 

c  0  80 

a 
GC 

c 
'5 

w 

<n  0.70 

o 


0  60 


+  No  Exposure 

N  760  C/100  Hrs.A/acuum 

A  760  C/1 .3  Hrs./S02+Salt 

R=0.05,  0.33  Hz.,  25  C 

-1- 

A  760  C/10  Hrs./S02+Salt 

□  760  C/1 00  H  rs./S02  Gas 

■  + 

•  760  C/100  Hrs./S02+Salt 

n  M  A  "  + 

■  760  C/1.3  Hrs./Air 

■  ■ 

(1  □ 

Ti-25-10-3-1 

-  '  rf  iiiim  1  1  iiiiif;  t  »  mhw)  >  tthiih  '  '  '  " 

E 

-rr*Ti - -  1  ■  P»rir 

1  O'- 


1  0  ' 


10' 


1  O' 


1  o' 


1  O' 


10' 


Cycles  to  Failure 

Eijliire  4.  Effect  of  Molten  Salt  Preexposure  on  25'C  l.(T  Life  of  Ti-25- 10-3-1. 
Preexposures  Result  in  Significant  Debit  in  LCF  Life  (^>mpared  to  Unexposed 
Condition.  Run  Out  Life  =  1x10^  Cycles. 
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Figure  S  shows  features  similar  to  that  seen  in  air  exposed  samples:  a  brittle  outer  mantle.as  well 
as  the  presence  of  lateral  cracks  in  the  alpha-case.  This  sample  was  exposed  at  760‘C  for  1  hour. 
Increasing  preexpsoure  time  restilted  in  deeper  alpha  cases  and  a  further  debit  in  LCF  life. 


(a)  (b) 


Figure  5.  Failure  Analyses  of  Sample  Which  was  Preexposed  at  760  C  for  I 
Hour,  with  Salt  on  the  Surface,  and  Tested  at  25°C  Under  LCF  Conditions  (a) 
SEM  Fractography,  (b)  Cross  Sectional  OM  on  The  Vicinity  of  the  Origin  . 
Initiation  Site  Indicated  by  Arrow. 
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Hot  salt  preexposure  reduced  room  temperature  LCF  life  by  two  orders  of  magnitude  (Figiue  6). 
Microstructural  examination  revealed  that  the  high  susceptibility  to  hot  salt  attack  occurred  by 


Cycles  to  Failure 

Figure  6.  Effect  of  ASTM  Sea-Salt  Preexposure  on  25'C  LCF  Life  of  Ti-25-lfl- 
3-1.  Hot  Salt  Effects  Were  Severe  and  Exceed  Debits  Attributable  to  Exposure 
to  Hot  Air.  Run  Out  Life  =  1x10^  Cycles. 
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Unlike  under  LCF  conditions,  air  preexposures  resulted  in  little  change  in  10^  runout  stresses 
(Figure  8).  The  scatter  in  the  data  was  within  10^  cycles,  which  is  typical  to  engineering  alloys  in 
the  HCF  regime. 


Figure  7.  Cross  .Sectional  OM  of  Sample  Preexposed  Under  Hot  Salt 
Conditions  and  Tested  at  25X'  Under  LCF  Conditions.  AS'Polished  Structure. 
Initiation  Site  Indicated  by  Arrow.  Pitting  of  Sample  is  Detected. 


All  initiation  sites  were  at  the  sample  surface.  All  samples  were  characterized  by  a  single  initiation 
site.  As  shown  in  Figure  9,  the  initiation  sites  were  generally  associated  with  locaiior,s  where  a 
grain  boundary  containing  "feathery"  alpha'2  intersected  the  sample  surface. 


Cycles  to  Failure 


Figure  8.  Effect  of  Preexposure  in  Various  Environments  on  25^  HCF 
Behavior  of  Ti-25-10-3-1.  Preexposures  in  air  at  538°C,  649'C,  and  760'C  did 
nut  Cause  any  Significant  Loss  in  25^  HCF  Lives  Under  Conditions  that 
Resulted  in  I0'*-I05  Cycles  Life.  Run  Out  Stress  =  1x10*  Cycles  Life. 
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Hot  salt  preexposure  significantly  reduced  HCF  life  compared  to  baseline  unexposed  samples 
(Figure  8).  F^uie  analyses  of  the  sample  revealed  severe  attack  along  alpha-2A)eta  interface  and 
grain  boundaries  akin  to  that  seen  in  the  LCF  test  sample  shown  in  Figure  7. 


Discussion 

The  total  fatigue  life,  Nf,  of  a  smooth  sample  is  composed  of  two  constituents,  Ni,  the  number  of 
cycles  to  initiation  of  a  fatigue  crack,  and  Np,  the  number  of  cycles  required  to  propagate  the 
crack.  The  piimaiy  effect  of  preexposures,  m  air  or  other  aggressive  environments,  is  to  reduce 
N].  On  exposures  to  high  temperature  air.  Ti-2S- 10-3- 1  fomi^  a  brinle  alpha-case.  Increasing 
exposure  times  and/or  temperatures  resulted  in  deeper  alpha  cases  as  well  as  a  higher 
oxygen/nitrogen  content  within  the  alpha-case.  Th^  higher  interstitial  levels  decrease  the  strain 
tolerance  of  the  alpha-case.  The  deeper  alpha-case  peimits  the  initiation  of  deeper  cracks  during 
the  fatigue  tests,  depending  on  the  impost  strain  levels.  Hot  salt  attack  is  severe  and  produces  a 
notch-like  crack  at  microstnictural  features  that  are  surface  conneaed,  resulting  in  the  formation  of 
a  defect  zone  that  is  notched  and  can  reduce  life. 

LCF  Conditions 

Under  LCF  conditions,  the  mechanism  of  air-induced  debit  at  25*C  is  predicated  upon  the 
foimation  of  brittle,  deep  alpha-cases.  The  high  strain  levels  imposed  during  the  test  induce 
cracks  in  this  alpha-case,  probably  in  the  early  stages  of  the  LCF  test.  These  cracks  act  as  very 
effective  notches  for  the  subsequent  rapid  crack  propagation  stage.  The  reduced  LCF  lifes,  in  Ti- 
25- 1 0-3- 1 ,  are  thus  a  reflection  of  the  reduced  level  of  Ni.  Reduced  LCF  lives  following 
preexposures  in  molten  salt  environments  are  also  a  result  of  foimation  of  alpha-cases  at  the 
surface  of  the  specimen.  The  mechanisms  for  LCF  life  debit,  following  molten  salt  preexposures, 
are  thus  similar  to  that  discussed  for  the  air  preexposures. 


Hot  salt  attack  in  Ti-2S-10-3-l  was  severe.  The  attack  causes  significant  damage  to  the  samite 
surface  (foimation  of  pits)  so  as  to  embrittle  the  surface.  The  ensbrittled  layer,  and  the  severe 
notch  sensitivity  of  this  alloy,  results  in  the  dramatic  LCF  life  debit. 

HCP  Conditions 

The  formation  of  a  brittle  alpha-case  did  not  play  a  significant  role  m  defining  post  air-erqxisure 
HCF  life  at  23*C.  This  is  most  likely  a  result  of  die  low  total  strain  imposed  on  the  surface  duriitg 
HCF  testing.  Thus  the  strain-tidetance  of  the  alpha-case  was  not  exce^  in  the  test.  Ni  is  not 
reduced,  thus  Nt  is  not  severely  affected. 

Preexporores  in  hot  sah  environment  resulted  in  significant  reduction  in  HCF  life.  The  surface 
damage  increased  the  notch  sensitivity  of  the  sampte  locally,  resulting  in  a  reduced  life  when 
compiued  to  a  smooth,  damage-fiee  sam|de. 

Conclusions 

The  poor  oxidation  resistance  and  hot  salt  resistance  of  Ti-2S-10-3-l  play  a  major  role  in  defining 
the  extent  of  fatigue  life  debits  when  subsequently  tested  at  2S*C.  TIte  following  cotKlusions  are 
drawn  from  this  study: 

1 .  Two  decades  of  LCF  life  debits  were  measured  following  shon  time  preexposures  at  760*C, 
and  270  hours  preexposures  at  S38'C  in  air.  This  is  attributable  to  the  formation  of  brittle 
ripha-cases  on  the  sample  sitrface  during  preexposures,  and  the  poor  crack  gtowdi  behavior 
in  this  alloy.  The  alpha-cases  crack  due  to  tfieir  low  strain  ttderance,  thereby  reducing  N). 

2.  The  tower  total  strains  imposed  on  the  san^e  duriiig  a  HCP  test  results  in  no  crack  fiotmation 
in  these  alpha-cases  in  the  early  stages  of  the  fatigue  tests.  This  resulted  in  minimal  effect  of 
air  preexposures  on  2S*C  HCF  life. 

3.  Pre-exposures  in  molten  sulfate  environmerus  resulted  in  rliamatic  reductions  in  fatigue  life. 
Mechar^ms  of  fatigue  life  debit  were  similar  to  those  due  to  hot  air  pre-exposures. 

4.  A  short  time  preexposure  to  hot  salt,  without  an  externally  applied  creep  stress,  was  sufficient 

to  cause  severe  embrittlement  of  the  alloy  measured  as  a  dnnnatic  reduction  in  LCF  and  HCF 
life  at  25*C. 
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Absnact 

The  TisAl  based  alloy  Superalpha  2  has  been  deformed  in  compression  H  const  ^  itrain  rate, 
over  a  range  of  temperatures  and  strain  rates,  900°C  -  1050®C  an  XX)3s  '  -  0.035s- > 
respectively.  Derivation  of  the  values  of  activation  energy  of  deform.,  m  and  strain  rate 
sensitivity  have  shown  that  dynamic  recrystallisation  and  grain  boundary  sliding  have 
approximately  equal  roles,  and  metallographic  examination  of  the  forged  specimens  shows  that 
primary  02  break  up  during  deformation  is  also  a  significant  factor.  The  aforementioned  material 
values  have  also  been  used  in  a  constitutive  model  so  that  experimental  and  theoretical  flow 
curves  can  be  compared. 


Introduction 

The  development  of  intermetallic  materials  has  reached  the  stage  where  commercial  quantities 
are  available  for  process  development.  The  work  presented  in  this  paper  is  part  of  a  wider  study 
of  the  hot  deformation  behaviour  of  intermetallics  which  is  aimed  at  defining  production  routes 
fcM-  isothermally  forged  parts  using  process  modelling.  H3AI  based  alloys  are  seen  as  potentially 
useful  high  temperature  materials,  whilst  isothermal  forging  has  been  chosen  since  the  effects  of 
temperature  and  strain  rate,  and  their  effects  on  microstructure  and  properties,  can  be  rigorously 
examined. 
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The  alloy,  composition  Ti-2SAi-10Nb-3V-IMo,  used  in  this  investigation  was  supplied  by 
TIMET  as  forged  ISO  mm  diameter  billet  in  the  alpha-beta  condition.  Cylindrical  compression 
specimens  (IS  mm  dia.x26  mm)  were  machined  from  a  longitudinal  orientation,  and  coated  widi 
a  boro-silicate  glaze  to  prevent  oxidation  and  alpha  case  formation  during  deformation. 
Compression  tests  took  place  on  a  Zwick  1484  tensile  machine,  to  a  reduction  in  height  of  S0%, 
with  a  decreasing  crosshead  speed  to  provide  a  genuinely  constant  strain  rate.  Test  temperatures 
were  in  the  range  900®C  to  lOSO^C  and  strain  rates  3.0xI0-^s  *  to  3.SxI0'*s  *.  After 
deformation,  each  specimen  was  quenched  into  water,  and  then  sectioned,  ground  and  polished 
using  standard  metallographic  techniques.  Etching  was  done  by  immersion  in  an  aqueous 
solution  of  2%  HF  and  10%  HNO3  by  volume.  Micrographs  were  taken  using  a  JEOL  5200 
Scanning  Electron  Microscope  using  secondary  electron  imaging.  As  forged  grain  sizes  were 
revealed  by  exposure  of  polished  surfaces  to  air  at  SOO°C  for  IS  minutes.  A  comparative  series  of 
tests,  using  heat  treatments  alone  was  carried  out  at  1025°C  to  assess  the  effect  of  the  heat 
treatment  necessarily  included  in  the  hot  deformation. 


Results 

The  microstructure  from  the  as-received  billet  is  shown  in  figure  1.  The  microstmcture  consists 
of  primary  aj  particles  (marked  a)  in  a  transformed  beta  matrix.  The  original  beta  grain  size  was 
observed  to  be  of  the  order  of  2-3  mm.  In  this  respect,  superalpha  2  seems  to  be  similar  to  a 
forged  conventional  titanium  alloy. 


Figure  1.  Microstmcture  of  As  Received  Billet. 

True  stress-strain  curves  in  figure  2  were  produced  by  assuming  conservation  of  volume 
throughout  each  compression  test.  Arrhenius  plots  of  strain  rate  and  temperature  (figure  3)  give 
an  activation  energy  of  deformation  of  436.5  kJ  mol  ’.  A  log-log  plot  of  stress  versus 
temperature  compensated  strain  rate,  Z  (figure  4)  gives  a  strain  rate  sensitivity,  m,  of  0.268. 
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Figure  2.  True  Stress-Strain  Curves  for  Superalpha  2  at  Elevated  Temperatures. 
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Figure  3.  Strain  Rate  vs  Temperature  Figure  4.  Stress  vs  Temperature 

For  Constant  Stress  Levels.  Compensated  Strain  Rate. 

The  values  of  0  and  m  displayed  in  the  above  figures  were  obtained  for  the  steady  state 
condition  where  stress  becomes  constant  in  the  flow  curve.  The  actual  values  quoted  above  take 
into  account  an  "initial"  stress  associated  with  the  "starting"  microstructure. 

Forged  miciostnictures  for  T=950'’C  and  1025°C  and  e=3.5x10'2s'’  and  3.0xl0^s  '  are  shown 
in  figure  5  and  6.  These  show  that  as  temperature  increases  the  amounts  of  both  primary  and 
secondary  a2  panicles  decrease.  With  decreasing  strain  rate,  the  amount  of  secondary  a2 
decreases.  Microstructures  of  specimens  held  at  1025°C  (figure  7)  show  that  whilst  the  amount 
of  primary  02  remains  about  the  same,  there  is  vinually  no  secondary  az  at  all. 


20  microns 


a.  e=3.5xl0-2  s'.  b.  e=3.0x10-*  s'. 

Figure  5.  Microstructures  of  Forged  Superaipha-2  at  950‘’C. 
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Figure  6.  Microstructures  of  Forged  Superalpha  2  at  1025°C. 
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a.  T=1025'='C.  (£=3.5x10  2  s  '.)  b.  T=1025°C,  (£=3.0x10-''  s  '.) 

Figure  7.  Microstructures  of  Specimens  Held  at  I025°C  for  the  Equivalent  Time  of  Strain. 

Figure  8.  shows  the  forged  grain  size  from  the  conditions  1025°C,  3xl0-^s  '.  This  shows  a 
grain  size  of  the  order  of  a  few  millimetres,  and  is  typical  for  the  entire  temperaiure/strain  rate 
range.  This  indicates  that  the  forged  grain  size  is  independent  of  forging  conditions. 


Figure  8.  Typical  as  Forged  Grain  Size.  (T=1025°C,  £=3.0x10  2  s  '.) 


The  algorithm  used  to  describe  How  behaviour  has  been  developed  by  Bate  ( 1 ),  and  is  used  by 
lEPL  to  model  successfully  a  wide  range  of  metallic  materials. 

The  precise  nature  of  the  flow  curve  for  a  given  material  is  dependent  on  the  temperature  T  and 
strain  rate,  £.  It  is  convenient  to  combine  the  two  into  a  single  variable,  the  Zener-Holloman 
Parameter,  Z:- 
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Z  =  cexp[^]  (1) 

where  Q  is  the  activation  energy  of  deformation  and  R  is  the  universal  gas  constant 
The  flow  curve  also  depends  upon  the  microstructural  state.  Usually,  this  is  taken  to  be  grain 
size,  but  factors  such  as  dislocation  density,  second  phase  distribution  etc  are  involved. 
Therefore,  a  single  parameter  X,  is  used  to  cover  all  of  these  and  hence  direct  comparison 
between  X  and  any  one  microstructural  feature  is  precluded.  It  is  assumed  that  flow  stress  has  a 
linear  relationship  with  X.  Therefore,  the  equilibrium  stress  a,  at  any  point  during  the  test  may 
then  depend  on  Z  by  a  simple  power  law:- 

a=KXz'"  (2) 

where  K  is  a  constant  and  m  is  the  strain  rate  sensitivity. 

Since  equilibrium  stress  is  expected  to  depend  on  microstructure,  it  may  reasonably  be 
assumed  that  equilibrium  microstructute,  Xss  is  dependent  on  Z  only,  again  by  a  simple  power 
law:- 


0) 

where  Xg  is  a  constant  and  q  is  the  sensitivity  of  microstructure  to  Z. 

Figure  2  shows  that  stress  (and  presumably  microstructure)  tend  towards  a  steady  state  value 
with  increasing  strain,  most  likely  in  an  exponential  way. 

Hence:- 


and 


dX 

de  a 


(4) 


do  a„-g 
dc  P 


(5) 


where  Xj,  and  Oj,  are  the  steady  state  values  of  microstructure  and  stress  respectively,  and  a  and 
p  are  exponential  damping  factors. 


The  experimental  and  predicted  flow  curves  presented  in  figure  9  show  that  there  is  a 
reasonable  correlation  between  the  two,  indicating  that  the  algorithm  derived  above  can  outline 
the  deformation  of  superalpha  2. 
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b.  1025‘‘C,  0.003/s 


c.  1050°C,  0.01/s 


Figure  9.  Comparison  of  Experimental  (dotted)  and  Predicted  (solid)  Stress-Strain 
Curves. 


Discussion 

The  How  curves  in  figure  2  show  that  the  degree  of  flow  softening  decreases  with  increasing 
temperature  and  decreasing  strain  rate.  This  is  consistent  with  a  wide  variety  of  materials, 
including  conventional  titanium  alloys  (2)  and  nickel  base  superalloys  (3),  in  which  dynamic 
recrystallisation  plays  an  important  role  in  hot  deformation.  How  this  material  deforms  can  be 
understood  better  by  examining  various  material  constants  such  as  activation  energy  of 
deformation,  Q  and  strain  rate  sensitivity,  m.  From  the  results  in  figure  3,  an  activation  energy 
of  deformation  of  436.S  kJ  mol*'  was  calculated.  This  is  not  the  activation  of  any  one  process, 
and  must  be  analysed  by  comparing  with  other  values  obtained  by  different  methods.  From 
background  work  (4)  carried  out  for  this  investigation,  the  boundaries  of  the  a2-B2  phase  field, 
where  the  majority  of  the  forging  trials  took  place,  were  placed  at  937°C  and  1080°C.  From  this 
an  activation  energy  of  02  dissolution  in  the  B2  phase  of  606  kJ  mol'^was  calculated.  A  recent 
study  of  the  superplasticity  of  superalpha  2  shows  an  activation  energy  of  deformation  of  308 
kJ  mol  '  (5),  which  can  be  assumed  to  be  associated  with  a  grain  boundary  diffusion  process. 
This  value  is  aproximately  half  that  for  the  az  dissolution  in  the  B2  phase  which  is  assumed  to 
be  the  bulk  diffusion  activation  energy.  Since  the  activation  energy  of  bulk  diffusion  is  usually 
considered  to  be  twice  that  for  grain  boundary  diffusion  (7),  the  present  activation  energy 
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(436.3  kJ  mol  ')  of  deformation  was  initially  thought  to  be  the  result  of  roughly  equal 
proportions  of  bulk  diffusion  process  (dynamic  recrystallisation)  and  grain  boundary  sliding 
(superplastic  flow).  However,  closer  examination  of  the  strain  rate/temperatuie  plots  in  figure  3 
suggest  that  the  situation  may  be  mote  complex.  Values  of  activation  energy  were  calculated  by 
assuming  that  a  curve  of  Ine  against  \fT  would  give  a  straight  line,  using  standard  linear 
regression  techniques,  the  gradient  being  the  quantity  Q/R.  This  method  therefore  gives  an 
average  Q/R  covering  the  entire  temperature/strain  rate  matrix,  and  does  not  take  into  account 
that  Q/R  may  vary  according  to  the  forging  conditions.  From  figure  3,  it  can  then  be  seen  that 
there  are,  in  fact  two  gradients  or  Q/R  values  for  each  plot,  and  so  instead  of  dynamic 
recrystallisation  and  grain  boundary  sliding  taking  place  concurrently,  there  is  a  transition  point 
between  the  two. 

Strain  rate  sensitivity,  m,  was  calculated  to  be  0.268.  This  can  be  compared  to  values  greater 
than  0.3,  necessary  for  complete  superplastic  deformation,  and  around  0.1  for  both 
conventional  deformation  and  creep  based  processes  (8).  The  intermediate  value  of  m  calculated 
in  this  investigation  is  an  indication  that  no  single  deformation  process  is  operating,  but  rather  a 
combination  of  processes.  Combined  with  the  low  strain  rates  used  in  this  study,  it  suggests 
that  there  is  a  transition  between  a  superplastic-dynamic  recrystallisation  process  and  a  creep 
based  process. 

Examination  of  the  forged  microstructutes  (figures  5  and  6)  shows  that  as  temperature 
increases,  the  proportion  of  aa  in  the  microstructure  decreases,  as  would  be  expected.  A  more 
interesting  feature  is  liie  behaviour  of  the  secondary  az  with  decreasing  strain  rate.  An  overall 
decrease  indicates  that  at  lower  strain  rates,  secondary  a2  has  more  time  to  dissolve  and 
reprecipitate  on  the  larger  primary  a2  particles.  If  a  comparison  is  made  with  samples  that  have 
received  a  heat  treatment  alone  (figure  7)  it  can  be  seen  that  there  is  very  little,  if  any,  secondary 
02.  This  shows  that  02  breakup  is  possible  during  deformation,  and  hence  must  have  a 
significant  effect  upon  flow  properties.  Comparing  this  to  a  conventional  titanium  alloy  (2),  no 
break  up  of  the  analogous  alpha  phase  can  be  seen.  Therefore,  instead  of  the  softer  "beta"  phase 
deforming  around  the  harder  "alpha"  particles,  in  superalpha  2,  at  least  some  of  the  deformation 
is  localised  in  the  02  particles.  This  appears  to  be  consistent  with  the  recent  repon  (6)  that  when 
quenched  from  the  a2-B2  phase  field,  the  B2  phase  was  the  harder  phase. 

From  figure  8,  it  is  clear  that  the  02  phase  does  not  prevent  B2  grain  growth  in  this  alloy. 
Thus  the  short  time  required  to  remove  the  samples  from  the  testing  rig  was  sufficient  to  allow 
grain  growth  to  occur,  and  as  a  consequence  the  forged  grain  sizes  are  of  the  order  of  a  few 
millimetres,  indicating  that  the  B2  grain  size  cannot  be  controlled  easily  by  hot  working.  It  is 
possible  that  prior  working  lower  in  the  a2-B2  field  could  provide  some  control  due  to  the 
higher  di  volume  fraction,  but  this  is  not  likely. 
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The  modelling  of  the  flow  curves  using  the  algorithm  described  in  the  previous  section  would 
seem  to  describe  adequately  the  deformadon  of  superalpha  2  although  at  higher  temperatures 
and  lower  strain  rates  predicted  stresses  are  rather  higher  than  those  gained  experimentally.  This 
can  be  understood  by  the  fact  that  creep  becomes  more  important  at  higher  temperatures  and 
lower  strain  rates,  but  was  not  taken  into  account  in  the  nxxlel. 


Conclusions 

Hot  deformadon  of  superalpha  2  takes  place  via  a  combinadon  of  dynamic  recrystallisation, 
grain  boundary  sliding  and  primary  02  breakup.  At  higher  temperatures  and  lower  strain  rates, 
creep  plays  an  increasingly  important  role.  Rapid  grain  growth  immediately  after  forging  makes 
grain  size  control  difficult  in  superalpha  2. 
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ABSTRACT 

The  aim  of  this  programme  is  to  spray  form  Ti  Aluminides  free  from  porosity  and  interstitial 
contamination.  Initial  work  was  carried  out  by  atomising  IMI-318  (Ti-6-4)  and  Ti-aluminide 
alloys  to  assess  the  operation  of  the  cold-wall  induaion  bottom-pour  (CWIBP)  as  a  clean  melting 
system.  Ti-aluminide-based  alloys  have  been  sprayed  onto  flat  and  tubular  substrates.  The  IRC 
plasma  melting  system  at  The  University  of  Birmingham,  Edgbaston,  England,  was  used  to 
provide  ingot  feed  stock  for  the  spray  deposition  and  atomisation.  The  plasma  system,  used  for 
casting  ingots,  was  able  to  be  converted  for  atomisation  or  spray  deposition.  Spray  forming  was 
facilitated  by  the  use  of  a  scanning  or  centrifugal  atomiser.  The  operation  of  this  process  will  be 
discussed  and  the  effects  of  various  operating  parameters  on  the  spray  deposit  product  will  be 
presented.  The  chemistry,  microstructure,  homogeneity  and  macrostructure  of  the  as  sprayed 
material  has  been  examined. 


INTRODUCTION 

The  Ti  aluminides  form  a  technologically  important  group  of  intermetallic  compounds.  TiAl 
(y)  is  one  of  these  which  exhibits  great  promise  for  commercial  exploitation,  being  strong  at 
elevated  temperatures  while  also  exhibiting  superior  oxidation  resistance.  However,  the 
compound  is  brittle  at  ambient  temperatures  and  this  limits  its  application.  Possible  sources  of 
this  brittleness  include  compound  purity,  planarity  of  slip  and  the  nucleation  of  voids  at  the 
points  of  intersection  of  deformation  twins.  Some  attempts  have  been  made  to  improve  the  room 
temperature  ductility  by  alloying  additions,  the  introduction  of  a  dispersion  of  hard  second 
phases,  and  the  control  of  grain  size.  Consequently,  there  has  been  considerable  interest  in  the 
application  of  powder  metallurgy  (PM)  and  rapid  solidification  processing  (RSP)  to  the 
preparation  of  these  materials.  Research  has  been  focused  on  IM  route  by  isothermal  forging 
and  the  powder  metallurgy  (PM)  approach  through  powder  consolidation  via  HIP,  plasma 
spraying  and  mechanical  alloying.  Although,  there  has  been  considerable  success  in  the  IM  and 
PM  techniques,  they  have  proved  to  be  very  expensive'.  The  spray  forming  of  a  deposit  directly 
from  the  melt  offers  a  more  economical  process  to  produce  such  difficult  to  form  materials.  As 
will  be  shown,  deposits  of  Ti-aluminides  can  be  produced  directly  from  a  stream  of  molten  metal 
without  the  handling  problems  associated  with  the  P  M  route. 

Titanium  '92 
Scwnc*  and  TodmologY 
Edilod  by  F.H.  frooi  and  I.  Coplan 
Th*  M'narab,  Motob  &  Maloriab  SocMy,  1993 
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It  has  been  pointed  out  that  there  are  as  many  as  five  different  solid  phases  possible  for  an 
alloy  of  composition  Ti-S2AI  which  has  been  undercooled  ••200  K  below  the  equilibrium 
liquidus,  these  being  p  (bcc),  a  (hep),  and  the  intermetallic  compounds  y  (LIq),  B2,  and  02 
(D0i9)2,  It  is  known  that  when  processing  with  the  cold-wall  induction  bottom-pour  (CWIBP), 
described  below,  that  C  and  O2  can  be  introduced  into  the  powders.  Carbon  is  highly  insoluble 
in  TiAl,  and  the  compound  TiaAIC  may  precipitate  during  consolidation  and/or  heat-treatment  of 
the  powder^.  Part  of  the  investigation,  involving  the  powders  and  spray  deposits,  will  be  the 
examination  of  Ti-alloy  particles  before  and  after  heat  treatment  to  determine  the  extent  of  the  C 
contamination.  Oxygen  affects  the  beta  transus  temperature  of  these  alloys  and  adds  to  the 
material  inherent  brittleness. 

COLD-WALL  INDUCTION  BOTTOM-POUR  fCWlBP) 

The  CWIBP  system  includes  a  melt  chamber  capable  of  being  pressurised  to  170  kPa.  This 
allows  for  the  flexibility  to  ramp  an  overpressure  in  the  melt  chamber  to  account  for  the  change  in 
metalistatic  head  during  the  metal  pour.  A  controlled  overpressure  allows  for  a  constant  metal 
flow  rate  which  is  critical  in  producing  uniform  spray  deposits.  The  cold-wall  crucible  is  a 
segmented,  water-cooled,  induction  heated  device.  An  induction-heated  graphite  nozzle  at  the 
base  of  this  crucible  constricts  the  molten  metal  into  a  stream  for  atomisation  and  spray  forming. 


Figure  1 :  a)  CWIBP  crucible  installed  in  the  IRC  PACH  furnace,  b)  Schematic  of  the  CWIBP 


system. 

Plasma-arc  cold-hearth  (PACH)  melted  ingots  of  lMl-318  (Ti-6-4),  Ti-48A],  Ti-52A1,  Ti- 
48Al-2Nb-2Mn  and  Super-a2(Ti-25Al-10Nb-3V-lMo)  were  produced,  as  discussed  before^,  to 
provide  billet  material  for  subsequent  thermal  processing,  powder  production  and  consolidation 
and  spray-formed  deposits.  Powders  of  IMI-318  (Ti-6-4),  Ti-52A1  and  Super-a2  have  been 
produced  by  CWIBP.  The  Ti-aluminide  alloys,  Ti-48A1,  Ti-52AI,  Ti-48AI-2Nb-2Mn  and 
Super-a2  have  been  spray  formed  onto  sheet  and  tubes.  The  spray  system  utilises  the  same 
CWIBP  crucible  that  was  used  in  powder  production  to  provide  a  controlled,  molten  stream  of 
metal  to  a  scanning  atomiser  for  the  production  of  flat  or  drum  preforms  or  to  a  centrifugal 
atomiser  (CSD)  for  the  production  of  rings.  A  photograph  and  schematic  of  the  CWIPB  device 
is  shown  in  Figure  1(a)  and  (b).  The  operation  of  this  process  has  been  discussed  before*.  The 
effects  of  various  operating  parameters  on  the  spray  deposit  product  will  be  presented.  The 
chemistry,  homogeneity  and  microstructure  of  the  as  .sprayed  material  has  been  examined  and 
compared  with  material  made  through  both  the  PM  and  IM  routes.  The  plasma-melted,  as-cast 
and  heat-treated  microstructures  of  Ti  aluminides  have  been  described  elsewhere*'^. 

ATOK  'SATION 


Alloys  of  IMI-318  (Ti-6-4),  y-Ti  (Ti-52AI)  and  Super  as-Ti  were  atomised.  CWIBP 
served  as  the  melt  source  to  provide  molten  metal  to  the  atomisation  die  for  these  alloys.  Metal 


temperature  was  measured  using  an  IRCON,  two-colour  pyrometer.  Superheat  of  -  30°C  was 
obtained  when  melting  tMl-318  (Ti-6-4)  and  ■»  20“C  for  most  of  the  Ti-aluminides.  When  the 
charge  is  completely  melted,  the  nozzle  is  heated  and  molten  metal  begins  to  flow  when  the  metal 
directly  above  the  nozzle  melts.  Low  powder  yields,  due  to  nozzle  blow  back  and  stream 
instability,  were  experienced  during  these  early  runs  with  lots  of  3  to  6  kgs  being  produced  from 
2S  kg  charges  (6  to  8  kgs  retained  in  skull).  Metal  to  gas  flow  rates  of  about  1:1  were  planned. 
The  details  of  the  atomisation  system  has  been  described  in  detail  before^. 

Shown  in  Table  1  is  the  data  from  the  first  atomisation  runs.  Mean  particle  sizes  for  these 
runs  were  higher  than  expected.  Based  on  the  data  collected  from  these  runs,  it  was  found  that 
the  over  pressure  compensation  was  incorrect,  resulting  in  higher  than  expected  metal  flow  and 
therefore,  low  gas  to  metal  flow  rates  resulting  in  larger  powder  particle  size.  Nozzle  blockage 
by  metal  blow  back  was  a  main  contributor  to  low  yields.  It  is  anticipated  that  a  change  to  an 
lower  nozzle  angle  (<15°)  will  correct  the  blow  back  problem. 


Table  1.  Operating  conditions  from  the  initial  atomisation  runs. 


m 

ALLOY 

CHARGE 

WEIGHT 

SKULL 

WEIGHT 

GAS/MET 

RATIO* 

YIELD 

%*• 

I2I2SI 

nnaffti 

NOZZLE 

DIAMETER 

JET 

ANGLE 

IMI-3I8 

25  kgs 

8.1  kgs 

0.72 

5.3 

123  4m 

5.0  mu) 

7.5° 

IMl-318 

24  kgs 

7.9  kgs 

0.41 

2.0 

133  4m 

4.0  mm 

10° 

KH 

Ti-52A1 

14  kgs 

4.5  kgs 

0.86 

41.6 

158  pm 

5.0  mm 

15° 

Super-a2 

27  kgs 

7,2  kgs 

0.62 

9.3 

144  pm 

5.0  mm 

15° 

•Gas  /  Met  Ratio  *  kgs  min*^  Ar  Gas  ♦  kgs  min'^  Metal,  ••Yield  %  =  Total  weight  powder  <  250  pm  produced 
*«•  Weight  of  metal  poured  through  atomiser,  @Mcan  size  is  at  the  S0%  cumulative  weight  for  all  powders  <  250 
pm. 


lMI-318  m-6-4)  Powder 

The  powder  particles  shown  in  Figure  2(a)  are  representative  of  the  material  produced  by 
this  process.  Initial  chemistry  results  on  IMl-318,  Ti-52A1  and  Super-a2  powder  are  shown  in 
Table  2.  Analysis  was  performed  on  several  size  fractions  of  powder  with  the  larger  size 
fractions  consistently  having  less  C  and  O2  contamination.  Results  on  lMl-318  powders 
indicated  C  levels  from  0.06  to  0.08  wt.%,.  This  indicates  that  C  pickup  is  from  0.04  to  0.06 
wt.%,  with  65  nm  powder  about  an  0.06  wi.%  increase  and  150  ^m  powder  an  0.04  wt.% 
increase.  In  the  main,  the  increase  in  C  contamination  in  the  particles  is  most  likely  due  to 
graphite  nozzle  erosion.  Upon  examination  after  these  runs,  it  was  found  that  some  C-based 
insulating  material  broke-down  as  a  result  of  the  nozzle  blockage.  A  C-based  film  was 
discovered  coating  the  chamber  walls,  and  would  have  coated  the  powders  also.  This  would 
explain  why  the  65  um  particles  have  a  higher  concentration  of  C  than  the  150  nm  powder, 
owing  to  the  fact  that  smaller  particles  have  a  higher  surface  to  volume  ratio.  For  a  similar 
reason,  smaller  particle  have  higher  O2  levels  due  to  surface  oxides. 


Tabic  2:  Ti  Alloy  Powder  O2  and  C  Levels  from  the  initial  Atomisation  Runs  as  a  function  of  particle  size. 


RUN  « 

ALLOY 

45*90  4  m 
Oxyffcn  ppm 

125-180  pm 
Oxygen  ppm 

45-90  pm 
Carbon  wt% 

125-180  pm 
Carbon  wt% 

1 

IMl-318 

2900 

2600 

0.08 

0.06 

2 

4100 

2500 

0.08 

4 

Ti-52AI 

1050 

900 

HIHSESIHB 

■IKEIIHH 

5 

Supcr-a2 

1850 

1000 

1  0.09  1 

1  0.04  1 

A  TEM  micrograph  of  lMI-318,  -50  pm  powder.  Figure  2(b),  shows  a  martensitic 
structure,  common  in  rapidly  solidified  conventional  Ti  alloys.  It  was  noted  that  the 
microstructures  coarsen  progressively  from  the  surface  to  the  centre  of  the  particle.  This 
observation  agrees  with  the  radiation  cooling  model  presented  by  Sastry,  et.  al.^,  further 
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discussion  of  this  topic  is  outside  the  context  of  this  paper  and  will  be  presented  later.  The 
microstructure  was  devoid  of  second  phase  particles  (e.  g.,  TiC  present  in  Ti  alloys  contaminated 
by  C)  and  similar  to  other  reports  on  Ti  with  low  levels  of  C^.  This  is  to  be  expected,  since  the 
C  concentration  in  the  powder  was  less  than  the  solubility  limit  in  Ti. 


Figure  2:  a)  SEM  micrograph  of  IMI-318  powders  produced  by  CWIBP  gas  atomisation,  b) 
TEM  micrograph  showing  martensitic  microstructure  of  lMl-318  gas  atomised 
powder 

Ti-52A1  Powder 

The  Ti-52AI  powder,  which  was  the  best  atomisation  run  (41.6  %  yield),  contained  low  C 
(0.01  to  0.02  wt.%)  and  O2  (900  to  1050  ppm).  These  results  indicate  very  low  interstitial 
pickup  during  atomisation  (See  Table  2),  considering  that  the  billet  material  was  PACH  double- 
melted  with  blend  levels  at  600  ppm  O2  and  O.Olwt.%  C. 
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Figure  3:  a)  SEM  micrograph  of  Ti-52A1  as-atomised  powder,  b)  TEM  micrograph  of  Ti-52A1 
as-atomised  powder'9. 

Typical  microstructures  of  gas  atomised  powders  of  Ti-52AI  are  shown  in  figure  3(a)  and 
(b).  As  can  be  seen,  the  microstructure  is  dendritic,  with  the  dendrites  being  TisAl  and  the 
interdendritic  regions  being  TiAl.  These  two  phases  have  been  identified  by  microdiffraction  and 
X-ray  studies*'.  When  hot  isostatically  pressed  (HIP'd)  at  950^0  for  4  hours  under  a  pressure 
of  KM)  MPa,  the  dendritic  microstructure  transforms  to  equiaxed  grains  of  TiAl.  It  is  important 
to  note  that  the  microstructure  consists  of  only  one  phases,  namely  TiAl,  and  that  no  carbides  or 
nitrides,  such  as  Ti2Al(C  or  N)  or  TiC,  are  present. 

Super-alpha-2  powders 

The  super-a2  powders  had  slightly  higher  levels  of  O2  and  C  than  did  the  Ti-52AI  powder, 
as  shown  in  Table  2.  It  has  been  reported  that  O2  content  has  a  significant  effect  on  the  beta- 
transus  of  this  alloy'^,  therefore,  maintaining  low  O2  interstitial  content  is  very  important  when 
processing  this  alloy.  The  powder  produced  in  this  run  contained  higher  O2  levels  than  would 
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be  desired.  These  powders  were  most  likely  contaminated  due  to  a  burnt  o-ring  that  failed  due  to 
the  nozzle  blockage.  O2  levels  similar  to  the  Ti-52A1  or  better  should  be  attainable. 

A  TEM  micrograph  of  the  super-a2  powder.  Figure  4(a),  shows  APB's  indicating  an 
ordered  structure.  In  Figure  4(b),  a  SEM  micrograph  of  a  60  um  powder  cross-section  shows 
the  distribution  of  primary  02  precipitates  distributed  through  a  p  matrix.  These  observations  are 
similar  to  other  work  in  progress'^. 
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Figure  4:  a)  TEM  micrograph  of  super-a2  as-atomised  powder  particle  showing  APB's,  b) 
SEM  of  a  cross-section  of  a  60  um  as-atomised  super-a2  powder  particle. 


The  sprayforming  part  of  the  system  provided  by  Sprayforming  Developments  Limited 
(SDL),  Swansea,  U.  K.,  is  a  novel  three  in  one  system.  The  three  configurations  of  the  system, 
shown  in  figure  5,  allow  the  formation  of  Ti  spray  deposits  in  the  form  of  thick  sheet,  tubular- 
sprayed  on  outside  of  a  drum  and  tubular-sprayed  on  the  inside  of  a  mould.  The  first  two 
methods  use  a  pneumatic  scanner  coupled  with  a  gas  atomiser  to  spray  metal.  Spray  formed 
sheet  is  produced  by  moving  a  flat  substrate  under  the  spray  in  a  direction  perpendicular  to  the 
scanning  motion.  Tubular  shapes  are  formed  by  rotating  a  drum  under  the  spray  with  the 
rotational  direction  perpendicular  to  the  scanning  motion.  Spraying  inside  of  a  mould  is 
accomplished  by  centrifugal  .spray  deposition  (CSD).  CSD  consists  of  a  rotating  disk  which 
sprays  molten  metal  on  the  inside  of  a  mould.  The  mould  is  programmed  to  move  up  and  down 
as  the  spray  deposit  builds  up  on  the  inside  surface. 
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DRUM 

SHEET 

CSD 

Figure  5:  Photographs  of  the  spray  forming  systems,  sheet  and  tubes  are  formed  using  a 
scanning  atomiser  and  tubular  shapes  are  formed  from  Centrifugal  Spray  Deposition 
(CSD). 


The  first  spray-forming  operations  at  the  IRC  were  performed  using  Ti-aluminide  ingot 
material  (ISO  mm  diameter),  previously  double-plasma  melted,  .scanning  onto  a  rotating  drum 
preform.  Objectives  of  these  trials  were  to  establish  operating  parameters.  The  data  from  Ti- 
aluminide  spray -forming  experiments  (1  to  3)  are  shown  in  Table  3.  A  more  detailed  description 
of  the  spray  forming  operation  has  been  presented  elsewhere-’.  An  example  of  a  deposit  is  shown 

991 


in  figure  6(a),  this  preform  was  produced  during  run  #1,  scanning  Ti-48A1  onto  the  drum 
substrate,  shown  in  Figure  5. 


Table  3:  Data  from  the  first  three  spray-forming  experiments  using  the  200  mm  diameter  drum  substrate. 


B 


ALLOY 


T1-48A1 


Ti-48-2-2 


Ti-52A1 


CHARGE  SKULL  GAS/MET  AT/SC  DRUM  NOZZLE 
WEIGHT  WEIGHT  RATIO*  GAS**  SPEED  DIA. 


12  kgs  I  3.3  kgs  I  0.19  2.1 


5.6 


ItiuIJJI 


SUB. 

PRE-HT 


NONE 


200°C 


250“C 


16.3  kgs  II  kgs 


*  Gas  /  Met  Ratio  -  kgs  min'*  Ar  Gas  *  kgs  min'*  Metal,  **  AT/SC  Gas  >  Atomiser  Gas  Flow  (kgs  min'*)  + 
Scanner  Gas  Flow  (kgs  min'*) 
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Figure  6:  a)  Drum  deposit  of  Ti-48A1,  b)  CSD  deposit  of  Ti-52A1.  Note  the  variation  in  size 
and  surface  texture. 

The  optical  micrographs  shown  in  figure  7,  are  examples  of  the  microstructures  obtained  in 
Runs  #  2.  The  deposition  can  be  divided  into  three  regions.  The  first  is  a  splat  layer  where  the 
first  particles  run  together  on  the  surface  of  the  substrate  (Figures  7(a)).  Cooling  is  faster  in  this 
region,  resulting  in  high  porosity  and  evidence  of  many  surviving  particle  boundaries.  Region  II 
begins  as  this  layer  builds-up,  temperatures  increase  at  the  surface,  allowing  arriving  particles  to 
splatter  and  flow  together  before  solidifying  (Figures  7(b)).  In  region  II  the  optimum  spray 
conditions  are  obtained,  which  are  characterised  by  a  uniform  microstructure  and  low  porosity. 
The  transition  to  region  III  (Figures  7(c))  begins  when  the  metal  flow  rate  becomes  unsteady  and 
breaks-up  near  the  end  of  the  run.  Larger  particles,  at  a  wider  size  distribution,  are  sprayed 
during  this  time  as  the  spray  conditions  deteriorate. 


200  urn 


2IX)  urn 


Figure  7:  a)  Splat-Substrate  interface  from  Run  #2  Ti-48-2-2  showing  Region  I,  b)  Run  #2 
Region  II,  c)  Run  #2  -  Region  III. 
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Interstitial  chemistries  from  the  first  two  spray  forming  experiments  (Table  4)  were  similar 
to  those  obtained  from  ingot  material,  as  discussed  above.  O2  and  C  concentrations,  in  the 
spray-formed  deposits,  are  only  slightly  higher  than  in  the  double-melted  plasma  ingot  material. 


Table  4:  Inlerstilial  chemistry  Data  from  Spray-Furming  Runs  I  and  2. 


ALLOY 

DEPOSIT 

OVERSPRAY 

OVERSPRAY 

DEPOSIT 

DEPOSIT 

In 

THICKNESS 

OXYGEN 

CARBON 

OXYGEN 

CARBON 

I 

Ti-4«AI 

4  mm 

2 

Ti-48.2-2 

6  mm 

3400  oom 

1000  ppm 

lESirJiSIH 

Centrifugal  Spray  Deposition  fCSDI 

CSD  is  of  particular  interest  in  the  spray  forming  of  Ti  alloys,  since  it  can  be  operated  under 
vacuum  to  minimise  entrapped  gas  which  would  be  detrimental  for  these  alloys  in  rotating  parts. 
The  use  of  a  centrifugal  disk  to  atomise  and  distribute  particles  precludes  the  need  for  atomising 
and  scanning  gases.  As  of  the  present,  the  IRC  system  is  not  configured  to  operated  under 
vacuum,  but  could  be  modified  in  the  future.  The  experiments  that  have  been  run  using  CSD, 
indicate  that  higher  deposition  rates  than  with  gas  scanning  are  possible.  Also,  initial  results 
showed  that  the  porosities  are  much  lower  in  CSD  deposits  than  in  the  gas  scanned  material. 
The  substrate-deposit  interface  produced  by  CSD  is  superior  to  the  gas  scanned  devices,  as 
shown  in  Figure  6(b).  A  super-aj  alloy  was  sprayed  by  this  method  with  the  resultant 
microstructures  shown  in  Figure  8.  There  is  minimal  porosity  in  this  deposit,  and  the  grain 
structure  is  relatively  coarse  (compared  to  PM)  but  smaller  than  cast  material  and  more  uniform. 
The  grains  size  is  uniform  from  substrate  surface  to  free  surface  (Compare  Figure  8(a)  to  8(b)). 
Note  that  the  microstructure  is  devoid  of  porosity. 


Figure  8 


CSD  spray  formed  Super-a2.  a)  Micrograph  of  the  deposit  showing  the  substrate- 
surface  interface,  b)  Higher  magnification  from  the  same  area  as  (a)  showing  fine 
precipitates  of  primary  02,  c)  The  deposit  free  surface. 


Plate  Preform 

The  flat  preform  offers  a  source  of  thick  billet-like  material.  Tliis  configuration  is  also  the 
easiest  to  operate.  The  initial  experiment  using  the  plate  preform  consisted  of  spraying  Ti-48AI 
alloy.  The  scanning  conditions  were  such  that  a  deposit  of  about  2  cm  thick  was  built  up  on  the 
20  X  25  cm  plate,  with  little  oversprayed  deposit.  Metal  flow  rate  for  this  run  approached  a 
singular  value  (6  kgs/min)  due  to  improved  overpressure  controls.  The  plate  was  transversed 
under  the  spray  three  times  at  a  speed  of  -  40  cmysec.  The  microstructures  shown  in  Figure  9 
give  a  cross-sectional  view  from  near  the  centre  of  the  deposit.  The  deposit  has  three  dense  areas 
separated  by  bands  of  porosity.  The  porosity  is  present  at  the  interface  of  the  spray  passes.  One 
can  infer  from  this  that  a  singular  pass  or  faster  transverse  speed  may  improve  the  deposit 
density.  Mechanical  test  were  being  performed  at  the  time  of  this  writing. 


Figure  a)  Cross-section  from  the  Ti-48A1  sheet  deposit,  b)  The  substrate  deposit  interface,  c) 
Porosity  at  the  pass  interface,  d)  Bulk  microslructurc  showing  the  lamella  y  and  (o. 

CONCLUSIONS 

It  has  been  show  that  it  is  possible  to  spray  form  Ti-a!uminides  into  various  shapes  without 
compromising  the  alloy's  interstitial  content.  High  density  preforms  have  been  able  to  be 
produced.  Porosity  will  be  a  challenge  to  prevent  in  traditional  gas-scan  spray  forming  but  with 
CSD.  tiperating  under  a  vacuum,  a  totally  dense  material  may  be  achievable  after  thermo- 
mechanical  prticessing  (i.  e.,  HIP'ing).  Grain  size  refinement  has  been  shown  to  be  much  better 
than  IM.  Spray  forming  of  Ti-aluminides  presents  an  economical  alternative  to  PM  processing. 
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Abstract 

Foils  of  high  stiength-to-weight  ratio  materials,  such  as  titanium  aluminides,  may  be  useful  for 
high  temperature  structural  applications  in  composites  and  honeycomb  configurations. 
Pressing  of  foils  by  rolling  can  lead  to  different  microsmictuies  and  textures  depending  upon 
the  processing  method  used.  This  research  was  undertaken  to  study  the  effect  of  different 
rolling  and  heat  treatment  schedules  on  the  development  of  these  metallurgical  features,  and  to 
examine  the  resulting  strength  or  hardness.  A  hot  pack-rolling  procedure  has  been  developed, 
and  a  cold  rolling/annealing  process  has  been  optimized  for  maximum  allowable  rolling  strain 
between  annealing  steps.  Miciosinictuial  development  throujgh  various  stages  of  foil  processing 
has  been  investigated.  Hot  pack-rolling  produces  foils  with  highly  refined  microstructures 
(average  grain  size  1  pm).  C^ld  rolling,  on  the  other  hand,  produces  very  smooth,  uniformly 
thick  foils  with  little  oxygen  contamination.  Rolled  ftnls  typically  show  a  duplex  rolling  texture: 
( 1 120)<1010>  "prism",  and  ((XX)1)<1010>  "bas^".  While  the  strength  of  the  "prism"  texture 
is  highly  dependent  on  temperature,  manner  of  rolling,  and  initial  sheet  microstructure,  the 
"bas^"  texture  is  nearly  independent  of  these  factors.  Microhardncss  measurements  on  rolled 
foils  show  anisotropy  effects  due  to  crystallographic  texture. 


Introduction 

Cost-effective  sheet  or  foil  processing  methods  are  needed  for  utilization  of  Ti3Al  (02)  alloys  in 
advanced  aerospace  structural  applications.  The  02  phase  has  an  ordered  hexagonal  closed 
packed  structure,  DO19.  fbe  structure  is  characterized  by  limited  slip  systems,  super 
dislocations  and  near  absence  of  "c-t-a"  or  c/2  dislocation  activity  (1),  which  result  in  low 
ductility  of  Ti3Al  alloys.  Generally,  attempts  to  roll  sheets  can  cause  strain  localization  and 
cracking  in  these  alloys.  The  design  of  alloys  with  some  room-temperature  ductility  (2)  has 
centered  around  stabilizing  the  ductile  high  temperature  Ti  phase,  into  the  02  structure. 
Niobium  has  found  favor  as  a  p  stabilizer,  since  it  increases  the  non-b^  slip  activity  in  the  az 
phase  (3).  Niobium  also  enhances  oxidation  resistance  of  Ti3Al  (4)  which  is  important  in  hot 
processing  of  these  alloys.  The  alloy  Ti-24A1-1  INb  (at.%)  is  a  typical  az  alloy  composition 
developed  for  possible  high  temperature  applications  (S). 

Hot  pack-rolling  (6-7)  as  well  as  cold  rolling/annealing  (8)  processes  have  been  developed  for 
az  alloys,  and  production  of  thin  foils  with  good  surface  ffnish  is  a  commercial  reality. 
However,  little  effort  thus  far  has  been  spent  in  understanding  evolution  of  the  microstructure 
through  the  processing  steps  and  using  this  knowledge  to  manipulate  foil  microstructure 
through  changes  in  heat  treatment  and  thermomechanical  processing.  Further,  since 
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crystallographic  texture  in  h.c.p.  alloys  has  an  important  bearing  on  the  alloy  properties,  and 
since  the  same  has  not  been  examin^  in  detail  in  the  02  alloys,  it  was  also  an  object  of  this 
study  to  determine  texture  in  rolled  ai  foils. 

We  have  studied  such  a  hot  pack-rolling  process  and  a  cold  rolling/annealing  procedure  for 
producing  foils  of  Ti-24A1-1  INb  ^  0.2S  mm  in  thickness.  We  have  used  these  two  rolling 
procedures  to  produce  a  varie^  of  02  foils.  Miciostructural  evolution  through  various  stages  of 
foil  processing  has  been  studied.  The  texture  in  tolled  foils  was  examined  by  the  pole  flgure 
method.  Influence  of  miciostructural  features  on  mechanical  response  of  the  foils  has  also  been 
examined. 


Processing 

The  starting  02  stock  was  a  cast  and  hot  forged  plate  of  Ti-24A1-1  INb  produced  by  TIMET. 
The  p-transus  temperature  for  this  alloy  is  reported  to  be  1 125®C  (9).  This  high  value  of  P 
transus  is  consistent  wth  an  oxygen  content  of  840  ppm  in  our  alloy.  A  schematic  of  the 
processing  steps  involved  in  reducing  the  initial  10  mm  thick  plate  to  .25  mm  thick  foil  is  shown 
in  Figure  1 . 

Forging.  Sections  cut  from  the  initial  ai  plate  were  upset  f^ged  in  high  purity  argon  to  a  4  mm 
thick  pancake  form.  Two  different  forging  temperatures  were  chosen:  1 130°C  (>  P  transus)  to 
obtain  a  "p-forged"  microstructure,  and  1060°C  (<  p  nransus)  to  obtain  an  "(02  +  P)-forged" 
microstructure.  Thickness  reduction  in  forging  was  50-60%. 

Pack  for  Hot  Rolling.  An  evacuated  hot-rolling  pack,  develtqied  specifically  for  this  smdy,  was 
used  to  hot  roll  the  forged  02  fmaikes.  The  pack  was  designed  with  the  following  objectives  in 
mind:  a)  near  isothermal  rolling  of  the  workpiece,  b)  an  oxygen  and  nitrogen  free  rolling 
environment,  c)  a  good  surface  finish  of  the  lollnl  product,  d)  easy  separation  of  the  workpiece 
from  the  pack,  and  e)  a  75-80%  reduction  of  the  workpiece  without  failure  of  the  outer  envelope 
of  the  pack.  The  maximum  thickness  reduction  attainable  with  the  pack  rolling  procedure  is 
limited  only  by  the  integrity  of  the  vacuum  envelope  of  the  pack.  The  key  to  achieving  a  high 
level  of  rolling  reduction,  without  failure  of  the  outer  envelope,  is  a  differential  thickness 
reduction  between  the  worlqpiece  and  the  envelope  as  shown  in  Table  I. 


Table  1.  Thickness  Reductions  in  a  Typical  02  Hot  Rolling  Pack 


Layer 

Thickness  (mm) 

Before  After 

Reduction  % 

02  Workpiece 

3.91 

1.02 

74 

Protective  Layers  ♦ 

1.58 

0.36 

77 

Outer  Envelope  ^ 

1.06 

0.86 

19 

Total 

6.55 

2.24 

66 

♦  304  SS  with  Nb  foil,  grafoil,  and  Y2O3  coating 
t  304  SS 


Sheet  Forming  bv  Pack  Rolling.  Forged  02  pancakes,  contained  in  the  evacuated  pack,  were 
preheated  to  985°C  and  rolled  in  a  two-high  mill  with  10-12%  reduction  per  pass  and 
intermediate  reheating  between  passes.  The  rolling  temperature  was  estimated  (7)  as  950°C. 
After  75-80%  thickness  reduction  of  the  workpiece,  the  packs  were  cut  open  to  recover  the 
workpiece.  Both  "P-forged"  and  the  "02  +  P-foiged"  materials  were  processed  to  obtain  1  mm 
thick  sheets,  which  served  as  the  starting  stock  for  foil  rolling  as  described  below. 

Hot  Pack-rolling  to  Foil  Gauge.  To  hot  roll  the  1  mm  thick  sheets  to  foil  gauge,  sections  were 
cut  from  both  the  "P-forged"  and  the  "02  +  P-forged"  sheet  stocks,  re-packed,  and  hot  rolled 
using  the  procedure  described  in  the  previous  section.  Typically,  a  thickness  nwiuction  of  75- 
80%  was  needed  to  produce  a  0.20  -  0.25  mm  thick  foil. 
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Cold  Rolling  to  Foil  Gaupe.  To  cold  roll  the  1  mm  thick  sheets  to  foil  gauge,  a  cold 
rolling/annealing  process  was  developed  with  the  objective  to:  1)  introduce  maximum  possible 
amount  of  cold  work  prior  to  annealing,  and  2)  obtain  maximum  softening  prior  to  introducing 
further  reduction. 


Initial  cold  rolling  experiments  were  used  to  investigate  the  microstructure  and  the  process 
variables  that  limit  the  rollability  of  foils.  These  experiments  were  conducted  on  an  a2  P 
processed  stock.  Coupons,  10  x  20  mm^  in  size,  cut  from  this  sheet  were  vacuum  sealed  in 
quartz  capsules,  annealed  at  900-1  lOO^C  for  2  hr  and  then  water  quenched.  The  annealed 
coupons  were  cold  rolled  in  small  reduction  increments  (1-2%  per  pass)  till  they  developed 
cracks.  Figure  2  shows  the  possible  net  rolling  reduction  prior  to  cracking  as  a  function  of  the 
annealing  temperature.  The  plot  shows  a  maximum  cold-rolling  reduction  of  38%  at  1000°C.  It 
was  concluded  that  a  heat  treatment  of  1(X)0°C  for  2  hr  followed  by  water  quenching  provides  an 
optimum  microstructure  for  cold  rolling  of  the  a2  sheet. 

The  intermediate  annealing  treatment  was  designed  to  relieve  accumulated  cold  woric^  strain 
and  restore  sheet  ductility,  before  introducing  further  reduction.  A  temperature  of  90(rC  was 
considered  suitable  for  this  purpose  because  of  the  risk  of  altering  the  optimum  microstructure 
at  temperatures  greater  than  900°C,  and  to  keep  the  temperature  high  enough  in  order  to  restore 
sheet  ductility  in  a  reasonable  time.  Coupons  cut  from  an  02  p  processed  stock  were  cold 
rolled  with  8%  reduction,  annealed  at  900°C  in  vacuum  sealed  quartz  capsules  for  lO-SO  nninutes 
and  air  cooled.  Knoop  hardness  measurements  were  made  on  the  annealed  coupons,  and  the 
data  is  plotted  as  a  function  of  the  annealing  time  in  Figure  3.  The  plot  shows  that  the  hardness 
of  a  cold  rolled  02  sheet  can  be  fully  recovered  by  annealing  at  OOG^C  for  30  minutes  or  more. 
This  treatment  should  be  adequate  to  restore  ductility  of  cold  rolled  sheets  as  well. 


Based  on  these  initial  experiments,  the  following  procedure  evolved  for  cold  rolling  of  02  foils: 

Step  1 :  Microstructure  optimization  -  Anne^  at  1000®CV2  hr/WQ 

Step  2:  Ck)ld  roll  with  25%  reduction 

Step  3:  Strain  relieving  -  Anneal  at  9O0°C/.5  hr/WQ 

Step  4;  Ctold  roll  with  25%  reduction 

Step  5:  Repeat  steps  3  and  4,  as  needed. 


Initial  02  Plate 
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Figure  I  -  Scbemilic  of  foil  proceuing. 


Figure  2  -  Net  cold  rolling  leducnon,  prior  10 
cricking  of  iniKtled  sheets,  anneiled  for  2  hr 
and  followed  by  water  quenching. 
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Figure  3  -  Drop  in  Knoop  hardness  with  time  of 
annealing  in  coU  tolled  shwt,  annealed  at  900°C. 


The  Ti-24A1-1  INb  alloy  contains  a  mixture  of  two  phases;  the  ordered  02  phase,  based  on 
Ti3Al,  and  a  high  temperature  phase  stabilized  by  niobium  (2).  Microstmctuie  manipulation 
in  Ti-24A1-1  INb,  as  in  other  titanium  alloys,  centers  around  the  P  -»  a  transformation.  The 
transformation  can  occur  martensidcally  or  by  nucleation  and  growth.  The  microstructure  is 
further  complicated  by  ordering  of  the  3  phase  to  po,  a  B2  structure  (10),  and  by  phase 
separation  in  the  02  phase  (1 1). 

"B-foreed"  Material 

Forged  Pancake.  Figure  4a  shows  the  microstructure  of  a  pancake  forged  at  1 1 30°C,  with  60% 
reduction,  followed  by  furnace  cooling.  This  shows  a  colony  microstmeture  with  very  large 
prior-P  grain  size  of  ISO- 300  |tm. 

Hot  Rolled  Sheet  The  forged  pancake  was  hot  pack-rolled  with  77%  reduction  to  form  a  sheet 
Microstructure  of  the  hot-rolled  sheet  in  Figure  4b,  shows  severe  bending  of  laths  of  the  colony 
structure.  The  laths  tend  to  align  parallel  to  the  rolling  plane  and  are  thinned  out  in  the  sheet 
thickness  direction.  This  results  in  a  fine  microstructure  in  the  LS  and  TS  planes.  Furtheimore, 
the  po  laths  show  a  tendency  to  break  down  into  fine  equiaxed  po  grains. 

Unidirectionallv  Hot  Rolled  Foil.  A  section  of  the  hot  rolled  sheet  was  re-packed  and  further 
hot  rolled  with  80%  reduction,  to  a  0.22  mm  thick  foil.  The  foil  microstructure,  in  Figure  4c, 
shows  highly  refined  Bo  and  02  grains  in  the  prior  lamellar  regions  and  heavy  flattening  of  the 
isolated  primary  02  grains.  This  gives  a  near  homogeneous  microstructuie  comprised  of  very 
fine  1  itm)  po  panicles  dispersed  in  an  02  matrix. 

"07  +  B-forged"  Material 

Forged  Pancake.  Figure  Sa  shows  the  microstructure  of  a  plate  section  forged  at  1060°C  with 
S0%  reduction,  followed  by  furnace  cooling.  The  microstmeture  largely  consists  of  equiaxed 
primary  02  grains,  S-10  ^m  in  size,  with  small  regions  of  Bo  phase  located  at  grain-boundary 
triple  points. 

Hot  Rolled  Sheet.  The  forged  plate  was  hot  pack-rolled  with  77%  reduction.  Microstmeture  of 
the  hot-rolled  sheet,  in  Figure  Sb,  shows  pancake- shaped  02  grains  flattened  along  the  shon 
transverse  direction.  The  surrounding  Bo  phase  region  shows  develr  ^ment  of  a  fine  (1-2  )un) 
equiaxed  grain  stmeture. 

Hot  Unidirectionallv  Rolled  Foil.  A  section  of  the  hot-rolled  sheet  was  re-packed  and  further 
hot  rolled  with  7S%  reduction  to  give  a  .25  mm  thick  foil.  The  foil  microstmeture  in  Figure  Sc, 
in  as-quenched  condition,  shows  further  gran  refinement  and  loss  of  continuity  in  the  p  rruitrix 
region.  There  was  not  a  significant  difference  between  as-rolled  and  as-quenched  foil 
microstmetures. 

Cold  Unidirectionallv  Rolled  Foil.  Figure  6  shows  a  0.28  mm  thick  cold  rolled  (net  reduction 
65%)  foil,  produced  from  a  "B-forged"  sheet  stock,  using  the  cold  rolling/annealing  procedure 
described  earlier.  The  foil  has  very  smooth  surfaces  and  a  uniform  thickness.  The  foil 
microstmeture  in  Figure  7  shows  highly  flattened  primary  02  grains  along  with  agglomerates  of 
small  equiaxed  Bo  grains. 


Grain  Size 

The  change  in  the  average  grain  size  with  these  processing  steps  is  plotted  ii.  Rgure  8.  In  "B- 
forged"  material,  the  lamellar  transfmmed-B  stmeture  breaks  down  by  hot  rolling  to  pve  a 
highly  refined  equiaxed  microstmeture  at  the  foil  level.  In  ”02  +  B-forged"  nuterial,  the  primary 
02  grains  hardly  show  any  refinement  due  to  rolling,  and  the  large  primary  02  volume  fiaction 
keeps  the  average  grain  size  relatively  large  throughout  foil  processing. 


Figure  5  -  Microstniclures  of  (a)  "02  P-forged”  pancake  (T  =  1060°C;  reduction  =  50%; 
furnace  cooled),  (b)  hot-rolled  sheet  from  the  "02  +  P-forged"  stock,  (c)  unidirectionally  hot- 
rolled  foil,  0-25  mm  thick,  from  the  "02  +  P-forged”  stock. 


Figure  6  -  Cross-section  of  0.28  mm  Figure  7  -  Microstructure  of  0.28  mm 
thick  unidirectionally  cold-rolled  foil  thick  unidirectionally  cold-rolled  foil  from 
from  "P-forged”  sheet  stock.  "P-forged"  sheet  stock. 


Texmre 

Crystallographic  texture  in  rolled  foils  was  recorded  by  the  X-ray  pole  figure  method.  Pole 
figures  were  recotded  for  four  important  crystallographic  directions  of  the  hexagonal  02  lattice. 
Figure  9  shows  pole  figures  recorded  from  a  "p-forged"  hot-rolled  foil.  The  foil  is  highly 
textured,  with  <1 120>  poles  concentrated,  12  times  the  random  strength,  along  the  foil  thicbiess 
direction  (Figure  9a),  and  <1010>  poles  concentrated  at  an  inclination  of  30°  from  the  foil 
thickness  direction,  towards  the  rolling  direction  (Figure  9b).  Based  on  these  two  pole  figures, 
the  rolling  texture  can  be  idealized  as  ( 1120)<1010>  "prism"  texture,  and  the  same  is  depicted 
by  a  hexagonal  unit-cell  in  Figure  10a.  The  <1 121  >  pole  distribution  in  Figure  9c  is  lygely 
consistent  with  the  "prism"  texture.  However,  the  <0001>  pole  distribution  in  Figure  9d  is  not 
consistent  with  the  "prism"  texture  and  thus  represents  an  independent  "basal"  texture  in  the  foil. 
In  Figure  9c,  out  of  the  four  high  intensity  locations  of  the  <1 121>  (roles,  the  two  lower  strength 
(roints,  placed  on  the  longitu^nal  direction,  are  not  consistent  with  the  "|>rism"  texture.  If, 
however,  they  are  attributed  to  the  "basal"  texture  represented  by  Figure  the  latter  can  be 
completely  described  as  (0001)<1120>  rolling  texture,  and  the  same  is  depicted  by  the 
hexagonal  unit-cell  in  Figure  lOb.  This  duplex  "(irism"  +  "basal"  rolling  texture  is  typical  of  all 
the  rolled  foils  studied.  Texture  indices  for  various  rolled  foils  are  compared  in  Table  11. 

Table  II.  Texture  Index  of  Rolled  Ti-24A1- 1 1  Nb  Foils 


ThicknMS, 


Microhaidness 

Table  III  gives  Knoop  baldness  values  measured  on  the  rolled  foils.  The  foils  show  significant 
anisotropy,  with  the  through-thickness  direction  being  the  strongest  and  the  rolling  direction 
being  the  weakest.  The  cross  rolled  foil  (with  alternate  rolling  passes  at  tight  angles  to  each 
other)  shows  the  highest  through-thickness  strength  of  all  the  foils. 

Table  ID.  Knoop  Hardness  (kgAnm^)  of  Rolled  'n-24AI-l  INb  Fcnls 


P  /  Hot  Unidirectionally  Rolled 
a2  -t-  P  /  Hot  Unidirectionally  Rolled 
ai  -f  B  /  Hot  Cross  Rolled 


Conclusions 

1.  Hot  pack-rolling  and  cold  rolling/annealing  procedures  for  processing  foils  of  Ti-24A1- 
1  INb  alloy  have  been  developed  and  studied. 

2.  Foil  microstnicture  depends  on  the  pre-rolling  microstructiire  of  the  02  stock  used.  Hot 
rolled  foils  processed  from  "B-forged*'  sheet  stuck,  have  highly  refined  and  equiaxed 
microstnictures  (average  grain  size  1  ^m).  Hiis  highly  refined  structure  results  from 
breaking  down  of  the  lamella  of  the  "Morg^”  structure  during  hot  rolling  while  hot  or  cold 
rolled  foils  processed  from  "02  +  p-forged"  sheet  stock  exhibit  relatively  coarse  foil 
microstructures  (average  grain  size  2-3  pm). 

3.  Rolled  foils  typically  show  a  duplex  rolling  texture  comprising  a  "prism”  component, 
|1120)<1010>,  and  a  "basal"  component,  (0001)<1120>.  ute  strength  of  "prism" 
component  varies  with  temperature,  manner  of  rolling,  and  the  initial  sheet  microstructure 
while  the  strength  of  "basal"  texture  is  practically  constant. 

4.  Rolled  foils  show  significant  anisotropy,  with  through  thickness  direction  being  the 
strongest  and  transverse  direction  being  ^e  weakest.  Ooss  rolled  foil  shows  highest 
through-thickness  strength  of  all  the  foils. 


The  authors  wish  to  thank  Texas  Instruments  for  the  flnancial  support,  and  CM  Allison  Gas 
Turbine  for  providing  Ti-24A1-1  INb  material. 
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In  the  drive  for  lighter  weight  gas  turbine  engines  operating  at  higher  temperatures 
the  titanium  aluminides,  TijAl  and  TiAl,  are  being  considered  as  potential  replacement 
materials  for  nickel  superalloys  and  conventional  titanium  alloys.  However,  the 
stoichiometric  alloys  are  brittle  at  ambient  temperature  and  therefore  alloying  with  these 
intermetallic  materials  is  being  studied  in  order  to  improve  this  lack  of  ductility. 

Alloys  based  on  the  Ti-Al-Nb  (oj)  based  system  are  currently  being  developed  at 
the  DRA.  An  important  alloying  addition  to  these  alloys  is  that  of  silicon.  Results  are 
presented  which  demonstrate  the  importance  of  silicon  to  the  development  of  good 
mechanical  properties,  particularly  ambient  temperature  ductility  and  elevated  temperature 
creep  rupture  life.  An  optimum  silicon  content  has  been  found,  above  which  the  ductility 
is  reduc^  markedly. 

These  results  will  be  discussed  with  reference  to  the  influence  of  silicon  on 
microstructuial  development  and  phase  chemistry  in  the  Ti-Al-Nb  system,  where  silicon 
modifies  the  partitioning  between  the  and  Oj  phases,  and  alters  the  stability  of  the  0 
phase  with  respect  to  martensitic  transformation  on  quenching.  The  02  phase  in  the  alloy 
with  optimum  silicon  content  can  be  accurately  represented  by  (Ti-HNb)3(Al+Si). 


Tltaniom  '92 
$d«nc«  ond  T*cHnoto^ 

Edited  by  E.H.  froM  and  I.  Loplon 
Th«  Minerols,  M«tob  &  Moteriois  Soctefy,  1 993 

1,003 


Experimental 

A  series  of  quaternary  alloys  based  on  the  ternary  composition  Ti-20Al-llNb 
(atomic%),  in  which  silicon  has  been  substituted  for  titanium  at  levels  up  to  l.Sat%,  has 
been  examined.  Each  alloy  was  prepared  commercially,  and  then  forged  in  air  (in  the  Oj 
+  P  phase  field)  by  DRA  into  approximately  2(X)g  blocks. 

Samples  of  each  alloy  were  then  vacuum  heat  treated  in  the  single  phase  field  at 
IISO^C  for  Ihr  and  argon  quenched.  An  ageing  treatment  at  62S‘‘C  for  2hrs  was  then 
applied,  again  followed  by  an  argon  quench,  llie  cooling  rate,  an  estimated  SOK.sec', 
was  equivident  to  the  rate  achieved  by  a  conventional  air  cooling  method.  D.S.C  was  used 
on  samples  of  each  alloy  to  ascertain  the  temperatures  of  the  phase  transformations  which 
occur  in  the  system.  Tensile  specimens  of  each  alloy  in  this  heat  treated  condition  were 
produced,  and  room  temperature  ductility  and  tensile  strength  measured.  Small  sections  of 
each  alloy  were  subsequently  aged  at  lOSO'C  for  168hrs  in  an  argon  atmosphere,  and 
water  quenched  in  order  to  examine  the  equilibrium  phase  compositions. 


Samples  of  each  alloy  in  the  62S°C  aged  condition  were  examined  after  polishing 
and  etching  in  Kroll's  reagent,  and  compared  with  the  microstructure  of  the  base  Ti-20A1- 
llNb  alloy.  As  can  be  seen  in  Fig  la,  the  structure  consists  of  a  network  of  platelets 
embedded  in  a  small  fraction  of  retained  0^  matrix.  The  prior  i8„  grain  boundaries  are 
marked  by  a  continuous  film  of  oj.  This  microstructure  is  apparently  unaffected  by 
additions  of  silicon  of  up  to  0.9at%  (figs  lb  and  c).  There  is,  however,  a  marked  change 
in  samples  with  a  composition  containing  greater  than  approximately  1.0at%  Si  (fig  Id). 
At  this  level,  the  microstructure  is  noticeaWy  coarsened,  though  the  basic  morphology  of 
platelets  in  a  matrix  of  a  second  phase  remains.  However,  the  prior  grain  boundaries, 
differ  in  that  they  do  not  appear  clearly  delineated,  having  platelets  apparently  crossing 
them  in  large  numbers,  and  do  not  have  the  02  decorating  them. 


TEM  and  X-ray  confirm  identification  of  a,  -t-  in  low  Si  alloys.  However,  in  high 
Si  alloys,  the  0^  is  replaced  by  an  orthorhombic  phase  (O  phase),  which  is  similar  to  that 
first  reported  by  Banerjee  et  al">  with  lattice  parameters  of  a=585pm,  b=975pm  and 
c=466pm.  As  can  be  seen  in  Table  I,  the  b  lattice  parameter  in  the  orthorhombic  phase  is 
noticeably  distorted  from  that  of  the  phase  ( if  is  indexed  as  an  orthorhombic  structure, 
then  the  b  parameter  would  be  1003pm).  This  distortion  is  greater  than  that  which  has  been 
reported  in  most  other  orthorhombic  structures  of  similar  composition<^-^>,  which  is  probably 
explained  by  the  effect  of  the  silicon  atom  diameter  being  smaller  than  that  of  aluminium  . 

Table  I.  Lattice  parameters  of  alloys  (in  pm) 


Si  Content 

a 

c 

a 

o 

a 

b 

c 

0 

579 

466 

326 

- 

- 

* 

0.5 

579 

465 

326 

- 

- 

0.9 

579 

465 

326 

- 

- 

- 

1.2 

579 

465 

- 

585 

975 

466 

1.5 

579 

465 

* 

585 

975 

466 

Thin  foil  X-ray  EDS  analysis  (on  a  JEOL  20(X)FX)  of  the  two  different  structures 
(Table  II),  shows  that  the  chemical  composition  of  the  and  O  phases  are  very  similar. 
Examination  of  the  phase  transformations  using  D.S.C  techniques  indicates  that  the  O  phase 
is  stable  at  temperatures  of  up  to  approximately  1()(X)°C.  Figure  2,  shows  the  transformation 
of  O  ->  00  on  heating  using  D.S.C.  in  Ti-20A1-1  lNb-1.2Si,  in  the  625°C  aged  condition. 
A  trace  produced  by  similarly  aged  Ti-20A1-1  INb-0.5Si,  is  included  for  comparison. 
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Fig  2.  D.S.C.  Curve  for  alloys  in  aged  condition  healed  at  30°C/min. 


When  the  silicon  level  is  raised  further  still  ('1.2at%Si),  a  phase  based  on  a 
composition  of  (Ti-t-Nb)dSi  +  AI)j  is  produced.  Most  of  this  forms  by  precipitation  during 
the  heat  treatment  at  I  l.S0"C.  though  in  the  1.5%  Si  alloy,  there  is  evidence  that  some  of  the 
silicide  is  in  the  form  of  a  eutectic  structure,  indicating  its  formation  in  the  initial 
solidification  process.  In  the  llSO^C/lhr  -t-  625°C/2hrs  heat  treated  condition,  the  ductility 
of  the  base  alloy  is  improved  markedly  when  the  silicon  level  is  raised  to  the  1.0  at%  level. 
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Table  II.  Phase  Composition  of  Alloys 


Alloy  Structure  Composition  (atomic  %) 

Ti  A1  Nb  Si 


Ti-20Al-llNb-0.9Si 

<*2 

67.6 

21.1 

10.3 

1.0 

66.0 

11.1 

22.1 

0.0 

Ti-20Al-llNb-1.2Si 

“2 

66.6 

21.5 

10.2 

1.7 

O 

67.6 

11.7 

21.8 

0.4 

This  can  be  attributed  to  the  strengthening  of  the  prior  grain  boundaries  due  to  the 
removal  of  the  film  of  brittle  Oj  structure,  which  in  lower  silicon  level  alloys  is  a  marked 
feature.  The  role  of  O  phase  in  its  own  right  has  not  yet  been  determined,  but  may  further 
contribute  to  the  ductility.  As  can  be  seen  in  Figure  3,  this  is  achieved  with  only  a  small 
reduction  in  tensile  strength  relative  to  that  achieved  at  the  0.5at%  silicon  level.  It  is  likely 
that  the  coarser  microstructure  found  in  this  alloy  is  a  contributing  factor  to  this  drop  in 
strength.  It  is  also  possible  that  the  presence  of  O  is  also  influences  the  observed  strength. 
However,  as  the  silicon  level  is  increased  further,  the  ductility  drops  off  quite  sharply.  This 
is  due  to  the  presence  of  the  silicide  particles,  which  form  preferentially,  as  grain  boundary 
precipitates,  causing  a  weakening  of  the  grain  boundary,  and  hence  a  drop  in  ductility. 

Tensile  (MPa)  Elongation 


Tensile  Strength  °  Elongation 


Fig  3.  Mechanical  Properties  of  Ti-20A1-1  INb-XSi  in  1  ISO'C/lhr  +  625‘’C/2hrs  heat 

treated  condition. 

Subsequent  hsat  treatment  of  these  alloys  in  the  Oj  +  phase  field  at  10S0°C  for 
168hrs,  water  quenched,  produces  a  microstructure  which  consists  of  a  large  number  of  a, 
needles  in  a  matrix  (figure  4a).  The  prior  grain  boundaries  are  coat^  by  a  series  of 
overlapping  oj  plates,  surrounded  by  a  precipitate  free  zone.  The  thickness  of  this  boundary 
layer  increases  with  increasing  silicon  content.  At  silicon  levels  of  1.2at%  and  above  there 
are  a  small  number  of  silicide  particles  which  nucleate  in  the  matrix,  and  grow  to  a  size  of 
approximately  IS^m  diameter.  These  form  with  a  surrounding  'oj  free*  zone  (fig  4b).  There 
is  also  a  modification  to  the  grain  boundary  r^ions,  which  also  contain  a  series  of  small 
Cl/im)  silicide  precipitates  (figure  4b).  if  these  panicles  are  close  to  an  a,  /  0,  grain 
boundary,  then  on  the  intersection  of  the  boundary  they  grow  into  the  phase  to  pn^uce 
much  larger  (*  10/<m)  particles  (Figure  4c). 
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Ill  tliosL‘,  and  other  related  allins  studied  in  die  present  uork,  hut  not  iliseussed  here, 
it  it  is  assumed  that  niobium  substitutes  on  titanium  lattiee  sites-*'",  and  silicon  on 
aluiiiiniuni  ones,  tlieii  the  n.  phase  in  the  tsso  phase  field  is  eoiisistently  hijthly 
sloiehioiiielric  (see  I'able  III). 


l-ip  4.  Slil  images  of  a-  +d„  aged  ( IU50  C  MbShrs)  alloys  etched  in  Kroll's  reagent,  (a)  O; 
film  on  prior  d  ,  grain’boundary  in  Ti-20AI-I  IN'b.  (b)  'Precipitate  free  Fonc  surrounding 
silicide  particle  (indicated),  (c)  Silicide  particles  on  grain  boundaries  (indicated). 


Table  III. 

Elemental  distribution  in  o 

-1-  d„  phase  field  a 

t  lO.xt)  C, 

Allov 

Phase 

Ti 

.Atomic  'V 

Al  Nb 

lilenient 
Si  Ratio* 

ri-20AI- 

1  INb-0..‘i.Si 

as 

67.  d 

24.2 

7.4 

0.5 

.TO:  1 

d 

68.1 

18.5 

12.9 

0.5 

- 

Ti-2()AI- 

1  INb-O.dSi 

a  s 

68.2 

TV6 

7.1 

1.1 

.T0:1 

.i 

68.4 

17.7 

12.1 

0.8 

TI-20A1- 

1  lNb-1.2Si 

a  > 

67.8 

2.T4 

7.7 

1.5 

.T0:1 

•j 

67.d 

18.4 

12.9 

0.8 

- 

( 

hh.' 

.5.9 

7.7 

.Ml 

5.1:.5 

•  Ti  +  Nb  :  Al  +  .Si 

*  (Ti  +  Nb)dSi-4Al), 

This  adherence  to  stoichiometric  behaviour  liMds  to  a  modification  in  the  behaviour 
of  silicon  from  that  which  occurs  in  the  ternary  Ti-AI-Si  system.  In  the  binary  Ti-Si  system, 
at  low  silicon  alloy  levels,  silicon  acts  as  a  eutectoid  forming  element  the  addition  of 
aluminium  transforms  this  into  a  ternary  peritectoid  at  aluminium  contents  of  greater  that 
■2wt'’(.  fividence  provided  by  the  present  work  suggests  that  the  effect  remains  the  same 
when  («,  is  substituted  for  oTi.  Thus  when  silicon  content  in  a  ternary  Ti,Al  -  .Si  alloy  is 
increased  in  the  o,  +  d,  heal  treated  eondilion,  it  wanild  be  expected  from  considerations  of 
isothermal  data  that  it  would  increase  the  volume  fraction  of  a,  in  the  alloy  substantially,  as 
the  comjxisition  of  the  a.  is  effectively  on  a  line  from  Ti,Al  to  Ti,Si  due  to  the 
stoichiometric  alignment  evident  m  the  current  work.  Thus,  the  o'cerall  effect  of  the  silicon 
IS  to  increase  the  fraction  of  o,  in  the  alloy  on  an  iMirhcmuil  basis.  As  can  be  seen  in  the 
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vertical  phase  diagram  section  in  Figure  S,  this  does  not  affect  its  overall  peritectoid  forming 
effect.  Other  work  carried  out  by  the  authors,  but  not  discussed  here,  shows  that  on  long 
term  ageing,  all  of  these  alloys  will  have  a  microstructure  containing  O  phase.  It  is 
suggested  that  the  effect  of  the  silicon  in  causing  the  j3„  to  orthorhombic  transformation  at 
this  temperature  is  due  to  a  shifting  of  the  O  curve  on  a  CCT  diagram  to  the  left  of  that  for 
the  oj  phase,  thus  promoting  the  relatively  coarse  O  precipitates  which  nucleate  during  air 
cooling  through  the  phase  field  in  the  higher  silicon  content  alloys. 


Conclusions 

1)  In  the  solution  treated  plus  aged  condition,  the  addition  of  >0.9at%  silicon  to  the  alloy 
causes  an  orthorhombic  structure  to  be  formed,  which  significantly  enhances  room 
temperature  ductility  with  minimal  reduction  in  tensile  strength. 

2)  At  silicon  levels  of  1.2at%  and  above,  the  precipitation  of  titanium  silicide  particles 
produces  a  degradation  in  both  tensile  strength  and  ductility. 

3)  Silicon  appears  to  substitute  for  aluminium  in  the  Oj  structure  in  the  qj  +  phase  field 
at  1050°C.  This  results  in  an  increase  in  the  volume  fraction  of  oj  at  that  temperature. 

4)  The  addition  of  niobium  at  levels  of  up  to  llat%  does  not  affect  the  peritectoid  forming 
effect  of  the  silicon. 
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THE  INFLUENCE  OF  DEVIATION  FROM  STOICHIOMETRY  ON 
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Abstract 

Alloys  of  nominal  compositions  Ti-xAi-IOV  (at.%),  with  x  between  19  and  27, 
were  vacuum  arc-melted  in  the  shape  of  200g  buttons,  isothermally  forged  and  heat 
treated.  Microstructural  analysis  on  thin  foils  revealed  that  only  0^  and  ordered  ^ 
phases  are  present  in  the  alloys.  Tensile  tests  have  shown  that  the  yield  strength  dis¬ 
plays  a  minimum  and  that  the  elongation  to  rupture  steadily  increases  with  the  de¬ 
crease  in  aluminium  concentration.  The  improvement  in  ductility  in  sub-stoichiometric 
alloys  is  attributed  to  the  activation  of  an  additional  slip  system  in  the  02  phase. 


Introduction 

Low  ductility  and  fracture  toughness  properties  are  the  main  obstacle  to  the  use 
of  intermetallics  in  general,  and  to  that  of  Ti3Ai  based  titanium  aluminides  in  particular. 
Deviation  from  stoichiometry  is  one  of  the  parameters  that  may  enhance  the  plasticity 
of  intermetallic  compounds.  Indeed,  the  introduction  of  lattice  defects  may  change  the 
deformation  mechanisms  and  the  fracture  behaviour.  For  instance,  unit  dislocations 
are  responsible  for  plastic  deformation  in  sub-stoichiometric  Fe3AI  whereas  paired  dis¬ 
locations  are  found  in  Fe-31  Al  (at.%).  It  follows  that  sub-stoichiometric  Fe3At  is  more 
ductile  than  aluminium  rich  compositions  [1].  Similarly,  the  highest  elongation  to  rup¬ 
ture  in  the  TiAl  compound  has  been  observed  at  an  aluminium  concentration  around 
48at.%  [2,3].  In  this  case,  the  ductility  improvement  is  attributed  to  the  refinement  of 
the  microsta/cture  due  to  the  precipitation  of  a  second  phase  and  to  variations  in  the 
deformation  mechanisms. 

A  slight  increase  in  the  ductility  when  lowering  the  aluminium  content  in  Ti3AI-i-Nb 
alloys  has  been  reported  in  the  literature  but  no  interpretation  is  given  [4].  The  present 
study  was  aimed  at  getting  a  better  understanding  of  the  influence  of  deviation  from 
stoichiometry  on  microstructure,  deformation  mechanisms  and  room  temperature  ten¬ 
sile  properties  of  Ti3AI  based  alloys. 

Titanium  *92 
Sd«nc«  and 
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Experimental 


This  study  was  performed  on  the  Ti3AI-«-V  model  system.  Previous  investigations 
on  forged  buttons  revealed  that  about  10at.%  of  vanadium  has  to  be  added  to  obtain 
both  a  significant  refinement  of  the  microstructure  and  some  ductility  at  room  tempera¬ 
ture  [5].  Alloys  of  nominal  compositions  Ti-xAl-IOV  (at.%),  with  x  between  19  and  27, 
were  vacuum  arc-melted  in  the  shape  of  80x50x1 5mm  buttons.  These  buttons  were 
melted  four  times  to  ensure  a  good  chemical  homogeneity.  The  measured  composi¬ 
tions  of  the  alloys  together  with  their  beta  transus  temperature  (T^)  are  listed  in 
Table  I.  The  oxygen  level  was  kept  below  850ppm  (wt.%)  in  all  alloys. 


Table  I  List  of  alloys  studied 


Chemical  composition  (at.%) 

■DS^H 

Ti-19.4AI-10.3V 

1030 

Ti-20.8AI-10.3V 

1040 

Ti-23.3AI-10.3V 

1090 

Ti-25.1AI-10.3V 

1100 

Ti-27.1AI-10.3V 

1110 

The  buttons  were  isothermally  forged  at  Tp-50°C  to  80%  reduction  in  one  step 
(e=ln(H,,/H)=:1 ,6).  The  forging  operation  was  carried  out  under  high  vacuum  in  a  30 
tons  press  at  a  constant  strain  rate  of  lO'^s  ’.  Post-forging  heat  treatments  were  per¬ 
formed  in  an  argon  atmosphere.  Flat  specimens  2mm  in  thickness  with  a  1 6mm  long  x 
4mm  wide  gauge  section  were  used  to  determine  tensile  properties  at  room  tempera¬ 
ture. 

Identification  of  phases  and  determination  of  slip  systems  were  performed  on 
thin  foils  in  a  JEOL  200CX  electron  microscope. 

Besults 

Initially,  an  annealing  treatment  (850°C,  4  hours)  was  applied  to  the  forged  but¬ 
tons.  Optical  micrographs  (Fig.  1)  show  differences  in  structure  morphology  with  the 
aluminium  content.  In  sub-stoichiometric  alloys,  the  microstructure  is  composed  of  no¬ 
dular  0(2  phase  surrounded  by  a  continuous  p  phase  layer  whereas  a  fine  decomposi¬ 
tion  of  the  p  phase  is  observed  in  alloys  containing  25%AI  or  more.  Examination  on 
thin  foils  revealed  that  only  and  p  phases  are  present  in  the  alloys  ;  this  result 
shows  that  the  two-phase  a2-»’P  field  exists  in  a  wide  interval  of  aluminium  content.  Be¬ 
sides,  supertattice  spots  appears  on  diffraction  patterns  of  the  p  phase  indicating  an 
ordering  reaction.  There  is  evidence  in  the  literature  of  ordering  of  p  in  the  Ti-AI-Mo  [6] 
and  Ti-AI-Nb  [7]  systems  around  the  Ti2AIX  composition.  It  is  to  be  noted  that  ordering 
of  the  p  phase  has  been  observed  in  the  TioAUV  system  at  vanadium  concentrations 
>8at.%[5]. 
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Aluminium  content  (at.%) 

Figure  3  Elongation  to  rupture  versus  aluminium  alloy  content 


Figure  4  Alloys  microstructure  in  the  solution  treated  plus  annealed  condition 
a)  Ti-19.4AI-10.3V,  b)  Ti-20.8AI-10.3V.  c)  Ti-23.3A1-1 0.3V.  d)  Ti-25.1AI-10.3V 
e)Ti-27.1AI-10.3V. 
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The  yield  strength  and  the  elongation  to  rupture  at  room  temperature  versus  alu¬ 
minium  alloy  content  are  presented  in  Figures  2  and  3  respectively.  The  yield  strength 
in  the  annealed  condition  varies  significantly  from  one  alloy  to  another  and  exhibits  a 
minimum  around  23%AI.  As  far  as  the  ductility  is  concerned,  it  is  observed  that  elon¬ 
gation  to  rupture  steadily  increases  with  decrease  in  aluminium  content  and  reaches 
6%  in  the  alloy  with  19%AI.  The  variation  in  tensile  properties  will  be  discussed  in  the 
next  section. 

Considering  the  micrographs  it^  Figure  1 .  it  cannot  be  rejected  that  the  change  in 
the  mechanical  behaviour  of  the  phase  with  the  aluminium  concentration  may  be 
hidden  by  microstructural  differences  between  alloys.  For  this  reason,  a  solution  treat¬ 
ment  at  T^-30°C  followed  by  the  preceding  annealing  treatment  (850°C,  4  hours)  was 
applied  to  all  alloys  in  order  to  obtain  similar  microstructures.  In  that  condition,  the  mi- 
urostructure  of  the  different  compositions  consists  of  a  low  volume  fraction  of  equiaxed 
02  phase  in  a  transformed  3  matrix  (Fig.  4). 

Results  of  tensile  tests  on  the  solution  treated  p><js  annealed  condition  are  plot¬ 
ted  in  Figures  2  and  3.  The  variation  in  yield  strength  versus  aluminium  content  follows 
the  same  trend  as  in  the  annealed  condition  but  with  a  smaller  difference  between  ex¬ 
treme  values.  Again,  a  minimum  is  observed  near  23%AI.  The  elongation  to  rupture  is 
improved  when  decreasing  the  aluminium  concentration  ;  a  value  of  4%  has  been 
measured  in  the  alloy  with  19%AI.  It  is  worth  noting  that  in  both  heat  treated  conditions 
a  simultaneous  increase  in  strength  and  ductility  is  observed  in  sub-stoichiometric 
compositions. 


Piacuasiap 

The  large  variation  in  yield  strength  with  the  aluminium  concentration  in  the  an¬ 
nealed  condition  arises  partly  from  changes  in  microstructure  (Fig.  1).  Indeed,  the  co¬ 
arsening  of  the  structure  between  19%AI  and  23%AI  can  account  for  the  decrease  in 
yield  strength  and  the  fine  decomposition  of  the  3  phase  beyond  25%AI  may  contri¬ 
bute  to  the  further  increase  in  strength.  This  explanation  cannot  be  put  forward  in  the 
case  of  the  solution  treated  plus  annealed  condition  as  the  microstructures  are  very  si¬ 
milar.  So,  it  is  assumed  that  deviation  from  stoichiometry  has  an  influence  on  the  me¬ 
chanical  behaviour  of  the  02  phase. 

Microprobe  analysis  was  performed  on  the  02  phase  of  the  different  alloys  and  it 
was  found  that  the  minimum  in  yield  strength  which  appears  in  Figure  2  corresponds 
to  a  stoichiometric  composition  of  that  phase  (Table  II).  This  result  is  in  agreement 
with  a  previous  study  on  binary  Ti-AI  alloys  within  the  composition  range  1 7-60at.%AI 
[8].  Measuring  the  Vickers  hardness  as  a  function  of  the  aluminium  content,  the  au¬ 
thors  observed  two  minima  at  the  stoichiometric  compositions  Ti3AI  and  TiAI.  It  is  to  be 
mentioned  that  a  similar  effect  has  been  reported  in  other  intermetallic  compounds 
such  as  Ni3AI  and  Ni3Ga  [9].  Further  work  is  required  to  give  a  detailed  explanation 
for  the  aluminium  dependence  of  the  yield  strength. 

The  ductility  is  improved  when  decreasing  the  aluminium  alloy  content  for  both 
heat  treatments  (Fig.  3).  In  particular,  it  is  interesting  to  point  out  that  the  strength  level 
is  equivalent  for  both  structures  at  the  lowest  aluminium  concentration  (Fig.  2)  whe¬ 
reas  the  elongation  to  rupture  is  higher  in  the  annealed  condition.  We  have  shown  el¬ 
sewhere  that  the  morphology  of  the  3  phase  influences  the  ductility  of  Ti3AI  based 


1,013 


Table  II  Microprobe  analysis  on  the  03  phase  in  the  solution  treated  plus 
annealed  condition  (at.%). 


alloys  and  that  the  presence  of  this  phase  is  the  most  beneficial  when  it  forms  a  conti¬ 
nuous  layer  surrounding  the  012  phase  [10].  Precisely,  this  type  of  microstructure  has 
been  developed  during  annealing  on  the  Ti-19.4AI-10.3V  alloy  (Fig.  1 ). 

As  in  the  case  of  strength,  differences  in  microstmcture  cannot  account  alone  for 
the  variation  in  ductility  with  the  aluminium  alloy  content ;  this  is  the  reason  why  defor¬ 
mation  mechanisms  of  the  03  phase  have  been  investigated.  Thin  foils  of  Ti-19.4  Al- 
10.3V  and  T(-27.1AI-10.3V  alloys  have  been  examined  after  plastic  deformation.  In 
both  alloys,  the  dominant  slip  system  consists  of  ”a*  type  dislocations  with  a 
1/3<1 15  0>  Burgers  vector  moving  on  {lOiO}  prismatic  planes  (Fig.  5).  No  evidence  of 
glide  on  (0001)  basal  planes  was  found  here  although  this  slip  system  has  been  iden¬ 
tified  in  T13AI  (8,11).  Besides,  "c+a*  dislocations  with  a  1/6<115  6>  Burgers  vector 
have  been  observed  on  (115  1}  pyramidal  planes  in  both  alloys  (Fig.  6).  Finally,  some 
"c"  dislocations  are  visible  at  the  03/^  interface  but,  according  to  Yang  [12],  this  type  of 
dislocation  does  not  contribute  to  deformation.  The  main  difference  between  the  two 
alloys  is  the  much  higher  density  of  ”c+a"  dislocations  in  the  sub-stoichiometric  com- 


Fiqure  5  ’a’  type  dislocations  in  0^  phase  of  Ti-27.1AI- 10.3V  alloy  (g=25  01). 
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Figure  6  "c+a"  type  dislocations  (arrows)  in  02  phase  of  Ti-19.4AI-10.3V  alloy  : 
a)g=4  220,  b)  g=0002. 

position.  It  is  assumed  that  deviation  from  perfect  order  when  diminishing  the  alumi¬ 
nium  content  may  reduce  lattice  frictional  stresses  thereby  enhancing  dislocations  mo¬ 
bility  and  improving  plasticity.  Also,  it  is  to  be  noted  that  the  volume  fraction  of  the  duc¬ 
tile  p  phase  slightly  increases  when  lowering  the  aluminium  concentration  and  this  pa¬ 
rameter  may  contribute  to  the  better  ductility. 


The  influence  of  deviation  from  stoichiometry  on  microstructure  and  room  tempe¬ 
rature  tensile  properties  of  TigAI-i-V  alloys  has  been  investigated. 

In  the  range  of  aluminium  concentration  considered,  the  only  phases  that  have 
been  identified  are  Oj  and  ordered  p. 

In  both  annealed  and  solution  treated  plus  annealed  conditions,  the  yield 
strength  versus  aluminium  content  exhibits  a  minimum  which  corresponds  to  a  stoi¬ 
chiometric  composition  of  the  02  phase. 

The  improvement  in  ductility  in  sub-stoichiometric  alloys  is  mainly  attributed  to  an 
increased  activity  of  "c+a"  dislocations  on  {112  1)  pyramidal  planes.  Another  parame¬ 
ter  that  can  account  for  the  better  plasticity  is  the  slight  increase  m  the  volume  fraction 
of  the  ductile  p  phase  with  the  decrease  in  aluminium  content. 
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Abstract 

Transformation  kinetics  during  heat  treatments  in  five  two-phase  74-02  alloys  were  examined 
in  Older  to  establish  a  better  understanding  of  the  relationship  between  microstructure  and 
mechanical  properties  of  TiAl-based  alloys.  Various  transformation  modes  were  observed  and 
three  types  of  competitions  were  identified.  (1)  The  formation  of  the  lamellar  structure  can 
take  place  both  in  the  o-t-y  and  a2*'i  phase  fields,  depending  on  the  cooling  rate;  in  this  case, 
the  propagation  of  Shockley  partials  promoting  the  y  lamella  formation  competes  with  the  a 
02  ordering  reaction.  (2)  Quenching  from  the  single  phase  a  field  can  hinder  the  formation 
of  lamellae  to  promote  either  the  ordering  a  =»  02  reaction  or  a  "massive"  a  ^  y  transforma¬ 
tion,  depending  on  the  alloy  composition.  (3)  The  lamellar  structure  of  lower  Al-content 
alloys  tends  to  show  a  discontinuous  coarsening  while  higher  Al-content  alloys  give  rise  to  an 
easy  formation  of  monolithic  y  grains.  Finally,  the  present  study  shows  that  it  is  possible  to 
classify  the  two-phase  TiAl-based  alloys  into  different  categories  based  on  the  above 
competitions. 


Introduction 

Titanium  aluminide  alloys  based  on  TiAl  are  now  receiving  an  increasing  attention  because  of 
their  low  density  and  attractive  properties  at  high  temperatures,  such  as  high  mechanical 
strengh  and  good  oxidation  resistance.  However,  these  alloys  suffer  from  a  low  ductility  up  to 
about  bOO^C,  which  limits  their  application.  Two  phase  7^x2  TiAl-based  alloys  containing 
abou'  48  atomic  percent  of  aluminium  exhibit  a  higher  ductility  than  the  single  phase  y  alloys 
[1].  A  fine  lamellar  structure  is  generally  believed  to  promote  a  certain  amount  of  ductility. 
This  two  phase  lamellar  structure  can  be  modified  by  thermomechanical  and  heat  treatments. 
In  view  of  the  great  industrial  potential  of  these  intermetallic  materials,  the  relationship 
between  microstructure  and  mechanical  properties  has  to  be  carefully  evaluated.  It  is  therefore 
essential  to  have  a  precise  control  of  the  microstnicture.  The  puipose  of  the  present  study  is  to 
examine  the  kinetics  of  various  transformation  processes  which  take  place  during  heat 
treatments  on  various  TiAl-based  alloys. 
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The  present  study  was  carried  out  on  five  two-phase  alloys.  Their  atomic  concentrations  are  as 
follows  :  Ti54Al46,  Ti52Al4g,  Ti5iAl47Cr2,  Ti5oAl46Cr2Nb2  and  Ti4gAl4gCr2Nb2.  These 
alloys  were  prepared  using  the  vacuum  arc  melting  technique.  An  argon  furnace  was  used  for 
heat  treatments  below  1250°C  but  a  vacuum  furnace  allowing  oil  quenching  was  employed 
for  heat  treatments  at  higher  temperatures.  Microstructures  were  observed  both  by  optical  and 
transmission  electron  microscopy  (TEM)  on  a  JEOL  2(X)CX.  Since  the  ternary  and  quaternary 
phase  diagrammes  are  unknown  and  because  of  the  small  additions  of  chromium  and 
niobium,  the  binary  phase  diagramme  proposed  by  McCullough  et  al.  [2]  was  used  as  a 
reference  for  understanding  phase  transformations  in  all  the  compositions.  Solution  heat 
treatments  in  the  a  phase  field  of  such  alloys  have  not  been  extensively  studied,  both  because 
of  an  inevitably  large  grain  size  resulting  through  such  heat  treatments  and  due  to  the 
difficulty  of  performing  them  at  temperatures  as  high  as  1400°C  on  an  industrial  scale  (31. 
Therefore,  most  of  the  previous  microstructural  examinations  were  made  only  after  heat  treat¬ 
ments  in  the  a2+y  and  a+y  phase  fields  without  any  solution  heat  treatment.  In  the  present 
work,  heat  treatments  were  performed  in  three  different  phase  fields,  i.e.  solution  heat 
treatments  in  the  a  phase  field  as  well  as  heat  treatments  in  the  a+y  and  02+7  phase  fields 
either  after  solution  heat  treatment  or  directly  from  the  as-cast  state. 


Fig.  1  (a)  Optical  and  TEM  observations  of  the  lamellar  structure. 

(b)  Orientation  relationship  revealed  by  selected  area  diffracnon. 

The  zone  axis  of  the  02  and  y  phases  are  <1 120>  and  <lTO>,  respectively. 


and  Y  phases  of  the  lamellar  structure  have  the  orientation  relationship:  <1  l50>a2  //  <nO>Y 
and  (0001  )a2  H  ( 1 1 1  ly-  The  habit  plane  is  the  (0002)  plane  of  02  [4],  A  TEM  study  of  the 
lamellae  revealed  the  presence  of  small  domains  in  each  y  lamella.  The  02  phase  has  a  DO19 
structure  in  which  the  <1 150>  directions  are  equivalent.  Because  of  the  atomic  positions  of  Ti 
and  A1  in  the  Llg  structure  of  y,  <lT0J  and  <10l]  o£<01 1]  are  not  equivalent.  A  <1 10]  zone 
axis  diffraction  pattern  is  different  from  <10Tj  or  <011]  ones.  It  is  then  possible  to  distinguish 
four  orientation  relationships  between  one  ydomain  and  the  02  phase  of  the  lamellar  structure 
by  selected  area  diffraction.  As  shown  in  fig. lb,  the  selected  area  diffraction  pattern  generally 
obtained  from  several  lamellae  corresponds  to  a  composite  of  those  four  patterns  [5,6].  It  can 
be  noticed  that  two  y  domains  are  twin  related,  order-fault  related  or  pseudo-twin  related 
[6,7],  and  two  domains  with  the  same  orientation  can  be  antiphase  domains.  Domains 
separated  by  an  antiphase  boundary  or  an  order-fault  boundary  have  the  same  stacking 
sequences  of  the  [111]  planes,  i.e.  ...ABCABC...  and  those  separated  by  a  twin  boundary  or  a 
pseudo-twin  boundary  have  the  opposite  stacking  sequences  ...ABCABC...  vs. 
...ACBACB...[8|.  The  results  of  extensive  analyses  made  in  the  present  study  indicate  that  the 
domains  included  in  a  given  y  lamella  are  of  the  same  stacking  sequence,  while  two  adjacent  y 
lamellae  are  often  twin  or  pseudo-twin  related,  although  the  explanations  of  such  observations 
are  still  subject  to  some  controversies  [5,6,7,8,9,10]. 

2.  Competition  between  the  a  ^  aa  and  the  formation  of  y  lamellae 

The  46  at.%  A1  alloy  directly  quenched  from  the  a  phase  field  showed  large  single-phase 
grains  accompanied  by  the  formation  of  some  lamellae  at  grain  boundaries  (Fig.2a).  TEM 
observations  of  the  same  sample  (Fig.2b)  indicate  that  the  matrix  is  ordered  (02)  containing 
numerous  antiphase  boundaries  (APB's)  and  a  few  isolated  y  lamellae.  These  lamellae  always 
cut  through  antiphase  domains.  These  results  lead  to  the  conclusion  that  the  nucleation  of  the 
y  lamellae  starts  subsequently  to  the  ordering  of  the  a  phase.  As  proposed  by  Blackburn  [4], 
this  nucleation  probably  proceeds  from  the  movement  of  Shockley  partials,  locally  giving  rise 
to  an  ordered  FCC  type  stacking  sequence  in  the  ordered  hexagonal  structure.  The  stress 
induced  by  this  reaction  favours  the  growth  by  the  ledge  mechanism. 
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Fig.  2  a  and  b  Ti54Ai45  quenched  from  the  a  phase  field. 

On  the  contrary,  if  a  sample  of  the  same  alloy  was  cooled  down  from  the  a  phase  field  to 
1230°C  (a+y  phase  field)  and  held  for  72  hours  before  quenching,  an  entirely  lamellar 
microstructure  was  obtained  (Fig.3a)  in  which  both  the  0-2  lamellae  containing  small  APB's 
and  y  lamellae  are  well  developped  (Fig. 3b).  These  observations  indicate  that  the  nucleation 
and  growth  of  y  lamellae  can  precede  the  ordering  of  the  a  phase,  suggesting  that  the 
explanations  based  on  the  y  lamella  nucleation  and  growth  (propagation  of  Shockley  panials 
and  ledge  mechanism)  are  also  valid  in  the  disordered  hexagonal  structure. 
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Fig.  a  and  b  :  Ti34Al4(,  cooled  down  Iron)  the  a  phase  field  and  hold  72  h  at  123()'C 

before  quenching. 

Finally,  the  existence  of  large  order-fault  domains  within  the  y  lamellae  formed  in  this  phase 
field  rules  out  the  explanation  given  by  Yang  and  Wu  |81  in  which  the  origin  of  the  order-fault 
domains  are  attributed  to  the  pre-existing  antiphase  domains  of  02- 


ween  ordering  (a : 


The  4X  lii.r/c  A1  alloy  quenched  from  the  a  phase  field  showed  a  grain  size  similar  to  that  of 
the  46  at.  9f  A1  alloy,  but  the  optical  microstructure  of  the  fonner  alloy  (Fig. 4a)  was  quite 
different  from  that  of  the  latter  alloy  (Fig. 2a).  Apart  from  some  lamellar  regions  observed 
around  grain  boundaries,  the  grains  in  the  48  ai.Cf  A)  alloy  are  extensively  occupied  by 
■'martensitic-like'’  or  "massively  transformed"  regions.  TEM  observations  indicate  that  these 
regions  were  entirely  constituted  by  the  y  phase,  often  faulted  and  exhibiting  numerous 
subgrains  (Fig. 4b).  Twins,  pseudo-twins,  order  faults  and  antiphase  boundanes  can  be 
observed  in  some  cases  (Fig.5a  and  5b).  Thus,  the  second  type  of  competition  takes  place 
between  the  a  ot  ordering  of  the  46  at.'^  A1  alloy  and  the  "massive"  formation  of  the  y 
phase  in  the  48  at.'/f  A1  alloy. 
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F-'ig.  4  a  and  b  Ti52Al4}(  quenched  from  the  a  phase  field. 
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Fig.  5a  Dark  field  observation  of  various  domains  respectively  twin  related  ( 1  and  3, 

2  and  4),  pseudo-twin  related  (1  and  4, 2  and  3)  and  order-fault  related  (1  and  2,  3  and  4) 
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Fig.Sb  Observation  of  antiphase  boundaries  in  the  alloy  massively  u-ansformed. 

(dark  field  image  with  g  =  001) 

High  rate  transfomiations  from  one  phase  to  another  can  be  either  of  a  martensitic  type  or  a 
massive  type.  Both  these  modes  are  composition-invariant.  The  martensitic  transformation 
occurs  by  a  shearing  of  specific  atomic  planes  of  the  parent  pha.se  without  any  diffusion,  often 
producing  a  metastable  phase.  A  specific  orientation  relationship  is  generally  observed 
between  the  two  phases  and  a  surface  tilt  can  be  seen  on  the  .sample  surface.  On  the  contrary, 
in  a  massive  transformation,  a  high  temperature  phase  is  suddenly  transformed  in  another 
phase  of  the  phase  diagramme.  The  phase  interface  moves  probably  by  thermally  activated 
jumps  1 1 1 1.  This  transformation  usually  proceeds  with  approximately  the  same  rate  in  all 
directions  and  can  easily  cross  the  grain  boundaries.  Moreover,  the  massive  reaction  can  take 
place  in.side  the  two-phase  field  1 1 1 J. 


Work  is  now  in  hand  both  to  determine  whether  there  is  a  simple  orientation  relationship 
between  the  parent  a  phase  and  the  resulting  y  phase  and  to  characterize  the  nature  of  the 
above  mentioned  ^stal  defects  such  as  twins,  pseudo-twins,  order  faults  and  antiphase 
boundaries.  This  will  lead  to  a  better  understanding  of  the  observed  massive  formation  of  the 
Y  phase. 


When  the  sample  quenched  from  the  a  phase  producing  a  single  a2  phase  microstructure  was 
maintained  at  lOOO’C,  all  the  grains  were  immediately  transformed  into  a  very  fine  lamellar 
structure  (priinaty  lamellae  formation).  After  one  hour,  however,  new  lannellar  domains  ap¬ 
peared  at  gran  boundaries  (secondary  lamellae  formation)  and  spread  into  the  primary 
lamellar  grains.  These  secondary  lamellae  were  coarser  and  less  regular  than  those  of  the 
primary  reaction  (Fig.6).  This  coarsening  was  always  accompanied  by  the  grain  boundary 
migration.  Such  a  reaction  is  called  discontinuous  coarsening  and  process  by  a  dissolution  of 
the  precipitates  of  the  adjacent  grain.  A  similar  observation  has  been  made  by  Yamabe  et  al. 
[12],  but  this  phenomenon  can  be  explained  somewhat  differently.  As  generally  accepted, 
grain  boundaries  have  a  greater  solubility;  this  may  promote  the  dissolution  of  the  second 
phase.  The  free  energy  of  the  reaction  is  generally  composed  of  chemical  and  interfacial 
contributions.  The  high  formation  rate  of  the  primary  lamellar  structure  may  lead  to  a  non¬ 
equilibrium  chemical  state  of  the  constituent  phases  (i.e.  their  compositions  are  different  from 
those  predicted  by  the  phase  diagramme).  So,  a  redistribution  of  solutes  should  operate  during 
the  discontinuous  coarsening.  This  could  be  an  as  important  factor  as  the  decrease  in 
interfacial  energy  in  order  to  compensate  the  increase  in  grain  boundary  energy.  Studies  using 
atom  probe  are  now  in  progress  in  order  to  confirm  this  explanation. 
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Fig.6  Ti54Al46  quenched  from  the  a  phase  field  and  held  at  1(XX)®C  for  24  h. 
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Fig.7  (a)  Ti54Al46  held  at  1 150°C  for  72  h,  (b)  Ti52Al4g  held  at  1 150®C  for  1  h. 
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The  same  alloy,  held  at  1150®C  (just  above  the  "eutectoid"  temperature)  without  prior 
solution  treatment,  fiequently  showed  discontinuous  coarsening.  Modifications  at  grains 
boundaries  can  be  noticed  in  optical  microscopy  after  24  hours  (Fig.7a).  On  the  contrary, 
higher  Al-content  alloys  tend  to  produce  monolithic  y  gr^ns  without  any  significant 
discontinuous  reaction  (Fig.7b).  Thus,  these  two  phenomena,  i.e.  formation  of  monolithic  7 
grains  and  discontinuous  coarsening,  constitute  the  third  competition. 


Discussion 

Three  types  of  competitions  have  been  identified  during  the  microstructural  analysis  of  the 
two  binary  TiAl-bas^  alloys : 


-  a  competition  between  the  a  a2  ordering  reaction  and  the  formation  of  the  7  lamellae, 

-  a  competition  between  the  a  =>  02  ordering  reaction  and  the  "massive"  formation  of  the  7 
phase, 

-  a  competition  between  the  coalescence  of  the  lamellae  and  the  discontinuous  coarsening. 


These  three  competitions,  and  in  particular  the  last  two,  allow  to  classify  the  two-phase  TiAl- 
based  alloys  into  various  categories.  The  major  distinction  can  be  made  between  the  alloys 
showing  the  a  =»  02  ordering  reaction  such  as  the  46  at.%  A1  binary  alloy  and  those  showing 
the  "massive"  formation  of  the  7  phase  such  as  the  48at.%  A1  binary  alloy.  All  the  ternary  and 
quaternary  alloys  examined  in  this  study  undergo  the  "massive"  transformation  upon  quen¬ 
ching  ftom  the  a  phase  field  (Fig.Sa).  It  is  however  worth  noting  that  the  Ti5iAl47Cr2  and 
Ti5^l46Cr2Nb2  alloys  exhibit  more  lamellar  regions  than  the  Ti52Al4g  one.  On  the  contra¬ 
ry,  if  a  heat  treatment  is  performed  at  1 ISOX,  two  types  of  behaviour  can  be  distinguished 
(Fig.Sb).  The  Ti5oAl4gCr2N^  alloy  involves  a  discontinuous  reaction  while  the  higher  A1 
content  alloys  (i.e.  Ti5iAl470r2  ^nd  Ti4gAl4gG2Nb2)  produce  monolithic  7  grains.  With 
these  two  heat  treatments,  it  is  thus  possible  to  evaluate  the  nature  of  the  microstructural  mo¬ 
difications  without  knowing  the  phase  diagrammes  corresponding  to  these  alloys.  This  is  an 
important  conclusion,  because  the  determination  of  a  phase  diagramme  is  generally  a  very  ti¬ 
me-consuming  task. 
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arsening! 

’*•54^*46 

^5oAl46Cr2Nl^ 

^52^148 

^31^’47^''2 

^4gAl.i8f-r7,Nb2 

(a)  (b) 

Fig.8  a  and  b  Classification  of  the  alloys  studied  in  this  work. 

Cgnclusian 

Microstructural  modifications  are  more  complex  than  those  previously  described  by  other  in¬ 
vestigators  and  the  kinetics  of  transformations  are  greatly  dependant  on  the  alloy  composition. 
Investigations  made  on  the  two  binary  alloys  allowed  us  to  identify  various  transformation 
modes,  obtained  essentially  after  two  heat  treatments  (Quenching  from  the  a  single  phase 
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field  and  heat-treatment  near  the  "eutectoid"  temperature);  these  transformation  modes  can  be 
understood  in  terms  of  competitions.  By  checking  these  competitons,  ternary  and  quaternary 
alloys  can  then  be  classified  into  various  categmies. 
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Abstract 

For  the  production  of  pure,  ceramic-free  Titanium-based  intermetallic  alloy 
powders  with  a  high  fraction  of  undersize  powder  (<45nm),  a  new  type  of 
atomization  facility  has  been  developed  and  put  into  operation.  This  laboratory 
scale  plant  combines  a  cold  crucible  plasma  torch  melting  technique  with  gas 
atomization.  A  special  melt  stream  transfer  system  has  been  developed  which 
consists  of  an  induction  heated  water-cooled  copper  fimnel  for  forming  a  thin 
melt  stream  and  guiding  it  into  the  gas  nozzle.  Technical  details  of  this  plant 
and  results  of  first  nins  concerning  the  particle  size  distribution,  the  impurity 
content  and  the  microstructure  of  intermetallic  Ti-based  alloy  powders  are 
presented  in  this  paper. 


Introduction 

In  the  field  of  research  and  development  of  new  high  temperature  alloys, 
intermetallic  Titanium-based  alloys  such  as  Titanium-Aluminides  (y-TiAl,  a2- 
TisAl)  and  Titanium-Silicides  (based  on  TisSia)  play  an  important  role.  These 
alloys  are  characterized  by  high  strengths  at  low  densities.  However,  other 
properties  such  as  room  temperature  ductility  and  corrosion  resistance  need  to 
be  improved  prior  to  industrial  application  of  these  materials. 

Titanium  and  Titanium-based  alloy  melts  and  powders  are  known  to  be  very 
reactive,  and  the  mechanical  properties  of  components  consisting  of  such 
alloys/alloy  powders  depend  strongly  on  the  respective  impurity  content. 
Research  and  development  of  these  alloys  must  therefore  be  based  on  a 
production  technique  which  on  the  one  hand  keeps  the  impurity  content  as  low 
as  possible  and  on  the  other  hand  allows  the  microstructure  of  these  alloys  to 
be  controlled  with  respect  to  small  grain  sizes,  phase  compositions  and 
chemical  homogeneity. 

The  Institute  for  Materials  Research  of  the  GKSS-Research  Center,  Germany, 
is  engaged  in  the  development  of  high  temperature  intermetallic  Ti-based 
alloys.  For  the  powder  metallurgical  route  of  these  alloys  an  inert  gas 
atomization  facility  has  been  developed  together  with  Leybold-Durferrit.  This 
pilot-plant  meets  all  the  requirements  for  the  production  of  pure,  ceramic  free 
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Ti-based  intermetallic  alloy  powders  with  a  high  fraction  of  undersize 
powder. 

The  specifications  of  this  gas  atomization  facility  and  properties  of  powders 
from  first  test  runs  are  described  in  this  paper. 

The  Plasmamelting  Inert  Gas  Atomization  Facility  PIGA 


For  this  pilot  production  plant  for  intermetallic  Ti-based  alloy  powder  a  new 
technical  concept  has  been  developed  and  realized.  The  concept  consists  of  a 
Itlasma-skullmelting-inert-gas-atomization  technique  (PIGA)  with  an 
induction  heated  water  cooled  copper  funnel  for  forming  and  guiding  the 
melt  stream  into  the  gas  nozzle. 

The  most  important  part  of  PIGA  is  the  melting  chamber  (schematically 
shown  in  Fig.  1)  which  houses  the  plasma  torch,  the  water  cooled  copper 
crucible,  the  transfer  system  for  the  melt  stream  and  the  gas  nozzle. 

As  heat  source  a  plasma  torch  was  chosen,  which  can  be  operated  with  either 
Helium  or  Argon  gas.  The  use  of  a  plasma  torch  has  three  advantages: 

1.  During  melting,  the  inert  gas  pressure  inside  the  melting  chamber  is 
about  normal  pressure.  This  reduces  the  evaporation  of  alloy  constituents 
during  melting. 

2.  With  the  hot  plasma  gas  mechanical  energy  is  transferred  into  the  melt. 
This  supports  a  thorough  mixing  of  the  alloy  constituents. 

3.  Using  a  plasma  torch,  the  injection  of  impurities  into  the  melt  -  e.g. 
electrode  material  -  is  negligibly  small. 

Since  Ti-based  alloy  melts  are  very  reactive,  a  skull  melting  technique  using  a 
water  cooled  copper  crucible  (volume  -  1.4 1)  has  to  be  chosen  to  keep  the 
impurity  content  of  the  melt  at  low  values. 

As  atomization  technique,  gas  atomization  has  been  chosen,  since  this 
technique  can  yield  a  high  fraction  of  undersize  powders  and  high  cooling 
rates  which  are  required  for  the  production  of  supersaturated  or  metastable 
fine-grained  alloy  powders.  The  atomization  nozzle  can  be  operated  with 
either  Argon  or  Helium. 

In  order  to  obtain  high  quality  powder,  a  thin,  homogeneous  melt  stream  has 
to  be  fed  into  the  middle  of  the  gas  nozzle.  The  transfer  of  the  melt  from  the 
crucible  into  the  gas  nozzle  is  one  of  the  most  critical  technical  problems  in 
designing  a  gas  atomization  facility.  In  particular  the  following  problems 
have  to  be  solved: 

Plasma  Melting  -  Inertgas  Atomization 


Fig.  1: 

Schematic  drawing  of 
the  melting  chamber 
showing  the  plasma 
torch  (1),  the  feeder  (2), 
the  watercooled  copper 
crucible  (3),  the  water- 
cooled  induction  heated 
melt  stream  transfer 
system  (4)  and  the  gas 
nozzle  (5). 


1.  A  thin,  homogeneous  and  continuous  melt  stream  has  to  be  formed. 

2.  The  overheat  of  the  melt  has  to  be  maintained. 

3.  The  melt  stream  has  to  be  guided  into  the  middle  of  the  nozzle. 

4.  Contamination  of  the  melt  stream  with  impurities  has  to  be  avoided. 

For  PIGA  a  new  transfer  system  has  been  developed.  It  consists  of  an 
induction  heated  watercooled  copper  funnel,  which  forms  a  thin  melt  stream 
and  guides  it  into  the  middle  of  the  gas  nozzle  (Fig.  1).  The  induction  coil  used 
has  three  functions;  The  electromagnetic  forces  are  thought  to  keep  the  melt 
away  from  the  funnel  walls  such  that  contamination  of  the  melt  with  copper 
can  be  avoided.  The  electromagnetic  forces  influence  the  mass  flow  of  the  melt 
stream  yielding  a  thinner  melt  stream  and  a  high  fraction  of  undersize 
powder.  Finally,  the  induction  heat  *ig  allows  the  overheat  of  the  melt, 
generated  by  the  plasma  torch,  to  be  maintained. 

The  product  of  a  gas  atomization  run,  the  metal  powder,  is  collected  in  a 
powder  can  which  is  mounted  below  a  cyclone  separator.  The  powder  can  can 
be  closed  gas-tight  so  that  the  pure  metal  powder  does  not  come  into  contact 
with  air  or  moisture  when  the  can  is  dismounted  and  carried  to  glove  boxes 
for  further  handling  in  an  Argon-atmosphere. 

Further  technical  details  of  PIGA  concerning  the  powder  production  process 
and  safety  precautions  are  discussed  in  detail  in  previous  papers  [1,2]. 

Cooling  Rates 

In  order  to  achieve  small  grain  sizes,  a  homogeneous  microstructure  and  to 
be  able  to  produce  metastable  or  highly  supersaturated  alloy  powders,  short 
solidification  times  and  high  cooling  rates  for  the  subsequent  cooling  of  the 
powder  particles  are  required. 

In  order  to  check  which  parameters  dominate  the  cooling  rates  and  the 
solidification  times  and  to  get  an  idea  of  what  can  be  realized  with  PIGA,  we 
have  calculated  cooling  rates  (dT/dt)  and  solidification  times  using  equations 
and  thermodynamic  data  for  TiAl  reported  in  the  literature  [3,4]. 

Fig.  2  shows  a  summary  of  our  calculations  of  the  cooling  rate  as  a  function  of 
powder  particle  size  for  TigiAl49  (at%)  alloy  powder  at  1750  K.  As  variables  are 
shown  the  surrounding  medium  (Vacuum,  Argon,  Helium)  and  the 
difference  velocity  Vr  between  the  powder  particle  and  the  surrounding 
atmosphere.  In  principle  we  are  not  able  to  atomize  under  vacuum,  however 
these  data  allow  comparison  with  other  techniques  e.g.  centrifugal 
atomization. 

Vr  becomes  important  only  for  the  cooling  under  Ar  and  He.  Vr  was 
measured  by  Bauckhage  et  al.  [5]  and  their  results  show  that  Vr  has  its 
maximum  in  the  vicinity  of  the  gas  nozzle  in  the  zone  of  desintegration  of  the 
melt  stream.  As  a  consequence  of  the  slowing  down  of  the  gas  and  the 
acceleration  of  the  particles  by  the  gas,  Vr  decreases  with  increasing  distance 
from  the  nozzle  and  soon  becomes  about  zero.  However,  as  pointed  out  by 
Bauckhage  et  al.  Vr  does  not  only  depend  on  the  distance  from  the  nozzle  but 
also  on  the  respective  particle  size. 

We  have  assumed  Vr  to  be  identical  for  all  particle  sizes,  and  in  Fig.  2  we 
show  the  results  of  our  calculations  for  Vr  =  0  m/s  for  He  and  Ar  gas,  and 
Vr  =  100  m/s  for  He  only.  The  assumption  Vr  =  0  m/s  is  conservative  and 
indicates  the  lower  limit  for  the  cooling  rates.  It  also  allows  a  direct 
comparison  with  vacuum  atomization.  In  contrast,  Vr  =  100  m/s  is  seen  to  be 
an  upper  limit,  and  realistic  cooling  rates  should  lie  between  the  boundaries 
given  by  Vr  =  0  and  100  m/s. 
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As  can  be  seen  from  Fig.  2,  dT/dt  increases  strongly  with  decreasing  particle 
size  regardless  of  the  respective  medium.  On  the  other  hand  dT/dt  increases 
with  respect  to  the  surrounding  medium  from  vacuum  to  Ar  to  He.  The 
respective  cooling  rates  for  a  50  pm  particle  are:  3  •  lO^,  3  •  10^  and  3  •  10®  K/s 
at  Vr  =  0  m/s.  If  we  allow  for  Vr  =  100  m/s,  dT/dt  reaches  a  value  of  8  10®  K/s 
on  He  atomization. 

It  may  be  concluded,  that  the  highest  cooling  rates  can  be  achieved  using  He 
as  atomization  gas.  For  a  50  pm  Ti5iAl49  particle  dT/dt  should  lie  at  1750  K  in 
the  range  3  •  10°  S  dT/dt  i  8  •  10®  K/s. 

Our  calculations  of  the  solidification  times  reveal  similar  results.  The 
solidification  time  is  the  shorter  the  smaller  the  powder  particle  is;  it  is 
shorter  for  He  -  than  for  Ar  -  atomization  and  it  decreases  with  increasing 
Vr. 


Powder  Particle  Size  Distributions 

As  shown  in  the  previous  section  the  high  cooling  rates  required  for  optimized 
microstructures  of  the  powder  particles  are  given  for  small  powder  particles. 
One  of  the  aims  of  optimizing  the  powder  production  process  should  therefore 
be  to  yield  a  high  fraction  of  undersize  powder.  In  Fig.  3  the  results  of  sieve 
analyses  of  two  test  runs  with  PIGA  (January  1992)  are  shown.  The  test  nms 
were  performed  using  Helium  and  Argon  for  atomization.  The  other 
conditions,  e.g.  alloy  composition  (Ti4gAl5oNb2),  inert  gas  pressure  (1.5  MPa) 
and  the  nozzle  geometry  were  kept  unchanged.  The  Helium  (#2)  atomization 
yielded  the  higher  fraction  of  undersize  powder  (15%  <  45  pm).  The  reason 
may  be  seen  in  the  higher  gas  velocity  with  Helium  compared  to  Ar  (#1) 
atomization.  The  particle  size  distribution  aimed  for  is  shown  by  the  curve 
indicated  by  (*).  This  size  distribution  -40%  <  45  pm  is  thought  to  be  attainable 
after  further  optimization  runs,  which  may  include  increased  inert  gas 
pressures  and/or  optimized  nozzle  geometries. 

Scanning  electron  microscopy  images  indicated  the  powder  particles  to  be 
spherical  to  a  high  degree,  irrespective  of  whether  He  or  Ar  was  used  for 
atomization. 
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Fig.  3: 

The  particle  size 
distribution  for  He¬ 
lium  (#2)  and  Ar¬ 
gon  (#1)  atomized 
Ti48Al5o  Nb2  alloy 
powder  as  given  by 
test  runs  in 
January  92.  The 
size  distribution  in¬ 
dicated  by  (*)  ap¬ 
pears  to  be  possible 
after  further  pro¬ 
cess  optimization. 
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Microstructural  Effects  of  Different  Cooling  Rates 

As  shown  in  the  previous  sections,  there  is  a  strong  influence  of  the  type  of 
atomization  gas  and  the  powder  particle  size  on  both  the  solidification  time 
and  the  cooling  rate  in  the  solid  state.  In  this  section  we  want  to  show  the  way 
in  which  the  microstructure  -  as  far  as  it  can  be  characterized  by  the  ratio  of 
the  amounts  of  the  two  phases  and  their  distribution  -  is  affected  by  the  cooling 
conditions  achieved  with  PIGA. 

Using  light  microscopy  and  x-ray  diffraction,  several  powder  size  fractions  of 
a  Ti48Al5oNb2  powder  atomized  with  Helium  and  Argon  were  investigated. 

As  reported  by  McCullough  et  al.  [6]  upon  solidification  of  alloys  having  about 
these  compositions,  in  the  first  stage  a-dendrites  are  formed  which  then 
become  surrounded  by  interdendritic  y-phase.  With  decreasing  temperature 
a-dendrites  transform  to  a2  and  undergo  solid  state  decompositions  to  a2  +  y. 
Upon  high  cooling  rates,  the  formation  of  the  y-TiAl  phase  can  be  suppressed 
to  a  certain  extent.  The  ratio  of  the  volume  fractions  of  the  a2-Ti3Al  and  the  y- 
TiAl  phase  may  therefore  be  seen  as  an  indication  of  the  cooling  conditions 
the  powder  particles  have  been  exposed  to.  Since  we  only  need  an  indirect 
measure  of  the  volume  fraction  of  the  two  phases,  we  have  calculated  the 
normalized  ratio  of  the  peak  areas  of  the  most  intense  diffraction  lines  of  the 
02-  and  the  y-phase;  Ia2(201)/[Ia2(201HIy(lll)].  These  normalized  intensity 
ratios  as  a  fimction  of  the  powder  size  are  shown  in  Fig.  4.  For  both  gases  the 
a2-fraction  increases  with  decreasing  particle  size,  and  for  each  particle  size 
the  a2-fraction  is  larger  for  He  than  for  Ar  atomization.  These  results  indicate 
that: 

1.  With  decreasing  particle  size  the  solidification  time  decreases  and  the 
cooling  rate  in  the  solid  state  increases. 

2.  For  identical  particle  sizes  He  atomization  results  in  higher  cooling 
rates/shorter  solidification  times  than  Ar  atomization. 

In  conclusion,  these  results  are  in  good  qualitative  agreement  with  the 
predictions  of  the  cooling  rate-calculations  (Fig.  2). 
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Fig.  4: 

The  normalized  peak 
intensity  ratios  of  the  ^ 
a2-Ti3Al  and  the  y-  ♦ 
TiAl  phase  as  a  « 
function  of  powder  ~ 
particle  size  for  « 
Helium  and  Argon  » 
atomized 
Ti48Al5oNlJ2- 


■  •Ar  Atomization 
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In  Fig.  5  two  light  microscopy  images  of  Ti48Al5oNb2  powder  particles 
atomized  with  He  and  Ar  are  shown.  Both  particles  have  their  origin  in  the 
size  fraction  45-63  pm.  The  microstructure  is  characterized  by  dark  regions 
separated  by  bright  channels.  The  dark  regions  represent  the  primary  a- 
dendrites  which  have  transformed  upon  cooling  to  aa+y.  This  phase  mixture 
however  cannot  be  resolved  by  light  microscopy.  The  bright  channels 
represent  the  interdendritic  y-phase.  Due  to  the  short  solidification  times  and 
high  cooling  rates,  both  particles  consist  of  a  very  fine  and  homogeneous 
phase  distribution.  The  phase  distribution  of  the  He-atomized  particle  appears 
to  be  finer  compared  to  the  Ar-atomized  one.  This  again  indicates  that  higher 
cooling  rates  can  be  achieved  using  He  as  atomization  gas. 


Fig.  5; 

Light  microscopy 
images  of  T^sAlgo 
Nb2  powder  particles 
from  the  45-63  pm 
size  fraction  ato¬ 
mized  with  Helium 
and  Argon. 


1,030 


Contamination  During  Melting  and  Atomization 

The  objective  of  designing  a  new  type  of  gas  atomization  facility  was  the 
production  of  pure,  ceramic-free  Titanium-based  intermetallic  alloy  powder. 
One  task  therefore  was  to  keep  the  additional  contamination  during  melting 
and  atomization  as  low  as  possible.  In  order  to  get  a  first  idea  of  the  additional 
contamination  which  may  occur  during  the  process  we  have  focussed  on  two 
elements:  Oxygen  and  Copper.  Oxygen  is  well  known  to  be  a  crucial  element 
with  respect  to  the  mechanical  properties  of  the  powder,  and  copper  is  one  of 
the  most  probable  metal-contaminations  since  both  the  crucible  and  the  melt 
stream  transfer  system  consist  of  copper. 

The  oxygen  and  copper  contents  were  analysed  in  three  stages  of  the  whole 
production  process  of  TiAlNb-powder: 

1.  Content  of  these  impurities  in  the  elements  Ti,  A1  and  Nb  prior  to 
melting. 

2.  Impurity  content  after  melting  and  re-melting  several  times  for 
homogenization. 

3.  Cu-  and  02-content  of  the  final  TiAlNb-powder. 

As  shown  in  table  1,  the  oxygen  and  the  copper  content  of  the  mixture  of 
elements  is  found  to  be  345  and  17  pg/g  respectively.  Chemical  analyses  of  the 
melted  Ti4gAl5o  Nb2  alloy  revealed  the  oxygen  and  the  copper  concentration  to 
be  350  and  23  pg/g  respectively.  Thus,  within  the  experimental  error  neither 
the  oxygen  nor  the  copper  content  of  this  alloy  increases  upon  melting  the 
elements  and  homogenizing  the  alloy. 

The  copper  content  of  the  alloy  powder  (90-125  pro)  was  analysed  to  be  30  pg/g. 
This  indicates  that  during  forming  and  guiding  the  melt  stream  by  the 
transfer  system  a  small  amount  of  copper  may  have  been  taken  up  by  the 
melt.  However  since  such  copper  concentrations  are  near  to  the  limits  of 
detection  for  these  alloys,  it  can  not  be  excluded,  that  all  three  concentrations 
as  shown  in  table  1  lie  within  the  experimental  errors.  It  may,  therefore,  be 
concluded  that  the  copper  impurity  content  picked  up  during  the  whole 
process  of  melting  and  atomizing  is  only  very  small  or  even  zero. 

The  procedure  of  the  powder  adapted  for  subsequent  02-analysis  was  as 
follows:  The  plant  was  thoroughly  cleaned  and  flushed  serval  times  with 
Helium.  Afterwards  the  first  atomization  run  of  Ti4gAl5oNb2  was  performed 
using  He  as  atomization  gas.  After  this  run,  the  powder  can  was  replaced  by 
I  an  empty  can,  without  opening  the  plant,  and  the  second  run  using  Ar  as 
I  atomization  gas  was  performed, 
t 


■K9H 

Mixture  of  elements  nrior  to  meltine 

345 

17 

TiTlI  '■  H  m  11^—^— 

350 

23 

30» 

llOOa/BOOb 

a:  first  run  with  He  gas,  b:  second  run  with  Ar  gas. 


Table  1:  The  oxygen  and  copper  impurity  content  after  melting  and  gas- 
atomizing  intermetallic  Ti4gAl5oNb2. 
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Subsequently  two  powder  size  fractions  of  each  run  were  analysed  with 
respect  to  the  oxygen  impurity  content  [tab.  1].  The  oxygen  content  of  the  two 
size  fractions  90-125  pm  and  20-45  pm  were  found  to  be  420  and  1100  pg/g  for 
the  first  He-run  and  350  and  600  p^g  for  the  second  Ar-run.  For  both  nms  the 
oxygen  content  increases  with  decreasing  powder  particle  size  i.e.  with 
increasing  surface  area  indicating  that  the  oxygen  is  rather  attached  to  the 
surface  than  distributed  inside  the  powder  particles.  For  the  He-atomized 
powder  the  02-content  is  found  to  be  considerably  higher  than  for  the  second 
Ar  atomization.  Since  the  oxygen  content  of  both  gases  is  about  the  same,  the 
lower  02-content  of  the  Ar-powder  is  thought  to  be  a  consequence  of  the  first 
run  acting  as  a  'cleaning  run'  during  which  a  considerable  amount  of 
oxygen  is  picked  up  i.e.  from  the  walls  of  the  plant. 

In  conclusion,  an  02-content  of  600  pg/g  found  in  the  20-45  pm  fraction  of 
intermetallic  Ti4sAl5oNb2  powders  produced  during  one  of  the  first  test  runs 
of  PIGA  appears  to  be  an  excellent  value.  Moreover  further  improvements 
appear  to  1m  possible 

by  heating  the  whole  plant  up  to  150°C  during  vacuum  pumping  prior  to 
flushing  with  inert  gas. 

by  increasing  the  numbers  of  flushing  of  the  plant. 

by  using  atomization  gases  with  further  reduced  oxygen  content. 

by  'pre-atomization  runs'  used  as  cleaning  runs. 

References 

1.  R.  Gerling,  F.P.  Schimansky  and  R.  Wagner,  "Spezifikationen  der 
Pulververdiisungsanlage  zur  Herstellung  von  intermetallischen  Titan- 
Basislegierungspulvern"  (paper  presented  at  the  2nd  Symposium 
Materialforschung  1991,  Dresden,  (Germany,  26-29.  August  1991),  1,  659- 
671. 

2.  R.  Gerling,  F.P.  Schimansky  and  R.  Wagner,  "Specification  of  the  Novel 
Plasma-Melting  Inert  Gas  Atomization  Facility  PIGA  1/300  for  the 
Production  of  Intermetallic  Titanium-Based-Alloy  Powder"  (paper 
presented  at  the  1992  Powder  Metallurgy  World  Congress,  San 
Francisco,  California,  21.-26.  June  1992),  in  press. 

3.  R.M.  German,  Powder  Metalurgv  Sience.  (Princeton,  J.J.:  Metal  Powder 
Industries  Federation,  1984),  88. 

4.  E.  Klar  and  J.W.  Fesko,  Metals  Handbook  Ninth  Edition.  Volume  7 
Powder  Metallurgy.  (Metals  Park,  OHIO:  American  Society  for  Metals, 
1984),  Atomization  33. 

5.  K.  Bauckhage  et  al.,  "Spray  forming  of  liquid  steel;  local  size  and  velocity 
distributions  of  particles  in  the  spray  cone  and  their  reference  to  varying 
process  parameters"  (paper  presented  at  PM'90  World  Conference  on 
Powder  Metallurgy,  London  2.-6.  July),  (1)  207-215. 

6.  C.  McCullough  et  al.,  "Phase  Equilibria  and  Solidification  in  Ti-Al 
Alloys",  Acta  Metall.  37  (5)  (1989),  1321-1336. 


1,032 


Mlcroatruetufl 


Pewlofmt  to  moot  «d  gocgeil  XD*** 

Tl-4aa-a*t-2H»  (♦2%  TIBj)  wear  -  Gmm»  Tltanlf  lOwtoide. 

M  Jezlam,  S  Msorhouse,  M  Dope  and  P  Itostans 
itolls-Royoe  pic,  PO  Bok  31,  Dertjy  EE2  8BJ,  IK. 


Abstract 

XD  and  monolltlilc  nsar  ganma  tltanlun  aluninides  ha\«  been  Identified  as 
candidate  materials  for  hlg^  pressure  ooppresaor  stators  and  low  pressure 
turbine  blade  ^ipllcatlans  in  future  gas  turbine  engine  dewelcpments.  It 
Is  envisaged  that  weight  savings  of  ewer  100  kgs  are  possible  by 
r^laoement  of  Ml  base  suqperalloys. 

As  part  of  a  wider  ptogranwe  aimed  at  evaluating  process  -  structure  - 
property  relationships  in  both  alpha-2  and  near  gamma  tltanlun  aluninides, 
FR  have  carried  out  an  evaluation  of  Tl-48Al-2Mn-2Nb  +  2%  TIB-  in  Ingot 
and  forged  fonn.  Mlcroetructural  characterisation  has  established  the 
presence  of  a  nuiter  of  soUdlflcatlon  related  features  which  may  be 
detrimental  to  mechanical  properties.  Sene  of  toe  segregation  effects 
observed  are  specific  to  toe  XD  (TIB-  diversion)  process,  otoers  are 
related  to  toe  alloy  chemistry).  {base  diagram  modelling  is  utilised  to 
explain  partitioning  within  this  alloy  systsn. 

Finally  the  effect  of  fanning  and  heat  treatment  on  mlcrostructural 
developnent  is  discussed.  By  utilising  a  toemonechanlcal  process  route 
It  is  possible  to  generate  a  variety  of  micxostxuctures  from  lamellar  to 
equiaxed.  Ihe  effect  of  toese  structures  on  tensile  properties  is  then 


Introduction 

Ihls  peper  describes  one  aspect  of  the  Rolls-Royce  Investigation  of 
titanium  aluninides  for  gas  turbine  applications.  Ihe  c^«rall  programme 
covers  alloy  chanistry  development,  manufacturing  assessments  and  various 
engineering  aspects  such  as  design  studies  and  structure/property 
optimisation.  Oonponents  manufactured  from  near  gamma  tltanlun  aluninides 
have  been  identified  as  a  potential  replacement  far  low  preseure  turbine 
blades  currently  preduoed  In  toe  nldcel  based  casting  alloy,  IN713LC.  The 
specific  strength  and  modulus  characteristics  of  toe  near  gamma  material 
offer  significant  advantages  which  translate  to  a  possible  ICXKg  weight 
saving  oonpared  to  toe  current  design. 


Tflonium  '92 
SdtKt  and  Ttdmobgy 
Edilid  by  F.H.  FroM  and  I.  Coplon 
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Altiioug^  Investment  casting  has  been  shown  to  be  a  viable  processing 
method  for  ganina  alumlnldes,  thernomechanlcal  prooesslng  (IMP)  ac]i)eaiB  to 
offer  greater  freedom  to  m^pulate  the  mlcroetructure  and  henoe 
mechanical  pncpertles.  Both-pasting  and  TMP  and  electro-chemical 
machining  of  monolithic  and  XD  allays  are  being  evaluated  In  the  early 
stages  of  the  developnent  prograiine  prior  to  definition  of  the  optlnun 
treatment.  However,  the  present  work  concentrates  on  structural 
mechanical  property  evaluation  of  cast  plus  HIP  Ingot  and  forged 
Tl-48Al-2Mn-2Nb.  The  micros  tructural  and  property  Information  Is 
supported  by  phase  diagram  and  forging  model  ling  progranmes,  both  of  vhlch 
are  described  In  the  current  paper. 


Experimental  Prooedure  aid  Materials 

As  part  of  the  preliminary  evaluation  of  XD  gamma  alimlnide,  an  Ingot  of 
Ti-48at%Al-2at%Mn-2at%Nb  +  2\rol%  TIB-  has  been  purchased  from  Martin 
Marietta,  the  oonposltlon  of  vdrLch  is  given  below. 


Table  I 

Oomposltlon  of  XD  genua  ingot. 


A1 

at% 

tt} 

at* 

Mn 

at* 

SI 

at* 

0 

ppn 

N 

ppm 

C 

ppm 

H 

ppm 

B 

ppm 

Aim 

48 

2 

2 

Mid  Centre 

47 

1.9 

1.9 

300 

800 

105 

250 

40 

6600 

Although  Rolls-Royoe  has  Its  own  alloy  development  progranwe,  this  alloy 
was  selected  as  a  model  system  on  whicii  infarmaticn  on  process  structure 
property  relationships  can  be  determined. 

The  work  reported  in  this  paper  was  carried  cut  using  a  601b  ingot,  VAR 
melted  by  Alta  Group,  Ftntell  PA  and  HIP'ed  by  IPS,  New  Londcn,  OH.  One 
third  of  this  Ingot  was  supplied  to  Ladi^  Oo.  Inc.  to  forge  a  pancake  (> 
14"0  X  l"thlck),  the  remaining  401b8  being  retained  for  micros  tructural 
evaluation,  small  scale  ooRpresslon  testing  etc. 

Optical,  SEM,  QMA  and  Image  analysis  techniques  were  used  to  evaluate  the 
mateidal.  Phase  diagram  modelling  (Ref  1)  was  used  to  enhance 
understanding  of  phases  present  during  both  melting  and  themonechanical 
prooesslng. 


Snail  scale  conpresslon  testing  was  carried  out  at  Swansea  University 
using  6nin  x  Brnm  cylinders  taken  from  the  HIP'ed  ingot.  These  tests  were 
used  tx>  generate  an  understanding  of  the  effect  of  defannatlon  on 
mlcxostructure.  In  addition,  flow  stress  data  and  a  preliminary 
constitutive  equation  was  generated  which  will  be  used  for  modelling  of 
extrusion  and  blade  forging. 
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Figure  3  -  Higher  magnification  view  of  (Nb,Ti)^  B 
etching  feature  in  Figure  2.  ^ 


Figure  4  shcMS  areas  ^r  single  phase  ganina  grains  surrounded  by  dark  fully 
laiellar  regions.  Ite  gamna  stabilised  zone  was  found  to  be  rioh  in  A1 
and  m.  At  tl»  centre  of  the  gamna  stabilised  region,  darker  particles 
were  seen  (Figure  5).  These  were  found  to  be  Ti-Al-Mn  Intermetal  1  ics  of 
corposltion,  50.9  at  %  Al,  43.95  at  %  Ti,  1.31  at  %  Nb  and  3.68  at  %  Mi. 


Figure  4  -  Single  phase  gamna 
grains  surrounded  by  fully 
lamallar  regions 


Figure  5  -  Tl-Al-Mn 
intermetalUcs  within  the 
gamma  stabilised  region. 


These  effects  were  observed  predcmlnantly  in  the  hot  top  region  of  the 
ir^ot.  As  a  result  of  the  local  solidification  conditions,  the  low 
meltli^  point  Ti-Mn-Al  Intarmetallic  farms  within  to  the  last  liquid  to 
solidify.  This  mechanism  is  supported  by  phase  diagram  modelling 
predictions  (Ref  7)  which  shows  Mi  strongly  partitioning  in  the  last 
liquid  to  solidify  (Figure  6).  Itee  of  the  binary  Ti-Al  phase  dlagran  is 
meaningless  for  understanding  the  Ti-Al-Mi-Nb  system.  Thus  a  phase 
diagram  model  has  been  used  to  predict  the  phases  present  at  both  the 
forgirg  ani  heat  treatment  terperatures.  A  phase  dlagpiram  prediction  for 
the  ternary  Ti-Al-Mi  system  is  shown  in  Flgtre  7  (Ref  7). 


Figure  6  -  Solidification  Figure  7  -  Riaae  Prediction 

aeguenoe  for  Tl-48at%M-2at%Mn.  fat  file  Tl-Al-Mn  system. 


b)  Thermo  Mactianical  Rtooesslng 

As  descrUaed  In  Section  1  extrusion  ECM  of  HIP'ed  ingot  is  a  possible 
option  to  produce  IfT  blades.  HoNeveor.  in  order  to  produoe  the  required 
micros  tructures  and  hence  properties  it  Is  necessary  to  isiderstand  the 
defocmation  and  heat  treatment  behaviour  of  XD  gamma  aluninides.  As  a 
result  RoUs-Royoe  have  carried  out  a  ruriber.  of  anall  scale  oonpression 
tests  (Ref  8)  at  a  strain  rate  of  5  x  10“'’  s”"*^  end  at  forging  tenperatuzes 
of  1000,  1050,  1100  and  1150’C  In  order  to  eisoono  nderostructural 
development. 

The  mlcrostructures  generated  by  small  scale  coapreeslon  testing  and 
associated  control  ^wcdmene  are  shoun  in  Figure  8.  Obmpreeslon  at  1000‘C 
(Figure  8a)  stxjus  both  defotmatlon  of  the  prior  a^ha  grains  and  the  laths 
of  alpha-2  and  gamma  vd.thin  them,  Indiaatlng  that  the  material  has  been 
Morked  beloe  the  ganina  alpha  transus.  Little  or  no  equlaxed  gamma  phase 
was  observed  In  either  the  anall  scale  ocnpresslcn  spedmen  or  ths  ocnUol 
beat  treated  sanple. 

As  the  oonpresslon  tenperature  is  increased  to  1050*C  it  is  apparent  from 
Figure  8b  that  a  nacklaoe  type  structure  of  defbrmed  ptlor  alpha, 
ocntalning  alpha-2  and  ganna  lamsllae,  surrcuided  by  brcken  ip>  a^pha-2  and 
gamma  is  beginning  to  ooour.  This  trend  is  oontlnued  by  forging  at  llOO'C 
(Figure  8c),  until  forging  at  1150*C  (Figure  8d)  develops  a  fully  necklaoe 
stnxnaice.  This  oonslsts  of  200un  diameter  deformed  prior  alpha 
surrounded  by  lecrystal  lised  equlaxed  gamna,  lOun  In  diameter. 

Thus  isothermal  forging  can  significantly  refine  ths  as  oast  ingot 
structure  of  XD  gamma  tltanlun  aluninidee  to  produoe  a  'necklaoe'  type 
structure  of  recrystallised  20(in  gamma  and  broken  ip>  alpha-2  +  gamma 
lamellae. 
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Figure  8(a-d)  -  Microstructure  after  small  scale  cxsipressicn  testing  at  5 
X  and  tenperatures  of  a)  1000'’C  b)  1050°C  c)  IICXD'C  and  d)  1150°C. 


Heat  Treatment 


The  response  of  such  structures  to  heat  treatment  are  shown  in  Figures  9 
and  10  vrfiere  heat  treatments  in  the  nominally  single  phase  alpha  and 
duplex  ganma  +  alpha  region  have  been  carried  out.  Ttiis  shows  that  either 
a  fine  eguiaxed  structure  ('lOvm  grain  size)  or  a  fine  '80^In  grain  sized 
lamellar  structure  can  be  produced. 


Figure  9  -  Micrograph  of 
material  forged  and  heat  treated 
in  the  ganma  +  alpha  region. 


Figure  10  -  Micrograph  of  material 
forged  and  heat  treated  in  the 
single  phase  alpha  region,  as 
predictal  by  the  Ti-Al-Mn-Nb  phase 
diagram  model  (Ref  7). 


Mechanical  Testing 


Tensile  tests  were  performed  on  both  the  cast  plus  HIP  inept  and  on  the 
heat  treated,  isothentally  forged  pancake  at  20°C  and  750'C  (2  per 
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oonditicn).  In  addition  tlie  forging  vtas  also  tested  at  850°C.  'Vest 
specimens  were  manufactured  electrodlachargie  maciilning  cylindrical 
blanks  from  the  bulk  material  and  then  grinding  the  gauge  length  and 
threads.  Mechanical  test  data  generated  within  the  current  prograiine  is 
listed  in  Table  II. 


TABI£  II 


MATERIAL 

TEST  TOIP 

0.2%  PS 

IQS 

El 

(XM5ITICN 

(*C) 

(MPa) 

(MPa) 

(%) 

20 

377 

430 

0.5 

CAST  PUS 
HIP  IN30T 

384 

425 

0.4 

700 

323 

462 

2.5 

333 

468 

2.0 

20 

379 

465 

0.9 

HEAT 

IREAIH) 

382 

484 

1.0 

700 

322 

517 

10 

FQRGIN3 

325 

509 

20 

850 

245 

311 

26.6* 

209 

270 

103.2 

*  specimen  failed  outside  gauge  length  hence  lower  elongation 

It  can  be  seen  that  the  R.T.  0.2%  proof  stress  values  were  unaffected  by 
the  theimomechanlcal  process  route.  However,  higher  elongations  were 
observed  after  IMP.  The  effect  of  the  hi^i^  plasticity  was  to  allow 
greater  strain  hardening  and  henoe  IQS  values.  A  more  inportant  advantage 
is  that  the  ductile  to  brittle  transition  temperature  is  lowered  in  the 
forged  plus  heat  treated  oondition.  Ductility  of  the  foanged  material  at 
700°C  is  within  a  similar  range  to  that  measured  for  IN713IC  (Hef  9). 


Whilst  the  proof  stresses  decreased  with  increasing  tenperature,  as 
expected,  the  IQS  values  increased  up  to  a  test  taiperatuie  of  TOO’C. 
This  is  because  the  measured  20°C  values  were  in  fact  fracture  stresses 
rather  than  true  UIS  values.  Observations  such  as  this  are  aatman  for 
Intermetalllcs  tested  below  the  brittle/ductile  transition  tenperature 
(tef  10). 

Ccnpared  to  the  ductility  claim  for  the  matrix  alloy  (Ref  11),  the 
elongations  measured  during  the  present  study  were  significantly  lower. 
Ilx^  is  partly  due  to  the  presence  of  hard,  brittle  Ti£L  particles  In  the 
XD^  processed  material  vhlch  act  as  stress  raisers  in'^the  low  ductility 
matrix.  Additionally,  the  heat  treatment  was  developed  to  give  ar;  optinun 
property  balance  rather  than  maximxn  ductility  which  would  be  achieved  in 
a  fine  duplex  mlcroetructure,  ocnpared  to  the  fully  lamellar  structure 
tested  here  (Ref  12). 


Ooncluslcns 


this  work  has  shown  that  there  are  a  nuiter  of  processing  obstacles  to  be 
overccme  before  the  XD  process  can  be  asnsidered  as  a  viable  production 
route  for  the  manufacture  of  IJ>  turbine  blades.  Seme  of  these  problons 


are  alloy  chonlstiy  related,  some  unique  to  tte  XD  prooess.  FUrtter 
development  Is  tjndexway  to  minimise  tlie  segregation  effects  of  the 
alloyin'  additions.  The  use  of  phase  diagram  modelling  has  ponoved  a 
powerful  tool  In  the  prediction  of  not  only  segregatlcn  effects  during 
melting  but  also  structural  development  during  thermo-mechanical 
prooesslng. 

Clearly  the  aero  engine  utilisation  of  near  gamma  tltanlun  aliminldes  can 
only  be  achieved  once  a  fundamental  understanding  of 
process-structure-praperty  relationships  has  been  generated. 
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Abstract 

Chromium  (Cr)  additions  (1-3  at.%)  have  been  found  to  improve  the  room  temperature  strength 
and  ductility  of  two  phase  a2+y  alloys.  However,  little  is  understood  about  the  mechanism  of 
ductility  improvement  offered  by  Cr  additions,  and  the  effect  of  Cr  on  the  microstructure  and 
kinetics  of  microstructural  evolution  in  gamma  alloys.  In  the  present  work,  the  effects  of  Cr 
additions  on  the  kinetics  of  microstructurd  evolution  in  gamma  alloys  within  the  range  Ti  -  (46- 
49)A1  -(l-3)Cr  have  been  investigated.  Continuous  cooling  and  isothermal  transfoimation  studies 
were  conducted  on  several  gamma  alloys  to  establish  the  broad  aspects  of  the  kinetics  of 
decomposition  of  the  disordered  alpha  during  heat  treatment  above  the  eutectoid  temperature. 
Optical  and  electron  microscopy  were  used  to  characterize  the  resulting  microstructures.  A 
schematic  continuous  cooling  diagram  is  presented  and  discussed  for  Ti-48Al-20r  and  Ti^SAl- 
3Cr  alloys. 


Introduction 

Two  phase  gamma  (a2-t7)  titanium  aluminides  have  been  under  development  for  several  years  as 
potential  aerospace  propulsion  or  high  temperature  structural  materials  [1].  Due  to  the  overall  good 
oxidation  and  bum  resistance  of  gamma  titanium  aluminides,  compart  with  mme  conventional 
titanium  alloys  or  the  alpha-2  class  of  titanium  aluminides,  gamma  alloys  offer  real  promise  as  a 
light  weight  compressor  material  for  gas  turbine  engines.  However,  concerns  with  fabricability, 
damage  tolerance,  and  strength  have  precluded  their  use.  In  particular,  room  temperature  ductility 
and  fracture  toughness  are  of  concern.  Additions  of  transition  metals  (1-3  atomic  %),  such  as  Cr, 
Mn,  and  V,  have  been  shown  to  improve  the  room  temperature  ductility  of  near-gamma  alloys  [2- 
4],  and  there  are  also  data  which  suggest  that  Cr  improves  the  room  temperature  fmture  tou^ness 
of  these  alloys  [5].  These  advantages  have  led  to  the  development  of  several  alloys  containing  Cr, 
the  most  notable,  Ti-48Al-2Cr-2Nb. 

Yet,  within  this  progress  on  developing  a  useful  balance  of  properties  in  gamma  alloys,  the 
chemical  effects  on  the  intrinsic  alloy  response  versus  their  influence  on  processing  and  the  lonetics 
of  microstructure  development  cannot  be  separated.  This  is  especially  important  in  light  of  the 
strong  influence  of  microstructure  on  properties  which  has  been  demonstrated  in  near^amma 
alloys  [6-7].  Within  this  view,  the  present  manuscript  summarizes  the  status  of  known  effects  of 
Cr  on  phase  transformations  and  microstructural  evolution.  Work  is  also  underway  to  establish  the 
phase  stability  of  Cr  containing  gamma  alloys,  and  this  work  will  be  presented  elsewhere. 
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The  alloys  used  in  the  study  were  produced  as  200  gram  "cigars"  by  vacuum  arc  melting  in  Ar. 
The  nominal  and  analyzed  compositions  of  the  alloys  are  shown  below  in  Table  I. 


Table  1.  Aim  and  Analyzed  Wet  Chemistry  of  Alloys 


l.llMHi.lli.llU'KdkaM 

Analyzed  Chemistry  (at  %)  1 

ri-48  AI-2Cr 

Ti 

A1 

G 

50.1 

48.0 

1.9 

800 

49.2 

47.9 

2.9 
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A  careful  determination  of  the  alpha  transus  and  a  homogenization  study  in  each  alloy  was 
conducted  by  means  of  an  annealing  and  quench  study.  The  alpha  transi  temperatures  (T^  were  ^ 
found  to  be  approximately  1370‘C  and  1360*C  for  the  2  and  3%  Cr  alloys  respectively.  Tins  was 
also  confirm^  by  DTA  and  a  subsequent  isothermal  heat  treatment  and  quench  study  of  alloys  in 
the  homogenized  (fully  lamellar)  condition. 

The  second  part  of  the  present  investigation  comprised  a  determination  of  continuous  cooling  and 
isothermal  transformation  kinetics.  Specimens  were  glass  coated  and  heat  treated  in  air  at  T„+  (10- 
20‘C)/15  min  to  ensure  the  specimens  were  single  phase  alpha  at  temperature,  and  then  subject^ 
to  various  continuous  cooling  treatments  or  sub-transus  isothermal  annealing  treatments[8].  This 
procedure  was  chosen  to  minimize  the  time  the  specimens  were  annealed  above  the  transus,  and  to 
maximize  the  control  of  the  cooling  rates.  Following  the  thermal  treatments,  the  spwimens  were 
sectioned  and  characterized  as-polished  via  Back-Scattered  Electron  Imaging  (BEI)  imaging  on  a 
JEOL  840  SEM,  and  optical  polarized  light  microscopy. 

Results  and  Discussion 

A.  Continuous  Cooling  Studies 

Other  studies  have  shown  a  significant  effect  of  cooling  rate  on  the  decomposition  of  gamma  alloys 
heat  treated  in  the  single  phase  alpha  field.  At  relatively  slow  cooling  rates,  such  as  a  furnace  cool 
(dT/dt  <  lOO'C/min),  the  alpha  phase  will  decompose  into  the  classical  02  +  7  larnellar  structure, 
shown  in  Figure  la,  via  the  following  reaction  (for  alloys  where  Cai>47)  [8,1 1]: 

ass^(a+Y)^(a2+Y)L  ( 1 ) 

Also,  it  has  been  demonstrated  that  the  lamellar  decomposition  reaction  can  be  supcrceeded  at 
higher  cooling  rates  by  several  different  reactions  which  yield  very  different  morphologies  of  02 
and  Y.  such  as  the  massive  gamma  microstructure  (Figure  lb)  [8,9-10].  Between  these  extremes 
of  slow  furnace  cooling  and  water  quenching,  a  range  of  unique  microconstituents  can  be 
developed  in  a  fashion  akin  the  heat  treatment  of  carbon  steels.  The  purpose  of  this  study  was  to 
identify  those  different  morphologies  and  microconstituents,  and  to  begin  to  develop  a  CCT  curve  / 
in  order  to  characterize  the  effect  of  2  and  3%  O  on  the  decomposition  of  alpha. 

The  2  and  3%  Cr  alloys  were  subjected  to  a  number  of  cooling  rates  staning  from  an  annealing 
temperature  above  the  alpha  transus.  Table  II  lists  the  conditions  and  methods  employed  in  the 
cooling  rate  experiments,  and  summarizes  the  microstruemres  which  were  developed. 


Cooling  Rate 


m 


80%(Y+a2)A  +  20%( 


AC:  ~  l(P'C/min  85%(Y+a2)A  ■*•  15%(Y+a2) 


100‘C/min _ I  60%(rt-a2)i  +40%(yhx2)w  I  40% 


10‘Cymin  75%(Y+a2)L+  25%Yiv  NA 


rC/min  (7+02)1  -  Some  DCL  (7+02)1  -  Some  DCL 


O.rCl/min  I  (7+02)1  -  Heavily  DCL 


*A  -  Acckular  L  -  Lamellar;  W  -  "Widmanstatten-like";  M  -  "Massive";  DCL-  Discontinuously 
Coarsened  Lamellar 

Note:  All  microconstituent  percentages  and  cooling  rates  are  approximate. 


As  is  noted  in  Table  11,  there  appears  to  be  at  least  four  distinct  microstructural  morphologies 
obtainable  in  the  range  of  cooling  rates  employed  in  this  study.  As  mentioned  above,  the  lamellar 
structure  is  commonly  formed  at  relatively  slow  cooling  rates  such  as  a  furnace  cool  (FC)  at 
cooling  rates  of  between  10  and  100*  C/m  in,  in  the  range  of  14(X)*C  to  1 100‘C  (Figure  la).  At 
slower  cooling  rates  the  plates  coarsen  considerably,  as  can  be  seen  in  Figures  Ic  of  the  specimens 
cooled  at  O.TC/min.  The  coarsening  of  the  lamellar  plates  has  been  attributed  by  some  to  be  a 
discontinuous  coarsening  process,  and  is  most  pronounced  in  the  grain  boundary  region  [12].  The 
driving  force  for  the  coarsening  can  be  attributed  to  the  higher  equilibrium  volume  fraction,  and 
hence  driving  force  for  formation,  of  gamma  as  the  temperature  is  dropped  near  the  eutectoid 
temperature.  In  addition  to  a  discontinuous  coarsening  process,  many  of  the  plates  may  have 
originally  nucleated  and  grown  as  coarse  plates  at  temperatures  high  in  the  a  +  7  field,  a 
sup|»sition  which  seems  reasonable  in  light  of  the  isotherm^  heat  treatments  discussed  in  the  next 
section. 


j  200  pm  200  pm  ^  300(11" 

Figures  la-c.  OPL  micrographs  of  Ti-48Al-3Cr.  (a)  Furnace  cooled  at  lOO’C/min.  (b)  Water 
quenched,  (c)  Furnace  cooled  at  0.r(7min. 

At  high  furnace  cooling  rates,  such  as  an  I00*C/min,  several  other  morphologies  of  gamma  and 
alpha-2  may  be  seen  in  addition  to  the  classic  lamellar  microstructure,  and  differences  between  the 
2  and  3%  Or  alloys  become  noticeable.  At  least  three  mo^hologies  can  be  seen  in  the  3%  Cr  alloy 
with  a  cooling  rate  of  lOO'C/min:  the  classic  lamellar  microstructure  (Figure  la);  lamellar  plates 
with  many  orientations  within  a  single  prior  alpha  grain,  termed  Widmanstatten-like  plates  (Figure 
2b);  the  last  is  the  accicular,  or  neeSe-like  microconstituent  (Figure  2b). 
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100  pm 
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Figures  2a  and  b.  OPL  micrographs  of  Ti-48AI-3Cr,  furnace  cooled  at  lOO’C/min. 

The  Widmanstatten-like  microconstituent  may  be  another  morphological  variation  of  the  classic 
lamellar  structure  which  reveals  large  regions  or  colonies  of  lamellar  structure  having  more  than 
one  habit  plane  within  a  single  alpha  grain.  In  the  classic  lamellar  structure,  gamma  forms  on  the 
basal  plane  of  the  hexagonal  alpha  crystal  with  the  following  relationship:  (0001)a2lli  1 1 1  )y, 

<1 120>a2ll<l  10>Y.  This  relationship  has  been  confirmed  many  limes  by  numerous  studies  [6-7, 
9,10].  With  this  relationship  in  mind,  when  gamma  forms  only  on  the  basal  plane  of  alpha,  there 
should  only  be  one  habit  plane  for  the  plates  formed  on  each  prior  alpha  grain  (ie.  only  one 
direction  of  plates  within  a  prior  alpha  grain).  This  unique  morphology  has  also  been  observed  by 
Wang  et  al  [lOJ  in  a  similar  study,  in  which  they  refer  to  the  multi-directional  plates  as 
Widmanstatten,  or  having  a  Widmanstatten  morphology.  The  Widmanstatten-like  plates  are 
usually  found  extending  from  a  grain  boundary  or  other  disruption  in  the  lamellar  structure,  but 
often  do  not  extend  all  the  way  across  a  prior  alpha  grain.  Interestingly,  these  Widmanstatten-like 
plates  appear  to  form  on  distinct  crystallographic  planes,  similar  to  the  "Type  111”  lamellar  structure 
described  by  Kim  [1  Ij. 

The  accicular  microconstituent  is  the  alpha  decomposition  product  found  in  this  study  which  does 
not  apparently  have  an  orientation  relationship  with  the  parent  alpha  phase,  as  can  be  seen  from 
Figure  2b.  This  microconstituent  dominates  the  microstructure  of  the  air  cooled  samples  in  the  2 
and  3%  Cr  alloys,  as  described  below.  In  BSl,  very  little  contrast  can  be  seen  in  this 
microconstituent  at  the  highest  contrast  levels,  indicating  that  the  structure  is  single  or  nearly  single 
phase  gamma.  Upon  aging  at  1  lOO'C,  thin  alpha-2  needles  will  form  between  some  of  the  gamma 
needles,  but  the  overall  accicular  microconstituent  appears  stable. 

In  comparison  to  the  3%  Cr  alloy,  the  microstructure  from  the  2%  Cr  alloy  (not  shown)  is 
dominated  by  the  lamellar  and  Widmanstatten-like  microconstiluents,  with  little  of  the  accicular 
microconstituent.  This  indicates  that  the  higher  level  of  Cr  may  inhibit  the  kinetics  of  formation  of 
the  lamellar  structure.  This  effect  has  also  been  seen  in  alloys  containing  Ta  or  W,  elements  which  ( 
have  a  relatively  low  solubility  in  gamma  |8|. 

At  cooling  rates  above  lOOO'C/min,  such  as  in  an  air  cool  (AC)  between  1400  and  1 100‘C,  the 
accicular  microconstituent  dominates,  with  a  small  volume  fraction  of  lamellar  plates  emanating 
from  the  grain  boundaries,  as  shown  in  Figures  3a-b.  The  microstructure  for  the  2  and  3%  Cr 
alloys  given  an  air  cool  are  quite  similar,  with  the  3%  Cr  alloy  exhibiting  a  larger  amount  of  the 
Widmanstatten-like  plates,  with  the  accicular  microconstituent  being  the  dominant  morphology  in 
both  alloys.  It  is  not  clear  whether  the  accicular  morphology  is  a  degenerate  lamellar  structure,  or  a 
distinct  morphology  which  results  from  a  different  transformation  mechanism  from  the  lamellar  , 
structure.  In  BSl,  very  little  contrast  is  evident,  making  the  structure  very  difficult  to  see, 
indicating  it  may  be  a  variant  of  the  massive  gamma  structure. 
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Figures  3a-b.  OPL  micrographs  of  Ti-48Al-2Cr  and  Ti-48Al-3Cr  respectively,  air  cooled. 

The  structure  which  is  formed  at  the  highest  cooling  rate,  a  water  quench,  in  both  alloys  is  the 
massive  gamma  structure  mentioned  earlier.  It  should  be  noted  that  although  this  structure  is 
refered  to  as  "massive"  |9,1()|,  it  still  remains  to  be  quantitatively  proven  if  the  transformation  is  in 
fact  massive.  In  OPL  microscopy,  it  appettrs  as  a  mottled  structure  (see  Figure  lb)  which  has  very 
few  plates  or  needles.  Very  little  structure  is  discemable  at  normal  contrast  levels  in  BEI,  and  EDS 
analysis  showed  no  discemable  partitioning  of  Ti,  A1  or  Cr.  SAD  has  also  demonstrated  that  the 
structure  is  LIq,  with  a  slightly  lower  c/a  ratio  than  is  normally  found  in  gamma  [10).  If  the  prior 
alpha  phase  cools  below  To  (the  critical  transformation  temperature  where  the  free  energy  of 
formation  of  alpha  and  gamma  are  equ,-!!)  it  is  expected  that  any  supersaturated  alpha  which  has  not 
transformed  to  the  lamellar  structure  may  transfomi  in  a  massive  fashion  via  the  reaction  path  (for 
alloys  where  Cai>47): 

OjSS—^Ysiassive  |2) 

during  quenching.  In  binary  alloys  where  Cai^47,  it  has  been  demonstrated  that  the  alpha  or 
alpha-2  phase  may  be  quenched  in,  or  a  combination  of  alpha-2  and  massive  gamma  may  result 
from  quenching  19).  The  massive  gamma  structure,  because  it  is  KWVr  gamma,  is  obviously  a 
non-equilibrium  structure  in  nominally  two  phase  alloys,  and  will  decompose  upon  further 
annealing.  The  quantitative  aspects  of  this  transformation  remain  to  be  investigated. 

Referring  again  to  the  accicul.ar  micrcKonstituent,  it  may  also  be  possible  that  this  structure  is  a 
secondary  product  of  the  massive  ganima  structure,  but  in  light  of  the  apparent  non- 
crystallographic  nature  of  the  microconstituent,  this  seems  unlikely.  Even  the  massive  gamma 
microconstituent  has  been  demonstrated  to  be  coherent  or  semi-coherent  with  itself  and  the  parent 
phase.  Instead,  it  is  suggested  that  the  accicular  structure  may  have  a  different  transformation 
mechanism  than  the  lamellar  or  Widmanstatten-like  microconstituents. 


B.  Develooment  of  Microstructure  -  Isothermal  AnnealinK  Studv 


In  addition  to  the  continuous  cooling  study,  several  isothermal  annealing  experiments  were 
performed  to  verify  the  continuous  cooling  data.  The  experiments  and  results  are  summarized 
below  in  Table  III.  The  first  direct  isothermal  annealing  treatment  from  the  alpha  field  was 
conducted  at  a  slight  undercooling  below  the  transus  temperature,  where  nucleation  rates  would  be 
minimized,  but  diffusion  and  growth  rates  very  high.  The  microstructures  from  the  2  and  3%  Cr 
sample  are  shown  in  Figures  4a-b.  The  2%  Cr  sample  exhibited  very  coarse  gamma  plates  (up  to 
40  pm),  with  large  but  irregular  spacing.  The  microconstituent  between  the  gamma  plates  appears 
to  be  massive  gamma,  indicating  that  nearly  half  of  the  alpha  transformed  into  coarse  gamma  plates 
during  the  initial  furnace  c(K)1  and  isothermal  hold,  while  the  remainder  of  the  alpha  phase 
underwent  the  massive  transform.ation  to  gamma  during  the  subsequent  water  quench,.  This 
unusual  microstructure  should  then  be  composed  entirely  of  two  morphologies  of  gamma,  albeit 
unstable  forms  which  decompose  upon  low  temperature  heat  treatment.  The  3%  Cr  sample, 
however,  contains  only  the  massive  form  of  gamma,  indicating  again  that  the  higher  level  of  Cr 
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signiHcantly  retards  the  process  of  forming  lamellar  plates.  Interestingly,  the  accicular 
microconstituent  is  also  seen  in  this  specimen,  but  is  restricted  only  to  the  end  of  gamma  plates 
which  have  not  grown  continuously  across  the  prior  alpha  grain  boundary,  or  at  some  grain 
boundaries. 

Results  from  the  direct  isothermal  anneals  at  1 1S0*C  are  shown  in  Figures  Sa-b.  Specimens  fiom 
both  alloys  exhibit  a  Hne  lamellar  structure  with  a  high  volume  fraction  of  the  Widmanstatten-like 
plates,  and  a  small  amount  of  equiaxed  gamma  grains,  both  at  the  grain  boundaries  and  within  the 
prior  alpha  grains.  These  microstructures  are  difficult  to  interpret  in  light  of  the  previous  heat 
treatments  and  proposed  transformadon  paths.  One  possible  explanation  is  that  the  Widmanstatten- 
like  plates  formed  during  the  furnace  quench  to  the  lower  aging  temperature  (expected  slower 
cooling  rate  compared  to  an  air  cool  since  AT  is  smaller).  The  remaining  super-saturated  alpha 
phase  might  then  massively  transform  to  gamma,  and  subsequently  form  the  lamellar 
microconstituent  during  the  1  ISO'C  age,  as  alpha  is  precipitated  out  into  the  massively  formed 
gamma.  However,  other  possible  transformation  paths  are  being  considered. 

Schematic  Ck)ntinuous  Cooling  Transformation  (CCT)  curves  based  on  the  continuous  cooling  and 
isothermal  annealing  studies  are  presented  in  Figure  6a  and  b  for  the  2  and  3%  Cr  alloys 
respectively.  Several  assumptions  have  been  made  in  constructing  the  CCT  diagrams,  the  largest 
assumption  being  that  the  Widmanstatten-like  microconstituent  is  a  derivative  of  the  classic  lamellar 
structure,  formed  at  higher  cooling  rates,  and  as  such,  is  not  shown  explicitly.  Further,  an 
assumption  has  been  made  that  the  start  of  the  massive  gamma  transformation  occurs  at  -Tq. 

Alternative  constructions  are  being  considered.  The  start  (1^.)and  finish  (Tit)  curves  for  the  lamellar 
transframation  were  in  part  determined  from  continuous  cooling  data  from  DTA. 

Table  HI.  Effect  of  Continuous  Cooling  and  Isothermal  Anneals 


FC 

Ta+30*C/15min^ 

T„-20’C/lhr^WQ 

40%Ycp  60%Ym 

10%YcP 

To+30*C/15min-» 

50%(Y+a2)L  '*0%(Y+a2)Yw  + 

40%(Y+a2)L  +  50%(Y+a2)Yw  + 

1150*C/lhr-»WQ 

I0%Yg 

10%Yc 

*  A  -  Acicular,  L  -  Lamellar,  W  -  "Widmanstatien-like";  G  -  Equiaxed  Gamma  Grains;  CP  -  Coarse 
Gamma  Plates;  M  -  "Massive"  Gamma 

fFQ:  Direct  quench  to  lower  temperature  furnace;  FC;  lOO'C/min  to  the  lower  temperature 


^  300  pm  300  pm 

Figures  4a  and  b.  OPL  micrographs  of  Ti-48Al-2Cr  and  Ti-48AI-3Cr  respectively, 
Ta+30’C/15min-»  Ta-20’C/lhr-»WQ. 
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Summary  and  Conclusions 


The  present  investigation  has  demonstrated  that  the  addition  of  Cr  to  near  gamma  alloys  has  a 
strong  effect  on  both  the  phase  equilibria  and  the  kinetics  of  microstnictural  evolution.  It  has  been 
demonstrated  that  Cr  acts  as  an  alpha  stabilizer,  decreasing  the  alpha  transus  temperature  by 
approximately  10*C  per  atomic  percent  Cr,  up  to  3%  Cr.  Evidence  also  indicates  that  Cr  restricts 
the  a2-f7  phase  field  by  shifting  the  gamma  transus  toward  the  Al-lean  region,  thereby  decreasing 
the  equilibrium  solubility  of  Al  in  gamma  in  the  presence  of  alpha  or  alpha-2. 

Characterization  of  tlie  microstructural  evolution  indicates  the  Cr-rich  B2  phase  in  cast  Cr 
containing  gamma  alloys  is  metastable  between  1 100  and  1400‘C  in  near-gamma  alloys  with  1-3 
at%  Cr.  The  B2  phase  is  most  likely  a  ordered  derivative  of  the  BCC  Ti-Cr  phase  which  should 
solidify  first  from  the  melt.  It  has  been  demonstrated  that  the  B2  phase  will  go  into  solution 
following  hot  working  and  annealing,  or  a  heat  treatment  in  the  single  phase  alpha  region.  Below 
1 100*C,  in  the  alloys  containing  more  than  2  atomic  percent  Cr,  two  Cr  rich  phases  arc  present 
which  are  not  alpha-2.  The  compositions  of  these  phases  are  roughly  Ti2AICr  and  TiAlCr 
respectively.  AEM  analysis  of  these  phases  is  continuing,  and  the  results  will  be  presented 
elsewhere. 

At  least  four  distinct  microconstituents  containing  unique  morphologies  of  alpha-2  and  gamma 
have  been  observed  in  this  study  in  addition  to  the  typically  observed  fully  lamellar  microsmicture. 
These  are:  coarsened  fully  lamellar;  accicular;  Widmanstatten-like  plates;  and  massive  gamma. 
Further  distinctions  within  these  may  be  possible.  It  is  believed  that  a  discontinuous  coarsening 
mechanism  is  responsible  for  the  interlocking  undulated  grain  boundaries  seen  in  alloys  cooled  at 
slow  cooling  rates.  The  accicular  microstructure  appears  to  be  the  only  varient  which  may  not  have 
a  crystallographic  relationship  with  the  parent  alpha  phase.  Further,  the  addition  of  Cr  to  near 
gamma  alloys  retards  the  rate  of  alpha  decomposition,  effectively  shifting  the  CCT  domains  for  the 
lamellar,  Widmanstatten-like,  and  massive  gamma  microstructures  to  the  longer  times  or  slower 
cooling  rates. 

Careful  Analytical  Electron  Microscopy  studies  are  needed  to  further  elucidate  the  decomposition 
transformations  of  alpha  in  two-phase  gamma  alloys,  and  the  mechanisms  by  which  they  occur. 
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Abatraet 


The  results  of  a  recent  study  of  the  effects  of  heat  treatment  on  the  microstructural  evolution 
and  fracture  behavior  of  an  extruded  ingot  metallurgy  gamma-based  Ti-48AI-1.5Cr  alloy 
(compositions  quoted  in  atomic  %  unless  stated  otherwise)  are  presented.  These  include 
room-  and  elevated-temperature  tensile  property  data,  room-temperature  fracture  toughness 
values  and  fatigue  crack  growth-rate  data.  The  paper  assesses  the  influence  of  heat  treatment 
in  the  a  -t-  Y  and/or  a,  +  y  phase  fields  on  microstructural  evolution  and  mechanical 
properties.  The  addition  of  1 .5  at.%  Cr  to  Ti-48AI  is  shown  to  slow  down  the  microstructural 
transformation  kinetics  and  improve  damage  tolerance.  A  heat  treatment  schedule  that  results 
in  attractive  combinations  of  room-  and  elevated-temperature  properties  is  presented. 

Introduction 

Recent  efforts  to  develop  hypersonic  vehicles  have  stimulated  renewed  interest  in 
gamma-based  titanium  aluminides  for  intermediate-temperature  (700-100*0)  structural 
applications  (1).  The  strong  interest  in  this  class  of  alloys  has  been  due  largely  to  their 
attractive  strength  retention  and  creep  resistance  at  elevated  temperatures  (1,2). 
Unfortunately,  however,  the  use  of  gamma-based  alloys  has  been  limited  by  the 
room-temperature  fracture  properties,  in  spite  of  recent  improvements  in  ductility  (3-9)  and 
damage  tolerance  (10-12).  The  engineering  of  a  good  balance  of  room-  and 
elevated-temperature  has  also  been  difficult  due  to  the  often  conflicting 
microstructural/composition  requirements  for  strength,  ductility  and  toughness  (13,14). 

This  paper  explores  the  potential  for  engineering  ‘balanced'  properties  in  an  extruded  Ti-48AI- 
1 .5Cr  alloy.  Balanced  properties  are  engineered  by  systematic  heat  treatment  in  the  a  +  y 
and/or  t  phase  fields  after  extruding  near  the  a-transus  with  an  extrusion  ratio  of  14:1. 
The  alloy  is  shown  to  have  attractive  combinations  of  room-  and  elevated-temperature 
strength,  fracture  toughness  and  better  fatigue  crad<  growth  resistance  than  mill  annealed  Ti- 
6AI-4V  after  careful  control  of  microstructure  via  extrusion  and  heat  treatment. 

Matarfaia  and  Haat  Traatmant  Sehadufaa 

The  ingots  employed  in  the  study  were  procured  from  Duriron,  Dayton,  OH,  sealed  in  Ti-€AI-4V 
cans,  and  extruded  at  1343*C  at  the  Wright  Patterson  Air  Force  Base,  Dayton,  OH,  with  a 
reduction  ratio  of  14:1 .  The  resulting  extrusions  contained  35.2  wt.  %  Al,  0.01 1  wt.  %  C,  0.044 
wt.  %  0, 42  ppm  N  and  19  ppm  0. 
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Two  sets  of  heat  treatments  were  carried  out.  The  first  set  of  heat  treatments  involved  two 
stage  annealing  (TSA)  in  the  a  -t-  y  and  S;  y  phase  fields.  The  first  stage  of  the  TSA  was 
done  at  different  temperatures  in  the  a  -t-  y  phase  field  to  introduce  different  volume  fractions 
of  lamellar  and  equiaxed  grains.  This  was  followed  by  a  stabilization  anneal  at  982°  C  which 
was  designed  to  improve  chemical  homogeneity  and  promote  further  transformation/diffusion 
until  equilibrium  conditions  were  reached  at  the  maximum  potential  service  temperature  of 
982°  C.  Stabilization  annealing  was  carried  out  at  982°  C  for  4  and  100  h.  The  second  set  of 
heat  treatments  involved  annealing  solely  in  the  Y  phase  field.  This  included  annealing 
at  982° C  for  4  or  too  h  and  an  empirical  three-stage  heat  treatment  (13)  which  henceforth  will 
be  referred  to  as  HTC. 

The  tensile  tests  were  conducted  on  smooth  cylindrical  button-heated  specimens  with  a  gage 
diameter  of  -3.18  mm.  These  were  loaded  monotonically  to  failure  at  a  ramp  rate  of  5  x  10'* 
s'.  The  fracture  toughness  and  fatigue-crack  growth  rate  tests  were  conducted  on  single 
edge  notched  (SEN)  specimens  with  a  square  cross-section  (6.35  x  6.35  mm^  and  a  length 
of  -50  mm.  The  SEN  specimens  were  pre-cracked  under  far-field  compression  loading  (13) 
prior  to  fatigue  or  fracture  toughness  testing  under  three-point  bending  loading.  The  fracture 
toughness  specimens  were  loaded  monotonically  to  failure  at  a  ramp  rate  that  corresponded 
to  a  stress  intensity  factor  increase  rate  of  0.92  MPa^m  s  '  at  the  crack-tip.  The  fatigue  crack 
growth  rate  specimens  were  subjected  to  constant  amplitude  sinusoidal  loading  at  a  cyclic 
frequency  of  10  Hz.  Initial  loads  that  corresponded  to  a  stress  intensity  factor  range,  Al^  of 
7  MPa%/m  were  employed,  and  the  load  range  was  maintained  constant,  i.e.,  AP  =  P„,„  -  P„,„, 
during  the  tests  which  were  stopped  prior  to  specimen  fracture  for  microscopic  examination 
of  the  interaction  of  the  crack  path  with  the  underlying  microstructure.  SEN  specimens  were 
then  fractured  under  monotonic  loading,  and  the  fracture  surface  morphologies  were  examined 
by  scanning  electron  microscopy  (SEM). 

Results  and  Discussion 

(at  Mlcrostructural  Evolution 

Ternary  alloying  with  1.5%  Cr  and  heat  treatment  have  very  significant  effects  on 
microstructure,  as  shown  in  Figures  1  and  2.  The  as-extruded  alloy  has  a  coarse  (150-2(X) 
^m)  nearly  lamellar  microstructure  with  small  recrystallized  equiaxed  y  grains  at  some 
colony /grain  boundaries  (Figure  la).  Three-stage  annealing  (HTC)  results  in  the 
recrystallization  of  small  (3-5  |im)  equiaxed  y  grains  (Figure  1b),  while  single  stage  annealing 
at  982°C  results  in  progrei.sive  transformation  to  a  microstructure  with  -80%  lamellar  volume 
fraction  after  100  h  (Figures  1c  and  d). 

Two-stage  annealing  of  Ti-48AI-l.5Cr  results  in  relatively  slow  transformation  from  a  nearly 
lamellar  as-extruded  microstructure  to  nearly  lamellar  or  duplex  microstructure,  with  a  high 
incidence  of  mlcrostructural  twins  (Figures  2a-d).  in  fact,  further  annealing  studies  revealed 
that  long  annealing  durations  (up  to  100  h  each  at  1150  and  982°  C)  are  needed  to  reach 
microstructural  equilibrium  conditions  in  Ti-48AI-1.5Cr  (Figure  3).  Alloying  with  Cr  therefore 
promotes  microstructural  stability  apparently  as  a  result  of  slow  transformation  kinetics.  A 
coarse  (1(X)-2(X)  um)  aj  y  packet  size  is  also  promoted  by  the  addition  of  Cr.  It  is  also 
Interesting  to  note  that  a  high  incidence  of  twinning  is  observed  in  the  equilibrium 
microstructures  produced  after  prolonged  annealing  of  Ti-48AI-1 .5Cr  (Figure  3).  Further  details 
of  the  possible  phase  transformations  in  ternary  Ti-AI-Cr  gamma  alloys  are  provided  in  Ref. 
(15). 

(bt  Fracture  Pronertles 


Ternary  alloying  of  Ti-48AI  with  1 .5  at%  Cr  has  a  very  significant  effect  on  fracture  properties, 
as  shown  in  Table  I.  At  room  temperature,  Cr  promotes  increased  strength  and  toughness 
in  all  the  microstructural  conditions  that  were  examined.  The  highest  fracture  toughness  of 
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100  nm 

Figure  3  -  Slow  microstructural  transformation  in  Ti-48AI-1 .5Cr  at  (a)  1  l50°C/2  h/AC,  (b) 
11 50”  C/8  h/AC,  (c)  11 50”  C/24  h/AC,  (d)  1150”C/100  h/AC  +  982”  C/ 100 
h/AC  (AC  =  Air  Cool). 


32  MPa  v/m  is  greater  than  that  of  most  conventional  structural  aluminum  alloys.  The 
Ti-48AI-1.5Cr  alloy  also  retains  its  strength  up  to  815”C.  The  “best*  balance  of  fracture 
properties  is  again  obtained  after  three-stage  heat  treatment  in  the  Oj  +  y  field  (HTC). 
Prolonged  annealing  in  the  +  y  fieid  at  982°  C  results  in  iower  strength  and  fracture 
toughness  which  again  is  associated  with  lower  lamellar  volume  proportions  after  prolonged 
annealing  (Figures  1  and  2).  The  drop  in  strength  obsenred  after  anneaiing  may  also  be 
attributed  partly  to  the  annealing  out  of  stored  work  due  to  extrusion  (13). 


The  fatigue  crack  growth  rate  data  for  the  Ti-48AI-1 .5Cr  alloy  are  compared  with  previously 
obtained  data  for  miil  anneaied  (MA)  Ti-6AI-4V  (16)  in  Figure  4.  The  alloy  has  better  fatigue 
crack  growth  resistance  than  MA  Ti-6AI-4\/  in  the  as-extruded  condition,  and  after  heat 
treatment  (HTC).  Very  little  difference  was  observed  between  the  fatigue  crack  growth  rates 
in  as-extruded  and  heat  treated  (HTC)  material.  This  suggests  that  the  improvements  in 
fatigue  crack  growth  resistance  are  due  largely  to  intrinsic  effects  of  Cr.  However,  more  work 
is  needed  to  distinguish  between  solid  solution  and  microstructural  effects  on  the  fatigue  crack 
growth  behavior  of  this  alloy.  Nevertheless,  the  results  are  very  significant  since  they  indicate 
the  potential  to  engineer  damage  tolerant  gamma  alloys  with  better  fatigue  crack  growth 
resistance  than  MA  Ti-6AI-4V  which  is  currently  used  as  a  structural  material  in  aerospace 
structures. 


It  is  clear  from  the  above  discussion  that  the  “best*  balance  of  properties  was  obtained  using 
the  empirical  heat  treatment  (HTC).  This  heat  treatment  has  been  found  to  promote  the  best 
balance  of  room-  and  elevated-temperature  properties  in  a  wide  range  of  gamma  alloys  (14) 
although  the  precise  reasons  for  its  effects  are  not  fully  understood  at  present.  More  recently, 
Ti-48AI-1 .5Cr  has  been  shown  to  have  better  primary  and  secondary  resistance  than  the 
quarternary  Ti-48AI-2Cr-2Nb  alloy  subjected  to  HTC  and  similar  extrusion  conditions  (14).  The 
alloy,  therefore,  has  significant  potential  for  future  elevated-temperature  structural  applications 
although  its  oxidation  resistance  may  require  some  improvement. 
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9e2'’C/4  h/AC _ 31.8(28.9)  1.0  625(90.6)  710(103.0)  214(31.1) 

9e2°C/100  h/AC _ 21.2(19.3)  1.6  523(75.8)  584  (84.8)  160(26.1) 

982°C/4  h/AC  +  704*C/8  h/FC  +  815'’C/24  30.7  (27.9)  1.4  607  (88.0)  704  (102.1)  160  (23.2) 

h/AC _ 

As-ExtfudedW _ 32.2(29.3)  1.0  630(91.4)  809(117.3)  147(21.3) 


TABLE  1.  -  (Continued 
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Figure  4  •  Effects  of  heat  treatment  on  the  fatigue  crack  growth  rates  of  Ti-48AI-1 .5Cr. 


Conduslono 

A  high  incidence  of  microstructural  twinning  is  observed  in  the  microstructures  of  Ti- 
48Ai-1.5Cr  produced  by  two-stage  annealing  in  the  a  y  and  t  fields  or 
prolonged  annealing  in  the  a  y  field  after  extrusion  at  1343*0.  Two-stage  annealing 
also  generally  results  in  lower  strengths  (presumably  as  a  result  of  the  annealing  out 
of  stored  work  due  to  extrusion),  ductility  and  fracture  toughness. 

Ternary  alloying  of  Ti-48AI  with  1 .5%  Or  results  in  the  formation  of  coarse  (100-200  pm 
grain  size)  microstructures  with  very  slow  transformation  kinetics.  The  nearly  lamellar 
microstructure  produced  by  extrusion  at  1343°C  followed  by  three-stage  annealing 
(HTC)  has  the  ‘best'  balance  of  microstructural  stability,  strength,  toughness  and 
fatigue  crack  growth  resistance. 
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Abstract 

The  effects  of  refining  grains  in  Ti-rich  TiAl(  y  )  on  its  basic  mechanical 
properties  such  as  tensile  properties,  creep  strength  and  fracture  toughness, 
been  studied  by  comparing  two  microstructures,  duplex  of  coarse  y  grains  with 
lamellar(  y  *  a  z)  and  fine  equi-axed  grains  structures.  The  refinement  of 
grains  strongly  affects  the  mechanical  properties,  improving  strength  below  the 
DBT  temperature  and  ductility  at  room  to  elevated  temperatures,  while 
deteriorating  high  temperature  strength  including  creep  strength  and  fracture 
toughness.  It  is  suggested  that  crack  initiation,  crack  propagation  and  hot 
deformation  behaviours  relating  with  the  microstructures  determine  the 
mechanical  properties.  It  was  emphasized  that  the  selection  of  roicrostructure  is 
necessary  depending  on  the  application,  and  microstructures  for  well  balanced 
mechanical  properties  can  hardly  be  obtained  by  controlling  grain  size  only. 

Introduction 


Most  intermetallic  compounds  with  ordered  structure  maintain  strong  atom 
bonding  to  elevated  temperatures,  which  is  attractive  as  heat  resistant 
materials.  TiAl,  designated  as  y,  has  a  large  potential  to  be  used  as  a  high 
temperature  structural  material,  especially  for  aerospace  industries,  because  of 
its  light  weight  and  mechanical  stability  at  elevated  temperatures  up  to  about 
1073K.  However,  it  suffers  from  poor  ductility  and  low  fracture  toughness,  which 
are  essential  characteristics  in  most  intermetallics'” .  Ti-rich  compositions  of 
TiAl  exhibits  better  room  temperature  ductility  than  the  stoichiometric 
composition  and  small  amounts  of  ternary  elements  are  often  added  to  the 
composition  < '  ’  .  in  addition  to  alloy  design,  microstructural  control  may  be  an 

important  technique  to  improve  the  above  properties.  It  is  known  that  coarse 
grained  lamellar  structures  obtained  in  as-cast  ingot,  or  in  material  heat  treated 
in  the  high  temperature  single  a  phase  region,  exhibits  poor  ductility'®’. 
Refining  the  microstructure  can  often  be  an  effective  way  to  improve  ductility  in 
conventional  disordered  alloys  and  intermetallic  compounds  as  with  NiaAl  doped 
with  boron  ‘®’ . 

The  purpose  of  the  present  study  is  to  investigate  the  effect  of  refining  grains 
on  basic  mechanical  properties  in  Ti-rich  TiAl,  such  as  tensile  properties, 
fracture  toughness  and  creep  strength,  by  comparing  two  microstructures, 
coarse  and  fine  grains  structures. 
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Experimental 

The  alloy  composition  examined  was  Ti-33.3Al-1.7Mo-0.060(in  wtX)  equivalent  to 
TiszAUr  aMoo. -7,  in  which  Mo  was  doped  into  Ti-rich  TlAl  in  order  to  improve 
room  temperature  ductility and  oxidation  resistance"*’.  A  large  ingot  (250kg) 
was  obtained  by  double  melting  using  vacuum  arc  remelting(VAR).  The  ingot  was 
subsequently  HIPed  at  1373K  in  Ar  atmosphere  to  eliminate  cavities  formed 
during  solidification  and  to  ensure  homogeneity  in  the  microstructure. 
Refinement  of  microstructure  was  achieved  by  isothermal  forging.  Small  blocks 
machined  from  the  ingot  were  isothermally  forged  to  15  or  30mm  thickness  plates, 
which  were  both  forged  at  1223K  with  an  initial  strain  rate  of  5xl0“'‘s" ' ,  by  an 
SOX  reduction  in  thickness.  The  forged  plates  were  then  annealed  at  1273K  for 
3.6ks  followed  by  air  cooling  (designated  as  IFA).  Microstructures  of  as-HIPed 
and  IFA  materials  are  shown  in  Figure  1.  As-HIPed  material  exhibits  the  mixed 
structures  of  large  coarse  y  grains  and  lamellar  structure  consisting  of  thin  y 
plates  and  thin  a  z  layers,  in  which  lamellar  structure  in  as-cast  condition 
partly  transformed  to  single  y  phase.  The  structure  of  IFA  material  shows  fine 
equi-axed  y  grains  up  to  30  m  with  a  small  amount  of  TisAU  a  z). 


Figure  1  Microstructures  of  TIszAUt.  zMoo.  examined.  (a)As-HIPed  (b)IFA. 


Tensile  properties  from  room  temperature  to  1273K  were  examined  in  air  using 
cylindrical  specimens  of  4  or  6.25mm  diameter.  Creep  rupture  tests  were  carried 
out  at  1073K  and  1173K  using  cylindrical  test  pieces  with  6mm  in  diameter. 
Fracture  toughness  was  measured  at  room  temperature  with  standard  size  CT 
test  pieces  with  25.4mm  in  thickness  in  which  fatigue  crack  was  introduced. 
Microstructures  were  characterized  by  optical  microscope  and  TEM  and  fracture 
surfaces  were  examined  by  SEM. 

Results 

Tensile  Pixjperties 

Strength  Variation  of  tensile  properties  with  temperature  are  shown  in  Figure  2. 
It  shows  that  IFA  material  exhibits  higher  0.2X  proof  stress  by  lOOMPa  than 
As-HIPed  material,  showing  refining  grain  size  substantially  increases  the  yield 
strength.  This  result  supports  the  previous  reports  that  TiAl  obeys  the 
Hall-Petch  relationship'®’"^’.  0.2X  proof  stress  in  both  materials  continuously 
decreases  with  the  temperature  and  no  anomalous  increase  of  strength  with 
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Figure  2  Temperature  dependence  of  tensile  properties  in  Ti5zAl.a7  sMoo,  t.  (a) 
0.2X  proof  stress,  (b)tensile  strength,  (c)elongation  and  (d)reduction 
in  area. 

temperature  as  in  Liz  type  intermetallics  was  observed.  The  difference  between 
the  two  materials  in  0.2X  proof  stress  becomes  small  with  the  increase  of 
temperature  and  eventually  equal  above  1073K.  With  regard  to  the  tensile 
strength,  IFA  material  exhibits  higher  strength  than  as-HIPed  material  at  room 
temperature  just  as  0.2X  proof  stress.  However,  they  exhibit  considerably 
different  behaviour  at  elevated  temperature.  As-HIPed  material  maintains  the 
room  temperature  strength  up  to  1073K,  then  it  abruptly  decreases  above  the 
temperature.  In  IFA  material,  on  the  contrary,  it  decreases  even  at  873K,  then  it 
shows  a  discontinuous  increase  at  973K,  and  decreases  again  rapidly  above  this 
temperature.  This  discontinuity  is  due  to  the  substantial  plastic  deformation 
above  973K,  whereas  it  fractures  before  exhibiting  sufficient  ductility  below 
973K,  implying  that  ductile-brittle  transiUon(DBT)  temperature  exists  between 
and  873  and  973K  in  IFA  material. 

Ductility  As-HIPed  material  exhibited  less  than  0.2X  tensile  elongation  at  room 
temperature,  whereas  distinct  elongation  more  than  0.5X  was  observed  in  IFA 
material,  showing  that  refining  grains  improves  room  temperature  ductility. 
As-HIPed  material  shows  substantial  elongation  above  1073K,  whereas  IFA 
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materials  does  so  above  973K(  Figure  2c),  which  are  reverse  behaviour  in 
strength  stated  above.  Furthermore,  the  increase  gradient  in  IFA  material  is 
considerably  higher  than  as-HIPed  material  to  reach  180X  at  1273K.  The 
appearance  of  superplasticity  in  fine  grains  structure  is  consistent  with  the 
previous  result'*' .  Reduction  in  area  follows  same  manner  in  elongation,  in  which 
it  attains  close  to  lOOX  above  1073K  in  IFA  material.  This  is  attractive  for  hot 
working  of  TiAl. 

Creep  Rupture  Strength 

Creep  rupture  curves  at  1073  and  1173K  in  the  two  materials  are  shown  in  Figure 
3.  IFA  material  with  fine  grains  structure  shows  substantially  lower  creep 
strength  than  as-HIPed  material.  360ks(100hr)  creep  rupture  time  in  as-HIPed 
and  IFA  materials  obtained  from  Figure  3  were  200  and  135MPa  at  1073K  and  185 
and  93MPa  at  1173K  respectively.  It  should  also  be  noted  that  the  slopes  of 
curves  in  IFA  material  are  significantly  larger  than  those  in  as-HIPed  material. 
These  results  are  as  expected  from  the  high  temperature  strength  stated  above, 
although,  strictly  speaking,  effects  of  microstructure  are  not  always  consistent 
between  high  temperature  strength  and  creep  strength"*’.  A  TEM  micrograph  of 
creep  specimen  of  IFA  material  ruptured  at  1073K  is  shown  Figure  4.  A  number  of 
twins  were  observed  in  a  grain  and  they  transmit  to  neighbour  grains  and  a  lot 
of  dislocations  were  also  found  in  twin  plates,  suggesting  that  both  twinning  and 
slip  dominate  creep  deformation  in  TiAl.  It  is  also  interesting  to  note  that  fine 
grains  without  deformation  structure  at  grain  boundaries  in  the  bottom  right  of 
the  photograph,  which  are  expected  to  have  newly  formed  by  dynamic 
recrystallization  during  creep  deformation. 


O  A  :  As  HI  Pad 
•  A  :  IFA 
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Figure  3  Creep  rupture  curves  in  TiosAUT.  aMoo  t  at  1073  and  1173K. 


Kisutv  I  Tt:M  miiTogi'aph  of  ci-ocp  spooinien  in  isol liermall>  foff>i‘(.l  and  annealed 
Ti-  jAl-i  •  3M0-  '  I'uptnred  al  1073K  iindei’  laOMI'a  foi'  222ks. 


'.U'o  Touahness 

Kraelure  loualitiese  of  As-lilPed  and  IKA  materials  weiv  21Ml'a-nr  ‘  and  11 
Ml’a-m  ‘  ,  respe<  l i\ ely .  The  load-distance  <'iirves  shoved  tlu'  stable  cia<’k 
growth  to  fracture.  The  former  did  not  satisfy  the  condition  for  the  validity  of 
K  7,  1',;  ,.  4  1.11’..  on  the  other  hand,  the  validity  was  I'onfirmed  on  IF.\ 
material,  h.  of  the  former  is  higtier  than  those  in  ceramics,  however  the  latter  is 
close  to  those  in  ceramics  which  have  high  fracture  toughness.  These  values  of 
K  (K.)  are  consistent  with  previously  repoi'ted  values  of  10-.30MPa-m 
This  r<>sult  shows  the  refining  grains  in  Ti.AI  substanliallv  decrease  the  fracture 
toughness.  Kractographs  of  the  two  materials  are  shown  in  Kigure  5.  As-HlPed 
material  I'xhibils  rough  cleavage  fracture  surfai  es  containing  steps  and  flat 
regions,  whii’h  corresponds  to  crack  propagation  passing  aci'oss  lamellar  plates 
and  passing  along  lamellar  interfaces  or  grain  boundaries  resiiect ively .  On  the 
contrary,  IP.A  material  exhibited  very  flat  fracture  surface  macroscopically 
indicating  that  cracks  jiropagate  straight.  The  large  magtiificat  ion  of  the 
fractograph( Kigure  nc)  reveals  the  lavau's  which  reflect  the  fine  and  coarse 
grain  bands  of  mici-ost  ru<'ture( FigureU>)  attriliuted  to  unidirectional  isothermal 
forging,  and  no  giain  boundary  (only  cleavage  fr.actiire)  was  observed. 

Discussion 

The  above  results  show  that  the  refinement  of  grains  strongl.v  influences  the 
mechanical  properties  in  Ti.AI  based  .alloys  as  follows.  The  lefinement  of  grains 
improves  (irixif  stress  and  tensile  strength  below  DBT  temperature,  diK’tilit.v  at 
room  and  elevated  temper.at ures,  while  deteriorates  tensile  strength  at  elevated 
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F'igiire  5  Fractographs  of  CT  specimens  in  TissAla-r.  sMoo.  examined.  (a)As-HIPed 
(b)  and  (c)IFA. 


temperatures,  and  fracture  toughness  at  room  temperature.  It  is  quite  important 
to  note  that  the  fracture  toughness  of  the  fine  grain  microstructure  is  half  of 
that  in  coarse  grains  structure  and  the  value  is  close  to  those  in  high  fracture 
toughness  ceramics.  Furthermore,  the  decrease  in  high  temperature  strength, 
including  creep  strength,  by  grain  refinement  is  a  serious  problem  for  a  high 
temperature  material.  These  facts  limit  the  advantages  of  this  material  for 
engineering  use  when  compared  to  ceramics  or  conventional  high  temperature 
alloys  such  as  superalloys. 


The  improvement  of  room  temperature  ductility  by  refining  grains  may  be  due  to 
the  reduction  of  stress  concentration  at  the  grain  boundaries,  which  results  in 
crack  initiation  at  the  grain  boundaries  in  coarse  grain  structures.  In  the 
deformation  at  elevated  temperatures,  dynamic  recrystallization  easily  occurs  in 
TiAl  based  alloys  resulting  in  stress  relief  and  furthermore  grain  boundary 
sliding,  which  is  enhanced  in  fine  grains  structure  leading  to  the  reduction  in 
high  temperature  strength  associated  with  substantial  ductility.  For  crack 
propagation  in  fracture  toughness  tests,  once  cracks  are  formed,  it  was  found 
that  cracks  do  not  preferentially  propagate  at  grain  boundaries  in  fine  grain 
structures.  This  implies  that  the  minimum  stress  for  crack  propagation  in 
taransglanular  cleavage  mode  is  substantially  lower  than  that  for  crack  initiation 
at  the  grain  boundaries  leading  to  crack  blanching.  This  means  that  the  stress 
for  cleavage  fracture  is  considerably  low  so  that  grain  boundary  fracture  does 
not  occur  and  eventually  cracks  propagate  straight,  regardless  of  grain 
boundaries,  leading  to  very  low  fracture  toughness  in  fine  grain  structures.  In 
coarse  grain  structures,  stress  concentration  easily  occurs  at  grain  boundaries 
or  the  lamellar  boundaries,  especially  a  s  layers  interfere  with  crack 
propagation  passing  across  lamellar  plates,  resulting  in  higher  fracture 
toughness. 

The  results  suggest  that  it  is  not  easy  to  achieve  high  ductility  without 
sacrificing  fracture  toughness  or  high  temperature  strength  only  by  refining 
grain  size.  These  imply  that  the  optimum  microstructure  which  exhibits  well 
balanced  properties  may  need  modification  of  morphology  in  grains  such  as 
lamellar  or  precipitates  coupled  with  the  control  of  grain  size.  It  was  reported 
that  lamellar  structure  shows  high  strength  at  elevated  temperatures  and 

that,  even  in  fully  lamellar  structure,  finer  grain  size  exhibits  better  room 
temperature  ductility,  although  ductility  is  small  probably  because  of  coarse 
grain  size  due  to  heat  treatments  at  high  temperatures”®’.  The  refinement  of 
lamellar  grains  requires  thermomechanical  treatments””.  Although 
considerably  coarse  duplex  structure  of  equi-axed  y  and  lamellar  in  the  present 
study  showed  very  little  room  temperature  ductility,  refined  duplex 
microstructure  shows  high  room  temperature  tensile  elongation  more  than 
3%”°’.  It  must  be  noted  that  these  these  designed  microstructures  based  on 
fine  grains  exhibit  relativel,v  high  ductility  but  the  data  on  high  temperature 
strength  are  very  limited.  Ti-rich  TiAl  with  two  phase  microstructures  involve 
phase  transformations  at  high  temperatures  as  understood  from  the  phase 
diagram,  so  that  it  can  give  a  vride  variety  in  modification  of  two  phase 
structures.  Further  development  of  optimum  microstructures  in  TiAl  based 
alloys  is  one  of  the  most  important  subjects  for  improving  mechanical  properties 
for  applications  as  engineering  materials. 

Conclusion 


The  refinement  of  grains  strongly  influences  the  mechanical  properties  of 
Ti^zAU--.  sMoo  ’  as  follows.  The  refining  grains; 

-improves  :  proof  stress  and  tensile  strength  both  below  the  DBT 
temperature,  ductility  at  room  and  elevated  temperatures 
-deteriorates  :  tensile  strength  at  elevated  temperatures  above  the  DBT 
temperature.  Fracture  toughness  at  room  temperature 


Improvement  of  ductility  by  refining  grain  size  sacrifices  high  temperature 
strength  and  fracture  toughness  which  are  important  properties  in  TiAl  based 
adloys.  The  optimum  microstructure  which  exhibits  well  balanced  properties  may 
need  the  modification  of  morphology  in  grains  such  as  lamellar  or  precipitates  in 
addition  to  grain  size  . 
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The  Effects  of  Al,  Cr,  Nb,  and  Ta  on  the  Tensile 
Properties  of  Cast  Gamma  Titanium  Aluminide 
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GE  Aircraft  Engines,  Cincinnati,  OH  45215 
*GE  Corporate  Research,  Schenectady  NY  12301 

Abstract 

Al,  Cr,  Nb  and  Ta  were  varied  in  25  near-gamma  titanium  aluminide  alloys  prepared  as 
investment  castings.  The  effects  of  these  elements  on  room  temperature  tensile  behavior  were 
determined  through  graphical  and  statistical  analysis.  Microstructures  were  quantified  and  related 
to  composition  and  properties.  The  relationship  between  Al  and  strength/ductility  is  similar  to  that 
found  by  others  in  wrought  material.  Cr  has  little  effect  at  levels  of  0  and  2%;  at  higher  levels,  it 
increases  strength  but  sharply  lowers  ductility.  Nb  and  Ta  both  increase  yield  strength  at  the  rate 
of  1 7MPa  per  percent  added,  but  reduce  log(elongation)  at  the  rate  of  0.06  and  0. 10,  respectively. 
Oxygen,  not  intentionally  varied,  increases  strength  without  lowering  ductility  at  levels  between 
500  and  900  wppm. 

Performed  under  NAWC  Contract  N00140-90-C-01742,  A.  S.  Culbertson,  Monitor. 

Background 

Gamma  alloys  appear  to  be  capable  of  substituting  for  Ni  and  Ti  alloys  in  gas  turbine  engines 
[1].  At  the  temperature  limit  of  Alloy  718,  gamma  has  comparable  strength  and  environmental 
resistance.  Gam.'..a  also  has  50%  greater  specific  stiffness  than  conventional  Ti  and  Ni  alloys. 
Current-generation  gamma  alloys,  notably  48Al-2Cr-2Nb  [2,3],  meet  the  requirements  of  many 
components;  however,  to  fully  exploit  the  unique  properties  of  gamma,  we  are  attempting  to 
identify  a  second-generation  alloy  optimized  for  cast  applications. 

The  components  for  which  gamma  is  best  suited  are  presently  cast  of  either  Ti  or  Ni  alloys. 
Gatmna  has  been  shown  to  be  amenable  to  conventional  Ti  foundry  practice  [4],  while  wrought 
processing  is  presently  limited  to  simple  shapes  via  extrusion  or  isothermal  forging  [5].  Ductility 
of  2%  can  be  produced  reliably  in  investment  castings.  Tensile  strength  is  about  20%  lower  than 
for  some  forms  of  wrought  gamma,  but  creep  capability  is  greater. 

The  first  task  of  the  program  has  been  completed,  which  involved  the  evaluation  of  64 
investment  cast  alloys  with  variations  in  Al,  Cr,  Nb,  Ta,  W,  Mo,  Ni,  Co,  Fe,  B,  Si  and  C  [6].  The 
evaluation  included  castability,  heat  treatment  response,  tensile  properties,  creep  resistance  and 
environmental  stability.  In  this  paper,  discussion  is  limited  to  the  effects  of  Al,  Cr,  Nb  and  Ta  on 
room  temperature  tensile  behavior  based  on  a  subset  of  25  alloys.  While  these  elements  have  been 
studied  extensively  in  wrought  material,  precise  measurements  of  their  effects  in  cast  material  are 
necessary  to  choose  optimum  levels  for  a  cast  alloy  meeting  aerospace  requirements. 
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Notes:  Heat  treatments  were  20  hours  at  indicated  temperature.  All  material  was  HIPed  at  1 260°C/20li/2Sksi  prior 
to  heat  treaunent. 


Approach 

A  quantitative  approach  to  alloy  development  was  emphasized.  This  includeed  the  use  of 
designed  experiments,  statistical  analysis,  and  mathematical  models  of  compositional  and  struc¬ 
tural  effects.  Some  alloys  were  chosen  and  evaluated  in  a  more  ad  hoc  manner,  since  designed 
experiments  can  be  compromised  by  unanticipated  behavior. 

The  alloys  considered  here  included  binaries  and  more  complex  alloys  that  offer  information 
on  the  effects  of  A  I,  Cr,  Nb  and  Ta,  T able  I.  They  are  a  subset  of  alloys  from  a  larger  program  that 
evaluated  many  other  elements;  some  of  the  alloysconiained  small  quantities  of  theseelements  that 
we  believe  have  a  negligible  effect  on  tensile  properties.  Aluminum  levels  varied  from  about  44 
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to  48%  (all  comptositions  are  given  in  atomic  percent).  Most  alloys  had  A1  levels  such  that  heat 
treatment  could  produce  the  duplex  structure,  i.e.,  a  mixture  of  gamma  grains  and  colonies  of  alpha- 
two/gamma  lamellae.  Cf  was  either  0, 2, 3  or  4%.  Nb  ranged  from  0  to  12%,  though  most  alloys 
contained  between  0  and  4%.  Tarangedfrom0to8%,mostlyfrom0to4%.  Oxygen  content  ranged 
between  about  0.12  and  0.24%  (500  and  900  ppm  by  weight). 

Procedures 

All  alloys  were  produced  by  Howmet  Corporation,  Whitehall  Ml,  by  standard  arc  melting  and 
investment  casting  methods.  Starting  ingots  were  made  by  cold  hearth  vacuum  induction  melr  iig 
by  Duriron,  Dayton  OH.  High  purity  Ta  was  used  in  sonte  heats  to  prevent  correlation  between 
Ta  and  oxygen.  Chemical  analysis  was  performed  by  Sherry  Laboratory.  Castings  were  HIPed 
at  1 260‘’C/25ksi/4h.  Heat  treatments  were  performed  in  a  vacuum  furnace  backfilled  with  flowing 
Ar  at  various  temperatures  (often  1300°C)  for  20h  and  furnace  cooled  at  about  l°C/s. 

The  structure  resulting  from  each  composition/heat  treatment  combination  was  quantified  by 
visual  inspection;  the  number  of  such  combinations  precluded  more  rigorous  methods.  Many 
samples  exhibited  significant  variation  in  structure  as  a  result  of  local  solidification  rate  and 
segregation.  Individual  data  points  may  be  in  considerable  error. 

Tensile  testing  was  performed  on  specimens  with  4mm  gage  diameters  at  0.(X)5/min  strain 
rates.  Plastic  elongation  was  measured  from  extensometry  recordings. 

The  statistical  models  provided  here  were  developed  after  extensive  trials  of  different 
combinations  of  variables,  examination  of  outliers,  and  tests  of  validity.  Residual  analysis  and 
“partial”  regression  plots  were  used  to  examine  more  closely  the  individual  effects  of  variables,  as 
explained  in  the  text  associated  with  Figures  3, 4  and  5. 

Results  and  Discussion 

This  section  addresses  structures,  strength  and  ductility.  There  are  numerous  potential 
interactions  between  composition,  structure  and  properties,  leading  to  several  valid  views  of  the 
data.  In  other  words,  composition,  heat  treatment  and  structural  data  “over-specify”  the  nrohlem, 
such  that  including  all  parameters  in  an  analysis  can  be  redundant.  We  have  selected  views  that 
seek  composition-propeny  relationships  as  a  first  priority.  Potential  sources  of  remaining  variation 
is  examined  in  plots  of  residuals  versus  certain  microstructural  measurements. 

Structures 

The  variations  in  structure  were  largely  those  expiected  from  variations  in  A1  leve's  and  heat 
treatment  temperatures.  Structures  were  designated  as  shown  below.  All  plots  in  this  paper  are 
coded  to  identify  these  structures  (see  Figure  2). 

G:  All  gamma  grains 

D:  Duplex  (gamma  grains  plus  colonies) 

Cn:  Essentially  all  colonies  (small) 

Cs:  Large  colonies  (from  above-transus  heat  treatment) 

A  small  amount  of  B2  phase  was  identified  in  alloys  having  2Cr;  much  larger  amounts  were 
found  in  3Cr  and  4Cr  alloys.  Nb  and  Ta  had  little  effect  on  the  type  of  structure,  but  produced 
sharply  different  segregation  patterns  as  shown  in  Figure  1.  The  initial  segregation  and  slow 
diffusion  of  Ta  appears  to  lead  to  a  smaller  colony  size,  even  after  full  heat  treatment. 

Ductility 

The  variation  in  plastic  elongation  for  different  types  of  structures  is  shown  in  Figure  2.  The 
highest  levels  were  recorded  for  the  duplex  structure.  Full  colony  structures  rarely  provided  more 
than  1%. 
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f  it;  /  St‘^rct>uiuin  ilefti  and  Ta  (riahi)  in  45Al-4Nh  and  45Al-4Ta  alloys  after  HIP 
and  heat  treatment  at  IsHO  C  for  2l)  hours 


Regression  analysis  of  tensile  data  from  fine  eolony  and  duplex  structures  produced  the 
follossing  expresMon  and  error  statistics: 

log(elongi=  -6.5  0. 142|A1|  -  ()-311Cr>2''/f  |  -  ().()6|Nb|  -O.IOITal 

t-values:  4.4  5.1  5.8  7.0 

r  =  62'>f  F  =  26  D.F.  =  6.3 

This  model  and  related  plots  use  log(elongation).  a  more  linear  quantity  that  produces  a 
noniial  residual  distribution.  The  variable  ■‘Cr>25r'  is  the  amount  of  Cr  exceeding  2‘7c .  Variations 
in  Al.  ('r.  Nb  and  Ta  "explain"  62‘>;  of  the  variation  in  logtelongation)  observed  in  the  data; 
remains  unexplained,  a  consequence  of  data  error,  non-linear  behavior  and  factors  not  included  in 
the  mtxlel.  The  t  values  are  high  and  imply  significance  of  each  element  (oxygen,  if  included,  yields 
a  ’  value  indicating  insignificance).  The  F  value  is  high  and  indicates  validity  for  the  model  as  a 
whole. 

"Phe  differences  between  the  measured  values  and  the  values  predicted  by  expression  ( 1 )  are 
know  n  as  the  residuals  They  collectively  represent  the  unexplained  .38^3  of  the  variation.  These 
are  plotted  against  predicted  values  in  Figure  .3.  Inspection  of  these  values  allows  identification 


Cn  Cs  D  G 
StrType 

Piy  2:  Variation  in  measured  elongation 
for  different  types  of  strueiures  isee  text). 
The  svmhols  coded  in  this  plot  are  used 
throughout  this  paper 
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predicted 

Pig  .T  The  errors,  or  residuals,  in  the 
ductility  model  plotted  against  predicted 
values:  duplex  and  colony  structures  are 
equally  distributed  about  zero. 
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Fig.  4:  Residual  plots  useful  for  detecting  potential  additional  effects  of  structural  characteristics 
on  ductility  (sizes  in  pm). 


of  additional  effects,  the  major  linear  effects  having  been  accounted  for.  For  example,  in  Figure  3 
the  distribution  of  duplex  and  fine  colony  residuals  is  uniform  about  zero,  suggesting  that  structure 
type  cannot  explain  ductility  variations  beyond  that  explained  by  composition. 

Figure  4  shows  residuals  plotted  against  colony  percentage  and  colony  size.  In  other  words, 
we  attempt  here  to  explain  the  remaining  38%  variation  in  terms  of  microstiuctural  measurements. 
(All  the  real  error  in  the  data  is  concentrated  in  such  plots;  considerable  scattcris  inevitable.)  While 
the  trends  in  these  plots  are  not  distinct,  there  is  a  suggestion  that  if  one  chooses  the  duplex  structure. 


Fig.  5:  Partial  regression  plots  showing  the  underlying  effect  of  each  element  in  the  ductility 
model  (e.g.,  Al  is  plotted  against  the  residuals  of  a  model including  Cr,  Nb  and  Ta). 
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then  80-90%  colony  is  most  desirable.  Examination  of  same-alloy  trends  is  not  conclusive,  but  also 
suggests  that  high  colony  structures  are  best  (but  not  100%).  Overall,  however,  these  plots  suggest 
a  structural  independence  that  is  difficult  to  accept.  This  may  reflect  a  high  degree  of  dependence 
of  structure  on  composition  that  is  indirectly  accounted  for  in  the  model,  though  it  must  be  noted 
that  many  alloys  are  represented  here  in  several  heat  treatment/stnictural  conditions.  A  linear 
model  using  colony  fraction,  colony  size  and  gamma  grain  size  can  explain  only  23%  of  the  total 
variation.  However,  an  important  set  of  structural  characteristics  were  not  measured  in  this  study — 
lameller  spacing  and  alpha-two/gamma  proportions. 

Residuals  can  also  be  used  to  view  more  closely  the  effects  of  the  variables  included  in  the 
model.  So-called  “partial  regression”  plots  can  be  formed  by  omitting  the  variable  of  interest  (e.g., 
Al)  from  the  original  model,  and  then  plotting  the  residuals  of  this  reduced  nnodel  against  the 
omitted  variable  (e.g.,  residuals  versus  Al).  This  has  been  done  for  Al,  O,  Mb  and  Ta  in  Figure  5. 
The  underlying  Al  effect  after  accounting  for  Cr,  Nb  and  Ta  reflects  the  expected  behavior  [7], 
perhaps  showing  a  peak  at  47%  Al  (a  non-linearity),  'fhe  plot  for  Cr  shows  that  there  is  little 
difference  between  0  and  2%  Cr,  but  the  four  points  from  high-Cr  alloys  all  had  low  ductility;  this 
is  the  plot  that  justifies  the  use  of  “C!r>2%”  as  a  variable  in  the  model.  The  Nb  and  Ta  plots  show 
the  trends  suggested  by  the  linear  model  but  it  is  not  clear  that  the  effects  are  linear,  particularly 
for  the  case  of  2%  Ta,  which  does  not  reduce  ductility  according  to  this  view  of  the  data. 

Strength 

The  trend  of  0.2%  yield  strength  with  structure  type  is  shown  in  Figure  6.  A  model  was 
developed  for  yield  strength  based  on  data  from  duplex  or  fine  colony  structures; 

YS=  155.4  -  2.56[A11  +  7.0[Cr>2%)  +  2.5[Nb)  +  2.5ITa]  +  95[01 

t-values:  3.2  3.5  7.9  7.4  4.1 

r^  =  72%  F  =  28  D.F.  =  55 

In  this  case,  72%  of  the  variation  is  explained  by  Al,  Cr,  Nb,  Ta  and  oxygen.  The  residuals 
are  plotted  against  predicted  values  in  Figure  7.  Again,  no  clear  distinction  can  be  made  according 
to  structure  type.  The  two  high  duplex  points  arc  from  Bin2,  a  46A1  binary  alloy;  it  is  not  clear  why 
this  alloy  behaves  differently  than  the  others,  being  stronger  than  the  model  predicts. 

Potential  additional  effects  from  structure  are  shown  in  the  residual  plots  in  Figure  8. 
Variation  in  strength  is  very  wide  among  alloys  with  high  colony  fraction.  The  strength  of  duplex 
specimens  varies  inversely  with  colony  size  (ignoring  Bin2  data);  specimens  with  fine  colony 
structures  appear  insensitive  to  colony  size. 
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Fig.  8:  The  potential  effects  of  structure  on  strength  after  accounting  for  Al,  Cr,  Nb,  Ta  and 
oxygen  content  as  shown  in  residual  plots  (sizes  in  pm). 


The  underlying  effects  of  Al,  Cr,  Nb,  Ta  and  oxygen  are  shown  in  the  partial  regression  plots 
in  Figure  9.  A  non-linear  effect  of  Al  is  again  apparent.  Cr  at  2%  may  reduce  strength;  data  above 
2%  is  sparse,  but  suggests  strengthening.  Ta  and  perhaps  Nb  show  a  potential  dip  in  strength  at  2%; 
this  may  correspond  to  elongation  behavior  (see  Figure  5).  Oxygen  is  the  only  element  found  in 
this  study  to  strengthen  without  reducing  ductility. 

Conclusions 

Al:  As  has  been  observed  previously  [7],  Al  improves  ductility  until  smictures  become  mostly 
gamma.  Peak  ductility  is  obtained  at  about  47%.  Yield  strength  is  reduced  by  Al  at  the  rate  of  17 
MPa  (2.5  ksi)  per  atomic  percent  added. 

Q:  Tensile  behavior  of  cast  material  is  essentially  unaffected  by  2%  Cr,  which  is  at  or  slightly 
greater  than  the  solubility  limit.  Levels  above  2%  lead  to  copious  B2  phase  formation  and  poor 
ductility.  The  ductilizing  effect  of  2%  Cr  observed  for  wrought  gamma  [8)  may  be  related  to 
recrystallization  or  other  deformation-related  effects  that  are  unimportant  in  cast  material. 

NbandTa:  Both  reduce  ductilty;Ta  is  60%  more  deleterious  than  Nb.  Both  strengthen  at  the 
same  rate  ( 1 7  MPa  per  percent  added),  meaning  that  Nb  may  be  a  better  choice  for  improving  tensile 
properties.  Non-linear  behavior  may  be  present  at  low  levels,  however,  most  notably  for  the  case 
of  2Ta.  The  overall  study  has  not  yet  resolved  whether  Ta  improves  creep  strength  more  than  60% 
faster  than  Nb,  which  would  allow  greater  creep  strength  at  constant  ductility.  Greater  density- 
adjusted  creep  strength  becomes  possible  if  Ta  is  100%  more  effective  than  Nb.  These  are 
important  issues  in  our  alloy  development  program  and  are  the  subject  of  current  effort. 
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Fig.  9:  The  underlying  effect  of  each 
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partial  regression  plots. 
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Abstract 

Gamma  Ti  aluminide  (y,  TiAl)  alloys  offer  significant  potential  for  a  variety  of  aerospace 
applications,  however,  their  use  is  limited  in  part  by  low  ductility  and  fracture  toughness.  A 
powder  metallurgy  (P/M)  composite  approach,  involving  the  blending  of  a  y  alloy  with  a 
ductile/tough  Ti-Nb  alloy  powder  has  ^own  potential  for  increasing  the  extrinsic  fracture 
toughness  of  y.  In  this  study,  moiri  interferometiy  was  used  to  measure  fracture  toughness 
behavior  for  monolithic  and  phase  blended  y  alloys.  This  whole-field  measurement  technique 
was  used  to  record  both  vettical  and  horizontal  ditqilacements  associated  with  crack  growth  and 
to  evaluate  the  crack  opening  displacement  (COD)  for  contract  tension  qtecimens.  The  results 
showed  that  die  fracture  toughness  of  phase  blended  y  sh«t  was  noticeably  increased,  while 
ductility  remained  similar  to  that  of  as-HIP'ed  monolithic  y.  The  increase  in  fracture  toughnras 
in  the  phase  blended  y  is  due  to  formation  of  crack  face  bridging,  crack  path  deviation,  blunting 
and  multiple  crack  formation. 
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I.  Introduction 


Phase  blending  has  been  proposed  as  a  method  of  improving  the  fracture  toughness  of  Ti 
aluminides  [  1  ].  Phase  blending  involves  incorporating  a  ductikAough  phase  into  the  matrix  of  a 
brittle  materi^  to  serve  as  a  crack  arrestor  or  to  restrict  crack  pn^agation  by  fcHining  ductile 
ligaments  to  bridge  the  crack  front  [2].  Traction  produced  by  the  b^ges  reduce  crack  tip  stress 
intensities.  Ductile  phase  reinforced  composites  often  expmence  large-scale  bridging  effects 
[3],  especially  for  short  cracks  or  in  components  with  small  dimensions.  The  overall  load 
displacertKnt  characteristic  P(S)  of  a  reinforced  component  is  governed  by  traction  law  p(u)  for 
the  ductile  phase,  as  well  as  the  eHective  crack  tip  fnctuit  resistance  of  the  composite,  Tf  and 
the  elastic  naodulus  E'  [4].  In  addition,  important  secondary  toughening  mechanisms  have  been 
demonstrated,  which  arise  from  crack  pa^le  interaction  processes  [4].  These  mechanisms 
include  crack  trapping  and  renucleation  leading  to  increases  in  Tiand  crack  branching  and 
deflection.  The  toughening  contributions  from  these  mechanisms,  depend  upon  the  combined 
properties  of  the  ductile  phase,  interface  reaction  layer  and  the  matrix.  Numerous  studies  of  the 
fracture  behavior  of  britde  matrices  containing  ductile  particles  show  that,  if  strongly  bonded  to 
the  matrix,  the  ductile  particles  act  to  toughen  the  matrix.  The  decree  of  toughening  increases 
with  volume  fraction  and  ductile  particle  size.  Difficulty  in  applying  phase  blending  to  y-TiAl 
alloys  has  stemmed  flom  excessive  interdiffusion  and  reaction  of  the  constituents,  during  both 
consolidation  and  mechanical  working  at  elevated  temperature.  Typically,  the  high  temperatures 
required  to  consolidate,  extrude,  or  roll  phase  blended  y-TlAl  alloys  results  in  a  variable 
composition  within  the  mictostructure  (i.e.,  between  the  matrix  and  the  toughening  constituent) 
and  reaction  product  formation  at  the  y-TiAl  /  ductile  phase  interface.  In  action,  deformation 
of  the  powder  mixture  produces  a  nonunifotm  distribution  and  morphology  of  the  ductile  phase 
particles.  These  factors  limit  the  effects  of  phase  blending.  If,  however,  these  limitations  can 
be  reduced  through  proper  selection  of  the  constituent  chemistries  arid  thermomechanical 
processing  route,  the  resulting  y  alloy,  having  an  improved  balance  of  engineering  properties, 
would  prove  very  attractive  for  light  weight,  high  temperature  structural  applications.  It  is  the 
prima^  purpose  of  this  study  to  explore  microstructural  development  and  crack  propagation 
behavior  in  a  y  system,  using  a  moir6  interferometry,  a  whole-field  strain  mapping  technique,  in 
concert  with  a  detailed  microstructural  analysis. 

A  collaborative  effort  at  Rockwell  International  Science  Center  (RISC)  and  Nuclear  Metals,  Inc. 
(NMI)  has  been  carried  out  to  explore  powder  metallurgy  techniques  for  the  fabrication  of 
"phase  blended"  y-TLAl  sheet.  The  NMI  PREP’’**  powders  exhibit  excellent  compositional 
uniformity  with  low  interstitial  content,  and  may  be  useful  in  producing  a  sound  composite  with 
good  fracture  toughness.  In  this  study,  the  microstructures  and  properties  of  monolithic  y-TiAl 
were  compared  to  HIP-consolidated  sheet  comprising  the  y  alloy  blended  with  a  p-Ti  alloy. 


II.  Experimental 


Materials  and  Processing 

The  "y"  alloy  selected  for  this  study  was  a  two-phase,  y+  02,  alloy  of  composition  Ti-48A1- 
2.5Nl:H0.3Ta  (at.%).  The  toughening  powder  constituent  was  an  alloy  of  composition  Ti- 
30at.%Nb,  having  primarily  a  p-Ti  microstructure  with  a  minor  volume  fraction  of  a  at  low 
temperature.  These  powders  were  produced  by  NMI  using  a  plasma  rotating  electrode 
(PREP™)  process.  The  powders  were  sieved  prior  to  blending,  with  -250  pm  (-60  mesh)  y 
powder  and  180-500  pm  (-f80/-35  mesh)  Ti-Nb  powder  being  used  for  the  study.  Both 
monolithic  yand  a  mixture  of  80  volume  %  y  -f  20  volume  %  Ti-Nb  powder  were  HIP 
consolidated  at  1000°C/300  MPa  for  characterization.  This  low  temperaturc/high  pressure 
condition  was  selected  to  minimize  interdiffusion  and  extensive  reaction  at  the  y/Ti-Nb 
interface. 

Tensile  Testing 

Machining  of  the  specimens  was  performed  at  MET-CUT  Research  Associates  in  Cincinnati, 
Ohio.  Flat  tensile  specimens,  having  a  nominal  gauge  section  of  2  mm  x  9.4  mm  x  25.4  mm 
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long,  were  tested  at  mom  temperature.  Tensik  test  pieces  were  machined  using  low  stress 
grinding  techniques.  Two  tensile  specimens  were  tested  for  each  material.  Tesu  were 
conducted  at  room  temperature  on  a  20  lap  closed  loop  aerao-hydraulk  lest  machine  per 
E8.  Strain  contnd  was  set  so  that  a  strain  rate  of  0.005  /  sec  was  maintained  thrragh  0.2% 
yield  and  the  bead  rale  was  0.05  in  Jam.  after  that  Exiensometers  were  used  on  all  specimens. 

rrack  nmwth  F.xneriments  fResjgtance  riirv«-«  .firf  Practure  Tnufhneii.O 

Cracks  were  grown  stably  under  measured  loading  conditions  in  compact  tension  specimens  of 
dimension  30  x  32  x  2  mm.  A  loading  fixture  that  could  attach  to  the  stage  of  an  optical 
microscope  was  used,  to  allow  in  situ  observatioa  of  the  crack  tip  and  wake  zones.  A  four- 
beam  moiri  interferometry  system  was  used  to  measure  two  onho^Mud  in-plane  tUsplacement 
fields  simultaneously  [5].  This  technique  involves  replicating  a  diffracrion  pid  to  the  surface  of 
the  compact  tension  specimen  before  growing  the  crack,  and  then,  during  loading  to  extend  the 
crack,  illuminating  the  surface  with  an  Argon-ion  later  (wavelength  514  nm).  In  this  set  up, 
part  of  the  incident  beam  impinged  directly  onto  the  specimn  surface,  while  the  other  part,  after 
reflection  from  three  plane  mirrors,  was  incident  in  a  symmetrical  dilution  to  produce  a  virtual 
reference  ^ting.  The  combination  of  diis  reference  grating  and  the  diffraction  grating  bonded 
to  the  specimen  produced  the  moirf  pattern,  which  was  receded  photographically,  llte  moirf 
pattern  consists  of  a  set  of  fringes,  which  represent  contours  of  constant  displacement  in  the  xi 
and  X2  directions,  the  increment  between  adjacent  fringes  bein^  equal  to  the  period  of  the 
reference  grating  (0.417  um).  In  the  present  experiments,  this  technique  allowed  strain 
resolution  of  10-3  over  gauge  lengths  as  small  as  40  pm.  The  testing  environnnent  for 
toughness  testing  was  amUent  air.  (Digitized  recordings  o^  the  moird  patterns  were  converted  to 
strains  automatically  [6].  The  evaluation  of  the  1  .  tsentially  a  numerical  integration 

along  a  loop  encompassing  the  crack  where  the  e  stram  components  must  be  evaluated  at 
identical  points  along  the  chosen  path  (6].  J-Inh  requires  the  strain  components,  the  stress 
components  and  the  strain  ener^  density.  The  b>.  e  stress  components  are  calculated  using 
J2-deformation  theoiy  of  plasticity  for  multi-axial  states  with  a  power  hardening  stress-strain 
relation.  Stress  intensity  factors  were  evaluated  using  k=(JxE)*)-3.  Fracture  toughness  values 
were  obtained  by  marking  the  maximum  in  Ki  vs.  crack  extension  curves. 


III.  Results 

The  H  IP-consolidated  y  alloy  formed  a  fine  grained  (-20  pm)  equiaxed  microstructure,  while 
the  y  -t-  Ti-Nb  phase  blended  microstructure  comprised  spherical  y-TiAl  regions  (of 
approximately  the  same  20  pm  size )  encompassed  by  a  nearly  continuous  p-Ti  phase.  This  is 
most  easily  seen  in  the  back-scattered  electron  image  of  Figure  la,  in  which  the  Ti-Nb  region  is 
lighter  in  contrast  with  the  darker  y  particles.  In  addition,  an  approximately  10  pm  thick 
interdiffusion/reaction  zone  formed  between  the  phase  blended  constituents,  as  shown  in  Figure 
lb.  The  monolithic  y  and  phase  blended  y  Ti-Nb  ^eets  had  measured  densities  of  3.76  and 
3.97  g/cc,  respectively. 

The  uniaxial  stress-strain  relations  for  monolithic  and  phase  blended  alloys  with  the  two 
coefficients  for  the  power  hardening  relations  are  shown  in  Figure  2a  and  2b,  respectively. 
Room  temperature  elongation's  were  below  1%  fm  both  the  monolithic  and  phase  blen^ 
sheet.  All  fracture  surfaces  showed  occasional  flat  cleavage  facets  and  ductile  tearing.  There 
was  no  evidence  of  intergranular  fracture.  Although  the  phase  blended  fracture  surface  was 
more  rough,  grain  bound^  facets  and  prior  powder  boundary  facets  were  not  observed. 

Crack  opening  profiles  for  monolithic  and  composite  y-TiAl  alloys,  measured  by  moir^ 
interferometry,  are  shown  in  Figures  3a  and  3b,  respectively.  Comparison  of  the  profiles  show 
that  in  the  composite  material  the  crack  is  bridged.  In  this  case  bridging  is  supplied  by  ductile 
ligaments  that  remain  connected  to  both  fracture  surfaces  behind  the  crack  font.  The  bridging 
traction  could  be  determined  from  measurements  of  such  crack  opening  profrIes  [7].  Figure  4 
shows  crack  mouth  opening  displacement  (CMOD)  vs.  crack  length.  I^e  phase  blended  alloy 
shows  larger  CMOD,  because  it  has  lower  elastic  modulus  and  higher  ductility  than  the 
monolithic  alloy. 
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KR-Aa  resistance  curves  are  shown  in  Figure  S.  For  the  monolithic  alloy  crack  extension  has 
practically  no  eflect  on  the  toughness,  when  the  crack  is  fully  mwn  out  of  the  semi-chevron 
zone.  The  average  toughness  for  monolithic  alloy  is  -1 1  MPavn  In  contrast,  some  resistance 
curve  behavior  is  obs^ed  for  the  phase  blended  composite.  Kr  increases  from  an  tqtparent 
initiation  value  of  IS  MPaVm  to  -19  MPavm  at  Aa  210  mm. 

Figures  6a  and  6b  show  micrographs  taken  along  the  crack  path  in  the  compi^  tension 
specimen.  Ductile  ligaments  along  the  fracture  simace  remain  intact  as  shown  in  Fig.  6a. 
Iliese  ligaments  simply  pull  out  whm  the  bridging  zone  is  saturated.  With  refereiKX  to  w^  of 
Ashby  [8],  by  allowing  for  the  constraint  of  tte  surrounding  matrix,  the  average  flow  stress  of 
the  ductile  particles  increases  significantly.  The  crack  growth  sequence  in  die  phase  blended 
alloy  is:  crack  grows  in  y  phase  toward  the  reaction  zone,  crack  blunts  when  it  grows  into 
ductile  zone,  crack  renucleaies  behind  the  ductile  ligament,  (at  this  point  crack  is  bryged),  and 
series  of  microcracks  develop  parallel  to  the  second  crack  and  pow  toward  Ti-30Nb  phase 
(Fig.  6b).  Blunting  and  microcrack  development  allow  the  particle  to  stretch  out  as  the  crack 
faces  separate,  forming  bridging  ligaments  that  hinder  the  crack  advance.  Due  to  these 
ligaments,  the  value  of  Ki^  will  increase  as  the  crack  length  increases  up  to  die  point  at  which 
the  Ti-30Nb  particle  pulls  out  by  separation  along  the  reaction  zone. 


IV.  Discussion 

Bridging  is  the  most  puissant  wa^  of  improving  die  toughness  of  brittle  materials.  The  physical 
mechanism  of  toughening  is  straightforward;  if  ductile  particles  span  the  advancing  crack,  they 
must  stretch  as  the  crack  opens  until  they  fracture  or  decohere:  the  work-of-siretching 
contributes  to  the  overall  toughness  of  the  solid.  If  the  particle  is  so  weakly  bonded  to  the 
matrix  that  it  easily  pulls  free  as  the  crack  approaches,  then  it  is  not  stretched  and  there  is  almost 
no  contribution  to  the  toughness.  But  if  it  is  sirondy  bonded,  it  is  constrained.  Its  force- 
displacement  curve  is  then  very  different  from  that  of  IM  unconstriuned  material  as  measured  in 
an  ordinary  tensile  test.  This  is  an  important  difference  because  the  energy  absorbed  in 
stretching  the  particle,  crucial  in  calculating  the  contribution  to  the  touglmss,  d^nds  strongly 
on  the  degree  of  constraint  Based  upon  the  miciostnictural  observations,  the  reaction  zone 
boundaries  in  the  phase  blended  sheet  ate  the  weakest  link  between  the  two  constituents. 
Therefore,  optimization  of  the  HIP  cycle  for  minimization  of  interdiffusion  between  tlie  y  and 
Ti-30Nb  constituents  is  crucial.  In  action,  altering  the  composition  of  the  matrix  and/or  the 
toughening  constituent  may  modify  the  kinetics  of  interdiffusionAeaction  and  thereby  modify 
the  interface  strength  characteristics. 

The  sheet  ductility's  were  all  below  1%  demonstrating  the  need  for  subsequent 
thermomechanical  processing,  as  has  been  found  in  other  studies  on  compaction  of  Ti  aluminide 
powders.  Thus  as-HlFed  ductility  of  the  matrix  appears  to  be  a  controlling  factor  in  the  overall 
behavior  of  this  material.  The  yield  stress  of  the  phase  blended  sheet  was  slightly  lower  than 
the  monolithic  sheet,  but  the  ductility  was  somewhat  improved.  The  nearly  continuous  ductile 
Ti-30Nb  phase  would  account  for  this.  The  toughness  of  phase  blended  sheet  was  greatly 
improved  demonstrating  the  effectiveness  of  the  Ti-30Nb  phase.  The  quantitative  contribution 
of  different  mechanisms  of  fiacture  toughness  enhancement  is  now  being  investigated. 


V.  Conclusions 

It  has  been  demonstrated  that  PREP™  powders  of  y  and  a  ductile  binuy  Ti-30Nb  alloy  can  be 
physically  blended  and  compacted  into  thin  sections  using  hot-isostatic-pressing. 

Compared  to  monolithic  y  sheet,  the  phase  blended  sheet  showed  a  slight  increase  in  ductility 
and  a  noticeable  increase  in  fracture  toughness.  Techniques  to  assure  homogeneous  distribution 
of  the  ductile  phase  and  improve  the  as-HIFed  ductility  must  be  ^veloped  to  realize  the  full 
potential  of  this  material. 
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The  increase  in  toughness  in  the  phase  blended  composite  is  due  to  fonnatkxi  of  crack  face 
bridging,  crack  padi  deviation,  blunting  and  multiple  cracking. 


VII.  Referciices 

1 .  M.A.  Ohls,  W.T.  Nachtrab  and  P.R.  Roberts.  "Processing  and  Properties  of  Gamma 
Titanium  Aluminide  Sheet  Produced  from  PR^  Powder,”  P/M  N  Airo.  and  Def.  Tech. 
Symp.,  Metal  Powder  Indus.  FmL,  March  4-6, 1991. 

2.  C.K.  Elliott,  G.R.  Odette,  G£.  Lucas  and  J.W.  SheckantToughening  Mechanisms  in 
Intertnetallic  fllAl  Alloys  Containing  Ductile  Phases,"  hffiS  Proc.  120,  p.  95  (1988). 

3 .  F.  Zok  A  C.  Horn  "Large  Scale  Bridging  in  Brittle  Matrix  Composites,"  Acta  Met  Mat 

4.  G.R.  Odette,  H.E.  Deve,  C.KL  Elliott,  A.  Harigowa  and  G£.  Lucas,  "The  Influence  of 
the  Reaction  Layer  Structure  and  Prcperties  on  Ductile  Phase  Toughening  in  Titanium 
Aluminide-Niobium  Composites,"  in  Interfaces  in  Ceramic  Metal  Composites,  R.J. 
Arsenault,  R.Y.  Lin,  G.P.  Martins  and  S.G.  Fishman  (eds),  TMS-AIME,  Warrendale, 
PA,  443  (1990). 

5.  Dadkhah,  M.S.,  Wang,  F.X.  and  Kobayashi,  A.S.,  "Simultaneous  On-Line 
Measurement  of  Orthogonal  Displacement  Fields  by  Moire  Interferometry," 
Experimenttil  Techniques  12  (1988)  2&-'30. 

6.  Dadkhah,  M.S.,  Kobayashi,  A.S.  Wang.  F.X.  and  Graesser,  D.L.,  "J-integral 
Measurements  Using  Moire  Interferome^,"  Proc.  of  the  VI  Int'l  Congress  on 
Experimental  Mechanics  (1988)  227-234. 

7.  B.N.  Cox  and  C.S.  Lo,  "Load  Ratio,  Notch,  and  Scale  Effects  for  Bridged  Cracks  in 
Fiberous  Composites,"  Acta  Metall.  Mater.  Vol.  40,  No.  1,  pp.  69-80, 1W2. 

8.  M.F.  Ashby,  F.J.  Blunt  and  M  Pinnister,  "Flow  Characteristics  of  Highly 
Constrained  Metals  Wires,"  Acta  Ivietaii.  37, 1847  (1989). 


(a)  (b) 


Fipire  1.  Microgrtqrhs  of  the  as-HIPed  phase  blended  y  +  Ti-30Nb  alloy  showing  the 
morphology  and  distribution  of  the  toughiming  constituent  (la)  and  the  interface 
microstructure  development  (lb). 
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Phase  Blended  (RCl.SrTIAI  and  TI-30Nb) 
Monolithic  (RC  1.3  r  TiAl) 


Eouai.  Crack  mouth  opening  displacement  (CMOD)  vs.  crack  length. 


fismS.  Kg-Aa  curves  for  Monolithic  and  Phase  Wended  alloys. 
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Abstract 

Titanium  aluminide  alloys  based  on  the  gamma  (TiAl)  inter- 
metallic  compound  are  desirable  for  advanced  aerospace 
applications.  The  properties  which  make  these  alloys  attractive 
are  low  density,  good  elevated  temperature  tensile  and  creep 
strength,  and  good  oxidation  resistance.  The  main  drawback  to 
using  TiAl  alloys  is  their  low  ductility  at  temperatures  up  to 
approximately  760C  (1400F)  and  the  difficulty  in  forging  and 
machining,  the  result  of  their  low  ductility.  Powder  metallurgy 
(PM)  processing  potentially  minimizes  the  problems  associated 
with  conventional  processing  while  maintaining  the  attractive 
properties.  This  paper  will  present  the  results  of  a  study  to 
determine  the  effect  of  hot  isostatic  pressing  (HIP)  conditions, 
and  heat  treatment  on  the  microstructure  and  mechanical 
properties  of  consolidated  Ti-48Al-2Cr-2Nb  gamma  titanium 
aluminide  alloy  powder  made  by  gas  atomization.  Mechanical 
testing  included  room  and  elevated  temperature  tensile  and 
stress  rupture  tests. 


Gamma  titanium  aluminide  alloys  have  received  considerable 
attention  in  recent  years,  particularly  for  high  temperature 
applications  in  advanced  aircraft.  These  alloys  are  based  on 
the  intermetalllc  compound  TiAl  (gamma) .  Gamma  titanium 
aluminide  alloys  are  of  interest  for  high  temperature  aircraft 
applications  because  they  have  a  number  of  attractive  proper¬ 
ties.  These  properties  include  low  density,  high  strength-to- 
weight  ratio  at  elevated  temperature,  good  elevated  temperature 
creep-rupture  strength  and  good  oxidation  resistance.  Although 
alloys  based  on  gamma  titanium  aluminides  have  attractive 
elevated  temperature  properties,  room  temperature  ductility  and 
fabrication  are  areas  which  require  additional  work.  One  means 
of  minimizing  the  difficulties  associated  fabrication  of 
titanium  aluminides  into  finished  products  is  through  powder 
metallurgy  (P/M) .  The  production  of  complicated  fully  dense 
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shapes  by  P/N  which  require  only  nininal  machining  to  achieve 
finished  dimensions  has  been  demonstrated. (1)  For  conventional 
titanium  alloys  the  mechanical  properties  of  P/M  product  made 
from  prealloyed  powder  are  generally  comparable  to  cast  and 
wrought  product . ( 2 , 3 )  The  work  described  in  this  paper  was 
conducted  to  determine  the  mechanical  properties  of  P/M  Ti- 
48Al-2Cr-2Nb  which  is  one  of  the  more  recently  developed  gamma 
alloys.  The  alloy  was  produced  by  gas  atomization  and 
consolidated  by  hot  Isostatlc  pressing  (HIP) . 


Experimental  Procedure 


Powder  Production 

The  Ti-48Al-2Cr-2Nb  (at%)  prealloyed  powder  used  in  this 
work  was  produced  by  gas  atomization.  The  gas  atomization  unit 
is  shown  schematically  in  Figure  1.  In  this  unit  the  charge  to 
be  atomized  is  melted  in  a  cold  wall  induction  crucible.  The 
charge  is  typically  in  the  form  of  titanium  ingot,  master  alloy 
and  elemental  additions.  The  molten  alloy  is  atomized  by  tilt 
pouring  into  a  non-ceramic  tundish.  At  the  bottom  of  the 
tundish  is  a  refractory  metal  nozzle  which  produces  a  well 
formed  stream  of  the  molten  alloy.  The  stream  is  atomized  by 
free  fall  through  high  pressure  jets  of  argon  gas.  The  atomized 
powder  is  carried  by  the  gas  via  a  transfer  tube  from  the 
atomization  tower  to  a  cyclone  where  it  is  collected  in  a 
cannister.  Figure  2  shows  the  base  of  the  atomization  tower, 
the  cyclone  and  the  collection  cannister. 

Powder  cleanliness  is  very  important  for  critical  aerospace 
applications.  The  atomizer  has  several  features  which  promote 
powder  cleanliness.  As  shown  in  Figure  3,  all  internal  surfaces 
of  the  atomizer  which  may  come  in  contact  with  the  powder  are 
polished  stainless  steel.  The  atomizer  tower,  transfer  tube  and 
cyclone  collector  contain  multiple  flanges  to  allow  disassembly 
and  thorough  cleaning  of  all  internal  surfaces  every  time  the 
alloy  is  changed.  This  is  done  to  prevent  cross  contamination 
of  alloys.  The  atomizer  tower  and  all  sections  of  the  system 
below  the  melting  furnace  are  housed  in  positive  pressure  room 
which  has  a  dedicated  air  handling  system  to  prevent  airborne 
contamination  from  the  ambient  shop  atmosphere.  A  powder 
processing  room  is  located  adjacent  to  the  atomizer  room  where 
operations  such  as  screening,  blending  and  loading  of  cans  for 
shipment  or  consolidation  is  done. 

Melting  and  atomization  are  conducted  from  a  control  room 
located  beside  the  atomization  facility  for  operator  safety. 

The  controls  are  centralized  on  one  console  as  shown  in  Figure 
4.  Melting  is  viewed  with  one  video  camera  and  atomization  is 
viewed  with  a  second  camera.  Both  views  can  be  displayed 
simultaneously  on  one  monitor.  Approximately  30  sensors  are 
used  to  collect  information  during  melting  and  atomization  which 
is  automatically  logged  on  a  personal  computer. 

The  as-atomized  powder  is  typically  screened  to  -35  mesh 
(500  micron)  and  processed  through  a  magnetic  separator  to 
remove  any  magnetic  particles  which  may  have  been  picked  up 
during  atomization. 
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Figure  1.  Schematic  diagram  of  Figure  2.  Photograph  of 
titanium  gas  atomization  unit.  base  of  atomization  tower 

and  cyclone. 


Figure  3.  Photograph  of  titanium  Figure  4.  Photograph  of 
gas  atomization  unit  disassembled  atomizer  control  room, 
for  cleaning. 


The  size  distribution  of  the  powder  is  given  in  Table  I. 
Mean  particle  size  is  approximately  160  microns.  Chemical 
analysis  results  on  the  powder  are  given  in  Table  II.  The 
analyzed  composition  is  close  to  the  nominal  composition  and  the 
oxygen  content  is  well  below  0.1  wt%  which  is  generally 
considered  necessary  for  optimum  mechanical  properties. 


Powder  Consol idc tion 

The  powder  for  mechanical  property  testing  was  consolidated 
in  commercially  pure  titanium  containers.  After  thorough 
cleaning,  the  containers  were  loaded  with  powder,  evacuated, 
first  at  room  temperature  then  heated  to  65C  (150F)  and  sealed 
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by  pressure  welding  the  stems.  Compacts  were  consolidated  by 
hot  Isostatlc  pressing  using  two  conditions:  1177C  (2150F)  and 
103  MPa  (15  ksi)  for  4  hours,  and  lOOOC  (1832F)  and  200  MPa  (29 
ksi)  for  4  hours. 
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Specimen  blanks  for  mechanical  testing  were  cut  from  the 
hot  isostatlcally  pressed  compacts  and  heat  treated  as  Individ¬ 
ual  blanks.  The  heat  treatments  used  are  listed  in  Table  III. 
Tensile  tests  and  stress  rupture  tests  were  conducted  using 
round  specimens  with  a  6.3mm  (0.25in.)  diameter  x  25mm  (l.Oin.) 
long  gage  length  In  accordance  with  ASTM-E8.  All  tests  were 
conducted  in  air.  Elevated  temperature  tensile  specimens  were 
held  at  temperature  for  30  minutes  prior  to  testing. 


a.) 

1177C 

(2150F) 

4 

hr 

AC 

b.) 

1290C 

(2354F) 

1 

hr 

AC 

c.) 

1290C 

(2354F) 

4 

hr 

AC 

Figure  5  shows  an  SEN  micrograph  of  the  as-atomized  powder. 
The  powder  is  predominantly  spherical  and  has  a  minimum  of 
satellite  particles.  Tap  density  of  the  powder  is  2.63  grams/cc 
or  about  66%  of  solid  density.  The  good  packing  characteristics 
of  the  gas  atomized  powder  make  it  well  suited  for  making  near 
net  shapes  via  HIP.  The  as-atomized  microstructure  of  the 
powder  is  shown  in  Figure  6.  Fine  structure  analysis  by  other 
workers  (4)  has  shown  that  as-atomized  gamma  titanium  aluminide 
powder  may  consist  of  varying  amounts  of  alpha  two  phase  and 
gamma  phase  depending  on  the  particle  size  which  determines 
cooling  rate. 


Figures  7a  and  7b  show  the  nlcrostructure  of  the  Ti-48A1- 
2Cr-2Nb  alloy  after  HIP  consolidation  at  lOOOC  (1832F)  and  1177C 
(2150F)  respectively.  Both  HIP  condiditions  resulted  in  a 
binodal  grain  size  distribution  which  has  been  observed  in  other 
gamma  alloys.  As  indicated  in  the  photomicrographs,  a  much 
finer  grain  size  is  produced  by  HIPing  the  powder  at  the  lower 
temperature.  The  heat  treated  microstructures  of  the  material 
HIPed  at  lOOOC  are  shown  in  Figure  8.  All  heat  treatments  were 
above  the  HIP  temperature  which  produced  some  grain  grotfth. 

Heat  treating  at  1290C  results  in  a  small  amount  of  an 
intergranular  phase  which  is  presumed  to  be  alpha  two.  Room 
temperature  tensile  results  for  the  Tl-48Al-2Cr-2Nb  alloy 


Figure  5.  SEN  micrograph  of  Figure  6.  Hicrostructure  of 

as-atomized  Ti-48Al-2Cr-2Nb  as-atomized  Ti-48Al-2Cr-2Nb 

powder .  powder . 


are  given  in  Table  IV.  The  room  temperature  tests  were 
conducted  both  in  the  as-HIP  and  heat  treated  conditions.  The 
best  room  temperature  properties  were  obtained  with  material 
HIPed  at  lOOOC  in  the  as-HIPed  condition.  The  material  HIPed  at 
the  higher  temperature  or  heat  treated  after  the  lOOOC  HIP 
exhibited  lower  strength  associated  in  some  cases  with  lower 
ductility.  Elevated  temperature  tensile  results  are  given  in 
Table  V.  At  649C  the  strength  is  approximately  eguilivant  to 
the  room  temperature  strength  with  slightly  higher  ductility. 
Yield  strength  remains  at  about  340MPa  at  760C  but  elongation  is 
significantly  higher  at  12%.  At  871C  yield  strength  decreases 
about  lOksi  from  the  room  temperature  value  and  ductility  is 
over  50%.  Increasing  the  test  temperature  to  lOOOC  results  in  a 
decrease  in  strength  to  about  45%  of  the  room  temperature  value 
and  ductility  remains  very  high. 

Stress  rupture  test  results  for  the  Ti-48Al-2Cr-2Nb  alloy 
are  given  in  Figure  9.  The  material  HIPed  at  1177C  has  improved 
stress  rupture  strength  over  the  material  HIPed  at  lOOOC.  The 
improved  stress  rupture  properties  would  be  expected  with  the 
larger  grained  material. 
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Figure  8.  Microstructure  of  Ti-48Al-2Cr-2Nb  compact  after  heat 
treatment:  (a)  1177C  (21S0F)  4  hr  AC  (b)  1290C  (2354F)  1  hr  AC 

(C)  1290C  {2394F)  4  hr  AC. 


Table  IV.  Soon  Tenperature  Tensile  Properties  of  HIP 
_ consolidated  P/M  Ti-48Al-2Cr-2Mb _ 


Heat 

Treatment r*) 

Test 

Temp 

C  (F) 

Tensile 
strength  0. 
MPa  ^ksi) 

Yield 

Strength 

2%  Offset 
MPa  rksi) 

Elong. 
in  40 

% 

Rdn 

of 

Area 

« 

As-HIP  lOOOC 

RT 

551  (80) 

482 

(70) 

2.0 

2.0 

HIP  lOOOC  +  (a) 

RT 

482  (70) 

413 

(60) 

2.0 

3.6 

HIP  lOOOC  (b) 

RT 

475  (69) 

400 

(58) 

2.1 

2.0 

HIP  lOOOC  +  (c) 

RT 

468  (68) 

386 

(56) 

1.8 

1.8 

HIP  lOOOC  +  (d) 

RT 

441  (64) 

344 

(50) 

1.0 

2.4 

_ _ 

_ 

*  Refer  to  Table  III 

Table  V.  Elevated  Temperature  Tensile  Properties  of  HIP 
_ Consolidated  P/M  Tl-48Al-2Cr-2Nb _ 


Heat 

Treatment r*) 

Test 

Temp 

_ c _ m _ 

Tensile 
Strength 
MPa  (ksl) 

Yield 

Strength 

0.2t  Offset 
_ MPa  fksH 

Elong. 
in  4D 

% 

Rdn 

of 

Area 

% 

HIP  1000C+(d) 

649 

(1200) 

427 

(62) 

344 

(50) 

2.0 

3.6 

HIP  1000C+(d) 

760 

(1400) 

524 

(76) 

338 

(49) 

12.0 

13.4 

HIP  1000C+(d) 

871 

(1600) 

351 

(51) 

282 

(38) 

66.0 

52.5 

As-HIP  lOOOC 

1000 

(1832) 

193 

(28) 

138 

(20) 

32.3 

29.0 

HIP  1000C+(b) 

1000 

(1832) 

186 

(27) 

158 

(23) 

61.3 

52.6 

WFam 

81.6 

*  Refer  to  Table  III 


Figure  9.  Stress  rupture  properties  of  HIP  consolidated  Ti-48A1- 
2Cr-2Nb. 


Siimnui  rv 

Gas  atomized  Tl-48Al-2Cr-2Nb  powder  was  consolidated  to 
full  density  by  HIP  at  lOOOC  and  1177C.  A  very  fine  grain  size 
(5  micron)  was  obtained  by  HIP  at  lOOOC.  The  fine  grain  size  is 
projected  to  yield  a  material  with  very  good  hot  workability. 


Tensile  and  stress  rupture  properties  of  the  P/M  Tl-48Al-2Cr-2Nb 
compacts  were  determined.  The  material  HIPed  at  lOOOC  gave  the 
best  combination  of  room  temperature  properties,  highest 
strength  and  highest  ductility.  The  larger  grain  material  HIPed 
at  1177C  gave  the  best  elevated  temperature  stress  rupture 
properties. 
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The  material  contained  in  this  paper  Is  intended  for  general 
information  only  and  should  not  be  used  in  relation  to  any 
specific  application  without  independent  study  and  deter¬ 
mination  of  its  applicability  and  suitability  for  the  intended 
application.  Anyone  making  use  of  this  material  or  relying 
theron,  assumes  all  risk  and  liability  arising  therefrom. 
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Abstract 

A  'Ii-S2at%Al  alloy  exhibited  bands  of  segregatitMi  perpendicular  to  the  growth  direction  after 
directional  solidification  under  planar  interface  conditions.  The  phases  within  these  bands 
consisted  of  either  an  ajy  lath  structure  (•<3111at%Al),  m-  y-TIAI  (•*S411at%Al)  containing 
small  regions  of  a^,  indicative  of  cellular  instability  during  solidiflcation.  The  banded 
microstructure  was  caused  by  an  oscillation  of  die  solidifying  alloy  composition,  so  that  die 
specimen  alternated  between  solidification  as  a  atMl  solidification  as  y .  This  in  turn  impUed  diat 
solidification  occurred  via  an  a  -f  L  y  peritecdc  truaformasion,  and  that  the  52at%Al  alloy 
composition  was  hypoperitectic. 

Introduction 

Current  research  efforts  to  examine  the  fundamental  mechanical  properties  of  y  TiAl  have 
engendered  a  related  interest  in  the  production  of  TlAl  single  cryst^.  One  of  the  processes 
which  has  been  successfully  utilized  to  grow  single  crystals  is  containerless  directional 
solidification  [1-3].  However,  particular  combinations  of  alloy  composition  and  processing 
conditions  can  produce  polycrystalline  TiAl  specimens  with  unusual  microstructures, 
characterized  by  distinct  bands  oriented  perpendicular  to  the  growth  direction  [3].  Similar 
microstructures  have  been  observed  after  peritectic  solidification  under  planar  interface 
conditions  [4].  Consequently,  it  appeared  that  quantitative  analysis  of  the  banded  microstructure 
observed  in  directionally  solidified  Ti-52at%AI  might  augment  the  current  efforts  to  determine 
the  high  temperature  phw  relationships  in  near  equiatomic  Ti-Al  alloys  [S-8]. 


The  Ti-S2at%Al  specimen  was  consolidated  by  arc  melting  high  purity  Ti  and  A1  (99.999%) 
under  purified  argon.  The  concentrations  of  the  specific  impurities  in  the  Ti  were  A1 10,  Cu  8.6, 
Fe  3,  Si  8,  C  40,  N  3,  and  O  90  (wt  ppm).  The  arc  melted  alloy  was  drop  cast  to  form  a  2.Scm 
diameter  rod.  The  rod  was  directionally  solidified  under  planar  interface  conditions  by 
containerless,  levitated  zone  melting  [1-3],  using  a  protective  atmosphere  of  palladium  purified 
hydrogen.  The  turbulence  produced  by  induction  melting,  together  with  the  rotation  of  tiie  lower 
r^  section  at  lOOrpm,  combined  to  create  a  highly  mixed  molten  zone.  The  interface  velocity 
(solidification  rate)  was  maintained  at  3.S3|lm/s  (0.5in/h). 
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Longitudilwl  lectioiu  of  the  ipecimen  were  etched  for  light  microscopy  with  s  solution  of 
S%HF/S%HN03  in  glycerin.  Thin  foils  for  exsmination  by  TEM  were  electropolished  in  SOml 
HCIO  (70%)/300ml  butanol/SOOml  methsnol  with  a  double  jet  apparatus  at  70VDC  and  -SO*C. 
Backscattered  electron  images  and  A1  concentration  profiles  were  obtained  with  a  Cameca 
"Camebax"  electron  microprobe  operated  at  15kV,  using  wavelength  dispersive  X-ray  (WDX) 
spectroscopy  with  pure  element  standards.  Thin  foils  were  examined  widi  a  Philips  EM400T 
TEM/STEM  equipped  with  a  30mm\  ultra-thin  window,  energy  dispersive  X-ray  spectrometer. 

Results 


Chemical  Analyses 


The  chemical  composition  of  the  as-solidified  Ti-S2at%Al  rod  was  determined  by  various 
analytical  techniques,  as  presented  in  Table  L  Samples  for  these  analyses  were  cut  so  as  to 
incorporate  enough  segregation  layers  to  determine  the  overall  composition  of  the  specimen. 


Table  1  Post-Solidification  Chemical  Analysis 


Element 

Concentration 

(miSlit)  (itooic) 

Analytical  Procedure 

Aluminum 

37.9610.33% 

51.9% 

ICP/AES*;  mean  of  3  samples 

Hydrogen 

45  1  47  ppm 

1650  ppm 

gas  fusion  analysis 

Carbon 

247 1 65  ppm 

760  ppm 

gas  fusion  analysis 

Nitrogen 

275  1  57  ppm 

725  ppm 

gas  fusion  analysis 

Oxygen 

367 1 8  ppm 

850  ppm 

neutron  activation  analysis  (18.8g) 

'inductively  Coupled  Plasma/Atomic  Emission  Spectroscopy 


Microstructure 


Light  Microaraohs.  The  as-solidified  microstructure  of  Ti-32at%Al  viewed  at  low 
magnification  is  shown  in  Figure  lA.  The  area  in  the  right  third  of  this  photomicrograph  was 
directionally  solidified  once;  the  left  two  thirds  was  solidified  a  second  time  in  the  opposite 
direction.  The  microstructure  exhibited  prominent  bands  of  varying  thickness,  which  extended 
across  the  entire  specimen  diameter.  The  shape  of  the  boundaries  between  these  bands 
delineated  the  location  of  prior  liquid/solid  interfaces.  The  macroscopic  grain  structure  was 
columnar,  aligned  with  the  direction  of  solidification. 

Examination  of  this  banded  microstructure  at  higher  magnification  revealed  somewhat  greater 
complexity  (Figure  IB).  Some  of  the  wider  bands  contain  fine  scale  banding.  In  addition,  small 
rod-shaped  regions  of  Oi  were  present  throughout  the  y  bands,  indicative  of  cellular  instability 
during  solidification  (Figures  2-3).  Interspaced  between  the  y  bands  are  regions  which  had 
solidified  as  a,  subsequently  transformed  to  lamellar  o/y,  and  finally  to  lamellar  a^y  . 
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Figure  2  -  (A)  Interface  between  7  band  containing  cellular  instability  (left)  and  Oz/y  band 

(right);  area  "a".  Fig.  IB.  (B)  Narrow  yband  (center),  with  Oj/y  regions  on  either  side; 
area  "b",  Fig.  IB.  Etched  surfaces,  photographed  with  polarized  light. 

Backscattered  Electron  Images.  Phase  identification  over  large  areas,  both  between  and  within 
bands,  was  most  easily  achieved  by  backscattered  electron  imaging  of  unetched  surfaces,  which 
allowed  unambiguous  distinction  between  aj  (light  contrast)  and  y  (darker  contrast)  (Figure  3). 
These  images  confirmed  that  the  rod-shaped  areaswere  02,  indicative  of  cellular  instability  in  the 
y  bands  during  solidification;  and  that  the  microstructural  banding  observed  by  light  microscopy 
was  the  manifestation  of  alternating  changes  in  A1  content  as  the  solidification  front  progressed. 
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Figure  3- 


solidified  once,  right  i 
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Aluminum  Concentration  ProfilM 


The  A1  concentration  wai  measured  by  electron  microprobe  along  a  linear  trace  on  an  unetched 
surface  near  the  centerline  of  the  specimen  (Figure  4).  Both  the  region  directionally  solidified 
once  (Figure  4A)  and  that  solidified  twice  (Rgure  4B)  display  macroscopic  A1  segregation  on  a 
scale  of  O.S-3mm,  corresponding  to  the  banding  shown  in  Hgure  1.  However,  on  a  smaller  scale 
there  is  extensive  variation  in  both  A1  concentration,  and  in  die  width  of  the  bands. 
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Figure  4  •  Electron  microprobe  data,  AI  concentration  vs.  distance  along  centerline,  trace 

parallel  to  growth  direction,  spacing  between  sample  points.  (A)  Data  on  right 
is  from  region  directionally  solidified  once.  (B)  All  data  from  within  region 
directic.ially  solidified  twice,  Fig.  lA. 
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Cellular  a-, 


Some  of  the  fine  scale  instances  of  lower  A1  concentration  shown  in  Figure  4  can  be  attributed 
to  the  presence  of  cellular  aj.  This  was  confirmed  by  microprobe  analysis  within  a  single  yband 
(Figure  S),  and  by  transmission  electron  microscopy  (Figure  6).  The  steep  concentration 
gradients  associated  with  the  a2  (Figure  S)  may  be  artifacts  derived  from  the  intersection  of  the 
electron  beam  activation  volume  with  regions  of  X  lying  below  the  free  surface.  By  contrast,  the 
A1  concentrations  determined  in  a  thin  foil  specimen  by  EDXS  were  constant  across  the  width  of 
each  phase:  42l3at%Al  for  the  aj,  54l3Bt%Al  for  the  y  regions  on  either  side  (Figure  6A;  lOnm 
spot  size;  120kV).  A  cross-check  of  the  cellular  Oi  A1  concentration  from  its  lattice  parameters, 
determined  by  CBED  pattern  analysis  [9],  was  not  possible  because  the  HOLZ  line  intersections 
were  displaced  (Figure  6B).  This  pattern  distortion  was  presumably  caused  by  residual  stresses 
in  the  aj,  accumulated  during  post-solidification  cooling. 


0  100  200  300  400  BOO  BACKSCATTEHEO  ELECTRON  IMAGE 

Probe  Location  (urn)  — >  unetened  Surfee# 


Figure  5  •  A1  concentration  along  linear  trace  shown  at  right;  area  within  y  band  which  contains 
cellular  ai;  region  directionally  solidified  once. 


Figure  6  -  Cellular  az  within  y  band.  (A)  Digitally  processed  annular  dark  field  STEM  image. 
(B)  [3301]  CBED  from  the  aj  shown  at  left  The  HOLZ  line  intersections  are 
asymmetric  about  a  vertical  minor  plane,  indicating  the  presence  of  residual  stress. 
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Discuasion 


The  presence  of  macroscopic  segregation  bands  widiin  this  directionally  solidified  alloy  was 
interpreted  as  evidence  that  the  solidifying  composition  had  oscillated  from  end  to  end  of  a 
L  -I-  a  ->  y  peritectic  transformation.  This  occuned  because  the  mass  transfer  requirements  of 
the  peritectic  transformation  could  not  be  continuously  fulfilled  under  (nearly)  planar  interface 
conditions.  The  alternate  solidification  between  the  a  and  y  phases  implied  that  the  overall  alloy 
composition  (S2at%  Al)  was  hypoperitectic.  Similar  banded  microatructures  have  been  observed 
to  form  during  directiorud,  planar  interface  solidification  of  a  Sn-Cd  hypoperitectic  alloy  [4]. 
The  electron  microprobe  determination  of  the  average  %A1  with  the  segregation  bands  suggest 
that  the  boundaries  of  the  L  a  y  peritectic  are  Sl±lat%Al  and  S4±lat%Al,  respectively.  The 
existence  of  diis  peritectic  is  consistent  with  the  results  of  several  recent  investigations  [S-8]. 

In  the  case  of  the  cellular  instability  which  was  manifested  as  small  regions  of  012  within  the  y 
bands  (Fig.  6A),  it  is  difficult  to  understand  why  the  aj  composition  should  be  as  low  as 
43l2at%Al.  The  relativelyhighconcentrationofhydrogen,  a  strong  P  stabilizer,  retained  in  the 
specimen  (Table  I)  suggests  that  the  use  of  hydrogen  as  a  protective  atmosphere  may  have 
expanded  the  p  phase  field,  and  thus  promoted  the  formation  of  P  during  tfie  oscillation  of  the 
pentectic  mass  transfer  instabilities.  Cellular  instability  during  solidification  of  a  y  band  could 
then  be  manifested  by  the  formation  of  hydrogen  stabilized,  intercellular  P  of  relatively  low  Al 
content,  which  would  subsequently  transform  to  a,  and  then  to  aj.  By  comparison,  when  helium 
was  used  instead  of  hydrogen  as  the  protective  atmosphere  during  the  directional  solidification 
of  Ti*52at%Al,  banding  of  the  microstructure  was  largely  suppressed  [3]. 

Cgnclvsiona 

1.  Analysis  of  the  banded  microstnicture  observed  in  directionally  solidified  Ti-S2at%Al  is 
consistent  with  its  formation  by  a  L  a  ->  y  peritectic  transformation. 

2.  The  bands  in  the  microstructure  were  formed  as  the  alloy  oscillated  between  solidification  as 
a  of  <«Sl±lat%Al  composition  and  solidiHcation  u  y  of  ■<54tlat%Al  composition,  since  die 
mass  transfer  requirements  for  the  peritectic  transformation  were  not  continuously  met  under 
planar  interface  conditioiu. 

3.  The  oscillation  between  the  a  and  y  phases  during  L  -f  a  y  solidification  implies  that 
Ti-S2at%Al  is  a  hypoperitectic  composition. 

4.  Based  on  the  current  understanding  of  the  H-Ai  phase  diagram,  it  is  not  evident  why  the 
occurrence  of  cellular  instability  during  solidification  of  the  y  bands  should  produce  az  with  an 
Al  content  as  low  as  M43at%.  One  possible  explanation  is  that  the  hydrogen  protective 
atmosphere  promoted  the  formation  of  intercellular  p  phase,  which  subsequently  transformed  to 
a  and  then  to  aj. 
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Abstract 

Considerable  research  on  and  development  of  the  alloy,  Ti-48Al-2Cr-2Nb  (at  %),  has  occurred  in 
the  past  several  years,  and  microstructural  conditions  with  an  attractive  balance  of  elevated 
temperature  strength,  low  temperature  ductility  and  toughness  have  been  achieved.  A  number  of 
microstructural  conditions  with  this  desirable  balance  of  properties  were  produced  by  either 
isothermal  forging  or  extrusion  of  as-cast  ingots  followed  by  heat  treatment.  This  paper  will 
describe  the  processing  sequences  for  both  forging  and  extrusion  and  will  compare  the  degree  of 
microstructural  refinement  and  control  available  from  each  process.  Input  material  for  isothermal 
forging  trials  was  produced  both  by  vacuum  induction  skull  melting  (VIM)  and  vacuum  arc  re¬ 
melting  (VAR).  Both  laboratory  scale  (approximately  140  mm  diameter)  and  production  scale 
(approximately  485  mm  diameter)  forgings  have  been  produced.  Extrusion  process  development 
has  been  concentrated  on  VIM  material  with  starting  billet  diameter  of  70  mm.  Extrusion  ratios 
ranging  from  6: 1  to  20: 1  have  been  utilized  to  develop  a  range  of  microstructures.  Microstrucnires 
and  mechanical  properties  of  extruded  and  forged  material  have  been  characterized 


I  Introduction 

The  objective  of  the  process  development  activities  was  to  produce  wrought  material  in  sufficient 
size  and  quantity  to  allow  heat  treatment  development  and  mechanical  property  characterization 
that  would  be  representative  of  production  material.  In  this  paper  we  will  discuss  the  processing 
j  of  extrusions  from  vacuum  induction  melted  (VIM)  ingot  and  isothermal  forging  of  both  VIM  and 

vacuum  arc  re-melt  (VAR)  ingot.  Microstructural  development  in  both  extruded  and  isothermally 
forged  material  will  be  discussed,  and  the  mechanical  properties  of  extruded  and  forged  material 
will  be  compared. 
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The  material  characterized  in  this  study  was  produced  as  VIM  or  VAR  ingots  which  were 
subsequently  extruded  or  forged  and  heat  treated. 

Ingot  Material 

Ingot  material  was  obtained  in  several  forms  including  70  mm  diameter,  16  kg,  VIM  ingot;  1S2 
mm,  16  kg,  double  VAR  ingot,  and  203  mm,  SSkg,  triple  VAR  ingot.  The  smaller  VAR  ingots  were 
initially  ordered  to  conserve  resources,  but  it  was  later  found  that  the  larger,  triple-melted  VAR 
ingots  insured  improved  chemical  homogeneity.  The  extrusion  and  small-scale  forging  studies 
were  conducted  on  the  VIM  ingots,  the  large-scale  forgings  studies  were  conducted  on  the  203  mm 
diameter  VAR  ingot.  VIM  ingots  were  hot  isostatically  pressed  at  1 200°C  and  105  MPa  for  3  hours 
and  homogenized  at  1 175°C  for  24  hours  prior  to  machining  the  extrusion  or  forging  multiples. 
The  larger  VAR  ingots  were  hot  isostatically  pressed  at  1175°C  and  105  MPa  for  4  hours.  In 
addition,  the  forging  multiples  for  the  large  scale  forgings  were  homogenized  for  10  hours  at 
1300°C  prior  to  forging 

Fxtnision 

The  extrusion  studies  were  conducted  using  the  8.9  MN  press  at  Wright-Patterson  AFB. 
Extrusions  were  produced  using  a  variety  of  extrusion  ratios  from  6: 1  to  20: 1  at  a  ram  speed  of  - 1 3 
mm/s  on  billets  heated  to  i3i5’^C.  With  the  exception  of  one  extrusion  trial  of  a  bare  billet,  all 
billets  were  encapsulated  in  a  titanium  alloy  can  (either  CP  or  Ti-6A1-4V).  A  “standard”  can 
configuration  was  used  in  which  the  gamma  billet  was  surrounded  by  a  can  of  5  mm  wall  thickness. 
The  actual  gamma  alloy  billet  was  approximately  63  mm  diameter  by  1 30  mm  long,  and  the  overall 
extrusion  billet  diameter  was  73  mm.  Extrusion  pressures  were  generally  a  function  of  extrusion 
ratio;  the  maximum  extrusion  pressure  was  -1(XX)  MPa.  Material  processed  at  three  different 
extrusion  ratios  (6: 1 , 9: 1 ,  and  20: 1 )  was  subjected  to  fairly  extensive  heat-treatment  and  mechani¬ 
cal  property  evaluation.  Results  of  the  heat  treatment  and  mechanical  property  evaluation  of 
material  extruded  at  the  highest  ratio  will  be  summarized  in  the  following  sections. 

Forcinfi 

Isothermal,  small-scale  and  large-scale  forging  trials  were  conducted.  The  small-scale  forging 
trials  resulted  in  forging  dimensions  of  140  mm  diameter  by  12.7  mm  thick.  The  large-scale 
forging  trials  resulted  in  forging  dimensions  of  -485  mm  diameter  by  30  mm  inch  thick.  Prior  to 
these  forging  trials,  a  determination  of  flow-stress  as  a  function  of  temperature  and  strain-rate  for 
cast  and  hot  isostatically  pressed  Ti-48Al-2Cr-2Nb  was  made  using  compression  specimens  5  mm 
diameter  x  10  mm  high.  The  material  used  for  these  tests  had  been  heat  treated  to  produce  a  roughly 
equal  volume  fraction  of  primary  gamma  and  transformed  alpha  (lath  gamma  and  alpha-2)  as  will 
be  discussed  in  the  microsmicture  section.  The  flow-stress  as  a  function  of  temperature  and  strain- 
rate  is  shown  in  Figure  1 . 

The  flow  stress  for  Ti-48Al-2Cr-2Nb  has  a  strong  temperature  and  strain-rate  dependence.  To 
achieve  adequate  forging  reductions,  forging  temperatures  need  to  be  relatively  high  and  forging 
strain-rates  need  to  be  relatively  low.  This  fact  is  illustrated  by  the  three  bars  on  the  plot  that  occur 
at  the  lowest  strain-rate  and  relatively  high  temperatures.  These  three  bars  represent  the  forging 


conditions  for  the  three  forgings  described  in  the  following  paragraphs. 


Stress,  MPa 


1/s 

Temperature,  °C 

Figure  1 .  Flow  stress  as  a  function  of  temperature  and  strain-rate  for  Ti-48Al-2Cr-2Nb. 

Large  scale  forgings  on  production,  isothermal  presses  are  likely  to  be  limited  to  this  ponion  of  the 
temperatute/strain-rate  envelope  by  press  capacity  and  die  material. 

Small-Scale  Forgings  -  The  small  scale  forgings  were  made  on  the  Wyman-Gordon,  1.8  MN 
isothermal  press.  Specimens  70  mm  diameter  by  51  mm  high  were  forged  to  ~140  mm  diameter 
by  12.7  mm  high  at  1 175°C  and  a  strain-rate  of  1.67  x  10-3  s*l.  Due  to  the  limited  capacity  of  the 
press,  a  number  of  the  specimens  failed  to  teach  the  desired  minimum  thickness  of  12.7  mm.  The 
forgings  were  subsequently  subjected  to  several  heat  treatment  schedules  selected  to  produce  a 
range  of  microstructures.  In  general,  the  mechanical  properties  for  these  forgings  when  compared 
toan  equivalent  micros  tructure  in  the  extrusions,  showed  only  asmall  decrease  in  strength  and  little 
change  in  ductility.  In  a  set  of  tests  designed  to  evaluate  directionality  in  the  plane  of  the  forging, 
it  was  found  that  the  properties  in  the  radial  and  tangential  directions  were  essentially  equivalent. 

Large-Scale  Foreines  -  The  large  scale  forgings  were  made  on  the  Wyman-Gordon,  71.2  MN  press. 
Two  forging  trials  were  conducted  on  this  press,  one  at  1149°C  and  a  second  at  1066°C.  The 
forging  nial  at  1 149°C  involved  two  forging  steps  at  a  strain-rate  of  1.67  x  10-3  s-'.  In  the  first 
step,  a  1 84  mm  diameter  by  229  mm  high  multiple  was  forged  from  229  mm  to  76  mm  and  in  the 
second  from  76  mm  to  30  mm.  The  forging  was  removed  from  the  press  and  conditioned  after  the 
first  step.  The  final  diameter  of  the  forging  was  483  mm.  Material  from  this  forging  was 
subsequently  heal  treated  to  a  duplex  microstructure  and  tested:  the  micrcstructure  and  tensile 
results  are  discussed  in  a  following  section.  The  forging  trial  at  1066°C  was  conducted  in  an 
attempt  to  get  work  into  the  material  at  a  lower  temperature  and  thereby  obtain  a  finer  recrystallized 
grain  size  upon  subsequent  heat  treatment.  The  forging  involved  a  single  step  from  184  mm 
diameter  by  1 1 4  mm  high  to  304 diameter  by  43  mm  high  at  a  strain-rate  of  1 .67  x  1 0-3  s-  L  Attempts 
to  recrystallize  the  micros  tructure  of  this  forging  at  sub-transus  temperatures  met  with  linle  success 


in  that  the  recrystallized  microstructure  was  very  non-unifonn  and  comprised  areas  of  fine, 
recrystallized  grains  and  large  regions  of  highly  worked,  lamellar  microstructure.  Heat  treatment 
above  the  alpha  transus  resulted  in  a  fully  transformed  structure  with  large  grain  size. 


Early  in  the  development  cycle  for  Ti-48Al-2Cr-2Nb  at  GEAE,  three  microstructural  conditions 
were  identified  as  being  of  interest.  These  previously  have  been  referred  to  as  duplex  (DP),  sub- 
transus  (ST),  and  fully-transformed  (FT).  Details  of  the  heat  treatments  utilized  to  obtain  two  of 
these  structures,  DP  and  FT  are  have  been  reported  by  Shih,  et  al.  (1].  A  third  microstructure 
studied  has  been  referred  to  as  the  sub-transus  microstructure.  This  microstmcture  is  obtained  by 
holding  the  alloy  at  a  temperature  slightly  below  the  alpha  transus  and  cooling  from  that 
temperature.  That  microstructure  comprises  a  small  volume  fraction  of  primary  gamma  and  a  large 
fraction  of  lamellar  (alpha-2  and  gamma)  structure.  The  heat  treatments  for  the  three  microstruc¬ 
tures  were  conducted  for  2  hours  at  1 300, 1400,  and  1 350°C,  respectively.  Examples  of  the  three 
microstructures  are  shown  in  Fig.  2. 


Figure  2.  RepresentativemicrostructuresofcxtrudedTi-48Al-2Cr-2Nb.(a)Duplex,  (b)Sub- 
Transus,  and  (c)  Fully-Transformed. 


Extensive  mechanical  propeny  characterization  of  the  numerous  microstructural  conditions  of 
both  extrusions  and  forgings  has  been  conducted.  In  the  following  section,  the  tensile  properties 
for  a  high  extrusion  ratio  (20: 1 )  extrusion  will  be  compared  with  data  from  one  of  the  large  scale 
forgings. 

Extrusion 


The  material  used  for  this  comparison  was  extruded  at  an  extrusion  ratio  of  20: 1  as  discussed 
previously.  Tensile  and  creep  properties  for  the  alloy  in  both  a  duplex  and  fully-transformed 
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micTostructural  condition  are  shown  in  Figures.  3  and  4. 
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^  Figure  3.  Tensile  properties  as  a  function  of  temperature  for  extruded  Ti-48Al-2Cr-2Nb 


It  can  be  seen  from  Figures  3  and  4  that  the  duplex  microstructure  provides  a  good  combination 
of  strength  and  ductility,  but  does  so  at  the  expense  of  creep  su'ength.  The  sub-transus 
microstructure  provides  a  compromise  between  the  duplex  and  fully  transfonned  microstructures, 
in  that  the  creep  strength  is  intermediate  to  that  of  the  duplex  and  fully  transformed  microstructures 
and  the  tensile  ductility  is  generally  greater  than  2  percent. 


The  large  scale  forging  was  heat  created  (10  hours  at  I3(X)°C  in  argon,  and  furnace  cooled)  to  a 
microstructural  condition  equivalent  to  the  duplex  microstructure  in  the  extrusion.  The  micro- 
structures  for  both  are  shown  in  Figure  S.  The  mechanical  properties  for  the  two  processing 
conditions  are  shown  in  Figure  6. 
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(a)  (b) 


Figure  5,  Duplex  microstructure  of  Ti-48Al-2Cr-2Nb.  (a)  Extruded,  (b)  Forged 


1  •  't'  T,  °C 

Figure  6.  C oitiparison  of  the  tensile  propertiesof  extruded  and  forged  Ti-48Al-2Cr-2Nb  with  the 
duplex  structure 


Discussion  and  Conclusions 

A  range  of  tiiicrostnictural  conditions  can  be  produced  in  both  extruded  and  forged  Ti-48Al-2Cr- 
2Nb  by  heal  treainieni  suhsei|ueni  to  the  working  operation.  Of  the  microslruclurcs  produced  in 
this  material,  the  duplex  structure  with  approximately  equal  volume  fractions  of  primary  gamma 
and  transformed  microstructure.  Fig.  5  (a),  provides  the  best  balance  of  properties.  Microstructures 
that  are  fully  himellar.or  which  contain  a  small  volume  fraction  of  primary  gamma,  appear  to  have 
improved  creep  resistance,  hut  at  the  expense  of  tensile  ductility.  The  difference  in  the  mechanical 
propen  les  of  the  extruded  and  the  forged  maienal  when  heat  treated  to  a  duplex  microstructure  does 
not  .ippear  lolx'  a  function  of  grain  si/c.  but  may  be  related  to  one  or  more  of  several  factors.  These 
f.iclors  could  include:  I)  the  degree  of  deformation  imparted  during  the  processing  step.  2) 
specimen  si/e,  and/or  .^l  microstruciural  and  crystallographic  texture.  The  20:1  extrusion  ratio 
yielded  a  true  strain  of  .T  w  hile  the  forging  was  conducted  in  two  steps  each  of  w  hich  yielded  a  true 
sir, tin  of  ~  1  (or  ;i  total  of  2  with  an  mteniiediaie  healing  to  forging  temperaturel  While  this 
ililtcrence  might  have  been  expected  to  provide  a  significantly  different  grain  si/e.  it  appears  not 
to  have  and.  therefore,  cannot  he  directly  correlated  with  the  difference  in  strength  and  ductility. 
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The  difference  in  tensile  ductility  (plastic  elongation)  may  be  related  to  specimen  size  in  that  the 
material  from  the  extrusion  was  tested  using  a  specimen  with  a  4.1  mm  gage  diameter  while  the 
material  from  the  forging  was  tested  using  a  specimen  with  a  6.4  mm  gage  diameter.  It  has  been 
reported  in  tensile  testing  of  materials  of  low  ductility,  that  apparent  ductility  often  decreased  as 
the  size  of  the  test  bars  is  increased.  Finally,  although  the  texture  (either  microstructural  or 
crystallographic)  of  the  two  product  forms  was  not  characterized,  the  possibility  of  either  form  of 
texturing  providing  an  increase  in  the  tensile  propenies  of  the  extrusion  should  be  considered.  In 
conclusion,  it  should  be  noted  that  the  heat  treatment  for  the  forging  was  not  optimized,  but  was 
based  on  an  extensive  heat  treatment  study  on  the  extruded  material  the  goal  of  which  was  to 
provide  the  best  balance  of  properties  in  a  duplex  microstructure.  The  need  for  optimization  of 
microstructural  development  in  forged  near  gamma  alloys  exists  and  is  being  pursued  in  both  in- 
house  research  and  contract  funded  activities  at  GEAE  and  other  engine  and  airframe  contractors. 
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Abstract 

The  influence  of  forging  conditions  on  the  workability,  stress-strain  relation  and 
microstructutes  of  plasma-melted  y  -TiAl  based  intermetallics  have  been  studied  and  sound 
forgings  have  been  produced  using  traditional  hot  forging  processes.  The  good 
wo^bility  of  alloys  of  nominal  composition  Ti-48Al-2Mn-2Nb  and  Ti-48AI  (all 
compositions  in  atomic  percent)  was  resulted  when  a  high  forging  temperature  (13S0  °C) 
and  a  high  die  temperature  (750  ‘’C)  were  used.  The  stress-strain  relationship  largely 
depended  on  billet  temperature.  The  lamellar  structure  of  Ti-48Al-2Mn-2Nb  alloy  was 
ve^  stable  and  existed  at  all  forging  temperatures. 


Introduction 

Titanium  alunrinides  based  on  y-TiAl  ate  being  considered  as  potential  aero^ace  and 
automotive  materials  for  high  temperature  applications.  Recent  interest  in  dwse  alloys  has 
been  concentrated  on  the  two-phase  y  alloys  which  are  composed  of  the  y-TiAl  phase  and 
a  small  volume  fraction  of  the  a2-Ti3AI  phase  since  better  mechanical  properties  (such  as 
improved  ductility,  room  temperature  fracture  toughness  and  good  creep  resistance)  can  be 
obtained  over  the  single  phase  y-TiAl  alloys  I'-^l.  Thermomechanical  processing, 
including  HIPping,  forging  and  subsequent  heat  treatment  is  critically  important  to 
optimise  microstructure  and  mechanical  properties  of  these  alloys  W.  In  forging,  the 
quality  of  the  products  (e.g.,  soundness)  and  microstructure  are  very  sensitive  to 
processing  parameters  such  as  temperature  and  strain  rate.  Since  the  mechanical 
properties  of  y-based  alloys  are  strongly  dependent  on  their  microstructure,  it  is  important 
that  this  is  optimised  by  the  appropriate  thermomechanical  treatment  1^). 

The  aim  of  this  paper  is  to  present  primary  experimental  results  on  the  hot  workability  of 
two-phase  y-TiAl  alloys  using  a  traditional  forging  process  at  higher  billet  temperatures 
and  strain  rates  than  those  currently  used  in  isothermal  forging  for  conventional  titanium 
alloys. 


Eitpcrimcpwl  Prwcflurg 


Alloys  of  nominal  composition  Ti-48AI  and  Ti-48Al-2Mn-2Nb  and  actual  composition 
Ti-49A1  and  Ti-30AI-2Mn-2Nb,  weighing  about  30  kg,  were  cast  in  a  Retech  plasma  arc 
melting  furnace  as  cylindrical  ingots  with  a  diatrwter  of  10  cm.  The  oxygen  contents  for 
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both  alloys  ranged  from  6S0  wt  ppm  to  700  wt  ppm.  Cylindrical  billets  for  forging,  of 
size  019  X  25  mm,  035  x  35  mm  and  035  x  50  mm,  were  cut  from  the  cast  ingots 
(using  wire  electrical  discharge  machining)  with  their  axes  orientated  parallel  to  that  of  the 
original  ingot . 

Forging  was  carried  out  on  a  hydraulic  press  with  a  load  capacity  of  150  ton.  Three  sets 
of  flat  forging  tools  made  from  alloys  with  different  temperature  capabilities  were  used:  a 
5%  Or  hot-work  tool  steel  (BS  BH13)  which  could  be  heated  to  200  “C;  a  Ni  718  alloy 
which  could  be  heated  to  600  ‘C  and  an  INIOO  alloy  which  could  be  heated  to  1000  ‘’C. 
Forging  load  was  measured  by  a  strain-gauged  load  cell  situated  in  the  tool  stack  and  tool 
displacement  measured  by  an  induction  transducer  placed  between  the  press  slide  and  bed. 
Outputs  from  these  instmments  were  recorded  simultaneously  against  time  on  an 
oscilloscope  and  photographed.  Before  heating  the  billets  were  coated  with  a  thick  layer 
of  glaze  and  wrapped  in  a  layer  of  ceramic  wool  and  the  working  surfaces  of  the  dies  were 
coated  with  a  thick  layer  of  colloidal  graphite.  The  cold  billets  were  then  placed  in  an 
electric  resistance  muffle  furnace  and  heated  in  air  to  the  required  temperature  for  30 
minutes  while  the  dies  were  raised  to  their  working  temperature  in  a  separate  furnace. 
When  the  dies  were  at  their  working  temperature  they  were  rennoved  from  the  furnace  and 
positioned  on  the  press;  the  billet  was  then  removed  from  the  furnace,  placed  between  the 
dies  and  forged  to  a  chosen  reduction,  the  whole  sequence  of  events  being  undertaken  as 
quickly  as  possible. 

The  area  of  a  forging  at  any  stage  of  deformation  was  calculated  by  dividing  its  volume  by 
its  instantaneous  height,  obtained  from  the  ram  displacement.  Stress  was  calculated  by 
dividing  the  instantaneous  load  by  the  instantaneous  calculated  area.  Ram  velocity  was 
calculated  by  measuring  the  shape  of  the  recorded  displacement-time  relation  and  strain 
rate  comput^  by  dividing  the  ram  velocity  by  the  instantaneous  height  of  the  workpiece. 

Results  and  Discussion 


Workability 

The  forging  tests  were  undertaken  using  different  conditions.  The  billet  samples  after 
forging  are  shown  in  Fig.l  and  Fig.2  with  ram  speed  1-  2  mm/sec.  Both  the  temperature 
during  forging  and  the  cooling  rates  after  deformation  appear  to  be  critical  parameters  in 
controlling  the  quality  of  forged  materials.  The  temperature  during  forging  has  been 
shown  to  be  influenced  by  several  factors  including:  the  surface  area  of  contact  with  the 
die,  the  contact  time,  the  billet  volume,  the  die  temperature,  the  amount  of  heat  generated 
by  deformation  and  the  friction  between  die  and  billet  1*1. 

Three  initial  die  temperatures  were  used  and  it  was  found  that  increasing  die  temperature 
improved  the  quality  of  the  forged  billets  by  reducing  the  formation  of  surface  cracks,  as 
shown  in  Fig.  1.  Chilling  of  the  billets  and  low  forging  temperatures  produced  poor 
quality  forgings,  so  billet  temperatures  ranging  from  1 150  °C  to  1350  °C  were  used. 

Fig.  2  shows  billets  forged  at  different  temperatures  from  which  it  is  obvious  that  forging 
at  1350  °C  can  give  a  sound  sample  only  when  the  die  temperature  is  750°C. 

Since  surface  cracks  also  developed  during  air  cooling,  the  forgings  were  furnace  cooled 
from  900  °C  off  the  press.  Nonuniform  deformation  due  to  the  formation  of  a  dead  zone 
between  the  workpiece  and  die  surface  was  apparent  in  all  forged  billets  (Fig.  3).  This 
was  caused  by  constraints  at  the  billet-die  interfaces  due  to  friction  and  heat  loss. 

Stress-Strain  Relations 

Figs.  4  and  5  show  the  effect  of  forging  temperatures  on  stress-snain  and  strain-strain  rate 
behaviour  derived  during  forging  for  Ti-48AI-2Mn-2Nb  and  Ti-48A1  alloys,  respectively, 
using  die  temperatures  of  between  150  °C  and  200  °C.  Due  to  the  characteristics  of  the 
hydraulic  press  the  initial  strain  rate  for  each  forging  temperature  varied  slightly  and  also 
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changed  throughout  >he  deformation.  It  can  be  seen  that  flow  stress  increased  rapidly  to  a 
maximum  then  remained  almost  constant  with  increasing  strain,  but  the  forging  carried  out 
at  1250  °C  exhibited  an  increase  in  flow  stress  at  strains  above  about  0.7.  This  behaviour 
can  be  explained  in  terms  of  the  balance  of  heat  generated  and  lost  within  the  workpieces. 
At  the  higher  forging  temperatures,  the  heat  resulting  ftom  a  combination  of  plastic 
deformation,  friction  between  the  billet  and  die  and  dynamic  recrystallization  probably 
balanced  the  heat  loss  during  forging  once  a  certain  strain  value  had  been  exceeded.  In  the 
case  of  the  1200  °C  forging,  the  combination  of  lower  initial  temperature  and  chilling  of 
the  interfacial  region  may  have  caused  additional  frictional  losses.  Similar  behaviour  was 
found  with  the  Ti-48AI  alloys. 

At  the  higher  preheat  temperatures,  the  initial  forging  temperature  was  always  greater  than 
1 100  °C  (measured  by  optical  pyrometer)  and  only  dropp^  to  about  950  °C  at  the  end  of 
deformation,  a  range  of  temperature  which  would  include  that  typically  used  in  isothermal 
forging.  Since  there  would  have  been  little  heat  loss  in  the  initial  forging  stage  (i.e.  strain 
less  than  about  0.2)  the  maximum  stress  values,  shown  in  Table  1  for  different  forging 
conditions,  can  be  compared  with  the  data  obtained  from  isothermal  forging  by  Nt^ula 
et  al.l'^-^l.  For  example,  their  values  of  maximum  stress  obtained  when  isothermally 
forging  at  1210  °C,  at  a  strain  rate  of  0. 1  sec-',  were  231  MPa  for  Ti-47A1-2V  and 
250  MPa  for  Ti-48.2A1,  respectively.  Our  values  were  sim..-  r,  i.e.  205  MPa  and  201 
MPa  forTi-48Al-2Mn-2Nb  and  Ti-48A1,  respectively,  forged  at  1250  °C  at  strain  rates 
between  0.05  sec  '  and  0.5  sec',  despite  the  fact  that  our  forging  was  carried  out  with 
decreasing  billet  temperature  and  varying  strain  rate.  From  their  extensive  work  on  flow 
stress  and  deformability  maps,  Nobuki  et  al.  predicted  that  these  materials  could  suffer 
brittle  fracture  when  forged  conventionally  (l(XX)®C  to  1200“C,  strain  rate  ~50  sec  ').  In 
the  present  study  this  problem  was  overcome  by  increasing  the  temperatures  of  both  billet 
(1200  °C  to  1 350  "C)  and  die  (400  ®C  to  750  °C)  and  by  using  a  moderate  strain  rate  of 
0.05  sec'  to  0.5  sec'  on  a  hydraulic  press.  The  significance  of  this  achievement  is  that 
traditional  hot  forging  has  potential  for  TiAl  intermetallics. 

Microstructures  of  As-cast  and  As-forged  Samples 

The  as-cast  Ti-48A1  and  Ti-48Al-2Mn-2Nb  alloys  had  predominantly  lamellar 
microstructures  with  a  few  equiaxed  y  grains  formed  around  the  lamellar  grain  boundaries 
near  the  centres  of  the  ingots.  In  the  Ti-48Al-2Mn-2Nb  alloy,  the  microstructure  was 
more  heterogeneous  than  that  of  the  binary  alloy  and  a  duplex  microstructure  (lamellae  and 
equiaxed  Y  grains)  was  apparent  at  the  centre  of  the  ingot  (Fig.  6).  SEM  EDX  analysis 
from  the  edge  to  the  centre  of  the  ingot  did  not  reveal  any  significant  variation  in 
composition,  indicating  that  this  nonuniform  microstructure  should  have  been  caused  by 
the  solidification  rate  differences. 

The  microstructure  of  as-forged  Ti-48Ai-2Mn-2Nb  (billet  temperature  1350  °C,  die 
temperature  1 50  °C  to  250  °C  and  60%  reduction)  consisted  of  networks  of  fine 
recrystallised  grains  and  lamellae  (Fig.  7).  The  lamellae  with  original  orientations  parallel 
or  almost  parallel  to  the  compression  axis  were  rotated  through  90°.  Similar 
microstructures  were  found  in  all  other  billets,  irrespective  of  forging  temperature;  this 
was  due  to  the  high  stability  of  the  lamellar  structure  over  the  range  of  temperatures  used 
in  the  present  study.  Although  some  recrystallized  grains  were  observed,  large-scale 
dynamic  recrystallisation  typically  reported  in  isothermal  forging  appeared  to  have  been 
restricted  by  high  strain  rates  used  for  the  hot-die  forging. 


Conclusions 

1.  Sound  forgings  have  been  achieved  using  a  conventional  hot  forging  process  at 
medium  strain  rate  (0.05  sec  '  to  0.5  sec');  increasing  both  die  and  billet  temperatures 
improved  the  quality  of  the  forged  billets. 
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2.  Flow  stress  increased  with  decrease  in  forging  temperature;  maximum  flow  stress 
values  obtained  from  measurements  made  during  conventional  hot  forging  were 
comparable  with  those  obtained  from  isothermal  forging. 

3.  The  microstructure  of  forged  Ti-48Al-2Mn-2Nb  consisted  of  networks  of  fine 
recrystallised  grains  and  lamellae. 
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Figure  4  Flow  stress  -  strain  and  strain  -  strain  rate  curves  of  Ti-48 Al-2Mn-2Nb  alloys 
forged  at  die  temperature  150°C. 
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Figure  5  Flow  stress  -  strain  and  strain  rate  curves  of  Ti-48A1  alloys  forged  at  die 
temperature  150°C. 


Table  1.  Maximum  stress  ( at  initial  period,  strain  <  0.2 )  on  forging  tests  ( die 
temperature  ISO^C  to  200®C )  and  total  forged  strain  of  Y  -  TiAl  alloys 


Temp. 

Stress  ( MPa ) 

ri-48AI 

Strain 

Ti-48Al-2Mn-2Nb 

Stress  (  MPa )  Strain 

1200°C 

258 

1.1 

1250“C 

201 

0.6 

205 

1.1 

130(fC 

159 

0.6 

174 

0.9 

1350“C 

95 

0.6 

124 

1.0 

Figure  6  Microstructure  of  as  -  cast  Ti-48A!-2Mn-2Nb  alloy  (  near  the  centre  of  the 
ingot ). 


Figure  7  MiCTOstructure  of  as  -  forged  Ti-48Al-2Mn-2Nb  at  die  temperature  150°C,  billet 
temperature  ISSO'C  and  &)%  reduction. 
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Abstract 

Ti-48Al-2Cr-2Nb  (at%)  is  a  second-generation  gamma  titanium  aluminide  which  has  recently 
been  the  subject  of  appreciable  investigation  both  in  the  wrought  and  in  the  cast  product  forms. 
The  effective  application  of  Ti-48Al-2Cr-2Nb  and  future  generation  gamma  titanium  aluminides 
in  structural  gas  turbine  engine  applications  will  require  joining  both  to  themselves  and  to  other 
titanium-bas^  materials.  Gas  tungsten  arc  (GTA)  welding  with  preheat  is  one  suitable  process 
for  joining  gamma  alloys.  The  puipose  of  the  present  study  was  to  investigate  evolution  of  weld 
fusion  zone  and  heat-affected  zone  OlA®  microstructures  in  preheated  GTA  welds  of  Ti-48A1- 
2Cr-2Nb  and  to  develop  initial  relationships  between  these  structures  and  mechanical  behavior. 
This  woric  was  accomplished  through  the  detailed  characterization  of  both  simulated  and  actual 
GTA  welds.  The  microstructures  of  both  the  fusion  zone  and  near-HAZ  were  primarily 
comprised  of  7  +  02  lamellae.  Fusion  zone  microstructures  of  GTA  welds  differed  from  those 
of  the  near-HAZ  due  to  solidification  behavior  and  microsegregation.  Weld  HAZ  simulation 
studies  performed  on  a  Gleeble®  1500  system  showed  a  significant  influence  of  weld  heating 
and  cooling  rates  and  peak  temperature  on  the  microstructure  and  hardness,  especially  for  high 
peak  temperatures  within  the  alpha  phase  field. 

Intredyctioti 

Alloys  based  on  the  gamma  titanium  aluminide  TiAl  are  potentially  valuable  for  structural  gas 
turbine  engine  applications  because  of  their  low  density  ^  good  elevated-temperature  tensile 
prop^es.  The  effective  use  of  gamma  alloys  in  structural  gas  turbine  engine  applications  will 
requite  their  joining,  both  to  themselves  and  to  other  titanium  based  materials.  In  addition,  pro¬ 
duction  of  gamma-alloy  castings  becomes  more  cost  effective  when  weld  repair  may  be  per¬ 
formed  as  necessary.  A  previous  investigation  of  welding  gamma  alloys  has  shown  a  principal 
limitation  to  gamma  titanium  aluminide  weldalnlity  to  be  solid-state  cracking  associated  with  the 
alloy's  low  room  temperature  ductility  [1].  Patterson  and  Damkroger  showed  that  cracking  in 
electron  beam  welds  of  Ti-48at%  A1  could  be  controlled  by  adjusting  welding  parameters  to  re¬ 
duce  the  cooling  rates  in  fusion  zone  and  HAZ  to  100  °C7s.  Similarly,  for  a  conqxtsite  material 
Ti-48at%  Al-6.5vol%TiB2,  cracking  was  avoided  by  using  a  preheat  of  335  “C  to  470  ®C  to  re¬ 
duce  the  cooling  rate  to  300  ®cys.  Decreasing  the  weld  cooling  rate  decreases  the  magnitude  of 
thermal  contraction  stresses  on  cooling.  The  weld  cooling  rate  may  also  control  weldment  me¬ 
chanical  properties  and  cracking  tendency  by  affecting  the  microstructures  of  the  fusion  zone  and 
HAZ. 

Since  GTA  welding  with  preheat  may  thus  be  an  ^propriate  process  for  joining  gamma  alloys, 
the  microstructures  of  gati^  alloy  welds  must  be  chartu^z^  and  the  effects  of  thermal  cycles 
on  gamma  alloys  should  be  understood.  In  this  study,  crack-ffee  GTA  welds  in  Ti-48at%Al- 
2at%Cr-2at%Nb  were  produced  using  preheat  and  woe  characterized  using  standard  techniques. 
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Gleeble®  1500  thermal  simulation  was  used  to  study  the  effects  of  peak  temperature  and  cooling 
rate  on  HAZ  miciostructure. 


Experimental  Procedures 

The  material  used  in  this  study  was  nominally  Ti-48at%Al-2at%Cr-2at%Nb,  provided  in  the 
form  of  2.5  cm  (1  in)  thick  forged  pancakes.  Forging  was  perfomned  at  1 165  °C,  followed  by  a 
4  hour  heat  treatment  at  1300  °C,  furnace  cooling  to  870  °C  for  8  hours,  and  furnace  cooling  to 
room  temperature.  The  actual  chemical  composition  of  the  material  studied  was  47.4at9E)Ti- 
48.7at%Al-2.0at%Cr-1.9at%Nb,  slightly  richer  in  aluminum  than  the  nominal  48%,  with  540 
ppm/wt  oxygen.  The  alpha  transus  temperature  increases  with  aluminum  content  for  gamma 
alloys  with  2%Cr,  2%Nb,  and  aluminum  contents  between  45.9%A1  and  48.1%A1  [2]. 
Extrapolation  from  this  data  predicted  an  alpha  transus  of  1358  °C  for  Ti-48.7Al-2Q'-1.9Nb. 

Welding  was  performed  using  the  manual  gas  tungsten-arc  (GTA)  process  on  coupons  1.7  mm 
(0.067  in)  thick  elecffo-discharge  machined  from  the  pancake,  using  filler  wire  of  matching  com¬ 
position.  Welding  current  was  60  A,  welding  voltage  was  12  V,  and  welding  speed  was  1.3  - 
1 .7  mm/s  (3-4  in/min).  Preheating  was  effected  1^  means  of  quartz  lamps  diirctMl  at  an  argon- 
filled  chamber,  and  the  chamber  temperature  was  measured  by  a  thermocouple  attached  to  the 
weld  specimen.  Using  these  preheating  lamps,  the  specimen  was  heated  to  800  °C  before  weld¬ 
ing.  After  the  arc  was  extinguished,  the  heating  lamps  were  left  on  for  5  min,  allowing  slow 
cooling  to  800  °C.  The  lamps  were  then  shut  off  and  the  welded  specimen  cooled  slowly  to 
room  temperature.  Inspection  for  surface  defects  was  carried  out  by  fluorescent  particle  exami¬ 
nation. 

Heat-affected  zone  themnal  simulation  and  other  controlled  thermal  cycling  were  performed  on 
specimens  2.0  mm  (0.080  in)  thick  in  a  Gleeble®  1500  thermo-mechanical  system.  Thermal 
cycles  experienced  in  the  HAZ  of  partial-penetration  GTA  welds  in  gamma  alloys  were  calcu¬ 
lated  using  an  analytical  solution  to  the  conduction  heat  transfer  equation,  and  thermal  properties 
measured  for  a  Ti-48Al-lV-0.1C  gamma  alloy  [3].  For  a  peak  temperature  of  14()0  ‘’C  and 
welding  conditions  similar  to  those  used  in  the  preheated  welds  of  this  study,  the  cooling  rate 
from  1400  °C  to  1200  "C  was  calculated  to  be  100  °C/s.  Figure  1  shows  the  c^culated  time-tem¬ 
perature  history  for  a  peak  temperature  of  1400  °C.  Thermal  cycles  with  a  range  of  peak  tem¬ 
peratures  were  calculated,  in  order  to  investigate  the  microstructuial  variation  across  the  near 
HAZ.  These  thermal  cycles  were  performed  on  specimens  of  the  wrought  Ti-48Al-2Cr-2Nb 
under  vacuum,  in  the  Gleeble®  1500.  As  well,  comparison  was  made  with  specimens  heated  to 
1400  “C,  held  30  s,  and  cooled  from  1400  ®C  at  slower  rates  of  10  ®C7s  and  1  ^s. 


Tlnw  (•] 

Figure  1 :  Calculated  thermal  cycle  for  HAZ  of  GTA  weld  of  ganuna  alloy  used  for 
thermal  simulation. 

Metallographic  sections  were  cold-mounted  in  epoxy,  ground  to  2400  grit  using  silicon  carbide 
paper,  and  polished  flrst  with  1  pm  diamond  or  0.3  pm  alumina  and  then  with  neutralized  col¬ 
loidal  silica.  Etching  was  performed  using  Kroll's  reagent  (3  ml  HF  -t-  6  ml  HNO3  -t-100  ml 
HjO).  Metallographic  characterization  was  done  using  li^t  trucroscopy  on  etched  specimens, 
optical  polarized  light  microscopy  (OPL)  on  unetched  specimens,  scanning-electron  microscopy 
using  Irackscatter^  electron  imaging  (BSE),  energy-dispersive  X-ray  spectroscopy  (EDS), 
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transmission-electron  microscopy  (TEM),  and  DPH  microhaidness  measurement 

Results  and  Discussion 

Base  Metal  Microstnicture 

The  base  metal  structure  of  this  forged  Ti-48Ai-2Cr-2Nb  alloy  was  primarily  equiaxed  gamma, 
with  02  present  at  grain  boundaries  (Figure  2).  The  02  was  not  visible  under  OPL,  but  may  be 
seen  in  backscattet^  electron  images  as  a  light-imaged  grain  boundary  phase.  Figure  2b  also  re¬ 
veals  the  presence  of  some  fine  lamellae.  The  base  metal  contain^  bands  of  large  twinned 
gamma  grains  (100  -  2(X)  pm  in  diaiiKter)  and  bands  of  finer  grains.  This  banded  structure  was 
similar  to  the  near-gamma  (NG)  structure  described  by  Kim  for  forged  Ti-47Al-lCr-lV-2.5Nb 
after  heat  treating  low  in  the  o  +  y  field  (1210  °C)  for  2  h  [4].  He  observed  regions  of  coarse 
(1(X)  pm)  gamma  grains,  and  bands  of  fine  (3  - 15  pm)  gamma  grains  with  02  particles  (1  -  4  pm 
diameter)  pinning  the  gamma  grain  boundaries. 


Figure  2:  Base  metal  microstructure  of  wrought  Ti-48Al-2Cr-2Nb;  (a)  Optical  polarized  light 
micrograph;  (b)  Backscattered  electron  image  (BSE),  showing  presence  of  02  at 
grain  boundaries. 


GTA  Weld  Microsmicture 

In  the  preheated  GTA  welds  of  this  study,  no  cracking  was  detected  in  fluorescent-dye  penetrant 
examination  or  in  metallographic  sections.  Interestingly,  weld  beads  produced  under  identical 
welding  conditions  but  without  preheat  all  contained  cracks.  Macroscopic  examination  of  pre¬ 
heated  GTA  welds  showed  the  near-gamma  structure  of  the  base  metal  and  the  fine  transformed 
structures  of  near  HAZ  and  fusion  zone  (Figure  3a).  In  a  light  macrograph  of  a  section  etched 
with  Kroll's  reagent,  the  fusion  boundary  (indicated  with  an  arrow)  was  readily  distinguished  by 
the  change  in  etching  contrast.  The  transformed  HAZ  (between  the  two  arrows)  was  approxi¬ 
mately  0.3  mm  wide  at  the  bottom  of  the  weld  and  as  narrow  as  0.12  mm  wide  at  the  side. 

In  the  near-HAZ  of  preheated  GTA  welds,  the  equiaxed  gamma  grains  had  gradually  trans¬ 
formed  to  a  fine  7+02  structure  with  mixed  lamellar  and  acicular  morphologies  and  some  small 
equiaxed  gamma  grains  (Figure  4).  At  the  outer  edge  of  the  transformed  HAZ  may  be  distin¬ 
guished  some  partial  transformation  as  evidence  of  a  far-HAZ.  The  fusion  zone  was  shown  by 
OPL  to  have  a  similar  transformed  structure  to  the  HAZ,  but  the  morphology  appeared  more 
fully  lamellar,  with  larger  grains.  Near  the  fusion  boundary,  in  Figure  4a,  some  light  etched  re¬ 
gions  free  of  lath  structure  had  a  shape  characteristic  of  interdendntic  regions.  Occasional  evi¬ 
dence  of  small  gamma  grains  was  seen  in  the  fusion  zone.  McQuay  et  cU.  described  three  mor¬ 
phologies  of  Y  +  02  lamellae,  classic  lamellar  (one  orientation  per  grain),  Widmanstatten-like 
plates  (several  orientations  per  prior-a  grain),  and  an  acicular  ttxrrphology  (no  apparent  orienta¬ 
tion  relationship  with  prior  alpha  grains)  (51.  A  higher  cooling  rate  or  a  higher  Cr  content  re¬ 
duced  the  fraction  of  classic  lamellar  morphology.  The  HAZ  and  fusion  zone  structures  ob¬ 
served  in  the  present  work  were  consistent  with  observations  from  Ti-48Al-2C}r  and  Ti-48A1- 
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3Cr  held  at  1400  °C  for  15  min  and  furnace  cooled  at  100  °C/s,  about  the  same  rate  as  that  of 
HAZ. 

Further  examination  of  the  fusion  zone  by  scanning-electron  microscopy  with  backscattered- 
electron  imaging  revealed  a  dendritic  solidification  structure,  with  evidence  of  interdendritic 
gamma  (Figure  S).  In  this  backscanered  electron  image,  contrast  was  indicative  of  a  change  in 
composition.  Thus,  Figure  5  shows  the  solidification  segregation  which  occurred  from  the 
white  dendrite  core  to  the  black  interdendritic  regions.  Under  close  inspection  (see  arrow  in 
Figure  Sb),  a  discontinuity  in  contrast  was  seen  in  many  dendrites.  This  would  be  consistent 
with  a  peritectic  reaction.  Superimposed  on  the  solidification  structure,  the  y*  lamellae  may 
be  seen. 


Figure  3:  Partial-penetration  GTA  weld  bead  in  wrought  Ti-48Al-2Q-2Nb:  (a)  Macro- 
photograph  of  section  etched  with  Kroll's  reagent;  (b)  Microhardness  traverse. 


Analysis  of  the  compositional  segregation  by  EDS  showed  that  the  first-to-solidify  dendrite 
cores,  shown  on  the  BSE  micrograph  as  thin  white  regions,  were  enriched  in  Cr  and  depleted  in 
Al,  relative  to  the  overall  composition,  and  the  interdendritic  regions  which  solidified  last  were 
enriched  in  Al  relative  to  the  overall  composition.  Consistent  with  the  observations  of  Shih  et 
al.,  negligible  segregation  of  Nb  was  observed  [6]. 

Recent  revisions  to  the  understanding  of  the  bi'  >ry  Ti- Al  equilibrium  diagram  give  three  possible 
primary  solidification  phases  for  near  equta'  oic  alloys:  p.  a,  and  Y.  Two  peritectic  reactions 
occur:  p  +  L ->  aand  a  +  L ->  y  [7].  The  .imary  solidirication  phase  has  been  identified  as 
BCC  beta  for  all  binary  alloys  with  less  i  ,an  49%A1  [5,  7J.  When  the  primary  solidification 
phase  was  P,  a  microstructure  of  fully  lamellar  Y+ “2.  possibly  with  interdendritic  gamma,  was 
seen.  No  microstructural  evidence  of  the  p  +  L  ->  o  peritectic  reaction  was  observed  by 
McCullough  et  al.,  due  to  the  subsequent  solid-state  transformations.  For  binary  alloys  with 
between  49%  and  55%  Al,  a  was  the  primary  solidification  phase.  The  commonly  observed 
room  temperature  microstructure  was  Y+02  laths  surrounded  by  cellular  gamma,  believed  to 
form  in  the  solid  state,  with  interdendritic  gamma  solidified  from  enriched  liquid.  TTie  sequence 
of  solidification  reactions  has  not  yet  been  identified  for  Ti-48Al-2Cr-2Nb,  although  Shih  et  al. 
observed  about  1%  P  present  in  fully  lamellar  Ti-48Al-2Cr-2Nb  and  suggested  that  P  might  thus 
be  the  primary  solidification  phase  [6].  BSE  and  EDS  observations  of  the  current  work  indi¬ 
cated  the  presence  of  interdendritic  pmma,  and  showed  patterns  of  compositional  variation 
consistent  with  some  off-peritectic  solidification  sequence.  The  precise  nature  of  the  fusion  zone 
solidification  sequence  and  its  influence  on  subsequent  on-cooling  phase  transformations  is  a 
subject  i  f  continuing  investigation. 

Transmission-electron  microscopy  of  fusion  zone  confirmed  the  presence  of  Y+  <>2  structures  in 
classic  lamellar  morphology  and  possibly  ia  acicular  morphology  as  well  as  some  fine  gamma 
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grains  (Figure  6a).  Transmission  electron  micrographs  of  the  near  (transformed)  HAZ  also 
showed  Y+  <*2  lamellae  and  fine  gamma  grains  (Figure  6b). 


Figure  4:  Microstructure  of  GTA  weld  in  wrought  Ti-48Al-2Cr-2Nb:  (a)  Light  micrograph  of 
section  etched  with  Kroll's  reagent;  (b)  Optical  polarized  light  (OPL)  micrograph  of 
unetched  section. 

Microhardness  of  fusion  zone  and  transformed  HAZ  was  increased  relative  to  the  base  metal  mi¬ 
crohardness  of  approximately  230  DPH,  as  shown  in  the  microhardness  traverse  down  the  weld 
centerline  of  Figure  3b.  The  fine  lamellar  and  acicuiar  structures  of  near  HAZ  (315  DPH)  were 
harder  than  the  near-gamma  structure  of  unaffected  base  metal,  while  the  fusion  zone  hardness 
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exceeded  340  DPH. 


Characterization  of  the  near-HAZ  by  TEM  is  difficult  because  one  cannot  easily  correlate  ini- 
crostructural  observations  on  a  particular  thin  foil  sample  such  as  Figure  6b,  with  a  known  ther¬ 
mal  cycle.  The  gradient  of  peak  temperature  is  high  in  the  HAZ  and  the  resulting  microstructure 
is  strongly  influenced  by  peak  temperature.  For  this  reason,  in  order  to  learn  more  about  the  mi- 
crostructures  produced  in  wrought  Ti-48AI-2Cr-2Nb  by  HAZ  thermal  cycles,  thermal  simulation 
was  performed  using  a  Gleeble®  ISOO. 


Figure  S;  Backscatteted  electron  images  (BSE)  of  GTA  weld  fusion  zone  showing 
solidification  segregation. 


Figure  6;  Transmission  electron  microscope  images  of  GTA  weld  in  wrought  Ti-48Al-2Cr- 
2Nb:  (a)  Fusion  zone;  (b)  Near  heat  affected  zone. 


Simulated  HAZ 

Using  a  Gleeble®  ISOO  thermo-mechanical  system,  HAZ  thermal  cycles  with  peak  temperatures 
between  1300  “C  and  1434  “C,  as  shown  in  Figure  1,  were  conducted  on  specimens  of  wrought 
Ti-48Al-2Cr-2Nb.  With  peak  temperatures  of  1375  "C  and  below,  and  a  4  s  hold  at  peak  tem¬ 
perature,  the  structure  of  the  cycled  specimen  resembled  the  base  metal  microstructure,  equiaxed 
gamma  with  grain  boundary  02.  After  thermal  cycles  with  peak  temperatures  between  1387  °C 
and  1434  °C  the  transform^  microstructure  consisted  mainly  of  7 -i-az  in  acicular  and  lamellar 
morphologies  (Figure  7).  Although  1375  "C  is  believed  to  exceed  the  alpha  transus,  the  time 
above  the  transus,  about  5  s,  was  insufficient  for  the  transformation  to  occur.  The  kinetics  for 
the  transformation  of  y  to  a  above  the  alpha  transus  have  been  measured  in  a  similar  alloy,  Ti- 
46.6Al-2.7Nb-0.3Ta,  to  require  300  minutes  for  complete  transformation  at  20  °C  above  the  al¬ 
pha  transus,  and  4  minutes  at  95  “C  above  the  transus  [8].  Cr  has  been  shown  to  retard  the  ki¬ 
netics  of  the  a  ->  y  transformation  on  cooling  because  Cr  stabilizes  alpha;  its  effect  on  the 
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kinedcs  of  the  y  •>  a  transfcnnation  on  heating  have  not  been  repotted. 

Microhardness  of  the  untransformcd  specimens  averaged  271  DPH.  The  fully  transformed 
specimens  were  significantly  harder  than  the  untransformed  specimens,  with  an  average  micro- 
hardness  of  324  DPH.  Figure  8  shows  the  hardness  of  simulated  HAZ  specimens  as  a  function 
of  peak  temperature.  Comparison  with  the  weld  hardness  traverse  of  Figure  3b  shows  that  this 
was  consistent  with  the  relatively  high  hardness  of  the  transformed  HAZ  (about  315  DPH)  and 
lower  baldness  of  untransformed  HAZ. 


Figure  7:  Microstructure  of  simulated  HAZ  specimen  with  peak  temperature  of  1387  °C. 


Peak  Tamparature  of  Slmulatad  HAZ  (°cj 

Figure  8:  Hardness  versus  peak  temperature  for  HAZ-simulation  thermally  cycled  specimens 
ofTi-48Al-2Cr-2Nb. 

Specimens  which  were  held  at  1400  °C  for  30  s  before  cooling  at  slower  constant  cooling  rates 
of  10  °C/s  and  1  °C/s  exhibited  coarse  lamellar  structures  consistent  with  slow  furnace  cooling 
results  of  McQuay  et  al.  (Figure  9)  [5].  Microhardness  of  the  specimen  cooled  at  10  °C/s  was 
269  DPH;  of  the  1  °C/s  specimen  it  was  246  DPH.  In  comparison,  the  hardness  of  ffansformed 
HAZ  in  preheated  GTA  welds  was  315  DPH  and  base  metal  hardness  was  about  230  DPH. 
This  indicated  the  possibility  of  reducing  HAZ  hardness  and  cracking  susceptibility  by  reducing 
weld  cooling  rates. 

Conclusions 

GTA  welding  with  preheat  has  been  used  to  produce  weld  beads  without  cracking  in  wrought 
Ti-48Al-2Cr-2Nb.  The  base  metal  structure  of  this  Ti-48Al-2Cr-2Nb  was  primarily  equiaxed 
gamma  with  02  at  grain  boundaries. 

The  near  HAZ  of  the  GTA  welds  was  comprised  of  mixed-morphology  (lamellar  and  acicular)  y 
+  02_  and  some  small  gamma  grains.  The  fusion  zone  of  the  GTA  welds  contained  lamellar  y+ 
02  with  interdendritic  gamma  and  some  small  equiaxed  gamma  grains.  The  fu,sion  zone  solidifi- 
canon  structure  of  cor^  dendrites  with  interdendritic  gamma  was  visible  in  BSE. 
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Thermal  simulation  of  HAZ  indicated  that  transformation  to  a  primarilyi'+  ol2  structure  occurred 
with  a  peak  temperature  exceeding  some  temperature  between  1375  °C  and  1 387  °C,  for  thermal 
cycles  typical  of  the  HAZ  of  GTA  welds.  Slower  cooling  rates  and  longer  hold  times  above  the 
alpha  transus  produced  softer  structures  of  coarser  y+  02  lamellae. 


Figure  9:  Microstructures  of  Ti-48Al-2Cr-2Nb  specimens  held  at  1400  °C  for  30  s  and  cooled 
with  fixed  cooling  rates;  (a)  Cooling  rate  10  °C/s;  (b)  Cooling  rate  1  °C/s. 


As  GTA  welding  with  preheat  has  been  shown  to  be  a  suitable  process  for  joining  gamma  al¬ 
loys,  more  thorough  microstructural  characterization  of  gamma  alloy  welds  should  be  per¬ 
formed.  Future  work  should  include  efforts  to  characterize  the  far  HAZ  of  gamma  alloy  welds, 
investigations  of  transformation  kinetics  for  the  reactions  on  heating  and  on  cooling  in  the  HAZ, 
and  the  identification  of  solidification  reactions  in  the  fusion  zone. 
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Abstract 

Constant-stress  compressive  creep  tests  were  carried  out  on  a  single-phase  Ti-27  mol%  Al 
intermetallic  compound,  whose  average  grain  diameter  was  75  pm,  at  the  temperature 
between  1050  and  1250  K  under  the  stress  ranging  from  100  to  500  MPa.  Stress  and 
temperature-dependence  of  the  minimum  creep  rate  was  analyzed  using  Dom-type  equation 
and  they  were  divided  into  two  groups.  In  addition,  the  structural  change  during  creep  was 
investigated  using  an  optical  microscope.  At  the  stage  of  minimum  creep  rate,  in  the  high 
stress  region,  small  new  grains  are  formed  along  original  grain  boundaries,  whereas  in  the 
iow  stress  region,  the  originai  smooth  grain  boundaries  become  irregular  but  new  grains  are 
rarely  formed.  The  restoration  process  by  the  formation  of  dynamic  recrystallization  is 
thought  to  be  one  of  the  causes  of  the  acceleration  creep.  The  results  observed  can  be 
understood  in  view  of  dynamic  recrystallization  that  takes  place  depending  on  the  magnitude 
of  stress. 


Introduction 

Intermetallic  compounds  of  Ti-AI  system  are  frequently  cited  as  one  of  the  most  promising 
structural  materials  for  use  at  high  temperature,  mainly  because  of  their  low  density  and  high 
yield  strength  at  elevated  temperatures  [1 J.  The  mechanical  behavior  of  TiaAl  intermetallic 
compounds  at  elevated  temperature,  however,  has  been  investigated  only  to  a  limited  extent. 
For  examples,  tensile  (short-time)  properties  of  a  single-phase  TijAl  binary  intermetallic 
compound  have  been  studied  at  elevated  temperatures  [2).  When  a  material  is  considered 
as  a  heat  resisting  material,  creep  behavior  is  the  fundamental  characteristic.  However, 
experimental  information  about  the  creep  behavior  of  TijAI-based  intermetallic  compounds  is 
available  to  a  very  limited  extent  Oniy  one  study  on  creep  behavior  of  a  single-phase  TijAl 
binary  intermetallic  compound  has  been  reported  [3], 
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In  the  present  paper,  some  experimental  results  of  the  creep  behavior  obtained  on  a  single¬ 
phase  TiaAl  binary  intermetallic  compound  are  reported,  with  a  special  reference  to  effects  of 
stress  and  temperature. 


The  material  used  in  the  present  study  was  a  single-phase  Ti-AI  binary  intermetallic  material 
whose  chemical  composition  was  Ti-27.5  mol%  (17.6  mass%)  At.  Main  impurities  (in 
mass%)  were  Fe  :  0.055,  0  ;  0.092,  N  :  0.063  and  H  :  0.0018.  The  ingot  was  prepared  by 
consumable  electrode  vacuum  arc  remelting,  and  then  hot-extruded  up  to  about  80  % 
reduction  in  cross-section  at  1473  K.  The  exiruded  bars  were  annealed  in  vacuum  at 
1400  K  for  1 00  ks.  The  resulting  microstructure  is  shown  in  Fig.  1 .  The  grain  size  was  fairly 
uniform  and  the  average  grain  diameter  determined  by  the  linear  intercept  method  was  about 
75  p.m.  Compressive  creep  specimens  having  a  rectangular  parallelepiped  shape  were 
prepared  with  dimensions  of  2  mm  x  2  mm  x  3  mm. 


Creep  Test 

Constant-stress  compressive  creep  tests  were  carried  out  in  an  argon  atmosphere  at  the 
temperature  between  1 050  and  1 250  K  under  the  stress  ranging  from  1 00  to  500  MPa.  The 
reduction  in  specimen  height  was  detected  by  a  linear  variable  differential  transformer 
(LVDT)  and  recorded  continuously.  The  temperature  of  a  specimen  was  monitored  with  K- 
type  thermocouples  and  kept  constant  within  ±1  K  of  the  set  value.  The  applied  true  stress 
was  kept  constant  within  ±  0.8  %  error  from  the  nominal  value. 
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Fig.  1  Optical  micrograph  of  the  equiaxed  structure  of  Ti-27  Al.  The  average  grain 
diameter  is  75  pm. 


Craao  Curves 


Typical  examples  of  the  compressive  creep  curves  observed  in  a  single-phase  Ti-27  Al 
intermetallic  compound  are  shown  in  Fig.  2.  Some  examples  of  the  variation  in  creep  rate  e 
with  strain  e  are  shown  in  Fig.  3. 


Fig.  2  Typical  compressive 
creep  curves  observed  in 
Ti-27  Al  at  1100  K  under 
various  stresses. 


Fig.  3  Creep  rates  e  as  a  function  of  strain  t  in  Ti-27  Al  (a)  at  HOOK  and  (b) 
under  200  MPa. 


Under  the  present  testing  conditions,  the  primary  stage  is  always  of  the  normal  type.  A 
minimum  in  the  creep  rate  appears  at  about  0.1  (true)  strain.  The  strain  indicating  the 
minimum  creep  rate  is  little  affected  by  the  testing  conditions.  The  creep  rate  increases 
gradually  soon  after  it  reaches  a  minimum  value  :  the  steady-state  stage  does  not  appear. 
In  all  stresses  and  temperatures  examined,  these  general  features  are  observed,  although 
the  shape  of  the  increasing  creep  rate  stage  is  affected  by  the  testing  conditions.  The 
acceleration  creep  becomes  more  pronounced  as  the  testing  stress  increases.  For  example, 
the  creep  rate  becomes  twice  the  minimum  creep  rate  with  increasing  the  strain  of  0.18 
under  ISOM- a  and  0.13  under  400  MPa.  The  absolute  value  of  creep  rate  increases 
with  tasting  stress  a  (Fig.  3(a))  and  temperature  T  (Fig.  3(b)),  as  in  cases  of  metals  and 
alloys. 


Stress  Dependence  of  Minimun  Creep  Rale 

The  minimum  creep  rate,  instead  of  the  steady-state  creep  rate,  will  be  used  hereafter  as  one 
of  the  fundamental  characteristics  of  high-temperature  creep  of  TijAl  intermetallic  compound. 

The  relationship  between  the  minimum  creep  rate  and  stress  o  is  shown  in  Fig.  4.  The 
stress  dependence  of  is  analyzed  using  the  Dorn-type  equation,  i.e., 

£„  =  A’-  o"-  exp(-0„/flT). 

Here,  A’  is  constant,  n  the  stress  exponent,  0„  the  apparent  activation  energy  of  creep,  R 
the  gas  constant  and  T  the  testing  temperature. 

As  shown  in  Fig.  4,  the  vs.  o  relation  can  be  divided  into  two  groups.  In  the  high  stress 
and/or  high  strain-rate  region,  n^~7  independent  of  temperature,  whereas  in  the  low 
stress  and/or  low  strain-rate  region,  n>-~9. 


Temperature  Dependence  of  Minimum  Creep  Rate 

The  temperature  dependence  of  minimum  creep  rate  e^  shown  in  Fig.  5  indicates  that  the 
vs.  1/T  relation  can  be  divided  into  two  groups.  The  apparent  activation  energy  of 
creep  for  the  minimum  creep  rates  0„  is  evaluated  from  the  relations.  In  the  high  stress 
and/or  high  strain-rate  region,  -  340  KJ/mol  independent  of  stress,  whereas  in  the  low 
stress  and/or  low  strain-rate  region,  OJ-  ~  480  kJ/mol.  These  values  of  ©„  are  significantly 
larger  than  that  reported  for  diffusion.  The  activation  energy  for  interdiffusion  of  the  TijAl 
intermetallic  compounds  is  reported  to  be  about  90  kJ/mol  [4].  In  most  pure  metals  and 
simple  alloys,  the  apparent  activation  energy  of  creep  is  found  to  be  close  to  the  activation 
energy  for  diffusion  [5].  The  present  case  is  an  exceptional  one  and  the  reason  is  unclear 
at  this  moment. 
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Fig.  4  Stress  dependence  of  the  Fig.  5  Temperature  dependence  of 
minimum  creep  rate  in  Ti-27  Al  at  the  minimum  creep  rate  in  n-27  Al 
various  temperatures.  under  various  stresses. 


Structural  Change  during  Creep 

i  The  deformation  structure  was  observed  with  an  optical  microscope  on  the  section  of 
specimens  after  creep  deformation.  Examples  are  shown  in  Fig.  6  for  the  specimens  which 
I  were  deformed  up  to  the  strain  indicating  the  minimum  creep  rate  e„  at  1 1 00  K  under 
various  stresses.  In  the  high  stress  region,  small  new  grains  are  always  observed  around 
original  grain  boundaries,  whereas  in  the  iow  stress  region,  the  original  smooth  grain  bound¬ 
aries  become  irregular  but  new  grains  are  rarely  observed.  The  formation  of  new  smali 
grains  becomes  more  pronounced  as  the  testing  stress  increases. 

The  structural  change  during  creep  in  the  high  stress  region  is  shown  in  Fig.  7.  Original 
grain  boundaries  are  irregular  in  an  early  stage  of  deformation.  Some  new  small  grains 
I  appear  around  original  grain  boundaries  at  e^.  The  area  occupied  by  recrystallized  grains 
widens  continuously  with  increasing  strain.  These  results  observed  in  the  high  stress 
region  can  be  understood  in  view  of  dynamic  recrystallization  as  the  rate-controlling 
restoration  process. 

The  structural  change  during  creep  in  the  low  stress  region  is  shown  in  Fig.  8.  Original  grain 
boundaries  exhibit  a  very  irregular  feature  in  an  early  stage  of  deformation.  The  wave  length 
of  original  grain  boundaries  corresponds  roughly  to  the  diameter  of  recrystallized  grains  in  a 
later  stage  of  deformation,  although  new  small  grains  are  rarely  observed  at  e^.  Some  new 
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small  grains  appear  along  original  grain  boundaries  at  the  stage  of  a  gradual  increase  in 
creep  rate.  The  area  occupied  by  recrystallized  grains  widens  gradually  with  increasing 
strain. 

The  strain  where  new  small  grains  are  first  observed  decreases  with  increasing  stress, 
though  the  strain  indicating  the  minimum  creep  rates  does  not  depend  on  stress.  The  stage 
of  an  increase  in  creep  rate  is  reiated  to  the  refinement  of  structure  during  creep.  The 
restoration  process  by  dynamic  recrystallization  is  thought  to  be  one  of  the  causes  of  the 
acceleration  creep.  The  acceleration  creep  becomes  pronounced  as  the  testing  stress 
increases.  This  result  can  be  understood  in  view  of  dynamic  recrystallization  which  may  be 
significantly  accelerated  wKh  increasing  stress. 


Summary 

Constant-stress  compressive  creep  tests  were  carried  out  in  argon  atmosphere  on  a  single¬ 
phase  Ti-27  Al  at  temperatures  between  1050  and  1250  K  under  stresses  ranging  from  100 
to  500  MPa. 


159MPa 
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Fig  6  Opticai  micrographs  deformed  up  to  the  strain  indicating  the  minimum 
creep  rate  (£„,  =  0.1)  under  various  stresses. 


Fig.  7  Optical  micrographs  showing  Fig.  8  Optical  micrographs  showing 

the  structural  change  during  creep  at  the  structural  change  during  creep  at 

1100  K  under  400  MPa.  HOOK  under  159  MPa. 


The  results  show  that  a  minimum  in  the  creep  rate  appears  at  about  0.1  strain  which  is 
independent  of  testing  conditions.  The  stage  of  a  gradual  increase  in  creep  rate  were 
observed  in  all  stresses  and  temperatures  examined. 


Stress  and  temperature-dependence  of  the  minimum  creep  rate  e„  can  be  divided  into  two 
groups.  In  the  high  stress  and/or  high  strain-rate  region,  -  7  and  -■  340  kJ/mol, 
whereas  in  the  low  stress  and/or  low  strain-rate  region,  n>-~9  and  ■■  480  kj/mol. 
These  values  are  significantly  larger  than  that  for  interdiffusion  in  this  intermetaliic 
compound. 

At  the  strain  indicating  the  minimum  creep  rate,  small  new  grains  are  formed  along  original 
grain  boundaries  in  the  high  stress  region,  whereas  in  the  low  stress  region  new  grains  are 
rarely  formed,  though  they  appear  in  a  later  stage.  The  area  occupied  by  recrystallized 
grains  widens  continuously  with  increasing  strain. 

The  stage  of  acceleration  creep  is  related  to  the  refinement  of  structure  during  creep.  The 
restoration  process  by  the  formation  of  dynamic  recrystallization  is  thought  to  be  one  of  the 
causes  of  the  acceleration  creep. 


Acknowiedqments 

The  authors  wouid  like  to  express  their  appreciation  to  Kobe  Steel,  Ltd.  for  donating  the 
materials  used  in  this  Investigation. 


References 

1.  H.  A.  Lipsitt,  Hiqh-Temparature  Ordered  Intermetaliic  Alloys,  ed.  C.  C.  Koch,  C.  T.  Uu 
and  N.  S.  Stoloff,  MRS  Symp.  Proc.,  vol.  39  (Pittsburgh,  PA:  MRS,  1985),  351-364. 

2.  H.  A.  Lipsitt.  D.  Shechman  and  R.  E.  Schafrik,  The  Deformation  and  Fracture  of  T13/M 
at  Elevated  Temperatures",  Metall.  Trans..  11 A  (1988),  1369-1375. 

3.  M.  G.  Mendiratta  and  H.  A.  Lipsitt,  "Steady-state  Creep  Behaviour  of  Tij/M-base  Interme- 
tallics",  J.  Mater.  Sic..  15(1980),  2985-2990. 

4.  K.  Ouchi,  Y.  lijima  and  K.  Hirano,  Titanium  '80.  ed.  H.  Kimura  and  O.  Izumi,  (Warren- 
daie,  PA;  TMS-AIME.  1980),  599-568. 

5.  O.  D.  Sherby  and  P.  M.  Burke,  "Mechanical  behavior  of  crystaliine  solids  at  elevated 
temperature".  Prop.  Mater.  Sci..  13(1968),  325-390. 


1,130 


THERMAL  STRAINS  IN  TITANIUM  ALUMINIDE  AND 


I 

I 


NICKEL  ALUMINIDE  COMPOSITES* 

A.  Salgal 

Department  of  Mechanical  Engineering 
Tufts  University 
Medford.  MA  02155 

and 

D.  S.  Kupperman 

Materials  and  Components  Technology  Division 
Argonne  National  Laboratory 
Argonne.  IL  60439 

Abstract 

Neutron  diffraction  was  used  to  measure  residual  thermal 
strains  developed  during  postfabrication  cooling  in  titanium  aluminide 
and  nickel  aluminide  intermetallic  matrix  composites.  Silicon 
carblde/tltanium  aluminide,  tungsten  and  sapphire/NiAl.  and  sapphire 
and  SiC-coated  sapphire/NiAl25Feio  composites  were  investigated.  The 
thermal  expansion  coefficient  of  the  matrix  is  usually  greater  than  that 
of  the  fibers.  As  such,  during  cooldown,  compressive  residual  strains  are 
generated  in  the  fibers  and  tensile  residual  strains  are  generated  in  the 
matrix,  parallel  to  the  fibers.  Liquid-nitrogen  dipping  and  thermal 
cycling  tend  to  reduce  the  fabrication-induced  residual  strains, 
measured  at  room  temperature,  in  silicon  carblde-flber-relnforced 
titanium  aluminide  matrix  composites.  However,  matrix  cracking  can 
occur  as  a  result  of  these  processes.  The  axial  residual  strains  in  the 
matrix  were  lower  in  the  nickel  aluminide  matrix  than  in  the  titanium 
aluminide  matrix.  As  the  matrix  undergoes  plastic  deformation,  residual 
thermal  strains  are  related  to  the  yield  stress  of  the  matrix. 


Work  has  benefltted  from  the  use  of  the  Intense  Pulsed  Neutron 
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U.  S.  Department  of  Energy  under  Contract  W-31-109-Eng-38. 
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Silicon  carbide-fiber-reinforced  titanium  matrix  composites,  along 
with  tungsten  and  sapphire-fiber-reinforced  nickel  aluminide  matrix 
composites,  are  currently  being  evaluated  for  structural  applications  in 
jet  engines  and  propulsion  systems  because  of  their  low  weight,  high 
strength,  and  high  stiffness  potential  at  high  temperatures.  These 
composites  are  usually  fabricated  at  temperatures  around  1000°C.  As 
there  is  a  significant  mismatch  between  the  coefficients  of  thermal 
expansion  of  the  fibers  and  the  matrix,  the  thermally  induced  residual 
strains  and  stresses  can  be  significant.  In  many  engineering  composites, 
frictional  forces  at  the  interfaces  often  provide  the  necessary  link 
between  the  reinforcements  and  the  matrix  because  chemical  bonding 
is  either  weak  or  nonexistent  (1.2).  In  addition,  subsequent  mechanical 
behavior  of  high-temperature  composites  is  strongly  influenced  by  the 
process-induced  residual  strains  and  stresses  that  are  locked  in  the 
constituents  during  cooling  after  fabrication.  Therefore,  it  is  important 
to  be  able  to  measure  and  estimate  the  residual  strains  and  stresses  that 
exist  in  composite  materials. 

A  number  of  programs  have  been  conducted  to  measure  residual 
strains  and  stresses  in  composite  materials.  For  crystalline  structures, 
including  crystalline  constituents  in  composite  systems,  one  of  the  most 
widely  used  method  involves  X-ray  diffraction.  X-rays  have  been  used  to 
determine  microstresses  in  systems  with  relatively  light  elements,  such 
as  aluminum/Silicon  carbide  composites  (3).  However,  X-rays  typically 
measure  stress  fields  in  the  near-surface  region.  Neutron  diffraction  is 
another  powerful  tool  for  measuring  bulk  elastic  residual  strains,  from 
which  residual  stresses  can  be  calculated  in  much  the  same  way  as  done 
with  X-ray  diffraction  (4,5).  Neutron  diffraction  offers  significant 
advantages  over  X-ray  diffraction.  Neutrons  can  penetrate  deep  into  the 
interior  of  most  engineering  materials,  typically  by  a  factor  of  1000 
deeper  than  can  X-rays.  This  provides  for  an  excellent  volume  sample,  a 
true  bulk  measurement  of  residual  strains,  and  independence  from 
surface-related  effects. 

Allen  et  al.  used  a  neutron  diffraction  method  to  measure  residual 
stresses  and  load-induced  bulk  stresses  in  a  metal  matrix  composite 
(6).  Krawitz  et  al.  measured  residual  stress  as  a  function  of  temperature 
in  a  high  volume  fraction  tungsten  carbide-nickel  cemented  carbide 
composite  (7).  Saigal  and  Kupperman  have  used  neutron  diffraction  to 
measure  residual  thermal  strains  in  NlAl  matrix  composite  systems  (8). 
In  addition.  Majumdar  et  al.  have  used  the  intense  Pulsed  Neutron 
Source  (IPNS)  and  the  General  Purpose  Powder  Diffractometer  (GPPD) 
at  Argonne  National  Laboratory  to  measure  residual  strains  in  a  number 
of  engineering  composite  materials  (9). 
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In  the  present  study,  the  neutron  diffraction  technique  was  used 
to  measure  and  compare  residual  thermal  strains,  developed  during 
cooling,  in  silicon  carbide-fiber-reinforced  titanium  aluminide, 
tungsten  and  sapphire-fiber-reinforced  nickel  aluminide  (NiAJ),  and 
sapphire  and  SiC  coated  sapphire-fiber-reinforced  nickel  aluminide 
(NlM25Feio)  high-temperature  composites.  The  effect  of  thermal 
processing,  such  as  liquid-nitrogen  dipping  and  thermal-cycling,  on 
residucd  strains  in  SiC/titanium  aluminide  composites  was  also  studied. 

Neutron  Diffraction  Measurements 

Thermal  neutrons  with  wavelengths  on  the  order  of  the  lattice 
spaclngs  are  used  in  the  experiments.  Bragg’s  law  of  diffraction  can  be 
applied  to  neutrons  as  follows; 

2  dhkl  sine  =  Xhfcl  (1) 

where  dhkl  is  the  lattice  spacing.  26  is  the  angle  between  the  incident 
and  the  scattered  neutron  beams  when  a  Bragg  peak  is  detected.  Xis 
the  de  Broglie  wavelength  of  the  neutron,  and  hkl  are  the  Miller 
indices  of  the  diffracting  planes. 

In  neutron  diffraction,  the  lattice  spacings  in  various  crystallographic 
directions  of  stress-free  powders  and/or  fibers  (which  are  used  to 
fabricate  the  composite)  are  determined  first.  For  any  (hkl  |  diffraction 
peak,  the  lattice  strain  is  given  by: 

dhkl  -  do 

£hkl  =  — . -—  (2) 

do 


where  dhkl  and  do  represent  the  average  interplanar  spacings  in  the 
stressed  and  unstressed  lattice,  respectively. 

The  data  were  collected  using  the  IPNS  and  the  GPPD  at  Argonne. 
During  a  single  measurement  at  IPNS.  many  diffraction  peaks,  i.e., 
crystallographic  directions,  of  each  phase  are  recorded  simultaneously 
in  various  spatial  directions  (9).  Residual  strains  in  the  fibers  and  the 
matrix,  parallel  and  perpendicular  to  the  fibers,  are  measured 
simultaneously  by  aligning  the  fibers  at  an  angle  of  45°  to  the  neutron 
beam  and  analyzing  neutron  diffraction  data  with  detectors  ±90°  from 
the  neutron  beam  direction,  as  shown  in  Fig.  1. 
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Three  different  composite  systems  were  investigated.  They 

consist  of: 

1.  35  volume  percent  silicon  carbide  (SC&-6)  fibers  in  a  titanium 
aluminide  matrix.  Columnar  grains  of  the  1 40  pm  diameter  fibers 
were  oriented  normal  to  the  fiber  axis. 

2.  35  volume  percent  tungsten  and  30  volume  percent  sapphire  fibers 
in  nickel  aluminide  (NiAl)  matrix.  The  tungsten  fibers  and  sapphire 
fibers  were  140  pm  and  200  pm  in  diameter,  respectively. 

3.  17  volume  percent  sapphire  and  10  volume  percent  SiC  coated 
sapphire  fibers  in  nickel  aluminide  (NiAl25Feio)  matrix.  The 
fibers  were  150  pm  in  diameter. 


Lattice  parameters  for  various  crystallographic  directions  were 
measured  parallel  and  perpendicular  to  the  fiber  axis  in  the  different 
composite  systems.  For  the  silicon  carbide-fiber-reinforced  titanium 
aluminide  samples,  the  diffraction  peak  that  provided  the  most  useful 
data  for  silicon  carbide  fibers  was  ^at  for  the  12201  plane.  For  the 
titanium  aluminide  matrix,  the  1.75  A  line  provides  the  average 
residual  strain  in  the  matrix.  In  order  to  reduce  residual  strains  and 
stresses  in  the  composites  as  compared  to  those  in  the  as-fabricated 
condition,  the  fabrication  procedures  and  the  thermal  history  of  the 
composites  can  be  altered.  Two  commonly  used  procedures  are 
liquid-nitrogen  dipping  (LND)  and  thermal  cycling. 

Figure  2  compares  the  residual  strains,  measured  at  room 
temperature,  in  the  as-fabricated,  liquid-nitrogen-dipped,  and 
thermally  cycled  silicon  carbide-fiber-reinforced  titanium  aluminide 
samples.  In  the  as-fabricated  condition,  the  residual  strain  in  the 
fibers,  parallel  to  the  fibers,  is  compressive  (-0.0019)  and  that  in  the 
matrix  is  tensile  (+0.0042).  The  tensile  strains  in  the  matrix  and 
compressive  strains  in  the  fibers  are  lower  in  the  LND  and  thermally 
cycled  specimens  than  in  the  as-fabricated  sample.  Thermal  cycling 
appears  to  reduce  the  residual  strains  more  than  LND.  The  transverse 
strains  in  the  fiber  and  matrix  are  both  compressive  (-0.0005  and 
-  0.0007.  respectively).  It  was  found  that  the  matrix  and  fiber  strains 
perpendicular  to  the  fibers  did  not  change  significantly  with 
processing. 

Based  on  figure  2.  there  is  no  doubt  that  the  axial  strains  (parallel 
to  fibers)  in  the  fibers  and  the  matrix  are  reduced  by  the  processing 
methods  discussed.  The  limited  ductility  of  the  matrix  is  not  sufficient 
to  produce  the  observed  reductions  in  residual  strains.  It  is  possible 
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that  matrix  cracking  occurs  because  of  thermal  processing:  this  is 
further  suggested  by  elastic  moduli  measured  by  the  velocity  of 
ultrasound  propagating  perpendicularly  to  the  fibers.  Decreases  in 
Young's  modulus  for  liquid-nitrogen-dipped  (134  GPa)  and  thermally 
cycled  (131  GPa)  samples  were  measured  as  compared  to  the  as- 
fabricated  (137  GPa)  sample. 

Table  1  shows  the  measured  residual  strains  in  the  matrix  in 
various  composites.  The  residual  strains  (parallel  to  the  fibers)  are 
tensile  in  the  matrix  and  are  higher  in  the  titanium  aluminide  matrix 
than  in  the  nickel  eiluminlde  matrix.  The  strains  in  the  nickel  aluminide 
(NiAl)  matrix  due  to  35  vol.%  tungsten  fibers  and  30  vol.%  sapphire 
fibers  are  similar.  Based  on  3-D  elastoplastic  finite  element  analyses,  the 
thermally  induced  effective  stress  in  the  matrix  exceeds  the  yield  stress 
and  the  matrix  undergoes  plastic  deformation  (8.10).  This  suggests  that 
the  residual  matrix  strains  are  primarily  controlled  by  the  yield  stress  of 
the  matrix.  For  the  composite  systems  investigated,  it  was  found  that  as 
the  yield  stress  of  the  matrix  increases,  the  axial  residual  strain  in  the 
matrix  increases. 


Concltislons 

Neutron  diffraction  was  used  to  measure  residual  thermal  strains  in 
titanium  aluminide  and  nickel  aluminide  intermetallic  matrix  high- 
temperature  composites.  It  has  been  shown  that  significant  residual 
strains  develop  in  these  composites  during  postfabrication  cooling.  As 
the  thermal  expansion  coefficient  of  the  matrix  is  usually  greater  than 
that  of  the  fibers,  the  fibers  are  under  compressive  residual  strains  and 
stresses.  Liquid-nitrogen-dipping  and  thermal  cycling  tend  to  reduce 
the  fabrication-induced  residual  strains  in  the  silicon  carbide-fiber- 
reinforced  titanium  aluminide  matrix  composite.  However,  matrix 
cracking  can  occur  as  a  result  of  these  processes.  Strains  in  the  matrix 
(parallel  to  fiber  axis)  are  tensile  and  are  higher  in  the  titanium 
aluminide  matrix  than  in  the  nickel  aluminide  matrix.  As  the  matrix 
undergoes  plastic  deformation,  the  residual  matrix  strains  are  primairily 
controlled  by  the  yield  stress  of  the  matrix.  For  the  composite  systems 
investigated,  it  was  found  that  as  the  yield  stress  of  the  matrix 
increases,  the  axial  residual  strain  in  the  matrix  increases. 
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Table  1  Residual  strains  in  the  matrix 
(parallel  to  the  fibers) 


Residual  strain  in  Yield  stress  of 

the  matrix  the  matrix 

(±0.0003)  (MPa) 


Titanium  Aluminide 

(35  vol.%  SiC  fibers)  +0.0042  620 


Nickel  Aluminide 

(NlAl25Feio)  +0.0022  414 

(17  vol.%  sapphire  fibers) 

Nickel  Aluminide 
(NiAl25Feio) 

(10  vol.%  SiC-coated  +0.0017  414 

sapphire  fibers) 


Nickel  Aluminide  (NiAl) 

(30  vol.%  sapphire  fibers)  +0.0014  240 


Nickel  Aluminide  (NiAl) 

(35  vol.%  tungsten  fibers)  +0.0013  240 
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Lattice  Spacing  Measured 
Perpendicular  to  Fibe:  Direction 
from  90°-L  Detector 


Diffracted  Neutron  Beam  90°-L 


Lattice  Spacing  Measured 
Parallel  to  Fiber  Direction 
from  90“-R  Detector 


Diffracted  Neutron  Beam  90°-R 


Figure  1.  Schematic  representation  of  experimental  set-up. 
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Figure  2,  Residual  strains  in  SiC  (SCS-6)  fibers  and  titanium 

aluminide  matrix,  parallel  to  fiber  axis,  in  as-fabricated, 
liquid-nitrogen-dipped,  and  thermally  cycled  specimens. 
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Abstract 

Effects  of  microstructural  orienuttion  on  ambient  temperature  fracture  toughness;  and  effects 
of  environment  and  orientation  on  fatigue  crack  growth  rates  at  ambient  and  elevated 
temperatures  have  been  studied  in  a  gamma  based  titanium  aluminide.  A  cast  ingot  of  the 
binsiry  intermetallic  compound  Ti-48A1  with  a  fully  a2h  two  phase  lamellar  microstructure 
has  been  shown  to  exhibit  both  highly  anisotropic  fracture  toughness  ’•’d  resistance  to  fatigue 
crack  propagation.  A  marked  increase  in  fatigue  crack  growth  rates  and  a  large  reduction  in 
fracture  toughness  is  observed  when  microstructural  orientation  and  testpiece  loading  favour 
crack  propagation  in  an  interlamellar  direction. 


Introduction 

An  attractive  combination  of  elevated  temperature  oxidation  and  creep  resistance,  coupled 
with  high  specific  strength  and  modulus  has  led  to  intense  interest  in  gamma-based  titanium 
aluminides  as  potential  materials  for  high  temperature  applications.  However,  at  present  low 
ductility  and  poor  fracture  toughness  are  major  factors  limiting  their  use,  and  much  work 
remains  to  be  done  to  establish  their  fitness  for  purpose  especially  at  envisaged  operating 
temperatures.  In  particular,  there  is  little  published  data  concerned  with  the  fatigue  crack 
growth  of  gamma-based  titanium  aluminidesH-^l.  In  this  present  study  the  effects  of 
microstructure,  environment  and  test  temperature  on  the  fatigue  crack  growth  rates  and 
fracture  toughness  of  binary  Ti-48A1  (atomic  %)  have  been  investigated. 


Titanium  '92 
Sotnou  ond  T«chnctogy 
Edited  by  F.H.  FroM  ond  I.  fiofUon 
Th«  Minorols,  M«taU  &  Motertats  Soctety,  1993 
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Experimental 


Single  edge  notch  bend  (SENB)  testpiece  blanks  were  cut  using  electro-discharge  machining 
from  a  cast  ingot  of  100  mm  diameter  and  675  mm  length,  in  three  orientations,  at  a  distance 
of  approximately  100  mm  from  the  top  of  the  ingot  (Figure  1). 


Figure  1  -  Schematic  representation  of  the  ingot  showing  testpiece  orientation 
and  position  of  the  machined  notches. 


Testpieces  in  the  transverse  direction  measured  8  x  8  x  70  mm  and  those  in  the  longitudinal 
direction  10  x  10  x  60  mm.  The  ingot  was  produced  by  cold  hearth  overflow  melting  within 
the  IRC  at  Birmingham  using  a  large-scale  plasma  furnace  equipped  with  twin  computer 
controlled,  servo-hydraulic  150  kW  helium  transferred  arc  torches,  and  manufactured  by 
Retech  Ltd.,  California.  Note  that  the  ingot  was  cooled  relatively  slowly  to  ambient 
temperature.  The  material  was  of  nominal  composition  Ti-48A1  (atomic  %),  and 
compositional  details  of  the  ingot  are  shown  in  Table  1 . 


Table  I  -  Compositional  analysis  of  the  ingot 


Position 

Al(a/o) 

0(ppm) 

N2(ppm) 

H2(ppm) 

C(w/o) 

Top 

48.8 

750 

20 

10 

0.010 

Middle 

49.53 

650 

20 

10 

0.015 

All  specimens  were  notched  using  a  diamond  wafering  blade  of  15()|im  thickness,  to  a  depth 
of  approximately  0.25  the  width  of  the  specimen  (i.e.  a/W  =  0.25  where  a  =  depth  and  W  = 
specimen  width) .  Holes  to  facilitate  the  attachment  of  current  carrying  leads  were  drilled  in 
the  ends  of  the  specimens  using  carbide  tooling. 

Fatigue  crack  propagation  tests  were  performed  in  three-point  bending  at  700°  and  800°C 
under  vacuum  of  tetter  than  5x10'^  mbar;  at  700°C  in  air  and  argon;  and  at  ambient 
temperature  both  in  air  and  in  vacuum.  All  tests  were  carried  out  at  a  frequency  of  10  Hz  and 
at  a  low  mean  stress  R  =  0.1,  (where  R  is  the  ratio  of  the  minimum  applied  stress  intensity, 
Kmin,  to  the  maximum  applied  stress  intensity,  Kmax,  over  the  fatigue  cycle  i.e. 
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R=Kinin/Kmax)  on  an  ESH  servo-hydraulic  testing  machine  equipped  with  a  custom  built 
vacuum  chamber.  The  initiation  and  growth  of  fatigue  cracks  were  monitored  by  a  direct 
current  potential  difference  (d.c.p.d.)  technique.  Tests  were  performed  at  constant  cyclic  load 
range  i.e.  increasing  cyclic  stress  intensity  range.  AK  (where  AK=  Kmax  -  Kmin)  with  crack 
growth. 

Some  testpieces  were  fatigued  in  three  point  bending  at  room  temperature  to  produce  pre- 
cracks  for  measuring  fracture  toughness  at  room  temperature  according  to  BS  5447:1977(^1. 
Other  fracture  toughness  tests  were  also  performed  on  specimens  manufactured  from  the 
broken  halves  of  the  fatigue  specimens,  but  these  were  pre-cracked  in  cyclic  compression.  In 
these  specimens  surfaces  were  polished  to  l|xm  in  order  to  measure  pre-cracks  using  a  surface 
replication  technique.  The  specimens  were  notched  to  a  depth,  a/W  =  0.2S  using  a  diamond 
wafering  blade  of  ISOpm  thickness  and  pre  cracked  using  uniaxial  cyclic  compression  with 
an  initial  stress  intensity  range,  AK,  of  between  18  and  22  MPaVm. 

The  fracture  and  fatigue  surfaces  were  examined  using  an  ISl  scanning  electron  microscope 
operating  at  10°  tilt  and  20  kV. 

Sections  for  optical  examination  were  taken  from  three  orientations  and  prepared  by  grinding 
to  1200  grit  and  polishing  with  colloidal  silica.  The  specimens  were  then  swab  etched  with 
Krolis  II  reagent  (2%  HF,  1%  HNO3, 97%  H2O)  prior  to  optical  examination. 


ResulLs 

Microstructure 

The  cast  microstruciure  comprised  large  elongated  lamellar  grains  consisting  of  alternating 
plates  of  TiAl  (y)  and  Ti3Al  (02).  The  lamellar  plates  were  stacked  in  an  orientation  normal  to 
the  length  of  the  grains  and  thus  the  majority  of  grains  had  lamellae  arranged  in  a  similar 
orientation.  The  plates  of  TiAl  in  the  lamellar  regions  are  approximately  1  -2  jim  in  thickness. 
Testpiece  notch  orientations  A,  B  and  C  in  relation  to  the  lamellar  plates  are  shown 
schematically  in  Figure  2. 


Figure  2  -  Schematic  representation  of  lamellar  plates  in  relation  to 
testpiece  notch  orientations. 

Fracture  touchness 

The  effect  of  testpiece  orientation  on  fracture  toughness  at  ambient  temperature  is  shown  in 
Table  II.  Marked  differences  are  observed  for  testpieces  of  'A',  'B'  and  'C  orientations.  It 
should  be  noted  that  transverse  testpieces  notched  in  the  B'  orientation  often  failed  by 
interlamellar  failure  in  a  direction  up  to  40°  away  from  the  mode  I  direction. 
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Table  n  •  Ambient  temperature  fracture  toughness  values  for  the 
various  testpiece  orientations. 

(The  results  marked  *  conform  to  BS5447:1977) 


Specimen 

orientation 

Notch 

orientation 

Fracture  toughness 
(MPaVm) 

Transverse 

A 

20.4/24.2/23.8* 

Transverse 

B 

13.1* 

Longitudinal 

C 

12.2 

Fatigue  crack  grotvth 

At  ambient  temperature,  marked  effects  of  testpiece  orientation  on  fatigue  crack  growth  rates 
are  once  again  observed,  see  Figure  3,  for  'A'  and  'B'  testpiece  orientations. 
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Figure  3  -  Fatigue  crack  growth  resistance  curves  obtained  at  ambient  temperature. 


In  the  optimised  'A'  orientation  stable  crack  growth  rates  are  maintained  to  high  values  of 
applied  stress-intensity  range.  At  700®  and  800°C  in  vacuum,  however,  there  appears  to  be 
little  effect  on  fatigue  crack  growth  rates  of  transverse  orientations,  'A'  and  ’B',  see  Figure  4. 
In  sharp  contrast,  higher  crack  growth  rates  are  observed  for  testpieces  of  orientation  'C,  as 
shown  in  the  Figure,  (To  date,  stable  fatigue  crack  growth  has  not  been  obtained  for  this 
orientation  at  ambient  temperature). 

For  the  optimised  'A'  orientation,  little  effect  of  environment  is  observed  on  fatigue  crack 
growth  at  ambient  temperature,  Figure  3,  but  at  700°C  significant  effects  of  environment  are 
observed.  Figure  5.  In  particular,  crack  growth  rates  at  lower  applied  stress  intensity  ranges 
increase  in  air  relative  to  both  inert  gas  (argon)  and  vacuum  environments. 
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Figure  4  -  Fatigue  crack  growth  resistance  curves  obtained  in  vacuum 
at  elevated  temperatures. 
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Figure  S  -  Fatigue  crack  growth  resistance  curves  obtained  at  700°C 


If  the  crack  growth  rates  can  be  represented  by  a  Paris-Erdogan  law,  of  the  type: 


da/dN  =  AAK™ 


where  da/dN  is  the  crack  increment  per  cycle,  and  A,  m  are  materials  constants,  then  the 
values  of  A  and  m  are  given  in  Table  III  for  all  tests  reported  here.  Note  that  in  the 
determination  of  these  constants,  no  data  are  included  for  crack  growth  within  200itm  of  the 
machined  notch  (of  root  radius  approximately  lOOiim).  The  steep  dependence  of  da/dN  on 
AK  is  clear  in  the  high  values  of  m  obtained  for  testpieces  of  'B'  orientation  (ambient 
temperature)  and  'C  (800°C). 
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Table  ID  -  Materials  constants  obtained  from  experimental  fatigue  crack  growth  rates. 


Specimen 

orientation 

notch 

orientation 

Test  conditions 

A 

m 

(mm/cycle) 

Transverse 

A 

R.T/vacuum 

1.4  X  10-15 

9.5 

Transverse 

A 

R.T./air 

4.33  X  10-14 

8.0 

Transverse 

B 

R.T7air 

9.32  X  10-44 

37.4 

Transverse 

A 

700°C/vacuum 

3.27  X  10-13 

6.8 

Transverse 

B 

700°C/vacuum 

1.28  X  10-13 

7.0 

Transvarse 

A 

700°C7argon 

8.09  X  10-15 

8.6 

Transverse 

A 

700°C/air 

2.91  X  10-8 

3.7 

Transverse 

A 

800°C/vacuum 

5.27  X  10-12 

5.7 

Lxmgitudinal 

C 

800°Cyvacuum 

1.51  X  10-31 

27.8 

Fractoeranhy 

Fatigue  surfaces  are  shown  for  testpieces  of  'A',  'B'  and  'C  orientations  in  Figures  6,  7  and  8 
respectively.  They  indicate  clearly  the  influence  of  underlying  lamellar  plate  morphology  on 
micromechanisms  of  fatigue  crack  growth.  For  the  optimised  'A'  orientation,  fracture  surfaces 
produced  by  fatigue  crack  growth  at  700°C  in  vacuum  are  shown  for  applied  stress  intensity 
ranges  of  1 1  and  26  MPam  in  Figures  6(a)  and  (b)  resp^tively.  At  the  higher  AK  range, 
inter-lamellar  decohesion  becomes  more  pronounced.  Figure  6(b).  In  sharp  contrast,  the 
lamellar  plates  themselves  are  often  observed  clearly  for  testpieces  of  B'  and  'C'  orientations. 


m 


(a)  AK  -  1 1  MPaVm  30  pm  (b)  AK  -  26  MPaVm  30  pm 

Figure  6  -  Scanning  electron  micrographs  showing  the  fatigue  surfaces  (a  and  b) 
of  a  transverse  testpiece  notched  in  the  'A'  orientation,  tested  at  700*^. 


For  testpieces  of  'B'  orientation,  tested  at  ambient  temperature,  fracture  surfaces  exhibit  large 
smooth  facets,  see  Figure  7(a).  Note  that  crack  growth  was  deflected  parallel  to  and  along 
such  plates,  away  from  the  direction  of  maximum  mode  I  opening,  at  angles  of  up  to  40°.  At 
elevated  temperatures,  such  deflection  was  not  observed.  Figure  7(b)  and  fatigue  cracks  grew 
in  the  mode  I  direction. 
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Figure  7  -  Scanning  electron  micrographs  showing  the  fatigue  surfaces  of  transverse 
testpieces  notched  in  the  'B'  orientation,  (a)  tested  at  ambient 
temperature  and  (b)  tested  at  800°C 

For  orientation  C.  the  influence  of  the  plates  themselves  are  observed  on  fracture  surfaces 
even  for  tests  performed  at  8(K)°C  in  vacuum,  see  Figure  8.  Note  that  for  this  orientation  the 
fatigue  surface  exhibits  large  facets  and  steps'  between  different  lamellar  layers. 


Figure  8  -  Scanning  electron  micrograph  showing  the  fatigue  surface  of  a 
longitudinal  testpiece  notched  in  the  'C  orientation,  tested  at  SlXl^C. 

Discussion 

For  the  orientation  optimised  for  fatigue  crack  growth  resistance,  and  ambient  temperature 
fracture  toughness,  condition  'A',  little  effect  of  environment  is  observed  at  ambient 
temperature.  Significant  effects  are  ob.sersed  at  an  elevated  temperature  of  700°C.  where 
crack  growth  rates  in  air  can  be  up  to  one  order  of  magnitude  greater  than  those  observed  in 
argon  and  in  vacuum  environments.  Such  effects  would  be  expected  to  increase  at  lower 
frequencies  of  cyclic  loading  and  hence  for  use  at  elevated  temperature  attention  must  be 
given  to  such  environmental  interactions.  Further  work  is  required  to  examine  the 
mechanisms  of  environmental  attack. 

The  oi/y  lamellar  microstructure  has  been  shown  previously  to  exhibit  improved  crack  growth 
resistance  and  fracture  toughness  over  microstructurcs  containing  significant  amounts  of 
allotriomorphic  or  tw  in  related  gamma*‘’  -‘’-^f  However,  this  present  study  has  show  n  that  not 
only  is  a  fully  lamellar  microstructure  important,  but  also  that  the  orientation  of  the  fully 
lamellar  microstructure  may  be  critical.  Low  values  of  fracture  toughness,  comparable  to 
those  obtained  from  a  fully  gamma  grained  microstructure*’’*  were  measured  when  the  crack 
propagated  in  a  direction  parallel  to  the  lamellar  plates.  The  mechanism  by  which  the  crack 
propagates  in  a  direction  parallel  to  the  lamellar  plates  has  not  yet  been  determined  precisely, 
but  It  would  appear  at  ambient  temperatures  that  cleavage  of  the  plates  ixcurs.  see  Figure 
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7(a),  even  if  the  plates  are  inclined  to  the  maximum  mode  I  opening  direction.  In  the 
longitudinal  orientation,  condition  'C.  the  lamellae  plates  are  aligned  so  as  to  allow  the  crack 
to  advance  without  impediment.  The  fracture  and  fatigue  surfaces  of  the  longitudinally 
oriented  specimens  exhibit  large  regions  of  cleavage  fracture  separated  by  'steps'  where  the 
growing  crack  has  changed  from  one  particular  pair  of  lamellae  to  a  parallel  set.  Figure  8. 
Thus  in  such  a  suitably  oriented  testpiece.  cleavage  can  persist  even  to  test  temperatures  of 
800°C,  Figure  8,  but  it  appears  that  this  mechanism  cannot  operate  if  the  plates  are  inclined 
steeply  to  the  axis  of  maximum  mode  I  opening,  as  occurs  for  the  'B'  orientation,  see  Figure 
7(b).  Such  observations  have  implications  for  the  definition  of  a  ductile  to  brittle  transition  in 
two  phase  fully  lamellar  aluminides  which  exhibit  a  strong  microstructural  orientation  and 
may  also  be  taken  to  illustrate  the  influence  of  mixed  mode  failure  on  transition  temperature 
in  general.  These  static  modes  of  failure  would  be  expected  to  increase  the  dependence  of 
crack  growth  rate.  da/aN.  on  the  applied  stress  intensity  range.  AK.  and  this  is  observed  see 
Figures  3.  4.  S  and  Table  III.  Further  work  is  required  to  establish  whether  cleavage  is 
occurring  through  the  y  plates  or  through  the  thinner  constrained  plates  of  03.  For  the  purpose 
of  the  development  of  titanium  aluminides  for  structural  use  at  elevated  temperatures,  such 
considerations  are  of  an  academic  nature  only  because  such  anisotropic  crack  growth 
resistance  exhibited  in  these  as-cast  structures  is  clearly  unacceptable.  If  fully  lamellar 
microstructures  are  to  be  used  in  practice,  it  is  essential  that  these  well  aligned  packets  of  a^y 
plates  are  distributed  randomly  throughout  the  material. 

Conclusions 

Strong  microstructural  orientation  effects  have  been  observed  on  both  fracture  toughness  and 
fatigue  crack  growth  resistance.  Rapid  fatigue  crack  propagation  and  low  values  of  fracture 
toughness  result  if  crack  growth  occurs  in  a  direction  parallel  to  the  lamellar  plates,  even  if 
these  plates  are  aligned  away  from  the  direction  of  maximum  mode  I  opening. 

Crack  growth  rates  are  independent  of  test  temperature  between  700  and  800°C  in  vacuum, 
but  increased  crack  growth  rates  (by  approximately  one  order  of  magnitude)  may  be  obtained 
from  tests  in  air  compared  with  those  in  vacuum  at  a  test  temperature  of  700°C  such  effects 
of  environment  are  not  observed  at  ambient  temperature. 
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Abstract 

The  deformation  structure  of  the  O  phase  in  a  Ti-26AI-2INb  alloy  has  been 
characterised  by  transmission  electron  microscopy  after  compressive  strains  at 
650C.  Both  ‘a’  slip  and  ‘c’  component  slip  have  been  observed.  Both  types  of  ‘a’ 
dislocations,  <100>  and  <110>,  are  operative.  While  <n0>  dislocations  slip 
predominantly  on  (110)  planes,  the  slip  planes  for  <100>  dislocations  could  not  be 
unequivocally  identified  although  cross  slip  on  to  (001)  planes  was  recorded.  'c' 
component  dislocations,  <114>  and  <102>,  are  present  as  screw  dipoles  on  (220)  and 
(041 )  planes.  Extensive  cross  slip  of  these  is  observed.  The  dislocation  structures 
are  compared  to  those  generated  by  deformation  at  room  temperature. 


Introduction 

A  new  class  of  Ti-Al-Nb  alloys  has  been  recently  developed  (1-3)  in  which 
the  major  constituent  phase  is  the  O  phase  (4,5)  which  is  based  on  the  Ti2AINb 
composition  with  a  Cmcm  space  group.  These  alloys  possess  superior  combinations 
of  strength  and  toughness  as  compared  to  alpha2  based  compositions,  and 
therefore  an  analysis  of  deformation  behaviour  of  the  O  phase,  especially  in 
comparison  to  alpha2,  is  of  considerable  interest.  We  have  earlier  carried  out  a 
comparative  study  of  dislocation  arrangements  generated  by  room  temperature 
compressive  strains  in  the  alpha2  and  O  phases  (6.7),  and  now  report  a  similar 
study  on  the  O  phase  at  6S0C. 


Materials  and  Methods 

A  Ti-26Al-21Nb  alloy  (atom%)  composition  with  600  wppm  oxygen  was 
quenched  from  1200C  and  heat  treated  at  900C  for  300  hours  to  produce  equiaxed 
grains  of  a  single  phase  O  structure.  Samples  were  deformed  at  6S0C  to  2%  strain 
in  compression  and  sliced  perpendicular  to  the  stress  axis  *'or  examination  by 
transmission  electron  microscopy. 
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Results 


Fig.l  shows  a  comparison  of  slip  vectors  in  the  alpha2  and  O  phases.  The  unit 
cell  shown  for  the  O  phase  has  been  chosen  to  be  the  same  as  that  of  alpha2  to 
illustrate  equivalent  vectors  and  changes  in  the  nature  of  the  antiphase  vectors. 
Note  that,  in  the  O  phase  unit  cell,  the  l/2[IOO]  and  1/4[I10]  vectors  differ  slightly 
in  magnitude  as  do  the  1/2(102)  andl/4[114)  vectors,  and  are  also  associated  with 
different  types  of  antiphase  boundaries  (6). 


FlG.l  (a)  The  unit  cell  and  Burgers  vectors  of  dislocations  in  the  alpha2  structure 
(b)  equivalent  Burgers  vectors  of  dislocations  in  the  O  phase.  The  unit  cell 
has  been  chosen  to  be  same  as  that  of  alpha2  for  ease  of  comparison. 

The  broad  features  of  the  arrangements  of  'a’  dislocations  arc  essentially 

unchanged  on  deformation  at  6S0C  from  that  at  room  temperature  (6,7).  Weak  beam 
microscopy  was  used  to  examine  the  dissociation  of,Ja’  dislocations.  Fig.2  shows  an 
example  of  (110)  dislocations  imaged  with  the  (110)  plane  inclined  and  edge  on, 
respectively.  The  dissociation  of  the  (100)  superdislocation  can  clearly  be  seen  in 
the  former  case,  but  not  in  the  latter,  indicating  that  these  dislocations  are 
dissociated  on  the  (iTO)  planes  and  therefore  glide  on  them.  Thus,  no  differences 

are  seen  in  the  case  of  <110>  dislocations  between  room  temperature  and  6S0C. 
Similar  analyses  for  [100]  dislocations,  however,  reveal  a  different  picture.  Figs.  3a 
and  3b  show  examples  of  two  different  [100]  dislocations  imaged  with  the  prismatic 
(010)  and  (001)  planes  nearly  edge  on,  respectively.  The  behaviour  of  both  these 
dislocations  is  quite  distinct  from  that  observed  for  the  <110>  dislocations.  In  the 
case  of  the  first  example,  the  dislocation  appears  to  be  dissociated  on  the  (001) 
plane  since  the  superpartials  can  barely  be  seen  when  the  (001)  plane  is  nearly 
edge  on.  However,  with  the  (010)  plane  edge  on,  the  dislocation  is  seen  to  consist 
of  two  segments,  one  showing  clear  dissociation  into  superpartials  while  the  other 
shows  a  comparatively  thick  image  in  which  the  superpartials  cannot  be 

distinguished.  In  the  second  example,  the  images  suggest  that  many  local  cross 
slip  events  have  occured  along  the  dislocation  line  between  the  basal  and  (010) 
planes  as  shown  by  the  arrows.  In  general,  it  was  difficult  to  detect  (100) 

dislocations,  their  density  being  far  lower  than  <1I0>  dislocations. 

1,141 


FIG  7:  (a)  (IlO)  dislocations  dissociated  into  I/4|1I01  supcrpanials.  weak  beam  with 
a  22T  reflection  near  the  [102)  zone  axis,  (b)  The  same  dislocations  near  the 
1114]  zone  axis  imaged  with  the  same  reflection  with  the  (iTD)  plane  edge  on. 


FIG. 3  Examples  of  [100]  dislocations,  (a)  dislocations  I  and  II  imaged  with  a  22T 
reflection  near  a  |102)  zone  axis  with  the  the  (010)  plane  edge  on.  (b)  The 
same  dislocations  near  a  |110)  zone  axis  with  a  721  reflection,  and  the  (001) 
plane  nearly  edge  on.  Arrows  mark  locations  where  cross  slip  may  have 
occured. 

Considerable  V  component  dislocation  activity  is  observed  at  650C.  as  at 
room  temperature  (6,7).  However  the  arrangement  of  these  dislocations  differed 
considerably  in  detail.  The  dislocations  arc  localised  in  slip  bands  as  shown  in 
Fig.4.  Within  each  slip  band,  the  di.slocations  are  arranged  in  pairs  (Fig.4b)  which 
careful  contrast  experiments  show  to  be  dipoles  (Fig. 4c). 

Burgers  vector  analysis  shows  that  both  <102>  and  <114>  arc  operative. 
Typical  contrast  experiments  arc  given  in  Fig. 5  .  An  analysis  of  the  line  directions 
shows  these  dipoles  to  be  e.s.scntially  in  .screw  orientations.  Tilting  experiments 
were  conducted  which  unambiguously  show  the  <I02>  dipoles  to  lie  on  (041)  planes 
(Fig. 5,).  and  <1I4>  dipoles  to  lie  on  (221)  planes.  An  analysis  of  the  contrast 
behaviour  of  individual  dislocations  constituting  the  dipoles  with  varying 
excitation  parameters  (8)  shows  that  the  images  arc  consistent  with  a  magnitude  of 
g.b  equal  to  4  for  (Q02)  and  (221)  reflections,  so  that  thc,se  dislocations  arc  <I02>  and 
1/2<I14>  supcrdislocations.  Weak  beam  microscopy  shows  the  dislocations  to  be 
dissociated  (Fig. 5c)  with  the  separation  of  the  supcrpanials  in  the  projection  plane 
of  the  image  to  be  as  low  as  1 .5nm  which  just  borders  the  expected  resolution  in 
weak  beam  microscopy.  The  very  small  superpartial  separation  precludes  the 
determination  of  the  dissociation  plane  with  any  great  degree  of  accuracy  by 
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FIG. 4:  (a)  't'  compononi  dislocations  in  a  slip  band.  (b)  The  dislocations  within 

the  slip  bands  arc  paired.  (c)  The  opposite  sense  of  contrast  of  the  paired 
dislocations  show  them  to  be  dipoles.  Each  dislocation  in  the  pair  is 
associated  with  a  double  image. 

lilting  experiments  of  the  type  described  in  Figs..1  and  4.  While  the  dipoles  arc 
essentially  in  screw  orientations  the  individual  dislocations  constituting  the 
dipoles  arc  seen  to  cross  slip,  as  seen  in  locations  marked  A'  in  Fig. 5  .  Dislocation 
loops  arc  seen  to  trail  the  dipoles  (Fig. 6)  probably  formed  In  pinching  off  the  long 
dipole  segments  by  cross  slip 


Disciission 

The  discussion  of  the  results  is  confined  to  comparing  the  differences 
observed  in  the  deformation  structures  generated  at  b.'iOC  and  at  room  temperature 
(6,7)  An  analysis  of  the  causes  underlying  these  differences  will  be  left  to 
subsequent  publications 

The  macroscopic  nature  of  dislocation  arrangements  remain  similar  to  that 
observed  on  deformation  at  room  temperature  (6,7)  'a'  disloc..iions  are  distributed 

randomly  while  'c'  coniponent  dislocations  are  confined  to  widely  spaced  slip 
bands.  Of  the  two  types  of  'a'  dislocations,  |I0()|  and  <lll)>.  the  <11()>  dislocations  are 
dissociated  into  l/4<II()>  supcrparlials  on  (lid)  planes,  again  as  observed  on 
deformation  at  room  temperature.  These  planes  are  equivalent  to  the  prismatic 
planes  of  the  closely  related  alphad  structure.  A  considerahly  lower  density  of  the 
[100]  dislocations  is.  however  seen  on  deformation  at  650C,  and  the  few  dislocations 
that  arc  observed  show  verv  localised  cross  slip  along  their  length  with  some 
segments  dissociated  into  l/d|10())  supcrpartials  on  the  (001)  planes  (equivalent  to 
the  basal  planes  of  the  alphad  structure).  Since  the  difference  in  the  magnitude  of 
the  Burgers  vectors  of  the  |l()0|  and  <ll()>  dislocations  is  very  small  (6).  the 
diflerence  in  their  behaviour  must  be  attributed  to  the  nature  of  the  antiphase 
boundary  stnicture  bound  by  the  respective  supcrpartials.  At  this  time  we  do  not 
understand  why  this  difference  is  manifested  at  65()C  and  not  at  room  temperature 
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FIG. 5 


Burgers  vector  and  slip  plane  analysis  of  •c’  component  dislocations. 

(a)  wc.iK  beam  image  with  a  002  reflection  near  a  1110)  zone  axis. 

(b)  it  visibility  condition  in  the  1110)  zone  axis  with  the  221  reflection 

(c)  Weak  beam  image  with  the  2l\  rejection  in  the  1012)  zone  axis.  The 
dipoles  now  overlap  with  the  (220  plane  edge  on. 

(d)  invisibility  condition  with  the  221  rcneclion  in  the  |012)  zone  axis.  The 
invisibilly  conditions  confirm  that  the  Burgers  vector  is  110^). 

(c)  Dissociation  of  a  1102)  dislocation  into  supcrpartials. 


FIG.6  Dislocation  loops  trail  a  dipole 


‘c’  component  dislocations  are  confined  to  slip  bands,  but  their 
arrangement  within  the  slip  bands  is  quite  distinct  from  that  observed  at  room 
temperature.  In  the  latter  case,  <I14>  and  <102>  dislocations  were  observed  to  exist 
in  curved,  mixed  orientations  on  (221)  and  (041)  planes,  respectively  (these  are 
equivalent  to  the  (2201 )  planes  of  the  alpha2  structure).  These  dislocations  were 
dissociated  on  these  planes  into  superpartials,  and  the  trailing  superpartial  was 
observed  to  be  strongly  pinned  by  unspeciHed  obstacles.  At  6S0C,  however,  these 
dislocations  are  observed  as  screw  dipoles  on  the  same  planes.  The  individual 
dislocations  constituting  the  dipoles  are  superdislocations  which  arc  dissociated 
into  superpartials  with  much  smaller  separations  than  those  seen  at  room 
temperature.  No  evidence  of  superpartial  pinning  was  observed  at  tnis 
temperature;  on  the  contrary,  cross  slip  of  the  superdislocations  as  a  whole 
appears  to  occur.  These  features  suggest  that  (a)  the  obstacles  to  trailing 
superpartials  which  exist  at  room  temperature  are  not  operative  at  6S0C  (b)  edge 
<1I4>  and  <I02>  dislocations  are  extremely  mobile  at  6S0C  since  they  are  not 
observed  at  all  (c)  the  glide  of  these  dislocations  generates  screw  superdislocation 
dipoles  by  a  mechanism  as  yet  unknown  and  (d)  individual  superdislocations 
constituting  the  dipole  can  cross  slip,  in  the  process  generating  superdislocation 
loops.  It  is  emphasised  that  'c'  component  dislocations  are  rarely  observed  in  the 
alpha2  phase,  both  at  room  temperature  and  high  temperatures,  and  that  too  only 
in  grains  for  which  the  ratio  of  the  resolved  shear  stress  for  'c'  component  slip  to 
that  for  ‘a’  slip  is  very  low  (9). 


1.  The  dislocation  structure  in  a  Ti'26AI'2INb  alloy  has  been  examined  after 

compressive  strains  of  2%  at  6S0C.  (110)  dislocations  are  observed  to  be  randomly 

distributed,  and  dissociated  to  1/4<II0>  superpartials  on  (110)  planes.  Very  few 
(100)  dislocations  arc  seen,  and  these  show  evidence  of  profuse  localised  cross  slip 
along  their  line  lengths,  with  segments  dissociated  into  1/2(100]  superpartials  on 
(001)  planes. 

2.  ‘c’  component  slip  occurs  in  the  form  of  <114>  and  <102>  dislocations  which  are 
localised  in  slip  bands  on  (221)  and  (041)  planes,  respectively.  These  are  present 
in  the  form  of  screw  dipoles.  Individual  superdislocations  constituting  the  dipoles 
are  seen  to  be  dissociated  into  superpartials  with  separations  of  about  l.S  nm.  Cross 
slip  of  the  superdislocations  is  observed  with  trailing  superdislocation  loops. 
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Abstract 

Low  ductility  and  brittle  fracture  modes  near  room  temperature  are  familiar  in  titanium 
aluminide  alloys  based  on  both  Ti3Al  and  TiAl.  ITte  fracture  mode  is  often  characterized  as 
“cleavage,”  despite  the  fact  that  not  all  the  fracture  surface  is  cleavage-like,  nor  docs  it  appear  that 
the  “cleavage”  is  either  catastrophic  in  nature  or  normal-stress  controlled.  Instead,  ductile  regions 
may  be  present  among  brittle  areas,  and  these  correlate  well  with  relative  ductility  and  toughness 
data.  Mictomechanisms  of  cleavage  fracture  can  be  quantitivcly  compared  to  experimental  results. 

Introduction 

Extensive  development  work  has  taken  place  in  recent  years  because  of  the  technological 
potential  [1,2]  of  alloys  based  on  titanium  aluminides,  cither  the  DO19  Ti3Al  phase  (02)  or  the  LIq 
TiAl  phase  (y).  Considerable  study  of  the  physical  metallurgy  of  these  alloys  has  established  that 
alloying  additions  which  stabilize  the  bcc  p  phase  in  02  alloys,  or  which  give  rise  to  a  certain  amount 
of  02  phase  in  y  alloys,  are  a  major  benefit  to  ductility  and  toughness  at  low  temperatures  [2-S].  It 
also  appears  that  mechanical  properties  exhibit  a  marked  sensitivity  to  microstructure,  as  is  true  for 
many  structural  alloys. 

There  is  as  yet  little  fundamental  understanding  of  the  fracture  processes  in  these  alloys, 
particularly  in  terms  of  their  dependence  on  microstructure.  Fracture  processes  operating  on  the 
scale  of  the  microstructute,  i.e.  of  the  order  of  micrometer  size  scales,  have  come  to  be  called 
“micromechanisms.”  As  in  other  structural  materials,  extant  micromechanism  concepts  can  be 
applied  to  these  alloys,  and  should  be  relevant  not  only  for  fundamental  fracture  issues  [6],  but  also 
for  technological  uses  such  as  NASP  (National  Aerospace  Plane)  applications  [7].  However,  many 
questions  remain  about  the  mechanism(s)  and  details  of  these  effects,  and  the  need  for  additional 
work  to  answer  such  questions  is  highlighted  in  this  summary. 

Mechanical  Properties 

Mechanical  properties  of  titanium  aluminide  alloys  have  been  summarized  in  several  recent 
overviews  [2-S,8,9].  There  is  a  pronounced  strain  rate  effect,  much  like  what  has  been  reported  in 
conventional  Ti  alloys  containing  hydrides  [10].  The  dependence  of  mechanical  properties  on 

Tilonivm  '92 
S6«ftc«  ond  T«chf>ology 
Ediltd  by  F.H.  FroM  ond  I.  Coplon 
Th«  MtrwraU.  &  Moltriob  Soewty,  f  993 

1,155 


temperature  for  a  particular  microstructure  of  Ti-24- 11  [11-13]  is  shown  in  Fig.  1.  The  ductility 
shown  is  the  uniform  true  strain  ep,  rather  than  the  fracture  ductility  ef.  Notched  specimens  were 
tested  to  investigate  fracture  processes  [14,15].  When  results  are  converted  to  the  local,  true 
fracture  stress  below  the  notch  [14,16-18],  the  results  were  as  shown  in  Fig.  2,  with  a  temperature- 
independent  stress  Of  [13,14],  consistent  with  the  original  postulate  of  Orowan  [19].  Both 
toughness  and  crack  growth  resistance  or  R-curve  behavior  have  also  been  measured  for  this 
material,  as  reported  in  more  detail  elsewhere  [12,13,20,21].  Fig.  3  shows  that  the  local  fracture 
stress  OF  and  the  plane  strain  fracture  toughness  Kic  both  have  a  similar  dependence  on 
temperature. 

Micromechanisms.  There  is  considerable  current  interest,  now  that  the  basic  mechanical 
properties  are  being  established,  to  turn  to  the  issues  of  mechanisms  of  behavior,  for  example, 
deformation,  on  which  there  has  been  extensive  work  [4,5].  In  fracture,  work  on  mechanisms  is 
beginning.  The  fractographic  appearance  of  both  02  and  y  fracture  surfaces  is  reminiscent  of 
cleavage,  and  that  term  is  widely  used  in  the  literature  on  these  alloys.  Yet  some  care  in  use  of  this 
term  may  be  appropriate  [  1 3,22,23].  It  remains  to  be  shown  that  the  fractures  obey  all  the  criteria 
for  classical  cleavage  [24,25],  particularly  in  yalloys,  where  fraemre  facets  are  commonly  observed 
to  be  curved  or  conchoidal  [22,23].  Curved  fracture  facets  are  also  evident  in  02  alloys  when  the 
02  phase  is  sufficiently  large,  e.g.  2  10  pm.  Fracture  surfaces  of  many  microstructures  in  titanium 
aluminide  alloys  exhibit  regions  of  ductile  tearing  between  brittle  facets.  This  tearing  evidently 
arises  [3-5,12]  from  retained  or  transformed  p  phase  in  02  alloys  and  from  02  regions  in  yalloys. 
It  remains  to  be  explored  whether  a  “toughest  link”  model  [26]  can  be  applied  to  such  aluminide 
fractures. 

For  the  sake  of  discussion,  however,  we  may  consider  that  fracture  in  aluminide  alloys  is  in  fact 
a  cleavage  process.  On  that  basis,  comparisons  are  possible  to  extant  theories  [6, 1 3].  In  02  alloys, 
for  example,  the  appropriate  mechanism  to  compare  would  be  the  Smith  model  for  homogeneous 
cleavage  [27],  that  is,  cleavage  which  is  not  nucleated  by  a  second-phase  particle  or  other 
microstructural  inhomogeneity.  For  that  model,  the  initiation  condition  for  a  crack  coinciding  with 
the  slip  plane  at  the  head  of  the  pile-up,  that  is,  for  slip-initiated  cracking  in  the  slip  plane,  as  appears 
to  occur  [13]  in  Ti-24-1 1,  has  been  written  as  [27] 

TF  =  Xf+ {2p7efT/JtL(l  -  v)jW,  (la) 

where  'Cf  stands  for  a  critical  shear  stress  for  fracture,  tf  for  the  friction  shear  stress,  p  for  the  shear 
modulus  which  can  be  calculated  from  Young’s  modulus  E  as  n  =  E  /  2(  1  +  v),  Yeff  for  the  effective 
energy  required  for  fracture  (expected  to  have  the  approximate  magnitude  of  the  true  surface 
energy  Ys).  L  for  the  pile-up  length,  and  v  for  Poisson’s  ratio.  In  terms  of  tensile  stresses,  Eq.  (la) 
can  be  rewritten  as 

<JF  =  Of  +  g(2nYefr/JtL(l -v))*^,  (lb) 

where  g  is  a  geometric  factor  resolving  the  flow  stress  into  the  appropriate  shear  component  (a 
Taylor  factor  of  roughly  two  should  reasonably  approximate  g),  and  OF  and  Of  are  tensile  analogs 
of  the  values  in  Eq.  (la).  The  model  is  sketched  in  Fig.  4,  where  L  is  identified  with  grain  sire  d. 
For  the  present  circumstances,  the  dimension  d  should  be  interpreted  as  the  critical  dimension  of 
the  microstructural  constituent  which  cracks,  i.e.  the  width  of  an  02  lath  in  an  a2-base  alloy,  or  a 
Y  plate  in  a  Y  alloy. 

Equation  ( 1 )  is  suitable  for  initiation-controlled  cleavage  [6,27],  aprocess  in  which  microstnic- 


Figure  I.  The  dependence  on 
temperature  of  compressive  and 
tensile  yield  strength  (YS), 
failure  stress  (either  UTS, 
ultimate  tensile  strength,  or 
fracture  stress),  and  ductility 
(uniform  mie  strain  £p).  Each 
2!  point  averages  2  to  5  tests.  From 
£  ref.  13. 


Figure  2.  Determination  of 
temperatuie-independeni  local 
fracture  stress  Op  in  bend-bar 
tests,  with  YS  and  nominal 
stress  Onom  values  included. 
From  ref.  13. 
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Figure  4.  A  sketch  of  the 
microstructural  situation  | 
envi  sioned  for  development  of 

^  Equation  (1),  text,  with  the 

effective  shear  stress  teff  given  j 
by  the  difference  between  the 
applied  shear  stress  Xgf  p  and 
the  internal  or  friction  stress  tj. 
The  pile-up  is  imagined  to 
nucleate  a  Zener  (or  Stroh) 
crack  [6]  in  the  adjacent  grain. 

V  Adapted  from  ref.  6. 
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tural  nuclei  such  as  the  carbides  which  dominate  cleavage  in  mild  steel  [25^8-31]  are  absent  or 
ineffective.  In  this  situation,  the  value  of  Yeff  controls  tecture.  Since  in  all  real  materials  Yeff  ^  Ys> 
where  any  “surplus”  irreversible  energy  above  Ys  *s  designated  Yur.  one  can  write  that  Yeff  =  7s+ 
Yitr.  However,  since  a  major  contributor  to  Yeff  is  plastic  work  Yp,  the  term  Yut  is  usually  [32]  reserved 
for  minor  effects  such  as  heating  from  relaxation  of  stretched  atomic  bonds  as  the  crack  tip  passes, 
deviations  of  the  fracture  surface  from  perfect  flatness,  and  so  forth.  The  total  amount  of  plastic 
work,  however,  comprises  both  “precursor”  work,  i.e.  plastic  work  which  is  done  in  enlarging  the 
crack-tip  plastic  zone  prior  to  crack  extension,  and  “growth”  work  associated  with  crack 
propagation.  Experimental  techniques  are  chosen  (6, 14,17,3 1  ]  to  measure  only  the  growth  part  of 
Yp.  Thus  the  Yeff  «enn  is  interpreted  as  Yeff  =  Ys  +  7p  (growth)  +  Yur- 

The  measured  value  [  1 3]  of  Yeff  forTi-24- 1 1  was  27  J/iri^,  at  least  an  order  of  magnitude  greater 
than  the  expected  value  of  the  true  surface  energy  of  the  lattice,  about  0.9  J/m^  for'n3Al[13].  Such 
an  “effective”  energy  value  is  broadly  consistent  with  results  on  iron  [25,30,31],  where  measured 
values  of  Yeff  are  about  14  J/m^  and  the  known  value  of  Ys  is  about  2  J/m^.  It  should  be  reiterated 
that  this  Yeff  corresponds  to  crack  propagation  [6,14]  and  thus  is  not  directly  related  to  the  total 
fracture  energy  Y  =  2Ys  +  Yp.  where  Yp  =  Hi)  (growth)  +  YJ)  (ptecursor)-  In  Ti-24- 1 1 ,  y  has  a  value  [  1 3] 
of  about  3000  J/m^  because  of  the  large  amount  of  (precursor)  work  associated  with  plastic  zone 
development,  typical  of  metallic  alloys  with  tougnesses  of  10  MPaVm  or  more  [6,13,33]. 

Another  approach  to  this  fracture  interpretation  [13]  is  to  estimate  the  fracture  toughness  Kje 
from  op  and  the  other  parameters  shown  above.  The  estimated  value  calculated  was  Kje  =  18.S 
MPaVm,  which  is  very  close  to  the  experimental  average  value  [13]  of  17.2  MPaVm.  However, 
because  g,  Yeff.  and  L  in  Eq.  (1 )  are  uncertain,  this  agreement  may  be  fortuitous.  Nevertheless,  it 
indicates  that  a  Smith-like  model  may  apply  tocleavage  fracture  in  Ti-24- 1 1 .  More  work  is  needed 
to  investigate  the  details  of  the  fracture  process,  relevant  elastic-plastic  fracture  mechanics  [33,34], 
operative  micromechanism(s)  [6,25,33],  and  crack  propagation  behavior  in  Ti-24- 1 1  to  place  this 
conclusion  on  a  firm  basis. 

The  alternative  to  the  foregoing  estimates  from  a  cleavage  model  would  be  a  “critical  distance" 
approach,  as  fu’St  postulated  by  Ritchie,  Knott  and  Rice  [31].  This  approach  uses  the  measured  ratio 
of  cp  to  the  yield  strength,  YS ,  to  determine  the  distance  /*  ahead  of  the  crack  tip  at  which  that  stress 
ratio  must  be  maintained  to  propagate  fracture  [14„31,33].  For  the  Ti-24- 1 1  on  which  the  above 
measurements  were  made  [  1 3],  op  /  YS  =  2.37.  and  the  calculation  [  1 3]  then  yields  a  value  for  /* 
of  about  16  um.  This  estimated  /*  value,  equalling  about  three  02  lath  widths,  is  broadly  consistent 
with  the  microstructural  dimensions  found  in  other  determinations  [31,33]  of  I*.  It  would  be  of 
interest  to  examine  microcracking  in  02  laths  to  permit  application  of  a  statistical  model  [34]  to  Ti- 
24- 1 1 ,  and  such  work  is  now  in  progress. 

Microstructure  effects.  The  calculations  just  described  are  for  a  single  microstructure  of  02 
material.  Microstructural  variation  could  introduce  a  variety  of  effects.  For  example,  the  lath  or 
plate  size  of  the  02  phase  is  readily  varied  in  02  alloys,  and  it  may  be  essential  to  refine 
understanding  of  the  factors  in  Eq.  (1)  to  interpret  fracture  within  laths.  Itls  evident  that  variation 
in  lath  dimensions  could  significantly  affect  fracture,  through  the  dimension  L  in  Eq.  ( 1 ),  but  heat 
treatment  to  vary  lath  width  could  also  alter  composition  within  02  laths,  so  that  both  the  slip 
resistance  Tf  in  Eq.  (1),  and  also  Yeff  could  be  affected.  These  aspects  of  local  plasticity  appear  to 
require  a  fracture  model  with  a  strain  component  [17,35].  On  the  other  hand,  should  it  prove  the 
case  that  noimal-stress  cleavage  of  laths  is  dominant,  as  appears  to  be  the  case  in  many  hydride- 
forming  metals  [  1 0,36],  then  the  “particle  cracking”  version  of  Smith ’s  model  [28]  would  require 
more  detailed  examination.  This  could  prove  difficult,  because  elastic  propierty  effects  from 
crystallographic  texture,  or  variation  in  the  parameters  which  control  surface  energy,  may  be 
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essential  to  the  piocess.  Additional  metallurgical  study,  of  phase  transformations  and  microstruc- 
tural  dependence  of  mechanical  properties  of  aluminides  [3-5,8,37],  would  also  pay  dividends. 
Regardless  of  how  this  “cleavage”  fracture  is  nucleated,  it  appears  that  considerable  work  remains 
to  be  done  to  elucidate  the  processes  of  brittle  fracture  in  titanium  aluminide  alloys. 
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Abstract 

In  this  paper,  a  study  of  the  effect  of  strain  rate  and  temperature  on  the  substructure  evolution 
and  mechanical  response  of  aTijAl  (Oj)  alloy,  Ti-24.5Al-10.5Nb-l.5Mo,  is  presented.  The 
compressive  true  stress-true  strain  response  and  substructure  evolution  were  both  found  to 
depend  on  both  the  applied  strain  rate  and  test  temperature.  The  strain-rate  sensitivity  of  the 
flow  stress  at  2%  strain  was  0.008.  The  rate  of  strain  hardening  was  seen  to  increase  slightly 
with  increasing  strain  rate.  The  calculated  ambient  temperature  strain-hardening  rate  for  the 
quasi-static  (0.001  s-i)  data  was  3300  MPa  /  unit  strain  and  4200  MPa  /  unit  strain  at  6000  s- 
t.  Calculation  of  shear  modulus  normalized  hardening  rates  yielded  (1/165  for  the  quasi- 
static  rate  data  and  p  / 130  for  the  high-rate  data  at  room  temperature.  Increasing  tenqrerature 
at  high  strain  rates  was  observed  to  decrease  the  flow  stress  but  have  no  effect  on  the  rate  of 
strain  hardening.  Dislocation  g<b  analysis  revealed  that  following  room  temperature 
deformation  at  low  strain  rate  the  disloca^ons  were  a-dislocations  lying  on  ba^  planes,^nd 
order  pyramidal  (a/2  -f  c)  slip  on  (1211),  and  1st  order  pyramidal  a-slip  on  (1(111). 
Increasing  the  rate  of  deformation  at  250C  increased  a-slip  on  prism  planes  and  decreased 
basal  slip.  Higher  strain-rates  and  elevated  temperatures  increase  the  amount  of  basal  slip. 
The  defect  generation  and  the  rate  sensitivity  of  Ti-24.5Al-10.5Nb-l.5Mo  are  discussed  as  a 
Unction  of  strain  rate  and  temperature. 

*Work  performed  under  the  auspices  of  the  U.S.  Department  of  Energy 


Iniroductign 

Although  the  influence  of  strain  rate  on  the  microstructure  /  propmy  relationships  of  pure 
titanium  and  a  variety  of  titanium  alloys  has  been  extensively  stu^ed(4],  the  effect  of  strain 
rate  on  the  stress-strain  and  deformation  response  of  titanium  aluminides  has  received  limited 
attention)  1-6).  Dynamic  constitutive  behavitar  is  however  crucial  to  understanding  the  high¬ 
speed  deformation  and  impact  performance  of  titanium  aluminides  under  high-rate  loading 
histories  such  as  might  be  encountered  during  ftxreign  object  damage,  high-speed  forging,  or 
machining.  To  date,  only  two  studies  have  investigated  the  mechanical  response  of  aj-based 
alloys  to  high-rate  defoTmation[3,5|.  Results  of  strain-rate  change  tests  on  Ti-25Al-9Nb  and 
Tl-^^Al-l  INb  revealed  that  the  strain  hardening  and  strain-rate  h^ening  responses  cf  the  two 
alloys  were  very  similar(3].  The  strain-rate  baldening  exponents  were  measured  to  be  0.(X)8 
and  0.010  at  27<>C  for  the  Ti-25Al-9Nb  and  Ti-24AI-1  INb,  respectively.  The  rate  sensitivity 
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of  the  Ti-24A1-1  INb  alloy  was  found  to  be  teasonably  constant  with  increasing  temperature; 
an  “m”  value  of 0.007  was  measured  at  6S00C[3]. 

Tests  on  the  p-phase  alloy  Ti- 11  Al-23Nb  found  a  rate  sensitivity  of  0.020  at  room 
temperature,  strain  hardening  in  the  ^phase  to  be  significantly  lower  than  in  02,  and  a  strong 
dependence  of  the  yield  strength  on  temperatute[3].  Based  on  these  oi  and  p-phase  results, 
Gittis  and  Koss[3]  concluded  that  the  macroscopic  deformation  behavior  of  Ti-24A1- 1 1  Mb  is 
controlled  by  the  aa  phase  when  the  alloy  is  in  a  basketweave  microstnictural  condition.  High- 
rate  compression  tests  conducted  on  Ti-24Al-llNb  studied  with  an  equiaxed  aa  plus 
discmtinuous  P-phase  microstructure  exhibited  somewhat  different  tesults[S].  While  the  rate 
sensitivity  in  the  equiaxed  Ti-24Al-i  INb  alloy  was  also  relatively  low  (m  <0.01),  the  quasi- 
stadc  work-hardening  of  the  equiaxed  alloy  was  approximately  a  factor  of  two  higher  than 
when  the  alloy  was  heat-treated  to  a  basketweave  stnicture[S].  Under  dynamic-loading 
conditions  with  strain  rate  =  102  s-i,  the  equiaxed  Ti-24A1-1 11^  alloy  was  also  seen  to  show 
a  pronounced  decrease  in  strain  hanlening  compared  to  quasi-static  loading  and  the  occurrence 
of  localized  plastic  flow{S].  This  paper  reports  the  results  of  a  study  the  effect  of  strain  rate 
and  temperature  on  the  substructure  evolution  and  trtechanical  response  of  Ti- 24.5  Al-lO.S 
1.5  Mo. 


Experimental  Procedures 


The  material  used  for  this  investigation  was  Ti-24.5Al-10.5Nb-l.5Mo  produced  by  TIMET 
(composition  in  at.%  of  23.8  Al,  10.6  Nb,  1.43  Mo,  0.19  0, 0.05  Fe  and  bal.  Ti).  The  Ti- 
24.5Al-10.5Nb-1.5Mo  alloy  studied  was  produced  by  triple  vacuum-arc-remelting  a  410  kg, 
35.5  cm-dia.  ingot.  The  processing  was  started  with  upsetting  and  drawing  operations  above 
the  P-tran$us  temperature.  Processing  was  initiated  at  a  diameter  of  approximately  23  cm  and 
continued  until  the  diartKter  of  the  bar  had  been  reduced  to  10  cm.  The  alloy  was  heat- 
treated  at  1085<>C  for  1  hour  and  then  in  a  salt  bath  at  8150C  for  30  minutes  followed  1^  aging 
at  7040C  for  8  hours.  Cylindrical  compression  samples  (7.5  mm  in  dia.  by  4.6  mm  long) 
were  electro-discharge  machined  (EDM)  from  the  forged  bar  section.  The  in-plane 
microstructure  of  the  heat-treated  Ti-24.5Al-10.5Nb-l.5Mo  alloy.  Figure  la  andlb,  consist 
of  equiaxed  primary  aa  and  fine  secondary  aa  plates  and  ordered  B2(Po)[2]  forming  a 
basketweave  structure.  Quasi-static  compression  tests  were  conducted  at  strain  rates  of 
0.001  and  0.1s->.  Dynamic  tests  were  conducted  as  a  function  of  strain  rate,  1000-6000  s-i, 
and  temperature,  between  25  and  700<’C,  utilizing  a  Split-Hopkinson  Pressure  Bar.  The 
inherent  oscillations  in  the  dynamic  stress-strain  curves  and  the  lack  of  stress  equilibrium  in 
the  specimens  at  low  strains  make  the  determination  of  yield  inaccurate  at  high  strain  rates. 
Specimens  for  optical  metallography  and  TEM  were  sectioned  from  the  heat-treated  and 
deformed  samples.  TEM  foils  were  prepared  using  conventional  jet  polishing  and  observed 
using  a  Phillips  CM- 30. 


Results  and  Discussion 


Mechanical  Response 

The  compressive  true  stress-true  strain  response  of  Ti-24.5AI-10.5Nb-l.5Mo  was  found  to 
depend  on  both  the  applied  strain  rate,  which  ranged  from  0.001  to  6000  s-i,  and  the  test 
temperature,  which  was  varied  between  25  and  7(X)0C  (Figures  2  and  3).  The  flow  stress  of 
Ti-24.5Al-10.5Nl^l.5Mo  increased  with  increasing  strain  rate.  The  strain-rate  sensitivity, 
"m"  ( =  Slna  /  8lne),  of  Ti-24.5Al-10.5Nb-l.5Mo  at  2%  strain  is  0.008.  This  rate  sensitivity 
is  less  than  one  thiid  that  measured  in  Ti-48AI-1  V[6]  but  higher  than  Ni3Al[7]  which  displays 
no  strain-rate  sensitivity  of  the  yield  stress  at  250C. 

The  quasi-static  mechanical  behavior  of  Ti-24.5A1-  10.5Nb- 1 .5Mo  (to  true  strains  of  0.20  in 
comimssion)  exhibits  stress-strain  curves  with  falling  work-hardening  rates  approaching 
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Figure  1  -  a)  optical  micrograph,  and  b)  TEM  brightfield  of  the  microstructure 
of  Ti-24.5  Al-10.5  Nb-1.5  Mo  showing  equiaxed  primary  02  in  a 
matrix  of  fine  secondaiy  03  plates  and  Po  phase  (basketweave  ). 


saturation  at  approximately  1700  MPa  (pt/IOO)  similar  to  NisAlf?]  which  saturates  at  a  stress 
level  of -p/105  but  contniry  to  the  almost  linear  stress-strain  sustained  hardening  response  of 
Ti-48A1-1  V[6]  to  similar  stress  levels  (assuming  a  polycrystalline  shear  modulus).  Based  on 
this  assumption,  Ti-24.5Al-10.5Nb-l.5Mo  ,  Ti-48AMV,  and  NisAi  all  harden  to  stress 
levels  roughly  a  factor  of  three  higher  than  pure  metals  such  as  copper  and  tantalum  which 
saturate  at  stress  levels  of  -p/333  and  p/450  at  low  strain  rateslb].  It  is  likely  that  a  portion  of 
the  -3x  factor  in  the  saturation  stress  levels  is  due  to  anisotropy,  such  as  a  higher  Taylor  factor 
in  the  low  symmetry  intermetallic  systems.  The  majority  of  the  sustained  hardening, 
however,  is  believed  to  result  from  a  lack  of  dynamic  recovery.  The  sustained  plasticity 
exhibited  by  this  alloy  in  compression  is  similar  to  the  crack-free  deformation  in  Ti-48A1-1  V 
tested  in  compression  to  20%  strain[6|.  These  results  suggest  that  the  limited  tensile  ductility 
exhibited  in  Ti-aluminides  may  be  due  to  the  intervention  of  cleavage  or  intergranular  fracture 
at  stresses  lower  than  that  required  to  activate  sufficient  slip  to  accommodate  polycrystalline 
plasticity  rather  than  solely  an  inherent  lack  of  sufficient  slip  systems|8]. 

In  disordered  metals  the  decrease  in  work  hardening  at  high  stresses  and  strains  is  generally 
linked  to  dynamic  recovery.  This  is  usually  associated  with  the  loss  of  dislocations  at  cell 
walls,  tangles,  etc.  It  is  worth  noting  that  in  the  case  of  intermetallics,  however,  the  absolute 
stress  levels  are  unusually  high,  i.e.,  -  p/l(X)  compared  with  ~p/300  in  disordered  metals. 
This  suggests  that;  1)  dynamic  recovery  mechanisms  in  intermet^Iics  are  physically  different 
than  those  in  disorder^  metals,  and  2)  it  is  possible  that  other  mechanisms  are  limiting 
(saturating)  the  flow  stress  such  as  mutual  annihilation  by  mechanical  recombination  of 
dislocations[8].  These  results  show  that  while  hardening  in  disordered  metals  saturates  at 
modest  stress  levels,  some  ordered  systems  continue  Stage-II  hardening  to  very  high  stress 
levels.  The  details  of  how  dynamic  recovery  processes  would  occur  in  ordered  intermetallics 
will  most  probably  depend  on  the  local  dislocation  configuration.  Independent  of  the 
controlling  mechanisms  these  results  clearly  suggest  that  radically  different  dynamic  recovery 
processes  appear  to  be  operative  between  ai  and  y-based  titanium  aluminides. 

The  rate  of  strain  hardening  in  Ti-24.5Al-10.5Nb-l.5Mo  is  seen  to  increase  slightly  with 
increasing  strain  rate.  The  calculated  average  strain-hardening  rate,  6  ,  for  the  quasi-static 
(0.001  s  ')  data  at  25°  C  is  3300  MPa  /  unit  strain.  The  hardening  rate  at  6000  s  '  at  25"  C  is 
4200  MPa  /  unit  strain.  Normalizing  the  work  hardening  rates  with  the  Taylor  Factor  for  a 
random  polyciystal,  [6  /  (3.07)2  ],  yields  work  hardening  rates  of  p  / 165  for  the  quasi-static 


1.U5 


1800 


Figure  2  -  Comimssive  Stress-Strain  response  of  Ti-24.5AH0.5Nb-l.5Mo  as 
a  function  of  the  applied  strain  rate  at  25^  C. 


Figure  3  -  Compressive  stress-strain  response  of  Ti-24.5Al-10.5Nb-l.5Mo  as 
a  function  of  test  temperature  at  a  strain  rate  ctf  -3000  s-i. 


rate  data  and  ^  / 1 30  for  the  high-rate  data  assuming  a  shear  modulus  of  57  GPa  for  Ti3Al  at 
temperature[9].  In  comparison  to  a  strain  hardening  rate  of  ii/175  for  ri-48Al-lV  at 
4500  s-  J  at  250C[6],  the  shear  modulus  normalized  strain  hmdening  rate  of  Tl-24.5Al-10.5Nb- 
1.5Mo  is  seen  to  exhibit  sustained  work-hardening  at  hi{di-strain-rate  similar  to  'I1-48A1-1V 
rather  than  that  exhibited  by  conventional  H-alloys  such  as  Ti-6A1-4V  as  Hiisctissed  below 
The  observation  of  stable  work  hardening  in  ti-24.5Al-10.5Nb-l.5Mo,  in  contrast  to 
high-rate  data  on  Ti-24A1- 1 1  NblS],  is  thought  to  be  a  direct  result  of  the  finer-scaled 
crack-free  besketweave  microstructure  of  the  current  study. 


The  rate  sensitivity  and  strain  hardening  rates  of  Ti-24.5AI-10.5Nb-l.5Mo  exhibit  somewhat 
different  trends  when  compared  to  those  seen  in  'n-48Al-lV[6]  or  Ti-6A1-4V[4].  While  the 
rate  sensitivities  of  the  yield  and  flow  stresses  of  Ti-6A1-4V  in  both  tension  and  compression 
are  also  high,  the  rate  sensitivity  "m"  is  0.015(4].  This  value  is  roughly  twice  that  of  T1- 
24.5Al-10.5I^l.SMo  while  the  yield  stress  levds  are  all  in  the  range  of  1000  MPa  for  T1-6AI- 
4V  at  low  strain  rate  compared  to  approximately  950  MPa  for  Ti-24.5Al-10.SNb-l.5Mo  in 
this  study.  The  strain  hardening  of  Ti-6AI-4V  as  a  function  of  strain  rate,  using  a  shear 
modulus  of  44.5  GPa  at  2S<>C[9]  is  p  / 146  at  a  strain  rate  of  0.0001  s-i  und  p  /  436  at  a 
strain  rate  of  3000  s->.  The  normalized  quasi-stadc  strain-hardening  rate  for  Ti-6Al-4V  is 
similar  to  the  high  and  low-rate  normalized  hardening  rates  for  Ti-24.SAl-10.5Nb-l.SMo. 
Both  of  the  normalized  rates,  i.e.  -  p/120  to  p/200,  are  consistent  with  Stage  Il-type 
hadening  behavior  such  as  that  seen  in  disordered  FCC  polyci^tals.  The  drastic  decrease  in 
the  strain  hardening  in  Ti-6A1-4V  at  high  strain  rate  reflem  a  signiflcant  influence  of  adiabatic 
heating(4].  In  contrast,  Ti-24.5AI-10.5Nb-l.5Mo  displays  no  temperature-induced 
decrement  in  the  strain  hardening  but  rather  an  increased  ha^ening  rate  at  high  strain  rates. 
Increasing  temperature  at  high  strain  rates  is  observed  to  decrease  the  flow  stress  of  Ti-24.SA1- 
lO.SNb-l.SMo  (Figure  3).  Increasing  temperature  shows  only  a  small  effect  on  the  strain 
hardening  rate;  the  calculated  hardening  rate  at  7(X)0  C  at  4000  s->  is  4178  units  /  unit  strain. 
This  observation  is  similar  to  the  lack  of  a  temperature-sensitivity  on  strain  hardening  seen  in 
Ti-24Al-llNb[3]  up  to  6500C.  The  overall  decrease  in  flow  stress  with  increasing 
temperature  is  also  consistent  with  several  previous  studies[2,3, 10]  on  the  temperature 
dependence  of  the  yield  stress  for  TisAl. 


Substructure  Evolution 

The  fine  scale  of  the  as-heat-treated  basketweave  microstructure  in  the  current  study  is 
consistent  with  the  previous  observation  that  Mo  or  V  additions  appear  to  promote  flner-scale 
microstructures  through  their  influence  on  retarding  the  ^  -az  transformation[3].  The 
substructure  evolution  of  Ti-24.5Al-10.5Nb-l.5Mo  was  observed  to  depend  on  the  applied 
strain  rate  and  temperature  of  deformation.  The  substructure  of  Ti-24.5AI-10.5Nb-l.5Mo 
deformed  to  e=0.10  at  0.001  s  *  at  250C  consisted  of  long  straight  screw  dislocations.(Figurc 
4)  The  observation  of  straight  screws  suggests  a  greater  degree  of  edge  mobility  and 
r^uced  cross-slip  of  screw  dislocations.  Dislocation  g*b  analysis  reveal^  that  following 
room  temperature  deformation  at  low  strain  rate  the  majority  of  the  dislocations  are  a- 
dislocations  lying  on  basal  planes  and  1st  order  pyramidal  slip  on  { lOTl },  and  2nd  order 
pyramidal  (a/2  c)  slip  on  { 121 1 ) .  Increasing  the  rate  of  deformation  at  room  temperature 
to  60(X)  s-i  resulted  in  increased  a-slip  on  prism  planes,  and  1st  order  pyramidal  planes,  and  a 
lessor  amount  of  basal  slip.  In  Figure  4a,  dislocations  arejeen  to  lie  on  (iTOI)  and  (0001) 
traces  at  low  strain  rates  whereas  they  lie  on  (1010)  and  (iToT)  plane  traces  following  high- 
strain-rate  deformation  (Figure  4b). 

In  Ti-24.5Al-10.5Nb-l.5Mo  deformed  simultaneously  at  high-strain  rates  and  elevated 
temperatures  the  substructure  was  seen  to  be  generally  similar  to  that  observed  following 
high-rate  deformation  at  room  temperature  except  for  an  increased  amount  of  basal  slip  and  a 
somewhat  higher  incidence  of  2nd  order  pyranudal  slip.  An  interesting  finding  of  this  study  is 
that  extensive  slip  occurred  on  <1^10>  ( lOTl ).  Oourt  et  al.[l  1]  observed  similar  slip  in 
Ti3Al-4  at.%Nb,  although  less  extensively  than  in  the  current  study,  and  did  not  observe  this 
slip  system  in  unalloyed  03.  Figures  5a  and  Sb  show  aJ2  *  c  dislocations  observed 
following  high-rate  deformation  at  both  25  and  70()®C.  Figures  6a  and  6b  show  the 
substructure  of  Ti-24.5Al-10.5Nb-l.5Mo  following  deformation  at  7000  c  to  E=0.I0  at  a 
strain  rate  of  3000  s  *.  In  Figure  6a,  the  trace  of  (lOTl)  planej  is  clearly  seen;  labeled  "A”. 
The  slip  traces  labeled  “B”,  are  parallel  to  the  traces  of  (1211)  or  (0001),  however  the 
sharpness  of  the  slip  traces  suggest  that  thev  are  (0001)  planes  since  the  basal  planes  are 
parallel  to  the  electron  beaindirection.  jni'’  ^lOups  of  dislocations  labeled  “C”  are  shown  to 
lie  along  the  traces  of  (1121)  or  (1121)  planes.  At  elevated  temperatures  at  high  rate, 
particularly  above  400°  C,  evidence  of  an  increased  amount  of  shearing  of  the  po  laths  was 
also  seen.  This  observation  is  consistent  with  previous  observations[3]  that  above  6500C  the 
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Figure  4  -  Substructure  of  Ti-24.5Al-10.5Nb-l.5Mo  following  deformation  at 
25<)  C  to  £  =  0.10,_a)  0.001  s  ’  showing  basal  slip  and  1st  order 
pyramidal  slip,  |I210|  zone  axis,  arid  b)  6000  s  ’  showing  prism 
slip  and  1st  order  pyramidal  slip,  1 1216)  zone  axis. 


Figure  5 -Brightfield  micrograph  showing  the  presence  of  a/2  +  c 
dislocations:  a)  25<’C,  6000  s  ’  and  b)  700^,  3000  s  ’. 


yield  strength  of  ft)  decreases  rapidly.  Finally,  contrary  to  previous  observations  of 
microtwinning  at  elevated  temperatures)  1,2),  no  deformation  twins  were  observed  in  Ti- 
24.5Al-10.5Nb-1.5Mo,  regardless  of  the  temperature  or  applied  rate  of  deformation.  This 
observation  is  in  total  contrast  to  the  pronounced  propensity  for  deformation  twinning  in  Ti- 
48A1- 1  V|6|  which  increases  with  increasing  temperature  and/or  strain  rate.  This  observation 
is  important  in  terms  of  identification  and  modeling  of  the  controlling  mechanisms  of  work¬ 
hardening  between  the  two  Ti-aluminides.  The  similarity  in  normalized  quasi-static  work¬ 
hardening  rates  between  Ti-24.5Al-10.5Nb-l.5Mo  (m7165)  and  Ti-48Al-lV  (p/175)  shows 
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that  while  twinning  occurs  readily  in  Ti-48Al-lV  and  not  in  Ti-24.5Al-10.5Nb-l.5Mo  it  is 
not  readily  obvious  what  role  twinning  plays  in  the  overall  defect  storage  and  thereby  work 
hardening. 


Figure  6  -Brightfield  micrograph  of  dislocation  debris  in  Ti-24.5AI-10.5Nb- 
1.5Mo  following  deformation  to  E=0.10  at  3000  s->  at  TOO^C 
showing:  a)  pyramidal  and  basal  slip,  [lIlO]  zone  axis  and  b) 
inaeas^  incidence  of  shearing  of  p©  lath  at  high  temperature. 


Based  on  a  study  of  the  influence  of  strain  rate  and  temperature  on  the  mechanical  response 
and  substructure  evolution  of  Ti-24.5AI-10.5Nb'1.5Mo,  the  following  conclusions  can  be 
drawn: 

1.  The  compressive  true  stress-true  strain  response  of  Ti-24.5Al-10.5Nb-l.5Mo  was  found 
to  depend  on  both  the  applied  strain  rate  and  the  test  temperature.  The  strain-rate  sensitivity, 
m,  of  Ti-24.5A1-  10.5Nb- 1 .5Mo  at  2%  strain  was  calculated  to  be  0.008. 

2.  The  rate  of  strain  hardening  in  Ti-24.5Al-IO.5Nb-l.5Mo  is  seen  to  increase  slightly  with 
increasing  strain  rate.  Stage-II  work-hardening  behavior  in  this  ordered  alloy  is  shown  to 
continue  to  very  high  stress  levels,  -p/lOO,  contrary  to  disordered  metals.  Increasing 
temperamre  is  seen  to  have  no  effect  on  the  rate  of  strain  hardening;  the  calculated  hardening 
rate  at  7000  C  at  4000  s  >  is  4178  units  /  unit  strain. 

3.  Ihe  substructure  evolution  of  Ti-24.5Al-10.5Nb-l.5Mo  was  observed  to  depend  on  the 
strain  rate  and  temperature  of  deformation.  Following  room  temperature  deformation  at  low 
strain  rate  the  majority  of  the  dislocations  are  a-dislocations  lying  on  tosal  planes  and  1st- 
order  pyramidal  planes,  and  2nd  order  pyramidal  (a/2  -f  c)  slip  on  (1211).  Increasing  the 
rate  of  deformation  at  room  temperature  to  6(XX)  s  '  is  seen  to  result  in  increased  a-slip  on 
prism  planes  and  a  lessor  amount  of  basal  slip.  At  high-strain-rates  and  elevated 
temperatures  the  substruemre  was  seen  to  be  similar  to  that  following  high-rate  deformation  at 
room  temperature  except  for  an  increased  amount  of  basal  slip  and  a  somewhat  higher 
incidence  of  2nd  order  pyramidal  slip.  At  elevated  temperatures  at  high  rate  evidence  of  an 
increased  amount  of  shearing  of  the  ^  laths  was  also  seen. 
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Abstract 

Both  the  tensile  ductility  and  riacture  toughness  of  titanium  aluminide  alloys  based  on  UsAl  are 
typically  lower  than  those  observed  for  conventional  titanium  alloys  at  room  temperature.  Six 
efferent  microstnictures  were  produced  to  evaluate  their  effects  on  these  two  properties.  The 
miciostructures  were  manipulated  through  thermmnechanical  processing  to  achieve  various 
primary  at  volume  fractions  and  secondary  at  morphologies.  Room  temperature  tensile  and 
fracture  toughness  tests  were  performed.  These  were  monitored  for  acoustic  emission  during 
mechanical  testing  to  aide  in  the  understanding  of  the  deformation  and  failure  mechanisms. 
Additionally,  flat,  pre-polished  tensile  bars  were  tested  and  examined  to  determine  the 
deformation  behavior  of  the  microstructures.  This  information,  together  with  examination  of 
sectioned  round  tensile  bars,  helped  identify  the  microstructural  components  most  critical  to 
failure  initiation.  The  correlation  of  crack  nucleation  and  propagation  to  observed  properties  and 
microstructute  is  discussed. 


Introduction 

I 

The  room  temperature  ductility  and  fracture  toughness  of  at  titanium  alutninides  have  been 
shown  to  be  dependent  on  microstructute.  *'^  However,  there  does  not  appear  to  be  a  significant 
correlation  between  these  two  properties  when  comparing  microstructures.  Measurement  of 
acoustic  emission  (AE)  during  tensile  testing  has  been  used  in  a  recent  study  to  examine  the  flow 
>  and  fracture  behavior  ofTi-25AM0Nb-3V-lMo  (atomic  percent)  at  room  temperature.**  In  that 
I  study,  it  was  determined  that  the  events  that  lead  to  tensile  failure  in  most  microstructures 
occurred  very  near  the  fracture  point.  Since  the  nucleation  of  critical  flaws  occurs  so  close  to 
failure,  the  effect  of  fracture  toughness  in  extending  tensile  elongation  by  delaying  crack 
propagation  is  negligible.  Thus,  it  must  be  considered  that  crack  nucleation  is  the  controlling 
event  in  the  room  temperature  tensile  fracture  for  most  microstructures  in  at  alloys.  This  study 
follows  the  previous  report  of  acoustic  emission  response  during  tensile  testing  and  attenqrts  to 
specifically  identify  the  controlling  fracture  initiation  sites  in  six  different  mkrostnictutes. 
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Experimenial 


Six  inicrostTuctiires  were  prepared  by  thermomechanical  processing  (TMP)  using  hot-die  forging 
and  heat  treatment.  Room  temperature  tensile  tests  were  performed  for  each  microstructure. 
Both  round  and  flat  geometries  were  used  in  tensile  testing.  The  details  of  the  alloy  chemistry, 
TMP,  round  tensile  bar  geometries  and  testing  conditions  can  be  found  elsewhere.^  The  flat 
tensile  bars  had  nominal  dimensions  of  100  mm  in  length,  a  23.4  mm  reduced  section  length, 
and  a  2.73  mm  x  9.33  mm  reduced  cross-section.  The  flat  tensile  specimens  were  polished, 
with  the  final  polish  being  accomplished  with  a  colloidal  silicate  suspended  in  a  basic  solution 
(Beuhler  MasterMet).  A  12  pm  (center  to  center)  square  grid  (2  pm  wide  lines)  was  then  applied 
using  the  same  photo-resist  and  mask  technique  us^  in  the  production  of  semiconductors.  The 
grid  was  etched  into  the  flat  tensile  bars  by  the  reactive  ion  technique.  Application  of  the  12  pm 
grid  on  the  flat  tensile  bars  was  generally  successful,  with  a  large  portion  of  the  gage  length 
containing  the  pattern.  The  flat  bars  were  tested  in  tension  at  a  crosshead  speed  of  0.02  mm/sec 
and  with  a  nominal  extensometer  gage  length  of  18  mm.  Longitudinal  cross-sections  of  the 
round  tensile  bars  and  the  surfaces  of  the  flat  pre-polished  tensile  bars  were  examined  using 
scanning  electron  microscopy  (SEM).  Room  temperature  fracture  toughness  tests  were 
performed  on  five  of  the  microstructures  according  to  ASTM  E399-89.  Compact  tension 
specimens  were  used  having  a  nominal  W=20  mm  and  B=S  mm.  Acoustic  emission  (AE) 
response  during  mechanical  testing  was  monitored  for  both  the  round  tensile  and  fracture 
toughness  tests.  Specifics  regarding  the  AE  monitoring  methods  have  been  described  in  another 
paper.9 


Resulisand  Discussion 


Tensile  Testin£ 

The  six  microsmictures  examined  in  this  study  are  found  in  Figure  1.  A  summary  of  the  tensile 
results  are  shown  in  Table  I.  Significantly  lower  elongation  to  failure  in  the  flat  tensile 
specimens  is  quite  noticeable.  Failure  of  at  least  one  of  the  specimens  was  caused  by  a  large, 
apparently  machining  induced,  defect  at  the  surface.  The  other  specimens  generally  exhibited 
failure  initiation  near  a  specimen  comer.  This  indicates  that  the  sharp  comers  may  have  acted  as 
a  stress  concentrator.  Note  that  the  microstructures  can  be  divided  into  two  levels  of  yield  and 
fracture  stress,  this  is  the  direct  result  of  of  secondary  02  lath  size  and  morphology. 

SEM  examination  of  the  flat  tensile  bars  after  room  temperature  tensile  testing  produced  fruitful 
results.  Distortions  in  the  etched  grid  indicated  the  scale  of  deformation  on  the  surface.  These 
distortions  can  be  described  in  two  ways:  (1)  dislocation  slip  bands  interacting  with  the  grid 
pattern;  (2)  the  macroscopic  effect  of  slip  on  causing  larger  distortions  to  the  pattern. 

Table  I.  Room  tempoature  tensile  test  results 
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The  results  of  AE  monitoring  of  round  tensile  bars  presented  previously  were  identical  in 
behavior  between  the  duplicate  tests  perfcnmed  for  each  microstructure.^  The  output  of  the 
transducer  was  generally  quiet  from  the  stan  of  the  tensile  test,  excepting  the  instances  where  a 
yield  peak  was  detected,  until  very  near  final  failure  of  the  test  specimen.  Increased  acoustic 
activity  was  typically  observed  at  strains  only  widiin  approxinuuely  0.5%  of  catastrophic  failure. 
This  increase  in  activity  is  believed  to  be  associated  with  the  nucleation  of  microcracks  in  the 
specimen. 

Examination  of  both  the  surfaces  of  the  failed  flat  tensile  bars  and  the  cross-sections  of  the  round 
tensile  bars  has  shown  differences  in  failure  initiation  sites  amongst  the  different  microstnictures. 
Starting  with  the  coarse  secondary  02  lath  structure  in  a  p  processed  material,  microstiucture  1 1, 
slip  band  intersections  on  the  specimen's  surface  were  profuse  with  some  of  these  intersections 
resulting  in  crack  nucleation.  Figure  2.  Cracks  were  also  observed  to  occur  at  the  prior  P  grain 
boundaries  within  grain  boundary  02  due  to  strain  incompatibility.  Figure  3.  This  behavior  has 
been  previously  observed  and  described  by  Lukasak  and  Koss  in  Ti-24A1-1  INb.^  Additionally, 
there  was  evidence  of  limited  shear  crack  nucteation. 


Figure  2  -  SEM  micrograph  of  slip  bend  Figure  3  -  SEM  mrcrograph  of  cracking  along 
intersections  in  forging  1 1 .  prior  p  grain  boundary  in  forging  11. 

With  the  small  addition  of  prirruuy  02,  0.10  volume  fraction,  in  a  coarse  microstructure, 
microstructure  7,  sottK  of  the  cracking  observed  on  the  surface  of  the  flat  tensile  bars  was 
associated  with  the  primary  02  grains.  Slip  bands  in  the  matrix  were  often  times  seen  to  have 
intersected  with  a  failed  primary  02  particle,  Rgiire  4.  A  large  ftaction  of  the  cracks  observed  on 
the  surface  were  still  associated  with  slip  band  intersections  in  the  matrix.  Increasing  the  volume 
ftaction  of  primary  02  to  0.25  while  maintaining  a  coarse  secondary  02  size,  as  in  microstructure 
3,  still  resulted  in  long  slip  bands  being  a  prominent  feature  on  the  specimen's  surface. 
However,  a  larger  proportion  of  cracks  were  observed  to  be  nucleating  at  or  vrithin  prinuuy  02 
grains.  The  slip  b^  length  in  microstructures  3  and  7  appeared  to  be  shorter  as  compared  to 
microstructure  11. 

Slip  bands  were  still  observed  in  the  P  processed  microstructure  14,  but  were  on  a  much  finer 
scale  as  compared  to  microstructures  3, 7  and  11.  In  the  fine  WidmanstStten  microstructure 
containing  0.25  volume  fraction  primary  02.  microstructure  4,  the  initiation  sites  were  almost 
exclusively  associated  with  the  primary  02  grains.  In  fact,  cracking  due  to  slip  baiul 
intersections  within  the  fine  matrix  were  not  observed.  Crack  initiation  was  observed  to  occur 
within  the  individual  primary  02  grains,  as  in  Hgure  5,  or  at  the  primary  a2/matrix  interfaces,  as 
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in  Figure  6.  The  cracks  within  the  primary  aj  grains  appeared  to  be  nucleated  by  two 
mechanisms.  First,  as  seen  in  previous  studies,  some  cracks  were  observed  to  lie  along  the 
operating  slip  planes  and  were  not  oriented  perpendicular  to  the  stress  axis.  Figure  S.^  The 
second  case  found  cracks  nucleating  perpendicular  to  the  stress  axis  with  no  apparent  slip  within 
the  02  particles.  Figure  7.  Thus,  the  fir^<  case  appears  to  be  described  by  shew  band  deoohesion 
and  the  second  cleavage. 


Figure  6  -  Crack  nucleation  at  the  interface  of  Figure  7  -  Cleavage  crack  nucleated  in  a 
a  primary  02  particle  in  microstructure  8.  primary  02  particle  in  micrDstructure  4. 

Longitudinal  sectioning  of  the  failed  tensile  specimens  reveals  similar  crack  nucleation  sites  to 
those  observed  on  the  surface  of  the  pre-polished  tensile  bars.  This  result  helps  validate  and 
generalize  the  surface  observations  noted  previously.  Figure  8  shows  crack  nucleation  at 
primary  02/matrix  interfaces  as  well  as  within  primary  02  particles  in  microstnicture  7.  Figure  9 
shows  crack  nucleation  associated  with  grain  boundary  02  and  the  aligned  02  laths  at  prior  P 
grain  boundaries  in  microstructure  11.  An  enlargement  of  the  crack  tip  region  reveals  the 
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mechanism  by  which  the  crack  must  be  propagating.  Figure  10.  The  02  laths  failed  along  a 
plane  at  an  apparent  orientation  near  that  of  the  basal  plane.  Furthermore,  the  B2  phase  was 
observed  to  Ik  pulled  up  around  the  ai  laths  as  if  it  had  behaved  as  a  plastic  bridge  or  ligament 
during  crack  extension. 


Figure  8  -  Sectioned  tensile  bar  showing  Hgure  9  -  Cracking  associated  with  prior  p 
CTacks  at  interfaces  and  within  primary  02  grain  bof'daries  1.  icrostructure  1 1 . 
panicles  in  rrucnasmicture  7. 


Figure  10  -  Enlarged  crack  tip  region  of  crack  in  Figure  9. 

The  behavior  of  these  six  microstructures  can  be  grouped  into  four  categories  based  on  stress 
and  strain  to  failure.  Microstructure  1 1  fails  at  low  stress  and  strain,  whereas  microstructure  14 
fails  at  high  stress  and  low  strain.  Microsmictures  3  and  7  fail  at  low  stress  but  high  strain  and 
microstructures  4  and  8  fail  at  high  stress  and  high  strain.  Stroh  demonstrated  that  crack 
nucleation,  and  hence  failure,  depends  on  slip  length  in  brittle  fracture.'^  This  corresponds  to  a 
critical  stress  at  the  end  of  a  slip  band,  which  is  directly  related  to  the  applied  tensile  stress.  As 
seen  above,  microstructures  3  and  7  exhibit  similar  slip  band  lengths,  while  those  in 
microstructure  1 1  are  longer,  particularly  near  the  prior  P  grain  boundaries.  Microstructures  4, 8 
and  14,  on  the  other  hand,  show  a  much  finer  slip  band  length. 


Failure  in  miciostnictuie  1 1  is  dominated  by  crack  nucleation  at  the  prior  P  grain  boundaries. 
This  microstructure  has  significant  amounts  of  aligned  secondary  a2  plates  at  the  prior  p  grain 
boundaries  which  lead  to  strain  incompatibility  across  the  boundaries.^  The  very  large  effective 
slip  length  of  these  regions  due  to  the  tdignment  slip  planes  means  rapid  strain  accumulation  at 
the  boiuidaties  and  a  correspondingly  high  stress  at  die  end  of  the  resulting  slip  bands.  The  high 
stress  at  the  end  of  the  slip  band  eventually  leads  to  Stroh  crack  nucleation  at  a  relatively  low 
applied  stress.  Rapid  propagation  of  this  crack  along  the  prior  p  grain  boundary  results  in  a 
conespondingly  low  strain  to  failure. 

Smaller  microstructural  units  of  deformation,  and  thus  smaller  effective  slip  lengths,  in 
microsmictures  3  and  7  take  greater  applied  stresses  than  microstructure  1 1  to  nucleate  a  Stroh 
crack.  These  cracks  are  nucleated  at  the  intersection  of  a  slip  band  with  either  another  slip  band 
or  with  a  primary  a2  particle.  A  greater  stress  to  nucleate  a  crack  will  obviously  result  in  a  larger 
strain  to  failure  for  materials  of  similar  yield  stress.  Microstructures  4  and  8  having  a  fine, 
strong  basketweave  morphology  of  secondary  02  avoid  the  the  formation  of  slip  bands  within 
the  matrix  and  incompatibility  across  prior  p  grain  boundaries.  Thus,  an  absence  of  long  slip 
bands  intersecting  primary  02  grains  means  that  the  applied  stress  must  be  even  larger  to  reach  a 
critical  cleavage  stress.  ^  processed  microstructure  14  has  a  low  incidence  of  aligned  secondary 
02  plates  at  the  prior  ^  grain  boundary  and  has  a  fine,  basketweave  matrix  morphology.  It  is 
evident  from  the  tensile  data  that  it  staned  out  with  a  higher  yield  strength  and  failed  at  a  similar 
fracture  stress  as  microstructures  4  and  8,  as  would  be  expected  for  microstructures  of  similar 
scale. 

As  is  evident  in  the  micrographs  in  Figure  1,  primary  02  grains  can  lie  relatively  close  to  one 
another  and  have  a  good  probability  of  being  oriented  similarly  to  the  tensile  axis  within  a  single 
prior  p  grain.  When  one  primary  02  grain  fails,  the  local  stress  field  surrounding  this  particle  is 
very  likely  to  cause  the  almost  immediate  failure  of  a  nearby  particle.  Thus,  it  is  not  surprising 
that  a  critical  crack  size  for  failure  can  be  reached  rapidly  by  this  process.  Based  on  Chan's 
model  of  tensile  fracture  in  a  brittle  material,  the  low  fixture  toughness  of  this  material  at  room 
temperature  is  not  able  contain  a  moderately  sized  crack  from  propagating  once  one  is 
nucleated.’  *  Therefore,  tensile  fracture  occurs  very  shortly  after  crack  nucleation. 

Fracture  Toughness  Testing 

Room  temperature  fracture  toughness  tests  were  perfeamed  on  all  but  microstructure  14.  The 
results  of  testing  showed  that  all  five  microstnictures  had  a  fracture  toughness  of  approximately 
20  MPaVm,  ±  1  MPaVm.  The  first  thing  to  note  is  that  these  are  amongst  the  highest  ftacture 
toughness  values  reported  for  Ti-25- 10-3-1,  which  are  typically  closer  to  15  MPaVm.’2,I3  n© 
significant  trends  were  observed  in  the  fracture  toughness  results.  Most  fracture  surfaces  were 
observed  to  exhibit  veiy  flat  fracture  surfaces,  although  that  of  microstructure  1 1  had  a  visually 
more  tortuous  appearance.  The  coarse  aligned  microstructure  of  microstructure  1 1  would  have 
been  expected  to  have  a  higher  fracture  toughness  value  than  the  other  microstructures  based  on 
results  obtained  by  Marquaidt.^  However,  while  the  coarse  secondary  02  laths  are  aligned  in 
regions,  this  microstructure  cannot  be  termed  'colony',  as  was  the  case  in  Marquardt's  study. 
Additionally,  the  prior  P  grain  size  in  this  microstructure  is  found  to  be  smaller  than  for  all  other 
microstructures,  0.6  mm  vs.  1  nun.  This  is  due  to  the  one  hour  p  anneal  after  forging;  evidently 
the  time  allowed  for  solution  treatment  was  insufficient  to  permit  substantial  P  grain  growth  after 
recrystallization.  No  significant  differences  in  AE  response  anwngst  the  six  microstnictures 
were  found  during  fracture  toughness  testing. 

Summary  and  Conclusions 


The  behavior  of  these  microsmictures  at  room  temperamre  was  studied  by  monitoring  the 
acoustic  emission  response  during  mechanical  testing.  Failure  was  generally  found  to  be 
preceded  by  very  little  acoustic  emission  activity,  indicating  failure  primarily  controlled  by  the 
crack  nucleation  event.  The  length  of  slip  bands  formed  in  the  secondary  a2-i-B2  matrix  during 
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plastic  defonnation  was  found  to  control  the  fracture  stress  of  these  microstnictures.  SEM 
examination  showed  the  differences  in  crack  nucleation  sites  within  the  six  microstnictures. 
Failure  initiation  ranged  ftom  crack  nucleation  at  slip  band  intersections  and  shear  cracking  in 
coarse  ^  processed  microstructure,  to  cleavage,  slip  band  decohesion  and  interfacial  failure 
associated  with  primary  aa  grains  in  02-1-^  processed  microstructures.  A  P  processed 
microstructure  with  a  coarse  microstructure  exhibited  lower  ductility  due  to  the  presence  of 
aligned  secondary  a2  laths  at  prior  p  grain  boundaries,  leading  to  strain  incompatibility  across 
the  boundaries  at  a  low  applied  stress.  Coarse  02-*-^  processed  microstructures  were  found  to 
have  nucleation  sites  associated  with  both  slip  band  intersections  in  the  matrix  and  slip  band 
intersections  with  primary  a2  particles.  Conversely,  fine  02-*-^  processed  microstructures 
appear  to  nucleate  failure  solely  at  primary  02  particles.  A  p  processed  microstructure  with  a 
fine  microstnicture  failed  at  a  lower  strain  but  a  similar  fracture  stress  as  in  the  fine  a2-t-0 
processed  microstructures.  Thus,  failure  does  appear  to  be  controlled  by  a  critical  cleavage 
stress  which  is  determined  by  the  microstructural  unit  controlling  slip  band  fmmation. 

Although  the  fracture  toughness  values  reported  for  the  material  in  this  study  are  relatively  high 
for  this  alloy,  -lOMPaVm,  no  significant  ^ect  of  microstructure  on  toughness  was  observed.  It 
should  also  be  noted  that  the  strength  levels  reported  in  this  study  are  lower  than  those 
previously  reported  for  this  alloy,  and  likewise  the  ductility  is  higher  than  seen  before.  Thus,  the 
relatively  subde  effect  that  microstructure  has  been  shown  to  have  on  the  fracture  toughness  of 
these  alloys  may  be  masked  by  an  increased  capacity  for  plastic  work  in  the  present  materiaL^-'^'^ 
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Abstract 

Micromechanisms  of  fracture  have  been  studied  in  experimental  alloys  based  on  Ti3Al 
(02)  based  titanium  aluminides,  with  and  without  the  addition  of  molybdenum  (Mo).  At 
ambient  temperature,  failure  occurs  by  transgranular  cleavage.  The  critical  failure  event 
appears  to  be  the  fracture  of  individual  02  laths  in  the  base  alloy,  but  of  a  group  or  packet  of 
laths  in  the  Mo  containing  alloy.  Thus,  although  the  lath  size  is  refined  by  the  addition  of  Mo, 
the  fracture  toughness  is  not  increased.  At  the  test  temperature  of  SOO’C,  the  base  alloy  fails  by 
plastic  collapse,  and  failure  occurs  by  a  process  of  micro-void  coalescence.  In  contrast,  the  Mo 
containing  dloy  fails  in  a  macroscopically  brittle  manner,  and  by  a  process  of  intergranular 
micro-void  coalescence. 


Introduction 

In  recent  years  titanium  aluminides  have  shown  good  potential  for  use  within  the 
aerospace  industry  as  low  density  materials  possessing  high  temperature  strength  1^1.  The  drive 
behind  the  development  of  these  materials  comes  from  the  considerable  weight  advantages  to 
be  gained  if  titanium  alloy  or  nickel-based  superalloy  components  within  a  gas  turbine  engine 
can  be  replaced  by  low  density  materials  with  comparable  mechanical  properties.  The 
redu.c’ion  in  engine  weight  combined  with  the  increase  in  operating  temperatures  that  titanium 
aluminides  offer  would  assist  in  the  development  of  engines  with  greatly  increased  speed  and 
efficiency. 

The  ordered  intermetallic  compounds  Ti3Al  (02)  and  TiAl  (y)  have  received 
considerable  attention  over  the  past  two  decades  due  to  their  good  strength  and  modulus 
retention  at  high  temperatures.  However,  both  these  compounds  suffer  from  poor  low 
temperature  ductility  and  poor  fracture  toughness.  The  addition  of  niobium  (Nb)  to  Ti3Al  has  a 
significant  effect  on  the  ductility  l^l  due  both  to  the  stabilisation  of  the  high  temperature  p 
phase  and  to  a  reduction  in  the  planarity  of  slip.  Commercial  alloys  based  on  Ti3Al  with  Nb 
additions,  such  as  Ti-24Al-llNb  and  Ti-25Al-10Nb-3V-lMo,  have  been  identified  as 
possessing  a  good  balance  of  elevated  temperature  rupture  strength  and  room  temperature 
ductility. 

Oxidation  resistance  currently  limits  the  potential  use  of  02  based  alloys  to  the 
compressor  section  of  gas  turbines  where  titanium  alloys  are  currently  used.  Alloys  based  on 
the  Y  phase  show  greater  promise  at  higher  temperatures  as  replacement  materials  for 
superalloys,  but  suffer  severely  at  present  from  a  lack  of  room  temperature  ductility  or 
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toughness.  Alloys  based  on  02  are  at  a  more  advanced  stage  of  development  than  y  alloys,  and 
fabricated  components  have  successfully  undergone  engine  trials  The  use  of  02  alloys  is 
also  being  considered  as  a  matrix  materi^  for  advanced  composites.  This  paper  forms  part  of  a 
fundamental  study  into  the  mechanisms  of  fracture  of  a  range  of  experimental  alloys  based  on 
TiaAl. 


Experimental 

The  materials  used  in  the  work  presented  here  form  part  of  an  alloy  development 
programme  being  carried  out  at  RAE  Famborough  1^1.  Extensive  work  on  alloys  with  a  range 
of  iduminium  and  niobium  contents  identified  a  base  alloy  composition  of  Ti-23A1-11N]^ 
0-9Si  (atomic  %)  as  showing  potential  for  reasonable  room  temperature  elongation  (up  to  3%) 
and  excellent  creep  rupture  strength  (in  excess  of  1(X)0  hours  at  625*0  and  2S0MPa  stress). 
The  further  substitution  of  molybdenum  (Mo)  in  this  base  alloy,  resulting  in  the  composition 
Ti-23Al-9Nb-2Mo-0-9Si,  has  shown  increas^  high  temperature  suength  and  creep  resistance 
(^1.  For  the  purpose  of  this  present  study  these  two  alloys  underwent  thermo-mechanical 
processing  in  the  form  of  a  p-exuiision  followed  by  controlled  heat  Ueatments  in  the  p  phase 
field.  Three  different  alloy  conditions  have  been  studied;  the  base  alloy  was  solution  treated  at 
1 150“C  for  1  hour  followed  by  two  different  ageing  treaunents  (625“C  for  2  hours,  or  800“C  for 
I  hour),  and  the  Mo  alloy  was  solution  treated  at  1 150°C  for  1  hour  followed  by  an  age  at 
800’C  for  1  hour. 

Single  edge  notched  (SEN)  specimens  of  dimensions  SOxlOxlOmm  were  cut  from 
lengths  of  50mm  diameter  extruded  bar  by  electrical  discharge  machining.  Each  specimen  was 
notched  to  a  depth  of  2-5mm  using  a  150iim  thick  diamond  blade.  In  addition  a  small  number 
of  notched  bend  specimens  of  a  specific  notch  profile  (^1  were  also  machined  from  the  base 
alloy  in  the  625 °C  aged  condition.  Notches  were  ground  to  the  required  notch  root  radius  of 
200nm  and  notch  included  angle  of  45°.  SEN  bend  specimens  were  pre-cracked  to  an  a/W  of 
0-45-0'55  using  an  Amsler  Vibrophore  electro-magnetic  resonance  machine  as  described 
elsewhere  (^1.  Fracture  toughness  testing  was  carried  out  at  room  temperature  in  accordance 
with  BS  5447;1977(*1,  using  a  four  point  bend  geometry  on  an  ESH  servo-hydraulic  testing 
machine.  At  elevated  temperatures  the  constraints  of  the  fixtures  necessitated  the  use  of  three 
point  bending,  and  toughness  values  were  derived  solely  from  a  cross-head  displacement 
versus  load  trace  and  so  do  not  qualify  as  Kic  values. 

Fractographic  examination  was  carried  out  on  an  ISl  lOOA  scanning  electron 
microscope  (SEM),  operating  at  0°  tilt,  20kV.  Additionally,  some  metallographic  sections  cut 
transverse  to  fracture  surfaces  were  also  examined. 


Re.sulLs 

Optical  and  SEM  micrographs  of  Ti-23A1-1  lNb-0-9Si  and  Ti-23Al-9Nb-2Mo-0-9Si 
in  the  p  heat  treated  conditions  are  shown  in  Figure  1.  These  show  the  'basket  weave' 
microstructures  which  result  from  air  cooling  from  the  single  phase  p  field.  Qualitative  energy 
dispersive  X-ray  (EDX)  analysis  on  the  625”C  aged  condition  has  shown  the  thin  regions 
surrounding  each  lath  (the  light  regions  of  Figure  IhJ  to  be  richer  in  niobium  but  to  have  a 
lower  aluminium  content  compared  to  the  centre  of  the  laths.  Examination  of  foils  in  a 
transmission  electron  microscope  (TEM)  has  shown  this  surrounding  phase  to  be  retained  p. 
The  microstructures  of  the  two  ageing  conditions  of  the  base  alloy  appear  to  be  basically  the 
same,  see  Figure  IcJ,  but  Mo  has  the  effect  of  refining  the  'basket-weave'  structure 
significantly.  Figure  Id). 

The  average  values  of  fracture  toughness  exhibited  by  the  alloys  under  investigation  are 
given  in  Table  I.  The  room  temperature  values  of  the  base  alloy  are  relatively  low,  with 
marginally  the  best  toughness  exhibited  by  the  alloy  aged  at  625“C.  The  addition  of  Mo 
decreases  the  toughness  of  the  alloy.  The  SEM  micrographs  in  Figure  2  show  the  fracture 
surfaces  of  specimens  tested  at  room  temperature.  Fracture  occurred  by  transgranular  cleavage 
in  all  conditions.  Moreover,  at  high  magnification,  for  the  base  alloy,  see  Figure  2a),  river 
lines  can  be  seen  clearly  within  an  individual  02  lath.  Thus  for  the  ba.se  condition,  the  failure  of 
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Figure  1  -  Miiro.structuivs  (if  a),  h)  base  alloy  in  the  625"C  aged  condition,  t  i  base  alloy  in  the 
8(K)  C  aged  condition,  d)  Mo  containing  alloy  in  the  8(X)'  C  aged  condition. 

an  individual  lath  appears  to  be  a  di.screte  failure  event.  This  is  in  contrast  to  the  fracture  of  the 
Mo  containing  alloy  where  cleavage  appears  to  radiate  out  through  a  group  of  individual  laths. 
Figure  2h).  Ductile  tear  ridges  are  present  around  the  cleavage  facets  on  the  surfaces  of  both 
base  alloy  conditions,  but  appear  le.ss  prevalent  on  the  fracture  surface  of  the  Mo  containing 
alloy.  The  appearance  of  the  fracture  .surface  of  the  Mo  containing  alloy  is  al.so  smoother  with 
a  larger  apparent  cleavage  facet  si/e. 


Table  1  -  Fracture  toughne.ss  results. 


Room  temperature  Kic 

.5()0'C  -  Nominal 

Alloy  Condition 

(MPaVm) 

toughness 

(MPax'm) 

Ba,se  Alloy,  P-h625  C  age 

15.7 

Ba.se  Alloy,  lJ-i-8(X)  C  age 

14.5 

.\5.9 

Mo  Alloy,  P-t8(X)  C  age 

12.6 

44.9 

At  .5(X)'C  the  ba.se  alloy  conditions  fail  by  a  procc.ss  of  plastic  collap.se.  The  fracture 
surfaces  in  Figure  ?ia).h)  .show  extensive  micro- void  coale.scence  and  large  featurele.ss  areas  of 
locali.sed  shear.  Fracture  in  the  Mo  alloy  at  this  temperature  is  intergranular,  a.s  shown  in 
Figure  .'^<1.  The  intergranular  failure  mechanism  is  one  of  ductile  micro-void  coale.scence 
rather  than  cleavage  as  is  evident  from  Figure  ^<l).  The  load/displacement  curves  for  the  ba.se 
alloy  and  the  Mo  alloy  in  the  same  condition  are  shown  .schematically  in  Figure  4.  Failure  in 
the  Mo  alloy  was  characteri.sed  by  a  .series  of 'pop-in.s  (determined  from  a  sudden  reduction  in 
load),  whereas  in  the  ba.se  alloy  the  failure  occurred  by  plastic  collapse.  The  values  of 
toughne.ss  at  5(X)X  quoted  in  Table  I  are  nominal  since  the  use  of  a  peak  load/cro.ss-head 
displacement  trace  rather  than  a  clip  gauge  at  elevated  temperatures  does  not  provide  a  valid 
K[{-  under  the  conditi(7n.s  given  in  B.S  5447.  Al.so.  due  to  the  substantial  pla.sticity  exhibited  at 


Figure  4  -  Schematic  of  the  load  versus  crosshead  displacement  curves  at  SOO'C. 


Discussion 

Failure  of  these  alloys  at  room  temperature  occurs  by  a  process  of  transgranular 
cleavage.  From  the  observation  of  secondary  microcracks  behind  the  main  crack  front  in  the 
sectioned  fracture  surfaces  (Figure  5),  fracture  at  room  temperature  in  the  base  alloy  would 
appear  to  proceed  by  cleavage  across  02  laths  followed  by  tearing  of  the  more  ductile 
intervening  p  phase.  Ligaments  of  this  p  phase  can  be  seen  left  bridging  some  microcracks, 
providing  "crack  tip  shielding".  Similar  observations  have  also  been  made  in  other  studies  on 
alpha-2  based  alloys  110-12]. 


Figure  5  -  SEM  micrographs  of  the  sectioned  room  temperature  fracture  surface  of  a)  base 
alloy  aged  at  625’C,  b)  base  alloy  aged  at  8(X)°C. 


It  is  accepted  generally  that  in  many  body  centred  cubic  metals  transgranular  cleavage 
occurs  under  a  critical  value  of  tensile  stress.  Moreover,  some  recent  work  on  "super  02”  in  an 
a2-t-8  heat-treated  condition  has  shown  that  the  cleavage  fracture  stress,  op*,  is  independent  of 
temperature  11^1,  indicative  of  a  critical  tensile  stress  controlled  fracture  criterion.  Such  failures 
are  associated  with  a  growth  controlled  mechanism  where  a  microcrack  propagates 
catastrophically  at  a  critical  value  of  tensile  stress  (op*).  If  a  growth  controlled  process  is 
assumed  in  this  case,  then  critical  microcrack  size  can  be  linked  to  the  cleavage  fracture  stress 
through  a  modified  Griffith  relationship: 
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where  E  is  Young's  modulus,  Yp  is  the  effective  surface  energy,  v  is  Poisson's  ratio,  and  d  is  the 
critical  microcrack  size.  Values  can  be  assigned  to  most  of  the  variables  in  this  equation  for 
the  base  alloy  62S‘C  aged  condition  (which  has  been  the  subject  of  the  most  extensive  study  so 
far  H'*]).  Measurements  of  cleavage  fracture  stress  are  in  the  range  720-1280MPa,  with  values 
being  calculated  from  uniaxial  tensile  results  and  notched  bar  tests  in  pure  bending 
respectively.  The  modulus  is  taken  as  130GPa  and  Poisson's  ratio  as  0-2611^1.  Estimation  of 
the  effective  surface  energy  is,  however,  more  problematic.  Values  for  bcc  metals  range  from 
2-200Jm'2  [161.  It  is  likely  that  a  brittle  hexagonal  intermetallic  will  exhibit  a  value  towards 
the  bottom  of  this  range,  and  so  an  estimate  of  between  2-20Jm~^  has  been  made  for  Yp.  and 
would  not  seem  too  unreasonable.  With  these  values  applied,  microcrack  sizes  which  would 
result  in  the  fracture  stresses  observed  are  of  the  order  of  0-2-7iim.  Although  this  range  is 
relatively  large,  it  should  be  noted  that  these  values  are  estimated  outer  limits.  Even  so,  the 
microstructural  feature  of  the  p-heat  ueated  base  alloy  which  corresponds  most  closely  in  order 
of  magnitude  to  this  critical  microcrack  size  is  the  02  lath  width. 

This  analysis,  although  only  of  a  preliminary  nature,  when  combined  with  the 
observations  of  cleavage  across  03  laths  made  on  sectioned  fracture  surfaces.  Figure  5,  and  the 
river  markings  on  individual  02  laths.  Figure  2a),  would  suggest  that  the  measured  fracture 
stress  is  consistent  with  the  propagation  of  a  crack  across  a  single  02  lath  being  the  controlling 
factor  in  the  fracture  of  this  alloy  at  room  temperature.  If  this  is  so,  then  since  a  smaller 
microcrack  size  leads  to  an  increased  fracture  stress,  it  should  thus  be  possible  to  raise  this 
fracture  stress  and  improve  the  toughness  of  the  alloy  by  reducing  the  lath  width  size.  It  has 
indeed  been  reported  elsewhere  that  a  decrease  in  the  size  of  the  02  phase  can  result  in 
substantial  increases  in  room  temperature  tensile  strength,  fracture  strength,  ductility,  and 
fracture  toughness.  The  addition  of  Mo  to  the  base  alloy  has  the  effect  of  significantly  reducing 
the  lath  width  size  and  keeping  yield  sbess  values  the  same,  yet  as  can  be  seen  from  Table  1, 
this  does  not  appear  to  improve  the  fracture  toughness  of  this  alloy.  Most  important, 
fractographic  observations  suggest  that  after  the  addition  of  Mo,  the  critical  failure  event  is 
now  the  fracture  of  a  group  or  packet  of  a2  laths,  see  Figure  2b).  This  new  unit  size  appears  to 
be  somewhat  larger  and  hence  remains  consistent  with  the  use  of  a  modified  Griffith  equation. 
The  precise  role  of  the  Mo  is  yet  to  be  determined  but  it  may  plausibly  change  the  nature  of  the 
surrounding  p  phase.  Indeed  bridging  ligaments  such  as  are  observed  in  the  base  alloy  have  not 
yet  been  observed  in  the  Mo  alloy.  Analytical  TEM  will  be  used  to  confirm  this  suggestion. 


Figure  6  -  SEM  micrographs  of  the  sectioned  fracture  surface  at  500'C  of  a)  base  alloy  aged  at 

625''C,  b)  Mo  containing  alloy. 


At  a  test  temperature  of  SdO'C  the  base  alloy  is  above  its  brittle  to  ductile  transition  and 
failure  occurs  primarily  by  a  process  of  micro-void  formation,  growth  and  coalescence.  Void 
formation  would  appear  to  occur  at  the  boundary  between  the  02  and  p  phases  as  revealed  in 
the  sections  through  fracture  surfaces  shown  in  Figure  6a).  The  Mo  alloy  appears  to  be 
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macroscopically  brittle  at  SOO'C,  see  Figure  4.  In  section,  the  fracture  surface  suggests  that 
failure  occurs  along  prior  p  grain  boundaries,  see  Figure  6b),  and  this  is  confirmed 
fractographically.  Figure  ic).  However,  the  failure  micromechanism  is  one  of  intergranular 
micro- void  coalescence,  see  Figure  M).  These  voids  are  of  the  order  of  l|im  and  are  relatively 
shallow.  The  precise  reason  why  the  addition  of  Mo  promotes  intergranular  failure  at  SOO'C  is 
at  present  unclear.  Further  work  is  required  to  understand  the  fracture  behaviour  of  this  alloy 
over  this  range  of  test  temperatures. 


Conclusions 


1.  Fracture  at  room  temperature  occurs  by  transgranular  cleavage.  The  room 
temperature  fracture  toughness  is  relatively  low  in  all  alloy  conditions  studied  to  date.  Ageing 
temperature  appears  to  have  little  effect  on  the  value  of  fracture  toughness  or  the  mechanism  of 
failure  in  the  base  alloy.  It  is  postulated  that  the  mechanism  of  failure  in  the  base  alloy  can  be 
characterised  by  microcrack  initiation  within  individual  02  laths  and  their  subsequent 
propagation  through  more  ductile  g  regions  to  give  catastrophic  failure.  The  addition  of  Mo 
refmes  the  lath  structure  but  does  not  promote  increased  toughness.  Fractographic  observations 
suggest  that  the  critical  failure  event  is  now  the  simultaneous  failure  of  a  group  or  packet  of  02 
laths. 

2.  At  the  test  temperature  of  SOO'C  the  base  alloy  is  above  its  ductile- brittle  transition 
and  failure  occurs  by  a  process  of  micro-void  initiation,  growth,  and  coalescence.  Void 
initiation  appears  to  occur  at  the  boundary  between  the  02  and  p  phases.  The  Mo  containing 
alloy  fails  in  an  intergranular  manner  at  this  temperature  with  void  formation  and  growth 
occurring  along  prior  p  grain  boundaries. 
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Abstract 

This  investigation  focussed  on  the  improvement  of  the  fracture  toughness  of  the  titanium 
alloy  "Super  Alpha  2"  without  major  loss  In  room  temperature  ductlllly,  yield  stress,  and 
creep  resistance.  For  this  purpose  four  different  U-modal  mlcrostructures  and  for  compari¬ 
son  one  lamellar  structure  were  Investigated.  The  mlcrostructuie.  the  fracture  surfaces, 
and  the  crack  front  proOles  were  examined  using  light  microscopy,  transmission  electron 
microscopy,  and  scanning  electron  microscopy.  The  best  combination  of  the  different 
mechanical  properties  was  found  for  a  bl-modal  structure  with  a  primary  volume  frac¬ 
tion  of  about  25  -  30%  within  a  lamellar  matrix  contrdnlng  a  coiitblnation  of  large  and  very 
small  secondary  02  plates. 
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Introduction 


Titanium  allays  based  on  the  Intermetallic  compotmds  TI3AI  and  TIAl  are  potential  aero¬ 
space  engine  materials  because  cA  their  superior  thermal  performance,  lower  density, 
greater  strength,  and  lower  cost  compared  to  current  nickel-base  alloya  (1).  The  drawback 
of  these  materials  la  their  poor  room  temperature  ductUiiy  and  the  low  toughness.  One  of 
the  most  promising  developments  Is  the  commercial  alloy  "Super  A^iha  2"  (n-14Al-20Nb- 
3.2V-2MO  In  arL-%|,  which  is  baaed  on  the  intermetallic  compound  TI3AI.  The  addition  of 
Nb  and  other  fi  stabilizing  elements  leads  to  a  taro  ]diaae  microstructure  consisting  al  the 
ordered  hexagonal  02  phase  (TI3AI)  and  the  ordered  boc  P2  phase.  The  geometrical  arrange¬ 
ment  of  the  taiD  phases  can  be  varied  by  theimomechanlcal  treatments  leading  to  equlaxed, 
lamellar  or  bl-Rwdal  (equlaxed  ptlmaiy  02  In  a  lamellar  matrix  consisting  of  P2 

lamellae)  mlciostructures.  Earlier  investigations  (2,3)  have  shown  that  the  bi-modal 
microstructure  shows  the  best  combination  of  strength,  room  temperature  ductility,  and 
creep  resistance.  The  Investl^tions  described  in  this  paper  make  an  attempt  to  modify  the 
bl-modal  microstructure  towards  an  improved  fracture  toughness  without  major  loss  in 
strength,  room  temperature  ductility,  and  creep  resistance.  For  this  purpose  four  different 
bl-modal  structures  were  generated  to  examine  the  influence  of  the  cooling  rate  after  the 
reciystalllzatlon  treatment  and  an  addlbonal  annealing  treatment  on  the  above  described 
mechanical  properties.  For  comparison  the  same  mechanical  tests  were  performed  using  a 
lamellar  structiue. 


Experimental  Procedures 

The  material  used  for  these  studies  was  delivered  by  RMl.  Niles.  Ohio,  USA.  The  material  In 
the  as-received  condition  had  a  fine  lamellar  microstructure.  To  generate  the  different 
microstructures  the  material  was  homogenized  in  the  p  phase  field  and  cross  rolled  in  the 
02  ♦  P  region. 

The  bl-modal  microstructures  were  all  reciystallized  In  the  two  phase  field  at  the  same 
temperature  and  subsequently  cooled  at  one  of  the  following  cooling  rates:  Fast  cooling  (Bl- 
M./Fast),  intermediate  cooling  (Bl-M. /Medium),  and  slow  cooling  (Bl-M./Slow).  To  obtain 
the  fourth  bl-modal  structure  the  Bl-M. /Medium  microstructure  received  an  additional 
annealing  treatment  at  a  temperature  below  the  reciystalllzatlon  temperature  followed  by 
fast  cooling.  This  microstructure  is  designated  as  Bl-M./Annealed. 

The  lamellar  structure  was  obtamed  by  P  annealing  follcwed  by  controlled  cooling  with  a 
cooling  rate  of  0.017  Ks'^.  All  microstructures  received  an  identical  final  heat  treatment  In 
the  On*  phase  field  to  generate  the  same  total  volume  fraction  of  (Xo  and  Po  for  all 
microstructures. 

The  microstructure  was  evaluated  by  U'^t  microscopy  (LM)  and  transmission  electron 
microscopy  (TEM).  TEM  specimens  were  irepared  using  the  twln-Jet  electropollshlng  tech¬ 
nique  In  a  solution  of  perchlorld  acid.  ScE.,ining  electron  microscopy  (SEM)  was  used  for  the 
examination  of  the  fracture  surfaces  of  the  fracture  toughness  specimens.  Additionally,  the 
crack  front  perpendicular  to  the  direction  of  crack  propagaUon  was  investigated  using  light 
microscopy. 

Tensile  tests  were  performed  at  room  temperature  and  600°  C  with  a  crosshead  speed  of 
Imm/mln  (initial  strain  rate:  8x  10‘'*s'M  using  round  specimens.  The  creep  tests  were 
conducted  under  constant  tensile  load  with  an  Initial  applied  stress  of  210  MPa  at  a  test 
temperature  of  600°  C.  The  creep  resistance  was  defined  as  the  jdastic  deformation  after  a 
test  period  of  100  hours.  Fracture  toughness  tests  following  the  ASTM  standard  E  399-61 
were  performed  for  the  determination  of  the  fracture  toughness  of  the  different  microstruc¬ 
tures.  These  tests  were  carried  out  at  room  temperature  using  three  point  bending  speci¬ 
mens. 
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Reeling  in  the  012''’^  region  produced  a  unlfomi  distribution  of  the  equlaxed  pilmaiy  02 
grains.  The  volume  fiachon  al  primary  02  and  ti^  size  at  the  02  and  P2  plates  within  the 
lamellar  matrix  are  influenced  fay  the  ol2*P  reciystalllzatlon  temperature  and  fay  the 
co(fllngrate. 

Light  micrographs  and  transmission  dectron  micrographs  oi  the  dlfierent  fal-modal  con¬ 
ditions  are  presented  in  Figure  1  -  Figure  4.  The  bl-modal  structure  with  the  highest  cooling 
rate  (Bl-M./Fast,  Figure  la)  has  a  voliune  flactlon  of  10%  equlaxed  primary  02-  The  volume 
fiactlon  Increases  slightly  with  decreasing  the  cooling  rate.  The  hlgtiMt  volume  fraction  (25- 
309d  of  primary  02  was  determined  for  Bl-M./Slasv  (Figure  3a).  The  latter  and  the  Bl- 
M./Annealed  condition  (Figure  4a)  have  roughly  the  same  amount  of  primary  02-  The  size  of 
the  iHimary  02  graliu  Is  about  3  pm  for  Bl-M./Fast  and  Bl-M./Medlum  (Figures  la  and  2a) 
and  4  to  5  pm  for  Bl-M./Slosv  and  Bi-M./Annealed  (Figures  3a  and  4a).  The  light  micro¬ 
graphs  of  Bl-M./Slow  (Figure  3a)  and  Bl-M./Atmeakd  (Figure  4a)  show  that  these  two 
microstructures  consist  al  equlaxed  primary  02  and  of  large  secondary  oo  Pl&tes.  The 
volume  fraction  of  these  large  secondary  02  plates  Is  higher  for  the  Bl-M./Scw  condition 
compared  to  Bl-M./Annealed.  The  width  of  these  lamellae  Is  about  1  pm.  The  TEM  micro¬ 
graph  of  the  Bl-M./Fast  microstructure  (Figure  11^,  the  structure  with  the  highest  cooling 
rate,  shows  a  very  flne  lamellar  matrix  ccmslstlng  of  02  and  P2  lamellae.  Due  to  the  fineness 
of  the  lamellar  matrix  It  is  not  possible  to  distinguish  between  02  P2  Decreasing 

the  cooling  rate  leads  to  a  coarsening  of  the  02  and  P2  plates  (Figures  2b  and  3b).  The  TEM 
micrograph  of  Bi-M./Annealed  (Figure  414  ^ows  that  the  lamellar  matrix  between  the 
equlaxed  primary  02  grains  consists  of  a  mixture  of  large  secondary  012  plates  and  very  flne 
02  and  P2  pl^lcs. 

Figures  5a  and  5b  show  the  LM  and  TEM  micrographs  of  the  p  annealed  structure.  The 
reciystalllzatlon  in  the  (1  phase  field  leads  to  a  considerable  grain  coarsening,  resulting  in  a 
P  grain  size  of  1-1.5  mm  (Figure  5a).  During  cooling,  02  plates  begin  to  grow  hetero¬ 
geneously  from  the  prior  grain  boundaries  when  the  temperature  frdls  below  the  p- 
transiM.  The  average  width  of  these  plates  is  about  3  to  4  pm  and  the  length  up  to  several 
hiuidred  microns  (Figure  5a).  The  arldth  of  the  P2  plates  Is  with  0.5  to  1 .0  pm  comparatively 
small  (Figure  5b). 


The  results  of  the  tensile  tests  performed  at  room  temperature  are  presented  In  Table  I.  The 
bl-modal  microstructure  with  the  finest  lamellar  matrix  (Bl-M./Fast)  has  the  hlgtiest  yield 
stress  (1010  MPa).  A  decrease  of  the  cooling  rate  leads  to  a  reduction  In  the  yield  stress  (Bt- 
M./Medlum:  935  MPa),  Bl-M./Slow:  765  MPa).  The  Bl-M./Annealed  condition  has  a  yield 
stress  (970  MPa)  rangliig  between  Bl-M./Fast  and  Bl-M./Medlum.  A  proixxinced  Influence 
of  the  cooling  rate  and  the  additional  annealing  treatment  on  the  room  temperature  ducti¬ 
lity  eras  not  detected.  The  highest  value  was  measured  for  the  Bl-M./Medlum  condition  with 
6.4%,  adiUe  the  Bl-M./Slow  structure  has  the  lowest  room  temperature  ductility  (2.89^. 

At  6OOP  C  the  bl-modal  structures  show  the  same  sequence  In  the  yield  stress  compared  to 
the  tests  at  room  temperature  (Table  n).  The  Bl-M./Fast  arxl  tlie  Bi-M./Annealed  condition 
have  the  highest  yield  stress  with  about  790  MPa.  The  lowest  yield  stress  was  agam 
measured  (far  the  n-M./Slow  oondltlan  (550  MPa).  Again  no  distinct  Influence  of  the  cooling 
rate  and  the  additional  annealing  treatment  on  the  ductility  was  evident  The  highest  ten¬ 
sile  elongation  aras  measured  for  the  Bl-M./Slow  condition  (1 1.29^  and  the  lowest  value  for 
Bl-M./Annealed  (4.49(4. 

The  lamellar  mlciostructure  has  a  much  lower  yield  stress  at  room  temperature  (585  MPa) 
and  at  600^  C  (370  MPa)  compared  to  the  bi-modal  structures.  The  room  temperature  due- 


Figure  4:  Microstructure  of  the  Bl-M,/Annealed  condition. 
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In  ^neral.  It  can  be  concluded  that  a  fine  lamellar  matrix  in  combination  with  a  small  prior 
P  grain  size  Improves  the  resistance  to  crack  nucleatlon.  thereby  resulting  in  good  ducUlity 
and  Indirectly  high  true  fracture  stress  values  for  the  bl-modal  structures. 

The  yield  stress  and  the  ductility  of  the  lamellar  structure  Is  also  determined  by  the  size  of 
the  02  plates.  Additionally,  the  02  plates  adthln  one  packet  of  02  lamellae  have  a  similar 
crystallographic  orientation  frictlltat^  slip  transfer  over  wide  distances.  The  resulting  large 
slip  length  is  considered  to  be  the  reason  for  the  low  yield  stress  and  the  low  ductility  of  the 
lamellar  structure. 

Creep  Bchaylor 

The  results  of  the  creep  tests  are  listed  in  Table  m.  They  show  that  the  creep  resistance 
decreases  with  decreasing  cooling  rate.  The  bl-modal  structure  with  the  highest  cooling  rate 
(Bi-M./Pasfi  has  the  best  creep  resistance  (0.15%  plastic  strain)  while  Bl-M./Slow  (lowest 
cooling  rate)  has  the  lowest  creep  resistance  (0.32%).  Bl-M./Medlum  and  Bl-M./Armealed 
have  almost  an  identical  creep  resistance  (Bl-M./Medlum:  0.19%,  Bl-M./Armealed:  0.20%). 
The  creep  resistance  of  the  lamellar  structure  is  comparatively  low  (0.32%). 

Former  investigations  (2,3,6)  have  suggested  that  the  plastic  deformation  during  the  creep 
tests  at  600°  C  and  an  applied  stress  of  210  MPa  is  primarily  determined  by  the  motion  of 
dislocations  within  the  sofor  P2  phase.  These  studies  have  also  shown  that  the  creep  re¬ 
sistance  depends  on  the  volume  Action  and  the  size  of  the  P2  phase.  The  creep  resistance 
of  the  four  bl-modal  and  the  lamellar  structure  depends  mainly  on  the  size  of  the  ^  phase, 
because  the  volume  fraction  of  the  P2  phase  Is  the  same  for  all  these  microstructures  due  to 
the  Identical  final  heat  treatment  The  TEM  examinations  of  the  microstructures  have 
revealed  that  the  02  P2  Plot's  coarsened  when  the  cooling  rate  decreased.  The  growth 
of  the  ^2  plates  leads  to  an  Increase  In  the  slip  length  which  is  the  cause  of  the  decreasmg 
creep  resistance.  The  tow  volume  fraction  of  large  secondary  02  plates  in  the  Bl- 
M./Armealed  condition  (Figure  4b)  has  only  little  influence  on  the  creep  resistance.  A 
higher  volume  fraction  of  secondary  02  pl®tes  (Bl-M./Slow,  Figure  3b)  leads  to  a  distinct 
decrease  of  the  creep  resistance  fTable  HI)  due  to  the  large  size  of  the  P2  plates. 

Table  HI:  Results  of  the  creep  tests,  Table  IV:  Results  of  the 

600°C.  210  MPa.  fracture  toughness  tests. 


Condition 

*pl  lOOh 
(%) 

Condition 

K5 

(MPa  ml/2) 

Bl-M./Fast 

0.15 

Bl-M./Fast 

11.8 

Bl-M./Medlum 

0.19 

Bl-M./Medlum 

14.4 

Bl-M./Slow 

0.32 

Bl-M./Slow 

18.1 

Bl-M./Armealed 

0.20 

Bl-M./Armealed 

15.7 

Lamellar 

0.32 

lamellar 

32.0 

Fraetuce  'Eaughnesa  Twta 

A  clear  tendency  for  the  fracture  toughness  to  increase  with  decreasing  cooling  rate  can  be 
seen  m  Table  IV.  The  lowest  fracture  tou^mess  was  measured  for  the  Bl-M./Fast  condition 
(11.8  MPa  m^/^)  and  the  highest  value  for  Bl-M./Slow  (18.1  MPa  m^/^).  Table  IV  also 
shows  that  the  tougtoess  of  Bl-M./Armealed  (15.7  MP^  m^/2)  (g  higher  than  for  Bl- 
M./Fast  (1 1.8  MPa  ni*/2)  and  Bl-M.j^edlum  (14.4  MPa  m^/^j  jhe  highest  toughness  of 
all  microstructures  investigated  in  this  study  was  measured  for  the  lamellar  structure 

{32MPam*/2) 
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rough  compared  to  that  of  the  Bl-M./Fast  condition  (Figure  6a).  Due  to  different  crystallo¬ 
graphic  orientations  between  adjacent  prior  p  grains  In  the  lamellar  structure,  the  crack  is 
propagating  locally  on  different  planes.  A  large  p  grain  size  leads  to  correspondingly  high 
ledges  eiqilalning  the  rough  crack  front  profile  (Figure  6b).  The  tearing  of  the  ledges  requires 
high  energy  to  propagate  the  crack,  resulting  in  a  high  fracture  toughness. 

Corresponding  fiactqgraphs  of  the  Bl-M./Fast  and  the  lamellar  condition  are  shown  in 
Figures  7a  and  7b.  The  results  of  the  fracture  surface  examinations  confirm  the  previous 
results  of  the  crack  front  profile  Investigations.  The  fracture  surface  of  Bl-M./Fast  Is  very 
flat  (Figure  7a),  adiUe  the  lamellar  condition  shows  a  rough  fracture  surface  with  large 
ledges  (Figure  7b),  explaining  the  large  difference  in  fracture  toughness. 

The  Influence  of  the  cooling  rate  on  the  fracture  surface  morphology  of  the  bl-modal  struc¬ 
tures  is  shown  in  Figure  8  comparing  Bl-M./Fast  and  Bl-M./Slow.  Decreasing  the  cooling 
rate  results  In  a  rougher  fracture  surface.  The  increase  in  roughness  is  caused  by  the  larger 
size  of  the  secondary  02  plates,  deflecting  the  crack  and  increasing  the  fracture  toughness. 
Even  a  low  volume  fraction  of  large  secondary  02  plates  (Bl-M. /Annealed)  leads  to  an  in¬ 
crease  of  the  fracture  toughness  compared  to  the  bl-modal  conditions  with  a  fine  lamellar 
matrix. 


Conclusions 

1.  Refining  the  lamellar  matrix  of  the  bl-modal  structure  results  In  a  higher  yield  stress 
without  significant  influence  on  the  ductility. 

2.  Refinement  of  the  lamellar  matrix  also  improves  the  creep  resistance. 

3.  The  rough  crack  front  profile  is  the  origin  for  the  high  fracture  toughness  of  the  lamellar 
condition. 

4.  Large  secondary  02  plates  have  a  beneficial  effect  on  the  fracture  toughness  of  the  bl- 
modal  conditions,  even  in  low  volume  fractions. 

5.  The  goal  of  this  Investigation  to  improve  the  fracture  toughness  of  the  bl-modal  struc¬ 
tures  without  major  loss  tn  strength,  room  temperature  ductility,  and  creep  resistance 
was  found  In  a  bl-modal  structure  with  a  second  armeallng  treatment  The  lamellar 
matrix  of  this  structure  is  containing  a  combination  of  large  and  very  small  secondary 
02  plates. 
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Abstract 

Effects  of  microstructure  on  fatigue  crack  growth  resistance  have  been  considered  for  the  Ti3Al 
based  alloy  "Super  02"  both  at  room  temperature  and  at  the  elevated  temperature  of  700°C. 
Microstructures  comprising  primary  a2  precipitates  in  a  fullv  transformed  P  matrix  exhibit 
increased  crack  growth  rates  with  respect  to  a  fully  transformed  p  condition  at  room  temperature. 
Marked  effects  of  mean  stress  are  also  observed  and  since  the  primary  a2  precipitates  cleave  at 
room  temperature  it  appears  that  such  static  events  are  responsible  for  the  poorer  crack  growth 
resistance  of  the  02  +  transformed  P  condition.  In  contrast,  at  the  test  temperature  of  700°C,  this 
condition  now  exhibits  superior  crack  growth  resistance  to  the  fully  transformed  P  condition,  and 
it  has  been  deduced  that  the  lower  yield  stress  of  the  latter  condition  may  be  important  in  this 
respect. 

Introduction 

It  is  widely  recognised  that  the  titanium  alloys  currently  used  in  aerospace  applications  have  little 
further  to  offer  in  the  way  of  increased  elevated  temperature  capabilities.  Thus  it  may  be 
necessary  to  utilise  new  families  of  alloys  in  order  to  achieve  a  r  cal  improvement  in  the 
operating  temperature  of  the  next  generation  of  gas  turbine  engines  mc  such  series  of  alloys  is 
based  on  the  intermetallic  compound  Ti3Al.  They  represent  one  01  the  most  developed  of  these 
innovative  materials  to  date  and  include  such  alloys  as  Ti-25Al-10Nb-3Mo-lV  and  Ti-24A1- 
1  INb  (atomic  It  is  critical  in  the  design  and  production  of  actual  components  from  these 

materials  that  their  mechanical  properties  are  understood.  In  this  respect  their  fracture 
toughness(3.4.5)  and  resistance  to  fatigue  crack  growthl^-^-*!  has  been  investigated. 

This  current  paper  addresses  fatigue  crack  propagation  at  ambient  and  elevated  temperatures, 
with  an  emphasis  on  the  effects  of  heat  treatment  and  the  concomitant  microstructure  for  a  given 
processing  route.  Such  studies  should  allow  the  development  of  improved,  or  more  consistent, 
crack  growth  resistance  through  careful  thermomechanical  processing  to  produce  optimised 
microstructures. 

Experimental 

Tests  have  been  performed  on  "Super  a2"  (Ti-25Al-10Nb-3Mo-l  V  atomic  %)  cut  from  an  02  + 
p  rolled  plate  processed  by  Timet  Inc.,  USA.  The  study  concentrated  on  two  heat  treatments.  In 
both  cases  the  specimens  were  heat-treated  as  oversized  blanks.  The  first  involved  a  solution 
treatment  of  I  h  at  1050°C.  followed  by  air-cooling  to  room  temperature.  In  the  second  blanks 
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were  solution  treated  at  I  I60°C  followed  once  again  by  air  cooling  to  room  temperature.  Ageing 
of  both  sets  of  test  pieces  at  8S0°C  for  2h  was  followed  by  air-cooling  to  room  temperature.  For 
all  specimens  surface  grinding  to  a  depth  of  2mm  ensured  the  remov^  of  any  oxidation  products 
formed  during  heat-treatment.  Tensile  properties  are  given  in  Table  I,  for  both  conditions  at 
room  temperature  and  700X. 


Table  I  -  Tensile  properties  of  the  titanium  aluminide  alloy  Super  ai 


Microstructural 

Condition 

Temperature 

ec) 

0.1%  Proof  Stress 
(MPa) 

UTS 

(MPa) 

Elong. 

% 

o^-t-  transformed  p 

20 

910 

1064 

1.7 

Solution  treated  at 
1050°C  for  1  hour 

700 

585 

911 

2.8 

Aged  at  850°C  for 

2  Hours 

fully  transformed  p 

20 

750 

957 

0.5 

Solution  treated 
at  llbO^Cfor  1 
hour 

Aged  at  850°C  for  2 
Hours 

700 

509 

825 

1.2 

Fatigue  crack  propagation  tests  were  carried  out  at  room  temperature  on  an  Amsler  Vibrophore 
electromagnetic  resonant  testing  machine  at  a  frequency  of  approximately  70  Hz  in  air,  and  on  an 
ESH  servo-hydraulic  testing  machine  at  700‘’C.  at  a  frequency  of  20  Hz  in  air.  Tests  were 
carried  out  at  two  stress  ratios.  R  =  0. 1  and  R  =  0.5  at  room  temperature,  (where  R  is  the  ratio  of 
Kmin/Kmax  and  Kinin<  Kmax  are  the  minimum  and  maximum  values  of  the  applied  stress 
intensity  over  the  fatigue  cycle)  and  at  R  =  0.1  only  at  elevated  temperature.  In  all  tests 
specimens  were  fatigued  to  catasuophic  failure. 

Optical  micrographs  were  taken  after  mechanical  polishing  and  etching  in  Krolls  11  reagent. 
Fracture  surfaces  were  examined  using  an  Hitachi  field  emission  gun  scanning  electron 
microscope,  operating  at  0°  tilt  and  20  kV  operating  voltage. 

Results 

The  microstructures  after  heat- treatment  are  shown  in  Figure  1  and  2.  In  the  ttz  +  transformed  P 
condition  it  consists  of  primary  a2  precipitates  (light  regions)  of  size  5-20  jim  and  volume 
fraction  approximately  20%,  in  a  transformed  p  matrix  with  an  average  grain  size  of 
approximately  .^0  pm.  The  structure  of  the  transformed  P  was  unresolvable  optically.  The  fully 
transformed  p  condition  has  a  typical  'basketweave'  microstructure  and  a  grain  size  of 
approximately  1mm. 

Fatigue  crack  growth  resistance  curves  at  room  temperature  are  shown  in  Figure  3.  There  is  a 
slight  but  significant  effect  of  microstructural  condition  at  room  temperature;  crack  growth  rates 
are  increased  for  the  02  +transformed  P  heat  treated  condition,  particularly  at  high  mean  stress, 
where  crack  growth  rates  are  faster  by  an  order  of  magnitude,  figure  3.  Marked  effects  of  mean 
.stress  are  observed  for  both  microstructural  conditions.  At  the  elevated  test  temperature  of 
700°C,  figure  4,  crack  growth  rates  increase  in  general  for  both  microstructural  conditions. 
However,  at  this  elevated  temperature  crack  growth  rales  observed  in  the  P  heat  treated  material 


can  be  up  to  an  order  of  magnitude  higher  than  for  the  02  transformed  3  heat  treated  condition. 
In  both  cases  the  dependence  of  crack  growth  rate.  d^dN,  on  applied  stress  intensity,  AK  is 
reduced  compared  to  that  observed  at  room  temperature.  If  a  Paris-&dogan  law  of  the  type, 

da/dN  =  A  ARm . (1) 

is  assumed,  where  A,  m  ate  materials  constants,  then  values  of  A,  m  are  given  in  Table  II. 

Table  n  -  Constants  derived  from  empiracal  power  law  equations  describing  fatigue  crack 

growth. 


Microstructural  Condition 

Temperature 

CC) 

R  ratio 

A  m 

(mm/cycle) 

02  +  transformed  P 

20 

0.1 

1.3E-13  5.1 

20 

0.5 

3.3E-15  13.1 

700 

0.1 

1.53  E-08  4.0 

fully  transformed  p 

20 

0.1 

4.12  E- 10  4  1 

20 

0.5 

4.2  E- 14  9.9 

700 

0.1 

3.2E-06  2.1 

Fatigue  surfaces  at  room  temperature  show  quite  distinct  regions  of  flat  transgranular  cleavage, 
see  Figure  5a,  in  the  a2  +  transformed  P  heat  treated  condition.  The  average  size  of  these 
cleavage  facets  is  approximately  12  pm  (with  a  range  of  sizes  from  3-20  pm)  and  they  are 
deduced  therefore  to  be  cleaved  02  precipitates.  Such  areas  are  surrounded  by  more  angular 
regions  of  irregular  stepped  growth,  which  is  presumably  the  crack  path  through  the  U'ansformed 
P  matrix  phase.  The  failure  surface  in  the  P  heat  treated  condition  is  observed  to  be  quite  similar 
to  that  of  the  02  -t-  transformed  P  heat  treated  condition  without  the  presence  of  the  larger  scale 
cleavage  facets,  figure  Sb.  In  contrast,  at  test  temperatures  of  700°C  in  air,  fatigue  surfaces  tend 
to  be  flatter  and  exhibit  no  clear  microstructural  features,  see  Figures  6a  and  6b. 

Discussion 

At  room  temperature  marked  effects  of  R  ratio  have  been  observed,  figure  3  and  table  II. 
Closure  could  also  result  in  a  variation  in  growth  rates  with  R  ratio  but  it  is  difficult  to  see  how  it 
could  result  in  such  a  large  scale  systematic  variation  over  the  whole  of  the  Paris  regime  and  in  a 
situation  of  constant  applied  load  range  i.e.  increasing  AK.  Therefore,  this  is  considered  to  be 
unlikely  to  provide  a  complete  explanation.  More  plausible  perhaps  is  the  influence  of  Kmax. 
particularly  because  static  modes  of  failure  have  been  observed  in  the  02  +  transformed  P 
microstructural  condition.  If  crack  growth  rates  are  plotted  versus  Kmax,  figure  7.  then  the 
difference  between  the  crack  growth  rates  decrease  and  indeed  for  the  a.2  +  transformed  P 
microstructural  condition  they  are  found  to  be  similar.  71ms  the  influence  of  Kmax  in  promoting 
static  contributions  to  the  process  of  fatigue  crack  growth  can  be  supported.  The  mechanisms  of 
fatigue  crack  growth  in  th^  materials  have  yet  to  be  fully  established.  Static  modes  of  cleavage 
are  observed  in  the  02  transformed  P  microstructural  condition  of  a  size  corresponding  to  the 
primary  02  regions  in  the  microstructure  (figure  5a)  together  with  smaller  discrete  steps.  A 
similar  fracture  surface  consisting  solely  of  the  discrete  steps  is  observed  in  the  P  heat  treated 
condition  (figure  5b).  Since  the  crack  growth  rates  in  the  p  heat  treated  condition  are  observed  to 
be  lower  than  those  in  the  0.2  transformed  P  material  this  is  deduced  to  be  a  consequence  of  the 
static  failure  of  the  primary  0.2  precipitates  in  the  a2  transformed  P  material,  thus  accelerating 
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crack  growth.  Although  the  mechanism  is  unclear  the  overall  rates  of  crack  growth  are  not 
inconsistent  with  the  repeated  failure  of  laths  within  the  transformed  p  matrix  of  approximate  size 
0.05pm  X  0.4pm,  in  agreement  with  previous  work  on  other  Ti3Al  alloys  (6,7).  These  steps 
show  no  obvious  signs  of  plasticity. 

At  the  higher  temperature  of  700°C  both  condiuons  generally  exhibit  higher  growth  rates  than  at 
room  temperature,  figure  4.  There  is  also  a  significant  difference  in  fatigue  crack  growth 
behaviour  between  the  two  microstructural  conditions  under  study  at  this  temperature,  with  the  p 
heat  treated  condition  exhibiting  crack  growth  rates  of  up  to  an  order  of  magnitude  faster  than 
those  observed  in  the  a2  +  uimsformed  p  heat  treated  condiPon.  This  is  in  contrast  to  the  effect 
of  microstructure  at  room  temperature,  where  the  p  heat  treated  condiPon  shows  improved 
fatigue  crack  growth  resistance.  However,  careful  examination  of  the  fatigue  surfaces  has 
provided  little  clear  evidence  of  differing  mechanisms  wiPi  no  visible  evidence  of  the  influence  of 
microstructure,  figure  6.  In  other  work  such  observaPons  of  decreased  crack  growth  resistance 
at  7(X)°C  for  P  heat  treated  condiPon  have  also  b^n  made  in  vacuum  (9)  and  hence  it  appears  to 
be  fundamental  to  the  two  microstructural  condiPons.  From  the  tensile  data,  table  I,  it  can  be 
seen  that  the  fully  transformed  P  microsuxictural  condiPon  has  a  lower  yield  stress  than  the  a2  + 
Pansformed  P  condition.  It  is  difficult  to  isolate  effects  of  yield  stress  on  the  crack  growth  rates 
but  in  the  Paris  regime  it  can  be  argued  that  lower  strength  materials  may  undergo  more  rapid 
crack  propagation.  This  is  because  the  range  of  crack  opening  displacement  over  the  faPgue 
cycle,  AS,  is  inversely  proporPonal  to  the  yield  stress  and  as  Pie  crack  growpi  rate  da/dN  is 
proportional  to  AS,  crack  growth  will  be  slower  in  this  range  for  a  material  with  a  higher  yield 
stress.  This  would,  however,  necessitate  the  adoppon  of  a  strain  conpolled  mechanism  of 
fatigue  crack  growth.  Such  an  influence  of  yield  stress  would  not  therefore  be  expected  at  room 
temperature  in  the  alloy  under  consideration  here.  Fatigue  crack  growth  in  both  materials  is 
transgranular,  figure  6,  but  it  is  unclear  why  the  microstnicture  of  the  02  +  Pansformed  P 
material  should  be  more  fatigue  resistant  Pien  that  of  the  fully  pansformed  p  material.  In  fact  in 
PadiPonal  Ptanium  alloys  it  is  general  Pie  fully  transformed  P  microstrvctures  that  are  found  to 
provide  the  best  faPgue  crack  growth  resistance  as  a  consequence  of  crack  tip  deflecPon  (10,1 1). 
Crack  tip  deflecPon  is  usually  facilitated  by  the  presence  of  regions  of  retained  P  materi^ 
between  the  laths  as  observed  in  other  Ti3Al  alloys  (7).  The  materials  under  consideraPon  here 
have  been  aged  at  8S0°C  and  microstructural  work  currently  being  undertaken  has  given  no 
evidence  of  a  retained  P  phase  to  date  (12).  It  is  of  interest  to  note  in  the  fast  fracture  regions.  Pie 
P  heat  treated  material  showed  an  intergranular  ducPle  microvoid  coalescence  mode  of  failure 
while  the  a2  +  transformed  P  remained  fully  transgranular.  This  is  discussed  more  fully 
elsewhere  (13).  It  is  clear,  therefore,  that  fatigue  crack  growth  behaviour  at  elevated  temperature 
is  a  complex  problem  in  these  alloys  and  further  work  is  sPll  required  to  quanPfy  the  effects  of 
microstructure  on  faPgue  crack  growth  in  these  emerging  alloys. 

Conclusions 

Effects  of  microstructure  on  fatigue  crack  growth  resistance  have  been  observed  at  boPt  room 
temperature  and  at  the  test  temperature  of  700°C.  Microstructures  comprising  primary  az 
precipitates  in  a  fully  transformed  p  maPix  exhibit  decreased  crack  growPi  rates  at  room 
temperature  but  increased  resispmce  at  700°C  with  respect  to  a  fully  transformed  P  condiPon.  At 
room  temperature  cleaved  a2  precipitates  are  observed  and  it  appears  Piat  Piey  are  responsible  for 
Pie  poorer  crack  growth  resistance  of  the  az  +  transformed  P  condiPon.  seen  paiticularly  at  high 
mean  stress.  Conversely,  at  700°C,  the  reduced  yield  stress  of  the  fully  Pansformed  P  condition 
has  been  deduced  to  increase  crack  growth  rates  relaPve  to  the  a2  -f  transformed  P  condiPon. 
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Figure  1  -  As  heat  ueated  microstructure  for 
the  a.2  -t-  transformed  p  condition. 


Figure  2  -  As  heat  U^ted  microsuucture  for 
the  fully  transformed  P  condition. 
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Figure  3  -  Fatigue  crack  growth  resistance  Figure  4  -  Fatigue  crack  growth  resistance 
curves  at  room  temperature  in  air.  curves  at  700°C  in  air. 


Ftgure  5  -  Fatigue  fracture  surfaces  after  testing  at  R  =  0. 1  in  air  at  room  temperature,  a)  a 
transformed  p  condition,  b)  fully  transformed  p 
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Abstract 

This  study  is  focused  on  the  static  and  dynamic  recrystallization  of  Ti-4SAI  and  Ti-48A1- 
INb  during  heat  treatment  and  compression  test  Heat  treatment  was  done  near  the  eutectoid 
temperature,  and  compression  tests  were  condcuted  at  1300  K  with  strain  rates  ranging  from 
10  ’  s  '  to  10 '  s  '.  X-ray  diffraction,  optical  and  TEM  techniques  were  used  to  investigate  the 
recrystallization  behaviour. 

Static  and  dynamic  recrystallization  result  in  the  formation  of  fine  grains,  but  their 
characteristics  are  different.  The  different  behaviour  of  the  recrystallization  processes  is 
reflected  in  step  strain  rate  tests;  i.e.,  the  flow  behaviour  of  two  phase  TiAl  does  not  depend 
on  heat  treatment  history,  but  on  strain  rate  history. 

Inttoducagn 

To  fully  utilize  two  phase  TiAl  developed  for  high  temperature  applications,  the  selection 
of  a  processing  route  is  an  important  issue.  Ingot  metallurgy  is  generally  accepted  to  be 
promising  even  with  its  own  difficulties  in  process  control  for  quality  ingots.  Limited  work 
on  the  conversion  of  TiAl  ingot  has  shown  that  it  is  relatively  difficult  to  form  into  shape  but 
dynamic  recrystallization  may  be  utilized  for  its  conversion. 

Dynamic  recrystallization  occurs  near  the  grain  boundaries  and  cross-twinning  in  two 
phase  TiAl''^’,  eventually  leading  to  fine  grains  at  large  strains.  TiAl  giwns  can  also  be 
refined  by  static  recrystallization.  However,  many  features  of  recrystallization  and  their 
effects  on  flow  behaviour  await  clarifrcation  to  make  the  most  use  of  it.  This  work  is 
conducted  to  extend  the  understanding  of  the  recrystallization  behaviour  in  two  phase  UAL 
Alloys  with  different  fraction  of  y  and  a,  are  chosen  to  investigate  the  effect  of  the  alloy 
chemistry  and  microstructure  on  the  recrystallization  bahaviour. 

Alloys  and  Experimental 

The  material  investigated  in  this  study  is  two  kinds  of  liAl;  i.e.  Ti-4SA1  and  Ti-48Al-lNb. 
Microstructure  of  the  as-received  Ti-45A1  is  composed  of  lamellar  and  7  grains,  having 
grain  size  of  ~150  iim.  The  Ti-4SAI  ingot  was  homogenized  at  1373  K/150  hrs,  followed  by 
hot  isosutic  pressing  at  1100  K/Shrs.  Ti-48AI-lNb  was  cast/homogenized/forged,  and  the 
resulting  microstructure  consists  of  y  grains  with  less  than  5%  of  lamellar  phase.  Average 
grain  size  of  the  as-received  Ti-48AI-lNb  is  about  IS  pm. 

To  understand  the  static  recrystallization  behaviour  in  two  phase  TiAl,  the  alloys  were 
heat-treated  at  several  temperatures  around  1400  K  under  vacuum  atmosphere,  and 
subsequently  water-quenched.  Compression  tests  were  conducted  under  argon  atmosphere 
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with  various  strain  rates  ranging  from  10  ’  to  10  '  s  '.  The  specimens  were  rapidly  cooled  to 
freeze  the  deformed  microstructure  and  reduce  any  static  recovery  and/or  lecrystallization. 


Results 

Grains  of  two  phase  TiAl  are  known  to  be  refined  by  heat  treatment  above  the  eutectoid 
temperature  (-1400  K)^’.  The  grain  refinement  by  heat  treatment  would  depend  strongly  on 
A1  content  in  the  two  phase  TiAl,  since  the  equilibrium  amount  of  Oj  (ora)  phase  formed  by 
phase  separation  hinder  the  grain  growth^’.  To  understand  the  refrnement  of  grain  size 
during  heat  treatment,  one  set  of  experiment  was  conducted.  The  specimens  were  heat- 
treated  at  1400  K  for  24  hrs  to  obtain  coarse  y  grains,  and  followed  by  heat-treatment  at 
1540  K  from  1  to  24  hrs.  The  change  in  microstructure  of  Ti-45A1  and  Ti-48Al-lNb  during 
heat-creatment  is  presented  in  Fig.  1  and  2,  respectively.  The  coarse  grains  are  refined  by 
acicular  type  morphology  which  is  running  through  the  y  grains.  The  resulting 
microstructure  is  in  contrast  to  that  of  the  as-received  alloys  subjected  directly  to  heat- 
treatment  at  1540  K. 

X-ray  spectroscopy  indicates  that  the  composition  of  the  acicular  phase  formed  in 
Ti-48Al-lNb  is  Tia4AI(,4,  which  is  likely  to  be  an  off-stoichiometric  Ti-deficicnt  TijAl. 
Antiphase  domain  bound^es  are  often  observed  in  the  a,  phase.  Titanium  and  aluminium 
atoms  are  substitutional,  and  the  excess  aluminium  atoms  occupy  vacant  titanium  sites. 
Crystallography  indicates  that  six  orientation  variants  are  possible  between  ttj  and  y  ,  i.e. 

a^lOOOl  l//y(  1111  andaj<l  120>//y<1TO>”. 


Fig.l  -  Metallographs  of  heat-treated  Ti-45AI 

a)  1400K/24h/W.Q  b)  1400K/24h/W.(}-»  1540K/lh/W.Q 
c)  1400K/24h/W,Q-»  1540K/24h/W.Q  d)  1540K/lh/W.Q 
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Fig.  2  -  Metallographs  of  heat-treated  Ti-48AI-lNb 
a)  1400K/24h  b)  1540K/24h 

c)  1400K/24h  -*  1540K/lh  d)  1400K/24h  -*  1540K/24h 


The  flow  behaviour  of  Ti-45A1  and  Ti-48AI-lNb  was  observed  at  strain  rates  10  ’  s  '  and 
10  ■*  s'.  Fig.  3  shows  that  the  flow  curves  of  the  alloys  depend  on  the  strain  rate  and  alloy 
composition.  The  level  of  flow  stress  is  higher  in  Ti-45A1  than  in  Ti-48Al-lNb.  However, 
the  flow  curves  show  a  stress  peak  regardless  of  the  strain  rate  and  composition,  and  reaches 
a  saturation  value  at  large  strain.  The  decrease  in  the  flow  stress  after  the  peak  stress  is  due 
to  dynamic  recrystallizaiion,  as  confirmed  by  optical  micrographs.  Fig.  4  shows  the 
recrystallization  of  Ti-45AI.  Similar  behaviour  is  also  noted  in  Ti-48Al-lNb. 

Several  microstructural  features  are  to  be  noted  in  the  dynamic  recrystallization  of 
Ti-45AI  and  Ti-48Al-lNb.  It  is  shown  in  Fig.  4  that  dynamic  recrystallization  of  Ti-45AI 
occurs  predominantly  in  y  grains  compared  to  that  in  lamellar  grains.  The  average  grain  size 
of  the  recry. stallized  Ti-45AI  and  Ti-48Al-lNb  increa.ses  with  decreasing  su'ain  rate.  Fig.  5 
shows  that  recrystallization  of  Ti-48Al-lNb  leads  to  fine  grains  through  formation  of  new 
grains  near  the  primary  lamellar  grains.  New  grains  are  nucleated  in  such  a  way  that  a,  and 
y  grains  are  formed  at  the  end  of  the  lamellar  structure.  Similar  behaviour  is  not  observed  in 
the  statically  recrystallized  TiAI. 

Fig.  6  shows  a  bent  lamellar  structure  formed  by  localized  shear.  Dynamic 
recrystallization  occurs  prominently  in  lamellar  grains  as  well  as  in  y  grains  at  10  s  '.  It  is 
to  be  noted  that  a,  plates  in  the  lamellar  .structure  are  gradually  transformed  into  «,  islands 
maintaining  a  small  orientation  difference  <  10"  with  each  other.  Similar  orientation 
relationship  is  also  noted  between  two  «-  i.slands  formed  in  neighbouring  o,  plates  in  the 
lamellar  structure.  This  behaviour  is  often  observed  in  the  specimen  deformed  at  10 s  '  not 
in  the  specimen  deformed  at  10  ’  s '. 


Fig.  6  -  Orientation  relationship  between  y  grains  formed  from 
lamellar  plates  in  Ti-45A1.  T=1300K ;  e  =  10'*  s ' ;  E  =  0.9 
T  and  D  in  the  microdiffraction  pattern  (A,B.C)  representing 
Transmitted  beam  and  D=  Z  |0  1 1  0]  respectively. 
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■  Ti-48Al-lNb 
O  Ti-45A1 


TRUE  STRAIN 

Fig.  3  -  Flow  curves  of  Ti-45AI  and  Ti-48Al-lNb  at  1300  K 


Fig.  4  -  Optical  micrographs  of  'n-45Ai  deformed  at  different  strain  rates. 
T  =  1300  K  6  =  09 

(a)  c  =  10  *  s  '  (b)  e  =  10^  s  '  (c)  e  =  10  ’  s'  (d)  e  =  10*  s  ' 
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Since  the  strain  rate  sensitivity  is  an  important  parameter  in  metal  forming,  it  is  obtained 
by  the  step  strain  rate  test  between  10  ’  s  '  and  10'^  s  '  with  Ti-48Al-lNb  of  different  heat 
treatment  history,  and  with  Ti-48Al-lNb  and  Ti-45A1  of  different  strain  rate  history.  To 
investigate  heat  treatment  effect  on  the  flow  curve,  step  strain  rate  tests  were  conducted  on 
the  as-received  Ti-48Al-lNb  and  the  heat-treated  Ti-48Al-lNb  at  1540  K  for  Ihr.  The 
heat-treated  sample  was  composed  of  statically  recrystallized  ^ains  of  -  8  ^m  in  diameter. 
To  observe  the  strain  rate  history  effect,  the  samples  were  strained  at  10  '  s  '  up  to  the  strain 
0.5,  followed  by  step  strain  rate  tests  from  10’  s  '  to  10  '  s  '.  The  results  are  summarized  in 
Fig.  7. 

The  level  of  flow  stress  of  the  as-received  Ti-48Al-lNb  and  of  the  statically  heat-treated 
Ti-48Al-lNb  is  similar.  However,  the  flow  stress  of  the  Ti-48Al-lNb  strained  at  10  '  s  '  up 
to  the  strain  0.5  drops  below  that  of  the  as-received  or  statically  recrystallized  specimens  after 
a  strain  rate  change  to  10  ’  s  ',  while  it  reaches  a  similar  level  at  high  strain  rates.  It  is  also 
shown  that  the  flow  stress  of  dynamically  recrystallized  Ti-45AI  is  quite  comparable  to  that 
of  Ti-48Al-lNb  at  10  ’  s  ',  but  it  regains  higher  value  at  10 '  s  '.  Accordingly,  the  strain  rate 
sensitivity  given  by  the  slope  in  Fig.  7  is  increased  in  effect  due  to  dynamic  recrystallization, 
and  its  effect  is  greater  in  Ti-45AI  than  in  Ti-48AI-INb. 


Fig.  7  -  Variation  of  the  flow  stress  with  heat-treatment  and 
deformation  history.  Step  strain  rate  tests  employed 
from  low  strain  rates  to  high  strain  rates  at  1300  K 
AS  =  As  Received ;  SR  =  Heat-treated  at  1540  K/lhr 
DR  =  Deformed  at  e  =  10  '  s  '  up  to  e  =  0.5 
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Discussion 


Recrystallization  behaviour  of  two  phase  TiAl  varies  with  heat  treatment  temperature  and 
holding  time.  Fig.  1  and  2  show  that  the  grain  size  refinement  is  significant  in  Ti-48Al-lNb 
during  heat  treatment  above  the  eutectoid  temperature  (-1400  K).  The  coarse  y  grains  are 
refined  by  acicular  type  phases  during  heat-treatment  above  the  eutectoid  temperature.  The 
phases  may  have  a  transient  form  of  structure  and  the  recrystallization  mechanism  may  be 
described  as  follows*';  lamellar  grains  are  formed  by  the  precipitation  of  a  grains  in  y 
matrix,  their  subsequent  growth  to  plates,  and  eventual  formation  of  lamellar  grains  during 
cooling.  The  reason  why  the  new  phase  has  an  acicular  shape  in  coarse  y  grains  is  not 
clear  at  present.  However,  it  is  likely  that  the  diffusion  rate  of  the  constituents  depend  on  the 
crystallographic  orientation,  resulting  in  the  needle-like  microstructure  The  diffusion  rate  of 
the  constituents  in  Ti-48Al-lNb  is  not  so  high  as  to  increase  the  grain  size  rapidly  with  an 
increase  in  holding  time  at  1540K‘’. 

In  contrast  to  Ae  static  recrystallization,  dynamic  recrystallization  results  in  a  different 
type  of  morphology.  Fig.  4  and  5  show  that  dynamic  recrystallization  occurs  predominantly 
in  the  y  grains,  adjoining  the  lamellar  grain.  The  recrystallization  behaviour  in  TiAl  is 
rationalized  by  the  deformation  behaviour  in  y  grains.  TTie  deformation  mode  of  twinned 
TiAl  varies  with  the  orientation  of  the  loading  axis  and  the  characteristics  of  Oj  -t-  y  lamellar 
boundaries’'*’.  The  dynamic  recrystallization  of  TiAl  is  also  observed  to  be  dependent  on  the 
mode  and  amount  of  deformation,  and  the  restoration  process  appears  fir  'ly  in  the  region 
where  deformation  is  conducted  by  slip  mode  instead  of  twinning  i.iode”.  Twinned 
microstructure  is  then  to  be  maintained  during  the  recrystallization  process,  since  the 
rearrangement  and  annihilation  of  dislocations  occur  firstly  in  y  grains  neighboring  the 
twinned  lamellae. 

Furthermore,  geometrically  necessary  dislocations  are  likely  to  be  generated  in  y  grains 
to  meet  the  strain  compatibility  between  the  neighbouring  lamellar  and  y  grains  due  to 
relatively  large  number  of  active  slip  systems  in  y  grains"”.  Dynamic  recrystallization  is 
possible  in  the  y  region  unless  the  dislocations  are  restored  by  recovery  process. 
Accordingly,  the  ratio  of  lamellar  to  y  grains  is  expected  to  be  an  important  factor  in 
determining  the  deformation  mode  and  recrystallization  behaviour. 

In  the  lamellar  grains,  most  of  the  recry stallization  process  is  confined  to  each  lamellar 
boundaries  at  low  strains,  indicating  that  the  recrystallization  is  effectively  hindered  by 
phase  or  phase  boundaries  between  Oj  and  y  .  When  the  amount  of  deformation  is  large 
enough  to  induce  bending  of  lamellar  structure,  the  plate  type  Oj  phase  is  transformed  to 
discrete  islands.  Even  though  (X^  grains  or  phase  boundaries  between  Oj  and  y  act 
effectively  as  an  obstacle  against  dislocation  motion  at  low  strains,  the  change  in 
morphology  at  high  strains  appears  to  be  similar  to  that  of  conventional  a+P  ,  titanium 
alloys.  In  this  alloy,  the  lamellar  phase  breaks  up  and  transforms  to  equiaxed  grains  either 
through  subboundary  formation  in  a  plates  or  through  localized  shearing  across  the  a  plates 
during  deformation  followed  by  penetration  of  ?  .  phase  to  complete  the  separation"’. 

When  Ti-48Al-lNb  is  compressed  at  10  ’  s  '  to  the  strain  0.5,  the  microstructure  is 
composed  of  finely  recrystallized  grains  since  y  ,  that  is  relatively  easy  to  lecrystallize,  is  the 
dominant  phase.  The  grain  boundaries  formed  by  dynamic  recrystallization  are  likely  to  have 
high  angle  boundaries  and  their  contribution  to  deformation  is  high  at  low  strain  rates. 
Accordingly,  when  the  strain  rate  is  decreased  from  10’  s  '  to  10  ’  s  '  at  the  strain  0.5,  the 
flow  stress  would  decrease  below  that  of  the  as-received  Ti-48Al-lNb.  Similar  behaviour 
would  be  observed  in  Ti-45A1  to  a  different  extent,  since  the  ratio  of  lamellar  to  y  grain  is 
high  and  dynamic  recrystallization  is  limited  within  the  lamellar  boundaries.  Fig.  7  shows 
indeed  that  the  flow  stress  of  dynamically  recrystallized  Ti-45A1  is  comparable  to  that  of 
Ti-48Al-lNb  at  10’  s'  even  though  the  ratio  of  a,  tor  in  the  former  is  higher  than  that  in  the 
latter,  but  soon  the  flow  stress  regains  a  high  value  at  high  strain  rates  due  to  the  limitation  of 
the  dislocation  activity  in  04  phase. 
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CoKlusion 


1)  Static  recrystallization  and  dynamic  reciystallization  are  shown  to  result  in  fine  grains  in 
two  phase  TiAl,  but  the  refined  grains  are  different  in  morphology  and  characteristics. 

2)  Lamellar  grains  have  an  active  role  in  dynamic  recrystallization  of  the  Ti-4SAI  and  the 
Ti-48Al-lNb.  Alloy  chemistry  is  an  important  factor  in  recrystallization  since  the  ratio  of 
lamellar  to  t  grains  is  very  much  affected. 

3)  The  ot,  phase  in  the  lamellar  structure  hinders  dislocation  motion  and  deters 
recrystallization  in  the  lamellar  structure,  but  it  enhances  dynamic  reciystallization  in  the 
neighbouring  /  grains. 
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Abstract 


Removal  of  oxygen  in  titanium  aluminide  (TiAl)  by  chemically  active  calcium- 
aluminum  (Ca-Al)  alloy  was  carried  out  around  1373K  with  the  purpose  of  obtaining  extia- 
low-oxygen  TiAl. 

The  deoxidation  experiments  were  preceded  by  an  investigation  of  the  phase  equilibria 
of  the  system  Ti-Al-Ca  at  1273  and  1373K,  and  it  was  found  that  a  Ca-Al  alloy  containing 
around  20  to  50inol%Ca  would  equilibrate  with  TiAl  at  1273K.  The  compositions  of  the  Ca- 
Al  alloy  deoxidant,  which  equilibrates  with  TiAl,  and  the  experimental  conditions  suitable  for 
the  deoxidation  were  investigated. 

In  experiments  in  which  Ti-Al  samples  were  submerged  in  liquid  Ca-Al  alloys  at 
1373K,  the  surfaces  of  the  samples  had  severely  deteriorated  and  become  nodular.  When  TiAl 
powders  were  mixed  with  CaO  to  prevent  sintering,  and  the  deoxidant  was  supplied  in  vapor 
form,  powders  which  initially  contained  SIO,  1100  and  4200  ppmO  were  deoxidized  to  about 
160,  490  and  670  ppmO  after  deoxidation  at  1373K  for  86.4ks  (Iday).  Among  many 
conditions  tested,  the  use  of  TiAl  powders  mixed  with  CaCl2  was  most  effective  for 
deoxidation  at  1373K.  CaCl2  was  used  as  a  flux  to  facilitate  the  deoxidation  by  decreasing  the 
activity  of  the  deoxidation  product  CaO.  In  case  that  TiAl  powders  were  mixed  with  CaCl2 
and  reacted  with  Ca-Al  vapor  at  1373K  for  86.4ks,  the  powders  initially  containing  510, 1100 
and  4200  mass  ppmO  were  deoxidized  to  a  level  of  62, 140  and  190  mass  ppmO,  respectively. 
No  significant  change  in  morphology  of  the  particle  after  deoxidation  was  observed.  The 
nitrogen  concentrations  in  the  powders  remained  constant,  whereas  calcium,  which  was 
present  only  in  trace  amounts  initially,  increased  up  to  160  mass  ppm  after  deoxidation 
treatment. 

Introduction 

In  recent  years,  there  has  been  considerable  interest  in  developing  titanium  aluminide 
(TiAl)  as  a  structural  material,  and  mechanical  properties  of  TiAl  have  been  intensively 
investigated.  In  particular,  plasticity  of  TiAl  has  proven  to  be  influenced  by  impurities  such  as 
oxygen.O) 

For  laboratory  use,  the  grade  of  TiAl  is  between  99.9%  and  99.999%  pure  (excluding 
gaseous  elements),  where  the  main  impurity  is  oxygen,  at  a  level  of  at  least  several  hundred 
mass  ppm  oxygen.  This  oxygen  mainly  originates  from  impurities  in  the  titanium  starting 
material  which  is  produced  by  the  Kroll  process.  Even  though  low  oxygen-containing 
titanium  has  been  successfully  produced  using  other  less-widely  used  methods,  such  as 
electrolytic  refining  or  iodide  refining  methods,  oxygen  contamination  of  TiAl  is  inevitable 
during  subsequent  processing.  Oxygen  removal  directly  from  TiAl  to  a  level  below  100  mass 
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ppm  seems  to  be  very  difficult,  because  HAI  has  a  strong  affinity  for  oxygen.  For  this  reason, 
titanium  and  aluminum  are  usually  alloyed  to  make  titanium  aluminide  in  an  oxygen-free 
atmosphere,  taking  great  cate  to  avoid  oxygen  pick  up. 

From  a  thermodynamic  view  point,  external  gettering  used  in  solid  state  reHning  is  one 
of  the  most  promising  method'  for  direct  deoxidation  of  titanium  and  its  alloys.  Recently,  the 
authors  have  developed  several  effective  methodsf^^-^)  for  the  deoxidation  of  titanium  by 
using  calcium-saturated  halide  flux.  The  titanium  produced  contained  below  SO  mass  ppm 
oxygen.  In  the  present  study,  one  of  these  methods  has  been  applied  to  the  deoxidation  of 
TiAl. 

Deoxidation  of  TiAl  by  reaction  with  a  chemically-active  element,  namely  calcium, 
through  surface  contact  has  been  examined  in  the  temperature  range  1273  to  1473K,  to  obtain 
low  oxygen-containing  TiAl.  Calcium  is  thou^t  to  be  the  most  effective  deoxidation  agent 
because  it  has  an  extremely  strong  affinity  for  oxygen.  Furthermore,  the  deoxidant  calcium 
and  the  reaction  product  CaO  can  be  easily  removed  by  acid  treatment. 

Since  the  detailed  principle  of  deoxidation  of  titanium  using  calcium  has  been  reported 
elsewhere  P),  only  a  brief  outline  will  be  given  here.  Oxygen  dissolved  in  TiAl  can  be  re¬ 
moved  by  calcium  according  to  the  following  reaction; 

O  (in  TiAl)  +  Ca  (in  Ca-Al)  =  CaO  (1) 

Co-existence  of  calcium  and  the  reaction  product,  CaO,  Hxes  the  equilibrium  oxygen  partial 
pressure,  and  hence,  the  amount  of  residual  oxygen  in  TiAl  is  thermodynamically  fixed.  As 
there  is  no  available  information  on  activity  of  oxygen  in  TiAl,  the  deoxidation  limit  of  TiAl 
cannot  be  estimated  with  accuracy;  however,  the  activity  coefficient  of  oxygen  in  TiAl  is 
expected  to  be  larger  than  that  in  pure  beta-titanium  considering  the  affinities  of  oxygen  for 
titanium  and  aluminum  and  the  solubilities  of  oxygen  in  titanium  and  aluminum.  For  this 
reason,  the  deoxidation  limit  of  TiAl  may  be  lower  than  that  of  titanium  under  same  oxygen 
partial  pressure. 

Similar  to  the  previous  studyP),  CaClj  was  used  as  a  flux  to  dissolve  the  deoxidation 
agent  calcium  and,  in  addition,  to  facilitate  the  deoxidation  reaction  by  diluting  the  reaction 
product  CaO,  i.e.,  by  decreasing  the  activity  of  the  by-product  CaO. 

At  first  ^ance,  the  deoxidation  of  TiAl  presents  some  difficulties.  Pure  calcium,  which 
is  effective  in  deoxidation  of  titanium,  seems  to  be  inadequate  for  the  deoxidation  of  TiAl, 
because  of  the  strong  affinity  between  calcium  and  aluminum  which  results  in  Ca-Al  alloy 
formation.  For  example,  TL/U  allowed  to  react  with  pure  calcium  or  a  Ca-Al  alloy  of  lower 
aluminum  activity  than  TiAl,  will  undergo  aluminum  depletion  at  the  surface  and  form  Ti3Al 
at  the  interface.  On  the  other  hand,  reaction  between  TiAl  and  Ca-Al  alloy  of  higher 
aluminum  activity  than  TiAl  will  result  in  diffusion  of  aluminum  from  Ca-Al  alloy  to  TiAl 
and  form  aluminum-rich  compounds  (TiAl3,TiAl2)  at  the  surface.  Therefore,  knowledge  of 
the  phase  equilibria  existing  between  TiAl  and  Ca-Al  alloys  is  essential  for  selection  of  a 
suitable  Ca-Al  alloy  deoxidant. 

Prior  to  the  deoxidation  experiments,  phase  equilibria  in  the  Ti-Al-Ca  system  at  the 
reaction  temperatures  were  investigated  to  determine  suitable  Ca-Al  alloys  in  equilibrium 
with  TiAl.  Using  this  information  of  phase  relation,  the  composition  of  the  Ca-Al  alloy 
deoxidant  suitable  for  the  preparation  of  extra-low-oxygen  TiAl  was  decided. 


The  laboratory  investigation  of  the  phase  equilibria  of  the  Ti-Al-Ca  system  was 
comprised  of  two  types  of  experimental  procedures  -  one  was  diffusion  coupling  of  the  two 
materials,  and  the  other,  isothermal  annealing  of  metal  powder  mixtures  of  the  Ti-Al-Ca 
system. 

Diffusion  couple  experiments  were  conducted  in  order  to  identify  Ca-Al  alloys  in 
equilibrium  with  TiAl.  The  small  pieces  of  99%-pure  TiAl  or  powders(produced  by  plasma 
rotating  electrode  process)  used  are  listed  in  Table  I.  The  starting  materials  of  the  phase 
equilibrium  investigation  of  the  Ti-Al-Ca  system  at  1273K  consisted  of  99%-pure  titanium 
powder,  99.5%-pure  aluminum  powder  and  98%-pure  calcium  granules.  The  apparatus  and 
experimental  method  used  for  these  experiments  were  similar  to  those  described 
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*  :  Produced  by  the  plasma  rotating  electrode  process. 
1  :  Excluding  gaseous  elements. 

Deoxidation  of  HAI  by  Ca-AI  Alloys 


Fig.l  shows  the  arrangement  of  the  reaction  tube  used  for  the  deoxidation  of  TiAl. 
Specifications  and  chemical  analysis  of  the  feed  materials  are  listed  in  Table  I.  In  some  exper¬ 
iments,  TiAl  powder  which  had  been  thoroughly  mixed  with  CaO  powder,  was  contained  in  a 
titanium  cup.  In  other  experiments,  TlAl  in  the  form  of  powder  and  small  pieces  (about  20- 
40g)  was  placed  on  a  titanium  dish  within  a  titanium  cup,  which  was  filled  with  alwut  20g  of 
CaClj  powder.  The  anhydrous  CaCl2  and  CaO  used  were  reagent  grade  (99.9%)  powders. 
These  were  dried  for  more  than  200ks  at  800K  and  for  more  than  lOOks  at  1300K,  respective¬ 
ly,  before  use.  Cups  containing  sample  and  flux  were  scaled  in  a  stainless  steel  tube  in  addi¬ 
tion  to  a  mixture  of  calcium  and  aluminum  granules,  as  shown  in  Fig.l.  The  total  amount  of 
calcium  and  aluminum  was  about  ISg,  and  the  initial  composition  of  the  Ca-Al  alloy  was 
varied  from  Ca-40mol%Al  to  Ca-60mol%Al,  which  was  the  composition  range  shown  to  be 
favorable  for  deoxidation  of  TiAl  by  the  preceding  phase  equilibrium  experiments.  To  avoid 
contamination  by  impurities  present  in  calcium,  especially  nitrogen,  calcium-aluminum  alloy 
was  isolated  from  the  samples,  and  supplied  to  the  samples  in  vapor  form. 

The  assembled  sealed  tube 

was  heated  in  an  electric  furnace  to  _ _ 

a  temperature  between  1273  and  b  ~?r^ 

1473K.  The  holding  time  was  ^  ^  StainJeSS  Steel  tube 

between  86.4ks  and  260ks,  after  /  I  Tif,,,,-  *  i, 

which  the  reaction  tube  was  IlldniUt  tUDB 

removed  from  the  furnace  and  nr  - - CdClz  /  CdO 

quenched  in  water  [|  - HAJ  DONders 

After  the  deoxidation,  the  I  _  J  t  i 

Ca-Al  alloy,  CaO  and/or  CaClj  in  samples 

the  titanium  cup  was  removed  by  ^ —  fitanlum  crucible 

leaching  with  (1+1)  acetic  acid,  and  \  Ho]0enuil  insuldtor 

the  remaining  TiAl  sample  was  t.  J  t ,,134  ^  ' 

carefully  cleaned  in  warm  aqueous  -  S  CaiClUm  /  AlUmjIlUm 

HCl  solution  followed  by  water. 

Schematic  illustration  of  reaction  tube  used 
then  allowed  to  dry  under  vacuum.  of  TiAl 


Fig.l  Schematic  illustration  of  reaction  tube  used 
for  deoxidation  of  TiAl. 


Analysis 

Oxygen  and  nitrogen  analyses  of  samples  were  made  using  an  inert  gas  fusion  infrared 
absorption  method  (LECO  TC-336  analyzer).  About  O.lg  of  TiAl  sample,  mostly  in  powder 
form,  was  sealed  in  a  tin  capsule  and  wrapped  in  Ig  of  platinum  foil  for  the  purpose  of 
oxygen  and  nitrogen  extraction.  In  some  analyses,  Ig  of  nickel  was  used  as  the  bath  for 
oxygen  extraction.  To  ascertain  the  accuracy  of  the  analyzed  values  of  oxygen,  oxygen  analy¬ 
sis  of  some  samples  was  performed  independently  by  a  company. 

Titanium  and  calcium  concentrations  of  the  sample  were  determined  by  a  flameless 


atomic  absoiption  spectrometric  ^AA)  method. 

Identification  of  the  existing  phases  in  the  sample  was  canied  out  by  powder  X-iay 
diffractomctry(XRD)  using  a  Philips  PW1700  system.  X-ray  microprobe  analysis  (XMA, 
Hitachi  X-650)  was  done  to  obtain  the  compositional  profiles. 

Results  and  Discussion 

Phase  Diagram  of  the  TI-AI-Ca  System  at  1273K 

Fig.2  shows  some  typical  compositional  and  morphological  changes  of  TiAl  small 
pieces  reacted  with  Ca-Al  alloys  of  various  compositions  at  1273K  for  86.4ks.  The  surfaces 
running  vertically  on  the  left  hand  side  of  the  photographs  mark  the  interfaces  between  TiAl 
sample  and  Ca-Al  alloy  which  was  removed  by  leaching.  In  the  case  of  reaction  between 
TiAl  and  pure  calcium,  as  shown  in  Fig.2(a),  aluminum  near  the  surface  of  the  sample  reacted 
with  liquid  calcium  to  form  Ca-Al  alloy.  As  a  result,  aluminum  depletion  occurred  and 
porous  Ti3Al  phases  formed  in  the  vicinity  of  the  surface.  In  the  case  of  reaction  with  Ca- 
S0mol%Al,  as  shown  in  Fig.2(b),  no  intermetallic  compound  other  than  TiAl  is  observed. 
Thus  it  is  demonstrated  that  Ca-50mol%Al  can  equilibrate  with  TiAl  at  1273K.  It  is  worth 
noting  that  even  though  TiAl  was  in  equilibrium  with  Ca-SOmol%Al  alloy,  the  originally 
planar  surface  of  the  TiAl  sample  became  gouged,  as  can  be  seen  in  Fig.2(b).  In  the  case  of 
reaction  between  TiAl  and  Ca-67mol%Al,  aluminum  from  the  Ca-Al  alloy  diffused  into  TiAl 
to  form  aluminum-rich  alloys  such  as  TIAI2  and  TiAl3,  as  shown  in  Fig.2(c). 


(a)  (b)  (c) 

Fig.2  Scanning  electron  micrographs  of  sectioned  TiAl  small  pieces  reacted  with  various  Ca- 
Al  alloys  at  1273K  for  86.4ks.  Composition  of  Ca-Al  alloys  were:  (a)  pure  calcium,  (b)  Ca- 
50mol%Al  and  (c)  Ca-67mol%Al. 


Phase  equilibria  of  the 
Ti-Al-Ca  system  were  thus  deter¬ 
mined.  In  addition  to  the  diffusion 
couple  experiments,  isothermal 
aruiealing  of  metal  powder  mixtures 
of  various  initial  compositions  was 
performed  to  verify  the  phase  equi¬ 
librium  results.  Phases  present  were 
identified  by  XRD  and  XMA.  It  was 
confirmed  that  calcium  does  not 
dissolve  in  TiAl,  as  it  was  not  detect¬ 
ed  by  XMA.  Results  of  this  type  of 
experiment  for  the  Ti-Al-Ca  system 
at  1273K,  most  of  which  were 
established  in  previous  works(^>ri, 
are  compiled  in  Fig.3.  The  phase 
diagram  in  Fig.3  iHustrates  that 


Fig.3  Phase  diagram  of  the  Ti-Al-Ca  system  at  1273K. 


Ca-Al  alloy  of  aluminum  concentration  between  20  and  50moi%,  equilibrates  with  TiAl  at 
1273K.  For  oxygen  extraction  to  a  very  low  level,  higher  calcium  concentration  is  prefened; 
however,  high  aluminum  content  alloys  (about  SO  mol%AI)  were  mainly  employed  as 
deoxidants  in  this  study,  to  compensate  for  subsequent  aluminum  depletion  of  the  alloy  during 
reaction  with  metallic  assemblies  of  the  reaction  tube. 

Deoxidation  of  TiAl 


Deoxidation  of  TlAl  in  Liquid  Ca-Al  Alloys  The  analyzed  oxygen  concentrations  of 

the  small  pieces  of  TiAl,  used  in  the  diffusion  couple  experiments  at  1273K,  which  reacted 
with  Ca-S0mol%Al,  were  in  most  cases  about  1000  mass  ppm,  and  did  not  vary  much  from 
the  initial  value.  In  some  cases,  there  was  an  increase  but  with  large  scatter.  The  reaction  time 
and  the  composition  of  the  Ca-Al  alloys  did  not  appear  to  influence  the  final  oxygen 
concentration  of  the  TiAl  small  pieces.  This  is  probably  due  to  a  low  rate  of  oxygen  diffusion 
in  TiAl,  and  the  increase  in  oxygen  level  may  be  due  to  oxygen  pick  up  from  impurities 
trapped  on  the  rough  surface. 

When  the  reaction  temperature  was  raised  to  1373K,  the  TiAl  small  pieces  (initial 
concentration  of  1000  mass  ppm  oxygen)  were,  in  some  cases,  deoxidized  to  a  several 
hundred  mass  ppmO  using  Ca-50mol%Al  and  a  reaction  time  of  86ks.  Based  on  these  results, 
the  reaction  temperature  was  raised  to  1373K  or  1473K  with  the  purpose  of  shortening  the 
reaction  period.  Moreover,  TiAl  samples  in  powder  form  (see  Table  0  were  mainly  usoJ  to 
diminish  the  problem  of  slow  oxygen  diffusion. 

In  the  deoxidation  experiments  at  1373K  and  even  more  at  1473K,  aluminum 
depletion  by  reaction  with  the  stainless  steel  reaction  tube  was  pronounced.  The  aluminum 
concentration  in  Ca-Al  alloys  decreased  by  5  to  20  mol%  at  1373K,  and  this  decrease  was 
more  significant  at  1473K.  The  initial  composition  of  Ca-Al  alloy  adopted  in  subsequent 
deoxidation  experiments  was,  therefore,  Ca-60at%Al  to  compensate  for  aluminum  depletion 
of  the  alloys. 

A  scanning  electron 
micrograph  of  the  TiAl  powder 
used  as  starting  material  is 
shown  in  Fig.4  (a).  Morpholo¬ 
gy  typical  of  TiAl 
powdei(Exp.No.33-liq)  which 
had  been  reacted  in  liquid  Ca- 
Al  alloy  at  1373K  for  86.4ks 
and  then  acid  leached  to 
remove  Ca-Al  alloys,  is  dis¬ 
played  in  Fig.4(b).  The  photo¬ 
graphs  in  Fig.4  demonstrate  a 
change  in  the  surface  of  the 
TiAl  spheres  from  planar  to 
nodular,  following  reaction  in 
liquid  Ca-Al  alloy.  The 
concentration  of  aluminum  in 
the  TiAl  powder  remained 
unchanged,  whereas  the 
composition  of  the  Ca-Al 
alloy  co-existing  with  the 
powders  of  TiAl  changed  to 
Ca-53mol%AI  as  determined 
by  XMA  analysis.  The  average 
oxygen  concentration  of  the  TlAl  powder  which  was  initially  4200  mass  ppm  (refer  to  Fig.4) 
decreased  to  870  mass  ppm  with  a  scatter  of  about  90  ppmO  about  the  average  analytical 
value.  Measured  oxygen  concentrations,  are  listed  in  Table  II  (Exp.No.33-liq).  Nitrogen 
concentrations  of  the  deoxidized  sample  increased  by  50  to  200  mass  ppm,  randomly.  The 
large  scatter  in  oxygen  and  nitrogen  concentrations  is  probably  due  to  impurities  trapped  on 
the  rough  particle  surface. 

Hie  method  described  above  proved  to  be  effective  in  deoxidizing  TiAl,  however,  the 
resulting  nodular  surface  led  to  trapp^  impurities.  ^ 
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(a)  (b) 


Fig.4  Scanning  electron  micrographs  of  TiAl 
powders  produced  by  the  plasma  rotating  electrode 
process:  (a)  starting  material,  and  (b):  after 
deoxidation  in  liquid  Ca-Al  alloy  at  1373K  for 
86.4ks.  Oxygen  concentrations  of  TiAl  powders 
before  and  ^er  deoxidation  were  4200  and  870  mass 
ppm,  respectively. 


Table  II  Analytical  results  of  TiAl  poiders  deoxidized  by  Ca-Al  vapor  at  1373K  for 
86.4ks  using  various  fluxes. 


Exp. 

No; 

Flux 

Oxygen  concentration 
(nass  ppo) 

Titaniua  cone.  Calciua  cone. 

(■assX)  (aass  ppa) 

Initial  After  exp. 

After  exp. 
AA‘ 

After  exp. 

XMA  AA' 

38-U 

CaCl, 

510 

66'.  73'.  33.  69.  70' 

63.9 

64.5  150 

38-L 

CaCl, 

(see  Fig.  6) 

510 

76'.  87'.  34.  48.  80' 

63.9 

64. 0  160 

39 

CaO* 

510 

91'.  80.  130' 

62. 1 

61. 1  220 

39-ac 

CaO* 

510 

85'.  44 

- 

63.3 

35-1 

CaCl, 

1100 

110.  160.  110'.  190' 

65.7.  65.3 

63. 2  250.  250 

35-2 

CaCl,* 

1100 

190.  200.  200' 

64.5 

64. 1  270 

35-3 

CaO 

1100 

430.  450.  600' 

64.9 

65.3.  66.6  870 

40 

CaCl, 

4200 

210'.  150.  180.  230' 

62.9 

63. 3  460 

33-H 

CaO 

4200 

630*.  660.  660'.  660. 

- 

64. 3.  63. 7*  - 

(see  Fig.  5) 

670.  700*.  710 

33-liq 

Ca-Al  liq.  4200 
(see  Fig.  4(b)) 

780.  820.  920.  960 

* 

61.4,  61.5 

1  :  Analyzed  by  flaoeless  atonic  absorption  spectronetric  method. 

2  ;  Analyzed  by  inert  gas  fusion  infrared  absorption  method  using  Pt  bath. 

3  :  Analyzed  by  company  A  using  Ni  bath. 

4  :  CaCli  was  added  to  CaO  to  facilitate  reaction,  and  reacted  for  260ks. 

5  :  Ig  of  aluminum  granules  were  added  to  CaCh  flux  before  deoxidation. 

6  :  Samples  were  rinsed  with  acid  twice. 

Deoxidation  of  TiAl  Embedded  in  CaO  Powder  by  Ca-Al  Vapor  After  deoxidation 
by  Qi-Al  vapor  of  TiAl  powdeis  mixed  with  CaO,  a  soft  yellow  cake  was  obtained.  A  scan¬ 
ning  electron  micrograph  of  the  cross-sectioned  cake  which  had  been  reacted  at  1373K  for 
86.4ks,  is  shown  in  Fig.5(a).  Characteristic  X-ray  images  corresponding  to  Fig.5(a)  show  that 
the  cake  was  a  mixture  of  TiAl  powder,  CaO  and  Ca-Al  alloy,  llie  micrographs  illustrate  that 
TiAl  and  Ca-Al  alloys  are  mutually  insoluble.  The  composition  of  TiAl  powder  did  not 
change  after  reaction,  and  the  composition  of  Ca-Al  liquid  alloy  remaining  in  the  bottom  of 
the  reaction  tube  was  about  Ca-53mol%Al.  The  CaO  and  Ca-Al  alloy  in  the  cake  could  be 
easily  removed  fi'om  the  TiAl  powders  by  leaching  in  acid.  Fine  TiAl  particles  were  obtained 
as  shown  in  Fig.S(f). 

In  the  case  where  TiAl  powders  were  isolated  from  liquid  Ca-Al  alloy  by  using  CaO 
powder,  and  deoxidation  was  effected  by  Ca-Al  vapor,  particle  surface  irregularity  was 
considerably  less  than  that  of  powders  submerged  in  liquid  Cb-Al  alloy.  The  oxygen  concen¬ 
tration  of  the  isolated  powders  decreased  ftom  4200  ppm  to  about  670  ppm  for  a  reaction 
period  of  86.4ks,  and  the  amount  of  scatter  in  oxygen  concentration  among  the  analyzed 
samples  was  small,  as  shown  by  Exp.No.33-M  in  Table  n. 

As  shown  by  Exp.No.35-3  in  Table  II,  TiAl  powders  initially  containing  1100  mass 
ppm  oxygen  were  deoxidized  to  400  -  600  ppmO,  by  the  treatment  at  1373K  for  86.4ks.  The 
bulk  titanium  concentration  of  the  powders,  measured  by  flameless  atomic  absorption,  did  not 
change  during  deoxidation,  while  the  surface  concentration  of  titanium  in  the  powders  in¬ 
creased  by  1  to  2  mass%,  as  determined  by  XMA.  The  difference  between  the  bulk  and  sur¬ 
face  analytical  values  cannot  be  fully  discussed  at  this  stage  because  factors  such  as  aluminum 
depletion  at  the  surface  by  acid  leaching,  and  uncertainty  in  XMA  results  due  to  surface 
conditions,  have  yet  to  be  quantified. 

From  the  results  of  12  sets  of  different  experimental  conditions,  a  lower  initial  oxygen 
concentration  of  powder  and  a  longer  reaction  time  are  to  be  desired  in  obtaining  lower 
oxygen-containing  TiAl  powders.  These  results  also  indicate  that  the  equilibrium  oxygen 
concentration  in  TiAl  was  not  reached  under  these  experimental  conditions.  This  is  probably 
due  to  a  low  rate  of  oxygen  diffusion  in  TiAl. 
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Fig. 5  Scanning  electron  micrographs  of  TiAl  powder  -  CaO  mixture  deoxidized  by  Ca-AI 
vapor,  and  corresponding  elemental  maps;  (a)  SEM  image  of  mixture  deoxidized  at  1.^73K 
for  86.4ks.  (h)  titanium  elemental  map.  (c)  calcium,  (d)  alumi--:  i.  (c)  oxygen,  (f)  SF.M 

image  of  reacted  TiAl  following  acid  leaching  to  remove  CaO  and  Ca-Al  alloy.  Average 
oxygen  concentration  decreased  from  42(K)mass  ppmO  to  f>70  mass  ppmO.  after  reaction. 

Nitrogen  concentration  in  the  samples  was 
independent  of  the  experimental  conditions,  and 
increased  from  the  initial  value  by  .about  50  m.iss 
ppm.  Calcium  coiiccntration  of  the  TiAl  powders 
increased  to  several  hundred  mass  ppm  after 
deoxidation.  A  reaction  time  longer  than  26()ks 
was  found  to  he  undesirable  not  only  because  of 
surface  aggravation  of  the  TiAl  powders,  which 
leads  to  inclusion  of  impurities,  but  also  because 
of  aluminum  depletion  of  the  C’a-AI  alloy.  In  the 
following  section,  therefore.  CaCl,  was  used  as  a 
flu.x  to  facilitate  the  deoxidation  reaction. 

Deoxidation  of  TiAl  in  CaCU  bv  Ca-AI  Vapor 


Following  deoxidation.  TiAl  samples  were  found 
to  he  fused  in  C.iCl .  in  the  titanium  cup.  No 
metallic  calcium  from  the  Ca-AI  alloy  was 
detected  on  the  surface  of  the  fused  salts,  and  no  ^  Scanning  electron  microgr.iph 
aluminum  was  present  in  the  CaCI ..  as  determined  ^  powders  deoxidized  in  (  .it  1 . 
by  XMA.  This  was  the  case  even  when  Igof  Hfi.4ks  I  iAI 

small  pieces  of  aluminum  w.is  added  to  the  CaCI.  powders,  initially  containing  1  0 

flux  before  reaction  (bxp..\o,.^5 -2  in  Table  II).  mass  ppmO.  were  deoxidized  to 

T  iAl  particles  with  smooth  surfaces  were  obtained  70  ppm. 
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after  reaction  for  86.4ks  at  1373K.  The  fused  salt  was  easily  removed  from  the  TiAl  powders 
by  acid.  A  reaction  period  greater  than  lOOks  resulted  in  sintering  of  the  TiAl  particles,  and 
removal  of  the  flux  by  leaching  was  time  consuming. 

TiAl  powders  initially  containing  SIO,  1100  and  4200  mass  ppm  oxygen  were  deoxi¬ 
dized  to  62, 140  and  190  mass  ppm,  respectively,  by  using  CaCl2  flux  at  1373K,  as  shown  by 
Exp.No.38-U,  35-1  and  40  in  Table  II.  A  scanning  electron  micrograph  of  deoxidized  TTAl 
particles  containing  66  mass  ppmO  as  average  value  (Exp.No.38-L  in  Table  II)  is  presented 
in  Fig.6.  No  significant  change  in  morphology  of  the  particle  surface  following  deoxidation  is 
observed.  Titanium  and  nitrogen  concentrations  of  the  powder  were  unchanged,  whereas 
calcium,  initially  present  in  trace  amounts,  increased  to  160  mass  ppm  by  the  deoxidation 
treatment. 

Among  the  many  conditions  investigated  in  this  study,  the  method  using  CaCl2  flux 
was  the  most  effective  in  obtaining  low-oxygen  TiAl  powders. 

Conclusions 

Removal  of  oxygen  in  titanium  aluminide  (TiAl)  by  reaction  with  chemically  active 
calcium-aluminum  alloy  was  canied  out  around  1373K  with  the  purpose  of  obtaining  extra- 
low-oxygen  TiAl. 

The  deoxidation  experiments  were  preceded  by  an  investigation  of  phase  equilibria  of 
the  Ti-Al-Ca  system  at  1273  and  1373K.  The  compositions  of  (^-Al  alloys  used  as  deoxi- 
dant,  which  equilibrate  with  TLAl,  and  the  experimental  conditions  suitable  for  the  deoxida¬ 
tion  were  examined. 

In  experiments  in  which  Ti-Al  samples  were  submerged  in  liquid  Ca-AI  alloys  at 
1373K,  the  surface  of  the  samples  severely  deteriorated  and  beume  nodular.  To  prevent  this 
surface  deterioration,  Ca-AI  alloy  deoxidant  was,  in  most  cases,  supplied  to  the  TiAl  samples 
in  vapor  form.  As  oxygen  diffusion  in  TiAl  is  slow,  samples  in  powder  form  were  mainly 
used  m  the  deoxidation  experiments  to  minimize  the  time  r^uired  for  reaction. 

When  TiAl  powder  was  mixed  with  CaO,  and  the  deoxidant  was  supplied  in  vapor 
form,  powders  initially  containing  510, 1100  and  4200  ppmO  were  deoxidized  to  about  160, 
490  and  670  ppmO,  respectively,  after  deoxidation  at  1373K  for  86.4ks. 

Among  many  conditions  tested,  utilization  of  TiAl  powders  mixed  with  CaCl2  proved 
to  be  the  most  effective  for  deoxidation  at  1373K.  CaQj  was  used  as  a  flux  to  facilitate  the 
deoxidation  by  decreasing  the  activity  of  the  reaction  product  CaO.  TiAl  powders  mixed  with 
CaCl2  and  reacted  with  Ca-AI  vapor  at  1373K  for  86.4ks,  were  deoxidized  to  levels  of  62, 
140  and  190  mass  ppmO  from  initial  concentrations  of  510,  1100  and  4200  mass  ppmO, 
respectively.  No  significant  change  in  morphology  of  the  particle  after  deoxidation  was 
observed.  The  titanium  and  nitrogen  concentrations  of  the  powders  remained  unchanged, 
whereas  calcium,  initially  present  in  trace  amounts,  increased  to  160  mass  ppm  by  the  deoxi¬ 
dation  treatment. 
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Abstraa 

The  influence  of  test  temperature  and  environment  on  the  fatigue  crack  growth  resistance  of  a 
commercial  TisAl  based  alloy  ("Super  a2")  has  been  studied  for  a  single  microstructural 
condition.  At  the  test  temperature  of  4(X)°C.  crack  growth  rates  both  in  air  and  vacuum  are 
similar  and  a  reduction  in  the  slope  of  the  fatigue  crack  growth  resistance  curves  ate  observed. 
Effects  of  environment  ate  seen  at  the  test  temperature  of  700®C.  Crack  growth  rates  observed  in 
air  ate  faster  than  those  obtained  in  vacuum,  particularly  at  low  cyclic  frequency  of  loading. 
Possible  mechanisms  of  environmental  interaction  ate  discussed  briefly. 

Introduction 

In  recent  years  there  has  been  increasing  interest  in  the  possibility  of  using  intermetallic  materials 
for  high  temperature  applications  ( 1 ,2).  The  most  developed  of  these  materials  to  date  ate  those 
based  on  the  titanium  iduminide  intetmetallics  TLAl  and  Ti3Al.  The  T13AI  alloys  such  as  Ti-25A]- 
10Nb-3Mo-lV  and  Ti-24Al-llNb  (atomic  %)  (3,4)  have  been  the  subj^t  of  wide-ranging 
research  around  the  world.  A  variety  of  processing  routes  have  been  investigated  and  a  number 
of  trial  components  have  been  produced.  However,  the  environment  in  which  these  materials  ate 
to  serve  is  an  exacting  one  and  the  resistance  of  these  materials  to  environmental  attack  may  be 
critical.  Fatigue  crack  growth  resistance  can  be  strongly  influenced  by  environment  and  therefore 
fatigue  properties  must  be  investigated  with  respect  to  the  envisaged  operating  environment 
This  current  paper  addresses,  in  particular,  fatigue  crack  propagation  at  elevated  temperatures. 
One  major  problem  for  02  based  alloys  is  their  relatively  poor  oxidation  resistance  at 
temperatures  of  650°C  and  above  (3.5).  Therefore,  their  resistance  to  crack  growth  under  both 
static  and  cyclic  loading  at  such  temperatures  is  of  concent  and  requires  careful  study. 

Experimental 

Tests  have  been  performed  on  "Super  02"  (Ti-25Al-10Nb-3Mo-lV  atomic  %)  cut  from  a  a2+  P 
roiled  plate  processed  by  Timet  Inc.,  USA.  Specimens  were  heat-treated  as  oversized  blanks.  A 
solution  treaunent  of  1  h  at  lOSO^C  was  followed  by  air-cooling  to  room  temperature. 
Subsequently,  test  pieces  were  aged  at  8S0*C  for  2  h  followed  by  air-cooling  to  room 
temperature.  Surface  grinding  to  a  depth  of  2mm  ensured  the  removal  of  any  oxidation  products 
formed  during  heat-treatment.  Tensile  properties  and  fracture  toughness  values  are  given  in 
Table  I,  for  this  condition  at  ambient  temperature  and  700°C. 

Titontum  "92 
Sdano*  and  Tachnolonr 
EdHid  by  F.H.  Frew  and  I.  Coplan 
Tha  Minatab.  Motob  A  Mamiab  Sociaiy,  1993 
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Table  I  -  Tensile  properties  of  (he  otanium  aluminide  alloy  Super  oi- 


Microstrtictural 

Condition 

Temperature 

("C) 

0.1%  Proof  Stress 
(MPa) 

UTS 

(MPa) 

Elong. 

% 

Fracture 
toughness 
(MPaV  m) 

20r 

910 

1064 

1.7 

17 

a  2+  transformed  f 

400<C: 

656 

1041 

8 

— 

700°C 

488 

851 

7 

51 

Fatigue  crack  propagation  tests  were  carried  out  at  room  temperature  on  an  Amsier  Vibrophore 
electromagnetic  resonant  testing  machine  at  a  frequency  of  approximately  70  Hz.  and  on  an  ESH 
servo-hydraulic  testing  machine  at  test  temperatures  of  400  and  TOO^C  and  at  a  frequency  of  20 
Hz.  Tests  at  400  and  700°C  were  performed  in  both  air  and  in  vacuum  (of  better  than  10-4 
mbar).  Tests  were  also  carried  out  at  two  lower  frequencies  of  1  and  O.lHz  in  air  and  at  a 
frequency  of  1  Hz  in  vacuum,  at  (he  single  test  temperature  of  700®C.  All  tests  were  carried  out  at 
a  low  stress  ratio,  R  =  0. 1,  where  R  is  the  ratio  of  Kaut/Kmax  and  Kmin,  Kmax  are  the  minimum 
and  maximum  values  of  the  applied  stress  intensity  over  the  fatigue  cycle.  In  all  tests  crack 
growth  was  monitored  by  the  direct  current  potential  drop  metht^.  All  tests  were  performed 
under  constant  cyclic  load  conditions  i.e.  increasing  AK  with  crack  growth. 

Optical  micrographs  were  taken  after  mechanical  polishing  and  etching  in  Krolls  II  reagent. 
Fracture  surfaces  were  examined  using  an  Hitachi  field  emission  gun  scanning  electron 
microscope,  operating  at  0°  tilt  and  20  kV  operating  voltage. 

Re.sulis 

The  microstruciure  after  heat-treatment  is  shown  in  Figure  1.  It  consists  of  primary  02 
precipitates  (light  regions)  of  size  5-20  pm  and  volume  fraction  approximately  20%,  in  a 
transformed  fl  matrix  with  a  average  grain  size  of  approximately  30  pm.  The  structure  of  the 
U'ansfoimed  p  was  unresolvable  optically. 

Fatigue  crack  growth  resistance  curves  are  shown  in  Figure  2, 3  and  4  for  tests  performed  at  20, 
400  and  700°C.  in  air  and  in  vacuum.  It  is  noted  that  the  increase  in  temperature  from  20  to 
400°C  results  in  a  reduction  in  the  dependence  of  the  crack  growth  rates  on  the  applied  stress 
intensity  range.  However,  with  a  further  increase  in  temperature  to  700'’C  in  air  the  dependence 
of  crack  growth  rate  on  the  applied  stress  intensity  range  increases  once  more.  If  a  Paris- 
Erdogan  law  of  the  type 


da/dN  =  A  AK™ . (1) 

is  assumed,  where  A  and  m  are  materials  constants,  then  values  of  A,  m  are  given  in  Table  II. 


1,220 


Table  II  -  Constants  derived  from  empirical  power  law  equations  describing  crack  growth. 


Microstnictural  Temp. 

Condition  C'C) 


Frequency  Environment 
(Hz) 


A 

(mm/cycle) 


1.3E-13  5.1 


1.75  E-07 


Vacuum  I  3.22  E*  10 


1.53  E-08  4.0 


Vacuum  I  4.93  E-08 


8.77  E-08 


2.82  E-08  5.1 


Vacuum  5.26  E-08  2.8 


Also  shown  in  Table  2,  are  the  materials  constants  obtained  for  fatigue  crack  growth  at  low 
frequencies  both  in  air  and  vacuum  at  700°C.  Crack  growth  resistance  curves  obtained  at  700‘’C 
at  several  test  frequencies  ate  shown  in  figure  4  and  where  it  can  be  seen  that  crack  growth  rates 
measured  under  vacuum  conditions  are  slower  than  those  obtained  in  air,  especially  at  low  test 
frequencies. 

Fatigue  surfaces  tend  to  be  flat  and  featureless,  see  figure  5.  for  tests  performed  at  both  400  and 
700®C,  in  air  and  in  vacuum.  Thus  crack  growth  does  not  appear  to  depend  directly  upon 
underlying  microstructure. 

Di.scus.sion 

It  may  be  deduced  from  the  reduction  in  the  Paris  exponent.  Table  II,  observed  for  tests 
performed  in  air  as  the  test  temperature  is  increased  from  20  to  400°C,  that  this  increase  in 
temperature  may  lead  to  the  introduction  of  a  more  plastic  fatigue  mechanism  than  the  essentially 
brittle  mechanism  proposed  at  20°C  in  such  materials  (6,7).  It  is  observed  that  the  yield  stress 
undergoes  a  marked  reduction  at  a  test  temperature  of  4()0°C,  Table  I  (8)  and  this  is  broadly  in 
line  with  other  work  which  shows  an  increase  in  dislocation  activity  at  higher  temperatures 
(9,10).  Such  an  increase  in  the  amount  of  slip  would  then  allow  the  operation  of  traditional 
reversed  plasticity  fatigue  crack  growth  mechanisms  and  hence  a  reduction  in  the  Paris  exponent 
would  be  expected  with  an  increase  in  test  temperature  and  this  is  indeed  observed.  Table  II,  if 
environmental  attack  is  minimal,  i.e.  as  in  vacuum  and  at  a  test  temperature  of  400°C  in  air.  One 
interesting  and  unusual  observation  is  that  fatigue  crack  growth  resistance  curves  cross  as  the  test 
temperature  is  raised  from  20  to  4(X)°C  in  air,  figure  2.  This  implies  that  crack  growth  at  a  test 
temperature  of  400°C  and  low  AK,  i.e.  <  li.5MPaVm,  is  actually  faster  than  at  room 
temperature.  Without  near  threshold  crack  growth  data  it  is  unclear  at  this  stage  whether  this 
relates  to  a  higher  crack  threshold  for  the  brittle  mechanism  of  crack  growth  proposed  at  20°C 
(6,7)  or  whether  it  is  simply  a  natural  consequence  of  a  change  in  fatigue  mechanism. 

At  the  test  temperature  of  400°C  the  effect  of  environment  on  fatigue  crack  propagation  rates  is 
minimal  with  growth  rates  observed  to  be  very  similar  both  in  air  and  in  vacuum.  This  is  in 
strong  contrast  with  the  effect  observed  at  7(X)°C.  where  the  growth  rates  in  air  are  up  to  an  order 
of  magnitude  higher  than  those  measured  in  vacuum  for  a  given  value  of  AK.  It  is  clear, 
therefore,  that  the  environment  has  a  strong  effect  on  fatigue  crack  resistance  in  these  alloys  at 


temperatures  of  around  700°C.  Previous  studies  (3,5.8)  have  shown  that  the  oxidation 
properties  of  this  material  are  a  matter  for  some  concern  at  these  temperatures  and  this  is  again 
reflected  here.  At  low  frequencies,  i.e.  1  Hz,  in  air  the  fatigue  crack  growth  rates  are  observed  to 
be  far  faster  than  those  observed  at  20  Hz.  This  effect  could  feasibly  be  the  result  of  creep 
fatigue  interactions  and  /  or  further  oxidation  attack.  However,  testing  at  700°C  in  vacuum  at 
IHz  gives  fatigue  crack  growth  rates  that  are  only  slightly  higher  than  those  observed  at  20  Hz  in 
vacuum  at  this  temperature.  Hence  it  is  clear  that  increased  crack  growth  rates,  da/dN,  at  the 
lower  test  frequency  of  1  Hz  are  a  result  of  external  environmental  attack.  Some  evidence  of  an 
a2  case  has  been  observed  after  testing  it  is  likely  that  the  material  around  the  crack  tip  has 
become  saturated  with  oxygen  during  testing.  Such  material  has  been  found  to  be  more 
susceptible  to  crack  growth  under  creep  conditions  (8).  At  lower  test  frequencies  the  material 
will  plausibly  have  a  longer  time  to  become  embrittled  ahead  of  the  crack  tip  before  crack  advance 
by  mechanical  fatigue.  However,  these  individual  crack  growth  increments  through  embritded 
material  may  then  extend  further  in  one  mechanical  fatigue  cycle  and  indeed  crack  growth  rates 
with  respect  to  time  are  actually  observed  to  be  closely  similar  at  IHz  and  20Hz  in  air  at  700°C 
(11).  In  the  present  work  as  the  cyclic  frequency  is  reduced  further  to  0. 1  Hz,  for  tests  at  700‘’C 
in  air,  no  further  increase  in  crack  growth  rate,  da/dN,  above  that  observed  at  IHz  are  seen, 
figure  (S).  This  unusual  observadon  appears  to  suggest  that  the  embrittlement  apparenUy  reaches 
a  limit  with  dme  prior  to  crack  advance  by  mechanical  fatigue.  It  is  difficult  to  rationalise  this 
result  unless  the  rate  of  ingress  of  aggressive  species  (presumably  oxygen)  itself  becomes  self 
limiting.  Oxide  induced  closure  arguments  are  difficult  to  sustain  over  the  enure  range  of  AK 
applied  and  for  tests  performed  at  a  constant  applied  cyclic  load  range.  One  mechanism  might 
involve  the  build  up  of  an  oxide  layer.  In  other  work  the  oxide  layers  formed  by  this  alloy  have 
been  shown  to  be  more  coherent  than  that  formed  by  uadidonal  titanium  alloys  (12)  and  hence 
suffer  less  spalling.  The  effect  of  this  can  be  to  severely  limit  the  supply  of  oxygen  available 
unless  the  oxide  is  disrupted  mechanically.  Hence,  there  are  two  compedng  effects:  the  effect  of 
the  oxygen  which  promotes  the  formation  of  less  crack  resistant  material  that  accelerates  crack 
growth  rates  and  that  of  oxide  layer  build  up  which  may  limit  the  diffusion.  Based  on  the  work 
presented  here,  it  would  be  predicted  that  at  7()0®C  in  air,  further  reductions  in  test  frequency 
below  0.  IHz  would  not  result  in  increased  crack  growth  rates,  da/dN. 

Conclusions 

Test  temperature  has  a  strong  influence  on  the  crack  growth  properties  of  Super  ai-  With  test 
temperature  increase  from  20  to  400’’C,  a  marked  reduction  in  the  slope  of  the  crack  growth 
resistance  curve  is  observed  and  crack  growth  rates  are  similar  in  both  air  and  vacuum.  With 
further  in  test  temperature  to  700'’C,  an  influence  of  the  environment  is  observed,  with  crack 
growth  rates  in  air  faster  than  those  in  vacuum.  Such  effects  of  environment  are  more 
pronounced  at  a  low  cyclic  frequency  of  IHz,  but  a  decrease  in  cyclic  to  0.  IHz  does  not  increase 
crack  growth  rates  further. 
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Figure  1  -  Optical  micrograph  of  the  as  heat  treated  az  +  fully  transformed  3 
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ure  2  -  Fatigue  crack  growth  resistance  curves  at  test  temperatures  of  20, 400  and  700°C  in 

air. 


Figure  3  -  Fatigue  crack  growth  resistance  curves  at  4(X)°C  in  air  and  in  vacuum. 
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Figure  4  -  Fatigue  crack  growth  resistance  curves  at  700°C  in  air  and  in  vacuum. 
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Figure  5  -  The  fracture  surface  after  fatigue  testing  at  R  =  0. 1  in  air  at  TOO'C. 
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Abstract 

The  fatigue  crack  growth  resistance  of  an  experimental  alloy  based  on  an  az  titanium 
aluminide  (TisAl),  with  and  without  the  addition  of  molybdenum  (Mo),  has  been  assessed  at 
ambient  temperature  and  600"C.  The  importance  of  monotonic  modes  of  failure  during  cyclic 
loading  at  ambient  temperature  has  been  demonstrated  and  a  mechanism  of  crack  growth 
involving  cleavage  steps  through  02  laths  followed  by  fatigue  through  the  surrounding  ^  phase 
has  been  proposed.  The  addition  of  Mo  refines  the  microstructural  scale  significantly  but  does 
not  appear  to  affect  the  fatigue  crack  growth  rate.  At  600'C  fatigue  proceeds  predominantly  by 
a  classical  reverse  plastic  flow  mechanism,  with  striations  evident  on  the  fracture  surface. 


Introduction 

Titanium  aluminides  are  an  important  class  of  intermetallic  compounds  developed  to 
satisfy  the  demands  of  the  aerospace  industry  for  low  density  materials  with  high  temperature 
strength.  To  fulfil  their  potential  as  replacement  materials  for  some  of  the  super-alloy 
components  in  gas  turbine  engines,  such  materials  must  have  roughly  the  same  mechanical 
properties  and  oxidation  resistance  as  nickel-based  super-alloys  but  should  possess 
considerable  weight  advantages  over  these  more  conventional  engine  materials  1*1. 

The  ordered  intermetallic  compounds  TiaAl  (02)  and  TiAl  (y)  have  been  studied 
extensively  in  recent  years.  Both  possess  good  high  temperature  strength  and  modulus 
retention,  but  their  use  is  currently  limited  by  poor  toughness  and  low  ductility  at  room 
temperature.  Alloying  Ti3Al  with  niobium  (Nb)  results  in  a  significant  improvement  in  room 
temperature  ductility  and  strength.  The  Nb  stabilises  the  p  phase  and  acts  to  increase  non-basal 
slip  activity  I^l.  TiaAl-Nb  alloys  form  the  basis  of  current  research  into  a2-based  titanium 
aluminides.  Two  commercial  alloys  based  on  this  system  have  been  produced:  Ti-24A1-1  INb, 
and  Ti-25Al-10Nb-3V-lMo  ("Super  02"). 

One  factor  which  hinders  the  application  of  a2-based  titanium  aluminides  is  their 
oxidation  resistance.  Although  better  than  conventional  titanium  alloys,  the  02  titanium 
aluminides  do  not  have  the  required  oxidation  resistance  to  challenge  the  supremacy  of  nickel- 
based  super-alloys  in  the  hotter  parts  of  a  gas  turbine  engine.  Alloys  based  on  the  y  aluminide 
(TiAl)  have  much  better  high  temperature  potential,  but  a  successful  way  of  improving  both 
very  poor  room  temperature  ductility  and  low  fracture  toughness  has  not  yet  emerged. 

The  research  effort  directed  toward  titanium  aluminide  development  over  the  past  two 
decades  has  made  the  incorporation  of  a2-based  alloys  in  some  non-critical  components  a 
practical  possibility.  The  processing  of  these  alloys  into  thin  foil  has  also  produced  a  use  as  a 


Tilonivm  '92 
Sci«nc«  and  T«chnob^ 

£dittd  by  F.H.  Froei  w>d  I  Caplon 
The  MinoraU,  ^tol$  &  Mottriob  Socitty,  1 993 

1,227 


low  density  matrix  for  intennetallic  matrix  composites,  which  offer  further  weight  and 
performance  advantages  over  conventional  materials. 


Experimental 

The  materials  under  investigation  in  this  present  study  are  based  on  the  intermetallic 
compound  TisAl  and  form  part  of  an  alloy  development  programme  being  carried  out  at  DRA 
Aerospace  Division  Tlie  base  alloy  composition  for  the  development  programme,  Ti- 
23A1-1  lNb-0-9Si  (atomic  %)  has  shown  potential  for  reasonable  room  temperature  elongation 
(up  to  3%)  and  excellent  creep  rupture  strength  (in  excess  of  1(X)0  hours  at  62S‘C  and  2%MPa 
stress).  Another  alloy  containing  molybdenum  (Mo),  of  composition  Ti-23Al-9Nb-2Mo- 
0-9Si  has  also  been  investigated  as  part  of  this  present  study.  The  thermo-mechanical 
processing  route  employed  for  these  alloys  involves  extrusion  of  the  cast  ingots  at  1 180*C  (in 
the  p  phase  Held),  followed  by  carefully  controlled  heat  treatments  to  produce  microstnictures 
both  with  and  without  regions  of  allotriomorphic  02.  Tensile  properties  have  been  determined 
for  all  such  heat  treatments  ('*1,  but  crack  growth  studies  have  concentrated  initially  on  p- 
solution  treatments.  The  base  alloy  composition  has  been  studied  in  two  heat  treated 
conditions:  (i)  1150‘C  for  1  hour  followed  by  ageing  at  625‘C  for  2  hours,  (ii)1150'C  for  1 
hour  followed  by  ageing  at  800*C  for  1  hour.  The  Mo  containing  alloy  has  b^n  examined  to 
date  in  the  second  of  these  two  conditions  only.  These  heat  treatments  result  in  a 
Widmanstatten  'basket- weave'  type  of  microstiucture.  This  microstructure  provides  optimised 
creep  rupture  strength  at  the  expense  of  a  small  reduction  in  both  tensile  strength  and 
elongation  to  failure  ^'*1. 

Single  edge  notched  (SEN)  test  specimens  were  prepared  from  SOxlOxlOmm^  blanks 
cut  from  the  50mm  diameter  extruded  bar  by  electrical  discharge  machining.  A  notch  of 
2- 5mm  depth  was  put  into  one  side  using  a  ISOfjm  thick  diamond  blade.  Some  specimens  were 
mechanically  polished  subsequently  on  one  or  both  faces  and  etched  using  Krolls  reagent 
Fatigue  tesing  at  room  temperature  was  carried  out  in  three-point  bending  on  an  Amsler 
Vibrophore  electro-magnetic  resonance  machine  at  a  frequency  of  approximately  60Hz.  A 
reliable  pre-cracking  routine  was  established  with  crack  growth  initiated  and  continued  a  short 
distance  of  about  2(W)xm  at  a  stress  intensity  range  (AK)  of  lOMPaVm,  and  at  a  R  ratio  of  0-1- 
0  2  (where  R  is  the  ratio  of  minimum  to  maximum  stress  intensity  applied  during  the  fatigue 
cycle).  Once  initiation  had  occurred  the  loads  were  reduced  quickly  by  ^10%  and  die  pre-crack 
grown  a  further  distance  of  0-5-lmm,  typically  finishing  at  a  AK  viue  of  5-6MPa\m.  The 
crack  was  then  grown  under  a  constant  load  range  so  that  AK  increased  as  the  crack  length 
increased.  High  temperature  fatigue  crack  grovvlh  tests  were  mostly  conducted  in  air  in  a 
controlled  environment  chamber  attached  to  an  ESH  servo-hydraulic  machine  operating  at  a 
frequency  of  20Hz,  although  some  testing  was  carried  out  using  a  furnace  attached  to  a 
Vibrophore  machine.  Pre-cracks  were  grown  at  room  temperature  in  the  same  manner  as  on 
the  Vibrophore  machines,  and  then  the  specimens  were  heated  to  600’C  before  the  crack  was  I 
grown  out  at  a  constant  load. 

Monitoring  of  crack  growth  for  all  the  room  temperature  tests  and  most  of  the  elevat^  i 

temperature  tests  was  carried  out  using  a  direct  current  potential  difference  technique.  This 
allows  for  continuous  crack  growth  monitoring  and  gives  an  average  through  thickiiess  crack 
length  rather  than  relying  on  surface  observations  alone.  For  tests  performed  at  high 
temperatures  on  the  Amsler  Vibrophore  the  close  fitting  funace  did  not  allow  the  use  of  the 
potential  difference  technique.  In  this  case  an  optical  system  151  was  used  to  provide  in-situ 
observations  of  crack  growth. 

A  detailed  examination  of  the  fracture  surfaces  was  carried  out  on  an  ISI  lOOA  scanning 
electron  microscope  (SEM),  operating  at  0"  tilt,  20kV,  and  an  Hitachi  S2000  FEG  SEM  under 
similar  operating  conditions.  In  addition,  some  metallographic  sections  cut  transverse  to 
fracture  surfaces  were  also  examined. 
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The  optical  and  SEM  micrographs  in  Figure  1  show  the  'basket  weave'  microstnictures 
of  Ti-23Al-llNb-0-9Si  and  Ti-23Al-9Nb-2Mo-0-9Si  in  the  p  heat  treated  conditions. 
Qualitative  energy  dispersive  X-ray  (EDX)  analysis  on  the  62S‘C  aged  condition  has  shown  a 
composition  difference  between  the  laths  which  compose  the  majority  of  the  structure  and  the 
thin  region  surrounding  each  lath  (the  dark  and  light  regions  of  Figure  lb  respectively).  This 
surrounding  region  is  richer  in  niobium  but  has  a  lower  aluminium  content  compared  to  the 
centre  of  the  laths.  Examination  of  foils  in  a  transmission  elecu-on  microscope  (TEM)  has 
shown  this  surrounding  phase  to  be  retained  p.  There  is  little  discernible  difference  at  an 
optical  level  between  the  microstructures  for  the  base  alloy  in  both  ageing  conditions. 
However  the  addition  of  Mo  refines  the  microstructure  extensively. 


Figure  1  -  Microstnictures  of  a),  b)  base  alloy  in  the  625'’C  aged  condition,  c)  base  alloy  in  the 
SOO’C  aged  condition,  d)  Mo  containing  alloy  in  the  SOO’C  aged  condition. 


The  fatigue  crack  growth  resistance  results  are  shown  in  Figures  2  and  3.  A  comparison 
of  ageing  temperatures  in  the  base  alloy  (Figure  2)  shows  that  a  marginal  improvement  in  room 
temperature  fatigue  crack  growth  resistance  is  exhibited  at  the  lower  ageing  temperature.  At 
bOO’C  the  improvement  appears  to  be  more  substantial  with  the  materia!  aged  at  625°C 
providing  increased  resistance  to  crack  growth.  The  slope  of  the  elevated  temperature  crack 
growth  resistance  is  different  markedly  from  that  obtained  at  room  temperature  which  is 
consistent  with  a  change  in  mechanism  of  crack  growth.  The  addition  of  Mo  to  the  base  alloy 
would  appear  from  Figure  3  to  have  little  effect  on  fatigue  crack  growth  behaviour  at  either 
room  temperature  or  at  the  test  temperature  of  bOO'C. 

Fractographs  of  the  room  temperature  fatigue  surfaces  of  all  three  alloy  conditions  are 
shown  in  Figure  4.  The  scale  of  features  of  the  Mo  alloy  fatigue  surface  are  much  finer  than 
those  of  the  others,  consistent  with  the  finer  scale  of  the  underlying  micro.structure.  Some  areas 
of  the  room  temperature  fatigue  surfaces  in  the  base  alloy  show  periodic  steps  of  sizes  ranging 
from  about  l-3pm  (most  clearly  evident  in  Figure  4a,  and  also  observed  in  studies  on  Super  02 
161),  and  which  could  be  construed  to  correspond  to  individual  increments  of  crack  growth. 
Indeed,  clear  evidence  of  cleavage  of  the  laths  has  now  been  obtained  fractographically  (Figure 
4b).  At  elevated  temperature  the  fatigue  surfaces  of  the  ba.se  alloy  compo.sition  shows 
striations  clearly  (Figure  5).  The  Mo  alloy  docs  not  appear  to  show  jsuch  features,  and  the 
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Figure  2  -  Fatigue  crack  growth  rates  versus 
stress  intensity  range  for  the  base  alloy  in  two 
different  ageing  conditions  tested  at  room 
temperature  and  at  600"C. 


Figure  3  -  Fatigue  crack  growth  rates  versus 
stress  intensity  range  for  the  base  alloy  and 
Mo  containing  alloy  both  in  the  80O‘C  aged 
condition  tested  at  room  temperature  and  at 
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Figure  4:  SEM  fractographs  of  room  temperature  fatigue  in  a)  base  alloy,  aged  at  625'C,  b) 
base  alloy,  aged  at  800”C,  c)  Mo  containing  alloy,  aged  at  800"C. 
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fracture  surface  (a  representative  area  of  which  is  shown  in  Figure  Sb)  has  a  very  diferent 
appearence  from  that  of  the  base  alloy.  Measurement  of  the  striaiion  spacings  at  different 
levels  of  stress  intensity  in  one  of  the  base  alloys  shows  very  good  agreement  with  observed 
crack  growth  rates  (Figure  6). 


Figure  5;  SEM  fractographs  of  fatigue  at  600°C  in  a)  base  alloy,  b)  Mo  containing  alloy. 
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Figure  6;  A  comparison  of  fatigue  crack  growth  rate  versus  stre.ss  intensity  range  for  the  base 
alloy  aged  at  625"C,  measured  by  in-situ  optical  oKservations  and  striation  spacings  after 

failure. 


Pistussifln 

At  room  temperature,  the  brittle  appearence  of  the  fatigue  surfaces  for  all  three  alloy 
conditions  combined  with  the  steep  .slopes  of  the  fatigue  crack  growth  rcsi.stance  curves 
.sugge.sts  that  monotonic  modes  of  failure  may  be  important  to  the  fatigue  crack  growth 
mechanism.  Earlier  work  has  .shown  that  there  is  a  .significant  effect  of  mean  stress  on  the 
fatigue  crack  growth  in  the.se  alloys  PI  and  this  implies  that  the  value  of  Kmax  (a  monotonic 
parameter)  plays  an  important  role.  The  step-like  growth  patterns  ob.served  in  places  on  the 
surface  of  ba.se  alloy  specimens  tested  at  room  temperature  is  reflected  in  a  sectioned  fracture 
surface  micrographs  shown  in  Figure  7a.  and  it  has  been  suggested  that  crack  growth  occurs  by 
cleavage  steps  across  the  02  laths  which  arc  stopped  by  the  intervening  retained  p  phase  PI. 
Figure  lb  also  shows  a  secondary  microcrack  behind  the  main  fatigue  crack  surface  where  it  is 
possible  to  see  a  ductile  p  ligament  still  bridging  the  crack.  Since  the  individual  crack  growth 
increments  across  02  laths  arc  larger  than  the  measured  crack  increment  per  cycle,  da/dN,  then 
it  can  plausibly  be  deduced  that  crack  advance  mu.st  involve  fatigue  through  the  surrounding  p 
phase. 
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If  a  mechanism  dominated  by  cleavage  increments  across  the  a2  laths  was  operating  in 
these  materials  then  it  would  be  expected  that  a  finer  lath  size  might  retard  the  fatigue  crack 
growth  rate  since  the  individual  increments  of  crack  growth  would  be  smaller.  The  addition  of 
Mo  has  the  effect  of  significantly  reducing  the  microstructural  scale  (Figure  1).  and  yet  there  is 
no  difference  in  the  observed  crack  growth  rales  between  this  alloy  and  the  base  alloy  in  the  p 
heat  treated  condition.  It  seems  likely  that  the  precise  character  of  the  p-phase  surrounding  the 
laths  could  affect  crack  growth  rates.  As  a  p  stabilising  element,  the  Mo  should  be  found 
preferentially  in  the  p  phase,  and  as  such  will  be  expected  to  influence  the  properties  of  this 
phase.  Indeed,  initial  fractographic  evidence  suggests  that  cracks  can  propagate  across 
individual  laths  in  the  Mo  containing  alloy  in  a  more  continuous  fashion  than  in  the  base  alloy, 
compare  Figure  4b  and  c,  but  further  work  is  required  to  confirm  these  preliminary 
observations.  (Under  fast  fracture  conditions  the  cleavage  of  groups  or  packets  of  laths  is 
oh.served  for  the  Mo  containing  alloy  as  distinct  from  the  cleavage  of  individual  laths  for  the 
base  alloyl^l) 


Figure  7;  SEM  micrographs  of  the  sectioned  fatigue  surface  of  the  base  alloy  aged  at  625’C. 


At  elevated  temperatures  the  dominant  mechanism  of  failure  in  the  base  alloy  would 
appear  to  be  on  of  classical,  reverse  plastic  flow,  and  which  produces  striations  on  the  fatigue 
surface.  Striations  have  been  observed  to  a  certain  degree  in  Ti3AI  at  700”C  1®1,  but  the  extent 
to  which  they  are  exhibited  here  suggests  significant  plasticity  at  the  lower  test  temperature  of 
600”C.  At  this  stage  it  remains  an  interesting  ob.scrvation  only  that  striations  are  not  seen  for 
the  Mo  containing  alloy  under  similar  lest  conditions,  and  that  the  addition  of  Mo  appears  to 
change  the  fracture  surface  morphology.  The  origin  of  such  changes  is  yet  to  be  established. 


Conclusions 

1.  There  is  little  effect  of  ageing  temperature  on  the  fatigue  crack  growth  rates  at  room 
temperature  in  the  base  alloy  composition.  Both  02  lath  width  and  the  retained  p  phase  are 
deduced  to  be  important  in  (he  mechanism  of  crack  growth.  The  addition  of  Mo  to  the  base 
alloy  significantly  refines  the  lath  width,  but  crack  growth  rates  at  room  temperature  are 
unaffected. 

2.  At  the  elevated  temperature  of  600'C  a  continuum  reverse  plasticity  mechanism  of 
crack  growth  dominates  in  the  base  alloy.  Measurements  of  striation  spacings  are  closely 
similar  to  the  observed  crack  growth  rate  per  cycle.  The  addition  of  Mo  does  not  change  the 
observed  crack  growth  rates  but  does  produce  a  change  in  fracture  surface  morphology  and 
striations  are  no  longer  obvious  on  the  fatigue  fracture  surface. 
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ABSTRACT 

The  properties  of  the  Ti  aluminides  are  critically  dependent  upon  the  thermomechanical 
processing  route  as  well  as  upon  the  composition  of  the  alloy  and  the  aim  of  the  present 
programme  is  to  determine  the  influence  of  these  par^eters  on  the  properties  of  plaana 
melted  material.  The  Ti  aluminide  used  in  this  investigation,  which  is  part  of  a  larger 
programme  aimed  at  optimising  the  structure  and  properties  of  Ti  aluminides,  has  a 
composition  of  Ti-25Al-10Nb-3V- 1  Mo  (at.%).  The  microsmictures  of  samples  heat 
treated  and  forged  using  different  themiomechanical  processing  routes  have  been  assessed 
using  optical  microscopy  and  analytical  transmission  electron  microscopy.  The  room 
temperature  mechanical  propenies  have  been  assessed  using  tensile  tests  and  the  propeities 
interpreted  in  temis  of  the  microstructure  and  processing  route  used  to  produce  the 
microstructure. 


INTRODUCTION 

Ti3AI-based  titanium  aluminides  are  potential  aerospace  engine  materials  because  of 
superior  creep  resistance  combined  with  low  density  1 1  -4).  However,  these  materials  have 
low  toughness  and  ductility  at  ambient  temper.uure|2,4J.  There  have  been  considerable 
efforts  toward  improving  room  tempera  ure  ductility  and  toughness  without  sacrificing 
good  mechanical  properties  at  elevated  temperatures  for  the  last  two  decades.  The  second 
generation  TijAl  based-titanium  aluminide,  super  a2  CTi-25Al-10Nb-3V-lMo  (aL%) ), 
has  shown  very  promising  mechanical  properties  at  room  temperature  and  at  high 
temperatures.  This  alloy  is  analogous  to  ot/p  titanium  alloys  in  terms  of 
microstructure/property  relationship.Thercfore  the  mechanical  properties  of  the  alloy  are 
strongly  dependent  on  microstructure  and  hence  on  thermomechanical  processing  (TMP) 
route.  Previous  research  workers  have  achieved  significant  microstructural  variations  such 
as:  primary  a2  volume  fraction,  secondtu-y  a2  plate  morphology  and  the  presence  of  ^ 
grains,  by  various  TMP  routes  (8- 1()|.  Quite  a  few  studies  have  been  undertaken  to  gain 
an  understanding  of  the  relationship  between  microstructure  and  mechanical  properties  at 
both  room  and  elevated  temperatures  on  various  Ti3Al-based  intermetallic  alloys  made  by 
vacuum  arc  remclting<VAR)|  1 1- 16|.  Furthemiore,  it  has  been  found  that  the  oxygen  level 
in  these  alloys  has  a  significant  effect  on  mechanical  properties  and  high  oxygen  content 
usually  results  in  low  ductility  at  room  temperature.l  17|  Therefore  the  ductility  of  these 
alloys  can  be  significantly  improved  by  reducing  the  oxygen  level  in  these  alloys  during 
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casting.  Plasma  arc  melting(PAM)  technique  is  a  recently  developed  clean  melting 
technique  for  advanced  materials  and  super  a2  with  low  oxygen  may  be  easily  obtained 
by  PAM,  provided  the  feedstock  is  low  in  oxygen. 


In  this  paper  the  mictostructures  and  properties  of  super  a2  alloy  made  by  VAR  are 
compared  with  those  of  an  alloy  of  the  same  composition  made  by  PAM.  The  work  is 
focused  on  the  influence  of  oxygen  content,  thermomechanical  processing  and  heat 
treatment  on  microstructure  and  mechanical  properties  with  a  view  to  optimising  the 
properties  of  the  alloy.  The  work  forms  part  of  a  larger  programme  designed  to  gain  a  full 
understanding  of  the  interaction  of  the  processing  parameters  on  properties  and  to  identify 
any  differences  that  might  arise  between  VAR  and  PAM  material. 

EXPERIMENTAL 


The  chemical  compositions  of  the  VAR  and  the  PAM  super  a2  and  the  feedstock  prior  to 
plasma  melting  are  given  in  Table  I.  The  PAM  ingot  was  singly  melted  and  was  100mm  in 
diameter  and  300mm  in  height,  whereas  the  VAR  ingot  was  significantly  larger  in 
diameter.  The  PAM  and  VAR  ingots  were  electro-discharge  machined  into  cylindrical 
forging  billets  of  size  in  the  range  36  to  46mm  diameter,  16  to  54mm  in  height,  as  listed  in 
Table  II. 


Table  I.  Chemical  analysis  of  VAR  and  PAM  super  a2  and  the  feedstock  compacts 

prior  to  PAM.(Ti:  Balance) 


Alloy 

Composition(at%) 

A1 

Nb 

V 

Mo 

02(wt) 

VAR 

2.5.1 

9.7 

.3.2 

1.0 

lOOOppm 

PAM 

25.1 

9.8 

3.0 

0.94 

650ppm 

feed 

25.2 

10.3 

3.0 

1.0 

600ppm 

Table  II.  Thermomechanical  Processing  Parameters  of  VAR  and  PAM  super  ct2*. 

Alloy 

Size  (mm) 
(dia.x  height) 

Preheat. 

Temp.(°C) 

Forging 

Field 

Reduction 

(%) 

VAR 

36x16 

1050 

(ot  +  P) 

55 

36x31 

11.50 

P 

76 

PAM 

46x50 

10.50 

(a-^P) 

70 

46x54 

11.50 

P 

71 

♦Note  one  forged  sample  for  each  forging  condition  was  heat  neated  at  800°C  and  air 
cooled 


The  axes  of  the  billets  were  in  line  with  the  axis  of  the  ingot  from  which  they  were  cut. 

The  billets  were  coated  first  with  a  high  temperature  glaze  and  then  wrapped  with 
thermo-insulation  ceramic  cotton  in  order  to  limit  oxidation  and  heat  loss  during 
thermomechanical  processing.  They  were  preheated  before  forging  by  placing  them  in  an 
electric  resistance  muffle  furnace  at  a  temperature  of  either  1050®C  or  1 150°C  for  Ih.  The 
preheated  billets  were  upset  forged  on  open  dies  using  a  Wilkins  &  Mitchell  200  ton  single 
point  crank  press.  The  upset  forged  pancakes  were  then  cooled  in  air  to  room  temperature. 
The  reductions  were  around  70%  for  nxist  forgings  and  the  strain  rate  was  about  20s‘l. 
The  press  dies  were  coated  with  a  thick  layer  of  colloidal  graphite  lubricant  brushed  on  to 
their  surfaces  and  were  preheated  up  to  ISOX. 

The  upset  forged  pancakes  were  sliced  into  lOxlOmm  cross  section  pieces  by  using 
electro-discharge  machining  and  some  of  the  pieces  were  funher  aged  at  800®C  for  2h  then 
air  cooled  to  room  temperature.  These  heat  treated  and  untreated  specimens  were  then 


The  tensile  specimens  with  I  jmm  gauge  length  and  3.Smm  diameter  were  obtained  by 
turning  and  polishing  with  Grade  800  carborundum  paper.  Tensile  test  was  carried  out  at 
room  temperature  on  a  Hounsfield  tensile  testing  machine  under  quasi-static  conditions. 
As  the  stiffness  of  the  test-pieces  were  high  compared  with  that  of  the  testing  machine 
determination  of  Young's  modulus  from  the  autographic  recording  could  not  be  achieved 
with  accuracy.  Therefore  an  electrical  resistance  strain-gauge  was  attached  to  each 
test-piece  before  testing  and  its  output  used  to  calculate  the  elastic  nxxlulus  of  the  material. 
Three  point  bending  specimens  5mm  wide,  lOmm  high  and  40  to  60mm  long  were 
machined  with  their  axes  at  right  angles  to  those  of  the  forgings  from  which  they  were 
taken  (Fig.l).  Notches  0.25mm  deep,  at  right  angles  to  the  forging  direction,  were 
machined  by  electro-discharge  machining  at  the  mid  length  of  each  test-piece.  Test-pieces 
were  pre-cracked  using  an  Amsier  Vibrophore  fatigue  testing  machine  (with  R^.l). 
Three  point  bend  tests  were  carried  out  on  a  lOKN  ESH  servo-hydraulic  mechanical  test 
machine. 


Microstructures  of  as  cast,  as  forged  and  heat  treated  specimens  were  examined  using 
optical  and  transmission  electron  microscopy.  The  phases  in  these  specimens  were 
identified  by  electron  diffraction  using  a  JEOL-4{XX)FX  transmission  electron 
microscope. 


The  p  transus  temperatures  of  the  PAM  and  VAR  super  a2  were  determined 
metallographically  as  I  l(X)°  and  1 1 30°C  respectively.  This  observation  is  consistent  with 
chemical  analyses  of  these  two  alloys  given  in  Table  1  which  shows  that  the  oxygen 
content  in  the  PAM  alloy  is  about  350ppm  lower  than  that  of  the  VAR  alloy.  It  is  well 
known  that  oxygen  is  a  (x2  phase  stabiliser  and  thus  a  higher  p  transus  temperature  would 
be  expected  for  the  VAR  material,  because  it  has  higher  oxygen  content  and  also  the 
coarse  primary  a2  laths  would  result  from  the  higher  oxygen  level  in  the  alloy. 
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results 

Typical  basketweave  microscructures  of  che  as  cast  VAR  and  PAM  super  a2  are  shown  in 
Fig.2.  It  can  be  seen  that  the  PAM  super  <x2  has  much  finer  microstructure  than  that  of 
VAR  super  ot2. 

Fig.3  shows  a  typical  forging  pancake  and  a  cross  section  macrostructure,  which  shows 
fairly  uniform  deformation  across  the  specimen,  though  there  is  a  small  deformation  dead 
zone  at  the  surfaces  contacting  the  cold  forging  dies.  Microstructures  of  the  VAR  and 
PAM  specimens  forged  in  the  (a2-t-|3)  and  p  fields  at  lOSO  and  1 1S0°C,  are  shown  in 
Figs.  4  and  5.  The  microstructure  of  the  VAR  sample  forged  in  the  (a2+p )  field  (Fig.4a) 
consists  of  coarse  primary  a2  and  a  featureless  matrix,  which  is  mainly  retained  B2 
(Fig.da).  In  contrast,  the  microstructure  of  the  PAM  specimen,  (Fig  4b)  also  forged  in  the 
(a2-t-P)  field,  consists  of  fine  and  more  equiaxed  primary  a2  and  basketweave  matrix 
with  no  obvious  retained  B2  phase  (Fig.  6b).  The  volume  fractions  of  primary  a2  in  the 
VAR  and  the  PAM  samples  were  measured  as  20%  and  12%  respectively.  The 
microstructures  of  the  P-forged  PAM  and  VAR  specimens  are  very  similar  and  both  have 
a  fine  basketweave  microstructure,  as  shown  in  Figs.Sa  and  5c.  Aging  at  800°C  for  2h 
either  decomposed  the  retained  B2  observed  in  the  VAR  specimens  or  the  fine  secondary 
a2  or  orthorhombic  laths  coarsened,  as  shown  in  Figs.Sb  and  5d. 


Fig.3  A  typical  upset  forged  pancake.  a)plan  view  and  b)macrostructure 
of  cross  section  showing  virtually  uniform  deformation  across  the 
specimen. 


Fig.4  Optical  micrographs  of  (a2+(i)-forged  a)VAR  specimen  showing 
coarse  primary  a2+fealureless  matrix  and  b)PAM  specimen  showing  finer 
and  more  equiaxed  primary  «2+fine  basketweave  matrix  microstructure. 


Fig.  5  Optical  niicrostructures  of  a  I  |5-foi  gcd  \  AK  specimen  b)  VAR 
specimen  (5-forged  and  aged  XDO  f  for  2h,  c)  (5-forged  I’AM  specimen 
and  d)  I’AM  specimen  |}-forged  and  aged  8IMI  for  2h. 


Fig.6  Many  beam  TEM  micru|>raphs  of  (u2+li)-forged  samples  a)  VAR 
specimen  showing;  retained  B2  grains  in  the  malrix.b)  PAM  specimen 
showing  the  matrix  consisting  of  only  secondary  a2  or  orthorhombic 
laths. 

R(X)ni  lenipcrature  mechanical  properties  such  as  strength,  ductility  and  toughness,  of  the 
forged  VAR  and  PAM  specimens  are  summarised  in  Table  111.  Generally,  high  strength 
but  low  toughness  were  obtained  fium  the  VAR  specimens  and  excellent  toughness,  good 
ductility  and  strength  were  obtained  Irom  the  PAM  specimens.  The  VAR  .specimens  were 
much  stronger  and  more  brittle  than  the  PAM  specimens  even  w  hen  they  have  similar 
microstructures.  In  fact  the  VAR  alUiy  forged  in  the  |J  field  has  higher  strength  and  lower 
elongation  thati  the  (u2+(})  forged  specimens  whereas  for  the  PAM  allo^  'he  (a2+p) 
forged  specimens  were  a  bit  stronger  than  the  p-forged  specimens,  but  had  a  similar 
ductility,  rurthennore  it  ap|K'ars  that  the  ductility  of  the  p-forged  specimens  was  improved 
dramatically  by  aging  at  ,H(KI  C  for  2h  and  the  toughness  of  the  PAM  specimens  seems 
independent  of  the  forging  temperature  .iiid  the  aging  treatment.  For  the  VAR  specimens, 
much  higher  toughness  was  obtained  from  the  specimens  forged  in  the  P-field  than  the 
specimens  forged  in  (a2+p)-field  though  the  best  toughness  value  is  still  significantly 
lower  than  that  of  the  PAM  specimens. 


'able  III.  Room  temperaiur 

e  mech.uiical 

properties  of  forged  VAR 

and  PAM  super  a2. 

V.AR 

YS|,MMPai 

11. St  MPa) 

EUFf) 

KQ(MPaVm) 

to  +  Pi- forged 

1  14  4 

1 2()9 

1.4,4 

1 1 

P-forgerl 

1 2.a(> 

1.47K 

1.00 

16 

P-foiged  -r  2h  at  MIX)  C’ 

12.42 

1.4XX 

0.9.S 

I’AM 

(«  t  P)  forged 

1010 

1  170 

2.55 

20 

090 

1 196 

1.6 

21 

l(t-i-Pi-forged  +  2h  at  XOI)  (' 

1(MI9 

1 144 

1.01 

IX 

900 

1  144 

2.70 

19 

P  forgeii 

909 

lOSl 

2.I.S 

21 

.S.ss 

1009 

1 .6.S 

22 

P-forged  2h  ,it  X(KI C 

X7.4 

1  12  4 

,4.40 

20 

S9) 

1124 

.4  4.S 

20 

Three  different  microstructures  have  been  obtained  from  the  (ot2+P)  and  ^-forged  PAM 
and  VAR  specimens  in  this  work.  These  three  micFostructures  are:  (i)  primary  a2  plus 
featureless  matrix  consisting  of  mainly  retained  B2;  (ii)  primary  ot2  plus  basketweave 
matrix  and  (iii)  basketweave  only.  The  first  two  microstructures  were  produced  in  the 
specimens  forged  in  the  (a2+P)  field  and  the  last  one  obtained  from  the  P-forgcd 
specimens. 

The  microstructure  of  primary  a2  plus  retained  B2  was  expected  from  the  specimens 
forged  in  the  (ot2+p)  field,  b^ause  the  niobium  content  of  the  p  phase  will  be  higher  than 
the  average  concentration  in  the  alloy  and  B2  would  be  retained  to  room  temperature 
during  air  cooling.  It  was  therefcae  surprising  to  find  that  the  microstructure  of  the  (a2+p) 
forged  PAM  specimens  consisted  of  primary  oc2  and  basketweave  matrix.  It  is  believed 
that  the  formation  of  the  basketweave  in  the  (a2+P)  forged  PAM  specimens  may  be 
associated  with  the  following  factors:  the  lower  oxygen  content;  the  higher  total  reduction 
and  the  use  of  larger  forging  pieces  than  in  the  VAR  specimens  forged  in  the  same  field. 
The  lower  oxygen  content  results  in  lower  P  transus  temperature  arid  thus  a  lower  fraction 
of  primary  a2  at  a  given  temperature  in  the  (a2+P)  field.  Consequently  the  niobium 
concentration  in  the  matrix  of  the  PAM  specimens  would  be  lower  than  in  the  matrix  of  the 
VAR  specimens  forged  at  the  same  temperature.  The  B2  matrix  of  the  PAM  specimens 
will  then  be  less  stable  than  the  matrix  of  the  VAR  specimens.  La^er  total  reduction  of  the 
forged  PAM  specimens  also  gives  mwe  stored  energy  to  the  specimens  than  to  the  forged 
VAR  specimens  reduction,  which  again  makes  the  matrix  of  the  PAM  specimens  more 
unstable.  The  larger  PAM  specimen  size  leads  to  a  slower  cooling  rate,  which  is  also 
favourable  to  the  matrix  transformation.  As  a  result,  the  different  microstructures  were 
obtained  in  the  PAM  and  VAR  specimens.  It  appears  that  the  first  two  facts  are  the  most 
important  in  the  matrix  transformation  of  the  a2+p  field  forged  PAM  specimens. 

Substantial  variations  of  room  temperature  trtechanical  properties  such  as  strength, 
elongation  and  toughness  have  been  observed  in  the  forged  PAM  and  VAR  specimens  in 
this  work,  which  may  be  interpreted  by  the  different  compositions  of  the  VAR  and  PAM 
alloys  and  different  microstructures  produced  by  different  TMP  routes.  It  is  very 
interesting  to  note  that  for  the  VAR  alloy  the  3-forged  specimens  were  stronger  than  the 
(a2+P)-forged  specimens  and  for  the  PAM  alloy  opptwite  is  true.  This  is  because  the  finer 
microstructures  were  produced  in  P-forged  VAR  specimens  and  in  the  (a2^)-forged 
PAM  specimens  than  the  (a2+P)-forged  VAR  and  the  P-forged  PAM  specimens.  This 
also  indicates  the  importance  of  the  composition  of  an  ^loy,  oxygen  in  particular,  and  total 
reduction  of  forging  pieces  on  the  microstructure  and  final  mechanical  properties. 

The  significatKe  of  oxygen  content  in  the  alloys  may  be  appreciated  by  the  facts  that  the 
^forged  PAM  specimens  were  much  tougher  and  more  ductile  than  the  P-forged  VAR 
specimens  and  the  VAR  samples  were  stronger,  though  they  have  very  similar  fine 
basketweave  microstructure.  The  only  obvious  difference  is  the  oxygen  content  in  these 
two  alloys.  This  confirms  that  oxygen  content  in  the  super  a2  alloys  has  a  significant 
effect  on  the  room  temperature  ductility  and  toughness  and  even  a  small  difference  in 
oxygen  could  substantially  affect  room  temperature  ductility  and  toughness.  A  low  oxygen 
content  improves  ductility  and  particularly  toughness  with  only  a  moderate  drop  in 
strength  which  is  analogous  to  Ti  alloys.  However  the  true  significance  of  oxygen  in  the 
super  o2  may  not  be  accurately  asses^  until  the  exact  forging  conditions  between  VAR 
super  ot2  with  high  oxygen  level  and  PAM  super  a2  is  irtet,  which  is  in  our  future 
research  programme. 

The  presence  of  large  amount  of  B2  phase  also  affects  the  ductility  and  toughness.  Firstly 
the  room  temperature  ductility  was  improved  by  the  retained  B2,  since  it  is  body  centred 
cubic  and  it  should  be  intrinsically  more  ductile  than  a2  or  orthorhombic  lath.  The 
improvement  in  ductility  by  the  retained  B2  over  the  secondary  02  or  orthorhombic  laths 
was,  however,  found  to  be  very  limited  as  shown  in  Table  III.  Secondly,  the  toughness 


was  significantly  reduced  by  the  presence  of  retained  B2  because  cracks  propagate  straight 
across  the  B2  grans  without  any  deviation.  It  seems  that  the  presence  of  sm^  amount  of 
primary  a2  (12%  in  volume)  h^  little  effect  on  the  room  temperuure  toughness  as  long  as 
the  matrix  consists  of  basketweave  secondary  a2  or  orthorhombic  laths. 

Finally,  the  results  shown  in  Table  ni  illustrate  an  aspect  that  is  not  understood  at  this 
stage,  llie  PAM  material  in  the  forged  condition  has  2%  ductility  and  this  increases  to 
3.5%  on  aging  with  no  apparent  cl^ge  in  strength.  The  structural  changes  responsible 
for  this  change  in  ductility  have  not  b^n  identiried  and  further  work  is  underway. 

SUMMARY 

Microstructures  and  room  temperature  mechanical  properties  of  PAM  and  VAR  super  a2 
are  sensitive  to  TMP  routes  and  oxygen  content  of  the  alloys.  It  appears  that  low  oxygen 
level  in  the  alloys  may  substantially  increase  the  ductility  a^  tou^ness  with  only  a 
moderate  drop  in  strength. 

Room  temperature  ductility  of  super  a2  could  be  only  marginally  improved  by  retained  B2 
but  with  big  drop  in  room  temperature  toughness.  It  is  therefore  not  ^sirable  to  improve 
ductility  by  introducing  large  quantity  of  retained  B2  in  super  ci2. 

REFERENCES 

1 .  M.G.  Mendiratta  and  H.A.  Lipsitt,  J.  Mater.  Sci..  15(1980)  2985. 

2.  H.A.  Lipsitt,  R.E.  Schafrik  and  D.  Shechtman,  Metall.  Trans.A.  1 1(1980)  1369. 

3.  R.A.  Perkins,  K.T.  Chiang  and  G.H.  Meier,  Scr.  Metall..  21(1987)  1505. 

4.  Young-Won  Kim,  J.  Met..  424uly  (1989)  24 

5.  R.G.  Rowe.  High  Temperature  Aluminide  and  Intermetallics.  Edited  bv  S.H.Whanp. 
C.T.Liu  et.  al.(The  Minerals,  Metals  &  Materials  Society,  1990),  375 

6.  C.H.  Ward,  J.C.  Williams,  A.W.  Thompson,  D.G.  Rosenthal  and  F.H.  Fores, 
Proceedines  of  Sixth  World  Conference  on  Titanium.  France,  1988, 1130 

7.  J.A.  Peters  and  C.  Bassi,  Scr.  Metall..  24(1990)915 

8.  C.H.  Ward,J.C.  Williams  and  A.W.  Thompson,  Scr.  Metall..  24(1990),  617 

9.  C.  Bassi  and  J.A.  Peters,  Scr.  Metall..  24(1990),  1363 

10.  W.A.  Baeslack  111  and  T.  Broderick,  Scr.  Metall..  24(1990),  319 

11. D.A.  Koss,  D.  Banerjee,  D.A.  Lukasak  and  A.K.  Gogia,  Hi^h  Temperature 
Aluminide  and  Intermetallics.  Edited  by  S.H. Whang,  C.T.Liu  et.  al.(The  Minerals, 
Metals  &  Materials  Society,  1990),  175 

12.  D.A.  Lukasak  and  D.A.  Koss,  Metall.  Trans.  A.  21(1990),  135 

13.  A.K.  Gogia,  D.  Baneriee  and  T.K.  Nandv.  Metall.  Trans.  A.  21(1990),  609 

14.  D.  Baneijee,  A.K.  Gogia  and  T.K.  Nandy,  Metall.  Trans.  A.  210990),  627 

15.  Wonsuk  Cho,  A.W.  Thompson  and  J.C.  Williams,  Metall.  Trans.  A.  21(1990),  641 

16.  J.M. Larsen,  K. A. Williams,  S.J.Balsone  and  M.A.Stucke,  Hi^h  Temperature 
Aluminide  and  Intermetallics.  Edited  by  S.H. Whang,  C.T.Liu  et.  al.(The  Minerals, 
Metals  &  Materials  Society,  1990),  521. 

17.  J.M. Larsen,  K.A.Williams,S.J.Balsoue  and  M.A.Stucke,  High  Temperature 
Aluminide  and  Intermetallics.  Edited  by  S.H.Whang,  C.T.Liu  et.  al.(The  Minerals, 
Metals  &  Materials  Society,  1990),  375 


1.242 


PHASE  STABILITY  IN  Ti3Al+X  BASE  (X=Nb,  Mo.  V,  Ta,  Fe)  ALLOYS 
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Abstract 

In  the  present  work,  the  relative  stability  of  the  |3  (or  B2)-phase  through  the  addition  of 
various  elements  such  as  Nb,  Mo,  V,  Ta  and  Fe  in  Ti3Al  was  investigated.  Both  the  variation 
of  fJ-transus  temperature  along  the  tie  line  Ti3AI-X3Ai  or  Ti3AI-X  and  the  (*2  /  p  (or  B2) 
partitioning  coefficient  were  used  as  criteria  in  order  to  compare  the  P-stabilising 
effectiveness  of  these  elements.  The  stability  of  the  B2  phase  retain^  after  quenching  was 
examined  during  subsequent  ageing  treatments.  When  the  amount  of  P-stabilising  elements  is 
not  sufficient,  the  retained  B2  phase  decomposes  into  intermediate  phases  (to,  O).  The  decom¬ 
position  sequence  depends  on  both  the  species  and  the  amount  of  each  alloying  element. 


Introduction 

Phase  equilibria  near  the  Ti-rich  comer  of  the  ternary  Ti-Al-Nb  alloy  system  has  been  pro¬ 
gressively  clarified  during  the  last  fifteen  years  [1-10].  The  earliest  investigations  dealt  with 
the  detemination  of  the  a2-*-P  (B2)  /  P  (B2)  transus  in  Ti3AI-based  alloys  with  increasing 
niobium  content,  from  5  to  17  at%  Nb  [4].  Such  information  is  generally  very  useful  for 
determining  both  the  thermomechanical  and  heat  treatment  conditions  required  to  optimize 
the  microstnicture.  Structural  parameters  such  as  the  size,  the  volume  fraction  and  the 
morphology  of  the  equilibrium  phases  comprising  a.2  (DO19)  and  P  (or  B2)  can  thus  be  suita¬ 
bly  controlled. 

For  a  successful  development  of  new  Ti3Al  (or  Ti2AlX)  based  alloys,  the  knowledge  of  the 
phase  boundaries  should  be  extended  to  Ti-Al-X  (X=  Mo,  V,  Ta,  Fe  etc.)  alloy  systems  other 
than  Ti-Al-Nb.  In  particular,  the  variation  of  transus  tempierature  along  the  tie  line  Ti3Al- 
X3AI  (or  Ti3Al-X)  as  well  as  the  03  /P  (or  B2)  partitioning  coefficient  can  be  regard^  as 
guidelines,  not  only  for  microstructural  but  also  for  compositional  optimization.  The  present 
work  was  therefore  aimed  at  establishing  an  equivalence  in  P-stabilising  effectiveness 
between  those  alloying  elements. 

Although  the  above  parameters  (transus  temperature  and  partitioning  coefficient)  enable  us  to 
evaluate  the  P-stabilising  effectiveness,  they  are  not  sufficient  to  predict  the  atomic 
concentration  which  allows  the  alloy  to  remain  single-phase  B2  during  ageing  subsequent  to 
quenching.  There  is  no  clear  evidence  that  the  P-stabilising  equivalence  provided  by  the 
above  thermodynamic  criteria  will  necessarily  match  with  the  equivalence  deduced  from  a 
kinetic  criteria,  i.e.  the  minimum  atomic  concentration  needed  to  preserve  a  retained  B2  phase 
during  ageing  subsequent  to  quenching.  In  this  investigation,  the  stability  of  the  B2  phase  du- 
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ring  ageing  was  therefore  studied  with  increasing  amount  of  ^-stabilising  elements.  In  ternary 
alloys  in  which  the  B2  phase  is  not  sufficiently  stabilised,  its  decomposition  gives  rise  to  a 
number  of  transition  phases.  Various  sequences  of  decomposition  encountered  during  thermal 
exposure  in  the  low  temperature  range  (450-650°C)  are  presented.  Finally,  the  srong 
hardening  effect  of  these  phases  is  briefly  mentioned. 


Small  ingots  were  prepared  by  vacuum  arc  melting  using  appropriate  amounts  of  Ti  (99.S%), 
A1  (99.95%),  Nb  (99.9%),  Mo  (99.8%),  V  (99.7%),  Ta  (99.8%)  and  Fe  (99.9%).  A  good 
homogeneity  was  ensured  by  remelting  the  buttons  several  times.  The  compositions  of  the 
studied  alloys  are  listed  in  Table  1.  The  p-alloying  concentration  typically  varies  from  6  to  30 
at%  depending  on  the  atomic  species. 

The  02  P  (B2)  /  P  (B2)  transus  temperature  was  determined  by  optical  microscopy  after  iso¬ 
thermal  heat  treatments  followed  by  water  quenching.  Quantitative  image  analysis  was  used 
in  order  to  determine  the  volume  fractions  of  different  phases. 

Compression  tests  were  performed  on  some  as-cast  alloys  in  order  to  obtain  the  temperature 
dependence  of  yield  stress  (between  20  and  950°C).  These  tests  were  conducted  under  a 
vacuum  of  10-5  Torr  at  a  strain  rate  of  10-4  sec-1. 

Crystal  structure  of  the  transition  phases  which  formed  during  ageing  was  examined  by 
Transmission  Electron  Microscopy  (TEM).  For  this  purpose,  specimens  were  mechanically 
sliced  down  to  150pm.  Electropolishing  was  then  performed  in  a  cooled  mixture  (at  0°C)  of 
sulfuric  acid  and  methanol  for  Nb,  Mo  and  Fe  containing  alloys  and  in  a  cooled  mixture  (at  - 
40*0  of  perchloric  acid,  butyl-cellosolve  and  methanol  for  V  containing  alloys.  On  the  other 
hand,  thinning  of  Ta  containing  alloys  was  performed  by  ionic  polishing.  A  JEOL  200CX 
microscope  equiped  with  a  double  tilt  goniometer  was  u^  to  obtain  dark  field  images  and 
corresponding  diffraction  patterns. 


Table  1  Chemical  compositions  of  the  alloys  studied  in  this  work  (at.%). 
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Results 


1.  Transus  temperature  variation 

The  variation  of  transus  temperature  as  a  function  of  increasing  content  of  various  elements  is 
an  indication  of  their  ^-stabilising  effectiveness.  Fig.l  and  2  show  such  a  variation,  evaluated 
from  the  experimental  results,  along  the  tie  lines  TijAl-X  and  Ti3Al-X3Al  respectively.  In 
these  figures,  the  steeper  the  slope,  the  higher  the  effwtiveness  of  the  refractory  element  for 
stabilising  the  P  (or  B2)  phase.  By  using  data  from  Fig.l,  the  following  equivalence  in  |}-sta- 


Fig.l  P  transus  curves  along  the  tie  line  ThAl-X  (X=Nb,  V,  Mo,  Fe,  Ta). 

The  lower  concentration  side  of  these  curves  is  drawn 
with  extrapolation  from  the  experimental  data. 

bilising  effectiveness  can  be  obtained  in  the  case  of  (Ti3Al)j.2Xz  (z=0  to  1)  alloys  (for  the 
sake  of  clarity,  the  niobium  atomic  percent  is  normalized  to  25  at.%) : 

1 1.5%Mo  <=>  13.5%Fe  <=>  18%V  <=>  25%Nb <=>  26.5%Ta  (at.%)  (I) 

Due  to  the  fact  that  the  transus  temperature  decreases,  at  first,  with  increasing  Fe  content  and 
then  increases,  a  behaviour  which  is  very  different  frxim  that  of  other  elements,  the  above 
equivalence  for  Fe  is  only  valid  up  to  a  concentration  of  about  10%.  The  reason  for  this  singu¬ 
larity  will  be  discussed  later. 


at.%X  (=100z) 

Fig.2  p  transus  curves  along  the  tie  line  Ti3Al-X3Al  (X=Nb,  V,  Mo). 
The  lower  concentration  side  of  these  curves  is  drawn 
with  extrapolation  from  the  experimental  data. 


Experimental  data  from  Fig.2  provide  the  following  euivalence  in  ^-stabilising  effectiveness 
in  the  case  of  (Tii.zXxlsAl  (z^  to  1)  alloys  ; 


7%Mo  <=>  10.5%V  <=>  25%Nb(at.%)  (2) 

Since  most  of  the  useful  Ti3Al  based  alloys  contain  slightly  less  than  2Sat.%Al,  a  convenient 
equivalence  in  ^stabilising  effectiveness  between  the  three  major  elements  (Nb,  V  and  Mo) 
may  be  obtained  by  taking  roughly  the  average  values  of  (1)  and  (2),  such  as  : 

9%Mo  <=>  14.5%V  <=>  25%Nb(at%)  (3) 

2.  B-transus  approach  curve  fTemDerature  dependence  of  volume  fraction  of  the  B  phase! 

Fig.3  shows  the  temperature  dependence  of  volume  fraction  of  the  P  (or  B2)  phase  determined 
experimentally  on  four  alloys.  This  figure  also  comprises  the  case  for  the  Ti-24A1-1 1 A1  alloy 
examined  in  our  previous  work  [11].  It  is  clear  that  the  four  alloys  investigated  in  the  present 
work  (including  the  Super  02  tdloy)  are  more  P-stabilised  than  the  Ti-24A1-11AI  alloy.  As 
illustrated  in  this  figure,  the  temperature  dependence  of  volume  fraction  of  the  P  (or  B2) 
phase  for  the  Super  02  alloy  (Ti-25Al-10Nb-3V-lMo)  is  quite  similar  to  that  for  the  Ti- 
23,5Al-6,7Nb-4.9V-lMo  alloy,  in  spite  of  some  small  differences.  The  same  situation  exists 
when  one  compares  the  Ti-24.9A1- 13.4V  and  the  Ti-24.2Al-4Nb-4.2V-3.9Mo  alloys.  In  other 
words,  we  can  reasonably  consider  that  there  are  following  equivalences  in  P-stabilising  ef- 
fecdveness: 

1 0%Nb  +  3%V  +  1  %Mo  <=>  6,7%Nb  +  4.9%  V  +  1  %Mo  (4) 

1 3.4%  V  <=>  4%Nb  +  4.2%  V  +  3.9%Mo  (5) 

The  equivalence  (4)  gives  us  3.3%Nb  <=>  1.9%V.  Combining  this  with  the  equivalence  (5), 
we  can  get  another  relationship :  12%Nb<=>4%Mo. 

This  results  in  a  ratio  of  approximately  3  for  Mo/Nb  and  5/3  for  V/Nb  and  leads  to  the 
following  equivalence  in  P-stabilising  effectiveness  : 

8.3%Mo  <=>  15%V  <=>  25%Nb(at%)  (6) 

It  is  worth  noting  that  the  above  relationship  is  very  close  to  (3)  which  was  obtained  from  the 
transus  temperature  determination.  Note  also  that  two  p-approach  curves  corresponding  to  the 
above  two  groups  of  alloys  were  injected  in  Fig.3. 


Fig.3  Volume  fraction  of  the  P-phase  as  a  function  of  temperature. 


Finally,  based  on  these  equivalences  (3)  and  (6),  two  alloys  Ti-25Al-4Nb-4V-4Mo  and  Ti- 
2SA1-13,SV  are  considered  having  approximately  22%  of  Nb  equivalent  while  the  Super  a2 
and  Ti-23,SAl-6,7N^SV-lMo  alloys  contain  only  18%  of  Nb  equivalent. 


Depending  on  the  nature  and  the  amount  of  P  alloying  additions,  the  decomposition  of  the  B2 
phase,  retained  after  quenching,  was  examined  during  ageing  in  the  interm^iate  temperature 
range  (4S0-6S0°C).  'ne  precipitates  resulting  from  this  decomposition  are  responsible  for  a 
considerable  strengthening  of  the  alloys,  as  illustrated  by  the  yield  stress  versus  temperature 
curves  (Fig.4).  Compression  test  specimens  were  in  this  case  prepared  after  quenching.  In- 


Temperature  (®C) 

Fig.4  Temperature  dependence  of  yield  stress. 

deed,  the  variation  of  yield  stress  showed  a  yield  stress  peak  around  550°C  in  the  Ti-25A1- 
25Nb,  Ti-24.9A1- 13.4V,  Ti-23.5Al-6Mo  and  Ti-24.2Al-4Nb-4.2V-3.9Mo  alloys.  Such  an  a- 
nomaly  is  due  to  the  strenghtening  effect  resulting  from  a  second  phase  precipitation,  as  illus¬ 
trated  by  TEM  observations.  Note  that  the  Ti-25Al-4Nb-4V-4Mo  alloy  exhibits  a  less  pro¬ 
nounced  strenghtening  compared  with  the  other  three  alloys.  This  is  probably  because  of  the 
lower  metastability  of  this  alloy.  From  these  experiments,  the  following  equivalence  can  be 
tentatively  proposed  for  the  nunimum  atomic  concentration  needed  to  preserve  a  retained  B2 
phase  during  ageing  subsequent  to  quenching  : 

6%  Mo  <=>  1 3.5%  V  <=>  25%Nb  (8) 

The  Ti-25Al-25Mo  alloy  exhibits,  on  the  contrary,  a  totally  different  temperature  dependence 
of  yield  stress.  Although  this  alloy  shows  a  slight  and  gradual  increase  in  yield  stress  over  the 
entire  temperature  range,  no  precipitation  is  observed  and  the  alloy  remains  single  phased  B2. 
Work  is  presently  in  progress  in  order  to  elucidate  the  reason  for  the  gradual  increase  in  yield 
stress  with  temperature. 

TEM  micrographs  in  dark  field  condition  exhibit  a  homogeneous  dispersion  of  very  fine  pre¬ 
cipitates  in  the  aged  Ti-24.9A1- 13.4V,  Ti-25AI-25Nb,  Ti-23.5Al-6Mo,  Ti-24.2Al-4Nb-4.2V- 
3.9Mo  and  Ti-22Al-12Fe  alloys  (Fig.5).  The  appearance  of  the  precipitates  around  the  peak 
yield  stress  temperature  clearly  indicates  that  these  second-phase  precipitations  are 
responsible  for  the  yield  stress  anomalies.  The  selected  area  diffraction  patterns  (SADP)  from 
the  <110>b2  *one  axis  of  the  different  alloys  (Fig.6)  reveal  that  different  transition  phases 
occur  depending  on  the  nature  of  the  P-stabilising  element. 

In  the  case  of  V  and  Fe  containing  alloys,  the  observed  precipitation  is  related  to  an  (i)-type 
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Fig.5  Fine  precipitates  observed  after  ageing  at  550°C  :  (a)  Ti-24.9A1- 1 3.4V,  (b)  Ti-2.SA1- 
25Nb,  (c)  Ti-23.5Al-6Mo,  (d)  Ti-24.2Al-4Nb-4.2V-3.9Mo  and  (e)  Ti-22A1- 1 2Fe. 

precipitation  process,  like  the  one  described  by  Bendersky  et  al.  in  Ti-Al-Nb  alloys  |6,7|.  The 
orientation  relationship,  i.e.  ((XX)!)^^  //  1 1 1 1  )b2  <lTO()>(,j  //  <li()>B2.  is  indicative  of 

four  rotational  variants  with  their  c-axis  parallel  to  the  four  <1 1  1>b2  The  presence 

of  extra-spots  with  respect  to  the  disordered  (O  phase,  i.e.,  at  the  1/3  1 1 1  b2’  '  '2  b2 


(a)  (b)  — — —  (c) 


Fig.6  SADP  from  the  <1  10>b2  zone  axis  :  (a)  O)  (B82)  in  Ti-20.5Al-6Fe,  (b)  o)  (D8g  or 
Ga4Ti5  type)  in  Ti-24,9A1- 13.5V  and  (c)0  in  Ti-25Al-25Nb.  (Ageing  temperature  :  550°C) 


1/3  1 10  b2  positions  reveals  that  a  further  ordering  sequence  takes  place.  A  variety  of  ordered 
0)  phases  (B82  type,  D8g  type  or  Ga4Ti5  type)  could  be  observed  depending  upon  the  aging 
treatments  as  well  as  the  nature  of  the  P-stabilising  element.  The  formation  of  these  O)  phases 
involves  both  displacive  and  short  range  diffusive  mechanisms,  and  the  lattice  instability 


1.248 


along  <1 1  1>b2  origin  of  this  displacive  tnovennent. 

In  the  case  of  Nb  and  Mo  containing  alloys,  SADP  reveals  that  the  extra  spots  at  the  1/2 
11002  ^12b2  are  not  equivalent,  which  reflect  the  two-fold  symmetry  of  an 

orthorhombic  cell.  According  to  the  orientation  relationship,  i.e.  <110>32  //  [001  )o  and 
{  1I2)b2  H  ( 1 10)o>  <1 10>o  variants  are  distributed  in  the  <1 1 1>B2  “a®  a*'*-  From  a 

crystallographic  point  of  view,  the  orthorhombic  (O)  phase  is  an  ordered  form  of  the  a"  phase 
encountered  in  conventional  disordered  titanium  alloys  [8].  As  is  the  case  for  the  o)  formation, 
this  transformation  involves  both  displacive  and  short  range  diffusive  mechanisms.  A 
martensitic  shearing  of  alternate  {  1I0)b2  planes  due  to  the  lattice  instability  along  <1  10>b2 
takes  place  with  a  displacement  vector  equal  to  a3/2[110].  The  chemicd  rearrangements 
consist  in  an  ordering  of  niobium  atoms  with  respect  to  the  DO19  lattice. 

The  fact  that  Nb,  Mo  containing  alloys  promote  O-type  precipitates  whereas  V,  Fe  containing 
alloys  promote  (i>type  precipitation  indicates  a  strong  influence  of  the  atomic  species  on  the 
transformation  sequence,  but  the  origin  of  such  a  difference  is  still  not  clear. 

Discussion 

Although  a  substantial  additional  experimental  data  are  still  required  to  grasp  an  overall  view 
of  phase  aquilibria  in  Ti3Al  +X  alloy  systems,  the  results  of  the  present  study  already  consti¬ 
tute  useful  information  for  future  alloy  development  of  Ti3Al  (or  Ti2AlX)  based  alloys.  In  the 
metallurgy  of  conventional  titanium  alloys,  the  information  about  the  ^-stabilising  effective¬ 
ness  of  various  alloying  elements  is  well  documented  in  the  literature  [12].  Such  information 
is  scarce,  at  least  in  the  open  literature,  for  Ti3Al-based  alloys.  It  should  be  emphasized  that 
the  knowledge  about  the  variation  of  |3  transus  temperature  with  the  amount  of  alloying  ele¬ 
ments  as  well  as  the  temperature  dependence  of  volume  fraction  of  the  p  (or  B2)  phase  is  es¬ 
sential  for  developing  new  alloys. 

Among  the  p-stabilising  elements  investigated  in  this  work,  three  of  them  (Nb,  V  and  Mo) 
were  well  characterized  and  an  equivalence  of  p-stabilising  effectiveness  was  proposed  such 
as  1  :  1.67  (=5/3) :  3  =  %Nb  :  %V  :  %Mo.  Work  is  in  hand  to  get  more  information  about  Ta, 
another  promising  refractory  element.  As  for  Fe,  its  behaviour  for  P  stabilisation  was  found  to 
be  very  different.  In  view  of  the  fact  that  in  the  binary  Ti-Fe  system,  the  p  phase  decomposes 
through  a  eutectoid  reaction  into  a  and  TiFe  (B2),  contrary  to  the  other  elements  (Nb,  V,  Mo 
and  Ta)  which  arc  p-isomorphous  with  Ti  and  that  in  the  ternary  Ti-Al-Fe  system,  this  B2 
phase  extends  in  solid  solution  even  up  to  compositions  around  Ti2AIFe  [13],  it  is  plausible 
that  there  is  a  eutectoid  type  reaction  ^ong  the  tie  line  Ti3Al-Ti2AlFe.  This  may  lead  to  the 
increase  in  the  P-transus  temperature  at  concentrations  above  10%Fe  (see  Fig.l).  A  fairly 
strong  interaction  between  Ti,  Fe  and  A1  may  also  be  responsible  for  the  decrease  of  P-stabili- 
sing  effectiveness  of  Fe;  Fe  was  found  to  be  less  p-stabilising  than  Mo,  while  it  is  quite  the 
opposite  in  binary  Ti-X  systems. 

Concerning  the  decomposition  of  the  B2  phase  during  ageing,  it  should  be  emphasized  that 
under  specific  heat  treatment  conditions  (for  example,  after  heat  treatment  just  below  the 
transus  temperature,  leading  to  the  formation  of  the  primary  02  phase),  the  metastability  of 
the  B2  matrix  is  changed  in  such  a  manner  that  the  O)  phases  could  appear  in  Nb  or  Mo  contai¬ 
ning  alloys  and  the  O  phase  in  V  or  Fe  containing  alloys,  a  more  detailed  understanding  of 
these  phases  is  important  because  of  the  beneficial  effect  on  ductility  and  strength  of  the  O 
phase  discovered  recently  [14], 


Conclusions 

In  the  present  investigation,  the  P-stabilising  effectiveness  of  various  alloying  elements  (Nb, 
Mo,  V,  Ta  and  Fe)  in  Ti3AI  based  alloys  was  evaluated  by  investigating  the  variation  of  P 
transus  temperature  with  the  amount  of  alloying  elements  as  well  as  the  temperature  depen¬ 
dence  of  volume  fraction  of  the  P  (or  B2)  phase.  Such  information  seems  to  be  essential  for 
the  future  development  of  new  Ti3A!  (or  Ti2AlX)  based  alloys.  For  three  of  those  elements, 
the  following  equivalence  coud  be  deduced  :  1  :  1.67  (=5/3) :  3  =  %Nb  :  %V  ;  %Mo. 
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When  the  amount  of  ^stabilising  elements  is  not  sufficient,  the  retained  B2  phase 
decomposes  giving  rise  to  the  formation  of  intermediate  phases  (o>,  O).  The  decomposition  se¬ 
quence  depends  on  both  the  species  and  the  amount  of  each  alloying  element. 
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CREEP  OF  Ti-24AI-llNb 


Diane  E.  Albert  and  Anthony  W.  Thompson 

Department  of  Materials  Engineeiing 
Carnegie  Mellon  University.  Pittsburgh,  PA  15213  USA 


The  stress  and  temperature  dependences  of  the  steady  state  creep  rate  (SSCR)  of  various 
microstnictures  of  Ti-24A1-1  INb  (Vo)  have  been  determined.  SSCR  vs.  stress  and  strain  vs. 
time  curves  were  determined  in  order  to  investigate  the  effect  of  microstructure  on  creep 
resistance.  SSCR  vs.  temperature  curves  were  determined  to  find  the  apparent  creep 
activation  energy.  Experimenully  determined  values  of  Q.  were  found  to  be  between  106 
kJ/mol  and  156  Id/mol;  the  equiaxed  aa  phase  type  microsmicture  exhibited  the  smallest  Q.  at 
each  test  stress.  Steady  state  creep  rate  vs.  stress  tests  have  shown  that  microstnictures  with  a 
coarse  tta  lath  size  in  general  display  improved  creep  resistance  over  fine-lathed  structures; 
however,  specimens  with  the  equiaxed  aa  phase  microsmicture  exhibit  much  greater  creep  rates 
at  all  stresses  and  temperatures,  implying  that  dislocation  slip  length,  proportional  to  aa  phase 
dimension,  does  not  ^ways  control  creep  in  these  materials  and  that  texture  may  adversely 
affect  creep  resistance. 


Introduction 

Titanium-base  materials  ate  attractive  for  use  in  the  aerospace  industry  because  their  strength  to 
density  ratio  is  quite  high.  The  development  of  TijAl-based  titanium  aluminides,  such  as  Ti- 
24Al-llNb  and  Ti-25Al-10Nb-3V-lMo,  have  increased  the  temperature  capability  of 
conventional  titanium  alloys.  At  high  temperatures,  the  creep  strength  of  structural  parts 
becomes  importwt.  However,  at  this  time  the  relation^p  between  microstnictural  features  and 
the  creep  behaviOT  of  aa-based  titanium  aluminides  is  still  not  fully  understood,  in  spite  of 
several  studies  reported  in  the  liten:  :u;c  [l-d]. 

In  order  for  the  titanium  aluminides  to  become  useful  engineering  materials,  more  detailed 
information  on  elevated-temperature  creep  must  be  available.  Therefore,  the  objective  of  this 
study  was  to  determine  the  stress  dependence  and  the  temperature  dependence  of  the  steady- 
state  creep  rate  of  different  microstructures  of  Ti-24A1-1  INb. 
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A.  Microstructures 


The  Ti-24Al-llNb  alloy  used  in  this  research  was  supplied  as  1.27  cm  thick  cross-rolled 
plates.  The  plates  had  been  hot  rolled,  annealed  at  1038°C  for  one  hour,  then  air  cooled.  The 
chemical  analysis  of  the  alloy  is  shown  in  Table  I. 


Table  I.  Chemical  Composition  of  Ti-24Al-llNb 


Al 

Nb 

Fe 

0 

N 

c 

H 

Ti _ 1 

■IHHW 

- 

■iUlM 

10.5 

■twrif 

- 

■tiiky 

Transverse  and  longitudinal  sections  of  the  as-received  microstnicture  of  the  cross-rolled  Ti- 
24A1-1  INb  are  shown  in  Figure  1.  The  transverse  direction  of  the  plate  is  parallel  to  the  thin 
dimension  of  the  plate.  Parallel  to  one  rolling  direction,  designated  RDl  (rolling  direction  1), 
elongation  of  aj  phase  is  clearly  evident.  There  is  evidence  of  inhonwgeneous  deformation 
through  the  thickness  of  the  plate.  Since  the  plate  was  cross  rolled,  elongation  of  the  02  phase 
is  also  evident  at  an  angle  of  90°  from  RDl  in  the  plane  of  the  plate.  This  direction  is  designated 
RD2,  or  rolling  direction  2.  RDl  and  RD2  are  in  the  sheet  plane.  There  is  less  deformation,  as 
indicated  by  density  of  elongated  02  phase,  in  this  direction.  Elongation  of  02  phase  is  not 
evident  in  the  transverse  direction  (TD).  Evidence  of  deformation  texture  in  the  as-received 
cross-rolled  plate  is  displayed  by  the  non-random  distribution  of  poles  in  the  (0002)  pole  figure 
procurred  from  a  thin  slice  of  material  cut  perpendicular  to  the  RDl  direction,  shown  in  Figure 
2.  Maximum  intensity  is  7.S  times  random,  indicating  a  moderate  texture.  Thus,  basal  poles 
tend  to  be  nearly  parallel  to  RDl  in  the  plane  of  the  plate.  It  can  be  assumed  that  basal  poles,  to 
a  lesser  extent,  are  also  aligned  near  RD2.  In  an  a2-t-B  microsmicture,  the  B  (110)  peak 
overlaps  the  02  (0002)  reflection  [7];  however,  in  this  microstructure  an  insignificant  amount 
of  B  phase  is  present  and  all  information  can  be  assumed  to  correspond  to  02  phase. 

To  produce  other  microstructures,  the  AR  material  was  solution  heat  treated  either  in  the  B  range 
(1200°C)  or  the  a2-)-B  phase  region  (1000°C)  in  air  in  a  ceramic  tube  resistance  furnace  wM 
temperature  control  of  ±  2°C.  All  heat  treated  blanks  were  subsequently  air  cooled  with  a 
cooling  rate  of  10°C/second.  To  produce  a2+B  solutionized  microstructures,  the  material  was 
fust  B  solutionized  for  one  hour  to  return  the  microstructure  to  single-phase  B,  then  immediately 
cransfetred  to  a  furnace  at  1(X)0°C  and  held  for  either  15  minutes  or  30  minutes,  then  aircooled. 
The  resulting  microstructures  are  shown  in  Figure  3a  and  3b  and  are  designated  1(X)0AC-1S 
and  lOOOAC-30,  respectively.  In  the  lOOOAC-15  specimens,  the  02  laths  are  small  and  are 
arranged  in  a  baskecweave  morphology.  A  small  amount  of  globular  az  is  also  present,  most 
likely  formed  during  a2-t-B  solutionizing.  The  02  lath  width  in  the  lOOOAC-30  microstructure  is 
significantly  larger  than  in  the  lOOOAC-lS  microstructure  and  also  has  a  basketweave 
morphology.  A  microstructure  with  a  very  fine  basketweave  morphology  was  produced  by 
solutionizing  at  1200°C  for  one  hour  with  a  subsequent  air  cool,  as  seen  in  Figure  3c.  This 
microstructure  was  designated  1200AC.  The  as-received  microstructure  is  again  seen  in  Figure 
3d.  Prior-B  grain  sizes  and  02  lath  widths  as  measured  in  all  of  these  microstructures  are  listed 
in  Table  II.  The  optical  micrographs  indicated  a  somewhat  inhomogeneous  distribution 
morphology  and  distribution  of  the  az  phase  and  thus  precise  determination  of  grain  size  and 
lath  width  was  difficult.  However,  the  width  of  the  ttz  laths  in  l(XX)AC-30  and  the  diameter  of 
the  equiaxed  02  phase  in  the  as-received  plate  are  significantly  larger  than  the  az  phase  in  other 
microstructures.  Three  microstructures,  1200AC,  10()0AC-30  and  KXIOAC-IS,  are 
characterized  by  a  large  prior  B  grain  size  of  nearly  1  mm.  No  grain  boundaries  were 
discemable  in  the  cross-rolled  plate  as-received  microstructure.  No  appreciable  volume  fraction 
of  the  colony  structure,  such  as  is  found  in  Ti-25Al-10Nb-3V-lMo  cooled  very  slowly  ftom 
the  a2-t-B  phase  field  IS],  was  found  in  any  heat  treated  specimens  derived  from  this  alloy. 


Figure  1.  As-received  microstructure  of  Ti-24Al-llNb.  a)  Transverse  direction, 
b)  longitudinal  (RDl)  direction,  aitd  c)  longitu^nal  (RD2)  direction. 


l=highcst  intensity 
RDl  out  of  paper 


Figure  2.  The  (0001)  pole  figure  obtained  fiom  the  as-received  plate. 


Table  H.  Sire  of  a?  laths  and  prior-B  grains  in  Ti-24A1-1  INb. 


Microstructure 

Prior-R  erain  size  (mm) 

ailath  width  (urn) 

1200AC 

0.709 

2.0 

lOOOAC-30 

0.836 

5.2 

0.817 

2.3 

1 _ AR _ 1 

Not  discernible 
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B.  Experimental  Methods 


Constant  temperature  creep  tests  |9]  were  conducted  at  650, 760,  and  870°C  in  air,  using  single 
lever  creep  machines  with  a  load  ratio  of  20: 1 .  A  "stress  decrement"  procedure  was  used  whm 
First  a  pr^etermined  load,  less  than  the  yield  stress  of  the  material,  was  applied  to  the 
specimen.  After  sufficient  time  had  elaps^  for  the  steady  state  regime  to  te  reached,  a 
predetermined  portion  of  the  load  was  removed.  This  procedure  was  repeated  a  number  of 
times  until  the  steady  state  creep  rate's  dependence  on  stress  became  evident  Constant  load 
creep  tests  were  conducted  at  stresses  of  100  MPa  and  31.4  MPa  to  determine  the  apparent 
activation  energy  of  creep;  a  similar  "temperature  decrement"  procedure  was  used.  Creep  strain 
was  measured  using  a  high-temperature  extensometer  in  unison  with  a  super  linear  variable 
capacitor  (SLVC)  transducer.  A  strain  resolution  of  SxlQ-^  was  achieved. 


Figure  3.  Microstructures  of  heat  treated  cross  rolled  plate,  designated  a)  lOOOAC-15, 
b)  lOOOAC-30,  c)  1200AC,  and  d)  AR;  all  at  the  same  magnification. 

Results 


A.  Creep  Strain  as  a  Function  of  Time 

The  rate  of  elongation  through  the  primary  creep  range  and  into  the  steady  state  creep  range  of 
various  microstructures  derived  from  the  cross-roll^  plate  is  shown  in  Figures  4a,b,  aM  c. 
Each  plot  represents  test  data  collected  under  conditions  of  constant  stress  and  temperature.  In 
all  cases,  the  primary  creep  regime  was  very  small  in  terms  of  absolute  time  elaps^  and  total 
strain  accumulation.  At  all  three  test  temperatures,  the  lOOOAC-30  microstructure  was  most 
creep  resistant  while  the  1200 AC  and  10(WAC-15  microstructures  had  very  similar,  but  faster 
creep  rates.  The  as-received  microstructure  crept  at  a  significantly  greater  rate  than  all  other 
structures. 
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B.  Steady  State  Creep  Rate  as  a  Funaion  of  Stress 


In  Figures  Sa-c,  the  SSCR  as  a  function  of  stress  at  6S0°C,  760°C,  and  870°C,  respectively,  is 
shown  for  multiple  specimens  representing  all  four  microstructures  considei^  in  this  wt^. 
Test  stresses  ranged  fit>m  a  high  of  312  MPa  to  a  low  of  31.4  MPa.  The  as-received  nnatetial, 
possessing  an  equiaxed  02  microstructure,  had  the  highest  creep  rate  at  all  stresses  and,  in 
general,  the  microstructures  with  a  smaller  02  lath  size  (1200AC  and  lOOOAC-lS)  crept  faster 
dian  the  material  with  a  larger  lath  size,  i.e.,  the  lOOOAC-30  nnaterial.  The  inferiority  of  the 
creep  resistance  of  the  as-received  microstructure  was  reduced  at  high  stresses.  The 
intermediate  creep  rate  of  the  1200AC  and  lOOOAC-lS  materials  was  quite  similar.  At  all 
temperatures,  the  distinctive  result  is  the  inferior  creep  tesistarxx  of  the  as-received  nuterial. 

C.  Steady  State  Creep  Rate  as  a  Function  of  Temperature 

Figures  6a  and  6b  show  the  effect  of  temperature  on  SSCR  for  three  microstructures.  The  slope 
of  log  SSCR  vs.  reciprocal  temperature  (1/T)  is  Q,,  the  apparent  activation  energy  of  creep. 
Figure  6a  shows  Q.  for  three  microstructures,  AR,  lOOOAC-lS,  and  1200AC,  crept  at  the 
constant  stress  of  31.4  MPa.  Figure  6b  shows  values  of  Qt  obtained  when  the  same  three 
mictostructutes  were  crept  at  100  MPa.  The  as-received  microstructure  has  the  smallest  Qt  at 
both  stresses,  while  the  two  lath-type  microstructures  have  larger  creep  activation  energies.  As 
stress  level  increases,  activation  energy  decreases. 

Discussion 

The  term  "plate"  has  been  used  to  describe  the  morphology  of  the  02  phase  seen  in  titanium 
aluminide  alloys,  but  it  is  proposed  that  a  more  appropriate  term  to  use  to  describe  this  phase  is 
"lath,"  with  dimensions  a<b«c.  In  this  research  and  other  work  |10),  the  equiaxed  phase 
was  seen  with  a  diameter  equal  to  the  az  lath  width,  not  the  long  dimensions  of  the  laths. 
Considering  results  from  the  various  creep  tests  performed  in  this  research,  the  most  obvious 
conclusion  is  that  the  as-received  plate  with  an  equiaxed  02  microsiructure  has  the  poorest  creep 
resistance  by  at  least  an  order  of  magnitude  at  all  stresses  and  temperatures.  Inde^,  as  seen  in 
Figure  7,  this  microstructure's  poor  creep  resistance  is  highlighted  when  compared  to  creep  test 
results  obtained  by  other  researchers  on  titanium  aluminides  113-51. 

The  slip  length,  corresponding  to  the  lath  width  or  equiaxed  02  phase  diameter,  has  been 
suggested  to  be  an  important  factor  determining  creep  rate  in  titanium  alloys  111,12]. 
Dislocations  glide  on  slip  planes  until  stopped  by  a  barrier  such  as  B  film-az  lath  interfaces  or 
az/az  interfaces.  Pile-ups  form  and  plastic  deformation  is  effectively  halted,  as  has  been 
observed  in  the  creep  at  low  stresses  of  Ti-24A1-1  INb  ISJ.  The  stress  level  during  creep  testing 
is  usually  below  the  yield  strength  of  a  material  so  the  chance  for  a  slip  band  to  break  a  barrier 
is  quite  small  and  slip  length  thus  limits  the  extent  of  creep  deformation.  Mobile  dislocations  are 
confined  to  individual  az  laths. 

As  lath  dimensions  increase,  slip  length  increases  and  the  end  result  after  creep  deformation 
should  be  a  greater  strain  or  creep  rate.  Thus,  fine-grained  materials  or  fine-lathed 
microstructures  should  have  superior  creep  resistance,  contrary  to  the  evidence  found  in  this 
work  which  suggests  that  the  coarse-lathed  lOOOAC-30  microstructure  has  a  creep  rate  superior 
to  that  of  the  fine-lathed  1200AC  and  lOOOAC-lS  microstnictures.  The  data  in  Table  II,  which 
lists  the  diameter  of  the  equiaxed  az  phase  and  the  az  lath  widths  found  in  microstructures  used 
in  this  research,  do  not  suggest  a  correlation  between  increase  in  lath  size  and  increase  in  creep 
rate.  In  addition,  the  as-received  equiaxed  az  phase  diameters  are  not  significantly  larger  than 
the  average  width  of  the  coarse  az  laths.  Therefore,  phase  dimension-slip  length  consitterations 
do  not  appear  to  be  sufficient  explanations  of  the  creep  test  results.  The  degree  of  lath 
coarseness  in  Ti-24A1- 1 1  Nb  basketweave  specimens  may  not  be  as  important  as  the  az  phase 
morphology  and  deformation  texture  present  in  this  alloy  because  of  the  type  of  slip  system 
which  is  commonly  observed  to  operate  in  the  az  phase. 


1,255 


CnviM  %  ^  C«ylr.ln 


Figure  4.  Creep  strain  vs.  tune  at  a)  6S0*C,  Figure  5.  SSCR  vs.  stress  at  a)  6S(fC, 
b)  7«)*C,  and  c)  870»C.  b)  760PC,  and  c)  870^. 
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Figure  6.  SSCR  vs.  1/T  at  a)  31.4  MPa  and  b)  100  MPa. 

Orientation  of  the  at  crystal  lattice  to  the  tensile  axis  may  be  as  significant  as  dimensional 
aspects.  In  a  basketweave  microstructure,  the  laths'  orientations  are  related  if  they  nucleate  and 
grow  in  the  same  B  gpin.  However,  the  crystal  lattices  within  individual  laths  might  be 
expected  to  have  a  variety  of  orienutions  to  the  creep  specimen  load  axis  during  a  creep  test. 
The  colony  microstructure  in  titanium  alloys  has  been  suggested  to  possess  a  longer  effective 
slip  length  because  of  parallel  orientation  of  a  or  02  lath  crystal  lattices  in  each  packet 
In^vidual  dislocations  are  not  able  to  move  fitom  one  lath  to  the  next,  but  the  addition  of  the 
individual  slip  lengths  within  each  lath  leads  to  a  longer  effective  slip  length.  It  has  been 
reported  that  when  there  is  lath  alignment  resulting  in  a  colony  structure  in  conventional 
titanium  alloys,  creep  rate  increases  (13,14].  However,  B-soludonized,  slow-cooled  Ti-25A1- 
10Nb-3V-lMo  with  a  colony-type  structure  was  shown  to  have  creep  resistance  superior  to  a 
basketweave  microstructure  at  all  stresses  at  760^C  (8|.  At  650^0,  the  colony  microstructure 
had  the  best  creep  resistance  only  at  "relatively  tow”  stresses,  which  were  actuMly  less  than  300 
MPa  and  greater  than  150  MPa.  These  observations,  as  well  as  the  results  of  this  woik,  lead  to 
the  conclusion  that  factors  other  than  slip  length,  such  as  diffusion  rates  through  the  B  phase, 
are  important  in  describing  the  creep  of  these  aUoys. 

The  equiaxed  at  phase  presents  approximately  the  same  diameter  when  viewed  or  stressed 
from  any  direction,  although  some  elongation  of  equiaxed  at  is  present,  as  seen  in  Figure  1. 
The  evidence  of  deformation  texture  manifested  in  the  ((XX)1)  pole  figure  obtained  from  the  as- 
received  plate.  Figure  3,  suggests  that  there  is  a  preferr^  orientation  of  basal  planes 
perpendicular  or  nearly  perpendicular  to  the  tensile  axis.  A  possible  result  of  the  preferred 
orientation  is  the  enhanc^  alignment  of  crystal  lattices  from  one  equiaxed  region  to  another. 
'Thus,  it  may  be  possible  for  slip  bands  to  have  effective  lengths  longer  than  the  diameter  of  the 
equiaxed  phase.  In  other  words,  when  dislocations  reach  the  equiax^  02  phase  boundary,  they 
ww  most  likely  not  be  able  to  slip  into  an  adjacent  area  of  equiaxed  at,  but  it  will  probably  be 
easier  to  nucleate  dislocations  in  this  adjacent  area  if  there  is  alignment  of  slip  planes.  Also,  if 
there  are  dislocation  sources  in  adjacent  areas  of  at  phase,  a  reasonable  assumption,  this  will 
lead  to  a  longer  effective  slip  length,  as  seen  schematically  in  Figure  8.  The  direction 
elongation  of  the  02  phase  due  to  cross-rolling  is  parallel  to  the  creep  load  axis  of  the  creep 
specimen,  as  a  result  of  the  method  of  machining.  Therefore,  the  basal  planes  should  be 
miented  at  tight  angles  to  the  long  dimension  of  &s  phase.  Elongation  of  the  equiaxed  02 
phase  therefore  should  not  contribute  to  lengthening  of  sup  distance. 

The  equiaxed  morphology  in  the  cross-rolled  plate  is  present  due  to  deformation  of  the  material, 
and  consequently  not  seen  in  undeformed  material.  Strain  introduced  into  the  material  with 
subsequent  annealing  in  the  a2+B  range  has  caused  recrystallization  of  the  material.  The 
structure  which  results  after  deformation  and  annealing  consists  of  a  two-phase  microstnicture 
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Figure  7.  SSCR  vf.  stress  at  6S0*C  for  Figure  8.  Slip  length  of  three  possiUe 

various  titanium  aluminides.  02  morphologies. 
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Abstract 

The  titanium  aluminide  Ti2NbAl  (O  phase)  has  been  shown  to  have  potential  as 
an  elevated  temperature  structural  material,  but  the  mechanical  properties  of  O 
phase-containing  alloys  are  strongly  dependent  upon  microstructure  and  phase 
constitution.  Good  understanding  of  phase  relations  in  this  system  are  needed 
for  alloy  design.  Isothermally  aged  and  water  quenched  Ti-Al-Nb  samples  were 
examined  by  analytical  electron  microscopy  to  determine  the  identity  and 
composition  of  constituent  phases.  Isothermal  phase  relations  between  the  O 
(ordered  orthorhombic,Cmcm),  02  (DO19)  and  Po  (B2)  phases  were  determined  at 
900OC. 


Introduction 

Recent  alloy  development  to  improve  both  creep  resistance  and  room 
temperature  fracture  toughness  of  TiaAl-base  ^oys  has  led  to  the  identification 
of  a  new  class  of  ordered  orthorhombic  Ti2NbAl-ba8e  alloys  [1-3].  Studies  of  the 
mechanical  properties  of  these  alloys  have  shown  that  they  have  higher 
strength,  specific  strength  and  fracture  toughness  than  alloys  based  upon  TisAl 
[3-7].  More  active  slip  systems  have  been  oteerved  in  the  ordered  Ti2NbAl  phase 
than  in  TiaAl  at  both  room  temperature  and  650°C  [8, 9]. 

The  attractive  properties  of  these  alloys  have  driven  a  need  to  understand  phase 
relations  and  transformations  so  that  the  effects  of  processing  and  heat 
treatment  can  be  interpreted  on  the  basis  of  known  phase  relations  and 
compositions.  This  paper  is  an  attempt  to  establish  an  equilibrium  ternary 
isothermal  phase  section  for  the  Ti-Al-Nb  system  at  the  important  processing 
temperature  of  9()0”C.  A  preliminary  isothermal  section  at  900‘’C  was  published 
in  reference  10  using  alloy  A  to  establish  the  ternary  0-t-po'HX2  phase  field.  The 
present  study  presents  results  on  24  additional  compositions. 

Experimental  Technique 

Alloys  were  triple  non-consumable  arc  melted  to  assure  homogeneity.  Two 
series  were  prepared.  One  series  of  allojrs,  M  through  Z,  was  drop  cast  into  12.5 
mm  diameter  copper  chill  molds  and  homogenized  at  1400°C  for  24  hours. 

These  alloys  were  used  to  determine  the  extent  of  the  single  phase  B2  field  at 
SOO^C.  The  second  series  of  alloys,  C  through  L,  was  drop  cast  into  30  mm 
diameter  chill  molds  then  hot  die  forged  or  extruded.  Alloy  A  was  consumable 
VAR  double  melted  followed  by  forging  and  hot  rolling.  Alloy  B  was  drop  cast 
and  heat  treated  (there  was  no  extrusion).  The  second  series  was  homogenized 

TitanHim  '92 
$d«fK«  and  T»chno)om 
Editod  by  F.H.  Froof  and  I.  doplon 
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at  1200  or  1250°C  and  used  to  establish  tie-line  compositions  between  the  Pq,  O 
and  02  phase  fields. 

Samples  were  abrasively  cleaned  and  etched  with  a  nitric-hydrofluoric  solution 
to  remove  surface  oxide  prior  to  encapsulation.  Alloys  C-L  were  wrapped  in  Ta 
foil  and  welded  into  CP  titanium  tubes  in  an  argon  glovebox.  The  titanium  tubes 
were  then  encapsulated  with  a  piece  of  yttrium  metal  in  a  quartz  tube  filled  with 
high  purity  argon  gas.  12.5  mm  diameter  samples  of  alloys  M-Z  were  wrapped 
in  Ta  foil  and  directly  encapsulated  in  quartz  tubes  in  high  purity  argon. 
Encapsulated  samples  were  placed  in  a  furnace  after  homogenization  in  the 
high  temperature  single  phase  field  and  aged  at  900‘’C.  After  the  heat  treatment 
at  900°C,  the  capsules  were  broken  under  water  to  quench  the  samples. 

Samples  of  alloys  I,  J,  K  and  A  were  water  quenched  from  the  single  phase  B2  or 
beta  phase  fleld  for  use  as  bulk  composition  standards.  They  were  analyzed  by 
electron  microprobe  (EPMA)  using  elemental  standards.  The  average 
composition  of  remaining  alloys  was  then  determined  using  X-ray  fluorescence 
(XRF)  and  EPMA  of  homogenized  beta  quenched  samples  using  alloy  I  as  a 
standard.  There  was  good  agreement  between  samples  analyzed  using  both 
XRF  and  EPMA.  The  results  of  titanium,  aluminum  and  niobium  analysis  are 
tabulated  in  Table  1. 

Gas  fusion  analysis  was  used  to  determine  the  interstitial  content  of  some  of  the 
alloys.  Oxygen  contents  ranged  from  500  to  1000  wppm.  Carbon  contents  were 
less  than  275  wppm.  It  should  be  noted  that  ultra  low  interstitial  starting 
materials  were  not  used  because  results  which  corresponded  to  commercial 
purity  materials  were  desired  for  alloy  design  and  interpretation.  The  oxygen 
contents  of  alloys  U,  V  and  W  were  analyzed  after  heat  treatment  and  found  to  be 
1170,  900  and  610  wppm,  respectively.  This  verified  that  o^gen  pickup  during 
heat  treatment  was  not  a  significant  factor.  Nonetheless,  individual  phase 
composition  analyses  were  made  from  regions  well  away  from  the  surface  of  the 
samples. 

Table  1.  Alloy  Compositions  and  analysis  technique  i. 

Alloy  Composition,  at.%  Alloy  Composition,  at.% 

Ti-19.9Al-20.2Nb  **  5!  Ti-5.3Al-30.6Nb  t 

Ti-19.6Al-29.6Nb**  N  Ti-6.lAl-35.0Nbt 

Ti-24.7Al-29.8Nb  *  O  Ti-6.lAl-52.0Nb  t 

Ti-28.5Al-24.lNb*  P  Ti-8.0Al-37.6Nb  t 

Ti-20.7Al-31.9Nb  *  Q  Ti-10.lAl-34.6Nb  t 

Ti-23.2Al-17.lNb**  R  Ti-9.9Al-39.2Nbt 

Ti-26.4Al-23.3Nbt  S  Ti-10.4Al-30.3Nbt 

Ti-25.8Al-21.0Nbt  T  Ti-9.3Al-44.7Nbt 

Ti-21.8Al-25.4Nbt  U  Ti-14.0Al-30.7Nbt 

Ti-22.lAl-22.0Nb  *  V  Ti-14.0AI-36.0Nb  t 

Ti-25.2Al-15.7Nb  W  Ti-14.2Al-39.lNbt 

Ti-30.8Al-12.5Nb  X  Ti-19.lAl-26.0Nbt 

Ti-30.3Al-25.7Nbt  Y  Ti-19.9Al-21.0Nbt 

The  compositions  of  individual  phases  in  samples  which  were  isothermally 
aged  at  900°C  were  established  by  EPMA  or  analytical  electron  microscopy 


*  *  Wet  chemical  analysis 

**  -  Electron  microprobe  using  Alloy  I  as  a  standard 
t  -  X-ray  Fluorescence  using  Alloy  I  as  a  standard 
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(AEM)  using  appropriate  correction  factors  for  absorbtion  as  described  by 
Muraleedharan,  et.al.  [10,  11]. 


Experimental  Results 

A  series  of  25  alloys  was  annealed  for  times  ranging  from  24  to  600  hours  at 
900°C.  The  heat  treatments  are  tabulated  in  Table  2.  The  number  of  phases  in 
each  sample  was  determined  by  optical  microscopy,  backscattered  electron 
microscopy  or  AEM  to  establish  single,  two  phase  and  three-phase  regions  of  the 
isothermal  phase  diagram.  The  ciystal  structures  of  the  single  phase  a2,  Po> 
and  O  fields  were  determined  hy  selected  area  electron  diffraction  (SAD)  and 
convergent  beam  electron  diffraction  (CBED)  of  two  and  three  phase  samples. 
The  results  were  plotted  on  a  partial  900°C  isothermal  Ti-Al-Nb  section  between 
Ti,  Ti-60A1  and  Ti-60Nb,  Figure  1.  The  positions  of  the  Po  (B2),  O  (Cmcm)  and  02 
(DO  19)  phase  boundaries  were  based  upon  the  compositions  of  single  phase  alloys 
plus  analysis  of  the  volume  fractions  of  the  lath  and  matrix  phases  in  two  phase 
samples  near  the  phase  boundaries. 

Table  2.  Heat  treatment  and  number  of  phases  present  after  annealing  at  900°C. 

Number 

Alloy  Heat  Treatment  of  Phases 

J  1250°C/100  hr/CC  +  900“C/600  hrAVQi  I 

I  1250‘‘C/100  hr/CC  +  OOOoC/eOO  hrAVQ  1 

F  1250<’C/24  hr/CC  +  900“C/600  hr/WQ  1 

M  1400^/24  hr/CC +  900'’C/600  hr/WQ  1 

N  1400'’C/24  hr/CC  +  OOO'C/eOO  hrAVQ  1 

0  1400‘’C/24  hr/CC  +  900'C/600  hr/WQ  1 

P  1400‘’C/24  hr/CC  +  OOO'C/eOO  hr/WQ  1 

Q  1400‘’C/24  hr/CC  +  OOOoC/eOO  hrAVQ  1 

R  1400‘’C/24  hr/CC  +  900‘’C/600  hrAVQ  1 

S  1400'’C/24  hr/CC  +  SOO'C/BOO  hrAVQ  1 

T  1400°C/24  hr/CC  +  OOO’C/eOO  hrAVQ  1 

U  1400'’C/24  hr/CC  +  900'’C/600  hrAVQ  2 

V  1400°C/24  hr/CC  +  SOO'C/BOO  hrAVQ  2 

W  1400'’C/24  hr/CC  +  900‘’C/600  hrAVQ  2 

X  1400°C/24  hr/CC  +  900'’C/600  hrAVQ  2 

Y  1400'’C/24  hr/CC  +  900‘’C/600  hr/WQ  2 

C  1300°C/24  hr/WQ  +  BOO^C/BOO  hrAVQ  2 

D  1300‘’C/24  hrAVQ  +  BOOOC/SOO  hrAVQ  2 

E  1250'’C/100  hr/CC  +  900“C/600  hrAVQ  2 

G  1250°C/100  hr/CC  +  SOO'O/BOO  hr/WQ  2 

H  1250'’C/100  hr/CC  +  BOO'C/BOO  hr/WQ  2 

K  1250'’C/100  hr/CC  +  BOO'C/BOO  hr/WQ  2 

L  1250'’C/100  hr/CC  +  BOO'C/BOO  hrAVQ  2 

B  1060‘’C/4hr/0.1'’C/sec  +  B00‘’C/16  hr/WQ  2 
A  1020°C/6  hr/WQ  +  B00’’C/24  hrAVQ  3 

Z  1400‘’C/24  hr/CC  +  BOCC/BOO  hr/WQ  3 


^  CC:  Encapsulated  sample  pulled  into  a  water-coooled  cooling  chamber  under  Ar  gas. 
W  Q :  Water  quenched,  breaking  the  quartz  capsule. 


Only  the  phase  fields  which  defined  the  two  phase  O-i-Po  02+^0  regions  and 
the  three  phase  0-t-po+a2  region  have  been  represented  in  Figure  1.  The 
positions  of  ternary  alp^,  omega  and  gamma  phases  were  not  determined. 
Binary  Ti-Nb  alloys  have  a  diso^ered  b^  structure  at  900°C,  but  the 
compositions  along  the  ^  solvus  line  all  had  ordered  B2  ordering  [12],  This 
indicated  a  p/^o  boundary  which  was  left  undetermined. 

The  microstructure  of  the  alloy  J  (Ti-25.8Al-21.0Nb)  is  shown  in  Figure  2(a).  It 
was  single  phase  ordered  orthorhombic  (O)  as  determined  by  CBED,  Figure  2(b). 
The  symmetry  of  the  crystal  structure  was  consistent  with  Cmcm  [1]. 

TI 


■n-60Nb  TI-60AI 

Figure  1.  Ternary  Ti-Al-Nb  section  at  OOD^C  showing  the  number  of  phases 
present  in  annealed  samples.  The  solid  points  were  single  phase  at  900°C, 
half-filled  points  had  two  phases  and  open  points  divided  into  three  segments 
contained  three  phases. 


Two  phase  alloys  near  the  O  phase  field  boundary  had  little  Po  matrix  phase  and 
a  high  O  phase  lath  density.  An  example  is  alloy  K  (Ti-21.8Al-25.4Nb),  Figure  3. 
The  crystal  structures  of  both  the  matrix  and  lath  phases  of  alloy  K  were 
identihed  by  CBED.  It  consisted  of  O  laths  in  a  Po  (B2)  matrix.  Lower  aluminum 
alloys  whose  composition  was  near  the  po  phase  field  boundary  had  low  O  phase 
lath  volume  fractions.  An  example  was  alloy  U  (Ti-14.0Al-30.7Nb),  Figure  3. 

The  highest  density  of  O  laths  in  alloy  U  was  observed  at  grain  boundaries. 


Tie-line  determinations:  The  tie  lines  between  the  Po,  0  and  02  phases  were 
determined  in  samples  taken  from  the  two  and  three  phase  fields  between  these 
phases  at  900°C.  Quantitative  AEM  analyses  were  made  from  both  interior  lath 
and  matrix  phases  as  well  as  grain  boundary  phases  using  alloys  I  and  A  as 
composition  standards.  The  alloy  I  standard  was  also  used  to  determine 
calibration  factors  for  EPMA  and  AEM  analyses  of  the  composition  of  individual 
phases  in  900°C  heat  treated  samples. 
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Continuous  O  phase  plus  an  0-depleted  zone  occurred  at  grain  boundaries  of 
most  samples.  The  grain  boundary  0  phase  had  the  same  composition  as  0 
phase  laths  in  grain  interiors.  EPMA  and  ASM  analyses  agreed.  Tie  line 
compositions  determined  by  AEM  and  EPMA  are  shown  in  Figure  5.  Tie  lines 
were  drawn  from  a  center  point  denoting  the  average  analyzed  composition  of 
the  alloy.  The  tie-line  of  alloy  E  was  shown  dashed  because  chemical  analysis  of 
that  alloy  was  by  wet  chemical  analysis,  not  XRF  or  EPMA.  Tie  line 
compositions  reported  by  Kestner-Weykamp,  et.al  [13]  which  were  determined 
by  annealing  the  alloy  Ti-24Al-llNb  for  24  hrs.  at  900°C  were  included. 


Figure  2(a).  Transmission  electron  Figure  2(b).  Convergent  beam  electron 
micrograph  of  alloy  J  (Ti-25.8A1-  diffraction  pattern  of  the  basal  zone  of 

21.0Nb)  annealed  600  hours  at  900°C.  the  O  phase  observed  in  alloy  J. 


Figure  3.  Transmission  electron  Figure  4  Optical  micrograph  of  alloy  U 

micrograph  of  alloy  K  (Ti-21.8A1-  (Ti-14.0Al-30.7Nb)  which  was  annealed 

25.4Nh)  annealed  600  hrs  at  SOO’C.  600  hours  at  OOG^C. 


The  identities  of  the  phases  in  Figure  5  are  denoted  by  the  symbols  at  the  ends  of 
the  tie  lines.  Filled  circles  denote  0  phase,  cross-hatched  circles  denote  Po  phase 
and  shaded  circles  denote  03  phase.  Phase  identifications  were  by  CBED  and 
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SAD.  Phase  identity  was  consistent  with  the  phase  boundaries  defined  in 
Figure  1.  Tie  lines  determined  only  by  electron  microprobe  are  shown 
terminated  by  open  circles. 

Tie  lines  were  not  straight  lines  through  the  average  composition.  Tie-line 
phase  aluminum  contents  did  not  agree  with  the  phase  boundaries  determined 
from  single  phase  samples  and  the  estimates  of  the  phase  boundary  position 
based  upon  the  volume  fractions  of  lath  phase  in  two  phase  alloys  near  the  Po 
phase  boundary.  In  contrast,  there  was  good  agreement  between  O  phase  tie 
line  compositions  and  the  phase  boundary  defined  by  single  phase  O  samples. 


Figure  5.  Section  of  the  SOO^C  Ti-Al-Nb  ternary  diagram  showing  tie  line 
compositions  determined  by  EPMA  and  AEM.  The  tie  line  results  are 
superimposed  with  phase  boundaries  from  Figure  1. 

Table  3.  Tie-line  compositions  for  alloys  J  and  K  at  1000°C. 


Average  0  Phase 

Composition  Heat  Treatment  at.% 


po  Phase 
at.% 


J  Ti-25.8Al-21.0Nb  1260°C/100  hr  +  Ti-27.2A1.19.6Nb  Ti-26.0Al-23.0Nb 
gOO^C/dOO  hr/WQ 

K  Ti-21.8AI-25.4Nb  1250<’C/100  hr  +  Ti-26.6Al-16.7Nb  Ti-21.8AI-26.3Nb 
SOO'C/eOO  hr/WQ 

At  1000°C,  alloys  J  and  K  both  lay  in  the  two  phase  Po-i-O  phase  field.  The  tie-line 
compositions  between  Po  and  O  for  alloys  J  and  K,  which  were  given  the  same 
homogenization  treatment  and  aged  for  €00  hours  at  1000°C,  are  shown  in  Table 


3.  The  important  observation  from  this  1000°C  data  is  that  the  aluminum 
content  of  the  Po  phase  of  both  alloys  is  close  to  the  average  composition  of  each 
alloy.  This  suggests  that  it  was  difficult  to  achieve  an  equilibrium  Po  aluminum 
content  in  600  hours,  even  at  an  annealing  temperature  of  1000°C. 

Discussion  of  Results 

There  were  several  indications  that  the  po  composition  of  the  two  and  three 
phase  samples  annealed  600  hours  at  900°C  had  not  fully  equilibrated.  The  first 
was  that  the  aluminum  composition  of  the  po  tie-line  compositions  was  3  to  4 
at.%  higher  than  the  composition  determined  by  interpolation  between  alloys 
straddling  the  phase  boundary.  It  was  also  apparent  ^at  tie  lines  between  0 
and  po  phase  compositions  did  not  pass  through  the  average  composition  of  the 
alloy.  Third,  there  were  indications  that  even  at  1000°C,  equilibrium  aluminum 
content  in  the  Po  phase  was  hard  to  achieve  over  large  compositional  separations 
between  the  average  alloy  composition  and  the  Po  phase  boundary. 

We  hypothesize  that  the  reason  for  the  lack  of  equilibration  of  the  aluminum 
content  in  the  po  phase  is  a  low  diffiisivity  of  A1  in  the  Po  phase.  Anti-phase 
domains  (APD's)  were  not  observed  in  the  Po  phase  (B2)  after  quenching,  and 
from  this,  we  inferred  that  the  po  phase  was  ordered  at  900°C.  If  the  Po  phase 
had  ordered  upon  quenching  one  would  expect  to  see  fine  APD's  [13, 14]. 

The  O  phase  compositions  that  were  determined  from  the  tie-lines  agreed  with  0 
phase  compositions  of  single  phase  annealed  samples  I  and  J.  This  suggests 
that  the  compositions  defined  by  the  tie  lines  of  alloys  E,  D,  K,  and  L  indicate  the 
O  phase  boundary.  It  shows  that  the  Nb  solubility  range  of  the  0  phase  is  large, 
approximately  15  at.%.  The  lowest  A1  content  for  the  0  phase  was 
approximately  25  at.%  over  this  Nb  range,  and  the  highest  A1  content  was  less 
than  30  at.%.  This  lower  range  of  solubility  for  aluminum  relative  to  niobium 
may  be  due  to  the  site  occupation  of  A1  and  Nb  in  the  0  phase  structure.  A1 
atoms  have  been  shown  to  exclusively  occupy  one  set  of  sites,  while  Nb  atoms  are 
preferred  for  one  set  of  Ti,Nb  subsites  but  occupy  a  fraction  of  the  other  subsites 
[1,  2].  It  would  thus  appear  that  variation  in  the  ratio  of  niobium  to  titanium 
atoms  may  be  accomodated  by  adjustment  of  the  occupation  fraction  of  niobium 
between  these  two  subsites. 

Some  samples  had  a  thick  grain  boundary  O  phase  or  a  higher  lath  density  near 
grain  boundaries  than  in  gram  interiors.  The  composition  of  the  grain 
boundary  O  phase  was  the  same  as  the  composition  of  thick  grain  interior  laths, 
however,  suggesting  that  nucleation  of  0  phase  rather  than  diffusion  kinetics 
led  to  this  variation  in  O  phase  volume  fraction  and  growth  mechanism. 

Conclusions 

*  It  has  been  established  that  at  900°C,  an  ordered  orthorhombic  phase  with 
Cmcm  symmetry  lies  between  25  and  28  at.%  A1  for  Nb  contents  of  15  to  30  at.%. 

*  The  Po  phase  had  an  ordered  B2  (CsCl  structure)  crystal  structure  for 
compositions  near  the  aluminum  solubility  limit  for  this  phase  (approximately 
13-15  at.%  Al). 

*  Single  and  two  phase  samples  which  had  average  compositions  near  the  Po 
phase  boundary  composition  were  used  to  define  the  Po  boundary. 

Compositional  shifts  for  the  Po  phase  were  not  large  in  these  alloys  so  that 
precipitation  of  O  phase  indicated  the  equilibrium  boundary  position. 

*  Disagreement  between  the  Po  phase  boundary  compositions  and  Po  tie-line 
compositions  suggested  that  equilibration  of  the  Po  phase  was  not  achieved  in  600 
hours  at  OOO^C  over  the  10  to  12  at.%  Al  composition  range  between  the  Po  and  O 
phases. 
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Abstract 

Investment  cast  gamma  titanium  aluminides  are  candidate  materials  for 
use  within  advanced  aircraft  engine  designs  due  to  their  low  density  and 
elevated  temperature  capabilities.  To  better  define  the  role  of  these 
materials  for  such  applications,  the  relationship  between  microstructure 
and  mechanical  properties  have  been  characterized  for  several  cast 
gamma  alloy  compositions.  In  this  paper,  the  relative  effects  of 
equiaxed  gamma  and  lamellar  (alpha2/gamma)  constituents  on  room 
and  elevated  temperature  tensile  properties,  fracture  toughness,  and 
creep  behavior  are  discussed.  It  is  shown  that  the  presence  of  lamellar 
colonies  increases  the  fracture  toughness  and  creep  resistance  of  cast 
gamma  alloys,  while  maximum  tensile  ductilities  are  associated  with  the 
equiaxed  gamma  phase.  Therefore,  a  duplex  microstructure  containing 
relatively  equal  fractions  of  equiaxed  gamma  and  lamellar  constituents 
results  in  the  best  overall  balance  of  mechanical  properties. 

Introduction 

Monolithic  gamma  titanium  aluminides  are  candidate  materials  for  the 
replacement  of  nickel-based  superalloys  in  selected  air.raft  engine 
components  due  to  their  low  density,  high  modulus  and  strength  at 
elevated  temperature,s,  and  good  environmental  resistance  (1). 
However,  their  poor  room  temperature  ductility  and  impact  resistance 
have  traditionally  limited  their  widespread  use  within  advanced  engine 
designs.  In  recent  years,  the  development  of  new  alloy  compositions  has 
created  considerable  interest  in  gamma  alloys  for  selected  applications, 
such  as  low  pressure  turbine  blades  and  .structural  components  (2).  Yet, 
the  successful  manufacture  of  these  components  by  wrought  processing 
methods  is  rather  difficult  due  to  the  relatively  low  ductility  of  these 
materials  at  moderate  hot  working  temperatures.  By  contrast, 
investment  casting  technology  offers  several  advantages  for  the 
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processing  of  gamma  alloys;  namely,  the  elimination  of  complex  thermal 
processing  sequences  and  the  ability  to  manufacture  near-net  shape 
components  (3-5).  Unfortunately,  the  vast  majority  of  mechanical 
property  measurements  on  gamma  alloys  have  been  performed  on 
wrought  processed  material.  Therefore,  an  effort  was  undertaken  to 
expand  our  knowledge  of  the  relationships  between  the  microstructures 
and  mechanical  properties  of  common  gamma  alloys  in  the  investment 
cast  product  form.  This  paper  will  summarize  these  efforts,  with 
particular  attention  paid  to  the  effects  of  microstructural  constituents  on 
the  tensile,  fracture  toughness,  and  creep  properties  of  these  materials. 

Microstructural  Development  in  Cast  Gamma  Alloys 
Preliminary  efforts  targeted  the  identification  of  baseline  heat 
treatments  to  produce  a  full  range  of  microstructures  in  common  two- 
phase  gamma  alloy  compositions.  Prior  to  heat  treatment,  all  cast 
material  is  subjected  to  a  hot  isostatic  pressing  (HIP)  cycle  at 
1260°C/172  MPa  for  4  hours  to  close  any  microporosity  retained  from 
the  casting  operation.  To  tailor  the  relative  fractions  of  equiaxed  gamma 
phase  and  lamellar  (alpha2/gamma)  constituent,  elevated  temperature 
heat  treatments  in  the  alpha+gamma  phase  field  are  utilized.  These 
investigations  resulted  in  the  selection  of  the  following  heat  treatments 


for  further  mechanical  property  evaluation; 

A 

1300°C/20h/GFC 

Equiaxed  y 

C 

1350'’C/0.5h/GFC 

Lamellar(a2/Y) 

F 

1350°C/0.5h/I300°C/10h/GFC 
(GFC=gas  fan  cooling  at  l®C/s) 

Lamellar  +  y 

Typical  microstructures  produced  by  these  heat  treatments  are  shown  in 
Figure  1  for  Ti-48Al-2Nb-2Cr  (at.%),  providing  evidence  that  cast  gamma 
alloys  can  be  readily  manipulated  to  produce  a  wide  variety  of 
microstructures.  Of  particular  importance  is  the  relative  size  of  the  cast, 
HIP'ed  and  heat  treated  microstructures,  which  are  generally  coarser 
than  typical  wrought-processed  material.  The  microstructures  shown  in 
Figure  1  and  the  mechanical  properties  cited  below  were  taken  from  the 
center  portion  of  15.8  mm  diameter  cast  test  bars.  As  expected,  the 
microstructural  feature  size  of  cast  gamma  titanium  aluminides  is 
known  to  scale  directly  with  the  cast  section  size  (6).  Therefore,  the 
resulting  mechanical  properties  of  cast  gamma  alloys  can  be  somewhat 
influenced  by  the  section  size  of  the  casting  being  evaluated  and  should 
be  interpreted  accordingly. 


Tensile  Properties 

Room  and  elevated  temperature  tensile  properties  of  several  gamma 
alloy  compositions  are  given  in  Table  I  as  a  function  of  initial 
microstructure.  These  data  indicate  that  the  tensile  ductility  of  cast 
gamma  is  maximized  by  the  presence  of  the  equiaxed  gamma  phase. 
This  result  is  rationalized  by  the  observation  of  reduced  transfer  of  slip 
and  twinning  dislocations  across  alpha2  laths  within  the  lamellar 
colonies  when  compared  to  the  dislocation  activity  within  the  equiaxed 
gamma  grains  (7).  However,  the  overall  strength  and  ductility  of  the 
cast  alloys  are  approximately  40-50%  lower  than  material  processed  by 
wrought  or  powder  metallurgy  techniques  (8,9).  This  is  likely  due  to  the 
generally  increased  grain  size  of  the  cast  product  form  relative  to  typical 
wrought-processed  material. 


Table  I  -  Room  and  Elevated  Temperature  Tensile  Properties 
of  Cast  Gamma  Titanium  Aluminide  Alloys 


Alloy 

Composition 

(at%) 

Test 

Temperature 

(*C) 

Heat 

Treatment 

Yield 

Strength 

(MPa) 

Ultimate 

Strength 

(MPa) 

Plastic 

Elongation 

(%) 

Ti-48A1-2V 

20 

A 

338 

475 

1.6 

C 

357 

414 

0.5 

F 

303 

386 

0.9 

Ti-48Al-2Nb-2Cr 

20 

A 

324 

443 

2.3 

C 

336 

432 

1.5 

F 

292 

397 

1.6 

760 

A 

268 

391 

58.0 

F 

301 

426 

57.2 

Ti-48Al-2Mn-2Nb  20 

A 

276 

422 

2.2 

C 

328 

391 

0.9 

F 

277 

406 

2.0 

760 

A 

258 

384 

40.7 

F 

278 

409 

36.7 

Fracture  Toughness 

The  effect  of  microstructure  on  the  room  temperature  short  rod  fracture 
toughness  values  of  several  gamma  alloys  is  shown  in  Figure  2.  In 
general,  the  presence  of  lamellar  colonies  increases  the  fracture 
toughness  of  cast  gamma  alloys  to  levels  approaching,  if  not  exceeding, 
that  measured  for  wrought-processed  material  (8).  The  measured 
increase  in  toughness  is  attributed  to  the  formation  of  shear  ligaments 
due  to  significant  crack  deflection  and  branching  during  the  fracture  of 
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Figure  2:  Effect  of  lamellar  content  on  the  room  temperature 
short  rod  fracture  toughness  of  cast  gamma 


Figure  3:  Fracture  surface  of  Ti-48AI-2Nb-2Cr  (at.%) 
room  temperature  KicsR  specimen,  HT  F 
(Kicsr  =  32  MPaVm) 
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the  lamellar  colonies  (10).  Figure  3  provides  support  for  this  premise, 
as  the  low  energy  cleavage  failure  of  equiaxed  gamma  grains  is 
accompanied  by  the  relatively  high  energy  fibrous  tearing  of  adjacent 
lamellar  colonies.  It  is  important  to  note,  however,  that  a  minimal 
presence  of  lamellar  constituent  can  produce  a  significant  increase  in 
measured  fracture  toughness.  Therefore,  a  mixture  of  equiaxed  gamma 
and  lamellar  constituents  would  result  in  satisfactory  tensile  ductility 
without  a  great  sacrifice  in  room  temperature  fracture  toughness. 


Temperature  (°C) 


Figure  4;  Effect  of  microstructure  on  the  creep  resistance 
of  cast  Ti-48AI-2Nb-2Cr  (at.%) 


Elevated  Temperature  Creep  Behavior 

The  effect  of  microstructure  on  the  elevated  temperature  creep  behavior 
of  Ti-48Al-2Nb-2Cr  (at.%)  is  shown  in  Figure  4.  The  presence  of  lamellar 
colonies  increases  the  overall  resistance  of  the  material  to  creep 
deformation,  presumably  due  to  the  difficulty  in  moving  dislocations 
through  the  lamellar  laths.  A  similar  result  is  obtained  when 

performing  more  detailed  steady  state  creep  experiments  as  a  function 
of  temperature  and  stress  level,  as  shown  in  Figure  5.  It  is  interesting  to 
note  the  change  in  stress  exponent,  n,  from  n=3  to  n=7  at  high 
temperature  and  stress  levels  in  the  duplex  microstructure,  indicating  a 
change  in  controlling  creep  mechanism  from  diffusional  processes  at  low 
stress  levels  to  dislocation  processes  at  higher  stress  levels  (II).  By 
comparison,  these  data  indicate  that  the  creep  resistance  of  cast  gamma 
alloys  is  comparable  to  that  measured  for  the  wrought  product  form  (7). 

1,272 


H.T.  A  -  Equiaxed  y  H.T.  F  -  Duplex 

Figure  6:  Dynamic  recrystallization  in  the  uniform  gage  section  of 
Ti-48AI-2Nb-2Cr  (at.%)  creep  specimens  deformed  to 
10%  plastic  strain  at  815®C 

In  Figure  6,  longitudinal  sections  of  specimens  tested  to  failure  at  81S°C 
reveal  significant  amounts  of  dynamic  recrystallization.  As  expected, 
the  extent  of  recrystallization  is  decreased  in  microstructures  containing 
lamellar  constituent.  Similar  metallographic  examinations  of  specimens 
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tested  at  760°C  did  not  reveal  recrystallization.  This  result  suggests  that 
a  critical  temperature  exists  below  which  the  microstructure  of  cast 
gamma  alloys  is  stable  during  long-term  elevated  temperature 
exposures.  Of  course,  since  dynamic  recrystallization  is  a  function  of 
both  temperature  and  stored  strain  energy,  the  critical  temperature  for 
recrystallization  would  be  somewhat  higher  than  indicated  here  for 
material  experiencing  lower  overall  plastic  strains. 


Conclusions 

It  has  been  demonstrated  that  cast  gamma  titanium  aluminides  can  be 
heat  treated  to  produce  a  wide  range  of  microstructures.  The  presence 
of  equiaxed  gamma  phase  strongly  increases  tensile  ductility,  while  the 
presence  of  lamellar  colonies  produces  greater  room  temperature 
fracture  toughness  and  elevated  temperature  creep  resistance.  As  a 
result,  the  best  overall  combination  of  mechanical  properties  is  attained 
by  a  mixture  of  equiaxed  gamma  and  lamellar  constituents.  While  cast 
gamma  alloys  are  shown  to  have  lower  tensile  properties  than  wrought- 
processed  material,  their  fracture  toughness  and  elevated  temperature 
creep  properties  are  comparable.  These  properties,  coupled  with  its 
demonstrated  near-net  shape  capabilities,  make  investment  casting  a 
viable  processing  method  for  the  production  of  gamma  titanium 
aluminide  components  for  advanced  aircraft  engine  and  structural 
applications. 
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Abstract 

A  great  deal  of  effort  has  been  devoted  to  the  ductilization  of  ^-TiAl  based  alloys. 
Compositional  and  microstructural  control,  and  alloying  additions  have  been  the  primary 
methods  used  to  increase  the  low  temperature  ductility  of  TiAI-based  alloys.  However,  very 
little  has  been  done  to  characterize  the  effect  of  processing  on  du^'MIe  y-'i .  alloys.  This  study 
examines  the  effect  of  processing  on  the  microstructure  and  {.  nies  ot  cast,  wrought  and 
powder  metallurgy  TiAI-based  alloys  with  a  similar  nominal  ci  sition.  The  alloy  selected 
for  evaluation  was  Ti-48AI-2Nb-2Cr  (at%).  After  processing,  ai.  of  the  samples  were  heat 
treated  in  the  a  -1-  7  phase  field.  The  microstructures  were  characterized  by  optical,  scanning 
electron  and  transmission  electron  microscopy.  The  tensile  properties  were  evaluated  in  the 
temperature  range  25°-1000°C  in  air.  The  powder  processed  alloys  exhibited  the  highest 
strength  and  ductility  at  test  temperatures  up  to  8S0°C.  All  of  the  alloys  exhibited  similar 
tensile  properties  at  1000°C.  Examination  of  the  fracture  surfaces  indicated  that  the  tensile 
failure  occurred  by  predominently  transgranular  cleavage  at  temperatures  below  700°C. 
However,  at  temperatures  above  850'’C,  significant  plastic  deformation  was  observed, 
particularly  in  the  powder  metallurgy  samples.  The  inter-relationships  of  processing- 
microstructure-mechanical  properties  of  Ti-48AI-2Nb-2Cr  (at%)  will  be  discussed. 


Introduction 

Due  to  their  low  density,  high  strength,  and  oxidation  resistance,  TiAI-based  alloys  are 
candidate  materials  for  elevat^  temperature  applications  [1].  The  vast  majority  of  the  work 
reported  in  the  open  literature  is  based  on  cast  and  wrought  ingot  metallurgy  (I/M)  materials. 
However,  cast  TiAI-based  alloys  are  difficult  to  hot  work  due  to  the  high  strength  of  the 
material  and  the  inhomogeneous  microstructure  observed  in  the  cast  condition.  In  order  to 
homogenize  the  microstructure,  high  temperature  solution  ^neals  are  required.  After  these 
solution  anneals,  the  segregated  cast  structure  is  reduced  or  eliminated.  However,  the  grain  size 
is  often  very  large  (>lmm).  High  temperature  (>1100'’C),  isothermal  processing  is  then 
necessary  to  break  down  this  microstructure.  It  should  be  noted  that  powder  metallugy  (P/M) 
processing  is  often  utilized  in  other  alloy  systems  in  order  to  increase  the  homogeneity,  refine 
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the  microstructure,  improve  mechanical  properties  and  increase  fabricability.  Similar  benefits 
from  P/M  processing  also  might  be  expected  in  TiAl-based  alloys. 

The  purpose  of  this  study  is  to  evaluate  the  microstructure  and  tensile  properties  of  I/M 
and  P/M  processed  near  gamma  (oj/y)  alloys  with  similar  nominal  compositions  -  Ti-48Al-2Nb- 
2Cr  (at%).  Samples  were  prepaired  by  several  I/M  and  P/M  techiques,  heat  treated  to  similar 
microstructures  and  tensile  tested.  The  fractured  samples  were  examined  by  SEM  and  TEM. 


Experimental  Procedures 

Materials  with  a  nominal  composition  of  Ti-48Al-2Nb-2Cr  (at%)  were  prepared  by  both 
I/M  and  P/M  processing  techniques  (Table  I).  The  I/M  materials  were  vacuum  induction  skull 
melted  at  Duriron  Company,  Dayton,  Ohio.  Alloy  TA-40B  was  investment  cast  into  1.27  cm 
diameter  x  15.24  cm  cylinders  and  was  HIPed  (1260‘“C/172MPa/4hrs)  in  order  to  eliminate  any 
casting  porosity.  A  second  alloy  (TA-S)  was  cast  into  a  7  cm  diameter  x  91  cm  cylindrical 
graphite  ingot  mold  and  HIPed  (1 175°C/103MPa/4hrs).  One  portion  of  the  ingot  was  utilized 
to  make  the  Plasma  Rotating  Electrode  Process  (PREP)  powder,  as  discussed  below.  The 
remaining  material  was  cut  in  half  and  homogenized  at  two  different  temperatures  prior  to 
isothermal  forging.  Samples  designated  TA-5A  were  homogenized  at  1400“C  for  5  hours  and 
TA-5D  samples  were  homogenized  at  1200°C  for  48  hours.  The  1200‘'C  heat  treatment  (TA- 
5D)  resulted  in  a  fine  grained,  duplex  material.  However,  the  variations  in  grain  size  observed 
in  this  sample  (TA-5D)  indicated  that  some  of  the  segregation  and  cast  structure  remained  after 
this  heat  treatment.  The  1400'’C  heat  treatment  eliminated  any  evidence  of  the  cast  structure; 
however,  the  grain  size  of  this  material  had  increased  significantly.  The  materials  were  then 
isothermally  forged  at  Wyman  Gordon  Co.,  North  Grafton,  MA  (1175®C/0.1min  '/75%). 

The  P/M  samples  were  produced  by  Plasma  Rotating  Electrode  Process  (PREP)  and  gas 
atomization  (GA)  techniques.  A  PREP  electrode  was  prepared  from  the  TA-5  ingot.  The 
electrode  was  atomized  by  Nuclear  Metals  Inc.  (NMI),  Concord,  MA.  The  -35  mesh 
(<500/im)  powder  was  canned  and  HIPed  (l230'’C/103MPa/4hrs)  to  full  density  (TA-16A). 
In  addition,  a  heat  of  powder  was  produced  by  gas  atomization  (GA)  at  Crucible  Compaction 
Metals  (CCM),  Oakdale,  PA.  Approximately  half  of  the  -35  mesh  ( <  500/im)  yield  was  canned 
and  HIPed  (1230‘'C/103MPa/4hrs)  to  full  density  (TA-1 1  A).  The  remainder  of  the  powder  was 
canned  and  direct  extruded  (1290°C/16'.1,  TA-43A). 

All  of  the  samples,  except  the  cast  (TA-40B)  material,  were  given  a 
13()0°C/2hrs/Fumace  Cool  (FC)  to  9()0°C/6hrs/FC  heat  treatment.  The  TA-40B  samples  were 
given  a  13()0'’C/6hrs/FC  to  900'’C/6hrs/FC  heat  treatment. 

Metallographic  samples  were  examined  by  optical  metallography,  scanning  electron 
microscopy  (SEM)  and  transmission  electron  microscopy  (TEM).  Threaded  tensile  samples 
with  a  3.81mm  diameter  x  1.27  cm  gage  section  were  tested  in  air  in  the  temperature  range 
25°-1000°C  at  an  initial  strain  rate  of  0.  I/minute.  The  fractured  samples  were  then  examined 
by  SEM  and  TEM  in  order  to  determine  the  fracture  mechanisms. 
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In  all  cases,  the  microstructure  of  each  alloy  was  comprised  of  both  the  7-TiAl  phase 
and  the  a2-Ti3Al  phase  (Figure  1  and  Table  2).  The  heat  treatment  in  the  a  +  7  phase  field 
was  intended  to  produce  a  duplex  microstructure  consisting  of  a  mixture  of  single  phase  7 
grains  and  lamellar  a-Jy  grains.  The  single  phase  7  grains  were  observed  in  all  of  the  alloys. 
However,  the  phase  was  not  always  present  in  the  form  of  lamellar  a^ly  grains.  The  heat 
treated  cast  +  forged  I/M  alloys,  TA-SA  and  TA-SD,  exhibited  a  two  phase  7  +  a2 
microstructure,  with  the  oj  present  in  the  microstnicture  as  small  single  phase  grains,  liiis  type 
of  equiaxed  duplex  microstructure  has  been  reported  {2]  in  near  gamma  alloys  heat  treated  close 
to  the  7-solvus  or  heat  treated  with  direct  cooling  from  the  solution  heat  treatment  temperature 
to  the  aging  temperature  [10].  The  material  homogenized  at  HOO^C  (TA-5A)  exhibited  a  finer 
grain  size  (34/im)  than  the  material  heat  treated  at  12(X)°C  (TA-5D,  41/im).  The  reason  for  this 
difference  in  grain  size  due  to  homogenization  treatment  is  not  clear  and  additional  work  is 
required.  The  P/M  alloys  also  exhibited  an  equiaxed  duplex  microstructure.  The  grain  size 
of  the  HIPed  P/M  alloys  were  similar  to  the  cast  +  forged  1/M  materials.  The  grain  sizes  of 
the  HIPed  P/M  materials  were  very  similar  for  both  the  GA  (TA-1  lA,  43Atm)  and  the  PREP 
(TA-16A,  40^m)  alloys.  The  extruded  GA  alloy  (TA-43A)  exhibited  the  finest  grain  size.  The 
investment  cast  materials  exhibited  the  largest  grain  size  of  any  of  the  materials  evaluated.  In 
addition,  the  solidification  microstructure  was  still  present  in  TA-40B  after  the  6  hour  exposure 
at  1300°C.  The  average  grain  size  was  approximately  120/im;  however,  the  equiaxed  7  and 
lamellar  otjly  duplex  microstructure  had  a  bi-modal  grain  size.  The  single  phase  7  grains  were 
quite  small  in  size  (»30/im)',  whereas,  the  lamellar  grain  size  was  approximately  3(X)/im. 


The  tensile  properties  of  the  alloys  were  determined  at  25°,  600°,  7(X)°,  850°  and 
1(XX)°C  in  air.  All  of  the  alloys,  except  the  I/M  +  forged  alloys,  possessed  at  least  2%  plastic 
strain  at  all  test  temperatures  (Table  3  and  Figure  2).  This  level  of  ductility  at  room 
temperature  is  in  agreement  with  published  data  for  1/M  Ti-48Al-2Nb-2Cr  alloys  [2,3]. 
However,  the  ductility  of  the  P/M  alloys  and  the  investment  cast  alloy  are  significantly  higher 
than  the  cast  +  forg^  I/M  alloys  (TA-5A  and  TA-5D).  The  increased  ductility  observed  in 
the  investment  cast  alloy  may  be  due  to  the  low  A1  content  (Table  1)  of  the  alloy  or  the 
difference  in  the  microstructures  (equiaxed  duplex  versus  lamellar  duplex).  The  increased 
homogeneity  and  more  uniform  microstructures  may  be  responsible  for  the  greater  ductility 
exhibited  by  the  P/M  alloys.  The  strength  of  the  P/M  alloys  was  significantly  higher  than  the 
I/M  alloys  at  test  temperatures  up  to  850°C  (Table  3  and  Figure  2).  In  particular,  the  extruded 
GA  alloy  (TA-43A)  exhibited  the  highest  strength  of  all  of  the  materials  tested.  The  HIPed 
PREP  (TA-16A)  and  GA  (TA-llA)  material  exhibited  superior  strength  and  ductility  in 
comparison  to  the  cast  +  forged  (TA-5A  and  TA-5D)  samples.  The  higher  strengths  and 
ductilities  observed  in  the  P/M  alloys  probably  resulted  from  the  reduced  grain  size  and 
increased  homogeniety  of  the  P/M  materials.  Typically,  increasing  the  oxygen  content  in  TiAl- 
based  alloys  results  in  increased  strength  and  decreased  ductility  [4-5].  However,  the  P/M 
alloys,  with  higher  oxygen  contents,  exhibited  higher  strengths  and  greater  ductility  than  the 
I/M  alloys.  Additional  work  is  required  to  determine  the  effect  of  oxygen  content  on  the 
properties  of  TiAl-based  alloys.  All  of  the  alloys  exhibited  similar  tensile  properties  at 
10CIO°C.  All  of  the  alloys  tested  also  exhibited  a  slight  increase  in  the  yield  strength  with 
increasing  temperatures  (Figure  2).  This  temperature  effect  has  been  observed  in  large  grained 
single  phase  7-TiAl  alloys  [7-9],  but  has  not  been  reported  in  fine  grained,  near  gamma  alloys. 


Table  3 


Tensile  Properties  of  Ti-48AI-2Nb-2Cr  Alloys  (YS,  UTS  units:  MPa) 

Alloy  ID 

Room  Temoerature 
0.2%  YS  UlS 

Elongation 

BA 

TA-5A 

377 

443 

1.9% 

3% 

TA-5D 

348 

362 

0.8% 

— 

TA-llA 

419 

489 

3.2% 

— 

TA-16A 

359 

443 

2.0% 

TA-40B 

401 

521 

3.6% 

3% 

TA-43A 

510 

597 

2.9% 

2% 

Alloy  IP 

0.2%  YS 

600°C 

ms 

Elongation 

BA 

TA-5A 

334 

429 

2.1% 

2% 

TA-5D 

312 

471 

4.6% 

4.4% 

TA-llA 

334 

432 

3.4% 

2% 

TA-16A 

Not  Tested  At  This  Temperature 

TA-40B 

319 

514 

5.8% 

4.4% 

TA-43A 

414 

568 

3.7% 

3% 

AUoy  IP 

0.2%  YS 

700‘C 

UTS 

Elongation 

BA 

TA-5A 

345 

455 

3.7% 

— 

TA-5D 

321 

450 

4.0% 

2.6% 

TA-llA 

348 

501 

6.3% 

6% 

TA-16A 

316 

452 

3.8% 

5% 

TA-40B 

331 

523 

5.8% 

6.9% 

TA-43A 

421 

581 

5.2% 

3% 

Alloy  IP 

Q,2%  YS 

850°C 

UTS 

Elongation 

BA 

TA-5A 

341 

414 

4.5% 

3% 

TA-5D 

320 

383 

3.0% 

4.7% 

TA-IIA 

349 

426 

60% 

44.0% 

TA-16A 

314 

421 

33.9% 

25.0% 

TA-40B 

337 

441 

67.0% 

62.1% 

TA-43A 

389 

482 

41.0% 

42.0% 

Alloy  ID 

0.2%  YS 

1000*c 

UTS 

Elongation 

BA 

TA-5A 

224 

231 

100.6% 

86.9% 

TA-5D 

219 

222 

128.6% 

84.1% 

TA-llA 

229 

234 

80.0% 

68.2% 

TA-16A 

213 

226 

106.0% 

59.1% 

TA-40B 

231 

252 

56.5% 

62.9% 

TA-43A 

235 

241 

81.0% 

75.3% 
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The  anomalous  yield  strength  behavior  in  these  alloys  may  be  due  to  the  high  A1  content  and, 
therefore,  large  volume  fraction  of  y-phase  present  in  the  microstructure. 

TiAl-based  alloys  typically  exhibit  a  rapid  increase  in  ductility  with  increasing 
temperature.  This  'ductile-brittle  transition  temperature"  is  dependent  on  the  Al  content,  strain 
rate,  interstitial  content,  and  heat  treatment  (and  therefore  microstructure);  however,  most  alloys 
exhibit  an  increase  in  ductility  at  approximately  7S0°C  [4-6].  The  cast  -I-  forged  alloys,  TA-SA 
and  TA-SD,  exhibited  this  type  of  increase  in  ductilty  at  temperatures  in  excess  of  8S0°C.  The 
P/M  and  the  investment  cast  alloy,  however,  exhibited  a  rapid  increase  in  ductility  at 
temperatures  below  750°C. 


Fractography 

SEM  analysis  of  the  fracture  surfaces  indicated  that  the  fracture  mechanisms  did  not 
change  with  processing  techniques  utilized.  All  of  the  materials  tested  at  temperature  less  than 
approximately  8S0°C,  exhibited  a  mixed  transgranular/intergranular  fracture.  Some  evidence 
of  interlamellar  separation  was  observed  in  some  of  the  samples.  At  high  test  temperatures,  the 
failure  mechanism  became  almost  entirely  intergranular.  However,  in  many  cases,  ductile 
creep-type  cavities  were  observed,  indicating  a  high  degree  of  plastic  deformation.  These 
observations  are  consistent  with  fractographic  evaluation  of  binary  TiAl  alloys  reported  in  the 
literature  [2-6]. 


TEM  Evaluation  of  Deformation  Mechanisms 

Similar  to  reported  investigations  of  TiAl-based  alloys,  all  of  the  Ti-48Al-2Nb-2Cr  alloys 
in  this  study  deformed  primarily  by  twinning  and  1/2 <  liO]{lll}-type  ordinary  dislocations. 
The  dislocation  and  twinning  activity  was  observed  to  increase  with  increasing  test 
temperatures.  This  trend  is  in  agreement  with  the  observed  increase  in  ductility  with  increasing 
temperatures. 


Conclusions 

Powder  metallurgy  processing  of  Ti-48AI-2Nb-2Cr  alloys  resulted  in  a  signficant 
increase  in  ducility  and  strength  at  all  test  temperatures.  This  improvement  in  properties  is 
probably  due  to  the  refinement  and  homogenization  of  the  microstructure  inherent  in  powder 
metallurgy  processing. 
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Abstract 

Hydrogen  is  now  known  to  have  major  embrittling  effects  on  titanium  aluminide  alloys.  It  has 
now  been  shown  that  large  amounts  of  hydrogen  are  readily  absorbed  at  high  temperature  in  these 
alloys.  On  cooling  to  room  temperature,  virtually  all  this  hydrogen  is  precipitated  as  a  hydride  phase 
or  phases.  This  hydride  phase  affects  mechanical  properties  in  ways  similar  to  what  is  observed  in 
other  hydride-forming  materials,  although  effects  per  unit  volume  fraction  of  hydride  are  not 
particularly  severe.  Extensive  data  exist  for  alloys  based  on  both  02  and  y phases.  It  is  particularly 
evident  that  microstructure  plays  an  important  role  in  controlling  the  severity  of  hydrogen  effects 
in  both  kinds  of  alloys.  Processes  which  occur  on  the  scale  of  the  metallurgical  microstructure, 
which  are  called  micromechanisms,  are  affected  by  hydrogen  for  both  deformation  and  fracture. 
A  preliminary  description  of  these  micromechanisms  is  presented  and  matched  to  experimental 
observations  on  titanium  aluminides  and  literature  analyses. 

Introduction 

It  is  becoming  recognized  that  hydrogen  can  significantly  affect  alloys  based  on  titanium 
aluminides,  either  the  DO19  TisAl  phase  (02)  or  the  LloTiAl  phase  (y),  which  is  of  concern  because 
of  developmental  interest  in  these  alloys  [1,2].  Considerable  study  of  their  physical  metallurgy  in 
recent  years  has  established  that  alloying  additions  which  stabilize  the  BCC  p  phase  in  02  alloys, 
or  the  02  phase  in  y  alloys,  are  a  major  benefit  to  low-temperature  ductility  and  toughness  [2-6]. 
These  alloying  additions  are  frequently  the  classic  p-stabilizing  elements  known  for  Ti  alloys,  such 
as  Nb,  V,  and  Mo.  For  example,  one  of  the  best-studied  02  alloys  has  the  composition  Ti-24  Al- 
1 1  Nb  (at.  pet.),  which  is  designated  Ti-24- 1 1  below.  It  also  appears  that  mechanical  properties 
exhibit  a  marked  sensitivity  to  microstructure,  as  is  true  for  many  structural  alloys. 

There  is  both  fundamental  and  applied  (for  example,  relating  to  the  National  Aerospace  Plane 
or  NASP)  interest  in  hydrogen  effects  in  these  alloys  [7].  Substantial  amounts  of  hydrogen  dissolve 
in  titanium  aluminides  [8-12],  and  this  dissolution  increases  at  elevated  temperature.  If  equilibrium 
is  maintained  during  cooling  to  room  temperature,  all  or  nearly  all  this  hydrogen  precipitates  as  a 
hydride  phase  or  phases  [12].  The  reversibility  of  this  dissolution  permits  calculation  of  thermo¬ 
dynamic  parameters  of  the  hydride  [12].  The  presence  of  hydrides  gives  rise  to  extensive  and 

Titanium  '92 
$d«nc«  and  Tochnoboy 
Editod  by  F.H.  froos  ond  I.  Kaplan 
Tha  Minorak,  K^toU  &  Molorials  Society,  1 993 

1,283 


largely  deleterious  ejects  on  mechanical  properties,  similar  to  what  has  been  observed  in  other 
hydride-forming  alloys  [13-15].  These  effects,  which  are  of  concern  for  NASP  applications,  are 
beginning  to  be  documented  for  titanium  aluminide  alloys,  as  is  summarized  here.  The  mechanism(s) 
and  details  of  these  effects,  however,  are  poorly  understood  to  date,  and  needs  for  additional  work 
to  answer  such  questions  are  included  in  the  present  paper. 

Hydrides 

Titanium  and  its  alloys  have  long  been  known  to  interact  strongly  with  hydrogen,  a  behavior 
which  has  been  summarized  in  previous  reviews  [13-16].  The  Ti-H  binary  diagram  is  the  basis  for 
interpretation  of  alloy  effects.  In  that  diagram,  the  principal  hydride  phase,  which  has  the  fluorite 
structure  with  Ti  atoms  on  an  FCC  lattice  and  hydrogen  randomly  arranged  in  tetrahedral 
interstices,  was  originally  designated  y.  When  it  was  recognized  [17,18]  that  there  exist  at  least  two 
other  tetragonal  hydrides,  as  is  also  true  in  the  Zr-H  system,  it  was  suggested  [17]  that  the  FCC 
hydride  of  titanium  be  named  8  instead  of  y.  In  addition,  it  was  proposed  that  the  low-hydrogen 
hydride  of  FCT  structure,  with  c/a  >  1,  be  called  y,  and  the  high-hydrogen  hydride,  also  FCT 
structure  but  with  c/a  <  1,  be  called  e  (formerly  called  8).  With  these  changes,  the  phase  names  in 
the  Ti-H  diagram  become  entirely  analogous  to  the  phase  nomenclature  of  hydrides  in  the  Zr-H 
system.  The  literature  on  titanium  hydrides  of  the  last  several  years  [17-20]  has  largely  accepted 
this  new  nomenclature,  and  it  is  used  in  the  present  paper.  The  phase  diagram  then  looks  like  Figure 
1,  with  the  Y  phase  regarded  [20]  as  metastable. 

The  hydride  which  is  most  commonly  observed,  8,  has  a  range  of  stoichiomeny .  If  the  hydride 
compound  is  designated  TiHx,  evidence  indicates  [13,17,20]  that  x  varies  from  about  1.5  to  1 .94. 
A  number  of  other  transition  metal  hydrides  also  exhibit  ratios  of  hydrogen  to  metal  which  arc  sub- 
integral,  i.c.  with  X  <  2  [13,15],  probably  a  consequence  of  the  hydrogen  vacancies  thought  to 
stabilize  these  phases  throughout  their  stoichiometry  range  [  1 3, 1 5,2 1  ].  The  FCC  lattice  parameter 
increases  within  this  range  of  x  values  from  0.440  to  0.446  nm.  At  low  temperature  and  high 
hydrogen  contents,  as  x  approaches  2,  the  8  hydride  evidently  transforms  to  the  tetragonal  e  [  1 5,20] . 
At  higher  temperature,  however,  both  tetragonal  hydrides  tend  to  transform  to  the  cubic  8  phase, 
c.g.  above  200’C  [20].  These  tetragonal  phases  have  usually  been  designated  FCT  in  the  literature 
on  Ti  and  Zr  hydrides,  although  BCT  (identical  to  FCT  except  for  unit  cell  size)  is  the  normally 
preferred  nomenclature  for  this  structure.  Use  of  “FCT”  emphasizes  the  close  relation  to  the  FCC 
phase,  which  is  less  evident  from  the  BCT  description. 

Rudman,  Reilly  and  Wiswall  [22]  first  extended  these  observations  to  titanium  aluminides, 
with  their  determination  that  a  hydride  of  lattice  parameter  0.435  nm  forms  in  Ti3  A1  and  that  it  has 
the  same  fluorite  structure  as  the  8  hydride  of  pure  Ti.  Rudman,  etal.  also  reported  that  the  hydride 
above  200'C  seemed  to  contain  no  aluminum,  that  is,  that  A1  was  rejected  from  the  TiH^  hydrides, 
a  somewhat  surprising  observation  in  light  of  the  expected  mobility  of  aluminum  at  so  low  a 
temperature.  Previous  studies  of  the  role  of  aluminum  in  hydride  behavior  in  Ti  alloys  [23-25]  have 
shown  that  solubility,  hydride  habit  plane,  and  other  characteristics  are  a  function  of  A1  content. 
More  work  on  this  aspect  of  hydrides  in  aluminides  may  be  important,  from  both  structural  and 
compositional  perspectives. 

The  first  published  report  on  hydrogen  dissolving  in  an  alloy  based  on  the  02  aluminide  appears 
to  have  been  for  Ti-24-11  [8].  Si  bsequently,  there  have  been  a  number  of  published  reports 
[11,12,26-32]  and  reviews  [9,10,3'./,34]  on  hydrogen  effects  in  Ti-24-11  and  other  02  aluminide 
alloys.  The  solvus  for  hydrogen  in  Ti-24- 1 1  has  been  determined  [  1 2]  and  is  shown  in  Fig.  2.  Note 
that  the  solvus  is  displaced  to  higher  temperatures,  compared  to  the  Ti-H  diagram  in  Fig.  1, 
corresponding  to  a  reduced  relative  solubility  for  hydrogen.  The  solubility  difference  could  be  due 
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to  the  Mb  content  of  the  02  alloy,  or  to  structural  differences  between  HCP  Ti  and  the  DO  19  structure 
of  TiaAl.  However,  the  partial  molar  enthalpy  forfonnation  of  the  hydride,  AHs,  has  been  measured 
for  Ti-24-1 1  to  be  -141  kJ/mol  H2,  which  is  similar  to  the  range  of  values  reported  for  6  hydride 
in  pure  Ti,  which  is  -125  to  -142  kJ/mol  H2  [15,35]. 

In  Ti-Al  binary  alloys,  it  has  been  shown  that  aluminum  additions  change  the  hydride  habit 
plane  from  prism  to  basal  [25].  For  02  alloys,  a  limited  number  of  results  on  hydride  crystal  structure 
and  habit  planes  have  been  presented  to  date,  without  a  definite  pattern  of  behavior  emerging.  Shih, 
et  al.  [28]  reported  that  the  hydride  habit  plane  changed  from  basal  in  Ti3Al,  to  prism  with  Mb 
additions,  which  is  opposite  to  the  alloying  observations  for  Al  in  Ti  alloys  [25].  There  is  clear 
evidence  for  both  the  S  and  e  hydride  in  these  alloys,  but  the  observations  of  tetragonality  do  not 
yet  seem  consistent.  One  published  study  [32]  reported  that  the  e  hydride  in  Ti-24-1 1  exhibited 
almost  the  exact  c/a  ratio  found  for  this  phase  in  pure  Ti  [36].  To  date,  stoichiometry  ranges  of  the 
presumed  TiHx  hydrides  in  02  alloys  have  not  been  determined,  nor  has  there  been  any  clear 
indication  whether  Al,  Nb  or  other  elements  participate  in  the  hydride.  It  would  be  no  surprise  if 
Mb  is  involved,  due  to  its  strong  interaction  with  hydrogen,  and  at  low  temperatures,  Al  might  be 
part  of  the  structure  simply  for  kinetic  reasons,  so  a  stoichiometry  of  the  form  (Ti,Al,Nb)Hx  is 
possible.  It  could  also  be  speculated  that  equilibrium  or  metastable  hydrides  other  than  S  may  form 
in  these  alloys,  particularly  in  high-Nb  alloys  such  as  those  based  on  Ti2AlNb  [37],  although  none 
have  yet  been  reported.  It  would  also  be  useful  to  have  systematic  investigations  of  changes  in 
structure,  in  the  c/a  ratio,  or  in  other  variables  as  functions  of  x  or  temperature. 

It  must  be  recognized  in  hydrogen  studies  of  02  alloys  that  hydrogen  is  a  potent  stabilizer  of 
the  beta  phase  in  these  aluminides.  Comparison  of  Figs.  1  and  2  suggests  that  this  must  be  primarily 
a  kinetic  effect,  since  the  eutectoid  temperature  evidently  is  elevated  in  Fig.  2,  and  depression  of 
the  p  transus,  is  modest,  consistent  with  measurements  that  30  at  %  H  in  Ti-24- 1 1  reduced  Tp  less 
than  50"C.  [38].  Profound  mictostructural  changes,  relative  to  hydrogen-free  material,  are  possible 
in  the  presence  of  hydrogen,  presumably  due  to  transformation  kinetics,  and  have  been  observed 
[39],  This  means  that  otherwise  convenient  combinations  of  heat  treatment  and  hydrogen  charging 
into  a  single  thermal  cycle  must  be  used  with  cate.  However,  it  should  also  be  pointed  out  that  the 
refined  microstructural  scale  which  results  from  beta  stabilization  [39]  can  provide  significant 
improvement  in  subsequent  hydrogen-fiee  mechanical  properties. 


H|dngKiConM.«.«  Ch.  0'-% 

Fig.  I  (Left).  Phue  diagram  for  titanium-hydrogen  lystem,  after  refs.  17  and  20.  using  revised  nomenclature  as  suggested  by 
NumakuraandKoiwa[17].  Both  they  and  e  phases  are  of  fctsiiuctuie,  but  y  has  c/a  >  1  andEhasc/a<  I. 

Fig.  2  (Right).  Teiminal  solubility  of  hydrogen  in  the  ay  phase  in  equilibrium  with  the  hydride  phase,  i.e.  solvus  for  hydride  in 
02.  forTi-24-11.  From  ref.  12. 
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There  is  less  information  for  TiAl-based  alloys.  Early  reports  [34,40-42]  were  that  hydrogen 
was  difficult  to  dissolve  in  this  compound,  or  that  hydrides  did  not  form.  It  is  now  clear  that  these 
reports  merely  reflect  an  absence  of  hydrogen  pickup.  When  conditions,  particularly  cleanliness 
of  specimen  surfaces,  of  the  Sieverts  apparatus  itself,  and  of  the  charging  hydrogen  gas,  are  suitable 
for  hydrogen  uptake,  the  y  phase  absorbs  appreciable  amounts  of  hydrogen  (though  less  than  an  02 
aluminide  under  the  same  conditions  [8,12,43,44]).  The  hydrogen  solvus  has  not  yet  been 
determined  for  y,  but  the  total  uptake  of  hydrogen,  i.e.  the  sum  of  hydrogen  in  solution  and  hydrogen 
precipitated  as  hydrides,  has  been  measured  [11].  It  shows  that,  like  the  02  alloys,  the  y  phase  does 
precipitate  copious  hydrides  on  cooling  [10,1 1,44-46].  The  8  hydride  characteristic  of  the  Ti-H 
system,  Fig.  1,  has  been  identified,  as  has  a  new  hexagonal  hydride  [47],  and  there  may  be  other 
hydride  phases  as  well  [45].  To  an  even  greater  degree  than  the  02  aluminides,  the  y  aluminides 
are  in  an  early  stage  of  metallurgical  understanding  [4-6],  and  considerable  work  remains  to  be 
done  in  both  development  and  understanding  of  behavior  in  these  alloys.  The  effects  of  hydrogen 
are  certainly  among  the  topics  which  will  repay  careful  study. 

Mechanical  Behavior 


A  general  understanding  is  emerging  for  the  mechanical  behavior  of  titanium  aluminide  alloys 
[2-6,39,48-54].  Knowledge  of  hydrogen  effects  on  this  behavior  is  much  more  limited 
(10,1 1,30,45,53,55].  Hydrides  have  a  relatively  modest  strengthening  effect,  and  participate  in  a 
pronounced  strain  rate  effect,  much  like  what  has  been  observed  in  Ti  alloys  containing  hydrides 
[  1 6,56].  Tensile  properties  of  a  singlemicrostructure  of  Ti-24- 1 1 ,  as  a  function  of  hydrogen  content 
[30,53],  are  shown  in  Fig.  3.  There  are  not  many  comaprable  data  for  y  alloys,  but  Fig.  4  gives  an 
example  for  single-phase  y.  Yield  strength  is  far  smaller  and  hydrogen  strengthening  is  also  less. 

Measurements  have  also  been  made  for  fracture  toughness  and  crack  growth  resistance  or  R- 
curve  behavior  for  Ti-24- 1 1  with  hydrogen,  as  reported  in  more  detail  elsewhere  [30,53,57].  Fig. 
5  shows  that  the  local  true  fracture  stress  op.  the  plane  strain  fracture  toughness  Kic,  and  the 
threshold  K  for  sustained-load  cracking  [38,57],  called  Kjh,  all  have  a  similar  dependence  on 
hydrogen  content  as  do  the  uniform  and  fracture  strain  measures  of  ductility  depicted  in  Fig.  3. 
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Fig.  3  (Left).  Variation  of  compressive  yield  strength  (YS), 
failure  stress  (either  UTS,  ultimate  tensile  strength,  or 
fracture  stress),  and  ductilities  (uniform  true  strain  Cp  and 
true  fracture  strain  Cr)  with  hydrogen  concentration, 
largely  hydride.  Each  point  averages  2  to  S  tests.  Ref.  S3. 

Fig.  4  (Above).  Yield  strength  dependence  on  hydrogen 
content  in  Ti>S0  A1  (single  phase).  Ref.  45. 
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Fracture  Micromecbanisms 

As  the  basic  mechanical  properties  become  established,  it  becomes  possible  to  explore 
micromechanisms  of  behavior,  i.e.  mechanisms  taking  place  on  the  scale  of  the  metallurgical 
microstructure.  Work  on  micromechanisms  of  fracture  is  just  beginning  in  these  alloys  [58].  The 
fractographic  appearance  of  both  02  and  y  fracnire  surfaces  tends  to  resemble  classical  cleavage, 
and  that  term  has  been  extensively  used  in  the  literature  on  these  alloys.  It  has  been  pointed  out, 
however,  that  some  care  in  use  of  this  term  may  be  appropriate  [45,53,58].  It  still  has  not  been 
shown  that  the  fractures  obey  all  the  criteria  forclassical  cleavage  [59].  This  is  of  particular  concern 
for  fracture  facets  in  single-phase  r  alloys,  where  fracture  facets  are  commonly  observed  to  be 
curved  or  conchoidal  [6,45,54],  or  of  primary  02  particles  with  moderate  to  large  dimensions  in 
alloys  in  02  alloys. 

One  approach  to  discussion  of  this  problem  is  to  assume  that  fracture  in  aluminide  alloys  is  in 
fact  a  cleavage  process.  That  assumption  permits  comparison  of  data  on  02  alumindes  to  cleavage 
theories  [53,58],  in  which  the  appropriate  mechanism  to  compare  would  be  the  Smith  model  for 
homogeneous  cleavage  [60],  that  is,  cleavage  which  is  not  nucleated  by  a  second  phase,  such  as 
a  grain  boundary  carbide  in  iron. 

In  such  situations,  it  has  been  shown  [61,62]  that  the  controlling  factor  in  fracture  is  the 
effective  energy,  Yeff-  The  value  which  has  been  experimentally  determined  [53]  for  Yeffin  fracture 
of  Ti-24- 1 1  which  was  not  hydrogen  charged  is  27  J/m^,  at  least  an  order  of  magnitude  greater  than 
the  expected  value  of  the  true  surface  energy  of  the  lattice,  which  is  a  Ys  value  of  about  0.9  J/m^ 
forTisAl  [53].  Such  an  “effective”  energy  value  is  broadly  consistent  with  results  on  iron  [61,62], 
where  measured  values  of  yeff  arc  about  1 4  JJnfi  and  the  known  value  of  Ys  is  about  2  J/m^.  It  should 
be  reiterated  that  this  Yeff  coiresponds  to  crack  propagation  [62]  and  thus  is  not  directly  related  to 
the  total  fracture  energy  Y  =  2Ys  +  Yirr  +  7p’  '^hich  in  Ti-24- 1 1  has  a  value  [53]  of  about  3000  J/nfi. 

The  alternative  to  the  foregoing  estimates  from  acleavage  model  would  be  a  “critical  distance" 
approach,  as  first  postulated  by  Ritchie,  Knott  and  Rice  [63].  This  approach  uses  the  measured  ratio 
of  ap  to  the  yield  strength  YS  to  determine  the  distance  /*  ahead  of  the  crack  tip  at  which  that  stress 
ratio  must  be  maintained  to  propagate  fracture  [61,63,64].  For  the  Ti-24- 1 1  on  which  measure¬ 
ments  were  made  [53],  op  /  YS  =  2.37,  and  the  calculation  [53]  then  yields  a  value  for  /*  of  about 
1 6  pm.  This  estimated  /*  value,  equalling  about  three  02  lath  widths,  is  broadly  consistent  with  the 
microstructural  dimensions  found  in  other  determinations  [63,64]  of  I*.  It  would  be  of  interest  to 
examine  microcracking  in  02  laths  to  permit  application  of  a  statistical  model  [65]  to  Ti-24-1 1. 

The  “effective  energy”  and  “critical  distance”  calculations  just  described  are  for  hydrogen-free 


Fig.  S.  I!)ependence  of  fractitre  (oughness  Kic  and  local 
true  fracture  stress  in  notched  bars,  op  on  amount 
of  hydrogen  (essentially  all  precipitated  as  hy¬ 
dride).  From  ref.  53. 
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02  material.  In  the  presence  of  hydrogen,  a  variety  of  effects  are  possible  [57],  As  the  hydride  phase 
does  not  itself  appear  to  act  as  a  nucleus  for  cracks  in  this  material  [30,53],  it  may  be  essential  to 
refine  understanding  of  the  controlling  factors  [S3]  in  a  matrix  strengthened  with  hydride  laths.  It 
appears  in  such  a  case  [46]  that  the  major  fracture  parameter  affected  by  hydrogen  is  the  slip 
resistance  tf,  with  some  change  also  expected  in  Yefr.  These  ideas  are  consistent  with  hydrogen 
assistance  of  local  plasticity  [14,66],  which  would  require  a  fracture  model  with  a  strain 
component. 

If,  however,  it  should  prove  to  be  the  case  that  cleavage  of  hydride  laths  stimulates  cleavage 
of  the  02  matrix,  as  appears  to  be  the  case  in  many  hydride-forming  metals  [13-16],  then  the 
“particle  cracking”  version  of  Smith's  model  [67]  would  require  comparison  to  the  hydride  results. 
This  is  likely  to  be  a  challenge,  because  the  stoichiometry  and  other  aspects  of  hydrides  in  these 
aluminides  remain  unclear,  not  to  mention  hydride  elastic  properties  or  such  parameters  as  surface 
energy,  which  are  needed  if  quantitative  comparison  of  theory  [67]  to  experiment  is  to  be 
performed.  Additional  metallurgical  study,  of  phase  transformations  [68]  and  microstructural 
dependence  of  mechanical  properties  of  aluminides  would  also  pay  dividends.  Whether  or  not 
hydrides  nucleate  cleavage,  it  appears  that  considerable  work  remains  to  be  done  to  elucidate  the 
processes  of  hydrogen  fracture  in  titanium  aluminide  alloys. 
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Abstract 

Ibe  central  region  of  the  Ti-Al  equilibrita  diagraa  has  been  thoroughly 
reexamined.  The  invariant  is  established  as  an  eutectoid  near  lllS'C.  The 
eutectoid  coi^xisitlon  is  39.6  a/o  A1  and  the  endpoints  of  the  invariant  are  at 
38.4  and  48.4  a/o  Al,  respectively.  The  alpha  plus  alpha2  region  is  estab¬ 
lished  by  T9I  showing  adjacent  ordered  and  disordered  areas.  The  high  teaqpera- 
ture  gaana  solvus  has  a  lower  slope  to  1350^0  than  previously  reported.  The 
low  teaiperature  gaana  solvus  extends  to  greater  than  50  a/o  Al  telow  lOOO^C. 
The  alpha  plus  beta  field  has  been  located  at  both  1200  and  1300^0. 
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Although  the  Ti-Al  equilibriut  diagraa  has  been  investigated  repeatedly,  the 
positions  of  several  phase  boundaries  near  the  center  of  the  diagraa  reaain  in 
question  ( 1 ) .  Recent  studies  have  shoun  that  the  hi^  tea|)erature  phase  in 
equilibriua  with  uniaai  is  alpha,  not  beta  (2-6).  However,  these  studies  have 
not  revealed  the  exact  position  of  the  alpha  plus  beta  field  that  aust  exist 
above  about  1200^0  and  in  the  range  35-43  a/o  A1  (2-6).  The  nature  of  the 
invariant  necur  1125°C,  eutectoid  or  peritectoid,  also  needs  to  be  deterained 
unequivocally  (7-13).  The  "eutectoid”  co^xisiticn  is  subject  to  considerable 
variation  and  the  coaqpositiona  of  the  phases  in  equilibriua  at  the  invariant 
are  also  open  to  discussion  (7-13).  Finally,  the  phase  boiaidary  positions  at 
temperatures  both  alaove  and  below  the  invariant  need  to  be  established  (1-13). 

It  is  clear  from  the  above  that  an  exhaustive  study  of  the  oentral  portion  of 
this  critical  equilibrium  diagraa  is  needed.  The  resulting  diagraa  would  pro¬ 
vide  an  unequivocal  reference  system  within  which  much  of  the  current  alloy 
development  results  could  be  considered.  This  paper  is  the  result  of  an  inten- 
si  study  of  this  important  binary  system  iming  samples  equilibrated  between 
and  800*'C  for  times  as  long  as  1.75  x  10'  seconds  (29  weeks).  The  equili¬ 
brated  microstructures  have  been  examined  by  a  variety  of  techniques  (optical 
microscopy,  bright  and  dark  field  TSl,  electron  diffraction,  back  scattered 
S^,  and  electron  probe  aicroanalysis)  and  the  studies  pursued  isitil  all  the 
data  have  agreed.  The  specimens  were  treated  to  produra  sufficiently  large 
individual  phase  regions  so  that  vsta^iguous  electron  probe  aicroanalytioal 
data  could  be  obtained.  The  nature  and  teaperature  of  the  invariant  <4ere 
investigated  mainly  by  dark  field  T^  examination  of  quenched  samples  equili¬ 
brated  in  this  range.  The  presox^e  or  absence  of  antiphase  domain  boundaries 
In  the  alpha2  phase  in  the  specimens  indicated  whether  the  alloy  bad  been 
disordered  or  ordered  at  teaperature,  respectively. 

Rxwri  mental  Prooedure 

Materials  for  this  study  were  furnished  through  the  oourtasy  of  several 
sources.  Dr.  S.C.  Huang,  (GSE,  CRD,  Schenectady,  NY.)  fbmiahed  button  heads 
from  broken  tensile  sa^>les  of  nominally  48  and  52  a/o  Al.  Several  alloys 
(nominally  35,  37,  39,  41,  43,  46,  and  50  a/o  Al)  were  received  through  the 
courtesy  of  Dr.  D.M.  Dimlduk  (Wri|d>t  Laboratories,  Materials  Laboratory, 
Wright-Fhtterson  AFB,  Ohio)  as  150  graa  finger  ingots.  The  as-reoeived  aate- 
rials  were  sealed  in  evacuated  quartz  tubes  filled  with  Ti  aachining  chips  and 
homogenized  for  one  week  at  lOilO^C.  The  homogenized  materials  were  cut  into 
3.8  cm  long  pieces  and  the  pieces  were  forged  in  vacuimi  at  lOOO^C  to  a  height 
reduction  of  approximately  80X  (0.75  cm).  Smaller  pieces,  approxiaately  0.75 
cm  cubes,  and  the  button  heads  were  double  wrapped  in  Ta  foil  and  sealed  in 
evacuated  quartz  tubes  filled  with  Ti  aschining  chips.  These  Mailer  pieces 
were  best  treated  according  to  a  preset  schedule  and  water  quenched. 


The  heat  treatment  schedule  wees  developed  by  first  exhieving  equilibriia  at 
1300^0.  Samples  exposed  for  various  times  were  studied  optically  and  by  elec^ 
tron  probe  microanalysis  until  ecjuilibrium  had  been  achieved.  This  required 
between  5  and  6  hours  at  1300^0.  The  activation  energy  for  the  steady  state 
creep  of  Ti3Al,  2.1  x  10*  J/mol,  was  used  to  cmlcnilate  a  diffuaivity  at  1300^C, 
asstming  that  equalled  vsilty  (14).  Next,  the  experimentally  detemined  time 
of  6  hours  and  the  calculated  diffusivity  were  used  to  determine  a  nscseaaary 
diffusion  distance.  This  diffusion  distance  and  the  calculated  diffusivity  at 
each  temperature  were  then  used  to  determine  the  necessary  diffusion  tine  at 
the  other  teqmratures.  Thble  I  shows  the  results  of  the  calcxilaticxis.  The 
heat  treataent  for  every  specimen  began  with  an  equilibration  treatment  at 
I30(fc.  After  the  required  time  at  1300^0,  the  furnace  temperature  was  reihx»d 
to  120(/’C  and  the  specimen  subjected  to  the  full  eqguilibration  treatment  at 
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that  temperature.  Thia  proceaa  uaa  repeated  at  each  teaqperature  so  that  the 
cosqplete  treatment  for  each  speciaen  to  be  quenched  and  exMlned  fron  a  given 
teoperature  Included  a  oaacade  of  equilibration  treatjnmta  at  lOO^C  increaents 
at  every  higher  teaperature.  It  should  be  noted  that  the  actual  tiae  used  at 
WXfC  NBs  one  half  the  calculated  tiae.  It  vas  believed  that  this  procedure 
vaa  acceptable  because  the  SOO^C  saaples  had  previously  been  equilibrated  at 
90(fC  and  above  and  because  the  cosposition  change  required  at  800^C  was  saall. 


Table  I  Equilibration  Calculations 


Twnerature  Diffusivitv  Diffusion  Distance  Diffusion  Tiae  Tiao 

°C  csf/s  S  seconds  seconds 


1350 

1.74 

X 

10-J 

1300 

1.06 

X 

10- 

2.29  X  10'^ 

1200 

3.57 

X 

10'* 

ft 

1100 

1.02 

X 

lO'J 

tl 

1000 

2.41 

X 

10- * 

M 

900 

4.44 

X 

10- •'l 

ft 

800 

5.97 

X 

10- 

ft 

1.31  X  10* 
2.16  X  10* 
6.40  X  10* 
2.24  X  lOJ 
9.49  X  10^ 
5.15  X  lOj 
3.83  X  10* 


8.64  X  10* 

8.64  X  10* 

8.64  X  10* 
2.59  X  10^ 
9.50  X  Iff 
4.84  X  10| 
1.75  X  lO’ 


The  equilibrated  and  quenched  saaqples  were  sectioned  through  the  middle  > 
aounted,  polished,  etched,  and  examined  by  optical  microscopy.  A  band  of 
affected  material,  aainly  due  to  A1  loss,  «cisted  around  the  outside  of  every 
specimen.  If  the  bai>d  width  were  only  a  small  part  of  the  specimen  thickness 
it  was  assused  that  the  interior  microstructure  was  unaffect^  by  exposure  to 
the  Ta  foil,  quartz,  Ti  chips,  and  the  environsant  of  the  capsule.  This  was 
later  verified  by  oxygen  an^yses  perfonaed  throu^  the  courtesy  of  Dr.  Blair 
London,  Howmet  Corporation,  Nhiteh^l,  Michigan.  The  oxygen  analyses  are  pre¬ 
sented  in  Ihble  II.  The  iKHsited  specimens  were  repolished  and  examined  by 
electron  probe  microanalysis  (ER1A).  Backaoattered  electron  images  of  the 
microstructure  were  recorded  in  the  process.  The  ERIA  was  carried  out  throu^ 
the  courtesy  of  Mr.  J.C.  Cheanutt,  GB,  Evendale,  Ohio  and  Dr.  D.M.  Diaiduk, 
Wright  Laboratories,  Materials  laboratory,  W-PAFB,  Ohio.  In  sosa  cases, 
specimens  equilibrated  at  the  same  temperature  were  examined  by  more  than  one 
facility  and  the  individual  analyses  are  presented.  The  EFMA  data  are 
presented  in  Table  III. 


Table  II  Oxygen  Analyses  After  Various  Heat  Treatments 


Composition 

a/o 

Temperature 

"C 

Initial  Oxygen 
wpps 

Final  Oxygen 
wppa 

46  A1 

1300 

636 

50  A1 

1200 

- 

501 

52  A1 

1300 

- 

862 

46  A1 

1350 

752 

873 

46  A1 

1300 

752 

768 

46  A1 

1200 

752 

770 

46  A1 

1200 

980 

1185 

uaea  for  the  above  heat  treatments  are  given  in  Thble  I  above. 
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Table  III  Electron  Probe  Microanal3rtical  Data 


Temperature 

"C 

Cooposition 

a/o 

Source 

Alpha 

a/o 

Alpha2 

a/o 

Beta 

a/o 

a/o 

1350 

52 

GE 

48.6 

54.0 

1350 

52 

(X 

47.7 

- 

- 

53.0 

1350 

46 

AF 

45.9 

- 

- 

- 

1300 

48 

GB 

45.4 

- 

- 

52.3 

1300 

48 

GE 

44.8 

- 

51.7 

1300 

48 

AF 

44.3 

- 

~ 

50.6 

1300 

41 

AF 

41.2 

- 

• 

- 

1300 

39 

AF 

39.22 

- 

38.35 

- 

1200 

50 

GE 

40.3 

- 

- 

50.9 

1200 

37 

AF 

37.14 

- 

- 

- 

1200 

35 

AF 

34.74 

- 

33.93 

- 

1140 

41 

AF 

39.8 

- 

- 

48.3 

1140 

39 

AF 

39.6 

- 

- 

1110 

41 

CE 

- 

38.4 

- 

48.4 

1000 

50 

AF 

- 

34.61 

- 

50.42 

800 

50 

AF 

- 

32.75 

- 

50.53 

800 

52 

AF 

- 

- 

- 

51.04 

The  teaperature  of  the  invariant  waa  determined  in  the  TEM  by  iaasing  aa^plea 
equilibrated  for  2.59  x  l(r  aecotxls  at  and  quenched  froa  1140,  1125,  and 
UlO’C.  Theae  treatiKnts  followed  standard  equilibraticn  treataents  at  1300 
and  1200*’C.  TW  foils  were  prepared  by  standard  techniques  froa  0.25  aa  thick 
slices  cut  fron  the  quenched  samples,  the  slices  were  mecdtanically  polished 
to  a  thickness  of  0. 1-0.2  db  using  a  cloth  wheel  and  an  abrasive  suspension, 
then,  cores  were  reonved  frcw  the  slice  using  a  coring  tool  and  diamond  paste 
as  an  abrasive.  Next,  the  3  m  diaaeter  cores  were  mechanically  polished  and 
finally  Jet  polished  in  a  solution  of  10  ml  HClOt ,  150  ml  butyl  cellusolve,  and 
250  ml  methanol  at  -4(fC,  using  12  milliaope  and  30  'olts.  the  foils  were 
examined  in  a  JBOL  lOOCX  transmission  electron  micro'  x  operating  at  100  Kv. 
Grains  of  alphs2  were  identified  by  the  character!  .ic  electron  diffraction 
patterns  of  the  D0|]  structure.  Next,  a  grain  identified  as  alpha2  was  imaged 
in  centered  dark  field  using  a  low  index  superlattice  spot  to  illiainate  the 
specimen.  When  antiphase  domain  boundaries  (APB’s)  were  found  to  be  present, 
it  was  clear  that  the  alpha  phsise  had  ordered  on  quenching  and  had  been 
disordered  at  the  equilibration  temperature.  When  APB’s  were  not  fouxl  to  be 
present  in  the  equilibrated  and  quenched  samples  it  was  clear  that  the  alpha2 
phase  had  been  ordered  at  the  equilibration  temperature. 

Ihe  nature  of  the  invariant  was  also  determined  in  the  TEM  by  the  dark  field 
examination  of  specimens  of  35  and  37  a/o  A1  equilibrated  for  2.59  x  10^ 
seconds  at  and  quenched  from  1125,  1140,  1160,  and  IISO^C.  As  above,  these 
treataients  followed  standard  equilibration  treatamnts  at  1300  and  12(Xy’C.  Such 
saaiples  were  found  to  be  either  fully  ordered  alpha2  at  temperature  or  were 
composed  of  areas  that  had  been  ordered,  together  with  areas  that  had  been 
disordered  at  the  equilibration  temperature.  In  addition,  areas  disordered  at 
temperature  could  be  differentiated  from  areas  ordered  at  traperature  by  EDS 
examination  in  the  TSI.  In  this  way  the  A1  content  of  the  individual  areas 
could  be  determined,  although  the  data  are  neither  as  accurate  nor  as  precise 
as  are  the  EFMA  data  cited  above.  Nevertheless,  there  was  an  A1  concentration 
difference  meEisured  between  areas  ordered  at  temperature  and  areas  disordered 
at  the  equilibration  temperature.  Ihe  T^  data  are  presented  in  Table  IV. 


Table  IV  im  Data  on  AFB  Presencse  and  EDS  ChcBistrlea 


Temnerature 

CoHDOSition 

AFB's 

Alpha 

Aliha2 

®C 

a/o 

a/o 

a/o 

1180 

35 

Y/N 

36.4 

35.5 

1160 

37 

Y/N 

37.5 

36.3 

1160 

35 

N 

- 

1140 

39 

Y 

1140 

37 

N 

- 

- 

1140 

35 

N 

- 

1125 

39 

Y 

1125 

35 

N 

• 

1110 

46 

N 

1110 

43 

N 

1110 

41 

N 

- 

1110 

39 

N 

- 

- 

Resulta  and  PiacuBaion 

The  data  fraa  Table  III  are  plotted  in  Figure  1.  In  additioni  Figure  1 
contains  a  few  additional  points  fron  saaples  which  were  optically  seen  to  be 
single  phase  and  are  so  indicated.  Finally,  the  TBl  data  frcn  Table  IV  have 
been  us^  to  determine  the  teaqperature  of  the  invariant  and  to  indicate  the 
approximate  position  of  the  alpha  *  alpha2  region  on  the  diagram.  In  con¬ 
sidering  this  equilibrium  phase  diagram  and  its  relationship  to  other  recent 
Mark,  it  is  most  convenient  to  consider  the  present  data  one  area  at  a  time. 


32  34  36  38  40  42  44  46  48  50  52  54 

AIOMIC  PtRCFNI  ALUMINUM 

Figure  1  -  The  central  region  of  the  Ti-Al  equilibriimi  diagram  drawn  from  the 
present  data. 
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The  alpha  tranaus  ahcwn  here  ia  plotted  fron  ten  pointa  in  the  range  1125- 
1350^0.  Tentative  alpha  transua  lines  were  alao  ahown  in  references  4.  5,  and 
6  and  have  been  coa^mied  fay  Miahurda  and  Perepezko  ( 1 ) .  The  agreeaent  between 
these  data  ia  quite  good  between  1125  and  130(fC,  however,  the  present  data 
indicate  a  lower  slope  at  1350^C.  The  present  lower  slope  at  1350^0  agrees 
with  recent  X-ray  data  (4).  The  tranaus  line  drawn  by  Miahurda  and  Rereperko 
followed  their  OTA  data.  Since  it  is  expected  that  OTA  data  will  yield  tranaus 
tenperaturea  that  depend  on  the  rate  of  heating ,  the  agreement  ahown  is  really 
very  good. 

The  present  gnnmn  solvus  has  a  aaricedy  lower  slope  than  does  that  presented  by 
Miahurda  and  Perepezko  ( 1 ) .  Both  tl^  present  diagraa  and  that  of  Miahurda  and 
Perepezko  indicate  the  miniaw  A1  coapoaition  of  gaama  to  be  about  48.5  a/o 
A1  at  the  eutectoid.  Their  gana  solvua  passes  through  51  a/o  A1  at  1350^0 
vihereas  the  present  solvus  line  is  at  53  a/o  Al.  The  present  slope  is  drawn 
using  seven  EmA  determined  equilibriuB  gaama  phase  co^nsitions.  Thus,  it 
should  be  more  represent! tive  of  equilibrium  than  data  from  either  OTA  or  high 
temperature  X-ray  studies  vdiere  only  limited  time  is  allowed  at  each  tempera¬ 
ture  and  Al  loss  from  the  speclmoi  surface  is  a  real  possibility.  In  addition, 
this  placement  is  augment^  by  the  optical  examination  of  the  equilibrated 
materials  which  shows  that  both  a  nominal  52  a/o  Al  (measured  as  61.04  a/o  Al) 
alloy  equilibrated  at  1300^C  and  a  nominal  50  a/o  Al  alloy  equilibrated  at 
120G^C  contain  only  a  small  amount  of  alpha  phase  (  <2X  and  all  at  the  grain 
boisvleuy  triple  points) .  It  should  also  te  noted  that  the  present  wamm  solvus 
is  similar  to  that  drawn  by  Shull  and  Cline  (13). 

The  present  data  clearly  establish  the  invariant  as  an  eutectoid  under  equi- 
libritn  conditions.  This  conclusion  agrees  with  the  previous  OTA  data  of 
Mlshurda,  et  al,  (5)  and  of  Shull,  et  al  (10).  It  also  agrees  with  the  recent 
conclusion  of  Jones  and  Kaufkan  (12).  That  the  invariant  is  an  eutectoid  is 
established  by  consideration  of  several  factors,  taken  together.  The  first  of 
these  is  the  ERIA  data  at  1140  and  lllO^C,  tdiich  establish  the  endpoints  of  the 
reaction  isotherm  and  indicate  that  the  alpha  transus  intersects  the  invariant 
at  an  interaediate  Al  concentration.  The  second  consideration  is  that  the  ISM 
data  for  the  35X  Al  alloy  at  IISO^C  and  for  the  37X  Al  alloy  at  IISO^C  show 
that  two  phases  are  in  equilibria,  one  ordered  and  one  disordered,  and  that 
the  Al  content  of  the  disordered  phase  is  about  1  a/o  Al  greater  than  in  the 
ordered  phase.  (Note  that  the  Al  contents  of  the  alpha  and  alpha2  phases  as 
determined  by  the  unstandardized  EDS  measurement  do  not  properly  fall  on  the 
diagram  here  presented.  However,  even  given  the  measurement  error,  it  ia 
clear  that  the  alpha  phase  is  richer  in  Al  than  ia  the  alpha2  phase.)  Figure 
2  is  a  dark  field  adcrograph  of  the  35  X  Al  alloy  equilibrated  at  IISO^C 
showing  the  ordered  and  disordered  phaaee  in  equilibrlim.  The  temperature  of 
the  invariant  is  established  as  being  1110^  <  T  <  1125*C  because  qiecimena 
equilibrated  at  the  higher  temperature  contain  AFB's  upon  quenching,  tdteraa 
specimens  equilibrated  at  lllO^C  are  clear  of  ARB’s.  Ag^n,  this  is  in  agree¬ 
ment  with  the  recent  data  of  Jones  and  Kaufsan  (12).  The  oompoeltlon  of  the 
eutectoid  is  established  as  39.6  a/o  Al  since  specimens  of  that  oo^poalticn 
could  be  equilibrated  at  1125°  as  single  phase  materiale.  The  same  oompositlon 
equilibrate  at  11I0°C  precipitates  a  small  asnunt  of  gaama  at  a  few  grain 
boundary  triple  points. 

It  is  also  clear  from  the  data  that  the  gaama  solvus  should  extend  to  oompoai- 
tions  in  excess  of  50  a/o  Al  at  low  tenperaturea.  This  is  oontrary  to  what 
has  been  shown  on  even  the  most  recent  Bssesaed  diagran(15),  in  spite  of  the 
fact  that  evidence  to  this  effect  has  been  available  for  acv  time  (16). 
Figure  3  showe  a  50  a/o  Al  specimen  equilibrated  for  1.75  x  10'  eeoonds  (29 
wedis)  at  SOO^C.  The  material  clearly  contains  two  phases.  BFMA  data  for  this 
specimen  shows  that  the  gawa  phase  coapoeition  at  BOO^C  la  50.5  a/o  Al.  Thus, 
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Figure  2  -  A  35  a/o  A1  alloy 

equilibrated  at  llStf'C, 
showing  disordered 
alpha  in  equilibrium 
with  ordered  alpha2. 


Figure  3  -  A  50  a/o  A1  alloy  equili¬ 
brated  for  29  weeks  at 
SOCfC,  showing  alpha2  in 
equilibriiat  with  gemma. 


it  is  clear  that  at  low  temperatures  the  stoichiometric  composition  of  TiAl 
should  be  shown  to  lie  in  the  two  phase  alpha2  plus  gamma  region.  At  tempera¬ 
tures  below  the  invariant  the  present  data  show  the  alpha2  solvus  to  be  steeply 
sloped.  These  data  are  presented  without  comnent  since  the  EFMA  of  the  low 
temperature  alpha2  phase  was  not  very  satisfactory.  The  total  analysis  did 
not  add  up  to  lOOX  and,  as  such,  the  data  are  open  to  some  question. 

Finally,  the  alpha  plus  beta  field  has  been  located  at  both  1200^  and  1300°C. 
Samples  quenched  from  this  field  exhibited  microstructures  composed  of  grains 
of  alpha2  and  grains  of  transformed  beta.  This  microstructural  analysis  has 
also  been  verified  by  TEM  and  EPMA. 


Conclusions 

The  central  region  of  the  Ti-Al  equilibriun  diagram  has  been  carefully  re¬ 
assessed  by  studying  various  compositions  which  were  equilibrated  for  long 
times  in  the  range  800-1300‘’C.  The  specimens  have  been  examined  by  several 
techniques  which  allow  a  nunber  of  conclusions  to  be  drawn.  The  equilibriun 
alpha  transus  agrees  with  that  previously  drawn  from  ETA  data  to  1300^C,  Ixjt 
shows  a  lower  slope  at  ISSl/’C.  The  high  temperature  equilibriun  ganoa  solvus 
has  a  markedly  lower  slope  up  to  1350^C  than  has  previously  been  reported.  The 
invariant  is  clearly  established  as  an  eutectoid  with  the  eutectoid  temperature 
established  as  lllC/’C  <  T  <  1125°C.  The  eutectoid  coopoeition  is  39.6  a/o  Al. 
The  endpoints  of  the  eutectoid  isotherm  are  at  38.4  and  48.4  a/o  Al.  The 
alpha  plus  alpha2  region  is  established  by  dark  field  TS1  photomicrographs  and 
EDS  data  showing  ordered  alpha2  in  equilibrium  with  disordered  alpha.  The 
disordered  alpha  is  about  1  a/o  richer  in  Al  than  is  the  ordered  alpha2.  The 
low  temperature  gainna  solvus  extends  to  greater  than  50  a/o  Al  at  temperatures 
lower  than  lOOO’C.  Thus,  contrary  to  what  many  authors  have  drawn,  the  stoich¬ 
iometric  composition,  TiAl,  exists  in  a  two  phase  region  at  low  temperatures. 
The  alpha  plus  beta  field  has  been  located  at  both  1200  and  1300°C. 
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MICROSTRUCTURE  AND  MECHANICAL  PROPERTIES  OF  Ti-Al-(CrSi)  ALLOYS 


G.  Frommeyer,  Th.  Kremser,  and  W.  Wunderlich 
Max-Planck-Institut  fiir  Eisenforschung  GmbH,  Dusseldorf/Germany 


Abstract 

Alloying  elements  such  as  Cr,  Mn,  V,  Nb  and  Si  have  a  strong  influence  on  the  mechan¬ 
ical  properties  as  well  as  on  the  microstructure  of  two-phase  intermetallic  TiAl/Ti,Al 
alloys.  Considerable  improvement  in  room  temperature  tensile  ductility  was  achieved  by 
additions  of  Cr  and  Si.  The  deformation  mechanisms  have  been  studied  by  TEM  and 
APFIM  investigations.  Formation  of  deformation  twins  by  glide  of  <  12l]-partial  disloca¬ 
tions,  which  are  initiated  by  misfit  dislocations  at  the  Oj/y  interfaces  is  the  main  deforma¬ 
tion  mechanism  in  the  TiAl  phase.  The  lamellar  arrangement  of  the  TijAl  phase  with  a 
volume  fraction  of  about  10  or  IS  %  plays  an  important  role  in  strengthening  the 
TiAI/TijAl  alloy. 


TitanUim  '92 
$ci«nc«  and  Ttchnofm 
Edilod  by  F.H.  Froos  and  I.  Caplon 
The  Minerals,  Metals  &  Moteriols  Society,  1993 
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For  TEM  observations  smalt  discs  with  3  mm  diameter  and  500  iim  thickness  were  cut  by  spark  erosion 
from  the  plastically  deformed  region  as  well  as  from  the  grip  section  of  the  tensile  test  specimens.  Polishing 
was  carried  out  by  using  Sttuers  electrolyte  A3  (600  ml  methanol,  360  ml  butylcellosolve,  60  ml  perchloric 
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Ultimate  TemiU  Strtafdi  tMfi|  YicM  nrew  R.OJ  (MPa) 


acid)  at  21  V  and  -25  *C.  The  TEM  Philips  EM420  waa  equipped  with  t60*/30*  double  tilt  specimen 
holder.  The  lamellar  TiyAI  and  TiAl  phases  were  clearly  distinguished  from  each  other  either  by  applying  the 
quantitative  EDX  system  or  SAO  diffraction. 


Results  and  Discussions 


Mechanical  Properties 

The  mechanical  properties  of  the  TiAI/Ti,AI  alloys  were  investigated  in  detail.  The  flow  stress,  tensile 
strength  and  elongation  to  failure  as  a  fiuiction  of  the  temperature  ate  shown  in  Fig.  la-c.  The  yield  stress 
curves  (Fig.  la)  exhibit  a  slight  increase  from  room  temperature  up  to  6(X)°C  or  8(X)°C.  The  chromium  and 
silicon  containing  alloy  reveals  a  maximum  yield  stress  of  400  MPa.  The  TiS6A144  alloy  behaved  brittly  at 
temperatures  up  to  6(X)°C.  Above  800°C  the  yield  stresses  of  all  investigated  TiAl  alloys  decreased  monolon- 
ically  and  reached  ISO  MPa  at  1000*C,  respectively. 
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Fig.  la-c.  Mechanical  properties  of  the 
three  examined  TiAl  base  alloys  as  a  fime- 
tion  of  temperature  (a)  yield  stress, 

(b)  ultimate  tensile  strength,  and 

(c)  elongation  to  failure. 


Fig.  2a-b.  Optical  micrographs  of 
the  TiS2AI48  alloy  after  tensile 
deformation  (a)  at  room  temperature 
and  (b)  at  800  ’C. 


The  ultimate  tensile  strength  shows  a  similar  temperature  dependence  (Fig.  lb).  For  the  TiS6AI44  alloy  the 
strength  values  itKreaae  slightly  from  170  MPa  at  room  temperature  to  290  at  8(X)  *C.  The  TiS2AI48  alloy 
reveals  a  maximum  strength  value  of  4S0  MPa  at  900  ’C,  and  for  the  TiAI46CrISi0.2  material  600  MPa  at 
600  °C  was  achieved.  Above  800  *C  the  ultimate  tensile  strength  of  all  alloys  decrease  to  about  2S0  MPa 
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or  200  MPa. 


Maximum  elongations  to  failure  of  c,,  •  4  %  were  measured  for  the  TiAI46CrlSi0.2  alloy  at  room 
temperature  in  tension  tests.  At  elevated  temperatures  between  200  and  400  *C  elongations  of  S  %  were 
determined.  At  800  *C  -  35  %  and  at  1000  °C  a  fracture  strain  of  •>  100  %  was  determined.  In 
comparison  to  this  a  TiAi46Cr3  alloy  was  tested.  It  showed  even  a  slightly  higher  elongation  to  failure  than 
TiAI46CrlSi0.2.  Therefore  it  is  proposed  that  Cr  is  an  effective  alloying  element  which  improves  the 
ductility  in  the  lower  temperature  regime.  For  the  TiS2AI48  alloy,  lower  elongations  to  failure  (30  %  at 
1(XX>  "C)  were  measured.  However,  the  Ti56AI44  shows  a  rather  brittle  behaviour  without  any  measurable 
fracture  strain  below  tOO  °C. 

The  temperature  dependent  fracture  toughness  in  K|c  values  are  presented  ir  Table  II.  The  TiS6AI44  alloy 
reveals  K,^  values  of  15  and  21  MPaJ  m  at  room  temperature  and  4(X)  °C.  For  the  more  ductile  Ti52Al48 
alloy,  which  exhibits  a  certain  plastic  strain  in  room  temperature  tensile  tests,  critical  stress  intensity  factors 
of  25  MPaJ  m  at  room  temperature  and  29  MPaJ  m  at  500  °C  were  measured.  For  the  modified 
TiAI46CrlSi0.2  alloy  a  superior  fracture  toughness  of  more  than  33  MPaJ  m  at  room  temperature  and 
500  °C  were  obtained.  These  values  are  beyond  the  upper  limit  of  the  test  conditions  for  ductile  samples  of 
small  sizes. 


Table  II.  K^;  values  (MPaJ  m)  at  room  temperature  and  500  °C. 


1 

Ti56AI44 

Ti52A148 

TiAI46CrlSi0.2  I 

1  RT 

15 

20 

>33  1 

1  500  «C 

21 

29 

>35  1 

Microitruaure 

The  optical  micrographs  in  Fig.  2  represent  the  lamellar  microstructure  of  the  as  cast  Ti52AI48  alloy, 
deformed  at  room  temperature  to  =  2  %  (Fig.  2a)  and  strained  at  800  °C  to  =  15  %  (Fig.  2b).  After 
low  tensile  deformation  at  room  temperature  the  microstructure  remains  unchanged  (Fig.  2a)  compared  to 
that  of  the  as  cast  condition.  Large  tensile  deformation  of  30  %  at  8(X>  °C  (Fig.  2b)  produces  bent  TiAl  and 
Ti,AI  lamellae,  exhibiting  a  wavy  shape. 

The  TEM  bright  field  images  reveal  more  details  of  the  lath  type  microstructure.  In  Fig.  3a,  b  the  image 
conditions  are  adjusted  in  such  a  way  that  the  Ti,AI  phase  appears  dark  and  the  TiAl  phase  bright.  The  Ti,AI 
lamellae  are  oriented  mostly  parallel  to  each  other  in  one  direction  inside  a  grain.  The  orientation  relation¬ 
ship  between  the  Ti,AI  phase  and  the  TiAl  matrix  is  (lll),|(0(X)l).},  <1I0>.,|<I2I0>.2  |I8-20|.  This 
is  confirmed  by  high  resolution  FIM  investigations,  shoum  in  Fig.  4.  The  FIM  image  reveals  that  the  phase 
boundaricc  are  atomically  sharp.  The  a-|y  interfaces  are  represented  exactly  by  parallel  aligned 
(0001).,|(1I1),  planes  (211. 

The  TEM  images,  show  the  deformed  state  of  the  constituent  phases.  It  is  obvious  that  the  microstructural 
features  differ  sligi;*ly  among  the  three  investigated  TiAl  alloys.  In  Ti56AI44  (Fig.  3a)  the  Ti,AI  lamellae 
are  distributed  homoget'.cously  within  the  TiAl  matrix.  The  lamellae  thickness  of  about  200  nm  is  rather 
uniform.  The  TiAl  phase  reveals  twin  boundaries  parallel  to  the  Ti,AI  lamellae.  No  evidence  for  plastic 
deformation,  e.g.  dislocations  or  deformation  twins,  was  found  in  either  phase  when  deformed  at  room 
temperature  or  at  6<X>  *C.  The  largest  volume  fraction  of  the  Ti,AI  phase  of  25  to  35  vol%  was  determined 
for  the  alloy  with  relatively  high  Ti  concentration  of  56  at%.  The  Ti,AI  phase  is  known  to  be  harder  and 
less  ductile  than  the  TiAl  matrix.  The  larger  amount  of  the  Ti,AI  phase  is  the  main  reason  for  the  poor 
plasticity  of  Ti56AI44. 

A  coarser  lamellar  microstructure  is  present  in  the  Ti52AI48  alloy  (Fig.  3b).  The  thickness  of  the  Ti,AI 
lamellae  is  three  times  larger  than  that  of  the  other  alloys  (see  e.g.  Table  III).  Most  of  the  Ti,AI  lamellae 
end  up  at  grain  boundaries.  Discontinuous  TijAl  lairtellae  were  not  observed.  In  some  cases  the  ends  of  the 
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Fig.  3a*b. 


TEM  micrographs  of  (he  deformed  sections  of  tensile  iCvSt  samples  of  the  alloy  (a) 
Ti56A144.  and  (b)  TiAI46CrlSi0.2- 


Ti)Al  lamellae  taper  off.  Fig.  5  shows  the  sharp  tips  at  the  end  of  two  multiply  sheared  Ti,Al  lamellae  in  the 
Ti52Al48  alloy.  The  Ti^Al  lamellae  are  partly  sheared  by  TiAl  deformation  twins  coming  from  TiAl  if  a 


critical  thickness  of  1  ^itn  is  not 
overstepped.  Below  this  critical 
thickness  the  deformation  twins 
penetrate  the  Ti3Al  phase.  This 
mechanism  will  generate  defor¬ 
mation  (Wins  in  TijAl. 
Consequently  enhanced  plastic¬ 
ity  of  the  alloy  occurs.  In  con¬ 
trast  to  this  no  deformation 
twins  have  been  observed  in 
single  phase  bulk  specimens  of 
TijAl  13).  Thicker  TijAl 
lamellae  shear  off  neither  by 
deformation  twinning  nor  by 
dislocation  motion.  Ti^Al  seems 
to  act  like  a  hard  skeleton 
within  the  more  ductile  TiAl 
matnx. 

Dislocations  in  T13AI  lamellae 
were  only  observed  at  deforma¬ 
tion  temperatures  above  800® C. 
Hence,  (he  T13AI  phase  behaves 
bnttly  at  lower  temperatures. 


Fig.  4.  FIM  micrograph  blowing  the  interface  on  an  atomic  scale. 

After  annealing  at  1000  ®C  antiphase  boundanes  appear  in  (he  Ti^Ai  pha.se.  This  indicates  that  small  ordered 
domains  are  present  within  the  Tf3Al  lamellae. 

The  TiAl^ifAl  interfaces  in  (he  deformed  Ti52Al48  sample  are  rather  wavy  and  non  planar.  In  the 
deformed  tensile  test  specimens  the  TiAl  matnx  contains  numerous  dislocations  and  deformation  twins.  The 


defoniialioa  twins  can  be  clearly  distinguished  from  primary  twins,  formed  during  phase  transformation 
from  a-<TiAI)  into  y-TiAl  by  their  narrow  spacings  of  5  to  100  nm  instead  of  1  to  2  fim.  From  the  edges 
of  the  deformation  twins  dislocations  were  emitted  into  the  surrounding  TiAl  matrix.  Twins  as  well  as  Ti,AI 
lamellae  are  acting  as  dislocation  sources.  The  highest  density  of  deformation  twins  were  found  in  specimens 
deformed  at  medium  test  temperatures  (600  °C). 


Table  III.  Thickness  of  Ti,AI  lamellae,  interlamellar  spacings,  TiAl  twin  thickness,  and  volume 

fraction  of  the  Ti,AI  phase  for  the  three  examined  TiAl  alloys. 


1  Alloy 

TiS6AI44 

TiA146CrlSi0.2 

1  Mean  thickness  of  Ti^Al  lamellae 

(nm| 

200 

500.  .2000 

200 

1  Interlamellar  spacing  of  the 

TijAl  constituent 

(nm) 

S00...1000 

2000 

500 

Thickness  of  TiAl  twins  in  as  cast 
alloys 

(nm) 

100.. .500 

100 

100 

After  tensile  deformation 

(nm) 

- 

5.. .100 

5.. .10 

Volume  fraction  of  the  Ti,Al 
phase 

(vol%) 

25... 35 

10... 15 

15.. .20 

Room  temperature  deformation,  however,  leads 
to  finely  spaced  dislocation  networks.  These  are 
localized  in  deformation  bands. 

The  TEM  image  in  Fig.  3b  displays  the 
microstmctural  features  of  the  TiA146CrlSi0.2 
alloy.  The  Ti,Al  lamellae  exhibit  a  mean  thick¬ 
ness  of  about  200  nm  and  a  separation  distance 
of  500  nm,  respectively.  The  Ti,AI  fraction  of 
IS  to  20  vol%  is  significantly  higher  than  that 
in  the  TiS2AI48  alloy.  This  difference  is  sur¬ 
prising  because  the  Al  content  in  both  alloys  is 
almost  the  same.  EDX  aruUysis  revealed  that  the 
solubility  of  Cr  in  the  TijAl  phase  is  significant¬ 
ly  higher  than  in  the  TiAl  phase. 

Fig.  S.  TEM  micrograph  of  a  Ti,AI  lamellae  (dark) 
sheared  by  deformation  twins  in  the  TiAl 
matrix  (bright)  at  600  °C. 

Cr  addition  stabilizes  the  Ti,AI  phase.  The  deformed  specimen  contains  uniformly  distributed  deformation 
twins  with  a  thickness  of  about  S  to  10  nm.  Twin  formation  have  been  studied  by  field  ion  microscopy  in 
greater  detail.  The  FIM  image  in  Fig.  6  shows  that  die  twin  boundary  is  extremely  smooth  and  does  not 
exceed  2  -  3  atomic  layers  in  thickness. 

The  deformation  twins  change  their  orientations  if  they  interact  with  primary  twin  boundaries.  Lipsitt  et  al. 
1 10)  found  cross  twiiming  also  in  tensile  specimen  of  TiAl.  deformed  at  700  *C.  Thirmer  Ti,AI  lamellae  of 
thickness  dimensions  much  less  than  I  pm  were  not  sheared  by  deformation  twins  in  contrast  to  those  of  the 
TiS2AI48  alloy.  The  high  density  of  deformation  twins  causes  the  improved  ductility  of  this  alloy.  The  tensile 
test  samples  deformed  at  600  *C  reveal  a  larger  amount  of  twins  than  the  specimens  deformed  at  room 
temperature.  The  latter  ones  showed  mainly  stacking  faults.  Dislocations  were  observed  in  both  specimens. 

Selected  areas  of  the  deformed  specimen  of  the  TiAi46CrISi0.2  alloy  have  been  studied  by  TEM  in  greater 
detail.  Fig.  7a  represents  a  dark  field  and  Fig.  7b  shows  a  weak  beam  image  with  the  marked  g  >  111. 
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To  perform  dislocation  analy¬ 
sis.  12  different  g  vectors 
were  chosen  for  imaging.  The 
results  showed  that  mostly  the 
a/2  1 1 10|  and  a/2  1 1  1 0|  dislo¬ 
cation  are  dominant,  some  a/2 
1 101 1  and  a/2  [01  1 1  disloca¬ 
tions  have  aLso  been  observed. 
The  preferential  slip  planes 
were  determined  to  be  (111) 
and  (111),  respectively. 

For  understanding  the  import¬ 
ant  role  of  the  deformation 
twins  for  the  enhanced  plastic¬ 
ity  of  this  alloy  special  atten¬ 
tion  was  focused  on  this  sub¬ 
ject.  A  model  showTi  in  the 
schematic  drawing  of  Ftg.  8 
illustrates  the  generation  of 
deformation  twins  in  detail. 


Low  angle  gram  boundaries  act  a.s  oKstacles  against  the  propagation  of  deformation  twins.  Some  twins  have 
been  passed  through,  and  most  of  them  are  Unked.  In  front  of  the  penetrating  twins  dislocations  appeared. 
These  are  clearly  visible  m  Fig.  7a  by  using  the  image  condition  g  =  (Ml)  because  then  the  (III)  twin 
boundary  is  inclined  steeply. 

The  disUxation  analysis  showed  (hat  a/n  ( 1  21  j  partial  dislocations  are  present  on  the  (1 1 1 )  glide  plane  which 
IS  identical  to  the  twin  plane,  a/6  1 1  21 1  partial  disUKation  cannot  he  distinguished  from  similar  a/3  and  a/2 
I  1  21 1  disUxations  without  image  computer  .simulation.  However.  Hug  1 13]  has  shown  (hat  dissociated  a  6 
<121 1  disliKations  are  preferentially  present  in  deformed  TiAl.  The  distance  between  the  a/n  11211 
dislcKations  wa.s  determined  to  about  20  to  40  nm.  respectively.  Tlie  more  the  disliKations  have  penetrated 
into  (he  small  angle  grain  boundary  (he  thicker  are  the  (wins  observed  in  (he  left  grain  (Fig.  6).  This  leads 
to  the  conclusion  that  (he  (111)  deformation  (wins  are  formed  by  the  movement  of  (he  |121)  partial 
dislocations. 

The  presence  of  the  ThAl  phase  with  an  optimum  volume  fraction  of  about  IS  vol9^  in  a  TiAl  matrix  is 
neces.sary  to  improve  the  mechanical  properties,  especially  (he  ductility  of  TiAI  alloys.  An  important  reason 
i.s  also  the  high  affinity  of  the  TiiAl  pha.se  to  interstitially  dissolved  elements  such  as  N.  O.  C.  It  was  found 
that  ThAl  exhibits  a  preferential  solubility  especially  for  oxygen  compared  to  TiAl  (8.22.23).  Consequently 
the  oxygen  will  be  gettered  by  (he  Ti^Al  lamellae  and  small  amounts  of  impunties  will  increase  the  low 
temperature  pla.s(icity  by  disiiKation  glide  |4[. 

In  addition,  shearing  of  the  ThAl  lamellae  with  thickne.vs  less  than  1  ^m  was  observed  only  in  the  alloy 
without  Cr.  This  implies  that  chromium  strengthens  and  stabilize.s  the  ThAl  phase  in  the  mtxJified  alloy. 
Chromium  and  .silicon  have  another  positive  effect  in  Ti^AlffiAI  alloys.  The  Ti,Al  lamellae  are  distnhuted 
homogeneou.sly  with  finer  spacings  within  the  TiAl  matrix.  In  the  Cr  and  Si  free  Ti52AI48  alloy  thicker 
lamellae  with  wider  spacing  were  observed.  The  presence  of  small  amounts  of  silicon  supports  the  nucleation 
of  the  Ti,AI  pha.se  which  results  in  a  finer  lamellar  microstnicture.  Thi.s  improves  the  mechanical  properties 
especially  the  yield  strength  as  well  as  (he  fracture  toughness  and  the  ductility  in  general. 
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Fig.  7a-h.  Dislocation  structure  in  a  deformed  TiA}46CrlSi0.2  tensile  test  sample,  (a)  dark  field 

image,  (h)  weak  beam  images  taken  with  7  =  <  1 1 1 )  vectors. 

The  Ti^Al  phase  is  stronger  and  less  ductile  than  TiAl.  Larger  volume  fractions  of  Ti,Al  in  Ti56A144  cause 
the  ptxir  ductility  in  comparison  to  the  Ti52AI48  alloy.  The  TEM  results  clearly  showed  that  the  0;*Ti,Al 
phase  acts  like  a  hard  scaffold.  Dislocations  tn  the  Ti^AI  were  detected  only  after  tensile  deformation  above 
800  ^C,  when  Ti^Al  lamellae  have  been  distorted.  The  strong  decrease  of  the  yield  stress  and  ultimate  tensile 
stress  above  800  *C  might  be  caused  by  weakening  effects  of  Ti^AI.  Its  lath  type  of  morphology  deflects  a 
propagating  crack  and  will  spread  the  crack  Up.  which  results  in  higher  K,c  values. 

The  TiAl  matrix  was  alst)  found  to  be  slightly  modified  by  Cr  and  Si.  TEM  investigations  clearly  showed  the 
pre.x.'nce  of  <  i  2 1 1  dislocations  in  front  of  the  deformation  twins,  for  pure  fee  metafs  with  low  stacking  fault 
energy  the  model  of  (win  formation  by  the  movement  of  a/6  <  U2> .  Shockley  partial  disltxations  is  well 
e.stablisheJ  |24).  For  TiAl  with  an  ordered  Liy  superlatlice  .structure  with  a  .slight  deviation  from  the  fee 
.symmetry  (c'a  -  1 .018)  a  .similar  mechanism  can  be  as.sumed  (Fig.  8).  A  moving  a/6  <  121  ]  partial  disloea* 
lion  on  a  ( 1 1 1 )  glide  plane  generates  an  intrinsic  stacking  fault  and  one  lattice  plane  is  effectively  removed. 
Consequently  the  stacking  sequence  is  disturbed.  Twinning  <Kcurs  if  one  partial  disliKation  moves  on  every 
neighbouring  plane.  The  glide  planes  of  the  partial  dislocations  are  parallel  to  the  twin  planes.  For  the 
ordered  Llo  lattice  the  mechanism  described  takes  place  in  the  .same  way  except  that  two  types  of  atoms  (Ti 
and  Al)  are  present,  marked  in  Fig.  8  by  capital  and  small  letters.  After  passing  six  a/6  <12l)  partial 
disUKations  a  small  twin  has  been  formed  without  disturbing  the  ordering  of  the  lattice.  A  stepwise  motion 
of  the  ShiKkley  partials  leads  ti)  an  enlargement  i)f  smaller  twins.  The  mechanism  of  twin  formation  and  the 
enlargement  by  movjng  of  the  ShiKkley  partial  dislixations  is  m  agreement  with  the  TEM  results  (Fig.  7a-b). 
flug  and  Veys.siere  I25|  found  a  similar  mechanism  in  Mn  doped  TiAl  alloys.  They  proposed  that  a/2  <112) 
superdisliKattons  are  forming  twins  by  spUUing  into  a/6  |112|  dislocations.  These  are  moving  to  the  upper 
neighbounng  glide  plane  either  by  climb  or  cniss  slip.  Only  a  Frank-Read  source  is  nece.ssary  to  activate  this 
prixess.  it  should  be  mentioned  that  besides  this  deformation  twinning  the  so  called  structural  twinning 
ix'curs.  After  pentectic  solidification  the  formed  a-Ti(  Al)  solid  siilution  changes  its  lattice  structure  from  hep 
(o  fet  (Ll„)  structure  with  decreasing  temperature.  The  structural  twins  are  of  larger  size  and  have  been 
observed  in  undeformed  specimens. 

Detormalum  twins  and  antiphase  boundaries  are  mainly  present  in  the  Cr  and  Si  containing  alloy.  For  fee 
alloys  u  IS  wed  known  that  deformation  (wins  (xcur  if  (he  stacking  fault  energy  is  decreased.  A  low  stacking 
fault  energy  increases  the  distance  between  partial  disUxations  and  allows  them  to  move  more  ea.sily  .  The 
presenve  of  defiirmation  (wins  leads  to  (he  conclusion  that  chromnim  lowers  (he  stacking  fault  energy  in 
liAl  Therefore  an  enhanced  low  temperature  ductility  of  the  Cr  containing  TiAl  alloys  by  deformation 
(winning  (xvurs.  Similar  results  were  obtained  for  binary  TiA)  alloys  by  Hall  et  al.  |23].  Manamura  et  ai. 
126)  found  enhanced  twin  formation  during  r*H>m  temperature  deformation  of  TiAl-2  ^  Mn. 
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The  effect  of  elloying  elements  on 
the  plasticity  of  TiAl  is  based  on 
dislocation  dissociation  by  solute 
atoms.  Hug  et  al.  [11-13]  found 
favoured  dissociations  of  <  1 10] 
into  <  121]  dislocations  in  pure 
TiAl.  Hahn  et  al.  [16]  observed 
preferential  dissociation  in  TiAl  by 
additions  of  Nb.  Hanamura  et  al. 
[26]  assumed  stabiliution  of  <  121] 
dislocations  in  the  presence  of  Mn. 

Chromium  may  stabilize  the  <  121] 
partial  dislocations.  Plastic  deforma¬ 
tion  might  be  easier  and  deforma¬ 
tion  twinning  can  be  explained  in 
the  sense  by  increasing  the  mobility 
of  partial  dislocations. 


Fig.  8.  Schematic  drawing  and 
model  for  generation  and 
propagation  of  twins  by 
movement  of  six  a/6  [121] 
partial  dislocation  in  an 
ordered  Llo  lattice. 


Conclusions 

Additions  of  small  amounts  of  Cr  and  Si  to  binary  Ti52AI4$  alloys  improve  the  strength  properties  as  well 
as  the  room  temperature  tensile  ductility  and  the  fracture  toughne.ss.  The  enhanced  ductility  is  caused  mainly 
by  glide  of  <I21]  partial  dislocations  and  subsequent  twin  formation  in  the  TiAl  phase.  Furthermore 
additions  of  Cr  and  Si  stabilize  the  Ti]AI  phase  and  increase  its  strength. 

For  optimizing  the  microstructure  and  the  mechanical  properties  thin  Ti,AI  lamellae  .should  be  homogeneous¬ 
ly  distributed  throughout  the  TiAl  matrix.  The  Ti,AI  volume  fraction  does  not  exceed  20  vot%,  otherwise 
the  brittle  character  of  Ti,At  prevails. 
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R.  V.  Ramanujan,  X.  D.  Zhang,  I.  P.  Jones,  J.  M.  Young  and  J.  W.  Sears 

IRC  in  Materials  for  High  Performance  Applications,  The  University  of  Birmingham, 
Edgbaston  B15  2TT,  U.  K. 


ABSTRACT 

Plasma  melting  has  been  used  to  produce  ingots  of  nominal  compositions 
Ti-^Al-2Mn-2Nb,  Ti-48A1  and  Ti-52A1  (all  compositions  in  atomic  percent).The 
feedstock  was  either  compacts  of  the  elements  or  vacuum  arc  remelted  material. 

Cylindrical  ingots  of  diameter  100  mm  and  150  mm  and  lengths  up  to  750  mm  have  been 
produced  and  their  macrosmiaure  and  microstmeture  have  been  examined.Thc  results 
show  that  close  control  of  the  chemistry  can  be  achieved  both  from  top  to  bottom  and  from 
centre  to  edge  of  the  ingot.  There  is  however,  a  significant  variation  in  the  macrostructure 
fiom  top  to  bottom  of  an  ingot.  The  microstructures  of  Ti-48A1  and  Ti-48Al-2Mn-2Nb 
consist  of  a  lamellar  structure  of  y  and  a?  and  some  equiaxed  y  ^ns  whereas  the 
microstructure  of  Ti-52A1  consists  of  a  dendritic  morphology  with  aluminium-rich 
segregate  and  dendrites  composed  of  y  and  a?.  We  have  found,  through  this  and  related 
studies,  that  the  macrostructurc  causes  the  deformation  behaviour  and  mechanical 
properties  to  be  highly  anisotropic.  Heat  treatment  before  thermomechanical  processing 
is,  therefore,  needed  to  ensure  uniform  mechanical  properties. 

INTRODUCTION  and  EXPERIMENTS 

Aggressive  high  temperature  working  environments  require  superclean  alloys  of 
rigorously  controlled  chemical  composition  and  microstructure.  For  many  years  vacuum 
arc  remeldng  (VAR)  has  been  the  established  process  for  producing  high  integrity  titanium 
alloys,  but  alternative  processes  based  on  cold  hearth  refining  have  recently  t^n 
introduced!  1-6). 

The  cold  hearth  refining  process  involves  melting  feed  material  into  a  water  cooled  hearth 
where  it  initially  forms  a  skull.  Subsequently,  liquid  metal  flows  over  the  skull  via  a  lip 
into  a  water  cooled  crucible  with  a  retractable  bax  to  form  a  continuous  ingot 
Advantages  of  the  cold  hearth  process  include  elimination  of  refractory  elements  (and 
hence  removal  of  the  risk  of  non-metallic  particle  pickup)  through  the  ability  to  remove 
both  heavy  and  light  inclusions  by  density  separation  in  the  hearth. 

The  Retech  (Retech  Inc.,  Ukiah,  CA)  plasma  arc  furnace  (2)  uses  plasma  as  the  heat 
energy  source  for  the  melting  process  which  takes  place  undo*  a  positive  pressure  of 
argon.  Such  conditions  prevent  oxidation  and  loss  of  high  vapour  pressure  alloying 
elments  such  as  aluminium  and  chromium.  In  addition,  the  process  is  tolerant  of 
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outgassing  and  hence  can  be  used  to  melt  sponge. 


The  plasma  arc  furnace  has  been  used  to  produce  cylindrical  y-based  titanium  aluminide 
ingots  with  a  diameter  of  ’  00  mm  and  ISO  mm  and  lengths  up  to  750  mia  The  nominal 
compositions  were  Ti-48Al-2Mn-2Nb,  Ti-48A1  and  Ti-S2A1  (all  compositions  in  atomic 
percent).  Both  vacuum  arc  remelted  (VAR)  material  and  compacts  of  the  elements  were 
used  as  feedstock.  The  process  parameters  used,  the  chemistry  and  the  structure  of  the 
ingots  obtained  after  plasma  arc  melting  are  described  in  this  paper.  Our  results  on  the 
macrostructure  can  be  used  to  rationalise  the  highly  anisotropic  deformation  and 
mechanical  behaviour  observed  in  related  studies  (7,8)  of  as-cast  material. 

RESULTS 


CHEMISTRY  OF  THE  INGOTS 

Table  1  shows  the  chemical  analysis  performed  at  various  locations  in  the  ingot  The 
composition  of  the  substitutional  elements  was  determined  by  wet  chemical  analysis,  the 
levels  of  oxygen  and  nitrogen  by  a  inert  gas  fusion  technique  and  the  level  of  hydrogen  by 
a  vaccuum  extraction  technique.  The  oxygen  level  in  the  feedstock  varied  from  one  melt 
to  another  in  the  range  S70  ppm  to  780  ppm.  For  exan^Ie,  the  actual  composition  of  the 
VAR  feedstock  used  in  melt  20  is  Ti-49.7Al-2.5Mn-2.lNb  with  an  oxygen  content  of  600 
ppm.  From  the  results  in  Table  1  it  is  clear  that  the  composition  of  the  ingot  can  be  held  to 
close  tolerances  both  from  top  to  bottom  and  from  centre  to  edge.  These  results  are 
consistent  with  those  obtain^  using  quantitative  microprobe  analysis  (Fig.  I)  on  samples 
from  melt  27  (Ti-48Al-2Mn-2Nb). 

STRUCTURE  of  Tt-48AI-2Mn-2Nb 

Figs  2-4  show  the  transverse  sections  of  the  plasma  melted  ingot  (melt  38),  50mm  ftom 
the  top  of  the  ingot  (referred  to  as  the  top  section),  3(X)  mm  frwn  the  top  (middle)  and  25 
mm  from  the  bottom  (called  the  bottom  section),  respectively.  The  transverse  section  of 
the  top  region  consists  of  a  chill  zone  (roughly  4  mm)  at  the  outer  edge  of  the  ingot,  long 
columnar  grains  (20  mm)  extending  towards  the  centre  of  the  ingot  and  a  central  region 
consisting  of  apparently  equiaxed  grains.  The  columnar  grains  are  not  radial  but  are 
curved  (Fig.2 )  as  a  result  of  the  three  dimensional  nature  of  the  solidification  process  and, 
to  a  lesser  extent,  electromagnetic  stirring. 

The  transverse  section  of  the  middle  of  the  ingot  (Fig.3 )  is  similar  to  the  top  section  of  the 
ingot  with  a  smaller  chill  zone  and  a  smaller  "equiaxed”  region.The  transverse  section  of 
the  bottom  region  (Fig.4 )  shows  a  small  chill  zone  (1mm),  a  reduced  area  fraction  of 
columnar  grains  and  a  larger  fraction  of  "equiaxed"  grains  in  the  central  region  of  the 
ingot. 

The  microstructure  of  this  alloy  consists  of  lamellar  colonies  and  some  apparently 
equiaxed  y  grains(9).  The  variation  in  the  microstructure  can  be  explained  in  terms  of  the 
change  in  cooling  rate  from  centre  to  edge  in  an  ingot  The  slower  cooling  in  the  central 
region  of  an  ingot  produces  more  y  grains. 

STRUCTURE  of  Ti-48AI 

The  transverse  sections  were  prepared  at  similar  locations  or  areas  in  the  ingot  as  in  the 
case  of  Ti-48AI-2Mn-2Nb.  The  top  section  is  similar  to  that  of  that  of  Ti-48  Al-2Mn-2Nb 
with  a  smaller  chill  zone.  The  lon^tudinal  section  (Fig.5 )  is  seen  to  consist  of  two  sets 
of  columnar  grains.  One  set  of  grains  is  larger  (approx.  2  mm  in  width)  at  the  edge  of  the 
ingot  and  are  thinner  as  they  approach  the  centre  of  the  ingot.  These  grains  curve  upwards 
(towards  the  top  of  the  ingot)  as  they  approach  the  central  region.  The  second  set  of 
grains  consists  of  columnar  grains  of  constant  width  that  tun  parallel  to  the  length  of  the 
ingot.  It  is  the  cross-section  of  these  grains  that  form  the  apparently  equiaxed  structure  in 
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the  central  region  of  transverse  sections.  The  microstructure  of  the  longitudinal  section 
(Fig.6 )  is  seen  to  consist  of  long  lamellar  colonies  of  different  (mentation. 

The  transverse  section  of  the  middle  of  the  ingot  is  similar  to  the  top  section  but  it  has  a 
higher  area  fraction  of  equiaxed  grains.  Correspondingly,  the  longitudinal  section 
contains  a  larger  area  fraction  of  columnar  grains  which  are  parallel  to  the  length  of  the 
ingot.  The  bottom  region  (Fig.  7)  consists  of  a  small  chill  zone,  a  small  columnar  region 
ai^  a  large  (roughly  3S  mm)  apparently  equiaxed  structure  in  the  central  region.  Again, 
there  is  a  corresponding  increase,  in  the  longitudinal  section,  of  columnar  grains  which  are 
parallel  to  the  length  of  the  ingot. 

STRUCTURE  of  Ti-52A1 

Macrostructures  were  prepared  from  the  same  locations  in  the  ingots  as  Ti-48Al-2Mn-2Nb 
and  Ti-48A1.  The  macrostructure  of  the  top  section  (Fig.8 )  shows  a  colunnnar  structure 
from  the  edge  to  the  central  region.  This  columnar  structure  consists  of  dendrites 
surrounded  by  aluminium-rich  segregate.  Quantitaive  electron  probe  microanalysis 
showed  that  the  average  composition  of  the  dendrites  is  Ti-S0.2A1  while  that  of  the 
segregate  is  Ti-S4.4Al.71ie  central  region  is  also  dendritic  but  consists  of  cross  sections  of 
dendrites  which  have  formed  by  solidification  along  the  longitudinal  direction.  The 
dendritic  nature  of  the  strucuture  can  be  seen  from  Fig.  9  which  shows  an  aluminium-rich 
interdendritic  region  and  aluminium-lean  dendrites  consisting  of  alternate  y  and  ot2  plates. 
TTiis  microstructure  is,  therefore,  very  different  from  that  of  the  as-cast  Ti-48A1  (Fig  6.). 
The  middle  section  is  similar  to  the  top  section.  However,  the  bottom  section  shows  a 
much  larger  area  fraction  of  dendrites  formed  from  the  growth  of  dendrites  in  the 
longitudinal  direction  and  a  correspondingly  small  ^wth  of  dendrites  in  the  radial 
direction.  Towards  the  edge  of  the  ingot  roughly  circular  bands,  with  a  thickness  of 
approximately  a  millimetre,  are  found  which  etch  differently  from  the  surrounding 
regions.  These  areas,  observed  in  all  three  sections,  have  been  previously  called  “tree 
rings”  (iO).In  titanium  aluminides  this  effect  has  been  attributed  to  minor  compositional 
fluctuations(lO).  Crystal  growth  experiments  (11)  conducted  on  Ti-S2A1  also  show  a 
pericxlicity  in  the  structure  (and  presumably  the  composition)  along  the  length  of  the 
specimen. 


DISCUSSION 

For  plasma  arc  melting  y-based  titanium  aluminide  ingots  the  feedstock  can  be  either 
elemental  feedstock  or  VAR  material.  The  surface  quality  of  the  ingots  is  generally 
smooth  with  (xcasional  laps(3).  The  results  of  the  chemical  analyses  show  that  close 
tolerances  of  the  composition  of  the  ingot  can  be  achieved. 

The  macrostructure  of  the  ingots  can  be  understcxxl  in  the  following  manner.  For  the 
three  ingots  studied,  the  interplay  between  the  heat  extraction  from  the  bottom  of  the  ingot 
and  that  from  the  side  walls  appears  to  determine  the  macrostruaure.  In  all  three  sections 
(top,  middle  and  bottom)  the  chill  zone  is  the  usual  result  of  the  ccxrling  by  the  side  walls. 
In  the  top  and  middle  section  of  the  ingots  the  heat  extraction  is  mainly  from  the  side 
walls.  71ie  direction  of  the  growth  of  the  grains  is  along  the  direction  of  maximum  heat 
extraction  (maximum  therm^  gradient).  Consider  a  longitudinal  section  of  the  ingot  during 
the  melting  operation.  The  directions  of  maximum  heat  extraction  arc  given  by  the 
perpendiculars  erected  to  the  tangent  drawn  at  each  point  of  the  melt  p<x>l/solid  interface. 
An  elliptical  melt  pool  therefore  gives  rise  to  the  curved  columnar  grains  which  point 
towards  the  top  of  the  ingot  in  the  longitudinal  section.  The  transverse  section  is 
essentially  a  cross-sectional  view  of  these  grains. 

The  bottom  sections  show  the  effect  of  the  heat  extraction  from  the  withdrawal  crucible. 
This  additional  heat  extraction  causes  a  number  of  columnar  grains  to  grow  in  the  central 
region  longitudinally  from  the  withdrawal  crucible.  However,  there  is  still  substantial  heat 
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extraction  from  the  side  walls  and  curved  columnar  grains  ate  still  present,  although  to  a 
lesser  extent  than  in  the  top  and  middle  sections.  The  main  effect  of  electromagnetic 
stining  seems  to  be  the  creation  of  additional  thermal  gradients  which  cause  the  solidifying 
grains  to  “twist”  as  they  solidify.  This  effect  is  particularly  evident  in  Ti^8Al-2Mn-2Nb 
(melt  38). 

The  macroscructure  plays  an  important  role  in  several  afreets  of  the  mechanical  behaviour 
of  the  as-cast  plasma  arc  melted  material.  Our  results  on  forging  (7)  of  as-cast  titanium 
aluminides  show  that  a  cylindrical  Inllet  of  circular  cross-section  has  an  elliptical 
cross-section  after  forging.  This  behaviour  is  a  direct  result  of  the  variation  in  flow  stress 
as  a  function  of  the  lo^  orientation  of  the  lamellae  relative  to  the  forging  direction 
(12).  James  et  al  (8)  have  found  that  the  fracture  toughness  of  as-cast  Ti-48A1  specimens 
oriented  in  the  transverse  direction  is  more  than  20  MPaVm  while  it  is  less  than  10 
MPaVm  in  the  longitudinal  direction.  Even  more  dramatic  is  the  change  in  the  fatigue 
crack  growth  rate  measured  on  Ti-48Ai  at  800°C  in  vacuum  (8).  In  Ok  transverse 
direction  a  value  of  5.27  xlO-^^  mm/cycle  is  obtained  while  a  value 
l.SlxlO'^'mra/cycle  is  obtained  in  the  longitudinal  direction.  From  the  present  results  on 
the  macrostructure  these  differences  in  mechanical  behaviour  can  be  explained  in  terms  of 
the  difference  in  the  orientation  of  the  lamellae  from  the  transverse  to  the  longitudinal 
direction. 

By  appropriate  heat  treatment  these  effects  of  the  macrostruenue  can  be  altered 
significantly.  An  example  is  shown  in  Fig.  10  where  heat  treatment  for  140  hours  at 
1200°C  converts  the  lamellar  structure  into  equiaxed  y  grmns.  When  heat-treated 
cylindrical  billets  are  forged,  circular  cross-sections  remain  circular  after  forging.  Another 
method  is  to  heat  treat  the  alloy  at  1200°C  to  produce  equiaxed  y  grains,  follow^  by  heat 
treatment  in  the  a  phase  Oeld  followed  by  slow  cooling. 


CONCLUSIONS 

1 .  Plasma  arc  melting  of  Ti-48Al-2Mn-2Nb,  Ti-48A1  and  Ti-52A1  has  been  earned  out 
using  both  elemental  and  VAR  feedstock.  100  mm  diameter  ingots  750  mm  long  have 
been  produced  and  our  results  on  the  chemistry  of  the  plasma  melted  alloys  shows  that 
close  control  can  be  achieved  both  from  top  to  bottom  and  from  centre  to  edge  of  the 
ingot. 

2.  The  macrostructure  of  the  ingots  varies  with  position  in  the  ingot.  The  transverse 
sections  show  that  a  chill  zone  exists  at  the  edge,  columnar  grains  growing  from  the 
edge  to  the  centre  and  a  central  equiaxed  region.  The  longitudinal  sections  show  a  chill 
zone  and  two  types  of  long  columnar  grains.  One  set  of  grains  start  from  the  outer 
edge  and  curve  upwards  as  they  approach  the  centre  becoming  thinner  as  they  grow. 
The  second  set  of  grains  are  of  constant  width  and  tun  parallel  to  the  length  of  ^ 
ingot.  This  second  set  is  seen  as  equiaxed  grains  in  the  transverse  sections.  There  is  an 
increase  in  the  proportion  of  the  second  set  of  grains  from  the  top  to  bottom  of  the 
ingot.  This  increase  can  be  explained  by  the  relative  magnitude  aixl  direction  of  heat 
extraction  from  the  side  walls  and  the  ^tom  withdrawal  crucible. 

3.  The  microstructures  of  Ti-48A1  and  Ti-48Al-2Mn-2Nb  consist  of  a  lamellar  structure  of 
y  and  a2  and  some  equiaxed  y  grains.  The  columnar  grains  of  the  macrostructure  affect 
the  microstructure  by  dividing  lamellar  colonies  of  different  orientation.  The 
microstructure  of  Ti-52A1  consists  of  a  dendritic  nnotphology  with  aluminium  rich 
segregate  and  dendrites  composed  of  y  and  02. 

4.  Our  re.sults  show  that  characterisation  of  the  macrostrucnire  enables  us  to  rationalise  the 
highly  anisotropic  mechanical  and  deformation  behaviour  of  as-cast  plasma  arc  melted 
ingots. 
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Melt  Nominal  Composition  A1 
No.  (afe) 


T.E  1  50.1 


36  T1-48A1 


38  ri-48Al-2Mn-2Nb  T 

I  M 

I  B 

t 

42  ri-52Al  T 


Oi 

ppm 

N2 

ppm 

650 

40 

650 

30 

650 

35 

700 

40 

750 

20 

650 

20 

750 

40 

700 

35 

850 

40 

750  20 


<10  0.020 


10  I  0.010 


<10  0.015 


T=  50mm  from  top  of  ingot,  M=  300  mm  from  top  of  ingot,  25  mm  from  the  bottom 

of  the  ingot; 

C=centre  of  the  ingot,  mr^miidradius  of  the  ingot,  E*  edge  of  ingot. 


WcfMnalfM  TUtAI-IMik-iNti 


Fig.  1  Electron  probe  microanalysis  results  Fig.  2  Transverse  section,  50  mm  from 

for  melt  27,  Ti-48Al-2Mn-2Nb  of  melt  27, 

Ti-48Al-2Mn-2Nb. 
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Fig.  3  Transverse  section  of  Ti-48Al-2Mn-2Nb 
from  the  middle  of  the  ingot. 


Fig.  4  Transverse  section  of  Ti-48Al*2Mn-2Nb 
25  mm  from  the  bottom  of  the  ingot. 
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Fig.  6  Microstructure  of  as-cast  Ti-48A1  showing 
columnar  grains  containing  lamellar  colonies. 


Fig.  5  Longitudinal  section  of  Ti-48Al-2Mn-2Nb 
50  mm  from  the  top  of  the  ingot  showing 
columnar  grains. 
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Fig.  7  Transverse  section  of  Ti-48 Al,  25  mm  from  Fig.  8  Transverse  section  of  Ti-52 Al, 
the  bottom  of  the  ingot  showing  a  large  SO  mm  from  the  tc^  of  the  ingot, 

area  fraction  of  apparently  equiaxed  grains.  Long  columnar  grains  horn  the 

edge  to  the  centre  are  evident. 
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Fig.  9  Microstructure  of  as-cast  Ti-52AI, 
showing  aluminium-rich  segregate 

and  dendrites  containing  02  and  y. 


Rg.  I0MicrosiructurcofTi-48Al-2Mn-2Nb 
heat  treated  at  1200°C  for  140  h. 
followed  by  furnace  cooling, 
showing  equiaxed  y  grains  with  a 
small  amount  of  02 
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Abstract 

Titanium  alloys  are  unique  in  terms  of  the  wide  range  of  forming  and  fhbrieation 
melhods  which  can  be  used  on  them.  11118  paper  deseribes  the  modem  methods  of 
making  shapes  and  components  from  titanium,  ai^  outlines  the  potential  and  limitation 
of  these  techniques. 

Topics  covered  include  isothermal  forging,  casting  and  superplaatic  ibrmin^diffriaion 
bonding. 

Introduction 


The  use  of  titanium  alloys  in  the  engineering  industries  has  given  rise  to  a 

number  of  advanced  forming  tecbnologiea  The  procesaas  discussed  in  thu  paper, 
isothermal  forging,  casting  and  superplaatic  forming  are  used  to  produce  a  wide  range 
of  componenta  and  some  of  these  are  discussed  in  the  context  of  the  manulhcturing 
route. 


Isothermal  Forging 

Many  of  the  allcQrs  used  to  make  gas  turbine  components  have  diaracteristios  which 
require  special  consideration  in  relation  to  their  processing. 

Firstly,  by  the  nature  of  the  engineering  requirement  placed  on  them,  these  materials 
retain  high  strength  at  elevated  tmnperatures  even  up  to  the  normal  frirging  ran^ 
This  obviously  has  implications  with  respect  to  the  siM  and  cost  of  the  forging 
equipment  used.  Secondly  there  is  usually  a  stringent  requiiement  for  a  particular 
distribution  of  microstrueture  and  properties  and  a  oonespooding  requirement  for 
consistency  between  sucoeesive  components  and  production  Itotebeo.  lUrdly,  turbine 
materials  are  comparatively  expensive  because  of  the  allaying  elements  used  and  the 
complex  melting  route  needed  to  ensure  a  clean,  homogeneous  forging  billet 

All  these  considerations  have  led  to  the  development  of  isothermal  forging.  Hus 
section  describes  the  process,  the  equipment,  and  the  techniques  used  to  produce 
turbine  discs  b)'  this  method. 

rhii.  aeteriBties  of  Isothermal  Forging 

There  are  three  main  features  of  isothermal  forging  which  distinguish  it  from  the 
conventional  forging  process 


Tiiormim  ^ 

$ci«ne«  ond  Technology 
Edilod  by  F.H.  Troo*  ond  I  Coplon 
Tfw  Minorob,  AAotob  &  Motwiob  Sedoty,  1 993 


1,319 


(1)  The  dies  and  work>pieoe  ate  maintained  at  the  aame  temperature  throughout 
the  forging  operation. 

(2)  The  forging  operation  ia  carried  out  at  a  relatively  alow,  controlled,  atrain  rate, 
generally  in  the  range  10'*  to  10'*  per  aeoond. 

(3)  llie  forging  operation  ia  done  in  a  vacuum  or  an  inert  atmoaphere. 

Theae  featurea  produce  aeveral  beneCta.  With  the  diea  and  the  work-piece  at  the  aame 
temperature  there  ia  no  die-chilling  effect  Thia  facilitatea  the  generation  of  a  uniform 
microatructure  acroaa  the  aection  of  the  work-piece. 

The  alow  atrain  rate  uaed  enablea  advantage  to  be  taken  of  the  correaponding  reduced 
flow  Btreaa  Figure  1  illuatratea  thia  ^ect  with  reference  to  IMI  834.  Reducing  the 
atrain  rate  by  a  factor  of  ten  reducea  the  flow  atreaa  by  up  to  60%.  The  implication  of 
thia  ia  that,  for  an  equivalent  work  piece,  press  loa^  are  much  leaa  in  iaothermal 
forging  than  in  conventional  forging.  Thus  the  amount  of  auperetructure  ia  leaa  and 
there  ia  no  environmental  pollution  in  terms  of  noiae  and  vibratioiL  The  slow  action 
is  also  much  more  controll^le  and  easier  to  record  than  in  conventional  procoanoa. 

In  the  development  of  spedflc  microatructures  in  titanium  baaed  materials  there  is 
often  a  requirement  to  operate  within  a  certain  strain  rate  range  during  hot  working. 
Thia  ia  necessary  to  give  the  right  balance  between  microatructure  and  properties. 


Flow  Stress  of  IMI834  al  940  C. 

Strain  Hate 
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Figure  1  -  The  effect  strain 
rate  on  flow  slrooo 


The  control  of  ram  speed  in  isothermal  forging  is  infinitely  variable  and  can  be  pre-set 
to  follow  a  specific  strain  rate  programme.  Thus,  for  example,  a  constant 
compressional  strain  rate  along  the  axis  of  a  cylindrical  billet  necessitates  a 
corresponding  decrease  in  the  ram  speed  as  the  axial  length  decreases. 

A  ftirther  benefit  of  a  slow  strain  rate  is  that  there  is  no  adiabatic  beating  in  the  work- 
piece.  Adiabatic  heating  would,  in  a  faster  process,  be  generated  in  a  ncm-uniform 
manner  and  could  thereby  ^nerate  non-uniform  structures. 

The  prodtiction  rates  ftom  an  isothermal  press  are  generally  lower  than  those  from  a 
conventional  press.  However  this  disadvantage  ia  ofbet  by  the  fact  that  iaothermal 
forging  is  a  one-shot  operation  and  there  is  no  need  for  a  aeries  of  shaping  stages  with 
the  associated  reheating  and  die  changes. 

The  slow  squeezing  operation  also  enables  pieces  to  be  forged  to  near  net  shape.  This 
can  give  significant  saving  on  material  cost  in  the  forging  and  on  subsequent 
machining  operations. 


1,320 


'nie  use  of  an  inert  atmosphere  ia  for  two  reasona.  'Hie  first  is  to  prevent  oxidation  of 
the  work  piece  during  forging,  ‘niia  would  normally  be  aggravated  the  extended 
timee  that  the  piece  is  in  the  preheat  fttmace  or  in  the  press.  However  both  these 
operations  are  done  in  an  oogrgen-free  atmosphere  and  this  results  in  a  very  clean, 


almost  shiny,  surface  on  the  forging.  The  second  reason  for  using  this  environment  for 
forging  relates  to  the  fact  that,  for  forging  operations  above  about  lOOO’C,  it  is 
necessary  to  use  a  molybdenum  baaed  material  for  the  dies.  Only  this  has  sufficient 
strength  for  the  stresses  imposed.  However  at  these  temperatures  molybdenum 
oxidises  very  quickly  and  hence  an  inert  atmosphere  is  essential. 

The  lEP  Airfoils  Isothermal  Press 

lEP  Airfoils  installed  their  isothermal  press  in  1986.  It  has  a  maximum  load  capability 
of  3200  tonnes  and,  at  the  start,  had  a  relatively  simple  air-lock  device  for  introducing 
the  forging  billets  into  the  dies.  Modifications  to  this  system  have  involved  building 
a  robot-serviced  pre-heating  chamber  in  which  the  billets  are  heated  before 
introduction  into  the  dies.  The  pre-heating  chamber  contains  the  same  inert 
atmosphere  as  the  forge  and,  after  forging,  the  piece  is  removed,  by  the  robot  arm,  and 
stored  in  the  chamber.  A  view  of  the  plant  is  shown  Figure  2. 

The  forging  operation  is  viewed  through  a  window  at  the  front  of  the  press  and  the 
whole  operation  ia  monitored  and  recorded  using  appropriate  load  and  movement 
sensors.  In  this  way  it  is  possible  to  ensure  that  the  process  is  consistent  from  piece 
to  piece  and  from  batch  to  batch.  Temperature  control  in  the  dies  is  maintain^  by 

1.321 


appropriate  aenaora  and  control  of  the  induction  heating  and  it  is  poaaible  to  maintain 
the  temperature  to  within  *5*C  throughout  the  dies  and  work-piece. 


'Die  maximum  diameter  of  forging  currently  poasible  is  800mm  and  the  maximum 
weight  which  the  robot  can  handle  is  230kg.  Figure  3  illustrates  the  ability  to  produce 
complex  near  net  shape  componenCa. 

Modelling  of  the  Isothermal  Forging  Proeeae 

The  intrinsic  cost  both  of  the  material  being  forged  and  of  the  molybdenum  dies  means 
that  any  failure  during  the  process  could  be  very  expensive.  Therefore  mathematical 
modelling  techniques  are  used  to  predict:- 


Mmn  tiia  •  im.«  «ms 

itarucaw  «  n.m  m 


(b) 


LOAD 


•Mftn  tllB  1  1481. •  aesa 
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r«rftL  imii* 


ll*rtO  TIHI  <  Ittl.* 
•iirutcMR  t 


(d)  Figure  4  -  Typical  finite  element 
a^ysis  output 

(a)  -  (c)  Meshee,  (d)  Total  strain 


Figure  5  •  Comparison  between  the 
actual  press  load  and  the  finite 
element  simulation  of  a  titanium 
alloy  disc  forging 
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(a)  the  maximum  load  on  the  prees  during  a  forging  operation 

(b)  the  local  streaMa  both  in  work-piece  and  die 


(c)  the  atrain  rate  regime  and  total  atrain  in  each  part  of  the  forging  and, 
hence,  the  mieroatructure. 

Hie  model  uaed  ia  one  developed  in-houae  and  ia  baaed  on  finite  element  methodad). 
Becauae  of  the  proliferation  of  relatively  faat  and  cheap  eomputera  theae  methoda  have 
been  applied  to  a  number  of  engineering  problema  in  recent  yeara.  'Ilie  preaent  ayatem 
ia  baa^  on  the  aaaumption  that  the  material  being  forged  behavea  in  an  elaato- 
viacoplaatic  manner. 

The  forging  piece  and  diea  are  preaented  graphically  with  the  piece  divided  into 
triangular  aegmenta  (Figure  4)  aa  the  diea  are  moved  together  the  meah  ia  forced  out 
aidewaya  aa  ahown.  Ihe  relationahip  between  each  node  in  the  meah  dependa  on 
various  propertiea  of  the  material  atxl  on  the  amount  of  fKction  between  work-piece 
and  die.  Therefore,  prior  to  the  modelling,  a  aignifieant  amount  of  email  acale  teating 
haa  to  be  done  in  order  that  the  deformation  behaviour  can  be  deacribed  adequately. 
In  addition  varioua  aaaumptiona  have  to  be  made  about  the  oonatitutive  relationahipa 
uaed  to  deacribe  the  phyaical  prooeaaea  being  aimulated. 

Once  this  background  information  ia  generated  for  any  one  alloy  it  ia  relatively  ee^ 
to  predict  total  loada  on  the  3,200T  preaa  for  a  particular  geometry  of  forging.  The 
aucceea  of  thia  technique  can  be  illuatrated  by  reference  to  Figure  S  which  ahowa  actual 
and  predicted  preaa  loada  for  a  titanium  allc^  IMI  834  diae  forging. 

A  more  challenging  taak  ia  that  of  predicting  micrcetnictural  development  The 
effective  flow  atreaa  ia  often  defined  in  material  modela  aa  a  power  flinction  of  effective 
strain  and  strain  rate.  However  this  description  ia  inadequate  for  many  materiala  In 
particular,  dyiumic  recryatallisation  can  take  place  during  hot  deformation  and  this 
results  in  flow  softening  which  is  not  deacrib^  by  the  latter  approach  (2,4).  Aa  a 
consequence  the  oonatitutive  relationship  utilised  incorporates  a  variable  which  follows 
the  microstruetural  evolution  that  takes  place  during  hot  working.  The  primary  use 
of  this  state  variable  ia  to  allow  accurate  prediction  of  flow  stress.  However  it  is 
possible,  given  the  necessary  microstruetural  information  atxl  an  understanding  of  the 
deformation  process,  to  correlate  the  structural  development  with  the  parameter. 

Potential  and  Limitationa  of  Isothermal  Forging 

Procees  costa  generally  restrict  use  of  this  forming  technique  to  high  value  items.  The 
bulk  of  production  has  been  gas  turbine  discs  but  there  is  acope  for  forging  ixm- 
axisymetric  components  such  as  large  airfoils.  Hie  advantage  of  the  isothermal  route 
is  the  consistent  achievement  of  accurate  shape  with  tk>  residual  stress. 

A  related  application  is  for  the  forging  of  intermetallic  materials  which  are  very  brittle 
below  about  lOOO’C  and  for  which  conventional  forging  is  not  applicable.  The  reason 
for  hot  working  is  that  the  properties  of  many  of  these  intermetallics  are  thereto' 
enhanced. 


Casting 

Casting  of  titanium  is  now  a  well  establish  route  for  the  manufacture  of  oompmienta 
both  for  commercial  atxl  aerospace  applications.  In  the  case  of  the  latter,  coiifidenoe 
in  titanium  castings  is  such  that  casting  factors  approaching  unity  are  rxiw 
commonplace  at  the  design  stage. 

Casting  Techniques 

There  are  three  major  problems  in  the  production  of  titanium  eastings. 
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(a)  High  melting  point  of  the  all<^  generally  above  1700*C. 

(b)  Low  fluidity  of  the  metal  at  pouring  temperatures. 

(c)  High  reactivity  with  almost  every  gas,  liquid  or  solid  at  temperatures  above 
600*C. 

The  usual  method  of  melting  titanium  for  the  casting  process  is  to  use  consumable 
electrode,  arc-melting  in  a  vacuum.  The  melting  crucible  is  a  double  walled  copper 
container  with  water  cooling,  which  causes  a  solid  skull  of  titanium  to  be  formed  on  the 
inner  surface.  This  skull  and  the  absence  of  atmosphere  protects  the  molten  metal 
from  contamination. 

Once  the  titanium  elect-jde  has  been  consumed  there  is  no  more  heat  input  to  the 
syatera  and  the  metal  must  be  poured  into  the  moulds  as  quickly  as  possible  before 
further  solidification  in  the  crucible  occurs.  The  batch  wei^t  of  the  lEP  furnace  in 
Belgium  (SETTAS)  is  1  tonne  of  metal  and  a  centrifugal  casUng  arrangement  is  used 
to  move  this  metal  into  the  moulds.  Ihe  melting  and  casting  equipment  is  shown 
diagrammatically  in  Figure  6.  The  mould  assembly  has  a  diameter  of  up  to  3  metres 
and,  when  rotating,  generates  a  centrifugal  force  of  up  to  60G  at  the  periphery.  This 
force  ensures  fast  movement  of  the  metal  into  the  moulds  and  also  provides  extra 
pressure  for  feeding  during  solidification. 

Moulding  Methods 

The  two  principle  methods  for  making  moulds  are: 

(a)  Ceramic  shells  made  by  the  lost  wax  process  -  investment  casting. 

(b)  Precision  sand  and  graphite  •  rammed  sand. 

The  choice  between  the  two  depends  on  the  complexity  of  the  cast  piece,  the  required 
dimensional  tolerances  and  surface  finish,  and  economic  considerations. 

The  dimensional  tolerances  which  are  obtainable  from  the  two  processes  are  given  in 
Table  I.  The  investment  casting  technique  can  be  used  to  make  complex  shapes  with 
a  surface  finish  of  3p.  However  the  cost  of  the  wax  pattern  dies  is  high  and  therefore 
this  method  is  better  suited  to  long  runs.  It  is  also  amenable  to  the  use  of  robotics  in 
the  shell  making  process,  l^pical  examples  of  castings  made  by  the  lost  wax  process 
are  shown  in  Figure  7. 


TABLE  I 

COMPARISON  OF  MOULDING  METHODS 


Method 

Pattern 

Moulding 

Material 

Surface 

Finish 

(Mm) 

Diameter 

Tolerance 

(mm) 

Thickness 

Tolerance 

(mm) 

Precision 

Sand 

Wood,  Resin 

Special 

Sand 

6 

750  +/-2 

2.5  +/-0.6 

Lost  Wax 

Metal  +  Wax 

Ceramic 

3 

750  +/-1 

2.5  +/-0.3 

The  precision  sand  method  is  generally  used  for  simpler  shapes  and  the  surface  finish 
is  slightly  inferior  to  that  obtained  on  investment  casting,  typically  about  6/i. 
However  the  tooling  used  to  shape  the  sand/graphite  mixture  is  relatively  inexpensive 
and  the  technique  can  be  used  to  make  large  pieces.  Typical  examples  of  casting 
made  by  the  precision  sand  method  are  shown  in  Figure  8.  This  technique  is  a 
standard  production  route  for  aerospace  parts  and,  with  the  flexibility  offered,  it  is  a 
preferred  route  during  the  development  phase  before  the  design  is  fixed. 

Comparison  of  mechanical  properties  obtained  from  castings  made  by  the  two  moulding 
methods  are  given  in  Table  11.  Both  routes  give  material  which  meets  the  relevant 
ASTM  specification. 
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compressive  force  in  the  radial  direction  of  the  chamber.  This  also  leads  on  to  the 
second  consideration  which  is  mould  distortion.  All  the  usual  precautions  need  to  be 
taken  during  mould  making,  dewaxing,  drying  and  firing  to  controi  and  monitor  mould 
distortion  and  shrinkage.  In  addition,  because  of  the  extra  hydrostatic  and  gravity 
forces  during  casting,  particular  care  has  to  be  taken  in  mounting  and  supporting  the 
moulds  in  the  chamber.  There  is  also  a  need  to  ensure  that  the  mould  assembly  is 
balanced  in  relation  to  the  axis  of  rotation,  both  before,  during  and  after  filling, 
otherwise  mechanical  instability  will  result. 

The  third  consideration  in  casting  quality  relates  to  surface  contamination.  Although 
titanium  is  cast  under  vacuum  and  in  a  mould  made  of  an  appropriate  non-reactive 
material,  it  is  quite  difficult  to  avoid  any  contamination  of  the  casting  surface  by 
oxygen,  carbonaceous  material  or  first  coat  oxides  picked  up  by  the  molten  metal  from 
the  mould  surface  at  the  time  of  pouring.  The  resulting  layer  of  contamination,  known 
as  alpha-case,  is  very  hard  and  can  range  in  thickness  from  0.6mm  down  to  zero.  The 
alpha-case,  because  it  is  hard  and  can  easily  initiate  surface  cracks,  has  to  be  removed 
and  this  is  usually  done  by  chemical  milling  in  mixed  acids.  Obviously  to  achieve  good 
dimensional  tolerances  and  good  surface  finish  in  the  casting,  the  alpha-case  thickness 
and  its  removal  need  to  be  controlled  and  monitored.  Removal  of  the  alpha-case  has 
the  added  benefit  that  it  generally  further  improves  the  surface  finish. 

Hot  laoetatie  Pressing 

The  final  factor  to  be  considered  in  relation  to  quality  is  internal  microporoeity  which 
is  inevitably  present  in  any  casting.  Although  this  is  minimised  by  appropriate 
foundry  engineering  and  the  imposition  of  centrifugal  force  there  is  still  a  need, 
particularly  in  pieces  for  aerospace,  to  take  further  steps  to  ensure  the  absence  of 
internal  cavities.  Hot  iaostatic  pressing  (HIP)  is  very  effective  in  producing  full 
denaiflcation  of  titanium  and  its  alloys. 

Trials  have  been  done  in  order  to  define  the  effect  of  HIP  on  porosity  level.  Results  are 
shown  in  the  quantative  metallography  histogram  in  Figure  9.  For  this  latter 
technique  six  micrographs  from  each  sample,  at  a  magnification  of  x60,  were  analysed 
in  order  to  record  a  statistically  significant  number  of  pores. 

OoDortunities  and  Limitations 

The  maximum  size  of  titanium  castings  is  limited  by  the  furnace  capacity  the  largest 
of  which  is  reported  to  be  3  tonnes  (in  CIS).  The  complexity  is  limited  only  by  the  skill 
of  the  tool  designer  and  manufacturer,  and  the  willingness  of  the  customer  to  pay. 
Large  and  complex  engine  components  are  now  appearing  as  titanium  castings  (Fig  10). 
In  many  of  these,  thin  walls  are  called  for  and,  although  these  cannot  be  cast  directly, 
they  can  be  sculptured  using  chemical  milling. 

Suoerolastic  Forming  and  Diffusion  Bonding 

Twenty  five  years  of  development  have  brought  the  processes  of  superplastic  forming 
and  diffusion  bonding  to  a  state  of  maturity.  These  processes  provide  the  designer  with 
the  opportunity  to  design  components  which  are  both  cost  and  weight  efficient. 
However,  to  achieve  optimum  performance,  the  designer  needs  to  have  an  in-depth 
understanding  of  the  freedoms  and  limitations  provided  by  these  processes. 

A  tradition  has  grown  up  over  the  years  which  limits  the  use  of  titanium  to- 

a) areas  which  demand  its  high  temperature  strength. 

b) highly  loaded,  fatigue  sensitive  fittings. 

This  situation  has  arisen  due,  in  the  main,  to  the  perceived  high  cost  of  material  and 
the  associated  conventional  manufacture  of  titanium.  Designers  need  to  be  reminded 
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fillin'  9  -  t^antitativo  niotallographic  measurement  of 
port»  size  and  distribution  im- 
(a)  as  -  cast  titanium 
lb)  Ciist  and  HI!’  titanium 


Fi|Ture  10  -  Titanium  b-1 
comprt^sor  casing 


that  the  sp(»ciric  propiTtits  of  titanium  and  its  ('orrosion  and  fatigue  rt^siauinn?  make 
It  an  attractive  structural  material  oven  for  room  temperature  us4>  With  the 
development  of  the  combintxi  processes  of  SP  FT)  B  and  their  cost  saving  potential,  thi're 
IS  now  a  growing  body  of  evidence  that  titanium  can  (compete  with  aluminium 
fahncattHi  mmponents  in  both  cost  and  weight.  In  the  light  of  this  evidence,  therefon', 
d(*signers  ntvd  to  review  their  traditional  views  of  this  materia) 

Prcxluction  Equipment 

F>arly  expi^rimenuition  was  condurUxl  using  primitive  press, heaUxl  platen  sv'sU'ms  and 
in  many  cases  using  "hard  back"  bolted  up  nx)ling  sv'stems  Ttxlay,  however,  purpose 
built  heaUxJ  platen  presses  of  a  type  similar  to  that  shown  in  Figure  11.  have  become 
the  mainstay  of  SPF  and  SPKHB  manufacture 

Variations  on  this  basic  theme  have  now  ht\'n  produrcxl  in.  for  example,  the  "Shuttle’ 
plaU'n  press  dewloptxi  by  Aernspatials,  the  (lantry  press  sj-stem  nxxmtly  installixi  hv 
McDonnell Doughis  and  the  "(T-Krame"  restraint  system  developtxi  by  Grumman 

Akmgside  the  press  development  there  has  luvn  automation  of  the  welding  pnxM’SHiV 
for  cutting  and  stitching  together  of  the  preforms,  and  of  the  3uhs*»fpjent  non- 
distrurtivf*  tilting 

Dt^ign  and  Manufacturing  Asrxvts 

All  of  the  SPF/1)B  structural  types  which  are  prt^muxi  schematically  in  Figures  1214 
hav(>  Hptviflr  structural  and  manufiirturing  iLspt'cts  which  should  Ix'  undersuxxl  by  the 
designer 


2- Shect  Structure  Hie  two  sheet  structure  of  the  type  illustrated  in  Figure  12 
represents  the  SPF/OB  equivalent  of  a  common  conventional  form  of  construction  and 
therefore,  with  the  exception  of  the  use  of  DB  as  a  meana  of  joining  the  two  sheets,  the 
structural  advantages  and  limitations  should  already  be  well  understood.  Although  the 
formed  sheet  will  be  subject  to  thinning,  generally  the  shapes  demanded  in  auch 
structures  do  not  present  difllculties  for  the  prediction  of  the  thickness  distributions. 

In  effecting  the  DB  of  such  structures,  two  methods  of  manufacture  are  poasible:- 

a)  pre  bonding,  either  singly  or  in  a  pack,  uaing  gas  pressure  and  delineating  the 
bond  areas  uaing  a  bond-inhibitor  (stop-ofl)  then  subsequently  expanding  in  the  form 
tool  aa  a  separate  rqieration. 

b)  bonding  1^  mechanical  meana  in  the  tool  prior  to  forming,  this  is  usually  a 
continuous  but  sequential  operation. 

The  former  route  requires  gcxxl  alignment  between  the  bonded  areas  of  the  blank  and 
the  corresponding  features  in  the  tool  to  ensure  a  consistent  and  optimum  transition 
between  the  swaged  section  and  the  bonded  area. 

Although  the  latter  route  will  have  a  bond  area  which  is  defined  and  effected  by  the 
pressure  generated  by  the  tooling  features,  the  quality  of  the  bond  is  totally  dependent 
upon  the  matching  of  tool  faces,  including  the  flatness  and  combined  thickness  of  the 
component  blank  in  the  area  to  be  bonded(5). 

3- Sheet  Structure  Unlike  the  two  sheet  SPF/DB  form,  which  is  controlled  directly  by 
the  tool  in  terms  of  its  final  structural  definition,  the  three  sheet  structural  form  is 
largely  controlled  by  the  definition  of  the  starting  blank.  The  tool  in  this  case,  only 
provides  a  restraint  to  the  blank  around  its  periphery  and  in  addition  provides  the 
envelope  shape  of  the  finished  component  Hiis,  therefore,  places  reeponsibilily  on  the 
designer  to  define  both  the  starting  blank  and  the  finished  component  and  to 
accomplish  this  it  is  necessary  for  the  designer  to  model  and  understand  the  forming 
process.  For  simple  structures,  such  as  that  illustrated  in  Figure  14,  the  modelling  is 
relatively  easy  but  for  the  more  complex  stiffening  patterns  such  as  sine  wave  or 
discontinuous  stiffening,  the  establishment  of  a  finite  element  technique  as  a  basis  of 
an  SPF  CAO  system  is  highly  desirable  and  will  greatly  reduce  the  iterative  trial  and 
error  development  which  is  currently  a  feature  of  SPF/DB  technology. 

The  fact  that  the  tooling  can,  to  a  large  degree,  be  divorced  from  the  component 
structural  definition,  provides  the  designer  in  turn  with  freedom  to  change  the 
structural  definition  without  affecting  the  tool.  Hiis  is  comforting  to  the  designer 
bearing  in  mind  the  cost  and  lead  time  of  provisioning  tools. 

One  feature  of  the  three  sheet  structure,  is  the  fact  that  the  skin  thicknesses  used  need 
to  be  significantly  greater  than  the  cote  thickness  to  ensure  skin  stability  during 
forming  and  to  overcome  external  waviness  on  the  finished  component 

A  wide  variety  of  cote  stiffening  patterns  are  possible  with  the  three  sheet  structure. 
These  include  straight,  sine  wave,  and  discontinuous  features.  Orthogonal  stiffening 
is  possible  for  a  three  sheet  structure  but  requires  a  considerable  increase  in  the  blank 
complexity. 

4- Sheet  Structure  The  four  sheet  structure  illustrated  in  Figure  16  results  in  cellular 
stiffening  which  has  the  virtue  of  having  design  and  stressing  characteristics  which, 
although  not  identical  in  detail,  are  familiar  to  the  designer  in  their  conventionally 
fabricated  equivalent 

As  for  the  three  sheet  structure,  the  designer  has  the  responsibility  of  defining  the 
details  of  the  starting  blank  to  achieve  his  finished  component  Again  this  cannot  be 
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achieved  without  an  in  depth  underatandinsof  the  manufacturing  prooees  and  this  haa 
been  greatly  aaaiated  by  the  development  of  a  finite  element  CAO  analysis  ^tem. 


Opportunities  and  Limitations 

The  plan  view  area  of  an  SPF/DB  structure  is  limited  the  size  of  the  press.  The 
depth  of  the  structure  can  be  accommodated  by  cell  design  which  allows  for  the  metal 
thinning.  This  latter  aspect  can  be  alleviated  either  by  using  thicker  starting  material 
or  by  selective  metal  removal  on  the  blanks  to  leave  re-inforcement  where  needed  on 
the  blown  piece.  There  is  a  limit  to  the  increase  metal  thickness  useable  because  in 
sheet  above  about  4mm  thick  it  is  not  easy  to  achieve  superplastic  properties.  The 
main  advantages  of  the  SPF/DB  process  are  economic,  due  to  higher  material 
utilisation  and  simple  starting  blank  forms  combined  with  significant  wei{^t  savings. 

Conclusion 

The  advances  in  the  production  methods  for  titanium  all(^  components  discussed  in 
this  paper  have  provided  engineers  with  the  ability  to  specify  parts  with  good 
mechanical  properties,  high  integrity  and  complex  forma  which  can  be  manufactured 
economically. 
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ABSTRACT 

Thermochemical  processing  (TCP)  with  hydrogen  of  a-r-P  titanium  alloys  has  been 
established  as  an  effective  method  to  modify  the  miciostructure  arid  enhance  prt^renies,  such  as 
tensile  and  fatigue  strength.  This  process  was  also  successful  in  substantially  refining  the 
microstructure  of  02  titanium  based  alloys  of  both  powder  metallurgy  and  wrought  products. 
The  objectives  of  the  present  work  were  to  refine  the  microstructure  and  improve  the  mechanical 
properties  of  two  cast  based  titanium  alloys  Cn-24A1-1  INb  at%  and  Ti-25Al-10Nb-3V-lMo 
at%)  by  temporary  alloying  with  hydrogen.  Hot  isostatically  pressed  coupons  were 
hydrogenated  soaking  in  h j'drogen  at  a  p^tive  pressure  at  tempcrwurcs  ranging  nom  540  to 
980°C.  Various  hydrogenation  times  at  eitha  isothermal  or  multiple-stro  teirqxratutes  were 
employed  on  the  cast  coupons.  Under  optimum  conditions,  0.36  viit%  of  hydrogen  could  be 
absorb«l  into  6  trun  cast  sections  of  Ti-2S-10-3-l.  Control  experimnts  with  tine  powder  have 
shown  that  up  to  0.9  wt%  of  hydrogen  could  be  absorbed  in  Ti-25- 10-3-1.  Hydrogen  was 
removed  by  vacuum  annealing  at  6SG°C  for  48  hrs  to  a  level  below  50  ppm.  As  a  result  of  the 
limited  solubility  of  hydrogen  in  02  alloys,  only  TCP  schemes  involving  either  high  temperature 
hydrogenation  or  multiple-step  high  temperature  hydrogenation  were  successful  in  rrxxlifying  the 
microstructure  of  Ti-2S- 10-3-1.  As  a  result,  TCP  using  a  two-step  cv  four-step  temperature 
hydrogenation  resulted  in  improvements  in  RT  tensile  ductility.  The  Ti-24-1 1  alloy  did  not 
respond  well  to  any  of  the  TCP  treatments  used  in  tiiis  study. 

INTRODUCTION 

Optimization  of  properties  by  microstructural  modification  of  near  net-shapes  (NNS),  such  as 
castings,  is  limit^  to  processes  which  do  not  invttive  material  working.  (3ne  unique  process 
which  is  currently  used  on  conventional  cast  titanium  alloys,  such  as  Ti-6A1-4V,  is  thermo¬ 
chemical  processing  (TCP),  i.  e.  temporary  alloying  with  hydrogen  [1-9].  TCP  has  been  used 
successfully  to  refine  the  microstructure,  improve  die  mechanical  pn^rties,  and  enhrmce  the 
workability  of  conventional  H  and  Ti3Al  bas^  alloys  [1-5,10-13]. 

TCP  involves  the  use  of  hydrogen  as  a  temporary  alloying  element  which  diffuses  into  the 
material  at  elevated  temperatures.  This  process  is  the  result  of  a  high  hydrogen  solutnlity  in  Ti 
and  its  alloys  [3  wt%  (60  at%)  @  595‘’C  in  a-Ti]  which  decreases  with  increasing  tenmerature 
[14,15]  followed  by  hydrogen  removal  at  intermediate  temperatures  to  levels  below  KXjppm  by 
vacuum  annealing  [15].  hydrogenation  stage  results  in  the  formation  of  new  pha^  and 
increased  lattice  strains  which  enhances  both  microstructural  modification  and  workability.  In 
addition,  hydrogen  stabilizes  the  8-phase  (BCQ  at  lower  temperatures,  so  that  a  larger  volume 
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fraction  of  p-phase  is  present  at  the  processing  temperature.  As  a  result.  TCP  leads  to  unique 
processing  cajMbilities  for  NNS  which  can  not  be  achieved  by  conventional  thermal  processing 
medKxls. 

The  objectives  of  the  present  work  were  to  investigate  the  possibilities  of  microstructural 
modification  and  property  improvement  of  cast  HIP  Ti-24A1-1  INb  (at%)  and  Ti-2SAl-10Nb- 
3V-1MO  (at%)  alloys  using  several  different  TCP  treatments. 

EXPERIMENTAL  PROCEDURES 

The  TCP  technique  used  in  this  study  involved  hydiogenadon  of  investment  cast  coupons  of  the 
Ti3Al  (02)  alloys  Ti-24A1-1  lNb‘  and  Ti-25Al-10Nb-3V>lMol  followed  by  dehydrogenation  by 
vacuum  annealing  (VA).  The  starting  hydrogen  content  for  both  materials  was  below  lOppm. 
Prior  to  hydrogenation,  the  as-cast  material  was  hot  isostatically  pressed  (HIP)  at 
1  MS^C/nSMPtJGia  and  then  machined  by  EDM  followed  by  surface  grinding  into  6inm  x  6mm 
X  4Smm  rectangular  bars  representing  a  two-dinrensional  hydrogen  diffusion  case.  Prior  to 
hydrogenation,  the  specimens  were  cleaned  and  weighed  to  the  nearest  milligram  and  then 
wrapp^  in  stainless  steel  (SS)  and  CP-Ti  foil  to  getter  any  residual  oxygen  during  foe 
hydrogenation  process.  The  specimens  were  hydrogenated  by  Chicible  Research  Corporation 
[16]  either  isothermally  or  by  a  multi-step  temperature  method  using  various  soaking 
times/tenqierature  listed  in  Table  1. 

Tablet:  Hydrogenation  Cycles  (or  both  Hydrogenation  was  accomplished  in  foe 

constant  temperature  zone  of  a  304  SS  vacuum 
tube  furnace  pre-evacuated  to  Spm  Hg  at  room 
temperature  and  then  heated  up  to  the 
hydrogenation  temperature.  Hydrogen  gas 
(with  <  SOOppm  oxygen)  was  admitted  into  the 
chamber  arid  maintained  at  0.2atm  positive 
pressure  for  a  period  of  time  (Table  I).  At  foe 
end  of  foe  cycle  the  gas  valve  was  turned  off. 
The  furnace  was  either  shut  down  or  cooled  to 
foe  next  temperature  where  foe  hydrogenation 
cycle  was  repeated  [16].  At  the  completion  of 
foe  hydrogenation  cycle  foe  specimens  were 
weighed  to  foe  nearest  milligram  to  determine  foe 
weight  gain  after  hydrogenation.  Annealed  Ti- 
25-10-3-1  gas  atomized  powder  was  placed  in 
the  hydrogenation  chambre  with  the  ^lecimens. 
This  was  done  to  determine  the  hydrogen  saturation  limit  which  represents  foe  conditions  at  foe 
material  surface  since  the  powder  particle  has  a  high  surface  to  volume  ratio. 
Dehydrogenation  was  conducted  by  vacuum  aimealing  at  6S0*’C/48hr.  Control  samples, 
containing  approximately  lOppm  of  hy^gen,  were  heat  treued  in  a  vacuum  furnace  at  the  same 
time  and  teirqieratures  (Table  1)  used  for  hydrogenation  (2, 6,  and  9  only)  and  dehydrogenation. 

Specimens  were  examined  by  optical  microscopy  and  scanning  electron  microscopy  (SEM). 
Vicker's  microhardness  testing  was  conduct^  on  polish^  cross-sections  of  several 
hydrogenated  specimens.  Hydrogen  gas  analysis  was  p^otmed  on  the  specimens  following 
b^  hydrogenation  and  dehydrogenation  using  a  Leco  RH404  hydrogen  analyzer  with  an  argon 
carrier  (traceable  to  NBS  Standard  33S2b)  [17].  Uniaxial  tensile  testing  was  conducted  on 
selected  conditions  (control  and  TO^d  specimens).  Tensile  testing  was  conducted  at  room 
temperature  at  a  strain  rate  of  0.13  min'*  to  0.2%  strain  followed  by  a  crosshead  rate  of  1.3 
mnVmin  to  failure.  Mme  deuuls  of  this  work  are  available  in  reference  18. 

RESULTS 

HYDROGENATED  MATERIAL 

The  starting  microstructure  of  foe  casting  HIFd  at  1  ITS^C  are  shown  in  Figs,  la  and  b  for 
both  alloys.  The  macrostructure  of  hydrogenated  coupons  after  various  cycles  (Table  1)  are 
shown  in  Figs.  2a  and  b. 

1  All  conqMtiiiam  are  rqxsted  in  atomic  percent  (u%). 
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FIgural:  Microsiructura  of  the  CasUHIP  starting  FIgura  2:  All  hydrogenated  specimens; 
material;  (a)  ■n-24-t  t  and  (b)  ■n-25-t0-3-l .  (a)  ■n-24-t  t  and  (b)  71-25-10-3-1  (Table  1). 


Specimens  hydrogenated  at  conditions  4,  S,  6,  and  9  (Table  1)  were  unintentionally  thermally 
etch^  during  the  hydrogenation  cycle  for  both  alloys  (Fig.  2).  It  should  be  noted  that  the  control 
specimens  heat  treated  at  these  same  conditions  were  not  thermally  etched.  However,  control 
specimens  heat  treated  slightly  above  the  ^-transus  (p^  temperature  were  thermally  etched.  The 
surface  tO{ragraphies  of  sjtecimens  hydrogenated  at  cycle  6  are  shown  in  Fig.  3  for  both  alloys. 
Weight  gain  as  a  result  of  hydrogenation,  for  all  conditions,  ate  illustrated  graphically  in  Fig.  4. 
During  cycle  S  the  specimens  lost  surface  material  due  to  thermal  etching.  In  addition,  weight 
gain  of  Tt-24-1 1  specimens  hydrogenated  at  conditions  9  and  10  could  not  be  determined  since  a 
substantial  amount  of  hydrogenwas  absorbed  into  the  material  to  cause  a  phenomenon  known  as 
surface  decrepitation  to  occur  (Fig.  S).  Bulk  hydrogen  concentrations  were  limited  only  to 

Ti-25- 10-3-1  material  since  hydrogen 
charging  did  not  produce  any  significant 
microstructural  changes  in  the  Ti-24-11 
material.  Bulk  hydrogen  concentrations  and 
powder  hydrogen  contents  (represents  the 
hydrogen  concentration  at  the  cast  surface) 
are  plotted  in  Fig.  6.  Microhardness 
evaluation  as  a  function  of  depth  below  the 
surface  into  the  hydrogenat^  specimens 
was  performed  on  polished  cross-sections. 
It  did  not  reveal  any  significant  changes  as 
would  be  expected  from  an  alloy  with  high 
interstitial  content.  Averaged  microhardness 
values  for  several  hydrogenation  conditions 
are  plotted  in  Fig.  7. 


FIgura  3:  SEM 
surfaces  shown 


image  of 
in  Fig.  2 


thermaily  etched 
hydrogenated  at 


condition  6;  (a)  Ti-24-11  and  (b)  71-25-10-3-1. 


FIgura  4;  Weight  gain  as  a  resuit  of  FIgura  5:  SEM  of  Ti-24-li  coupon 

hydrogenation  lor  both  alioys.  See  Table  1  for  hydrogenated  at  condition  9  showing  surface 

hydrogenation  conditions.  decrepitation. 
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FIgura  6:  Bulk  and  surface  hydrogen  Figure  7:  Variation  in  the  average 

concentrations  lor  the  Ti-25-1 0-3-1  (or  different  microhardness  for  isothermal  hydrogenation 

hydrogenation  conditions  (Table  1).  conditions  (20hr). 

MictxKtructures  of  the  hydrogenated  conditions  are  shown  in  Figs.  8  and  9  for  the  Ti-24-1 1  and 
Tt-2S-10-3-l,  respectively.  Fine,  unconnected  short  cracks  were  observed  in  the  microstructiiie 
of  the  Ti-24-1 1  material  hydrogenated  at  conditions  2,  8,  9,  and  10  (Fig.  8c).  Ti-24-11 

specimens  hydrogenated  at  condition  6,  and  Ti-2S-10-3-i  specimens  hydrogenated  at  conditions 
4,  S,  6,  and  9  (Figs.  9b,  c,  d,  and  e,  respectively)  exhibited  a  di^erent  microstnictures  near  the 
surface  and  at  the  center.  Photomicrographs  shown  in  Figs.  8  and  9  are  taken  from  the  center 
section  of  the  hydrogenated  specimens,  except  for  Fig  9c. 

DEHYDROGENATED  MATERIAL 

Microstnictures  of  dehydrogenated  Ti-25- 10-3-1  after  VA  at  650®C748hr  and  of  control 
specimens  heat  treated  at  the  same  conditions  but,  with  no  hydrogen,  are  shown  in  Fig.  10.  The 
hydrogen  content  after  VA  for  these  three  specimens  was  below  50  ppm.  It  should  be  noted  that 
the  microstnictures  of  the  control  samples  heat  treated  at  the  hydrogenation  conditions  were 
unchanged  after  VA.  Therefore,  the  microstnictures  are  only  shown  once  (Figs.  10b,  d,  and  0- 

MECHANICAL  PROPERTIES 

Results  of  mechanical  testing  conducted  on  three  Ti-2S- 10-3-1  coupons  are  indicated  in  Table  2. 
These  conditions  contained  both  the  largest  concentration  of  hydrogen  after  hydrogenation  and 
the  highest  degree  of  microstructural  change  as  compared  to  the  cast-i-HIP  miciostiuctures  (Fig. 
la).  Results  are  also  compared  to  typical  cast  +  HIP  material  with  no  subsequent  heat  treatment 
[18].  Since  the  Ti-24-11  material  did  not  result  in  significant  microstructural  refinement  as 
illustrated  by  comparing  Figs,  la  and  8;  mechanical  testing  was  not  performed  on  this  material. 


Table  2:  Room  Temperature  Tensile  Properties  of  TCFd  and  Control  T1-25-10-3-1  Specimens. 


TCP  or  HT 
Conditions 


As-HIP 


2  +  VA6S0°C/48hr 
6  +  VA660<C/48hr 
9  +  VA660%/48hr 


0.7  787 

0.4  627 

1.7  630 


DISCUSSION 

HYDROGENATION 

Hydrogenation  below  6S0°C  produced  an  oxide  layer  on  the  surfaces  (Fig.  2).  At  higher 
hydrogenation  temperatures  the  oxide  becomes  unstable,  or  the  hydrogen  dissolves  the  oxide 
layer,  permitting  hy^gen  to  be  adsorbed  onto  the  metal  surface  prior  to  absorption.  As  a  result, 
hydrogenation  temperatures  below  6S()°C  should  be  avoided.  Specimens  hydrogenated  above 
87()°C  exhibited  varying  degrees  of  thermal  etching  on  the  surfaces  (Figs.  2  and  3).  At  980°C, 
both  alloys  exhibited  extenuve  thermal  etching  in  well  defined  geometric  patterns  (Fig.  3).  The 
Ti-24-1 1  coupons  exhibited  a  lesser  degree  of  thermal  etching  (Fig.  3a)  in  comparison  to  the  Ti- 
23-10-3-1  (Fig.  3b).  The  Ti-24-11  alloy  displayed  a  hexagonal-shap^  patterns  (A  in  Fig.  3a) 
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along  with  cubic-shaped  patterns  indicating  that  the  hydrogenation  was  conducted  high  in  the 
a2+P  phase  field  However,  the  Ti-2S- 10-3- 1  material  exhibited  only  a  cubic  shaped  pattern  (B 
in  Fig.  3b)  indicating  that  hydrogenation  could  of  occurred  in  the  p-phase  field.  It  was 
concluded  that  980°C  hydrogenation  of  Ti-25- 10-3-1  lowered  the  Pt  by  approximately  100°C. 
However,  such  observations  should  be  qualified  by  the  fact  that  the  si^ace  chemistry  may  be 
different  than  that  of  the  bulk  as  a  result  of  a  higher  hydrogen  concentration  at  the  stance  and 
possible  surface  loss  of  aluminum. 

Hydrogenation  using  multiple-step  temperatures  (cycles  6,  9,  10)  resulted  in  high  levels  of 
hydrogen  fm  both  alloys  (Figs.  4  and  6).  This  method  takes  advantage  of  both  high  hydrogen 
diffusivity  at  high  temperatures  combined  with  high  hydrogen  solubility  at  low  tempoatuies. 
Hydrogenation  at  540°C/20hr  exhibited  the  lowest  concentration  of  hydrogen  (Figs.  4  and  6)  as  a 
result  of  the  development  of  a  stable  oxide  layer  during  hydrogenation. 

Ti-24- 1 1  specimens  hydrogenated  at  conditions  9  and  10,  exhibited  decrepitation  at  the  comers 
of  the  pins,  (Figs.  2  and  3).  This  is  expected  in  compounds  where  the  lattice  expansion  due  to 
hydride  formation  is  so  large  that  it  cannot  be  accommodated  by  the  associated  deformation  of  the 
material  which  results  in  cracking  and  flaking.  As  a  consequence,  the  effective  diffusion  lengths 
are  shortened  and  new  clean  surfaces  for  hydrogen  adsorption  are  created  spontaneously. 
Therefore,  hydrogen  concentrations  are  increased  quickly  to  the  saturation  limit  when 
decrepitation  occurs. 

No  change  of  microhaidness  as  a  function  of  depth  was  observed  in  both  alloys.  A  change  in  the 
average  hardness  occurred  for  different  hydrogen  cycles  fw  both  Ti-24-11  and  Ti-2S-10-3-l 
(Fig.  7).  The  Ti-2S- 10-3-1  coupons  exhibited  a  higher  hardness  value  fm-  all  six  hydrogenation 
cycles  than  the  Ti-24- 1 1  coupons;  a  reflection  of  the  higher  stren^  of  this  alloy  [18].  It  should 
be  noted  that  the  effect  of  process  temperature  on  the  average  microhardness  was  the  saitM  for 
both  alloys  (Fig.  7).  This  trend  matches  the  trend  of  hydrogen  content  for  isothermal 
hydrogenation  conditions  1-S  shown  in  Fig.  6,  except  for  the  980°(y20hr  hydrogenation  cycle, 
therefore,  the  average  microhardness  values  show  a  trend  with  hydrogen  content  which  could  be 
related  to  the  amount  of  hydrides  in  the  hydrogenated  material. 

HYDROGENATED  MICROSTRUCTURES 

Hydrogenation  of  Ti-24- 1 1  did  not  result  in  agnificant  microstnictural  changes  conqia^  to  the 
starting  material  (Figs,  la  and  8).  Hydrogenation  at  all  conditions  resulted  in  coarsening  of  the 
primary  02  lathes,  increasing  the  grain  boundary  02  width,  and  increasing  the  amount  of  retained 
discontinuous  p-phase.  As  the  hydrogenation  tempoature  increases  the  amount  of  retained  p- 
phase  increases  as  shown  in  Figs.  8b  and  c.  These  changes  are  most  likely  the  result  of  thermal 
exposure  rather  than  introducing  hydrogen  into  the  material.  However,  hydrogenation  results  in 
increasing  the  amounts  of  retained  p-phase  over  the  equilibrium  concentration  of  transformed  p. 
Fine  discontinuous  cracks  observed  in  several  hydrogenation  conditions  are  onljr  present  in  the 
primary  a2-phase  and  appears  to  terminate  or  bypass  the  p-phase  (Fig  8c).  This  is  consistent 
with  the  fact  that  hydrides  will  frnm  in  the  a2-phase  but  not  in  the  p-phase.  It  should  be  noted 
that,  hydrogenation  did  not  significantly  modify  the  microsiructure  of  the  castings  in  comparison 
to  wo^  done  on  Ti-24-11  powders  where  significant  refinement  and  morphological  changes 
occurred  as  a  result  of  using  a  multiple-step  hydrogenation  method  during  TCP  [10^1 1]. 


In  the  case  of  11-23-10-3-1,  microstructural  modification  and  refinement  were  obtained  after 
hydrogenat.on  (Fig  9).  However,  microstructural  changes  are  probably  due  to  both  temperature 
exposure  and  hy^genation.  Comparison  to  control  samples  (Fig.  10b)  reveals  that  the 
microstructures  of  isothermal  hydrogenated  samples  charged  between  6SO-870°C  are  similar. 
This  indicates  that  microstructural  modification  is  due  to  heat  treatment  in  the  a2-i-p  phase  field 
rather  than  hydrogenation.  The  multiple-step  temperature  methods  did  reveal  microstructural 
changes  and  some  refinement  as  a  result  of  hydrogenation.  The  hydrogenated  microstructures 
contain  two  major  microstructural  elements.  The  first  is  a  large  priinaty  02  lamellae  probably  the 
result  of  coarsening  of  the  miginal  cast-i-HIP  ai  plates.  The  primary  02  lamellae  ate  unevenly 
distributed  throughout  the  material  and  arranged  in  a  cell  structure.  The  cell  walls  may  contain 
up  to  40  vol%  of  the  phase  and  the  cell  interim  close  to  0  vol%  of  the  large  primary  a2  plates. 
Ihe  second  microstructural  unit  is  an  ultra-fine  high-aspect  rado  02  lathes  present  in  the  matrix 
and  in  the  cell  interiors.  These  lathes  can  typically  be  resolved  at  very  high  magnificadon  or  by 
TEM.  It  should  be  noted  that  these  fine  lathes  ate  not  present  in  the  baseline  specimens  heat 
treated  using  multiple-step  temperatures.  Therefore,  hydtogenadon  using  a  muldple-step 
temperature  method  (Figs.  9d,  e,  and  0  resulted  in  refinement  of  the  a2-phase.  Present  in  all 
microstructures  are  large  primary  02  lathes  which  have  been  broken.  Comparison  to  control 
sample  reveals  that  this  is  due  to  thermal  exposure  in  the  dSO-STO^C  range  rather  than 
hydrogenadon.  However,  this  type  of  feature  is  not  present  in  control  samples  heat  treated  by  a 
muldple-step  temperature  meth<^  indicating  that  hyc^genadon  resulted  in  breaking  up  the  large 
U2  lathes.  Furthermore,  it  appears  that  the  growth  of  the  02  lathes  as  a  result  of  thermal 
exposure  were  restricted  due  to  the  presence  of  hydrogen  or  hydrides  in  the  material  when 
compared  to  control  samples.  The  uniform  microstructure  of  condidon  S  (Fig.  9c)  is  a  result  of 
hydrogenadon  high  in  the  phase  field.  The  formadon  of  large  02  lathes  are  the  result  of 
thermal  exposure,  while  the  fine  needle  like  morphology  is  the  result  of  hydrogenadon  (Fig  9c). 

OEHVOROGENATED  (TCP)  MICROSTRUCTl/RES 
AND  MECHANICAL  PROPERTIES 

Vacuum  annealing  of  the  Ti-24- 1 1  material  did  not  result  in  any  microstructural  changes  from  the 
as-hydrogenated  microstructure.  However,  vacuum  annealing  of  the  Ti-2S- 10-^  <  material 
resulted  in  further  development  of  the  second  microstructural  unit,  the  ultra  fine  02  plates,  shown 
in  Figs.  10a,  c,  and  e  as  a  result  of  aging.  These  ultra  fine  02  plates  are  uniformly  distributed 
between  the  coarse  primary  02  lamellae.  Thermo-chemical  processing  using  multiple-step 
temperature  hydrogenation  methods  -1-  VA  at  6S0'’C/48hr,  condidon  6  (Fig  lOe),  condidon  9 
(Fig.  10c)  and  condidon  10  resulted  in  the  highest  degree  of  microstructural  refinement  of  02 
between  ^e  coarse  primaiy  02  lamellae  (compare  to  Figs.  lOd  and  f,  respeedvely).  TCP  using  a 
6S0°C720hr  hydrogenadon  cycle  (No.  2)  did  not  result  in  any  improvement  in  the  mechanical 
properdes  as  compared  to  control  specimens  heat-treated  at  the  same  condidons  (Table  2). 
However,  TO*  using  a  muldple-step  temperature  hydrogenadon  cycle  resulted  in  improvement  in 
ductility  over  control  specimens  (Table  2),  TCP  using  a  980®CV10hr  +  650®C/10hr 
hydrogenadon  cycle  (No.  9)  resulted  in  over  a  two  fold  increase  in  room  temperature  tensile 
ductility.  Tensile  results  after  TCP  cycle  6  and  9  (Table  2)  are  superior  than  any  thermal 
processing  results  obtained  in  a  previous  study  [18]  in  terms  of  room  temperature  duedUty. 

SUMMARY  AND  CONCLUSIONS 

Cast+HlP  Ti-24- 1 1  and  Ti-25- 10-3-1  coupons  were  thermo-chemically  processed  (TCP)  using 
hydrogen  at  various  dme/temperature  condidons.  Two  types  of  hydrogenadon  methods  were 
used;  isothermal  hydrogen  charging  and  muldple-step  temperature  hydrogen  charging. 

1.  Low  temperature  (S40°C)  hydrogenadon  should  be  avoided  since  a  stable  oxide  layer  is 
formed.  In  addidon,  high  temperature  hydrogenation  should  be  avoided  for  the  Ti-24- 11 
material  since  surface  cracking  and  flaking  occurs, 

2.  Up  to  0.35wt%  of  hydrogen  was  absorbed  into  both  Cast-i^HIP  dtanium  aluminide  alloys. 

3.  The  beta  transus  temperature  for  hydrogenated  Ti-25- 10-3-1  was  reduced  to  below  980“C. 

4.  TCP  treatments  used  in  this  invesdgation  were  unsuccessful  in  modifying  or  refining  the 
microstructure  of  me  Ti-24- 1 1  casdngs. 
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5.  Miciostnictural  changes  and  refinement  ofthe  primary  a2-phase  was  obtained  fw Top'd  li- 
2S-10-3-1  castings.  TCP  using  high-temperatuic^ultiple-stq}  hydrogenation  treatments  resulted 
in  die  highest  degree  of  microstiuctural  ch^ges  and  refinement. 

6.  Improvement  in  ductility  was  achieved  by  TCP  using  a  multiple-step  temperature 
hydrogenation  treatment  A  two  fold  increase  in  ductility  was  achieved  using  a  980°Cyi0hr  -f 
6S0°C710hr  hydrogenation  treatment  -t-  VA  at  650°C/48hr.  The  TCP  tensile  results  are  superior 
to  all  thermally  treated  cast  coupons  tested  in  a  previous  study. 
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ABSTRACT 

When  designing  the  two  LP  and  HP  compressor  of  a  jet  engine,  there  is  a  need  for  an  alloy  with 
optimized  properties  in  the  medium  temprature  ranp.  Good  candidates  are  the  3  metastable 
alloys.  3-CEZ,  a  new  alloy  developed  by  CEZUS  and  SNECMA,  belongs  to  this  category  as  well  as 
Til  7  to  which  it  is  compared. 

A  basic  approach  of  process  metallurgy  shows  the  deformation  mechanisms  during  forging  and  the 
kinetics  of  a  precipitation.  Heat  treatment  optimization  leads  to  select  a  possible  range  for 
solutioning  temperature,  by  which  adjustments  of  room  temperature  strength  and  creep  resistance 
are  possible.  Feasibility  of  large  ingots  and  forgings  is  demonstrated. 

One  3-CEZ  pancake  and  one  Til  7  pancake  were  forged  using  the  same  process  and  extensively 
characterized,  including  low  cycle  fatigue  and  crack  propagation.  The  comparaison  reveals  an 
overall  advantage  of  p-CEZ  over  Ti17. 


Titonivm  '92 
Sd^nem  ond  T^^hnohgy 
Ediltd  by  F.H.  Frott  and  I.  Kaplan 
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When  designing  the  LP  and  HP  compressor  of  a  jet  engine,  there  is  a  need  for  an  alloy  with 
optimized  properties  in  the  medium  temperature  range  (300-450°C).  At  this  temperature,  creep 
resistance  of  Ti6AI4V  is  insufficient  and  the  tensile  properties  of  a-alloys  are  too  low.  Moreover  in 
the  search  for  reducing  engine  weight.  Ti6AI4V,  despite  its  low  density,  could  also  be  replaced  by 
an  alloy  with  better  strength  at  room  temperature.  Good  candidates  for  this  use  are  the  ^ 
metastable  alloys,  p-forged  Til  7.  used  in  the  SNECMA  M88  engine  for  instance,  already  offers  a 
good  compromise  between  room  temperature  properties  and  creep  resistance  at  400°C.  B-CEZ  is 
a  P  metastable  alloy  developed  by  CEZUS  and  SNECMA.  which  has  been  designed  for  better 
characteristics  than  til  7. 

The  first  characterization  [1]  conducted  on  sntall  parts  demonstrated  an  excellent  property  level.  A 
new  characterization  was  then  undertaken  to  determine  the  alloy's  properties  for  large  parts.  It 
started  with  a  basic  approach  to  process  metallurgy  definKion.  The  heat  treatment  conditions  were 
reoptimized  within  the  thermomechanical  processing  window  covered  by  the  process  for  a  disc.  A 
quenchability  study  proved  the  predictability  of  static  properties  versus  quenching  rate.  Lastly  a 
forge  shop  processed  pancake  was  extensively  characterized,  including  LCF  and  crack 
propagation  testing,  and  compared  with  a  similarly  processed  Ti17  pancake. 


2  BASIC  METALLURGY  OF  B-CEZ 

The  nominal  composition  of  ^CEZ  is  given  on  Table  l .  ^transus  lies  between  880  and 
900°C. 


****************************************** 

*  elements  »  A1  »  Mo  *  Cr  *  Fe  *  Sn  *  Zr  * 

«***«**«'*'*«■««**•«*****««*«***«•****«'*«***« 

*  %  *  5.  ♦  4.  •  2.  *  1.  *  2.  *  4.  * 

*********************************************** 

Table  1 :  Nominal  Composition  of  p-CEZ 

In  order  to  focus  the  basic  metallurgical  studies,  a  generic  process  had  to  be  determined.  As  ^ 
CEZ  is  derived  from  Til  7,  a  similar  process  coukf  be  applied  (Table  2).  Furthermore,  an  cx/p 
blocking  was  a  shaping  operation  without  strong  cons^uences  on  mechanical  properties. 
Consequently,  attention  was  focused  on  the  p-finishing  and  the  heat  treatment  operations  and  thus 
a  processing  window  covering  the  hot  die  forging  of  large  discs  was  explored. 

•fr'***’***'**-*'***-****'*-*-*-**'*-***'*****'*'*’-*’**'*'*-***’'**'***'*'**'***-*-*’*'* 

*  blocking  *  a/P  forging  ’ 

*W’««'***1»'*-*****'*«'**’*'*******'**'er****4r'***«''*’-***«***’-***'**’*«-*** 

*  finishing  *  P-hot  die  forging  +  controled  cooling  ’ 

■ir****-»***********ir***************trir********lr******ir*lrir** 

*  solutioning  *  controlled  quench  rate  * 

********♦♦♦♦*•*•!»•*★*•**♦**♦•***♦***■******★*★*******★★★**♦♦★♦ 

*  aging  *  * 

■fir***-*iririr***1r*ir*1tlr*********************irw*1r**lr-tlr*irlr*1r1r** 

Table  2 .  Generic  Process  of  p-CEZ  to  be  Optimized 

The  work  performed  was  a  collaboration  of  French  universities  and  industrial  companies  in  order  to 
fully  understand  the  microstructure  evolution  occurmg  during  the  forge  and  heat  treatment  process. 
The  main  results,  following  the  process,  are  the  subject  of  this  paper. 

The  o  solutioning  curve  shows  the  typical  behaviour  of  p-metastable  alloys  [2]:  the  a 
content  change  with  temperature  is  not  very  rapid  (Fig.  1).  a  precipitation  kinetics  was  also 
investigated  The  TTT  diagram  for  p-CEZ  shows  a  metasfable  domain  for  B  equivalent  to  that  of 
Ti17  (Fig.  2).  The  p-grain  size  before  final  forging  is  easy  to  control  due  to  the  low  P-transus  and 
no  occurence  of  abnormal  growth  has  been  detected  (4]. 

Flow  stress  was  measured  (5],  it  is  characterized  by  an  almost  constant  stress  during 
deformation.  The  influence  of  temperature  and  strain  rate  on  the  level  stress  is  shown  in  Fig.  3. 
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Detormation  mechanisms  were  also  investigated:  it  was  found  that  the  new  grains  are  formed  by 
progressive  misorientation  of  the  subgrains  produced  by  dynamic  recovery  [6].  It  was  also  shown 
by  SNECMA  that  the  p-phase  remains  metastable  during  daormation  even  for  temperature  as  low 
as  800°C.  It  was  observed  that  only  a  small  amount  of  a  precipitated  at  the  grain  boundaries 
during  deformation.  This  obsenration  enhances  forgeability. 

Another  interesting  feature  of  the  precipitation  phenonrena  in  p-CEZ  is  the  sluggish 
occurence  of  m  phase.  It  has  been  detected  only  for  soiutioning  temperatures  higher  than  8w°C, 
which  will  be  later  detennined  to  be  the  upper  limit  for  optimum  soiutioning  temperature  and  only 
after  very  rapid  quenching,  not  expected  during  a  normal  forging  TMP.[7]. 

The  basic  metallurgy  of  p-CEZ  is  now  well  known  and  reveals  a  rather  confortable 
behaviour. 


3.  HEAT  TREATMENT  OPTIMIZATION 


Experimental  observation 

The  evaluation  of  thermal  treatments  was  perfonned  on  small  scale  pancakes  and  based  on  tensile 
strength  and  fracture  toughness  at  20°C,  and  creep  at  400°C. 

The  material  came  from  a  530mm  diameter  ingot,  the  composition  of  which  is  given  on  Table  3. 

**'*««**'*««'W*«*W*'*«*W****«’****%**«*******««**«‘*«******* 

*  elements  *  A1  *  Mo  *  Cr  *  Fe  *  Sn  *  Zr  * 

****************************************************** 

*  top  •  4.98  *  4.05  ♦  2.17  •  1.04  *  2.02  *  4.19  * 

****************************************************** 

*  bottom  ♦  4.82  *  3.94  ♦  2.10  ♦  0.98  *  1.99  *  4.00  ’ 

****************************************************** 

Table  3 :  Composition  of  the  Material  Used  {Ingot  n°200437) 

Pancakes  were  hot-die  forged  on  a  150t  hydraulic  press.  The  test  specimen  coupons  were  finish- 
machined  after  heat-treatment. 

Local  deformation  conditions  were  known  through  FORGE2  process  modeling  and  measurements 
(flow-lines,  post-forging  cooling  rates).  They  appeared  to  be  homogeneous  in  the  pancake. 

Test  matrix 

Only  one  deformation  condition  was  tested : 

-  heating  temp.  920°C/die  temp.  860°C 

-  deformation  e  =  10%’  /  e  =  0.7 

-  post  forge  quench  80°C/min. 

Heat  treatment  conations  were  evaluated  aaording  to  the  following  test  matrix : 

-Soiutioning:  830°C/4h  -  800°C/4h 

-  Quench:  120°C/min 

-Age:  570'’C-600°Cand630°C/8h 

The  soiutioning  temperature  was  chooser  in  order  to  ensure  high  strength  or  high  creep  resistance 
respectively,  me  relatively  low  quenching  rate  is  representative  of  the  center  section  of  a  water 
quenched  120mm  thick  pancake. 

Results 

At  low  magnification,  grains  and  subgrains  appear  surrounded  by  a  needles  somewhat  thicker 
than  intragranular  precipitates.  Obsenred  at  high  magnification,  the  intragranular  a  consists  of 
entangled  needles  (Fig.  4).  The  higher  the  soiutioning  temperature,  the  thicker  and  sparser  the 
needles.  Not  shown  here  is  the  secondary  a  precipitated  between  primary  needles  and  revealed 
only  at  higher  magnification.  These  microstructures  are  representative  of  soiutioning  with  rapid 
quenching. 

A  hi^er  soiutioning  temperature  results  in  a  hi^  yield  strength  (Fig.  5).  This  effect  is  enhanced 
when  the  quenching  rate  is  rapid.  For  both  soiutioning  temperatures,  the  influence  of  aging  on 
tensile  stress  is  classical:  higher  aging  temperature,  the  lower  the  strength.  Ductility  remains 
constant,  although  toughness  increases  with  aging  temperature.  Contrary  to  most  results  on  other 
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alloys,  the  toughness/yield  stress  relatior)shjp  appears  to  be  depender)t  of  solutjor)ing  temperature 
(Fig.  6). 

Two  possible  solutioning  treatments  are  considered :  830°C/4h  to  promote  a  high  tensile 
strength  or  800°C/4h  to  emphasize  creep  properties. 

A  remarkable  behaviour  for  p-CEZ  is  the  stability  of  creep  resistance  with  aging  temperature.  On 
the  other  hand,  the  creep  resistance  is  increased  when  the  solutioning  temperature  is  lowered  from 
830°C  to  800°C  (Fig.  7).  This  behaviour  is  opposite  to  that  of  most  ct/p  and  a  alloys,  for  which  ^e 
creep  resistance  increases  when  the  solutioning  temperature  is  raised  This  is  consistent  with  the 
fact  that  creep  strength  is  mainly  provided  by  large  a  needles.  The  same  effect  of  increasing  the 
large  a  needles  content  is  reached  while  lowering  the  solution  temperature  for  p  processed  alloys, 
while  raising  this  temperature  solutionises  globular  a  for  a/fi  processed  alloys.  It  also  appears  that 
the  creep  results  are  much  more  scattered  when  the  aging  temperature  is  low. 

Thus,  a  600°C/8h  age  is  optimum  for  creep  properties. 


4  PROCESSING  AND  CHARACTERIZATtON  OF  LARGE  BANCAKES 

Two  objectives  were  assigned  to  this  study:  demonstrate  the  feasability  of  large  p-CEZ  ingots  and 
the  forgeability  and  treatability  of  large  pancakes. 

The  first  goal  was  achieved  by  delivery  of  a  250  mm  dia.  billet  transformed  from  a  660 
mm  dia.  ingot.  The  billets  proved  to  be  chemically  homegeneous  (Table  4)  and  without 
microsegregation.  The  microstructure  was  an  homogeneous  equiaxed  aJfi  type.  No  beta-fleck  was 
detected  after  a  beta-transus  -30°C  solutioning. 

******«*****«'««'«■*«*»'******«*««.«***•**'***'**■»*****■****'******* 

■*  elements  *  A1  *  Mo  ♦  Cr  ’  Fe  *  Sn  *  Zr  * 

*  top  *  4.72  *  3.98  *  2.11  *  0.92  *  1.95  *  3.86  * 

***♦•****'***'****»*****♦*******»»****■****»**********★**♦***** 

*  middle  top  ’  4.71  •  3.97  *  2.12  *  0.91  ’  1.93  *  3.86  * 

*  middle  bottom  *  4.73  *  3.98  ♦  2.11  *  0.93  *  1.95  *  3.84  * 

♦*****★*★♦»**♦**♦**♦**♦***********♦*****»*»************♦*** 

*  bottom  ♦  4.84  *  4.08  *  2.20  *  0.97  *  1.96  ’  3.91  * 

Table  4 :  Chemical  Homogeneity  of  the  Ingot  n°200554 

Seven  mults  were  forged  into  pancakes  (dia.  430mm.  h.  =  120mm)  on  a  hot  die  press. 
The  applied  process  consisted  of  an  oi/p  preforming  and  a  p-finishing  (50%  height  reduction) 
followed  by  a  water  quench.  Then  the  center  of  the  disc  was  removed  for  a  better  quench  efficiency 
at  the  bore.  The  choosen  heat  treatment  was  solution  830°C/4h/WQ  +  age  600°C/8h.  Two  of  these 
pancakes  were  utilized  to  investigate  the  quenchability  of  p-CEZ. 

The  first  one  was  thermocoupled  before  the  solutioning  and  water  quench  and  a  quench 
modeling  was  performed  at  the  same  time.  The  correlation  between  the  measured  and  calculated 
cooling  rale  curves  was  good.  The  second  pancake  was  cut-up  to  measure  the  evolution  of 
mechanical  characteristics  with  increasing  depth.  Two  characteristics  were  focused  on:  tensile 
properties  at  room  temperature  and  creep  resistance  at  400°C.  The  cut-up  plan  ^d  the  cooling 
rate  iso<ontours  are  shown  at  the  same  scale  at  Fig.  8. 

Rwufts 

Fig.  9  shows  the  evolution  of  YS  and  A%  with  cooling  rate  superimposed  with  the  limits  determined 
using  the  different  sources  of  subscale  experiments.  The  agreement  between  the  results  obtained 
on  large  and  small  pancakes  is  good  and  allows  derivation  of  the  quenchability  curve  after  a 
830°C-solufioning.  The  ductility  is  generally  accept^le.  except  at  the  surface  (cooling-rale  over 
1300°C/min):  this  was  demonstrated  to  be  generated  by  an  intermediate  o)  precipitation  resulting, 
after  the  6(X)°C  treatment,  in  a  very  fine  secondary  a^ha  population  which  embrittles  the  alloy  [5]. 

On  the  other  hand,  the  creep  results  obtained  on  the  large  pancakes  are  at  the  upper  limit  of  the 
life  reached  on  small  specimen  (Fig.  10).  This  favor^le  creep  behaviour  remains  to  explained. 
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Thus,  the  feasability  of  large  discs  taken  from  large  billets  is  now  demonstrated.  Their  properties 
are  expected  to  be  predictable  from  small  size  experiments.  In  particular,  the  effect  of  cooling  rate 
has  been  quantified,  allowing  for  a  good  prediction  of  massive  part  properties. 


5.  CHARACTERIZATION  OF  A  MEDIUM  SIZE  RfcWCAKE  -  COMBIVRAISON  WITH  TtlT 

A  medium  size  pancake  (dia.  270mm  /  h.60mm)  was  hot  die  forged,  heat  treated  and  cut  up  in 
order  to  evaluate  the  complete  set  of  in-service  characteristics.  For  comparaison  purposes,  a  Til  7 
pancake  of  same  size  was  also  forged  using  the  same  process  on  the  same  equipment.  The  pr 
CEZ  pancake  has  been  applied  a  800°C/4h/WQ  solutioning  treatment  and  a  600°C/8h  aging.  The 
heat  treatment  for  the  Ti17  pancake  is  a  600°C/4h/WQ  solutioning  and  a  635°C/8h  aging.  Thus, 
except  for  the  aging  temperature,  the  characteristics  of  both  pancakes  can  be  compared  on  a 
constant  process  basis. 

For  any  testing  conditions  no  effect  of  the  test  specimen  localization  has  been  detected, 
so  that  the  material  can  be  considered  as  homogeneous 

The  comparison  between  both  alloys  is  given  for  the  different  characteristics  on  the  foltowing 
figures : 

Fig.  11  :  Shows  a  50  to  80  MPa  advantage  for  p-CEZ  for  UTS  and  YS  between  RT  and  450°C. 
The  elongation  to  mpture  though  sli^tly  tower  is  still  at  an  acceptable  level  (>  7%). 

Fig.  12  :  Creep  stress  to  reach  0.2  %  plastic  elongation  is  plotted  on  a  Larson-Miller  digram  for 
p-CEZ  and  Ti17.  This  shows  an  advantage  of  lOOMPa  for  p-CEZ  to  reach  0.2%  elongation  in  100 
hours  at  400°C. 

Fig.  13  .  Shows  LCF  life  at  300  and  400°C.  With  an  equivalent  Vbung's  modulus,  at  5  10^  cycles, 
an  advantage  in  pseudo-stress  is  demonstrated  over  Til  7:  at300°C  ■f200MPa 

at  400®C  +50MPa. 

Fig.  14  .  The  crack  growth  behaviour  of  both  alloys  is  equivalent.  The  crack  growth  rate  doesn't 
vary  for  test  temperature  comprised  between  20°C  and  450°C.  including  90  s  hold  time 
exper,ments. 


6.  CONCLUSION 

1.  Based  on  pancake  for^gs,  in  the  medium  temperature  range  up  to  450°C.  p-CEZ  provides 
better  characteristics  than  Til  7. 

2.  Although  p-CEZ  is  a  new  alloy,  its  metallurgical  b^viour  during  thermomechanical  processing 
has  been  widely  investigated. 

3.  At  several  laboratory  and  industrial  scales,  quench  modeling  has  proved  capable  of  predicting 
the  tensile  and  creep  properties  of  a  thick  pancake. 

4.  The  risk  for  the  introduction  of  p-CEZ  in  an  industrial  process  is  then  reduced. 
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Abstract 

The  mechanical  behavior  during  hot  working  of  the  new  6 
metastable  titanium  alloy  Betacez  was  studied  by  tension, 
compression  and  torsion  tests.  The  flow  rule  and  dependence  on 
strain,  strain  rate  and  temperature  of  the  associated 
rheological  parameters  were  determined.  The  microstructural 
evolutions  were  investigated  at  the  grain  scale  by  optical  and 
scanning  electron  microscopy.  It  is  shown  that  a  continuous 
recrystallization  process  takes  place  in  the  B  phase  leading 
to  a  constant  flow  stress  and  producing  a  grain  refinement.  In 
the  two  phase  field,  the  evolution  of  the  morphological  texture 
provides  a  reasonable  explanation  to  the  strain  softening 
observed  in  compression. 


Introduction 

A  new  titanium  alloy,  hereafter  designated  Betacez,  with  high 
tensile  strength  and  excellent  creep  resistance  up  to  450  *C, 
has  been  recently  developed  by  the  CEZUS  Company  for  jet  engine 
compressor  disk  applications  [1].  The  chemical  composition, 
viz.  5%  Al,  4%  Zr,  4%  Mo,  2%  Sn,  2%  Cr  and  1%  Fe  can  be 
rationalized  by  aluminium  and  molybdenum  equivalent  contents 
of  about  6%  and  10%,  respectively,  which  locates  this  alloy 
close  to  the  Til7  standard  [2].  Betacez  thus  belongs  to  the  B 
metastable  type  of  titanium  alloys  for  which  the  B  phase  can  be 
kept  at  room  temperature  by  rapid  cooling.  The  B  transus  is 
about  890  ‘c. 

This  paper  aims  to  describe  the  hot  deformation  behavior  of 
this  alloy  and  the  associated  microstructural  evolutions  at  a 
grain  scale  in  both  the  6  single  phase  and  a+B  two  phase 
temperature  ranges.  Uniaxial  tension  (strains  lower  than  0.3) 
and  compression  as  well  as  torsion  (strains  larger  than  1) 
experiments  were  carried  out  between  800  and  950  C  at  strain 
rates  from  10*^  to  1  s'^.  Experimental  details  are  given  in 
references  3-5. 
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The  mechanical  response  of  the  Betacez  alloy  submitted  to  hot 
compression  tests  is  illustrated  in  Figs  la  and  b.  It  is 
apparent  that  all  stress-strain  curves  exhibit  a  sharp  initial 
peak,  for  a  total  strain  lower  than  0.05,  in  both  the  single 
and  two  phase  domains.  This  also  holds  for  the  torsion  (Figs  2a 
and  2b)  and  tension  tests.  When  the  elastic  part  of  strain  is 
substracted,  the  peak  appears  to  be  an  initial  yield  point.  As 
in  the  case  of  mild  steels  at  lower  temperatures,  it  increases 
with  strain  rate  and  the  time  of  annealing  heat  treatment 
before  deformation  (1  h  in  the  present  case).  Although  electron 
microscopic  investigations  do  not  provide  any  microstructural 
evidence,  this  yield  point  can  be  reasonably  attributed  to  the 
anchoring  of  dislocations  by  solute  atoms.  For  instance,  the 
850  ppm  oxygen  content  of  the  alloy  is  likely  to  be  enough  to 
explain  such  a  phenomeno.n.  Since  it  has  been  shown  that  iron 
increases  the  diffusion  rate  in  titanium  alloys  [6],  this  would 
agree  with  the  fact  that  the  yield  point  is  more  pronounced  in 
Betacez  than  in  other  titanium  alloys  such  as  Ti6-4  and 
Ti6-2-4-2 . 

Strain  Softening  Behavior  in  Compression  and  Torsion  Tests 

In  the  a+fl  field  (Fig. la),  the  compression  flow  stress 
decreases  until  a  steady  state  takes  place.  Although  this 
softening  can  be  partly  attributed  to  deformation  heating  at 
large  strain  rates,  it  will  be  shown  below  that  it  can  be 
correlated  with  the  evolution  of  the  a  phase  aspect  ratio 
during  straining.  In  the  B  single  phase  domain  (Fig. lb), 
softening  is  much  lower  and  would  probably  vanish  without  any 
thermal  effect. 

Fig. 2a  shows  the  evolution  of  flow  stress  in  torsion  test  [7]. 
Here  adiabatic  heating  has  been  taken  into  account.  It  appears 
that  the  corrected  stress  remains  almost  constant  after  the 
initial  yield  point.  It  should  be  noted  that  Figs  la  and  2a  are 
relative  to  an  initially  eguiaxed  microstructure.  On  the  other 
hand.  Fig. 2b  shows  that  when  the  initial  microstructure  is 
lamellar,  a  strong  softening  occurs,  which  clearly  again  cannot 
be  attributed  to  deformation  heating  only.  Such  a  decrease  of 
flow  stress  associated  with  needle-like  or  lamellar 
microstructures  has  been  frequently  reported  in  titanium  alloys 
[8J. 

Temperature  and  Strain  Rate  Dependence 

The  classical  In  ff-ln  k  and  In  a-l/T  diagrams  show  that  the 
flow  rule  of  the  Betacez  alloy  can  be  expressed  to  a  first 
approximation  in  the  simple  form 

o  =  k  e”*  exp(mQ/RT) 


The  average  strain  rate  sensitivity  exponent  m  is  about  0.3, 
that  is  significantly  higher  than  for  Ti6-4  in  the  same  strain 
rate  range.  Since  a  large  amount  of  experimental  data  were 
available,  the  dependence  of  m  on  strain,  strain  rate  and 


temperature  ( i . e .  second  order  variations  of  a )  were 
determined.  It  was  shown  that  m  is  an  increasing  function  of 
temperature,  except  at  low  strain  rates  in  the  two  phase  range, 
which  can  be  attributed  to  the  occurrence  of  some  grain 
boundary  sliding  (superplastic  behavior),  and  at  large  strain 
rates  in  the  6  domain,  m  is  also  a  decreasing  function  of 
strain  rate,  which  is  in  agreement  with  the  above  result 
according  to  the  equivalence  between  strain  rate  and 
temperature.  Finally,  it  was  found  that  it  decreases  with 
strain.  Although  the  same  trend  has  been  observed  lor  Ti6-4 
[3],  it  has  not  received  any  physical  explanation  to  date. 

The  average  apparent  activation  energy  is  found  to  be  about 
200  kJ/mol  from  compression  tests  performed  in  a  high 
temperature  domain  including  the  stable  fi  phase  range  together 
with  the  higher  part  of  the  two  phase  range  (850  *C<e<  950  ’C), 
Fig. 3.  However,  when  experiments  carried  out  on  the  only 
(stable  or  metastable)  6  structure  are  used  (750  *C<e<  920  *C), 
a  somewhat  lower  value  of  about  160  kJ/mol  is  determined  [4]. 
In  the  lower  part  of  the  a+fi  domain,  Q  becomes  larger,  with  an 
average  value  of  about  360  kj/mol.  Thus  the  200  kJ/mol  value  is 
likely  to  be  influenced  by  the  deformation  of  the  a  phase  in 
the  two  phase  domain,  so  that  the  value  of  160  kJ/mol  for  the  6 
phase  can  be  considered  to  be  more  reliable.  It  should  be  noted 
that  it  is  very  close  to  the  activation  energy  for  self 
diffusion  in  6  titanium,  i.e.  153  kJ/mol  [7],  which  can  be 
related  to  the  mechanism  of  dynamic  recovery.  In  the  two  phase 
domain,  however,  the  physical  interpretation  of  Q  is  not 
straightforward,  since  the  volume  fraction  of  the  phases  varies 
with  temperature  [9]. 

Microstructural  Evolutions 

The  initial  and  deformed  microstructures  were  investigated  by 
optical  and  scanning  electron  microscopy  in  order  to  provide 
some  physical  or  micro-mechanical  Interpretations  to  the  above 
stress-strain  curves  at  the  scale  of  grains. 

Microstructures 

The  heating  schedule  and  time  of  annealing  heat  treatment 
before  deformation  must  be  carefully  controlled  to  get 
significant  stress-strain  curves  since  they  determine  the 
initial  microstructure  of  the  test.  In  the  B  range,  the  grain 
size  is  about  100  pm  after  5  min  holding  time  at  920  'c  and 
grows  up  to  400  pm  after  4  h  [4j.  In  order  to  be  close  to  the 
industrial  hot  working  conditions,  most  of  the  experiments  were 
carried  out  after  1  h  holding  time  at  the  test  temperature, 
leading  for  instance  to  an  average  grain  size  of  300  pm  at 
920  ‘c.  In  the  two  phase  domain,  the  evolution  is  less 
significant,  although  a  slight  size  decrease  and 
spheroidization  of  the  o  grains  were  observed  [lOJ.  After  1  h 
holding  time,  the  a  grain  size  was  typically  4  pm  with  an 
aspect  ratio  of  1.3. 

Deformation  of  the  fl  Phase 

Due  to  the  metastability  of  the  fl  structure,  it  was  possible  to 
clearly  characterize  the  strained  microstructures  after  water 
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quenching.  Figs  and  b  show  that  the  grain  boundaries  become 
corrugated  during  tensile  straining,  while  subgrains 
progressively  develop.  At  large  strains  (£>1)  obtained  in 
compression  (Fig. 4c)  or  in  torsion,  new  'recrystallized'  grains 
of  small  size  (  a  10  pm)  are  observed  near  the  initial  grain 
boundaries  and  then  fill  entirely  the  initial  flattened  (or 
elongated)  grains. 

The  same  deformation  process  has  already  been  observed  in  other 
titanium  alloys,  such  as  TilO-2-3  [11]  and  other  metals 
(aluminium,  a  iron,  ferritic  steels)  or  minerals  (NaCl,  KCl, 
olivine),  always  characterized  by  a  high  stacking  fault  energy, 
l.e.  a  high  dislocation  mobility  [12].  The  observed  new  grains 
are  likely  to  be  formed  by  the  progressive  misorientation  of 
the  subgrains  produced  by  dynamic  recovery.  This  'continuous 
recrystallization'  mechanism  is  more  efficient  in  the 
neighborhood  of  the  initial  grain  boundaries  where  there  is  a 
larger  number  of  active  slip  systems.  It  should  be  emphasized 
that  it  differs  from  the  mechanism  of  'dynamic 
recrystallization'  commonly  observed  in  low  stacking  fault 
energy  metals  and  alloys  such  as  copper  or  austenitic  steels, 
since  it  does  not  involve  any  nucleation  or  growth  of  the  new 
'recrystallized'  grains.  Accordingly,  whatever  the  temperature 
and  strain  rate  conditions,  the  stress-strain  curves  do  not 
exhibit  the  classical  'single  peak'  or  'multiple  peak'  shape 
associated  with  dynamic  recrystallization.  Another 
interpretation  for  the  hot  deformation  of  high  stacking  fault 
energy  metals  at  very  large  strains  has  been  recently  proposed 
[13],  in  which  the  'new'  grain  boundaries  are  nothing  else  than 
the  initial  elongated  and  fragmented  ones  ( 'geometric  dynamic 
recrystallization').  However  the  latter  does  not  seem  to  apply 
here,  where  the  investigated  strains  do  not  exceed  e  »  2.  From 
a  practical  point  of  view,  it  is  worthy  to  note  that 
deformation  in  the  8  range  is  likely  to  produce  a  significant 
refinement  of  the  microstructure. 

Deformation  in  the  a+8  Domain 

For  the  investigated  temperature  and  strain  rate  ranges,  it 
does  not  seem  that  any  dynamic  recrystallization  occur  in  the  a 
phase,  which  is  in  agreement  with  previous  work  on  Ti6-4  [3]. 
To  a  first  approximation,  the  volume  fraction  of  a  phase 
decreases  linearly  from  about  0.35  to  zero  between  800  and 
890  "C  [14].  Since  the  Itcter  is  considerably  harder  than  the  6 
structure,  the  a  grains  can  be  considered  to  behave  like  hard 
inclusions  within  a  softer  matrix.  This  is  illustrated  by  Fig. 6 
which  shows  that  the  strain  of  the  a  phase  is  0.3  the  overall 
strain  between  800  and  840*C.  Thus  it  can  be  thought  that 
strain  is  not  large  enough  to  start  dynamic  recrystallization 
in  the  a  phase.  Another  effect  of  the  two  phase  structure  is 
that  strain  concentrations  must  arise  in  the^  softer  6  matrix  in 
the  neighborhood  of  the  a  grains,  in  order  to  accommodate  their 
low  deformation  (and  rotation  in  torsion),  which  is  likely  to 
favour  the  continuous  recrystallization  process  within  the  6 
phase . 

The  differences  between  torsion  and  compression  stress-strain 
curves  reported  above  can  be  related  to  the  evolution  of  the  a 
grain  shape  :  in  compression,  since  the  strain  direction 


1,350 


coincides  with  the  long  axis  of  the  grains,  the  aspect  ratio 
decreases  during  the  test.  On  the  other  hand  in  torsion,  the 
latter  increases  (Figs  6a  and  b).  Theoretical  models  have  been 
developed  to  predict  the  rheological  behavior  of  two  phase 
aggregates  [15].  Whatever  the  precise  assumption  used  for  the 
homogeneization  procedure,  they  show  that  the  strain  rate 
within  the  hard  phase  (which  is  always  less  than  the  overall 
strain  rate),  is  larger  when  the  grains  are  elongated  or 
flattened  and  lower  when  they  are  globular.  Therefore,  the 
flow  stress  is  higher  in  the  first  case,  which  agrees  with  the 
strain  softening  observed  in  compression  ( in  particular  for  a 
lamellar  initial  microstructure)  and  would  predict  some  strain 
hardening  in  torsion,  as  long  as  there  is  no  fracture  of  the 
elongated  grains.  In  the  latter  case,  however,  it  is  also 
possible  that  the  correction  for  adiabatic  heating  was  somewhat 
overestimated . 

In  conclusion,  the  rheological  behavior  and  the  associated 
evolutions  of  microstructure  in  the  Betacez  and  Ti6-4  alloys 
are  r.uite  comparable  :  in  particular,  the  6  phase  appears  to 
give  rise  to  a  process  of  'continuous  recrystallization', 
leading  to  a  small  B  grain  size.  The  rheological  parameters  m 
and  Q  are  very  similar.  Finally,  the  shape  of  the  stress-strain 
curves  in  the  two  phase  range  can  be  interpreted  in  terms  of 
the  evolution  of  the  material  'morphological  texture'. 
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Figure  1  :  Compression  stress-strain  curves  of  the  Betacez 

alloy  in  the  two  phase  (a)  and  single  phase  (b)  domains. 
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Figure  3  :  In  a-l/T  diagram  used  to  determine  the  apparent 

activation  energy  Q. 
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Figure  4  :  Microstructure  of  quenched  Betacez  alloy  after 

straining  in  the  (5  domain.  (a)  and  (b)  :  tension  along 
vertical  axis,  e  =  lO'-  s"',  e  =  920  °C  ,  e  v  0.1  and  0.26, 
respectively  ;  (c)  compression  along  horizontal  axis,  e  =  10*’ 
s"^,  e  =  905  °C,  e  a  1.2. 
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Figure  5  :  Dependence  of  the  strain  in  the  a  phase  with 

respect  to  the  overall  strain  «. 
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Figure  6  :  Microstructure  of  quenched  Betacez  alloy  after 

torsional  straining  (horizontal  axis)  in  the  two  phase  domain, 
e  =  10**  s*',  e  =  1.  (a)  e  =  800  "C  ;  (b)  e  =  850  ”C. 
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MANUPACTOTE  AND  PROPERTIES  OF  HEAVY  OPEN-DIE  FORGINGS  FROM 


LOW  -  ALLOY  Tl-0.3Mo-0.8Nl  FOR  CHEMICAL  PROCESSING  EQDIPMENT 
D.  Fischer,  K.  HUlse 
Deutsche  Titan  GmhH,  4300  Essen/GERMANY 


Abstract 

The  low-alloyed  titanium  grade  Ti-0.3Mo-0.8Nl,  ASTM/ASME  Grade 
12,  exhibits  improved  corrosion  resistance,  higher  strength  and 
permits  higher  design  loads  than  unalloyed  grades.  This  combi¬ 
nation  of  properties  has  led  to  an  increased  economic  interest 
in  this  alloy. 

Thick-walled  heavy  open-die  forgings  cannot  be  considered  as 
standard  components.  Nevertheless,  they  must  comply  with  the 
standard  material  requirements  in  order  to  benefit  from  the  ad¬ 
vantages  of  the  Grade  12  alloy. 

By  setting  an  optimum  composition  of  the  vacuum-melted  ingot  in 
conjunction  with  suitable  forming  and  heat  treatment  parameters 
it  is  shown  that  the  desired  characteristics  can  be  reached 
with  a  high  rate  of  repeatability  with  properties  nearly  equi¬ 
valent  to  those  of  thin-walled  forgings. 

The  review  of  the  properties  of  low-alloy  Grade  12  titanium 
parts  is  followed  by  a  comparisation  with  the  characteristics 
of  common  unalloyed  titanium  grades  at  room  temperature  and 
elevated  temperatures. 


Introduction 


Titanium  has  long  been  appreciated  as  a  corrosion-resistant 
structural  material  and  has  proven  its  value  in  chemical  pro¬ 
cessing  equipment  over  several  decades. 

An  outstanding  combination  of  beneficial  properties  such  as: 

excellent  corrosion  resistance 
low  specific  weight 
high  strength 
good  workability 

and  the  availability  of  titanium  in  all  standard  semi-finished 
forms,  as  specified  in  national  and  international  standards, 
have  brought  this  material  into  universal  use  and  given  rise  to 
vast  manufacturing,  processing  and  application  know-how. 

Tttanium  '92 
SdvAot  ond  T«ehnoloay 
€dH$d  by  F.H.  From  and  I.  Coplon 
Th«  Mnmak,  Mtkib  &  Mottrkdi  Society,  1 993 
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The  lov-alloy  titaniun  grade  Ti-0.3Mo-0.8Ni,  ASTM/ASH  Orade  12, 
which  was  first  Introduced  around  1974  (l),  was  originally 

developed  as  a  corrosion-resistant  low-cost  alternative  to  pal¬ 
ladium-alloyed  titanium  grades  with  special  regard  to  crevice 
corrosion  behaviour  (2). 

It  la  kno%m  from  the  literature  (3,  4)  that  the  corrosion  resi¬ 
stance  of  Titanium  Grade  12  varies  with  its  microstructure,  and 
hence  with  the  heat  treatment  applied.  While  under  many  condi¬ 
tions  Tl-0.3Mo-0.8Ni  is  nearly  equivalent  to  Grade  7  or 
Grade  11  in  terms  of  its  corrosion  resistance,  it  is  superior 
in  terms  of  strength  (Table  I).  This  combination  of  properties 
has  led  to  an  Increased  economic  Interest  in  this  alloy  wher¬ 
ever  elevated  corrosion,  pressure  and  temperature  loads  are 
encountered. 


Table  I 

A3TM/ASME  B  381 
Bequirements 
Chemical  composition 
(weight  %  ) 

Mechanical  Properties 


Like  commercially  pure  titanium  grades.  Grade  12  can  be  welded 
without  problems.  The  standard  filler  metal  is  bare  wire  of  the 
same  composition  as  the  base  material.  Instead  of  Grade  12  fil¬ 
ler  wire  it  is  also  possible  to  use  a  welding  wire  alloyed  with 
palladium. Titanium  is  also  readily  amenable  to  site  welding(5)t 
which  is  for  example  of  great  Importance  in  offshore  applica¬ 
tions. 


Pigure  1  Figure  2 

Tubular  heat  exchanger  Maximum  design  allowables  in 

with  solid  tube  plates  tension  for  ASMS  Code-qualified 

from  TIKRITTAN  LT  27  /  titanium  grades  (6) 

ASTM  B  381  grade  P-12 
(courtesy  of  OLMI  S.p.A. 

Italy) 


The  present  paper  aalnly  deals  by  way  of  example  with  tube  pla¬ 
tes  for  tubular  heat  exchangers  for  North  Sea  offshore  use,  and 
with  industrial-type  centrifugal  machinery  such  as  decanting 
centrifuges. 

The  heat  exchangers  measured  about  1500mm  dia.x  6800mm  length; 
their  shells  consisted  of  titanium-lined  steel  (Figure  l). 

Grade  12  titanium  has  been  specified  on  the  basis  of  ASME 
design  values  (Figure  2). 

The  centrifuge  la  used  in  a  coal  preparation  plant  to  remove 
salt  crystals  from  hot  washing  water  containing  very  high  chlo¬ 
ride  concentrations  (approx.  160,000  ppm).  The  application 
required  resistance  to  both  corrosion  and  wear  with  expected 
service  life  of  around  35  years. 

The  housing  of  around  700  mm  dia.  x  1500  mm  length  was  shape- 
forged  as  were  the  remaining  components  (Figure  3,  Figure  4). 


Figure  3 

Casing, shape  forged, 
weight  approx. 750  kg, 
TIKRUTAN  LT  27  / 

ASTM  B  381  grade  F-12 


Figure  4 

Flange  shafts, shape  forged, 
weights  approx. 120/160  kg, 
TIKRUTAN  LT  27  / 

ASTM  B  381  grade  P-12 


Manufacture  of  the  Forgings 


In  order  to  manufacture  forgings  of  the  aforementioned  size  and 
weight  from  Grade  12  titanium,  it  is  necessary  to  take  both  me¬ 
tallurgical  and  forming  aspects  into  account. 

In  the  absence  of  any  previously  known  or  published  external 
experience,  economic  production  methods  had  to  be  developed, 
beginning  with  ingot  melting,  in  order  to  ensure  the  required 
reproducibility  in  terms  of  shape  and  properties. 

The  main  requirements  were: 

-  achievement  of  the  required  mechanical  properties 
shape  accuracy  and  freedom  from  defects 
uniform  mlcrostructure 

practically  positioned  integral  specimen  material 
minimum  risk  of  failure. 


The  starting  ingots  were  double  melted  in  a  vacuum  arc  furnace 
using  consumable  electrodes,  with  both  alloying  elements  and 
oxygen  content  being  closely  controlled. 

The  forging  operation  was  carried  out  on  a  hydraulic  17-MN 
double-stand  underfloor  press  with  tool  quick-change  system. 
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The  open-dle  forging  press  Is  served  by  an  integrated  manipula¬ 
tor  operating  on  rails  as  well  as  by  a  freely  movable  material 
feeding  and  tool  manipulator. 

The  ingots  were  heated  in  bogle  hearth  furnaces  and  rotary 
hearth  furnaces  fired  with  natural  gas. 

The  forging  steps  used  to  manufacture  the  tube  plates  are  shown 
in  Figure  5.  This  Illustration  shows  two  different  temperature 
ranges  (7). 


Figure  5 

Forging  route  of  heavy 
tube  plates  from  Titanium 
on  forging  press  17  MN 


At  temperatures  above  the  beta  transus  temperature,  the  as-cast 
structure  was  destroyed  and  the  structure  homogenized.  At  the 
same  time,  any  cavities  were  closed  by  upsetting  operations. 
Refining  of  the  mlcrostructure  to  produce  the  required  mechani¬ 
cal  properties  and  final  shaping  were  carried  out  at  temperatu¬ 
res  below  the  beta  transus  temperature. 

The  centrifuge  forgings  were  produced  according  to  the  same 
specification.  All  parts  were  then  annealed  at  approx.  650  *C/- 
AC  to  optimize  the  material  properties. 

Figure  6  shows  the  finished  tube  plates  after  an  ultrasonic  in¬ 
spection.  Figure  7  shows  a  shape-forged  housing  component  after 
heat  treatment  and  machining. 

Description  and  Evaluation  of  Test  Results 

The  properties  of  all  products  presented  in  this  paper  -  tube 
plates,  forgings,  and  for  comparison  plate  and  sheet  material  - 
were  evaluated  on  the  basis  of  the  requirements  of  ASTM/ASME 
B-381  for  Grade  12  titanium  material. 

The  target  values  for  chemical  composition  and  mechanical  pro¬ 
perties  are  shown  in  Table  I.  To  allow  comparison  with  other 
titanium  materials  used  in  chemical  process  equipment.  Table  I 
additionally  shows  the  values  specified  for  the  unalloyed  gra¬ 
des  F-2,  F-3  and  the  Pd-alloyed  grade  F-7. 


Figure  fi 

Tube  plates  forged , annealed , 
machined,  ultrasonically 
tested 


Figure  7 

Casing,  shape  forged, 
machined, weight  approx. 
160  kg,  TIKR'JTAN  LT  27  / 
ASTM  B  381  grade  F-12 


The  actual  concentrations  of  the  two  metallic  alloying  elements 
nickel  (Ni)  and  molybdenum  (Mo),  and  the  nonmetallic  element 
oxygen  (O),  which  exerts  a  key  influence  on  properties,  are 
shown  in  Table  II  for  each  heat  analysed. 


The  results  of  the  chemical  analysis  show  that  all  values  for 
the  aforementioned  three  elements  as  well  as  for  the  remaining 
specific  elements  are  within  the  range  specified  in  ASTM  B-381 . 
The  iron  concentrations,  which  are  of  importance  for  the  corro¬ 
sion  resistance  of  the  material,  remained  at  an  entirely  uncri¬ 
tical  level  below  0.10  ^  by  weight  In  all  heats  analysed. 


In  the  manufacture  of  large  forgings,  where  the  material  volume 
comprises  virtually  the  entire  heat,  the  uniformity  of  all  pro¬ 
perties  is  critically  dependent  on  the  chemical  homogeneity  of 
the  ingot.  Hardness  measurements  have  been  found  to  be  a  highly 
reliable  method  of  verifying  this  chemical  homogeneity  on  the 
individual  ingot.  Figure  8  shows  the  surface  hardness  measured 
in  ingot  longitudinal  direction  for  each  of  the  heats.  For 
heats  no.  1 ,  no.  2  and  no.  3,  which  were  assigned  to  the  manu¬ 
facture  of  the  tube  plates  and  forgings,  the  differences  in  HB 
30  hardness  values  amount  to  at  most  4  units  on  an  individual 
ingot  and  lie  within  a  range  of  8  units  HB  30  for  all  three  in¬ 
gots.  These  values  are  sufficient  to  permit  the  manufacture  of 
heavy  forgings  displaying  homogeneous  and  reproducible  proper¬ 
ties. 


Figure  8 

Ingot  hardness  of 
TIKR'JTAN  LT  27  / 

ASTM  B  381  grade  F-12 
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The  same  observations  can  be  made  for  the  homogeneity  of  heats 
no.  4  and  5,  which  exhibited  somewhat  reduced  but  still  suffi¬ 
ciently  uniform  average  hardness  values  and  were  therefore  as¬ 
signed  to  the  production  of  small-to-medium  sized  forgings  as 
well  as  sheet/plate  material. 

The  results  of  mechanical  tests  of  all  forgings  made  from  heats 
no.  1  to  5  are  listed  in  Table  II. 

Table  II 

Mechanical  properties  and 
chemical  composition  of 
various  products  from 
TIKRHTAN  LT  27  / 

ASTM  B  381  grade  P-12 


All  individual  values  are  above  the  required  minimum  thresholds 
by  a  sufficient  margin.  This  applies  both  to  strength  characte¬ 
ristics  and  to  ductility. 

It  will  be  noted  that  in  spite  of  the  size  differences  between 
the  products,  as  shown  in  Table  II,  the  mechanical  properties 
lie  within  a  relatively  narrow  band.  This  can  only  be  achieved 
by  close  control  of  the  composition  and  hardness  of  the  ingot 
material. 

Plgure  9  shows  a  graphic  representation  of  the  averages  and 
scatter  ranges  of  all  yield  strength  values  as  measured  at  room 
temperature.  Por  comparison,  the  diagram  also  gives  the  corres¬ 
ponding  yield  strength  averages  and  scatter  ranges  for  similar 
forgings  made  of  Grade  P-2  and  Grade  P-3  material. 

A  number  of  representative  values  measured  at  temperatures  of 
150  *0,  200  *C  and  250  *C  for  Grade  P-3  and  Grade  P-12,  and  at 
120  *C  for  Grade  P-2,  illustrates  the  temperature  dependence  of 
the  mechanical  properties. 

Plgure  9 

Yield  strength  0.25<  of 
investigated  material 


These  results  show  that  the  mechanical  properties  of  Grade  P-3 
and  Grade  P-12  are  nearly  Identical  at  room  temperature,  and 
that  the  two  materials  are  clearly  similar  In  terms  of  the  tem¬ 
perature-dependence  of  their  yield  point. 

Plgure  10  shows  the  mlorostructuree  of  two  large  tube  plates 
made  of  P-3/RT  18  and  P-12/LT  27,  respectively.  The  basic  dif¬ 
ference  between  these  two  materials  Is  that  P-3/RT  18  exhibits 
a  single-phase  equlaxed  structure  while  P-12/LT  27  shows  a 

dual-phased  (alpha  /  TljNl),  finely  globular  to  finely  lamel¬ 
lar  structure. 

Plgure  10 
Microstructure  of 
forged  tube  plates 


Despite  these  differences,  which  are  due  to  metallurgical  In¬ 
fluences,  It  Is  possible  to  achieve  similar  mechanical  proper¬ 
ties  provided  the  manufacturing  conditions  are  adequately  se¬ 
lected.  However,  differences  In  structure  and  grain  size  can 
become  visible  In  ultrasonic  Inspection  with  the  result  of 
better  slgnal-to-nolse  ratio  for  Grade  12/LT  27  titanium. 


Conclusions 

This  paper  deals  with  the  composition,  mechanical  properties, 
corrosion  resistance  and  forming  characteristics  of  the  tita¬ 
nium  alloy  Tl-0.3Mo-0.8Nl,  ASTM/ASHE  Grade  12. 

A  comparison  was  made  with  heavy  thick-walled  open-dle  forgings 
made  from  the  unalloyed  titanium  materials  Grade  2  and  Grade  3 
and  with  smaller  forgings,  sheet  and  plate  made  of  Grade  12. 

The  results  show  that  the  main  objectives  set  were  reliably  and 
reproduclbly  achieved  through  use  of  appropriate  measures  In 
raw  material  selection.  Ingot  melting,  forming  and  heat  treat¬ 
ment  . 

This  concerns  In  particular; 

achieving  specified  mechanical  properties  Irrespective 
of  wall  thickness 

shape  accuracy  and  freedom  from  Internal  and  external 
defects 

uniform  microstructure  over  the  entire  cross  section 
-  optimal  testability  of  all  properties  discussed 
cost-efflclent  manufacture  with  zero  defects 


In  Bummary  it  can  be  stated  that  open-die-forged  thlofc-walled 
non-standard  components  such  as  tube  plates  for  heat  exchangers 
or  centrifuge  housings  with  weights  of  up  to  approx.  3000  kg 
and  wall  thicknesses  in  excess  of  300  mm  can  be  manufactured  in 
accordance  with  the  standard  specifications. 

A  comparison  of  Grade  12  and  Grade  3  shows  that  in  terms  of  me¬ 
chanical  properties  at  room  temperature  and  elevated  tempera¬ 
ture  they  are  almost  equivalent. 

Where  more  stringent  demands  are  made  on  corrosion  resistance 
Grade  12  should  be  preferred,  also  in  view  of  the  higher  long¬ 
term  creep  resistance  as  expressed  in  the  design  characteri¬ 
stics  given  in  the  ASME  Boilder  and  Pressure  Vessel  Code. 
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Abstract 

The  alloy  Ti-10V-2Fe-3Al(Ti-10-2-3)  alloy  has  lower  hot  deformation 
temperature  and  is  very  suitable  for  trans-beta  hot  die  forging.  A  syste¬ 
matical  study  on  the  relationship  between  processing  parameters  and 
mechanical  properties  has  been  done  and  optimuD  conditions  for  trans-beta 
hot  die  forging  has  been  determined.  Tbe  stock  temperature  of  820  °C 
and  the  die  temperature  of  700-750  °C  with  the  thickness  reduction  of 
about  50  X  should  be  used  in  order  to  achieve  the  best  combination  of 
niechanical  properties. 


Introduction 


The  alloy  Ti-10V-2Fe-3Al(Ti- 10-2-3)  is  a  high  strength  emd  high  toughness 
near-beta  titaniLin  alloy  developed  to  satisfy  the  desiands  of  damage- 
tolerant  design.  As  a  result  of  high  content  of  beta  stabilizing  elements, 
the  alloy  has  lower  beta  transus  temperature  and  excellent  forgirtg  capabi¬ 
lity.  The  typical  forging  temperatures  range  from  780  to  820  ‘’c. 

Ihe  lower  hot  deformation  temperature  makes  it  very  suitable  for  hot  die 
forging  so  as  to  produce  near-net-shape  forgings.  The  comparison  of 
forging  stress  for  Ti-10-2-3  and  the  widely  used  Ti-6A1-4V  alloy  has  shown 
that  at  the  same  die  temperature  the  Ti-10-2-3  is  more  easily  deformable. 
When  the  die  temperature  is  ii^reased  from  300  °C  to  800  the  forging 
stress  is  decreased  2-3  times. ^ 

The  hot  die  forging  process  is  characterized  by  die  tegqserature  higher 
than  those  in  conventional  forging,  but  lower  than  those  in  isothermal 
forging.  Typical  die  teoiperatures  in  hot  die  forging  are  100  to  200  °C 
lower  than  the  temperature  of  the  stocks.  If  the  stocks  were  heated  to  the 
temperature  above  beta  transus,  the  temperature  of  the  stocks  will  be 
decreased  gradually  to  the  tenqperature  of  the  dies,  in  this  case  there 
will  be  essentially  a  trans-beta  hot  die  forging  process. 

Ojt  work  is  aimed  at  a  systematical  study  of  the  relationship  between 
processing  parameters  and  mechanical  properties  under  different  conditions 
of  hot  die  forging.  The  purpose  of  thin  paper  is  to  determine  the  optimum 
trans-beta  hot  die  forging  conditionn  .n  order  to  satisfy  the  mechanical 
property  requirements  of  AMS  4986. 

TMonium  *92 
Sdano*  and  Tadtnology 
idUtd  by  F.H.  From  and  I.  Captan 
Tba  Minarab,  Moloh  &  Matariab  SocMy,  1993 
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Material  and  Experimental 


Preparation  of  the  Stocks 

Ail  stocks  used  were  prepared  from  a  250Kg  insot  triple  melted  in  a  vaccim 
arc  furnace  with  consumable  electrodes.  The  chemical  composition  of  the 
ingot  is  listed  in  Table  I.  The  beta  transus  temperature  of  the  material 
is  about  800  °C.  The  finished  forging  of  the  stocks  is  carried  out  in 
the  alpha+beta  field  with  deformation  of  about  25  %. 

Table  1:  Chemical  composition  of  the  ingot  used 


Elemets 

Al 

V 

Fe 

0 

N 

H 

C 

wt.X 

3.08 

9.95 

2.07 

0.079 

0.016 

0.001 

0.03 

Experimental  Procedures 

All  experiments  were  accomplished  on  a  313  tons  hydraulic  press  by 
upseting  the  stocks  with  different  heights  to  the  pej:K»kes  of  similar 
thickness.  The  stocks  were  heated  in  a  sepeurate  electric  furnace  and  the 
dies  were  heated  with  an  induction  coil.  The  upseting ,tiiK  was  about  60-90 
seconds,  the  corresponding  strain  rates  were  about  lO'^s"^. 

The  work  was  divided  into  two  phases.  During  the  first  phase,  the 
influences  of  stock  temperature  and  cooling  method  after  upseting  on 
mechanical  properties  of  hot  die  forged  pancakes  were  studied.  During  the 
second  phase,  the  influences  of  die  temperature  and  thickness  reductions 
was  investigated. 

All  pancakes  were  solution  treated  at  760  °C  for  2  hours  followed  by  water 
quenching  and  aiging  at  520  °C  for  8  hours.  The  tensile  specimens  were  cut 
in  the  cord  direction  and  the  fracture  toughness  specimens  in  the  C-R 
direction  of  the  pancakes.  Tensile  specimens  5  nm  in  diameter  and  25  mo 
in  calibrated  length  were  used.  All  fracture  toughness  values  were  ob¬ 
tained  from  compact  tension  specimens  with  B=15  am  and  W=30  am. 

Results  and  Discussion 

The  Influences  of  Stock  Temperature  emd  Cool ing  Method 

It  can  be  seen  from  Table  11  that  voider  the  condition  of  heating  the  dies 
to  800  °C  the  temperature  of  stocks  above  or  below  beta  transus  did  not 
display  obvious  influence  on  the  tensile  properties  and  fracture  tough¬ 
ness.  During  conventional  forging,  the  deformation  at  temperatures  above 
beta  transus  may  lead  to  lower  ductility  amd  fracture  toughness.  However, 
in  the  process  of  hot  die  forging  one  may  adopt  higher  heating  temperature 
for  stocks  without  worrying  about  unfavourable  influence  of  heating  above 
beta  transus. 

It  is  worth  to  point  out  that  an  attractive  combination  of  strength, 
ductility  and  fracture  toughness  was  obtained  and  the  technical  require¬ 
ments  of  AMS  4986  are  fully  satisfied  (820  °C/75  X/WQ  did  not  meet  X2(.=60 
MPav^m,  but  LTTS  much  higher  than  1105  MPa).  At  relatively  higher  strength 


Table  II:  Rocun  Temperature  Experimental  Results  of  First  Phase 


Stock  Reduc-  Cooling  Direc-  UTS  YS  ElonS*  RA 

Temp.  tion  Method  tion  MPa  MPa  X  %  MFaVm 


820  °C  50  %  Water  R 

C 

C-R 


780  °C  50  X  Water  R 

C 

C-R 


75  X  Water  R 

C 

C-R 


Technical  Requirements  C  1105  1035  6.0  10.0 

of  AMS  4986  ,  min  C-R  60.0 


Note:  The  dies  were  heated  to  800  °C  for  all  experiments. 


(a)  Stock  temperature:  820  °C 
Die  temperature:  800  °C 
Thickness  reduction:  50  X 
Cooling  method;  water 


(b)  Stock  temperature:  820  °C 
Die  temperature:  800  °C 
Thickness  reduction;  50  X 
Cooling  method:  air 


Figure  1  Microstixictures  of  trans-beta  hot  die  forged  pancakes  after 
(a)  water  and  (b)  air  cooling 


level  of  1210  MPa  the  elongation  is  9.0  X  and  the  fracture  toughness 
reaches  60  MPaV n.  Such  a  good  result  is  attributed  to  dynamic  recrystal¬ 
lization  occurred  during  hot  die  forging  at  the  temperatures  near  to  beta 
transus.  Metal lographic  observation  showed  the  dynamic  recrystallization 
resulted  in  formation  of  small  beta  grains  (see  Figure  1),  the  grain  size 
after  dynamic  recrystallization  is  about  25  un. 

For  hot  die  forged  pancankes  with  thickness  of  no  more  than  30  nm,  the  air 
cooling  could  improve  the  fracture  toughness.  Comparing  Figure  1(a)  and 
Kb)  we  can  see  the  particles  of  primary  alpha  phase  after  air  cooling 
have  larger  size  and  aspect  ratio  than  those  after  water  cooling.  For  this 
reason  the  fracture  toughness  of  pancakes  after  air  cooling  is  tetter  than 
that  after  water  cooling. 

The  Influence  of  Thickness  Reduction 

The  experimental  results  of  the  second  phase  are  listed  in  Table  III. 
Figure  2  illustrates  the  influence  of  thickness  reduction  on  tensile 
properties.  It  is  well  evident  t)tat  the  pancakes  upeeted  with  50  X  redu¬ 
ction  have  the  best  combination  of  t«iaile  strength  and  ductility.  There 
is  a  maximimi  on  the  dependence  cvtrves  of  tensile  strength  on  thicdcness 
reduction  at  50  X.  The  reduction  of  area  increased  significantly  for 

Table  III;  Room  Ten^ierature  Experimental  Results  of  Second  Phase 


Die 

Reduc¬ 

Direc¬ 

ms 

VS 

Elong. 

RA 

Temp. 

tion 

tion 

MPa 

MPa 

X 

X 

800  °C 

75  X 

C 

1154 

1123 

12.6 

42.0 

800  °C 

50  X 

C 

1194 

1141 

10.3 

41.0 

800  °C 

25  X 

C 

1175 

1129 

9.7 

34.0 

700  °C 

75  X 

C 

1178 

1124 

13.0 

38.6 

700  °C 

50  X 

C 

1213 

1153 

10.6 

40.2 

700 

25  X 

C 

1195 

1137 

9.4 

30.3 

600 

75  X 

C 

1143 

1097 

14.0 

36.0 

600  °C 

50  X 

C 

1148 

1116 

13.7 

36.1 

600  ®C 

25  X 

C 

1144 

1091 

9.8 

29.9 

Note:  1)  The  stocks  were  heated  to  820  °C  for  all  experiments. 

2)  After  upeeting  air  cooling  was  used  for  all  experiments. 
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I’TS  (MPa'  RA  (pet) 


Figure  2  Dejsendence  curves  of  tensile  strength  and  ductility  on  the 
thickness  reduction  amount 

thickness  reduction  iq]  to  50  X  and  beyond  50  X  it  has  been  kept  at  nearly 
the  same  level  with  further  raising  of  thickness  reduction. 

When  the  thickness  reduction  is  25  X,  the  deformation  is  not  enough  to 
break  up  the  coarse  prior  beta  grains  and  to  induce  dynamic  recrystal¬ 
lization  of  beta  grains  with  the  result  that  lower  strength  and  ductility 
are  obtained.  But  when  the  thickmss  reduction  is  75  X,  fine  beta  grains 
are  obtained  as  a  result  of  conplete  dynamic  recrystallization,  therefore 
the  tensile  strength  is  slightly  decreased.  Generally  speaking,  the  fine 
grain  structure  has  relatively  lower  fracture  toughness.  For  this  reason, 
we  deem  it  neocessary  to  adopt  the  thickness  reduction  of  about  50  X  in 
the  process  of  trans-beta  hot  die  forging  of  Ti-10-2-3  alloy  in  order  to 
achieve  the  best  combination  of  mechanical  properties. 

The  Influence  of  Die  Temperature 

The  dependence  curves  of  tensile  strength  and  ductility  on  the  die  teaipe- 
rature  are  shown  in  the  Figure  3.  VAten  die  temperature  is  raised  from  600 
°C  to  700  °C,  both  the  tensile  strength  and  ductility  are  increased.  If 
the  die  temperature  is  further  raised  to  800  °C,  the  tensile  strength  is 
decreased  and  the  ductilily  is  slightly  increased.  Therefore,  in  the 
process  of  trans-beta  hot  die  forging  the  die  teaqwrature  within  the  range 
of  700-750  °C  could  guarantee  the  best  combination  of  mechanical  proper¬ 
ties. 

From  Figure  4  it  can  be  seen  that  whm  the  die  temperature  is  600  °C,  the 
microstructure  of  trans-beta  hot  die  forged  pancakes  is  similar  to  that  of 
conventional  forgings.  But  when  the  die  teqierature  raised  to  700  °C, 
there  are  obvious  dynamically  recrystallized  grains  with  more  hoangeneous 
grain  size  than  those  obtained  at  die  tesipersture  of  800  °C.  In  order  to 
take  advantage  of  the  beneficial  effect  of  dynamic  recrystallization,  the 
optinuB  die  teoperature  should  be  no  lees  than  700 
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When  conpared  with  isothermal  forging  •  the  lowering  of  die  temperature 
allows  wider  selection  of  die  materials.  Therefore,  the  trans-beta  hot  die 
forging  of  the  Ti-10-2-3  alloy  is  especially  attractive  because  of  availa¬ 
bility  of  relatively  inexpensive  alloys  for  die  materials. 


VTS  (MPa) 


RA  (pet) 


Die  Temperature  (“O 


Figure  3  Dependence  curves  of  tensile  strength  and  ductility  on 
the  die  temperature 

Conclusions 

1)  During  hot  die  forging  process,  heating  the  stocks  to  temperatures 
above  or  below  beta  transus  has  no  obvious  influence  on  the  tensile  prope¬ 
rty  and  fracture  toughness. 

2)  For  hot  die  forged  pancakes  with  thickness  of  no  more  than  30  mn, 
substitution  of  air  cooling  for  water  cooling  could  improve  the  fracture 
toughness  when  keeping  the  strength  at  the  saoie  level. 

3)  In  order  to  produce  trans-beta  hot  die  forgings  with  best  combination 
of  mechanical  properties,  the  neccessary  thickness  reduction  is  about  50  * 
amd  the  optimum  die  temperature  is  within  the  range  of  700-750  °C. 
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(a)  Stock  temperature:  820  °C 
Die  temperature:  600  °C 
Thickness  reduction:  30  X 
Cooling  method:  air 


(b)  Stock  temperature:  820  °C 
Die  temperature:  700 
Thickness  reduction:  50  X 
Cooling  method:  air 


(c)  Stock  temperature:  820  °C 
Die  temperature:  800  ®C 
Thickness  reduction:  30  X 
Cooling  method:  air 


Figure  4  Microstructures  of  trans-beta  hot  die  forged  pancakes  under 
the  condition  of  different  die  ten^eratures 
l,3«» 
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Abstract 

Ti-6AI-2Sn-2Zr-2MO'2Cr  >  Si  (T1-6-22-22S)  is  a  high  strength,  silicon  modified,  a  -t-  p 
titanium  alloy  originally  developed  for  elevated  temperature  gas  turbine  engine  ap¬ 
plications.  When  a  -t-  P  processed,  this  highly  beta  stabilized  alloy  has  an  elastic 
modulus  10%  higher  than  other  a  +  p  alloys.  The  alloy  is  now  a  material  of  choice  for 
advanced,  high  performance  airframe  structures.  Through  judiciously  designed  ther¬ 
momechanical  processing  (TMP)  for  forgings,  superior  combinations  of  room  and  el¬ 
evated  temperature  strength,  fracture  toughness,  high  and  low  cycle  fatigue,  creep 
and  fatigue  crack  growth  resistance,  the  latter  being  the  most  critical  property  for  the 
current  intended  application,  have  been  achieved.  TMP’s  exploit  controlled  p  pro¬ 
cessing  techniques  to  meet  microstructural  and  stringent  mechanical  property  objec¬ 
tives.  Presented  is  a  complete  characterization  of  Ti-6-22-22S  first  and  second  tier 
properties  achieved  with  optimal  TMP  sequences.  Mechanical  property  achieve¬ 
ments  are  rationalized  in  terms  of  key  microstructure-processing  relationships. 


Introduction 

Alloy  Ti-6AI-2Sn-2Zr-2Mo-2Cr  Si  (Ti-6-22-22S)  was  developed  in  the  1970’s  by 
RMI  Titanium  Co.  as  a  deep  hardenable,  elevated  temperature  a  -«■  P  alloy  for  thick 
section  engine  forgings.  [1 ,2]  While  not  exploited  commercially,  the  alloy  demonstrat¬ 
ed  fracture  toughness,  fatigue  crack  growth  resistance,  and  fatigue  properties  and 
superior,  by  up  to  10%,  elastic  modulus.  Composition  limits  for  Ti-6-22-22S  are  out¬ 
lined  in  Table  1 .  Cr  and  Mo  in  the  alloy  improve  strength  and  toughness.  Small 

Tahtal:  TVaAl.2Sn.2Zr.2Mo.2Cr* SI  CHEMtCAL COMPOSITION UMITS  (Weiglll  Percent) 
AlSoZcM&CcSt  EaQCNU 
Min.  5.25  1.75  1.75  1.75  1.75  0.20 

Max  6.25  2.25  2.25  2.25  2.25  0.27  0.15  0.13  0.04  0.03  125ppin 

amounts  of  Si  in  combination  with  Mo  improve  strength  without  affecting  ductility  and 
Si  additions  are  known  to  enhance  creep.  Sn  and  Zr  contribute  to  solid  solution 
strengthening.  Oxygen  content  is  kept  low  to  contribute  strength  without  loss  of 
toughness.  [3] 
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Typical  physical  properties  for  the  alloy  are  presented  in  Table  2. 

Table  2;  TheAI-2Sn-2Zf-2Mo-2Cr  *  SI  PHYSICAL  PROPERTIES 

Density:  4.65  g/cm^  (0.165  Its/in^)  BelaTransus:  960°C  (ITSO^F) 

ibung's  Modulus  (Tensile):  Poisson's  Ratio:  0.33 

Conventionaly  Processed:  122  x  lO^MPa  (17.7  x  lO^Ksi) 

Beta  Piooessed:  ii5xio^MPa  (16.8  x  lO^Ksi) 

Buk  Modulus:  117  X  10^  MPa  (17.0  xIO^KsO  Shear  Modulus:  46  x  10^  MPa  (6.7x10^Ksi) 
Coefficient  or  Thermal  Expansion:  9.18x  l0’®m'nV'C  (5.1  x  l0'®ini1ry°F) 

Fracture  mechanics  design  criteria  are  now  institutionalized  in  design  of  most  critical 
airframe  components,  particularly  military  aircraft.  For  advanced,  high  performance 
airframes,  Ti-6-22-22S  has  been  confirmed  to  be  a  superior  alloy  for  such  applica¬ 
tions  that  demand  high  strength  in  combination  with  excellent  fracture  toughness  and 
in  particular,  superior  fatigue  crack  growth  resistance  (FCGR)  to  meet  stringent  safe 
life  requirements.  Ti-6-22-22S,  with  appropriate  TMP,  offers  a  significant  weight  sav¬ 
ings  advantage,  15  to  20%  or  more,  over  incumbent  alloys  such  as  Ti-6AI-4V  ELI  re¬ 
crystallized  anneal  (Ti-6-4  ELI  RA)  and  beta  annealed  (Ti-6-4  ELI  BA)  exploited  in 
forgings  in  a  wide  range  commercial  and  military  airframes  since  the  1970’s.  [4] 

It  is  well  recognized  that  a  transformed  ^  microstructure  in  a  -»■  p  alloys,  consisting  of 
Widmanstatten  and/or  colony  a,  optimizes  fracture  related  properties  such  as  FCGR. 
[4]  Enhancement  of  FCGR  is  rationalized  by  the  bifurcation  and  deflection  of  growing 
cracks  due  to  the  size  of  the  Widmanstatten  a  platelets  and/or  a  colonies.  The 
colony  a  structure,  usually  achieved  with  r-ubtransus  working  followed  by  p  heat 
treatment  (e.g.  multi-step  solution  treatment  and  anneal,  referred  to  simply  as  p  an¬ 
neal)  is  recognized  in  alloys  such  as  Ti-6At-4V  as  providing  the  highest  FCGR.  [4] 
The  transformed  Widmanstatten  a  stnicture  is  achieved  with  p  or  through  transus  de¬ 
formation  followed  by  subtransus  heat  treatment.  Thus,  for  the  application  of  Ti-6-22- 
22S  requiring  superior  FCGR,  both  major  p  processing  techniques  were  considered. 
Target  minimum  mechanical  properties  for  successful  application  of  Ti-6-22-22S 
were  yield  strength  930  to  1000  MPa,  ultimate  strength  1035  to  1140  MPa,  elonga¬ 
tion  6%,  reduction  in  area  15%,  fracture  toughness  77  to  88  MPaVm,  and  FCGR  on  a 
par  with  T(-6-4  ELI  BA,  e.g.  at  AK  c.'  11  MPa''/m.  a  da/dN  of  8  to  9  x  10'®  m/cycle. 

TMP  Rationale  for  Ti-6-22-22S 

The  strong  interaction  between  TMP  and  microstructure  and  microstructure  and  me¬ 
chanical  properties  in  titanium  alloys  is  well  known.  [5]  Optimization  of  FCGR  proper¬ 
ties  from  prior  work  [4,6]  established  that  a  lamellar  or  adcular  a  morphology,  with  or 
without  a  small  amount  of  primary  a,  may  develop  the  desired  combination  of  high 
strength,  high  toughness  and  high  FCGR.  Further,  a  transformed  p  microstructure 
consisting  of  Widmanstatten  and/or  colony  a,  optimizes  fracture  related  properties 
such  as  FCGR.  [4,6]  Ti-6-4  ELI  BA  illustrates  this  TMP  and  is  currently  accepted,  and 
commercially  exploited,  as  having  the  lowest  rate  of  fatigue  crack  growth  (e.g.  high¬ 
est  FCGR)  of  all  commercially  used  a  p  alloys;  however,  high  FCGR  is  achieved 
with  a  sacrifice  in  strength,  high  cycle  fatigue  and  dOctility  properties. 


From  this  basis  with  similar  a  P  alloys,  two  major  p  processing  TMP's  were  de- 
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signed:  TMP  (1)  p  forging  followed  by  a  -f  3  beat  treatment  and  TMP  (2)  a  ■(-  3  forg¬ 
ing  followed  by  3  beat  treatment.  TMP  (1).  where  final  forging  processes  are  con¬ 
ducted  in  a  tbrougb-tbe-transus  manner,  was  postulated  to  provide  a  Widmanstatten 
a  structure  essentially  free  of  grain  boundary  a.  However,  supratransus  forging  pro¬ 
cesses  (at  3t  +  25  to  35°C  for  Ti-6-22-22S)  for  a  -t-  3  alloys  have  found  limited  com¬ 
mercial  success  due  difficulties  in  process  control  and  product  variation.  [6]  In  TMP 
(1)  final  subtransus  beat  treatment  is  accomplished  at  3t  *  27°C  (e.g.  -  925X),  1 
hour,  fan  cool,  plus  age  at  537°C,  8  hours,  air  cool.  [1] 

Considerable  commercial  experience  is  available  for  TMP  (2)  for  Ti-6-4,  thus  exten¬ 
sion  to  Ti-6-22-22S  was  logical.  [6]  However,  Ti-6-22-22S  is  more  highly  3  stabi¬ 
lized,  and  therefore,  within  TMP  (2)  several  process  variants  have  been  studied  in¬ 
cluding  two-step  and  three-step  (triplex)  3  heat  treatments;  post  3  heat  treatment 
cooling  rates  ,j.g.  fast  •  oil  quench  and  slow  -  air  or  fan  cool);  and  in  triplex  heat 
treatments,  temperature  of  the  second  step  (e.g.  3t  *  27  to  50°C)  and  cooling  rate 

(air/fan  cool).  Previous  work  [6]  on  3  heat  treated  Ti-6AI-4V  and  highly  3  stabilized 
alloys  Ti-6AI-6V-2Sn  and  Ti-6AI-2Sn-4Zr-6Mo  suggested  that  an  intermediate  sub¬ 
transus  treatment  (termed  stabilization  anneal),  following  the  initial  3  solution  treat¬ 
ment,  successfully  modified  the  size  of  the  lamellar  or  aciculer  a  pl&  its  in  a 
colonies  and  achieved  a  better  balance  in  strength,  ductility  >  *racture-related 
properties.  Early  evaluations  of  two-step  3  heat  treatments  sug^  led  inferiority  to 
triplex  3HT  processes,  and  thus  two-step  3  heat  treatments  are  not  discussed  further. 
Subsequently,  discussed  below,  studies  of  the  final  aging  step  have  been  conducted. 
Table  4  presents  optimum  triplex  3  heat  treatment  (now  termed  3STSA  for  beta  solu¬ 
tion  treated,  stabilized  and  aged)  confirmed  from  studies;  used  in  TMP  (2)  to  fabri¬ 
cate  all  recent  commercial  scale  Ti-6-22-22S  forgings;  and  further  employed  to  fully 
characterize  the  alloy  as  reported  herein. 


Microstructures  achieved  with  TMP  (1),  termed  31%  and  the  two  cooling  rate  variations 
(oil  quench,  fan  cool)  in  TMP  (2).  3HT,  are  presented  in  Figure  1.  TMP(1)  ischara- 


B  Forge.  ch-B  STA  a+B  Fome.  Triplex  B  g+B  Forge.  Triplex  3 

H.T..  Fan  Cool  H.T..  Oil  Quench 

Figure  1 :  Microstructures  of  Ti-6-22-22S  With  Selected  TMP  Variants. 


cterized  by  transformed,  fattened  lamellar  a,  with  some  evidence  of  rounded  and 
bent  primary  a.  and  little  or  no  grain  boundary  a.  For  TMP  (2),  microstructures  for  the 
triplex  heat  treatment  with  slow  (fan  cool)  and  fast  (oil  quench),  designated  3HT,  are 
presented  as  well.  The  post-solution  treatment  cooling  rate  requirements  for  Ti-6-22- 

1,373 


22S  have  been  shown  [1,2]  to  constrain  property  achievements  and  to  restrict  appli¬ 
cable  section  sizes.  Fan  cooling  from  p  heat  treatment  provides  a  coarser  adcular  a 
colony  structure  with  more  grain  boundary  a  than  does  the  faster  oil  quench. 
Property  achievements  with  both  quench  variations  are  discussed  below. 


A.  Physical  Properties:  Table  2  summarizes  key  physical  properties  for  the  alloy 
form  current  Investigations  and  Ref.  1 . 2.  Density  of  Ti-6-22-22S  is  2.5%  greater  than 
Ti-6-4.  Conventionally  processed  Ti-6-22-22S  may  have  tensile  modulus  as  much 
as  10%  higher  than  other  a  +  ^  alloys;  however,  with  p  processing  TMP’s  reported 
here,  precision  modulus  determinations  suggest  lower  tensile  modulus,  but  it  may 
still  be  as  much  as  6%  higher  than  competitive  a  +  p  alloys. 


Table  3  summarizes  room  temperature  tensile  and  fracture  toughness  properties 
achieved  in  several  Ti-6-22-22S  forging  shapes  with  the  pp  and  triplex  pHT  process¬ 
es.  Pancake  forgings  were  used  to  develop  the  TMP  and  a  web-rib  die  forging  to 
Table  3: 


Forging  Type 


TMaoMMiaBEaE^^ 


H.T. 


Closed-Die 
Forging 
(Std.  Oxygen) 


p 

O+P 
(Fan  Cool) 

a  +  P 

P 

(Fan  Cod) 

P 

O  +  P 

(Fan  Cool) 

o-f  p 

P 

(Oil  Quench 

P 

O  +  P 

(Fan  Cool) 

O+P 

P 

(Fan  Cool) 

Kic  (Kq‘) 
KelVln  (MPaVm) 


UltStr 
KM  (MPa) 


163(1123)  10  17  74(81)T-L 

157(1082)  9  15 

159(1096)  10  16  78(86)T-L 

155(1069)  8.5  15 


154(1062)  12  17  79(87)‘T-L 

152(1049)  13  18 

176(1213)  7.5  12  63  (69)  T  •  L 

169(1165)  6.5  11 


163(1123)  12  21  71  (78)  S-L 

161(1110)  11  19 

160(1103)  12.5  24 

165(1138)  17  26 

154(1062)  10  17  74  (81)  S-L 

159  (1096)  19  24 

154(1062)  9  16 

159(1096)  14  18 


confirm  scalability  of  TMP  and  provide  second  tier  characterization  data.  For  initial 
TMP,  the  metal  employed  had  either  standard  oxygen  content  of  0. 1 1  %  or  a  low  oxy¬ 
gen  content,  0.08%.  From  these  data,  similar  tensile  and  toughness  properties  are 
achieved  with  both  major  TMP's.  The  triplex  pMT  with  a  fan  cool,  preferred  due  to 
process  control  and  product  uniformity  advantages,  clearly  provides  properties  meet¬ 
ing  targets.  Thus,  this  process  was  selected  for  scale-up  and  production  prototype 
forging  fabrication  to  develop  design  allowables  for  Ti-6-22-22S  -  pSTSA.  Triplex 
PSTSA  with  an  oil  quench  provides  higher  strengths  and  lower  toughness  than  a  fan 
cool,  if  such  tradeoffs  are  feasible  in  applications  for  the  alloy.  In  subsequent  produc- 
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tion  prototype  activities  with  large  Ti-6-22-22S  forgings,  the  triplex  pSTSA,  fan  cool 
process  has  been  explored  further  and  optimized.  It  has  been  found  that  proximity  to 
the  transus  and  cooling  rate  in  the  second  step  of  the  triplex  pSTSA  TMP  can  be  ma¬ 
nipulated  to  adjust  strength  and  toughness.  While  the  PF  TMP  (1 )  provides  attractive 
property  combinations,  this  TMP  was  not  selected  for  scale-up  due  to  uniformity  and 
process  control  problems  on  the  large  forgings  contemplated  for  commercial  capture. 
Table  4  presents  guaranteed  minimum  mechanical  properties  for  the  two  cooling  rate 

versions  of  the  triplex  pHT  (PSTSA)  commercially  proceeding. 

Table  4;  MINIMUM  MECHANICAL  PROPERTIES  Ti.6-22-22S  FORGINGS  to  75  mm  (3  ini 


I.  TMP:  g  +  p  Foioa  Plua  Triclax  flSTSA  (slow  cooling  rate): 

YS:  MPa  (Ksi)  931  (135):  UTS:  MPa(Ksi)  1034(150):  El:(%)6:  RA:(%)10 
Fracture  Toughness:  MPaVm(KsiVin)  77(70) 

Recoirmnended  Heat  Treatment: 

pi  +  27°C.  Fan  Coor  plus  pt  -  27  to  50°C.  Air  Cool,  pbs  537^,  8  Hrs.,  Air  Cool 
IL  TMP:  g  +  B  Foroe  Plus  Triplex  BSTSAriasl  cooling  rate): 

YS:  MPa  (Ksi)  1000  (145):  UTS:  MPa  (Ksi)  1069  (155):  El:  (%)  6:  RA:  (%)  10 
Fracture  Toughness:  MPaVm  (KsiVin)  66  (M) 

Recommended  Heat  Treatment: 

pt  4  27°C,  Oil  Quench  plus  pt  -  27  to  50°C,  Air  Cool,  plus  537°C,  8  Mrs..  Air  Cool 
Elevated  temperature  properties  for  Ti-6-22-22S  forgings  representing  the  triplex 
pSTSA  TMP  (but  representative  of  other  TMP  variations  studied  due  to  similarity  in 
room  temperature  properties)  are  presented  in  Figure  2.  The  alloy  retains  nearly 
70%  of  it  room  temperature  yield  strength  at  temperatures  up  to  480°C. 
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Figure  2  -  Elevated  Temperature  Tensile 
Properties  Ti-6-22-22S,  100  Hrs., 
TestatTemperature.Triplex  pSTSA. 
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Figure  3 


Smooth  High  Cycle  Fatigue 
Properties,  Ti-6-22-22S 
With  pF  and  PHT  TMP's. 


C.  Smooth  and  Notched  High  Cycle  Fatigue  Properties: 

Figures  3  and  4  present,  respectiveiy,  smooth  and  notched  high  cycle  fatigue  data 
obtained  from  Ti-6-22-22S  closed-die  forgings  processed  with  both  the  pF  and  triplex 
pSTSA  (fan  cool)  TMP's.  For  comparison,  smooth  and  notched  fatigue  data  for  Ti- 
6AI-4V  standard  composition,  a  -»■  p  forged  and  annealed  (Ref.7)  are  included.  The 
strength  properties  of  the  isothermally  forged  and  annealed  Ti-6-4  were  937  to  972 
MPa.  From  Ref.  4, 6.  smooth  and  notched  fatigue  performance  of  Ti-6-4  ELI  BA 
are  expected  to  be  inferior,  for  it  is  accepted  (4, 5, 6]  that  a  transformed  structure  in  Ti- 
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6*4  degrades  initiation  related  properties. 
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Figure  4:  Notched  High  Cycle  Fatigue 
Properties,  Ti-6-22-22S, 
With  PF  and  PHTTMP'S. 


e.g.  high  cycle  fatigue. 

From  the  data  presented,  it  appears 
that  the  fatigue  performance  ofTi-6- 
22-22S  with  selected  TMP  is  excellent 
and  superior  to  that  reported  for  Ti-6-4 
isothermally  forged  and  annealed. 
The  smooth  high  cycle  fatigue  advan¬ 
tage  may  be  rationalized  on  the  basis 
of  higher  strengths.  The  improved 
— ^  notched  performance  may  be  attribut- 
ed  to  the  acicular  structures  achieved 
with  the  successful  pHT  TMP  that  re- 
~j^8  duces  fatigue  crack  propagation  rates 
that  may  be  rate  controlling.  From 
these  data,  it  appears  there  may  be  a 
a  slight  fatigue  advantage  for  the  pF 
TMP  over  the  PHT  TMP. 


Strain-controlled  low  cycle  fatigue  (LCF)  behavior  of  the  triplex  PSTSA,  fan  cool  TMP 
has  been  compared  with  p  forged  and  annealed  Ti-6AI-4V  from  other  work.  (8,9) 
From  limited  test  data,  Ti-6-22-22S  was  found  to  have  superior  LCF  life  to  p  pro¬ 
cessed  Ti-6-4;  however,  it  is  likely  that  the  p  processed  Ti-6-22-22S  will  have  inferi¬ 
or  LCF  to  conventional,  a-f  p  processed  Ti-6AI-4V,  especially  when  compared  to  pro¬ 
cesses  for  Ti-6-4  specifically  developed  [8]  to  enhance  strain  and  stress  controlled 
LCF  lives.  It  appears  that  the  higher  strength  of  Ti-6-22-22S  enhances  LCF  in  a 
manner  parallel  to  that  observed  above  for  high  cycle  fatigue  lives. 


Presented  in  Figure  5  are  fatigue  crack  growth  rate  (FCG)  data  for  the  two  major  p 
TMP  processes  for  Ti-6-22-22S,  including  the  fast  (oil  quench)  and  slow  (fan  cool) 
cooling  rates  used  for  the  pSTSA  TMP.  For  comparison,  FCG  data  from  Ref.  4  for  Tl- 
6-4  ELI  BA  are  presented.  For  the  latter  data,  R  ratio  is  0.01 ,  whereas  tests  for  Ti-6- 
22-22S  were  conducted  at  an  R  ratio  of  0.1.  The  higher  R  ratio  for  Ti-6-22-22S  would 
increase  FCG  rates  for  this  alloy  in  comparison  to  that  shown  for  Ti-6-4.  From 
these  data,  it  is  evident  that  FCG  of  p  processed  Ti-6-22-22S  is  excellent.  The  FCG 
of  triplex  pSTSA,  fan  cool  approaches  that  reported  for  Ti-6-4ELI  BA.  However,  the 
FCG  of  the  PF  TMP  appears  to  be  faster  than  triplex  pSTSA,  fan  cool  but  slower  than 
triplex  pSTSA,  oil  quench.  The  FCGR  of  Ti-6-22-22S  as  a  function  of  the  two  major 
TMP  process  variants  and  cooling  rates  within  pHT  TMP’s  may  be  rationalized  on  the 
basis  of  the  microstructural  differences  achieved  (Figure  1 ).  The  pSTSA,  fan  cool 
TMP  achieves  a  colony,  Widmansatten  a  structure  with  significant  grain  boundary  a 
shown  by  others  [4,6]  to  provide  the  greatest  resistance  to  crack  propagation.  The 
pSTSA,  oil  quench  TMP  provides  a  much  finer  acicular  a  with  significantly  less 
grain  boundary  a  and  much  higher  strength  and  lower  fracture  toughness.  The 
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FCGR  of  pF  TMP  (1)  is  intermediate  between  the  other  processes  due  to  a  structure 
that  is  a  combination  of  fattened  Widmanstatten  a  platelets  and  colony  a  but 
essentially  free  of  grain  boundary  a.  Optimal  FCGR  of  Ti-6-22-22S  is  achieved 
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Figure  5:  Fatigue  Crack  Growth  Rate  Properties  of  n-6-22-22S  ations  in  second- 
Processed  With  pF  and  pHT  TMP’s.  step  temperatures 

have  demonstrated  FCGR  properties  identical  to  those  shown,  suggesting  that  the 
pSTSA,  fan  cool  TMP  for  Ti-6-22-22S  is  robust  and  scalable  to  large  parts. 


Table  5  summarizes  creep  properties  measured  for  the  pSTSA,  fan  cool  TMP.  It  is 
evident  that  creep  performance  is  on  a  par  with  other  beta  processed  a  +  p  alloys. 
Tables:  CREEP  PROPERTIES  ri-6AI-2Sn-2Zf-2Mo-2Cr  ♦  Si  BSTSA  Fominas 


Temperature 

(Cl 

Stress 

(MPal 

0.1% 

Time  (Mrs) 
03% 

Rmtijre 

370 

415 

225 

687 

687 

425 

345 

190 

606 

606 

480 

240 

69 

251 

251 

Through  the  course  of  TMP  investigations  and  developmental  forging  activities,  forg¬ 
ing  producibility,  product  consistency  and  scalability  issues  were  a  major  considera¬ 
tion.  Extensive  production  experience  exists  with  Ti-6AI-4V  ELI  and  Std.  Comp.  BA. 

This  forging  product  has  been  demonstrated  [6]  on  a  statistical  basis  to  be  the  most 
consistent  and  uniform  Ti-6-4  forging  product  currently  produced.  The  triplex  pSTSA, 
fan  cool  TMP  for  Ti-6-22-22S  is  identical  in  design,  and  thus  the  forging  product  in 
this  alloy  is  expected  to  demonstrate  the  same  consistency  found  for  Ti-6-4  ELI  BA. 
Design  allowables  forging  fabrication  to  prepare  for  commercialization  has  present¬ 
ed  the  opportunity  to  explore  critical  aspects  of  the  triplex  pSTSA  process;  (1)  the 
temperature  and  cooling  rate  in  the  second  step  of  the  heat  treatment  and  (2)  the 
temperature  of  the  final  aging  process.  Second  step  H.T.  process  studies  on 
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closed-die  forgings  evaluated  temperatures  from  as  high  as  ^  minus  27°C  to  as  low 
minus  SOX  and  with  slow  (air  cool)  and  fast  (fan  cool)  cooling  rates.  This  work 
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suggested  that  strength  -  toughness  combinations,  may  be  adjusted 

should  that  be  necessary,  with  such 
process  modifications;  however,  criti¬ 
cal  FCGR  properties  are  unaffected. 
Most  recently,  an  aging  process  study 
has  been  completed,  examining  the 
effect  on  strength,  ductility,  toughness 
and  FCGR  properties  of  aging  temper¬ 
atures  in  the  range  of  425  to  620°C. 
Figure  6  presents  a  summary  of  fract- 
ture  toughness  vs.  aging  temperature 
for  triplex  pSTSA  process.  It  is  evi¬ 
dent  that  aging  temperatures  above 
seS^C  must  be  avoided.  FCGR  tests 
confirm  this  finding. 


HT:  Bl  +  27C,  1/2  hr.,  FC  + 
Bt  -  39C,  1  hr,  AC  + 
Aga@XF(C).6hfS..AC 
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Figure  6:  Fracture  Toughness  versus 

Aging  Temperature,  Ti-6-22-22S 


Conclusions: 

(1)  T1-6-22-22S  may  be  successfully  beta  processed  to  achieve  superior  FCGR  in 
combination  with  excellent  strength,  fracture  toughness,  and  ductility  properties. 

(2)  The  PSTSA,  fan  cool  TMP  offers  the  best  combination  of  mechanical  properties 
on  the  basis  of  optimum  FCGR  and  demonstrates  superior  smooth  and  notched  fa¬ 
tigue  properties,  excellent  LCF  properties  and  excellent  creep  performance. 

(3)  Increasing  the  cooling  rate  in  the  first  PHT  step  (via  oil  quench)  or  in  the  second 
a  +  p  step  degrades  FCGR  and/or  toughness  properties.  The  PF  TMP  offers  slightly 
better  toughness  and  fatigue  but  results  in  greater  forging  product  variation. 

(4)  The  final  aging  temperature  for  Ti-6-22-22S  -  pSTSA  must  be  kept  below  SBS^C 
to  assure  achieving  target  fracture  toughness  and  FCGR  properties. 
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ABSTRACT 

The  compressive  elevated  temperature  deformation  behavior  of  Widmanstatten  a+t  Ti-6A1-4V  has 
been  examined  in  the  temperature  range  800  to  96S^  between  strain  rates  of  10^  and  Kf  s'.  Flow 
localization  due  to  adiabatic  heating  and  microstructural  instability  was  observed  at  high  temperatures/higb 
strain  rates  and  low  temperatures/low  strain  rates,  respectively.  In  both  instances  the  severity  of  Qow 
localization  can  be  quantified  in  terms  of  the  flow  localiution  parameter  a.  Metallographic  observations 
demonstrated  that  miaostructurally  derived  localization  was  associated  with  the  breakup  and  spheroidization 
of  a  platelets  situated  either  at  the  prior  t  grain  boundaries  or  within  Widmanstatten  colonics. 

INTRODUCTION 

Various  investigators(l-S]  have  reported  that  the  incidence  of  flow  localization,  compressive  plastic 
instability  and  unstable  bulging  in  a+4  titanium  alloys  is  critically  dependent  upon  alloy  miaostructure.  For 
example,  transformed  Widmanstatten  a-t-d  miaostructures  have  bMn  found,  in  comparison  with  equiaxeda+B 
microstructures,  to  promote  localization.  While  it  has  been  suggested  that  this  microstructurally  dependent 
behavior  is  related  to  deformation  assisted  breakup  and  spheroidization  of  the  Widmanstatten  stnicture[6,7], 
a  detailed  interrelationship  between  macroscopic  instability,  i.e.,  flow  localization,  and  mimoscopic  instabilty 
is  still  lacking.  The  present  investigation  has  therefore  examined  the  effects  of  temperature,  strain  rate  and 
strain,  on  macroscopic  and  microstructural  stability  in  Widmanst&tten  a*f  Ti-6A1-4V.  The  objective  was  to 
reveal  the  microstructural  origins  of  flow  localization  and  to  correlate  the  degree  of  flow  loulization  with 
microstructural  stability. 


MATERIAL  AND  EXPERIMENTAL  PROCEDURES 

Coarse  grained  t  processed  Ti-6AI-4V  (5JB6  Al,  4.01  V,  0.28  Fe,  0.02  C,  0.04  N,  0.112  O)  was 
investigated.'  The  initial  microstructure  consisted  of  a  Widmanstatten  colony  structure  and  grain  boundary 
a.  Figure  1,  the  averaK  prior  $  grain  size  and  the  mean  WidmanstStten  interlamellax  spacing  being  1.1  mm 
and  1.8  Mm,  respectiv^y. 


'  Professor  of  Mechanical  Engineering  and  Metallurgy,  Clemson  University,  Clemson,  SC,  and  formerly 
Research  Associate,  Clemson  University,  currently  Senior  Research  Engineer,  Howmedica  Division,  Pfizer 
Hospital  Products  Group,  Inc.,  Rutherford,  NJ,  respectively. 

'  The  t  transus  of  this  alloy,  as  determined  by  calorimetric  differential  thermal  analysis,  was  973°C. 
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Figure  1.  Microsiructure  of  Ti-6A1-4V  alloy. 


Elevated  temperature  characterization  of  this  alloy  utilized  both  ring  and  cylindrical  compression 
samples.  The  former  were  25.4  mm  OD,  12.7  mm  ID  and  8.458  mm  height  (6:3;2)  and  were  included  for 
simultaneous  determination  of  friction  factors  and  flow  stress  behavior.  Compression  samples  were  20.3  mm 
in  diameter  and  30.5  mm  in  height  and  served  to  further  deflne  the  stress-strain  behavior,  frictional  correction 
of  the  compressive  stress-strain  curves  being  accomplished  utilizing  procedures  described  previously)8]. 

Hot  compression  of  the  ring  and  cylindrical  specimens  was  conducted  within  the  temperature  range 
800  to  %5°C,  i.e.,  below  the  fi  transus,  in  a  ultra-high  purity  argon  atmosphere  (O,  content  less  than  10'^  ppm) 
at  three  different  constant  strain  rates  (IC*,  10'’,  10°  s'').  The  specimens  were  healed  to  temperature  in  20  to 
.30  minutes  and  soaked  at  temperature  for  5  minutes  prior  to  testing,  with  boron  nitride  serving  as  the  lubricant 
between  the  specimen  and  platens.  All  specimens  were  furnace  cooled  at  approximately  20  °C  min  '  to  room 
temperature  after  deformation. 

RESULTS 

Stress-Strain  Curves 

Representative  true  stress-true  strain  curves  arc  shown  in  Figure  2.  In  each  instance  the  true  stress 
increases  to  a  maximum  and  then  decreases,  the  flow  stress  tending  at  higher  strains  towards  a  saturation 
value.  The  extent  of  this  flow  softening  was  a  function  of  both  strain  rale  and  temperature.  For  example,  at 
800°C  the  extent  of  softening  increased  with  decreasing  strain  rate,  while  at  96S°C  it  increased  with  increasing 
strain  rate.  Similarly,  at  a  strain  rate  of  10'°  s  '  the  extent  of  flow  softening  deaeased  with  increasing 
temperature,  while  at  10°  s  '  the  extent  of  softening  inereased  with  increasing  temperature.  Finally,  at  the 
highest  temperature  examined,  i.e.,  965°C,  periodical  oscillations  in  the  true  stress-true  strain  curves  were 
observed,  the  amplitude  of  these  oscillations  tending  to  be  a  maximum  at  intermediate  strain  rates. 

The  effect  of  temperature  on  the  maximum  flow  stress  and  the  flow  stress  at  a  true  strain  of  0.30  are 
shown  in  Figure  3.  Both  measurements  of  the  flow  stress  were  sensitive  to  temperature  at  lower  temperatures, 
this  sensitivity  decreasing  as  the  B  transus  was  approached.  If  a  power  law  relationship  between  flow  stress 
and  strain  rate,  i.e.,  ir=ki'*,  is  assumed,  the  rale  sensitivity  parameter  m  can  be  obtained  from  a  log-log  plot 
of  flow  stress  vs.  strain  rate.  This  determination.  Table  I,  suggests  that  the  strain  rale  sensitivity  of 
Widmanstatten  Ti-6A1-4V  is  generally  lower  than  that  observed  in  equiaxed  microstructures[9].  Moreover  the 
strain  rale  sensitivity  was  a  function  of  both  temperature  and  strain  rate,  generally  decreasing  with  increasing 
strain  rate  at  each  temperature  investigated. 

Macroscopic  Observations 

Macroscopic  observations  indicated  that  the  dimensional  changes  of  the  ring  samples  after 
comprc.ssion  were  often  non-uniform.  Both  external  and  internal  barreling  was  observe^  the  degree  of 
barreling  varying  with  temperature  and  strain  rate.  A  measure  of  the  specimen  non-uniformity  was  obtained 
by  normalizing  the  areal  difference  between  the  maximum  and  minimum  areas  following  deformation,  i.e.. 
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Table  1.  Flow  Uoifonnity  and  Localization 
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Figure  3.  Flow  stress  as  a  function  of  temperature  and  strain  rate. 
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(1) 


with  X  denoting  the  degree  of  non-uniformity  introduced  during  deformation  of  the  ring  samples,  and 

and  A,  representing  respectively  the  maximum,  minimum  and  original  aoss-sectional  areas.  Application 
of  this  procedure.  Table  1,  shows  that,  at  80(f  and  900°C  the  degree  of  non-uniformity  decreaud  with 
increasing  strain  rate,  while  at  96S°C  the  degree  of  non-uniformity  was  a  maximum  at  intermediate  strain  rates. 

Microstnictural  Observations 

Miaostructural  observations  within  regions  where  non-uniform  deformation  occurred  revealed  various 
degrees  of  grain  boundary  and  lamellar  •  spheroidization.  Figure  4.  At  800°C  and  low  strain  rates(l(r'  and  ICT' 
s  ')  breakup  and  spheroidization  occurred  preferentially  within  the  grain  boundary  a  region,  particularly  at  grain 
boundary  triple  points.  Figure  4a.  Increasing  the  deformation  temperature  to  900°C  promoted  s]dieroidizatiQn 
of  both  main  bountUry  ggd  matrix  lamellar  a.  Figure  4b.  The  latter  occurred  initially  throu^  unstable  kinking 
of  the  a  lamellae  withm  those  colonies  which  were  favorabW  oriented  in  the  direction  of  t^  maximum  shear 
stress,  i.e.,  at  approximate^  45°  to  the  compression  axis,  v/htn  the  deformation  temperature  was  increased 
to  96S°C,  spheroidization  occurred  within  all  colonies,  although  its  extent  varied  substantially  from  grain  to 
grain  and  from  colony  to  colony.  Figure  4c. 

DISCUSSION 

Macroscopic  Aspects  of  Flow  Localization 

Jonas  et  al.(10]  and  Dadras  and  Thomas[lll  have  suggested  that  the  onset  of  compressive  plastic 
instability  will  occur  when: 

Sc  m 


y'>\ 


(3) 


where  a  is  the  rate  of  strain  rate  localization  subset^uent  to  the  onset  of  instability,  •  the  true  plastic  strain,  t 
the  strain  rate,  m  the  strain-rate  sensitivity  and  y'  is  related  to  the  strain-strain-rate  parameter,  y, 

/.y*(Jli).(^)^.(ili) 

pc  oa  pc 

where  v  is  the  efiidenty  of  deformation  heating,  p,  the  density,  c,  the  specific  heat  and  a  >  3t/3T. 

Numerical  evaluation  showed  excellent  agreement  between  the  prediction  of  flow  locanzation,  i.e.,  ■ 
>  0,  and  the  observed  non-uniformity.  Table  1. 

Microscopic  Atpccli  of  Flow  Localization 

A  prominent  characteristic  of  the  hot-deformation  behavior  of  the  Ti-€A1-4V  alloy  under  the 
compression  coditions  yvamiiifYt  was  extensive  flow  locdization  at  relatively  low  temperatures  and  low  strain 
rates.  This  phenomenon  cannot  be  ascribed  to  adiabatic  beating.  For  example,  Dow  localization  associated 
with  adiabatic  heating  is  expected,  at  a  given  deformation  temperature,  to  occur  more  readily  at  higher  strain 
rates.  Indeed  flow  localization  at  96S°C  - 10°  sec  '  appears  to  be  promoted  by  adiabatic  heating. 

In  contrast,  flow  localization  at  lower  temperatures  and  rates  is  related  to  microstnictural 
instabilities.  Under  these  conditions  metallographic  observatitms  revealed  that  the  onset  of  flow  localization 
was  always  associated  with  breakup  and  subs^uent  spheroidization  of  the  a  phase  either  at  grain  boundaries 
or  within  those  Widmanstitten  colonies  having  a  preferred  orientation  for  shear  deformation.  Enhanced 
spheroidization  of  lamellar  •  duri^  deformation  in  Ti-6A1-4V  is  eqiected  to  involve;  (i)  breakup  of  the  ■ 
platelets  by  deformation,  and  (ii)  diffusion-assisted  coalescence  of  the  broken  lamellae,  while  the 
miaostructures  of  deformed  specimens  showed  some  degree  of  breakup  and  spheroidization  of  both  grain 
boundary  and  lamellar  a,  thermidly  exposed  specimens  exhibited  only  a  limited  degree  of  spheroidization  below 
965°C,  Rgure  S.  Therefore,  at  low  temperatures  and  low  strain  rates,  thermal  activation  by  itself  is  not 
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Figure  4.  Optical  micrographs  of  sample  after  c=0.3  at  (a)  800°C/10'*  s  ',  (b)  900°C/10  '  s  ' 
and  (c)  %5°C/10^ '. 


Figure  5,  Optical  micrographs  of  samples  exposed  for  1  hr  at  (a)  800"C,  (b)  900°C  and  (c)  %5°C, 
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sufikieiit  to  cause  spheroidizatioa  of  Che  ■  phase.  However,  at  the  highest  temperature  eaamined,  e.g,  96S*C, 
partial  spheroidizatioa  of  a  lamellae  occurred  prior  to  deformation,  therefore  flow  localizatioo  at  this 
temperature  under  tow  strain  rates  is  expected  to  be,  and  indeed  was,  significantly  reduced  when  compared 
with  specimens  deformed  at  lower  temperatures,  see  Table  1. 

CONCLUSIONS 

The  hot  deformation  characteristia  of  WidmansUtten  a'f  S  Ti-<SA1-4V  has  been  examined  under 
compression  conditions  in  the  temperature  range  800  to  96S°C  between  strain  rates  of  Uf  to  Iff*  s'*  utiliring 
both  ring  and  conventional  cyliodrical  samples.  Flow  localization  arising  from  either  adiabatic  beating  or 
microstructural  instabilty  was  observed  under  various  conditions;  the  severity  of  this  macroscopic  flow 
localization  being  quantdied  in  terms  of  the  flow  localizatioa  parsiMter  «.  Metallog^phic  observatkms  also 
revealed  that  flow  localization  associated  with  mkrostructural  instability  was  initiated  by  breakup  and 
spheroidization  of «  platelets  situated  either  at  the  prior  »  grain  boundaries  or  within  Widmansthtten  colonies. 

ACKNOWLEDGEMENTS 

The  authors  would  like  to  acknowledge  receipt  of  the  experimental  material  from  RMI,  Inc.,  Niles, 
Ohio.  This  effort  was  ftmded  by  DARPA  thru  ONR  Contract  No.0014-89-J-3166  supervised  by  Mr.  W.  Barker 
and  monitored  by  Dr.  G.  Yo^r.  The  assistance  of  M.  Long  in  completing  this  investigation  is  gratefully 
acknowledged. 


REFERENCES 

1.  S.L.  Semiatin,  G.D.  Lahoti  and  T.  Ahan,  M<vUlme-  FnnHsmenlals  and  Annlications  to  Metals. 

T.  Altan,  H.  Burte,  H.  Gegel  and  A.  Male,  eds.,  ASM,  Metals  Park,  OH,  1980;  p.  387. 

2.  S.L.  Semiatin  and  G.D.  Lahoti,‘Deformation  and  Unstable  Flow  in  Hot  Forging  of  Ti-bAl-2Sn-4Zr-2Mo- 
O.lSi',  Metall.  Trans-  12A  (1981)  1705-1717. 

3.  P.  Dadras  and  f .  Thomas,  Jr.,*Cliaracterizatioo  and  Modeling  for  Forging  Deformation  of  Ti-6Al-2So- 
4Zr-2Mo-0.1Si‘,  Metall.  Trans..  12A  (1981)  1867-1876. 

4.  S.  L.  Semiatin,  1.  F.  Thomas,  Jr.,  and  P.Dadras,  'Proeessing-Microstnidure  Relationships  for  Ti-fiAl- 
2So-4Zr-2Mo4).lSi’,  Metall.  Trans_  14A  (1983)  1867-2374. 

5.  S.  L.  Semiatin  and  J.  J.  Jonas,  FormalnlitY  and  Worksbilitv  nf  Met«k  ASM,  Metals  Park,  Ohio,  1984,  p. 
55. 

6. 1.  Weiss,  F.H.  Froes,  D.  Eyion  and  G£.  Welsch,  'Modification  of  Alpha  Morpholgy  in  Ti-6A1-4V  by 
Thermomechanical  Processing',  Metall.  Trans  17A  (1986)  1935-1947. 

7.  G.  Welsch,  I.  Weiss,  D.  Eyion  and  F.H.  Froes,  'Shw  Deformation  and  Breakup  of  Lamellar  Morpholgy 
in  Ti-6Al-2Sn-4Zr-2Mo  AUoy”,  Sixth  World  Conf.  on  Utanium.  Part  UL  P.  Laoombe,  R.  Tricot,  G. 
Berangen,  eds.,  Sodete  Francais  de  Metallurgie,  Les  Ulis  Cedex,  France,  June  6-9, 1988,  p.  1289. 

8.  J.  R.  Douglas  and  T.  Allan,  'Flow  Stress  Determination  for  Metals  at  Forging  Rates  and  Temperatures', 
Trans.  ASME.  97B  (1974)  66-76. 

9.  V.  Seetharaman,  L.Boothe  and  C.  M.  Lombard,  'Compressive  Deformation  Behavior  of  a  Ti-6A1-4V 
Alloy  at  High  Temperatures  and  Strain  Rates',  Mierostructure/Propert'  Relatiniidiim  in  Titanium 
Aliiminides  and  Alloys.  Y-W.  Kim  and  R.  R.  Boyer,  eds..  The  Minerals,  Metals  and  Materials  Society, 
Warrendale,  PA,  1991,  p.605. 

10.  JJ.  Jonas,  RA.  Holt  and  G.E.  Coleman,  'Plastic  Instability  in  Tension  and  Compression',  Acta  Met- 
24  (1976)  911-918. 

11.  P.  Dadras  and  J.F.  Thomas,  Jr.,  'Compressive  Plastic  Instability  and  Flow  Localization  in  Ti-6242',  Eu 
Mechanics  Letters.  1  (1981)  97-103. 


1.3tf 


C(»a>UTER  SIMULATION  OP  CHANGES  IN  TEMPERATURE 
AND  STRESSES  IN  TITANIUM  ALLOY  PORGINGS 
DURING  HEAT  TREATMENT 


M.  Ya.  Brun*,  V.  M.  Olahanslcy** ,  G.  Z.  Malkin**, 

A.  N.  Lozhko**,  L.  A.  Bykova* 

*  All-Ruasla  Institute  of  Li^t  Alloys,  Moscow, 
Russian  Federation 

**  Dnepropetrosk  Metallurgical  Institute,  Ukraine 


Abstract 

One  of  the  most  Important  problems  of  Improvement  of  techno¬ 
logy  of  heat  treatment  of  a  -t-jS  titanium  alloy  semiproducts  Is 
the  optimization  of  conditions  of  their  cooling  from  solid  so¬ 
lution  temperature.  These  conditions  determine,  to  a  great  ex¬ 
tent,  the  level  of  mechanical  properties  emd  the  value  and 
distribution  of  residual  stresses.  Such  optimization  Is  espe¬ 
cially  complicated  for  forgings,  vdilch  have  different  thick¬ 
ness  In  different  cross-sections. 

The  present  study  focused  on  development  of  procedure  of  com¬ 
puter  aided  calculation  of  change  in  temperature  field  through 
the  bulk  of  titanium  alloy  disk  forgings  during  their  cooling, 
estimation  of  state  stresses  after  cooling.  The  above  procedu¬ 
re  allows  simulation  of  various  cooling  conditions  for  for¬ 
gings  and  choice  of  the  most  optimum  conditions. 

Introduction 

Cooling  rate  from  solid  solution  temperature  has  a  signifi¬ 
cant  effect  on  mechanical  properties  of  oC  '•■^titanium  alloy 
semiproducts.  The  control  of  this  rate  within  certain  limits 
(0. 3-1.0  "C/s  for  VT3-1  and  VT25u  alloys;  1. 0-5.0  ®C/s  for 
VT6,  VT8  and  VT9  alloys  ensures  the  best  combljuitlon  of  short- 
time  strength,  low-cyclic  fatigue  and  hl^-cvcle  fatigue,  as 
well  as  tensile  ductility  and  tou^iness  {1-3j. 

The  development  of  the  necessary  cooling  rates  for  semipro¬ 
ducts  of  different  cross-sections  requires  application  of  dif¬ 
ferent  cooling  media  and  cooling  conditions  (such  as  continu¬ 
ous,  step-by-step,  eto. ).  Application  of  special  measures  en¬ 
suring  sufficient  uniformity  of  cooling  of  different  thicknes¬ 
ses  could  be  necessary  during  heat  treatment  of  coiq>lex  for¬ 
gings  with  different  thicknesses  In  different  scross-sectlons. 
Such  differences  In  cooling  rates  In  different  zones  of  a  for¬ 
ging  can  result  not  only  In  substantial  Inhomogenelty  of  me¬ 
chanical  properties,  but  also  In  a  high  level  of  volumetric 
residual  stresses.  The  unfavourable  stress  distribution  is  Im- 
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permissible  beoause  of  the  possibility  of  degradation  of  com¬ 
ponent  performances,  risk  of  distortion  and  even  fallwe  of 
initial  billets  during  machining. 


The  most  effective  current  method  for  determination  of  opti¬ 
mum  cooling  conditions  is  a  mathematical  simulation  of  chan¬ 
ges  in  temperatvtre  gradient,  level  of  residual  stresses  emd 
their  distribution  in  forgings  depending  on  cooling  condi¬ 
tions.  The  present  study  was  performed  on  the  basis  of  tita¬ 
nium  alloy  disk  forgings.  It  consisted  of  development  of  ma¬ 
thematical  models  for  description  of  temperature  and  state  of 
stresses  of  such  forgings  and  evaluation  of  such  models  for 
optimization  of  forging  cooling. 

1 .  Development  of  Mathematical  Models  of  Description 
of  Temperature  and  Staie  of  Stresses  of  Titanium  Alloy 
bisk  ferglngs  During  Cooling 

Cooling  of  bodies  is  determined  by  conditions  of  their  convec- 
tlng  and  conductive  heat  transfers.  Accordingly,  control  of 
cooling  processes  changes  the  conditions  of  heat  transfer  on 
the  body  surfaces  with  the  surz^undings.  Such  a  control  de¬ 
pends  on  conditions  of  internal  heat  transfer. 

Analytical  solutions  describing  convective  and  conductive  heat 
transfers  are  knovm  [aJ.  However,  these  solutions,  as  a  rule, 
do  not  take  into  account  temperature  dependence  of  the  main 
thermophysical  constants  which  reduces  their  accuracy.  In  ad¬ 
dition,  they  are  applied  only  to  simple-shape  bodies  and  can¬ 
not  be  used  for  thermomechanioal  calculations  of  complex  for¬ 
gings. 

Heat  conduction  equation  in  a  cylindrical  coordinate  systems, 
with  allowance  for  changes  in  heat  condition  and  heat  capa¬ 
city  of  a  material  with  change  in  temperature,  was  used  for 
dlscrlblng  the  heat  transfer  processes.  Boundary  conditions 
of  the  t^ ird  type  with  allowance  for  radiant  and  convective 
heat  transfers  and  arbitrary  initial  conditions  were  used. 

The  solution  of  the  above  equation  allowed  development  of  ma¬ 
thematical  model  for  calculation  of  temperatxire  fields  deve¬ 
loped  during  cooling  of  forgings.  The  model  was  developed  to 
be  used  on  personal  computers.  The  service  advantages  of 
these  programmes  are:  1)  simplicity  of  the  description  of  for¬ 
ging  geometry;  the  description  is  performed  by  introducing  of 
boundary  point  coordinates  (the  forging  surface  between  these 
points  is  taken  as  a  rectilinear  one);  2}  the  possibility  of 
arbitrary  control  of  density  of  arrangement  of  calculation 
grid  nodes;  3)  tabulated  representation  of  beat  capacity  and 
heat  conduction  depending  on  temperature;  4)  arbitrary  distri¬ 
bution  of  boundary  conditions  on  the  forging  surface;  5)  the 
possibility  of  repeated  calculations  of  temperature  flleds  on 
the  same  grid;  6)  the  possibility  of  visualization  of  calcula¬ 
tion  grid  and  temperatvire  fields. 

To  describe  stressed  conditions  of  forgings,  a  system  of  three 
differential  equations  concerning  static  equilibrium  condi¬ 
tions,  generalized  Hook's  law  and  plane-stressed  state  was 


used  [57*  ^he  model  of  qxiaslelastlc  loading  was  used  for  so¬ 
lution  of  these  equations.  In  this  model,  parameters,  such  as 
Young's  modulus  and  Poisson's  ratio,  usually  taken  as  cons¬ 
tants  In  elastic  region,  were  considered  as  variables,  which 
were  dependent  on  stress  level  at  each  point  on  the  basis  of 
the  strain  curve  &  -£  for  the  appropriate  alloy. 

In  addition,  unloading  theorem  was  used  to  take  Into  accovmt 
the  history  of  loading  £md  to  form  distribution  of  residual 
stresses.  According  to  this  theorem,  the  strain  curve  changes 
at  the  given  point  depending  on  the  obtained  value  of  plastic 
strains. 

Mathematical  model  and  programme  of  calculation  of  stresses 
arising  In  disk  forgings  due  to  nonunlformlty  of  their  coo¬ 
ling  have  been  developed  as  a  result  of  the  solution  of  the 
equations. 

The  performed  theoretical  Investigations  allowed  to  develop  a 
universal  algorithm  of  search  of  optimum  cooling  technique  of 
the  forgings.  Such  technique  satisfied  the  desired  require¬ 
ments  for  cooling  rate,  nonunlformlty  of  temperature  field, 
value  and  distribution  of  volumetric  residual  stresses  to  ma¬ 
ximally  possible  degree.  For  evaluation  of  an  optimum  combi¬ 
nation  of  these  factors,  a  special  functional  "C"  can  be  used. 
This  functional  Includes  values  of  root-mean-square  deviations 
of  the  calculated  values  of  these  factors  from  the  desired  or 
allowable  ones.  Thus,  the  problem  of  the  search  consists  In 
finding  of  cooling  conditions  ensuring  minimum  value  of  the 
functional. 

Evaluation  of  adequacy  of  the  created  model  by  comparison  bet¬ 
ween  calculated  data  and  experimental  ones  In  real  forgings 
that  relative  error  of  determination  of  temperature  and  stres¬ 
ses  does  not  exceed  12  and  25  %  respectively  (Pig.  1,  2). 

Such  accxiracy  Is  quite  acceptable  for  engineering  calcula¬ 
tions,  which  permits  practical  application  of  this  model. 


Figure  1  -  Curves  of  forging  cooling: 
o  -  experimental  data; 

X  -  calculated  data. 
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Figure  2  -  Curves  of  tangential  residual 

stresses  along  the  forging  radius: 

1  -  experimental  data; 

X  -  calculated  data. 

2.  Inyeatigatlon  of  Tempera t\ufe  Fields 
and  Stresses  in  Forgings 

The  procedure  of  the  search  of  the  optimum  cooling  conditions 
for  forgings  Is  called  Iterative  one  (l.e.  procedure  gradual¬ 
ly  approaching  the  desired  results).  It  consists  of  a  determi¬ 
nation,  according  to  the  developed  algorithm,  of  the  required 
distribution  of  cooling  media  differing  In  heat  transfer  coef¬ 
ficient  d  ,  over  the  surface  of  forgings. 

Figs  3-7  show  the  results  of  such  search  with  reference  to  one 
of  the  investigated  forged  disks.  The  task  to  be  achieved  was 
Improvement  of  mechanical  properties  of  the  disk  by  regula¬ 
tion  of  cooling  rate  within  the  limits  of  1. 0-2.0  °C/8  (in 
tempera ttire  remge  from  950  down  to  600  ‘*0)  with  maintaining  of 
cooling  rate  gradient  through  the  bulk  of  the  disk,  as  well  as 
maximum  level  of  tensile  stresses. 


1 
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Figure  3  -  Sketch  of  the  Investigated  forged 
disk. 

Six  Iterative  calculations  were  made  in  total  at  boundary  con¬ 
ditions  appropriate  to  change  In  heat  transfer  coefficient 
from  20  to  2,000  W/m^’K  (from  air  to  water).  Fig.  4  shows  the 
best  distribution  of  media  over  various  surfaces  of  cooling. 


Figure  4  -  Optimum  distribution  of  boundary 
conditions  on  the  forging  surface: 

1  -  jet  cooling  by  water-air  mixture; 

2  -  the  same,  but  with  application 
of  heat  insulation. 

By  way  of  example,  Figs  5  a  and  b  show  temperature  fields  in 
the  air-cooled  forging  in  6  and  20  min  after  the  beginning  of 
cooling.  The  analysis  shows  that  cooling  of  the  center  of  the 
forging  rim,  especially  at  the  initial  period  of  time,  is  sub¬ 
stantially  slower  than  that  of  the  web. 


b 


Figure  5  -  Temperature  fields  In  the  forged  disk 
in  (a)  6  and  (b)  20  min  after  the 
beginning  of  air  cooling. 
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Quantitative  differences  In  cooling  character  of  these  zones 
at  various  moments  of  time  are  shown  In  Fig.  6  and  Table  1. 

One  can  see  that  air  cooling  does  not  ensure  the  desired  coo¬ 
ling  rate.  At  the  same  time,  the  existing  differences  In  coo¬ 
ling  rates  of  different  zones  of  the  given  forging  do  not 
lead  to  the  generation  of  a  high  level  of  residual  tensile 
stresses  (Fig.  7). 

Intensification  of  forging  cooling  process  by  oil  quenching 
allows  Increase  In  cooling  rates  of  the  rim  and  of  the  web  up 
to  0.6  and  5.3  “C/s  respectively  (Fig.  6,  Table  1).  However, 

It  results  also  In  Increase  of  noniuiformlty  of  cooling  and 
rise  In  tensile  stresses  (Fig.  6,  Table  1,  Fig.  7b). 

Of  the  six  evaluated  variants,  jet  cooling  by  water-  .ir  mix¬ 
ture  ensures  the  beet  cooling  conditions  provided  that  heat 
Insulation  of  the  web  was  made  (Fig.  4,  6,  7,  Table  1).  Coo¬ 
ling  rate  at  all  the  points  of  the  forging  is  within  the  li¬ 
mits  from  0.7  to  1.7  °C/s,  which  Is  close  to  the  preset  range. 
Mft Yi miim  temperature  gradient  between  different  zones  of  the 
forging  and  through  their  thickness  is  210  °C  and  the  value  of 
volumetric  residual  stresses  does  not  exceed  200  MPa  (after 
aging  -  60  MPa).  The  above  values  are  comparable  with  those 
obtained  after  air  cooling.  Accordingly,  the  value  of  the  op¬ 
timization  fionctional  ”C*'  at  such  cooling  is  0.2*10^  whereas 
at  air-cooling  and  oil  cooling  it  is  equal  to  0.8*10^  and 
1.5*10^  respectively. 


Figure  6  -  Temperature  change  In  the  center  of: 

(a)  the  rim  and  (b)  In  the  web  during 
air  cooling  (l),  oil  c>opllng,(2)  and 
water-air  mixtii*e  cooling 
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Figure  7  -  Curves  of  tangential  stresses  in  the 
forged  disk  after  air  cooling  (a), 
oil  cooling  (b)  and  water-air  mix¬ 
ture  cooling  (c). 

Table  1  Cooling  Rates  of  the  Forging  in  Different 
Cooling  Media ,  °C/s 


Temperature  tK  .  W/m^»K 

range ,  °C  ■a«20  »  500  arlOOO 

_ air _ oil _ water-air  mixture 


950-850 

0.2/1. 4 

0. 4/5.0 

0.6/1. 8 

850-750 

0.3/1. 4 

0.6/5. 1 

0.7/1. 7 

750-650 

0.3/1. 3 

0.8/4. 9 

0.9/1. 6 

950-650 

0.3/1. 4 

0.6/5. 3 

0.7/1. 7 

*  In  the 

center  of  the 

rim/in  the  web. 

Conolufllona 

1.  Uathematlcal  model  for  the  description  of  temperature  and 
the  state  of  residual  stresss  of  tltanliun  alloy  disk  forgings 
during  cooling  has  been  developed. 

2.  Universal  algorithm  and  appropriate  calculating  programs 
for  the  automatic  search  of  the  optimum  technoque  of  forging 
cooling  have  been  developed.  Ifhls  technique  satisfies  the  desi¬ 
red  requirements  for  cooling  rate,  nonuniformity  of  tempera¬ 
ture  field  through  the  bulk  of  forgings,  value  and  uniformity 
of  distribution  of  volumetric  residual  stresses  to  maximum  de¬ 
gree. 

3.  Evaluation  of  the  developed  procedure  for  prediction  of  co¬ 
oling  of  complex  shape  forged  disks  has  been  carried  out  and 
the  satisfactory  agreement  of  calculated  and  experimental  data 
has  been  shown. 
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Abstract 

A  new  method  of  forming  near  shapes  directly  from  metal  powders  Is  described 
and  experimental  structures  are  shown.  Sequentlsl  laser  fusion  of  thin, 
laminar  metal  powder  layers  to  form  Integral,  lOOX  dense  structures  has  been 
demonstrated  with  titanium,  titanium  elemental  alloys,  and  other  metals.  An 
18KW,  GW  CO}  high  energy  laser  was  used  to  form  titanium  cylinders  and  model 
Impellers,  and  stellite  nozzles  for  an  Incinerator.  The  process  Is  very 
advantageous  for  hard  to  cast,  forge,  or  form  materials  such  as  stellite, 
titanium,  titanium  gaana  alumlnldes,  or  composites.  Near  shape  structures 
of  these  and  other  materials  can  be  formed  directly  from  metal  powders  and 
elemental  mixtures  without  uslny  molds  or  dies.  The  size  of  the  laser  cast 
part  produced  by  this  new  process  could  extend  to  several  feet  In  dimension 
and  to  several  hundred  pounds;  and  would  be  Independent  of  the  process. 
Microscopic  examination  of  laser  cast  titanium  and  titanium  alloys  show  the 
product  to  be  lOOZ  dense,  and  alloys  formed  from  elemental  powder  precursors 
to  be  homogeneous  In  composition.  Projected  economics  of  forming  laser  cast 
parts  from  titanium  precursor  powders  by  the  direct  downloading  of  shape 
parameters  from  CAD  systems  to  CNC  tables  targeted  by  the  laser  metalworking 
beam  are  reviewed. 
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A  method  of  casting  metals  Into  near  shapes  by  a  new  process  has  been 
evaluated. Incremental  layers  of  stellite,  stainless  steel,  or  titanium 
powder  have  been  sequentially  fused  by  a  high  power  CO}  laser  Into  near 
shapes.  Special  powder  handling  method  have  resulted  In  the  production  of 
high  purity  titanium  and  titanium  alloy  castings  from  as-received  Hunter- 
Kroll  sponge  fines.  Shaped  casting  geometries  can  be  achieved  by  computer 
controlled  movements  of  a  target  metal  powder  bed  beneath  a  laser  beam.  The 
powder  not  fused  by  the  beam  acts  as  a  *sand  mold*  to  retain  the  beam-melted 
powder  until  It  solidifies.  As  a  result,  elemental  and  alloy  near  shape 
castings  can  be  made  without  molds  or  dies  by  a  completely  computer  driven 
process  (Figure  1).  Significant  technical  and  cost  advantages  are  projected 
for  the  fabrication  of  titanium  (alloy)  marine  and  aerospace  structures  by 
this  method. 
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Initial  work  in  titanium  was  very  promising.  If  successfully  developed,  this 
process  for  forming  titanium  (alloy)  near  shapes  could  reduce  the  cost  of 
selected  marine  and  defense  materials  structurals  significantly. 


Figure  1  -  Laser  cast  titanium  Impeller  structure  formed  from 

as-received  Hunter-Kroll  sponge  fines.  One  vane  has 
been  rough  machined  by  a  CNC  milling  machine. 

Introduction 

The  moldless  casting  technology  described  here  can  be  applied  to  many  metal 
powders .  However ,  this  paper  will  focus  upon  its  application  and  development 
With  titanium.  Although  titanium  and  Its  alloys  are  Important,  critical 
defense-related  materials,  extensive  use  of  titanium  in  defense  materials 
systems  has  not  occurred  because  of  technology  and  cost  reduction 
Impediments.  A  reduction  in  the  cost  or  calendar  delivery  time  and  the 
elimination  of  technological  barriers  In  processing  (shaping)  of  titanium 
structures  would  be  significant  achievements  and  would  open  opportunities  for 
the  metal. 

Titanium  is  produced  in  Kroll  reactors  by  the  reduction  of  TiCl,  by  either 
sodium  or  magnesium.  The  resulting  sponge  must  be  consolidated,  double 

or  triple  vacuum  consumable  arc  melted  to  drive  off  the  residual  chlorine  and 
sodium  (Hunter)  or  magnesium  and  to  blend  in  alloy  ingredients.  The  ingot 
thus  produced  is  then  processed  by  one  of  the  following  methods: 

•  Forged  and  machined  to  a  desired  shape  with  continual  heat  treatment 
between  forging  events  (a  series  of  blocker  and  final  dies)  and  extensive 
machining  after  final  forming. 

•  Melted  and  vacuum  cast  into  rammed  graphite  molds  (prefired  and  dried)  and 
hot  isostatic  pressure  veld  (HIP)  consolidated  to  remove  casting  porosity. 
Final  machining  is  again  necessary. 

•  Melted  and  vacuum  die  cast  into  fired  ceramic  molds  where  the  mold  leaves 
a  case  and  case  removal  etchants  have  left  hydrogen  embrlttlements .  <*> 

•  Formed  into  controlled  particle  size  powder  by  the  rotating  electrode 
process  (REP).  Titanium  parts  are  formed  by  HIP’ing  the  powder  in  shaped 


envelope*  In  high  pressure,  high  teapersture  autoclaves. 

•  Rolled  Co  plates  or  slabs .  The  desired  part  Is  nachlned  by  discarding  80 
Co  90X  of  the  aaCerlal. 

All  of  the  casting  procasaea  require  aold  designs  and  fabrication,  firing, 
etc.,  which  can  delay  delivery  of  the  desired  casting  for  three  Co  six 
months.  Since  the  molds  are  seldom  reusable,  the  cost  of  the  mold  must  be 
added  to  that  of  the  casting.  HIP  processing  of  the  casting  Co  remove 
casting  porosities  also  adds  to  Che  coat  and  the  delivery  time.  Forgings 
must  proceed  through  a  aeries  of  blocker  die*  (Incremental  shapes)  with 
Intermediate  heat  treatments  Co  remove  work  hardness,  and  the  final  forging 
requires  rather  extensive  machining  Co  arrive  at  the  final  net  product  shape 
(fly-to-buy  ratios  are  down  Co  one  pound  for  each  6  to  8  pounds  made).  Some 
forging  schedules  extend  12  and  16  months.  Autoclave  HlP'lng  of  REP  powder 
gives  a  good  near  net  shape  product,  but  the  elaborate  practices  Co  achieve 
the  proper  powder  result  In  Its  costing  from  $60  to  $600  pec  pound.  The 
forming  of  large  plate  sections  for  hull  constructions  Is  Impractical  due  Co 
casting  size  limitations  and  Che  absence  of  large  domestic  mills  to  work  the 
plates  down  and  curve  them.  There  la  a  world  oversupply  of  titanium 
materials  producers  and  a  depressed  business  posture  for  ^e  finishers,  yet 
no  one  has  been  able  Co  reduce  costs  any  further.  The  base  line  cost  for 
titanium  isacerlals  still  Inhibits  Its  use  and  deployment. 

In  response  to  this  serious  problem,  a  new,  lower  cost  process  Co  manufacture 
near  shape  metallic  (titanium)  structures  from  precursor  material*  has  been 
studied.  The  process  overcomes  Che  technical,  size,  and  schedule 

constraints  of  present  casting  and  forging  operations,  and  forms  near  shape 
structures  at  a  very  significant  cost  advantage  over  other  forming  methods. 

Technical  Approach 

The  new  near  shape  forming  method  described  here  has  grown  from  efforts  In 
laser  welding  at  the  Science  &  Technology  Center  of  the  Uestlnghouse  Electric 
Corporation  and  was  performed  on  an  18  Ktf  CO2  AVCO  high  power  laser  operating 
on  full  scale  production  equipment  In  five  metalworking  cells. 

New  Technology 

The  new  forming  technology  developed  Is  very  simple.  Fine  metal  powder 
(sieved  HunCer-Kroll  sponge  fines)  Is  placed  In  a  flat  bed  mounted  on  X-Y 
slides.  A  high  power  COj  laser  beam  Is  focused  vertically  down  onto  the 
powder  In  the  bed,  and  the  bed  Is  caused  to  move  by  computer  control  of  the 
X-Y  slides.  The  motion  of  the  bed  causes  the  laser  beam  to  melt  the  metal 
powder  In  the  lithography  of  one  cross  sectional  plane  of  the  desired  part. 
The  unmelted  powder  surrounding  the  beam  melted  powder  acts  as  a  retaining 
structure  and  prevents  the  melted  powder  from  flowing  out  of  the  desired 
lithographic  shape.  The  melted  powder  solidifies  In  the  desired  shape,  and 
a  second  layer  of  powder  Is  added  over  the  entire  bed  surface.  The  bed  moves 
again  by  computer  control  of  Che  X-Y  slides  and  the  next  cross  section  of  Che 
desired  part  Is  melted  by  the  laser  beam.  This  melted  layer  Is  offset  from 
the  solidified  layer  cast  In  the  previous  step,  but  sufficient  layer- to- layer 
registry  Is  retained  chat  It  fuses  also  to  the  fused  metal  sublayer.  Another 
layer  of  powder  Is  placed  over  Che  bed,  and  the  process  Is  repeated 
sequentially  until  the  desired  part  Is  Incrementally  constructed,  layer  by 
layer,  to  the  final  desired  near  net  shape.  Figure  1  Illustrates  Che  results 
of  the  buildup  process. 

Although  others  have  proposed  and  have  performed  the  fabrication  of  net  shape 
structures  by  stick  and  arc  weld  methods,'*’  and  by  laser/powder  processes'*' 
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chi*  1*  Cha  first  afforc  Co  pacfora,  and  flla  for  paCanC  on  nac  ahapa 
fonalng  by  a  lasar  In  a  varlabla  surfaca  natal  powdar  bad.  This  procsss 
prasancs  saveral  unlqua  opporcunlclaa  for  working  with  ClCanlusi  alloy* .  This 
proeass  Is  Cha  InnovaClva  subjacc  naCCar  of  U.S.  PaCanC  4,818,562  which  Is 
assigned  Co  cha  HasClnghouse  Electric  Corporation. 

Titanium  Fomins 

The  proeass  can  be  usad  wlch  a  necal  powdar  to  form  near  shapes  In  on*  step 
by  computer  driven  means.  The  process  appears  Ideally  suited  for  near 
shaping  of  titanium.  The  normal  Kroll  or  Hunter-Kroll  route*  to  titanium 
parts  and  chair  problems  have  been  described  earlier.  These  routes  prevent 
the  further  cost  reduction  of  titanium  marine  or  aerospace  parts.  Several 
technical  features  of  titanium  and  Its  net  shaping  by  Che  laser  process 
contribute  significantly  toward  the  success  of  laser  casting: 

•  Cast  titanium  (and  newly  developed  casting  alloys)  has  nearly  Che  same 
fatigue  and  strength  properties  as  forged  and  HIP'ed  titanium.'*^***’  This 
means  chat  the  near  shape  (alloy)  structures  made  by  this  laser  forming 
process  should,  with  heat  treatment,  have  parity  In  properties  with 
traditionally  formed  titanium  product. 

•  The  laser  process  uses  a  patented.  Inert  gas  protected  chaid>er  at  oxygen 
levels  of  10  to  15  ppm.  There  Is  evidence  chat  this  small  contamination 
of  cha  titanium  product  will  not  detract  from  Its  strength  or  fatigue 
properties,  but  nay  In  fact  enhance  these  properties. 

•  Experimental  evidence  Indicates  that  the  surface  tension  of  liquid 
titanium  Is  very  low;  thus  It  lies  very  flat  when  fused  and  after 
solidified  as  opposed  to  that  of  stainless  steel.  This  means  chat 
vertical  registry  of  sequentially  fused  layers  will  be  facilitated,  and 
lateral  surfaces  will  be  more  uniform. 

•  This  laser  process  Is  not  limited  to  Che  size  of  vacuum  casting  chambers, 
HIP  furnace  volume,  or  vacuum  ladle  capacity.  Thus,  the  laser  optics  nay 
be  mounted  on  a  gantry  above  a  large  titanium  powder  bed  and  the  powder 
fused  directly  Into  hatch  rings,  bulkhead  plates,  supporting  ribbing,  etc. 
Size  does  not  appear  to  be  a  limitation  of  this  laser  casting  process. 

•  Host  Important,  It  may  be  possible  to  skip  all  of  the  posc-Kroll  sponge 
processing  steps,  and  form  the  titanium  (alloy)  near  shaped  part  directly 
from  sieved  sponge  fines  In  one  step. 

These  technical,  economic,  and  process  features  of  the  laser  process  for 
titanium  metal  structural  formation  should  contribute  toward  Its  success. 
Notably,  the  chermophyslcal  properties  of  titanium  work  for  Its  success  In 
this  process. 

Accomplishments 

A  feasibility  demonstration  of  the  process  was  conducted.  Work  was  performed 
at  the  Uestlnghouse  Science  &  Technology  Center.  For  these  tests  the  18  KW 
COj  laser  was  used.  Sieved  (-100  mesh)  Hunter-Kroll  titanium  sponge  fines 
were  obtained  from  commercial  sources.  Small  aliquots  of  the  as-received 
powder  were  placed  on  titanium  substrates  In  an  open  top  argon  purged  (sweep 
gas)  chamber  and  melted  with  a  stationary  laser  beam  at  beam  energies  of  6 
to  8  kU.  Below  this  energy,  the  melted  powder  did  not  wet  the  titanium 
substrate.  The  roughness  of  the  powder  absorbed  most  of  the  laser  beam 
energy.  The  resulting  product  was  a  bright,  flat  titanium  deposit  wetted 
onto  the  titanium  substrate.  Notable  In  these  tests  were  the  following 
facts: 

1.  The  titanium  powder  absorbed  most  of  the  laser  energy  (for  good 
efficiency) . 
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2.  The  nelced  titanium  has  low  surface  tension  and  Ilea  and  solidifies  very 
flat  on  the  substrate .  Thus ,  additional  powder  layers  could  be  added  and 
fused  evenly  without  losses  or  Irregularities. 

3.  Contamination  (oxygen  and  nitrogen)  was  controllable  by  a  small  purge  of 
sweep  gas  (argon)  In  the  patented  target  chaiiber,  which  was  open  at  the 
top.  The  solidified  titanium  deposit  was  bright  and  lustrous. 

4.  The  deposits  were  lOOZ  dense  with  no  voids  or  porosities.  Density  Is 
very  Important  trhan  one  la  considering  making  castings  of  this  material 
In  one  step  directly  from  the  Hunter-Kroll  fines. 

Most  Important,  whan  chemical  analyses  were  performed  on  the  solidified  metal 
product,  residual  sodium  was  not  found  and  residual  chlorine  was  between  SO 
and  ISO  ppm.  The  product  of  the  laser  fusion  of  as-racelved  Hunter-Kroll 
titanium  sponge  fines  was  therefore  high  purity  titanium  metal  with  a 
chlorine  content  that  made  the  product  weldable.  Table  1  shows  typical 
chemistries  before  and  after  laser  processing,  and  the  ability  of  the  process 
to  drive  off  the  chlorine  and  sodium  Impurities. 

Table  I  The  Laser  Fusion  Process  In  the  Gas  Sweep  Target  Chamber 
Purifies  the  Titanium  of  Chlorine  and  Sodium  Contaminants 


Element 

As-Recalved  Kroll  Fines 

Laser  Cast 

Titanium  Product 

Cl 

1500  ppm 

50-150  ppm 

Na 

1500 

0 

SI 

2000 

800 

Fe 

900 

900 

*0 

1100 

1300 

*N 

100 

100 

eLeco;  >  2X  •  NBS  traceable. 


Titanium  powder  was  placed  In  the  argon  sweep  purged  chamber  mounted  on  an 
x-y  table.  Tests  were  performed  to  determine  beam  energy,  beam  optic 
manipulation  frequency,  and  linear  travel  speed  to  fuse  a  linear  strip  of 
titanium.  Proper  settings  were  determined  to  fuse  a  flat  deposit  of  titanium 
0.5-ln.  wide  by  any  length.  Bright,  lustrous  deposits  of  pure  titanium  were 
made  In  one-layer  (0.030-ln.)  and  four-layer  (0.120-ln.)  thickness.  Analysis 
of  the  product  showed  the  following: 

1.  Residual  sodium  was  0  ppm  and  chlorine  50  to  100  ppm. 

2.  Bulk  oxygen  remained  below  1300  ppm,  and  nitrogen  remained  unchanged  at 
100  ppm. 

3.  There  was  no  casting  porosity.  Almost  all  of  the  chlorine  and  sodium 
were  evolved. 

4.  The  metallurgical  structure  was  aclcular  alpha  with  a  weak  outline  of  the 
previous  beta  structure. 

5.  There  was  no  residual  demarcation  to  denote  where  the  layers  had  formed 
or  were  fused  one  to  another.  Interestingly,  the  casting  of  one  layer 
could  be  the  heat  treatment  for  the  previous  layer. 

6.  The  lateral  unfused  powder  acted  to  retain  the  melted  titanium  until  It 
solidified,  and  raaultad  In  a  sharp  replication  (layer  by  layer)  of  the 
desired  shape. 

The  previous  test  was  repeated  with  one  change:  60-40  commercial  aluminum- 
vanadium  powder  was  blended  10-90  with  the  as-received  Hunter-Kroll  sponge 
fines.  The  laser  parameters  used  In  the  previous  test  were  employed,  and  a 
flat,  linear  deposit  of  T1-6A1-4V  alloy  0.5-ln.  wide  by  0.040-ln.  thick  was 
made  In  situ  In  one  step.  SEM  analysis  showed  that  the  In  situ  manufactured 
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alloy  was  hoaoganooua  In  coapoaltlon  and  frao  of  poroalty.  Ita  aodlua 
content  was  0  ppa  and  Ita  chlorine  was  SO  to  ISO  ppa.  Alloy  powder  could 
thus  he  blended  with  the  as-received  Hunter-Kroll  fines,  and  tltanlua  alloys 
produced  and  near  shape  laser  cast  In  one  stap. 

The  as-received  Hunter-Kroll  tltanlua  sponge  fines  were  next  placed  onto  a 
rotary  table  snunted  Inside  the  sweep  gas  target  chaad>er  that  was  on  an  x-y 
table.  The  laser  energy  levels,  target  travel  speeds,  powder  thicknesses, 
laser  optic  actions,  etc.,  detenlned  In  the  prior  tests  were  eaployed  to 
produce  the  following  structures: 

1.  A  strictly  rotary  notion  of  the  powder  target  beneath  the  laser  bean 
penltted  the  sequential  layer  casting  of  a  tltanlua  cylinder  3.0- In.  OD 
by  1-ln.  high  with  e  1-ln.  center  hole.  Vertical  registry  of  the 
cylindrical  layers  could  be  controlled  with  less  than  1/32-ln.  offset. 

2.  An  off-set  linear  notion  was  added  after  each  rotary  novenent  as  above, 
and  a  hub  with  two  canted  Inpeller  vanes  (2. 5- In.  radial  extension  fron 
the  hub)  was  cast  (Figure  1) . 

These  acconpllshsMnts  set  the  technical  and  feasibility  foundation  for  a  new 
method  of  processing  tltanlua  and  Its  alloys.  The  following  sections 
describe  advantages  It  offers  over  current  practice. 


The  aaln  technical  advantage  of  this  process  Is  that  It  Is  a  coapletely 
flexible,  computer  controlled  procese  by  which  swtal  shapes  and  part 
gaoaetrles  aay  be  fabricated  (cast)  by  software  coding  of  the  swtlon  of  the 
end  adapters  for  the  laser  fixture  and  the  robotic  assist  devices,  l.e. ,  cast 
without  molds  or  dies.  The  pact  aay  be  designed  on  an  auto-CAO  computer 
system  and  downloaded  to  the  process  control  computer,  which  calculates  the 
Incremental  planes  taken  through  the  desired  pact  geometry  and  controls  the 
laser  lithography  and  planar  registry  required  to  form  the  part  by  the 
Incremental  fusion  process  described.  For  modem  foundries  or  die  forging 
shops  where  minimum  lot  sizes  of  500  or  1000  pieces  are  required  Co  cover  the 
cost  of  Che  die  and  or  mold,  or  for  rapid  prototyping  for  lots  of  one  or  two, 
without  Che  cost  and  time  delays  to  design  and  machine  molds  and/or  dies, 
this  process  shows  merit. 

Improvements  In  practice  over  prior  act  Include  the  following  unique 
features : 

•  Structures  are  formed  Co  near  shape  without  molds  or  dies. 

•  Structures  can  be  formed  by  do%mloadlng  CAO/CAE  generated  x-y  motions  for 
each  planar  section  of  Che  desired  part  Co  the  casting  bed,  making  the 
process  extremely  flexible.  Instantly  changeable  (product  dealgn), 
amenable  Co  siiall  lot  sizes  (lots  of  *one*),  and  the  product  Is 
automatically  formed  (minimal  skilled  labor  concent) . 

•  The  compositional  makeup  of  Che  part  being  formed  may  be  varied  throughout 
Its  dimension  Co  optimize  desired  part  operational  requirements. 

•  The  Inert  fludlzlng  gas  acts  to  sweep  away  all  evolved  gases  and  vaporoua 
weld  (fusion)  products  to  clean  the  weld  (fusion)  zone  and  produce  a 
bright,  lustrous  metal  product. 

•  Only  Che  near  shape  volume  of  material  of  the  desired  part  Is  cons\aed  In 
the  process,  thus  conserving  Che  remelnlng  powder  material  In  the  bed  for 
reuse  later  (lOOX  raw  material  utilization). 

•  The  same  powder  bed  may  be  used  for  the  eequenClal  production  of  e  series 
of  different  geometrically  shaped  parts  without  any  physical  changes 
except  for  the  software  that  controls  the  CNC  table  that  provides  the  x-y 
motion  for  the  bed. 

•  The  sweep  gas  aay  be  varied  during  the  fabrication  process  to  Impart 

1,400 


carCaln  hardnaaa  propartlaa  to  tha  pro^luec.  For  InaCanca,  parlodlcally 
adding  nltrogan  or  aathana  to  tha  Inart  gaa  for  farroua  or  auparalloy  part 
fabrication  could  lapart  banda  of  varying  hardnaas  to  tha  structura. 

•  Haatlng  tha  po%idar  bad  with  burlad,  Mtalllc  ahaath  cartrldga  haatara  will 
raault  In  a  hot  powdar  food  to  tha  wald  fualon  aona,  which  could  laprova 
tha  aatallurglcal  propartlaa  of  tha  raaultlng  fuaad  ahapa  fora. 

Slnca  laaar  %falda  hava  boon  auccaaafully  parforaad  ualng  looaa  powdara  fed 
by  a  tuba  Into  tha  baaa,  or  on  looaa  powdara  laid  before  tha  baaa/*’^**  the 
probabllltlea  for  auccaaa  of  thla  procaaa  ualng  the  powdar  caatlng  bad  ara 
high.  Tha  potantlal  of  tha  procaaa  for  tha  aatala  fabricating  Induatry  la 
good.  Potantlal  product  llnea  Include  near  ahapa  caatlnga,  forging  preforaa, 
repair  of  fractured  atructurea,  and  the  coating  and  glazing  of  dlaalallar 
■etal  atructurea.  Slallar  powdar  foralng  procaaaaa  ara  now  being 
reported.**** 

Coat  Advantages 

Caah  flow  analyaaa  of  tha  new  foralng  procaaa  for  tltanlua  and  tltanlua  alloy 
atructurea  aa  atandalona  profit  cantara  ware  made.  Projected  product  coata 
have  been  coapared  with  thoaa  of  forged  and  HIP'd  product  using  coat  curves 
obtained  froa  public  reports.***'**’***  Tltanlua  alloy  atructurals  for 
aerospace  application  foraed  by  this  process  typically  would  cost  around  30 
to  40Z  of  the  aarglnal  cost  of  the  saae  product  foraed  by  forging  and 
HlP'lng.  Autoclave  costs  and  starting  aatarlal  coata  are  the  high 
contributing  factors  for  HlP'lng,  while  excessive  aachlnlng  and  heat 
traatsMnt  cotta  ara  the  factors  for  forging.***'***  The  new  laser  process 
described  here  proalsas  significant  cost  reductions  for  tltanlua  atructurals 
for  several  reasons: 

•  It  starts  with  low  cost  Kroll  fines  as  opposed  to  $60  to  $600  a  pound  REP 
powder  for  HlP'lng,  or  $10.50  a  pound  and  up  Ingot  for  forging. 

•  It  purifies,  alloys,  and  near  (net?)  shapes  the  tltanlua  sponge  fines  to 
final  product  In  one  step. 

•  It  does  NOT  require  aolds,  dies,  vacuua,  or  preaaure  autoclave  equlpaents. 

•  Since  It  la  totally  software  driven,  prototypa  lot  sizes  of  *one*  can  be 
nade. 

•  Unused  tltanlua  powders  (Kroll  fines)  are  not  consuaed,  do  not  need  to  be 
reprocessed,  and  can  be  recycled  laaedlately. 

This  new  laser  foralng  process  could  be  developed  to  contribute  significantly 
toward  Increasing  opportunities  and  aarkats  for  tltanlua. 
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Abstract 


A  finite  element  model  for  superplastic  forming,  SUPFORM3,  is  presented.  The  mechanical 
formulation  is  based  on  membme  approximation.  The  model  includes  contact  and  friction  with 
dies  of  complex  geometry.  A  special  attention  is  devoted  to  the  calculation  of  the  "optimum 
presswe  cycle".  The  advantages  of  using  a  domain-specific  code  has  been  amply  illustrated  by 
applying  SUPFORM3  to  industrial  problems.  Since  this  model  has  been  already  tested  in  a  great 
number  of  cases,  the  aim  of  this  paper  is  to  demonstrate  the  capability  of  the  code  to  deal  with 
teal  industrial  problems. 


Introduction 

Superplastic  sheet  forming  of  titanium  alloys  has  been  developed  for  the  last  twenty  years  in  the 
aerospace  industry.  When  associated  with  diffusion  bonding  (SPF/DB),  this  technique  allows 
the  matiufacturing  of  near  net  shape  complex  structural  components  in  a  single  forming  operation 
(II.  This  pr^ess  takes  advantages  of  the  excellent  superplastic  properties  of  the  widespread 
structural  Ti-6Al-4y  alloy  [2]:  in  a  certain  range  of  temperature  and  strain  rate,  the  plastic 
deformation  is  relatively  stable  and  it  is  possible  to  produce  large  deformations  under  low  flow 
stress.  It  is  to  be  noticed  that  the  single  sheet  process  is  now  more  and  more  applied  to 
alumunium  superplastic  alloys  and  that  active  research  is  in  course  concerning  the  diffusion 
bonding  of  A1  alloys  (3|. 

The  basic  forming  operation  is  sheet  bulging  by  a  one-sided  gas  pressure  in  a  shaped  mould. 
Although  the  technology  seems  conceptually  simple,  the  influence  of  the  process  parameters 
(pressure  cycle,  lubrication  conditions,  die  geometry...)  on  the  final  thickness  profile  is  far  from 
well  established.  A  number  of  theoretical  analysis,  bas^  on  iterative  techniques,  were  developed 
to  predict  thickness  variations  in  the  forming  of  specific  bidimensional  shape  only  [4-6]. 
However,  the  previous  analysis  are  not  generally  applicable  to  the  2D  (and  a  fortiori  3D)  shaped 
components. 

Now,  there  is  a  g^t  need  from  aerospace  industry  for  a  better  control  of  superplastic  forming 
operations,  especially  for  complex  pans.  Consequently,  research  has  been  very  active  in  this  area 
during  the  recent  years  (7-101,  with  intensive  use  of  the  finite  element  method  which  is  more 
general  ai^  flexible  than  previous  models  (11).  Six  years  ago,  the  CEMEF  laboratory  (Centre 
for  material  forming  processes  in  France)  has  developed  a  3D  finite  clement  model  for 
supcrplastic  forming  called  SUPFORM3  (7-81. 

The  purpose  of  the  present  paper  is  to  illustrate  the  capabilities  of  SUPFORM3.  A  general 
presentation  is  summurized  and  then  industrial  applications  of  SUPFORM3  arc  presented.  For 
more  detail  on  the  scientific  background  the  interested  reader  can  refer  first  to  the  appendix  and 
secondly  to  the  Ubliography. 
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The  modelling  of  an  industrial  situation  is  done  with  SUPFORM3  using  a  group  of  modules 
which  carry  out  the  finite  element  analysis,  pre  and  post  processing  functions.  The  general 
mechuiical  frame  is  a  plane  stress  membrane  formulation  for  an  isotropic  strain-ha^ening 
mataiaL  The  finite  element  method  is  used,  associated  with  an  incremenol  viscoplastic  flow  rule 
obtained  by  the  implicit  time  integration  of  the  constitutive  relations  over  the  increment.  The 
general  solving  procedure  is  a  Newton  Raphson  algorithm.  The  element  types  that  can  be  used  in 
SUPFORM3  are  3-nodes  triangles  or  4-nodcs  quadrangles.  The  model  includes  contact  and 
friction  with  dies  of  complex  geometry,  and  pressure  optimization  in  order  to  remain  in  the 
superplastic  strain-rate  range.  SUPFORM3  can  treat  single  sheet  forming  problems  only,  while  a 
2D  model  SUPFORM2  exists  and  is  able  to  simulate  the  forming  of  diffusion  bonded 
components. 

The  simulatioti  stands  in  three  steps:  first  the  data  generation  (surfacic  mesh  of  the  die  issued 
from  rammercial  CAD  system,  design  of  the  finite  element  mesh  of  the  sheet  with  an  interactive 
graphic  pre-processor,  input  of  the  rheolo^cal  and  tribological  data),  secondly  the  computation 
itself,  and  then  the  results  exploitation  with  graphic  post-processing.  The  color  graphic  post- 
process  enables  the  user  to  visualize  the  deformed  mesh  and  the  iso-lines  of  each  computed 
result:  equivalent  strain  rate,  equivalent  strain,  stress,  thickness,  contact  zone .... 

Applications 

Three  dimen.<innal  SPF/DB  cnmnon^nt 

This  investigation  is  related  to  the  design  of  a  test  part  made  of  Ti-6-4  alloy  (figure  1).  It  is  a  4- 
sheet  component  with  an  internal  vertical  rib,  which  is  formed  by  two  core  sheets,  and  divides 
this  circular  part  in  two.  The  deformation  of  internal  sheets  only  has  been  studied,  as  it  is  the 
most  critical.  By  reason  of  symmetry,  only  a  upper  quarter  of  the  system  has  been  considered. 


The  finite  element  mesh  is  made  of  1027  nodes  and  1944  triangular  elements.  The  friction 
conditions  are  the  following;  as  the  studied  sheet  is  to  contact  the  external  sheet  without  any 
lubrication  (to  allow  diffusion  bonding),  the  contact  is  considered  sticking,  except  in  the  rib 
region.  To  form  the  vertical  rib,  the  internal  sheet  comes  into  contact  with  itself  and  this  can  be 
simulated  by  a  sliding  contact  on  the  vertical  fictitious  wall.  The  initial  thickness  of  the  core 
sheets  is  0.74  mm. 

The  study  proceeded  in  three  steps.  The  3D  code  was  run  first,  in  order  to  compute  the  optimum 
pressure  curve,  for  a  given  value  3.10“*  s’’  of  the  maximum  equivalent  strain  rate,  and  taking 
into  account  an  upper  limit  for  the  forming  pressure  (figure  2).  In  a  second  phase,  the  part  was 
formed  experimentally  with  a  pressure  curve  fitting  as  well  as  possible  the  previous  one.  Finally, 
the  code  was  run  again  with  the  pressure  curve  recorded  during  the  experiment. 


MAXIMUM  EQUIVALENT  STRAIN  RATE  (5-1) 


Figure  2:  Optimum  pressure  curve  and  strain  rate  regulation 


Figure  3:  Successive  deformed  meshes 

The  comparisons  between  the  computation  and  the  experiment  have  been  done  at  two  different 
forming  times  1500  and  2500s.  The  figure  3  shows  the  successive  computed  deformed  meshes 
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which  are  in  rather  good  agreement  with  the  experiment.  However,  at  the  end,  of  the  forming, 
the  filling  of  the  comers  is  slower  with  the  model.  This  is  probably  due  to  a  coarse  mesh  in  these 
regions,  and  it  illustrates  clearly  the  need  for  a  remeshing  operation.  Concerning  th.  computation 
cost,  S4  increments  were  necessary  to  get  the  final  configuration,  resulting  in  about  1  hour  CPU 
time  on  a  vectorial  computer  FPS  64/60. 

As  regards  the  thickness  distribution,  several  cross  sections  of  the  part  have  been  analysed 
(figure  1)  and  generally,  the  agreement  with  the  experiment  is  quite  good  (figure  4).  It  is  worth 
to  notice  that  the  hypothesis  of  the  sliding  contact  against  the  fictitious  wall  has  been  confirmed 
by  experimental  results:  for  a  given  x  coordinate,  the  thickness  has  been  found  uniform 
throughout  the  rib. 


**  It  *  u «  «a4  n  t  ••  f 
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Figure  4:  Computed  thickness  profile  in  the  different  cross  sections.  Venical  segments  are  for  the 
experimental  results 


In  order  to  evaluate  the  capability  of  SUPFORM3  on  aluminium  alloys  also,  the  following  trials 
were  carried  out.  The  part  represented  the  border  of  an  "helicopter  V  fin"  made  in  8090 
supe^lastic  aluminium  alloy  as  shown  on  figure  5.  The  thickness  of  the  sheet  was  2.5mm.  The 
forming  step  was  a  classic  sheet  bulging  by  a  one  sided  gas  pressure  in  a  shaped  mould.  The  part 
was  divided  in  three  pieces  for  the  simulation  operation:  the  body,  the  cross  and  the  wings.  For 
each  piece  SUPFORM3  gave  the  following  results:  a  pressure  curve  fora  given  value  3.10-4  s-1 
of  the  equivalent  strain  rate,  a  Z  axis  deflection  curve  (for  a  given  section)  as  a  function  of  time 
and  a  thickness  distribution  diagram. 
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Figure  S:  Shematic  description  of  the  pan. 


Figure  6:  Thickness  distribution  of  the  cross  (iTiaxiinum=1.9,  minimuin=0.76). 


The  combination  of  the  3  pressure  curves  gave  the  pressure  cycle  used  to  realize  the  part.  The 
deflection  curves  showed  that  the  body  was  formed  first,  then  came  the  cross  and  at  last  the 
wings.  The  thickness  distribution  diagrams  were  very  useful.  They  permited  to  evaluate  the 
equivalent  strain  rate  everywhere  in  the  part,  showing  that  the  maximum  strain  rate  had  to  be 
obtained  in  the  wings  and  was  over  the  performances  of  the  material  (over  1(XX)%).  The 
thickness  distribution  diagram  of  the  cross  is  presented  on  figure  6.  It  shows  that  a  critical  area  in 
the  part  is  located  at  the  basis  of  the  rigth  wing,  near  the  joining  edge  with  the  cross.  This  is  due 
to  an  important  re-entrant  shape. 


Z  deflection 
(mm) 


Experiment  thickness  (mm)  SUPF0RM3  results  (mm) 


Figure  8:  Comparison  between  the  simulation  and  the  experiment  in  the  body  area. 

The  part  was  formed  to  check  the  good  reliability  of  the  simulation.  This  part  is  shown  on  figure 
7.  Two  failures  of  the  matenal  were  observed  on  the  part.  One  was  located  on  the  cross  at  the 
basis  of  the  rigth  wing  and  the  other  one  was  on  the  extreme  area  of  the  left  wing  where  the 
equivalent  strain  rate  was  1070%. 

The  part  was  cut  in  the  body  area  to  check  the  simulated  thickness  distribution.  The  results  are 
presented  on  figure  8.  The  agreement  with  the  experiment  is  excellent.  The  error  of  the 
simulation  is  about  3%.  This  is  a  remakable  for  an  industrial  application. 

In  order  to  check  the  reproducibility  of  the  experiment  an  other  part  was  produced  using  the  same 
material  and  the  same  forming  cycle.  The  results  were  confirmed 

An  other  simulation  of  the  part  was  performed  with  an  other  superplastic  aluminium  alloy:  7475. 
Due  to  different  rheological  data,  the  pressure  curve  and  the  thickness  distribution  diagram  were 
different.  An  other  forming  trial  was  done  and  once  again  a  very  good  corelation  was  obtained 
between  simulation  and  experiment. 

The  following  step  would  be  to  optimize  the  thickness  distribution  of  the  part  using  a  sheet  with 
different  tickness  areas.  SUPFORM3  is  able  to  deal  with  this  kind  of  problem. 

Conclusion 

Now  SUPFORVI3  is  able  to  solve  a  great  number  of  industrial  problems.  The  examples 
previously  presented  have  brievly  proven  some  of  the  capabilities  of  the  code.  The  results  are 
promising  but  in  order  to  increase  the  efficiency  of  the  code,  further  developments  should 
focused  on  automatic  remeshing. 

SUPFORM3  is  implemented  on  different  kind  of  computer  and  specially  on  the  new  powerfull 
workstation  where  a  realistic  simulation  (more  than  10  (XX)  triangular  elements)  can  be  performed 
for  less  than  one  night  of  CPU  time. 


Aputatfii 

Flaw  rule 

Fine  grain  size  and  high  temperature  are  the  two  basic  requirements  for  titanium  alloys 
superplasticity.  The  main  characteristic  of  the  superplastic  betevoiur  is  the  high  sensitivity  of 
the  flow  stress  to  the  rate  of  strain,  which  ensures  the  deformation  stability.  This  phenomenon 
occurs  in  a  certain  range  of  low  strain  rates;  the  flow  stress  has  then  low  rule  (deduced  from 
tension  tests)  is  of  the  following  usual  form; 


o«,  =  kt'" 

(1) 

with 

k=k(E) 

(2) 

m  =  m  (E ) 

(3) 

where  Oeq  is  the  equivalent  Von  Mises  stress,  %  is  the  equivalent  strain  rate,  r  is  the  equivalent 
strain  and  m  the  strain  rate  sensitivity  index.  In  the  present  models,  the  sheet  material  is 
assumed  to  be  purely  viscoplastic  with  an  associated  flow  rule  of  type  (1).  Relations  (2)  and  (3) 
can  be  given  by  analytical  fnmulae  or  point  by  point  tables. 

Mechanical  formulation 

Considering  the  thickness  of  the  superplastically  formed  sheet,  with  respect  to  their  radii  of 
curvature,  bending  effects  are  assured  to  be  negligible  in  front  of  expansion  effects  and 
membrane  equations  can  be  used  to  describe  the  defonnation  and  the  equilibrium  of  the 
deformed  sheet.  The  deformed  sheet  is  then  assumed  to  be  a  geometric  surface  and  material 
points  are  identified  by  two  convected  material  coordinates  and  ©2)  which  are  initialized  as 
the  cartesian  coordinates  in  the  undeformed  plane  state.  For  each  material  point,  the  position 
vector  X  and  the  associated  local  thickness  depend  on  9'.  A  covariant  tangential  vector  basis 
(8l,S2«S3)  is  then  defined  :  gi  and  g2  are  tangent  to  e’  and  9^  lines,  and  g3  is  the  local  unit 
normal  veaor. 


The  principle  of  virtual  work  is  used  to  write  the  equilibrium  of  the  deformed  sheet :  for  any 
arbitrary  velocity  field  v*,  we  have : 

Jn  o'j  £*ij  hds  -  L  (-p)  gs-v*  ds  -  L  t.v*  ds  =  0  (4) 

¥  P 

where  a’i  are  the  contravariant  components  of  the  stress  tensor  (plane  stress  :  ij  =1,2),  E*ij  are 
the  covariant  components  of  the  virtual  strain  rate  tensor  connected  with  v*,  t  are  the  friction 
stresses  applied  to  the  sheet  regions  fle  contacting  the  mold,  and  p  is  the  fluid  pressure  applied 
to  the  domain  Op  of  the  deformed  surface  n. 

Mumcrical  rtgolHliflii 
Timcdiacretotion 

The  model  is  of  increnrental  type  :  at  each  time  increment  [t,t+At],  starting  with  a  balanced 
defomed  configuration  12  at  time  t,  the  problem  lies  in  the  calculation  of  the  unknown 
equilibrated  state  O'  at  t+At.  By  application  of  (4)  at  t+At,  and  denoting  "prime”  the  mechanical 
variables  at  t+At,  we  should  have,  for  any  virtual  velocity  field  v*  ; 

Jjj,o'>j£»ijh'ds’+|jj,  p’g'3.v*  ds'-Jjj,  t’.v*  ds'  =  0 
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(5) 


This  equation  may  be  solved  in  tenns  of  incremental  displacements  U  between  O  and  O',  durir^ 
At,  provided  that  we  can  calculate  o'.t'  and  h*  as  functions  of  U.  Those  relations  are  exposed 
hereunder  and  the  solution  procedure  further. 

Incremental  flow  rule 

The  incremental  strain  tensor  Ae  is  function  of  the  covariant  derivatives  of  the  displacement  field 

U.  The  relation  o'=  o'(o,  Ae)  is  then  based  on  a  semi-implicit  time  integration  of  the  strain 
rate,  during  At  [13]. 

Contact 

The  die  surface  is  discretized  in  triangular  elements  (3D  model)  or  in  linear  elements  (2D 
model),  so  that  it  is  possible  to  evaluate  sheet  points  relative  positions  easily,  at  each  time 
increment  On  the  surface,  different  regions  with  different  contact  conditions  can  be  defined.  In 
the  contacting  regions,  contact  can  be  sticking  or,  if  not  the  tangential  friction  stress  I  is  given 
by  a  Coulomb  mi^el.  p  denoting  the  applied  forming  pressure,  p  the  friction  coefficient,  we 
have  : 

t  =  -  4  p  (  1  /  IIUII )  U  (6) 


Thickness  calculation 

The  new  local  thickness  h’  is  deduced  from  the  equation  of  volume  conservation.  The  material 
is  here  considered  as  incompressible:  the  elastic  contribution  to  the  thickness  variation  is 
neglected.  Taking  into  account  that  the  elementary  surface  ds  is  given  by  =  det(g)  de'  de^, 
where  g  is  the  metric  tensor,  this  yields  ; 

h'  =  h  V  dct(g)  /  det(g’)  (7) 


Spatial  discretiration  bv  the  finite  element  method 

The  membrane  surface  is  meshed  with  two-dimensional  finite  elements  (linear  triangles  or 
linear  quadrangles,  3D  model)  or  one-dimensional  finite  elements  (2D  model).  "Die  finite 
element  implementation  is  given  in  details  in  18]  and  (12).  The  resolution  of  the  discretized 
equilibrium  equation  (5)  at  every  time  step  leads  to  the  resolution  of  a  non-linear  system,  the 
unknown  variable  of  which  is  the  vecto-  U  of  the  nodal  displacement  components  : 

R(U)=0  (8) 

This  set  of  equations  is  solved  iteratively  by  the  Newton-Raphson  method  :  the  tangent  stiffness 
used  is  the  symmetric  pan  of  the  exact  tangent  stiffness  dR/dU. 

Computation  of  the  optimum  pressure  curve 

To  avoid  necking  and  to  optimize  the 
forming  time  are  the  two  basic  ideas  for 
such  a  computation.  This  is  illustrated  by 
the  following  figure. 

An  automatic  pressure  computation  has 
been  worked  out  to  regulate  the  maximum 
strain  rate  in  the  sheet  around  the  upper 
bound  of  the  superplastic  domain:  most  of 
the  sheet  is  then  deformed  in  superplastic 
conditions  and  the  forming  time  is 
minimum. 

At  the  beginnning  of  each  time  increment, 
the  pressure  correction  is  computed  in 
function  of  the  previous  differences 
between  the  aimed  and  the  maximum  value 
of  the  strain  rate. 


Figure  1:  Typical  behaviour  law  of  a 
superplastic  alloy  and  basic  idea  of  the 
automatic  pressure  computation 
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SUPERPLASTICITY  AND  POST-FORMING  ROOM  TEMPERATURE  TENSILE 


PROPERTIES  OF  Ti-2.5%  Cu  ALLOY 
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Abstract 

The  superplastic  deformation  properties  of  the  alloy  Ti-2.S  %  Cu  have  been  assessed  in 
the  temperature  range  775-890°C  and  for  three  different  microstructural  conditions,  le. 
a  +  Ti,Cu,  a-t-B  and  B.  The  influence  of  uniaxial  superplastic  deformation  followed  by 
an  ageing  treatment  process  on  the  room  temperature  tensile  properties  has  also  been 
investigated.  The  results  show  that  the  alloy  deformed  superplastically  when  tested  in  the 
of+B  phase  field  in  which  the  superplastically  deformed  structure  consisted  of  a  grains 
surrounded  by  B  grain  boundary  network,  but  it  showed  no  superplasticity  when  tested  in 
either  a  +  TijCu  or  B  phase  fields  The  strain  hardening  which  was  observed  in  the  a-i-B 
phase  field  (the  superplastic  field)  is  associated  with  grain  growth  and/or  the 
redistribution  of  the  phases  during  the  deformation  process 

The  results  of  the  room  temperature  tensile  properties  also  showed  that  significant  tensile 
strength  reductions  occur  after  superplastic  deformation  as  compared  to  the  annealed 
condition  after  the  same  ageing  treatments  These  reductions  were  due  to  factors  such 
as  grain  growth  and  to  changes  in  the  distribution  of  the  eutectoid  phase. 

Introduction 

The  alloy  Ti-2.S%  Cu  is  a  fonnable  sheet  alloy  with  better  high  temperature 
characteristics  than  commercially  pure  titanium  (1].  It  is  also  the  only  commercial 
titanium  alloy  which  is  heat  treated  to  exploit  the  precipitation  hardening  effects  of  the 
TijCu  eutectoid  phase,  the  eutectoid  reaction  in  the  Ti-Cu  system  being  considerably  less 
sluggish  than  in  other  eutectoid  titanium  alloys 

This  alloy  provides  the  opportunity  of  (a)  investigating  its  (superplastic)  deformation 
properties  in  temperature  ranges  corresponding  to  the  a  -i-  Ti,Cu,  a +B  and  B  phase  fields 
(b)  the  effects  on  the  deformation  behaviour  in  changing  the  deformation  temperature 
from  one  phase  field  to  another  and  (c)  the  effects  of  the  (superplastic)  deformation  and 
the  elevated  temperature  exposure  on  the  subsequent  ageing  behaviour  and  room 
temperature  tensile  properties  in  relation  to  the  annealed  material 
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Alloy  and  Experimental  Procedure 

The  alloy  Ti-2.S%  Cu  was  supplied  as  roiled  sheet  l.S  mm  thick  manufactured  by  IMI 
Titanium  Ltd..  Birmingham,  UK,  from  which  tensile  test  specimens  with  a  gauge  length 
of  20  mm  and  width  of  S.O  mm  were  machined.  The  high  temperature  tensile  tests  were 
carried  out  on  an  Instron  tensile  testing  machine  on  which  was  mounted  a  three-zone  tube 
furnace  accurate  to  ±  2°C.  Oxidation  of  the  specimens  was  kept  to  a  minimum  by 
diffusing  high  purity  argon  up  through  the  furnace. 

Prior  to  testing,  the  specimens  were  solution  treated  in  the  furnace  at  the  testing 
temperatures  for  1  hr.  prior  to  the  commencement  of  straining.  The  testing  procedure 
involved  prestraining  the  specimens  to  an  initial  strain  (lS-20%)  at  a  cross-head  speed 
corresponding  to  a  high  strain  rate  of  about  2  x  IB’  s  '.  During  this  stage  a  transient 
work-hardening  peak  was  observed  followed  by  a  constant  flow  stress.  Prestraining 
therefore  is  important  in  that  it  establishes  a  microstructural  condition  in  which  transient 
work  hardening  is  not  observed  and  which  would  otherwise  confuse  the  subsequent  stress- 
strain  rate  -  strain  data.  The  cross-head  speed  was  reduced  to  give  a  low  strain  rate 
(about  4.0  X  10’  s')  and  the  load  again  allowed  to  stabilise.  The  cross-head  speed  was 
then  increased  in  stages  to  the  highest  strain  rates  (about  4.0  x  10’  s  ' );  the  load  being 
allowed  to  stabilise  between  each  change.  Then  the  cross-head  speed  was  reduced  in 
stages  to  give  the  lowest  strain  rates.  The  sequence  of  this  cycling  was  repeated  at 
increasing  strain  levels,  and  enables  an  assessment  to  be  made  of  the  effects  of  suain  and 
time  as  well  as  strain  rate  on  the  flow  stresses.  The  flow  stresses  and  the  corresponding 
strain  rates  were  evaluated  assuming  a  uniform  elongation  and  a  constant  volume.  A 
curve  fitting  computer  program  was  used  to  draw  a  smooth  curve  through  the  data  points 
and  the  strain  rate  sensitivity  (m)  values  were  obtained  from  the  slopes  between  adjacent 
points  |2|. 

The  room  temperature  properties  for  both  the  superplastically  deformed  and  annealed 
specimens  in  the  temperature  range  77S-960°C  were  evaluated  after  being  subjected  to 
a  duplex  ageing  treatment  consisting  of  24  hrs  at  400°C  plus  8  hrs  at  47S°C  |1|.  This 
ageing  treatment  is  recommended  for  Ti-2.5  %  Cu  since  it  gives  a  consistent  and  reliable 
ageing  response  and  reduces  the  total  ageing  time  to  an  acceptable  duration.  Following 
the  ageing  treatment,  the  deformed  and  the  annealed  specimens  were  tested  in  tension 
at  room  temperature  on  an  Instron  tensile  testing  machine  employing  a  strain  rate  of  4 
X  10’  s'  |3|. 

Microscopical  observations  were  carried  out  on  the  superp’  .stically  deformed  and 
annealed  specimens  (gauge  length  and  the  grip  sections  of  the  test  pieces)  in  order  to 
analyse  the  microstnictures  developed  and  to  help  establish  the  mechanisms  operating 
during  the  deformation  process. 


Results 

The  superplastic  deformation  properties  of  the  alloy  were  evaluated  as  described  above 
in  the  temperature  range  773-890°C,  and  the  results  of  these  tests  are  summarised  in 
Table  I,  which  indicates  that  the  strain  rate  sensitivity  (m)  values  are  greater  than  O.S 
when  the  alloy  is  tested  in  the  temperature  range  810-8S0°C  (Le.  in  the  a+B  phase  field), 
whereas  the  m  values  are  less  than  0.4  when  the  alloy  is  tested  at  775°C  (ot  +  Ti.Cu 
phase  field)  and  890°C  (fi  phase  field). 
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Table  I.  Maximum  m-value$  observed  in  the  temperature  range  77S-890*C 
for  the  alloy  Ti-2.5  %  Cu. 


Phase  Field 

Temp.  °C 

Max.  m-value 

Strain-rate  range  t  /s  ' 

Elong  % 

a  +  Ti,Cu 

773 

0.31 

1.1  X  10’  -  7.1  X  10" 

- 

a  +  B 

810 

0.33 

3.6  X  10’  -  3.2  X  10’ 

140 

a  +  B 

830 

0.30 

2.6  X  10’  -  2.9  X  10’ 

180 

a  +  B 

838 

0.39 

27  X  10’  -  2.9  X  10’ 

176 

a  +  B 

830 

0.71 

3.1  X  10’  -  2.8  X  10’ 

173 

B 

890 

0.28 

13  X  10’  - 17  X  10’ 

- 

Figure  1  shows  the  stress-strain  rate  and  strain  rate  sensitivity  data  (up  to  total  strains  of 
about  140%)  for  the  test  carried  out  at  810°C.  This  shows  that  the  flow  stresses  increase 
with  strain,  but  the  effect  is  most  marked  at  low  levels  of  strain  (compare  the  data  for 
cycles  1  and  2  with  those  for  4  and  S).  This  indicates  an  approach  to  an  equilibrium 
microstructural  state  in  which  the  flow  stresses  are  strain  independent 

The  microstructures  of  the  undeformed  (annealed)  and  superplastically  deformed  alloy 
at  810°C  are  compared  in  Figs  2(a)  and  2(b).  These  clearly  show  enhanced  a  grain 
growth  in  the  superplastically  deformed  alloy  and  a  redistribution  of  the  B  phase  around 
the  a  grains  to  become,  in  effect  a  continuous  matrix  phase.  In  addition  to  constant 
temperature  tests  (Table  1),  strain  rate  cycling  tests  were  also  carried  out  during  which 
the  temperature  was  changed  so  as  to  straddle  the  (a  +  TijCu)  and  (a  +  B)  phase  fields 
Fig.  3  shows  the  results  on  increasing  the  deformation  temperature  from  790°C  (cycles 
1,  2  and  3)  to  803 °C  (cycles  4  and  3).  It  clearly  shows  the  decrease  in  flow  stresses  and 
increase  in  m  values  in  the  small  temperature  between  the  (o  +  ti^Cu)  and  (a  +  B)  phase 
fields 

Fig  4  shows  the  changes  in  microstnicture  associated  with  the  data  shown  in  Fig  3.  Fig 
4(a)  shows  the  (a  +  TijCu)  microstructure  of  the  alloy  annealed  at  7W'C;  Fig  4(b) 
shows  that  on  raising  the  annealing  temperature  from  790  C  to  803 °C,  the  B  phase 
nucleates  from  the  Ti,Cu  phase  and  grows  preferentially  at  the  a  grain  boundaries  Fig 
4(c)  shows  the  microstnicture  of  the  alloy  superplastically  deformed  at  this  temperature. 
The  intragranular  B  phase  particles  have  dissolved  to  be  replaced  by  further  grain 
boundary  B  phase,  which  provides  the  optimum  microstructural  condition  for  superplastic 
deformation  in  (a  +  B)  titanium  alloys 

The  room  temperature  tensile  properties  for  the  alloy  superplastically  deformed  in  the 
a+B  phase  field,  quenched  and  duplex  aged,  are  compared  with  those  of  the  alloy 
annealed  for  the  corresponding  time  and  temperature  in  the  a  +  B  phase  field,  quenched 
and  duplex  aged  are  summarised  in  Table  2.  The  results  clearly  indicate  reductions  in 
strength  and  ductility  for  the  superplastically  deformed  materiaL 

The  results  of  the  transmission  electron  microscopy  of  the  deformed  and  annealed 
specimens  in  the  a  +  B  phase  field  are  shown  in  Figure  3.  Figure  3(a)  shows  the 
formation  of  a  coarse  lamellar  eutectoid  product  on  the  grain  boundary  for  the  specimen 
deformed  at  830°C.  On  the  other  hand  a  fine  lamellar  eutectoid  has  formed  on  the  grain 
boundary  of  the  specimen  annealed  at  830°C  (Fig  3(b)).  The  distribution  of  the  TijCu 
ageing  precipitate  is  also  different 
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Fig.  1.  Stress-strain  rate  and  strain  rate  senntivity  (m-value)  data  for  the  alloy  deformed 
to  increasing  levels  of  strain  (cycles  l-S,  to  140%  strain)  in  the  a-t-H  ohase  field  (8I0*C). 


Fig.  1  Microstr^ures  of  the  alloy  (a)  undeformed  (annealed)  and  (b)  superplastically 
deformed  at  8I0*C  to  a  total  strain  of  140%  showing  grain  coarsening  of  the  a  phase  and 
a  redistributioa  of  the  8  phase  around  the  a  grain  boundaries. 

MU 
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Fig.  3.  Stress-strain  rate  and  strain  rate  sensitivity  (ni-value)  data  for  the  alloy  deformed 
at  790’C  (a  +  Ti,Cu  phase  field,  cycles  I,  2  and  3)  and  805’C  (o+B  phase  field,  cycles 
4  and  S).  The  flow  stresses  decrease,  and  m  values  increase  in  passing  from  the  (a  -t- 
Ti,Cu)  to  the  (o+B)  phase  fields. 


Fig.  4.  (a)  (a  +  Ti.Cu)  microstructure  of  the  alloy  annealed  at  790”C,  (b)  the  (a  +  B) 
microstructure  of  the  alloy  annealed  at  790  C  and  ^5  C  and^  (c)  the  (a  +  B) 
microstructure  of  the  alloy  superplastically  deformed  at  790  C  and  805  C.  The  sequence 
of  micrographs  shows  the  replacement  of  the  intragranular  Ti,Cu  phase  (a)  by 
intragranular  and  intergranular  (grain  boundary)  B  phase,  (b)  and  (in  the  superplastically 
deformed  alloy)  almost  complete  redi.stribution  of  the  B  pha.se  to  the  grain  boundaries  (c). 
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Discussion 


The  results  show  that  the  alloy  Ti-2.S  %  Cu  exhibits  superplasticity  in  the  a  +  B  phase 
field,  and  that  the  increase  in  flow  stresses  with  the  strain  (Fig.  1)  is  due  to  the  a  grain 
growth  which  stabilises  as  B  becomes  the  continuous  grain  boundary  phase  (Fig.  2).  The 
poor  superplastic  response  of  the  alloy  in  the  a  +  Ti,Cu  and  B  phase  fields  may  be  due 
to  the  replacement  of  the  B  phase  by  the  undeformable  eutectoid  phase  when  it  is  tested 
in  the  a  +  Ti,Cu  field,  and  to  the  B  grain  growth  when  it  is  tested  in  the  B  field. 

The  decrease  in  the  flow  stresses  and  the  increase  in  m-values  upon  changing  the  test 
temperature  from  the  a  +  TijCu  field  (Le.  790°C)  to  the  a  +  B  field  (Le.  805*C)  in  Fig. 
3  is  associated  with  the  changes  in  the  micros^ucture.  When  the  temperature  is  changed 
from  790°C  to  805 °C,  the  TijCu  particles  dissolve  across  the  eutectoid  line  into  the  fi 
phase,  which  is  situated  at  the  a  grain  boundaries,  and  this  results  in  optimum 
microstructural  condition  for  superplasticity  (Fig.  4(c)).  The  reduction  in  the  room 
temperature  properties  in  the  superplastically  deformed  specimens  as  compared  with  the 
annealed  one  may  be  due  to  the  increase  in  the  a  grain  size  (Table  2).  Also  the 
formation  of  a  coarse  lamellar  eutectoid  product  in  the  deformed  specimens  (Fig.  S(a)) 
as  compared  with  a  fine  lamellar  product  (Fig.  S(b))  in  the  annealed  one  might  explain 
the  results  of  the  reduction  in  the  room  temperature  properties  of  the  deformed 
specimens.  The  formation  of  the  precipitate  free  zone  (PFZ)  in  the  deformed  specimens 
at  the  a/B  boundaries  (Fig.  S(b))  may  lead  to  grain  boundary  separation  |4].  The  lower 
ductility  obtained  in  the  deformed  specimens  is  explained  by  the  fact  that  on  cooling  the 
continuous  B  phase  in  the  a  +  B  field  becomes  a  continuous  grain  boundary  eutectoid  of 
a  +  Ti,Cu  and  this  results  in  lower  ductility. 
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Abstract 

The  superplastic  behavior  of  Ti-6AMV  and  iron-modified  Ti-6A1-4V  has  been  characterized 
in  terms  of:  1.  a  weighted  average  diffusivity  for  the  B  phase  which  emphasizes  the  foster 
diffusing  species  and  takes  into  account  alloy  element  partitioning,  2.  a  dependence  on  the 
o  grain  size  and  3.  a  dependence  on  the  volume  fraction  of  the  a  phase  which  can  be  expressed 
as  (1-/,)  This  behavior  is  in  general  agreement  with  Chen’s  model  except  that  g  is 
approximately  a  factor  of  two  low.  This  is  probably  due  to  grain  boundary  sliding  which  is 
in  addition  to  the  dislocation  creep  of  the  softer  phase  which  Chen’s  model  assumes.  Also, 
deformation  which  is  dominated  by  either  the  a  phase  (g<0)  or  the  B  phase  (g>0)  has  been 
observed. 
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The  industrial  and  commercial  importance  of  Ti-6AI-4V  is  well  known.  Is  well  established  in 
aerospace,  marine,  chemical  and  other  industries  and  accounts  for  approximately  half  of  the 
titanium  produced.  There  is  also  an  ever  increasing  interest  in  the  superplastic  properties  of 
titanium  alloys  due  to  the  savings  in  weight  and  cost  and  the  potential  for  improved  designs. 
In  this  respect  Ti-6AI-4V  is  in  effect  a  standard  to  which  other  superplastic  titanium  alloys  are 
compared  and  efforts  to  exceed  this  standard  include  develc^ing  completely  new  alloys,  finding 
new  ways  to  process  the  existing  alloy,  or  to  make  minor  changes  in  the  composition  of  Ti- 
6AI-4V.  Regarding  altering  the  composition  of  Ti-6A1-4V,  two  strategies  have  been  tried: 
adding  a  fine  dispersion  of  inert  oxides  which  would  stabilize  grain  growth  and  modifying 
specifically  the  properties  of  the  B  phase  to  lower  forming  temperature  and  increase  the  forming 
rate.  The  latter  involves  additions  of  1-3  percent  Ni,  Co,  Fe  and/or  other  high-diffusivity  B- 
stabilizers. 


Aside  from  the  potential  for  improved  superplastic  properties,  these  B-modified  alloys  offer  a 
unique  opportunity  to  more  fully  understand  the  superplastic  behavior  of  the  base  Ti-6A1-4V 
alloy,  for  although  Ti-6AI-4V  is  a  commercial  success,  its  relatively  complicated  and  variable 
(at  superplastic  temperatures)  microstructure  have  made  it  difficult  to  determine  the 
fundamental  rate  controlling  mechanismfs)  responsible  for  its  renowned  superplastic  properties. 
Other  than  the  tendency  for  concurrent  grain  growth,  the  basic  problem  seems  to  be  in  the  fact 
that  it  is  a  two  phase  alloy  in  which  the  properties  of  each  phase  are  supposedly  quite  differem 
and  where  the  phase  proportion  varies  significantly,  particularly  in  the  superplaistic  temperature 
regime.  A  series  of  B-modified  Ti-6A1-4V  alloys  can  provide  different  phase  proportions  at 
any  given  temperature.  Also,  since  the  B-modifying  elements,  which  are  eutectoid  formers, 
generally  have  very  low  solubilities  in  the  B  pha%  the  composition  (and  properties)  of  the  o 
phase  will  be  relatively  fixed  in  all  cases.  As  a  result  it  should  be  easier  to  characterize  the 
base  alloy  and  a  series  of  B-modified  alloys  than  the  base  alloy  alone.  This  is  because  it  allows 
one  to  differentiate  between  the  temperature  dependence  of  phase  proportion  and  composition 
and  the  temperature  dependence  of  the  kinetics  of  the  deformation  mechanism. 

In  this  paper  we  describe  the  characterization  of  the  superplasticity  of  Ti-6A1-4V  and  iron- 
modified  Ti-6AI-4V  in  terms  of  the  Mukherjee,  Bird,  Dorn  [1]  equation: 


ikT  _  .1  o\  "I  b\P 
DGb  '  g|  (  d) 


(1) 


( n  is  the  stress  exponent,  p  is  the  grain  size  sensitivity,  d  is  the  grain  size,  b  is  the  magnitude 
of  the  Burger's  vector,  G  is  the  shear  modulus  and  D  is  the  diffusivity).  The  dependence  of 
the  stress  exponent  n  on  the  volume  fraction  of  the  B  phase  ff  is  investigated  and  an  estimate 
of  D  is  made  using  published  data  on  the  tracer  diffusivities,  equilibrium  phase  diagrams  and 
on  our  experimental  measurements  of  f^.  The  remaining  dependence  of  the  deformation 
behavior  on  temperature  is  then  analyzed  in  terms  of  the  mechanics  of  deformation  of  two- 
phase  materials.  The  grain  size  dependence  is  not  investigated. 
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Procedure 


Material 

Fine  grained  1 .6  mm  sheet  Ti-6Ai-4V  was  supplied  by  Noithrop  Aerospace  (Los  Angeles, 
CA).  The  microstnicture  of  the  as  received  material  was  elongated  but  after  annealing  at 
92S°C  for  2  hours,  the  microstructure  consisted  of  approximately  50%  B  phase  and  equiaxed 
a  grains.  Five  Ti-6AI-4V  alloys  containing  controlled  amounts  of  iron  were  supplied  by  Timet 
(Henderson,  Nevada).  The  concentration  of  iron  ranged  from  0. 1  IS  to  3.04  weight  percent. 
The  microstructure  of  the  five  alloys  consisted  of  different  amounts  of  the  B  phase  but  the  a 
grain  size  ranged  only  from  3  to  6  fiin.  The  dependence  of  ff  on  temperature  and 
concentration  of  iron  was  determined  and  have  been  reported  elsewhere  [2]. 

Equipment 

All  testing  was  conducted  using  an  automated  MTS  system  which  had  been  outfitted  with  a 
radiam  heating  furnace  capable  of  rapid  temperature  chwges  and  a  retort  which  allowed  testing 
to  be  done  in  an  atmosphere  of  purified  argon.  The  testing  software  and  servo-hydraulic 
system  was  capable  of  providing  up  to  20  true  strain  rates  in  a  single  test  with  total  strains  as 
high  as  2.0.  Specimens  used  for  testing  had  dimensions  of  25.4  mm  in  length  and  6.3  mm 
wide  and  1.6  mm  thick  in  the  gage  section. 

Stepped-Strain  Rate  Tests 

A  series  of  stepped-strain  rate  tests  was  conducted  to  determine  the  value  of  the  stress  exponent 
for  each  alloy.  Each  test  consisted  of  an  initial  20%  true  strain  at  a  strain  rate  of  2x10“*  s  ' 
after  which  the  strain  rates  were  changed  incrementally,  at  intervals  of  0.05  true  strain.  After 
reaching  the  maximum  strain  rate  of  1x10'^  s  '  the  strain  rate  was  decremented  until  the  original 
strain  rate  was  obtained.  The  total  strain  on  any  specimen  was  only  0.54.  This  range  of  strain 
rates  was  chosen  because  it  was  expected,  based  on  our  previous  results  for  Ti-6AI-4V,  that 
region  II  behavior  would  be  observed  for  all  alloys.  TIuee  temperatures  were  investigated: 
775‘’C,  825°C  and  875'’C.  It  was  in  this  temperature  range  that,  for  all  alloys,  was 
relatively  insensitive  to  temperature  but  was  different  for  each  alloy. 

Stepped-Temperatiire  Teats 

A  series  of  stepped-temperature  tests  was  conducted  at  a  strain  rate  of  2x10^  s  '  and 
temperatures  between  695  and  879’’C.  Each  test  consisted  of  an  initial  20%  true  strain  at 
8I0"C  followed  by  an  abrupt  increase  in  temperature  of  IO-15'’C  every  0.03  strain.  After 
reaching  a  temperature  of  879°C  (or  slightly  less,  depending  on  the  alloy)  the  temperature  was 
decremented  by  10-1 5'’C  until  the  temperature  reach^  695”C  or,  judging  from  the  stress-strain 
curve,  the  specimen  appeared  to  have  started  to  neck. 


Results  and  Discussion 


Strain  Rate  Dependence 

For  all  six  alloys  the  value  of  n  was  consistently  close  to  2.  Note  that  while  the  volume 
fraction  of  phases  is  very  different  for  each  alloy  the  value  of  n  was  essentially  constant.  This 
showed  that,  in  the  present  temperature  range,  n  is  not  effected  by  ff . 
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Figure  1  shows  an  Arrhenius-type  plot  of  the  results  of  the  stepped-temperature  tests.  The  six 
lines  are  curved  and  approximately  parallel,  shifting  to  higher  temperatures  as  the  concentration 
of  iron  decreases.  These  results,  however,  require  two  corrections  (or  compensations)  before 
one  can  begin  to  estimate  the  activation  energy.  The  first  is  the  effect  of  the  small  differences 
in  the  initial  grain  size  and  the  expected  variation  in  grain  size  with  temperature.  This  was 
done  by  assuming  p  =  2  and  that  small  variations  of  d  with  temperature  are  such  that  the 
number  of  grains  is  constant  but  their  size  varies  to  produce  the  required  value  in  /^ : 


where  / ,  and  d,  are  measured,  reference  values  of  the  volume  fraction  and  grain  size  of  the 
same  phase.  In  this  the  a  phase  is  considered  primarily  because  it  is  practically  impossible  to 
resolve  the  B/B  grain  boundaries.  (Note  that  this  adds  an  additional  /  ( T)  term  to  equation 
1.) 

The  second  correction  concerns  the  expected  variation  of  D  as  a  result  of  alloy  composition  and 
alloy  element  partitioning.  This  was  done  by  estimating  the  composition  of  the  B  phase  at 
different  temperatures  and  replacing  in  the  diffusivity  term  D  in  equation  1  with  the 
equivalent  term  from  the  average  diffusivity  fw  the  B  phase; 

<=  (3) 


Figure  1 .  Results  of  the  stepped-temperature  tests  plotted  in  an  Arrhenius  fashion. 
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where  is  the  concentration  of  the  i  of  j  elements.  (See  reference  2  for  details.)  As 
a  result  of  these  two  corrections  (figure  2)  the  lines  for  all  alloys  at  temperatures  below  780°C 
have  condensed  to  one  line  whose  sl(^  indicates  that  the  activation  energy  is  210  kJ/mole,  a 
value  typical  for  the  superplasticity  of  titanium  alloys  (3].  At  higher  temperatures  the  line  for 
the  base  alloy  does  not  deviate  but  those  for  the  other  alloys  branch  upwards  with  a  slope 
suggesting  the  activation  energy  is  483  kJ/mole. 

While  the  correlation  among  the  different  alloys  is  excellent,  both  of  these  activation  energies 
are  too  high  to  associate  with  a  conventional  diffusion  controlled  mechanism.  Note,  however, 
that  the  lower  value  happens  to  be  1 .6  times  the  activation  energy  expected  from  of''  and  that 
this  is  equal  to  the  sum  of  the  activation  energies  for  lattice  and  grain  boundary  diffusion,  Q*'' 
and  Ogb>  respectively.  Therefore  we  split  this  into  two  parts,  the  activation  energy  for  lattice 
diffusion  stays  with  the  diffusivity  term  in  equation  1,  which  is  in  agreement  with  Suery  and 
Bandelet’s  model  [4],  and  the  remaining  represents  the  temperature  dependence  of  the  A- 
parameter.  At  this  point  this  seems  to  be  the  only  way  to  d^  with  such  high  activation 
energies.  What  we  are  basically  proposing  is  that  there  appear  to  be  two  mechanisms  operating 
and  that  they  interact  in  such  a  way  that  the  observed  deformation  behavior  is  the  product  of 
these  two  processes  (the  activation  energies  are  additive)  which  is  different  from  the 
series/parallel  approach  to  accounting  for  the  simultaneous  contributions  of  multiple 
deformation  processes.  Following  the  conventitmal  way  on  thinking,  the  most  likely 
explanation  is  that  these  processes  involve  the  deformation  mechanism  itself  plus  strain 
enhanced  microstructural  evolution. 


Figure  2.  Results  of  stepped-temperature  tests  corrected  for  minor  variations  in  grain  size, 
differences  in  alloy  composition  and  alloy  element  partitioning. 
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Voluie  Prictioii 

As  stated  in  the  previous  section  we  find  that  the  A-paiameter  has  its  own  tempeiature 
dependence  given  by: 


A  =  ^oexp(^)  (*) 

Figure  3  shows  that  the  pre-exponential  term  in  the  A-parameter,  A^,  follows  the  (1-/.) 
relation  suggested  by  Chen  (5)  except  in  this  case  the  values  of  9  are  low  by  a  factm-  of  nearly 
2.  Chen's  model  says  that  when  n  =  2,  the  values  of  tj  should  be  -3.1  or  3  depending  on 
which  phase  is  considered  the  matrix.  A  value  close  to  4  (3. 785)  was  found  to  fit  Suery  and 
Bandelet’s  data  on  o/B  brass  [4]  and  this  tolerable  discrepancy  was  attributed  to  the 
nonspherical  shape  of  the  grains  and  the  resulting  suppression  of  rheological  flow  around  sharp 
comers,  etc.  By  the  same  token  lower  values  should  be  expected  for  equiaxed  grains  especially 
if  there  is  a  significant  contribution  from  grain  and  interphase  boundary  sliding.  Chen’s  model 
considers  flow  in  the  matrix  phase  and  not  in  the  grain  boundaries. 

Figure  3  also  shows  the  transition  from  a  behavior  typical  of  soft  particle  is  a  hard  matrix 
( g<  0 )  to  hard  particles  in  a  soft  matrix  (9>  0 )  which  Chen’s  model  also  describes.  (For  Ti- 
6AI-4V-xFe  a  is  the  hard  phase  and  B  is  the  soft  phase.)  This  transition,  however,  is  observed 
only  for  the  alloys  where  fp  can  fall  below  approximately  0.2S,  roughly  the  void  space  in  a 


Figure  3.  Pre-exponential  of  the  A-parameter  as  a  function  of  volume  fraction  of  the  B 
phase. 
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close-packed  arrangement  of  spheres.  When  this  is  the  case,  lowering  the  concentration  of  iron 
shifts  this  transition  to  lower  .  This  transition  can  be  seen  as  the  intersection  of  two  lines, 
one  where  9<  o  (B  in  a  matrix  of  a)  and  the  other  where  g>0  (a  in  a  matrix  of  B).  The  first 
line  probably  represents  deformation  through  the  a  grains  as  well  as  B-assisted  sliding  between 
these  grains,  consistent  with  the  TEM  observations  of  Gurewitz  [6]  for  Ti-6AI-4V.  Tbe  second 
line  probably  represents  deformation  which  takes  place  entirely  in  the  B  phase  (especially 
regions  adjacent  to  the  a  grains)  but  modified  by  tte  presence  of  the  harder  a  phase. 

The  pre-exponential  term  in  the  A-parameter  can  now  be  written  as; 

A„=A^(X-/,)9  (5) 

For  the  case  where  <?<  0  has  a  unique  value  which  one  can  think  of  as  a  'coefficient  of 
friction"  between  sliding  a  grains,  a  structural  constant  for  the  a  phase,  or  both.  For  the  other 
case  where  g>0  A|  has  the  same  meaning  but  in  this  case  A/  decreases  with  increasing 
concentration  of  iron  until  0.5%  iron  and  then  is  constant.  This  suggests  a  saturation-type 
behavior  which  is  in  addition  to  the  rheological  effects  described  above.  This  might  be  the 
behavior  described  by  Chen  (5)  where  the  non-steady  state  nature  of  diffusion  across  sliding 
interphase  boundaries  leads  to  the  saturation  of  these  boundaries  with  the  fast  diffusing  species. 
If  this  is  the  case  then  iron  has  the  effect  of  lowering  the  "coefficient  of  friction*  or  at  least 
increasing  its  importance  in  Af  when  g>0.  It  also  suggests  that  this  is  the  strain-dependent 
process  which  results  in  high  value  of  the  activation  energy. 


Conclusions 


I .  The  superplastic  behavior  of  Ti-6Al-4V  and  five  iron-modified  Ti-6A1-4V  alloys  can 
be  describe  using  a  single  function  based  on  the  Mukherjee,  Bird,  Doru  equation; 


tkT 
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(1) 


where  n  =  2,  p  =  2,  d  refers  to  the  a  grain  size,  D  is  replaced  by  the  weighted  average 
diffusivity  for  the  B  phase  which  includes  the  effect  of  alloy  element  partitioning; 


(3) 

where  is  the  concentration  of  the  i  of  j  elements  and  the  A-parameter  which  is 
a  function  of  temperature  and  phase  proportion; 


A  =  A,(l-/.)  »exp(^|^j  (6) 

2.  Excellent  agreement  between  experimental  and  computed  stresses  has  been  obtained, 
figure  4. 

3.  The  results  also  suggest  that  the  high  values  of  the  activation  energy  (often  reported  for 
the  superplasticity  of  titanium  alloys)  may  be  due  to  an  interphase  bounda^  sliding 
related  saturation  of  the  interphase  boundaries  with  the  faster  diffusing  elements, 
particularly  iron. 
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Figure  4.  Comparison  of  stresses  measured  from  the  stepped-temperature  tests  and 
stresses  computed  using  equations  I,  3  and  6. 
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Abstract 

The  three-roller  flow  forming  process  was  applied  to  the  (alpha+beta)-ti- 
tanium  alloy  TiAl6V4.  This  process  forms  thick-walled  tube  blanks  into 
thin-walled,  close-tolerance  rotationally  symmetrical  workpieces  (tubes, 
tapered  reducers,  etc.).  As  well  as  permitting  hi^  reductions  the  pro¬ 
cess  offers  advantages  such  as  homogeneous  stress  distribution  and  the 
ability  to  hold  close  tolerances  on  diameter,  wall  thickness  and 
straightness.  Thanks  to  the  smooth  surface  finish  obtained  subsequent 
machining  is  not  necessary.  The  mechanical  properties  of  manufactured 
TiAl6V4  tubes  are  presented. 


Introduction 


The  manufacture  of  titanium  tubes  has  been  an  established  technology  for 
many  years.  Processes  commonly  used  include  extrusion,  rotary  piercing 
and  pilger  rolling  for  seamless  tubes  and  rolling  and  welding  for  welded 
tubes.  Most  tubes  are  made  from  commercially  pure  titanium  or  low-alloy 
titanium  alloys.  They  are  mainly  used  in  the  chemical  industry  in  appli¬ 
cations  utilizing  titanium's  resistance  to  corrosion  and  oxidation. 

In  addition  to  these  applications,  an  increasing  number  of  uses  are  emer¬ 
ging  which  require  extremely  homogeneous  characteristics  over  the  entire 
tube  cross  section. 

One  of  titanium's  major  advantages  is  its  hi^  specific  strength,  i.e. 
the  ratio  of  density  to  strength.  To  exploit  this  a  manufacturing  process 
is  required  which  can  ensure  rotationklly  symmetrical  homogeneity,  very 
close  tolerances  and  very  light  wall  thicknesses.  Aerospace  applications 
in  particular  require  hi^  strength  tubes  for  structural  components, 
calling  for  the  use  of  hi^-alloy  titanium  materials  too.  The  following 
report  presents  and  discusses  ways  of  manufacturing  seamless  thin-walled 
tubes  and  their  properties. 

Titanium  '92 
Sctanoa  ond  Tudmofogy 
Editad  by  F.H.  Front  and  t.  coplon 
Thn  Mirwralt.  Mntab  &  Motariolt  Socinty,  1 993 
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Plow  forming 

The  three-roller  flow  forming  process  has  proved  particularly  advantage¬ 
ous  for  special  materials  because  of  the  high  material  costs  involved. 
Materials  that  have  been  worked  by  the  process  include  heat-treatable 
steels,  corrosion-resistant,  high-tensile,  high-temperature  and  heat-re¬ 
sistant  steels,  special  alloys  based  on  nickel,  cobalt,  tungsten  and 
molybdenum,  and  nonferrous  metals  such  as  aluminium  and  aluminium  alloys, 
commercially  pure  titanium  and  various  copper  materials. 

The  starting  material  for  flow-forming  (1)  is  thick-walled  tube  blanks. 
These  are  formed  over  a  rotating  mandrel  into  thin-walled  rotationally 
symmetrical  parts  (Pig.  1).  The  wall  thickness  reduction  is  effected  by 
three  forming  rollers  arranged  symmetrically  around  a  mandrel.  Their  axis 
of  rotation  is  parallel  to  the  mandrel  axis  and  they  are  moved  or  fed 
against  the  blanks.  The  contact  pressure  of  the  rollers  plastically  forms 
the  material,  causing  it  to  flow.  The  length  of  the  blank  increases  while 
its  inside  diameter  remains  constant.  The  blank  becomes  a  thin-walled 
tube. 


Reverse  method 


Fig.  1:  Plow  forming  (schematic) 

The  amount  of  reduction  is  determined  by  the  infeed  of  the  rollers  and 
can  be  split  over  several  passes.  Percentage  reductions  of  up  to  90  can 
be  achieved  depending  on  material.  Forming  speed  is  controlled  via  the 
feed  rate  of  the  longitudinal  axis  of  the  machine. 

As  shown  in  Fig.  1  there  are  two  methods  of  flow  forming  -  forward  and 
reverse.  Reverse  flow  forming  can  be  used  to  produce  very  long  cylindri¬ 
cal  parts  thanks  to  the  fact  that  the  material  flows  in  the  opposite 
direction  to  the  feed  direction  of  the  rollers. 


The  following  parameters  have  an  effect  on  the  production  and  quality  of 
flow-formed  components: 

-  radial  and  axial  offset  of  the  rollers 

-  roller  approach  angle 

-  working  radius  and  smoothing  angle  of  the  rollers 

-  roller  feed 

-  mandrel  speed 

-  cooling  of  rollers,  mandrel  and  workpiece 

-  lubrication  of  rollers  and  mandrel 

-  roller  to  mandrel  diameter  ratio. 
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The  key  advantages  of  flow  forming  which  led  to  it  being  chosen  for  the 
manufacture  of  titanium  tubes  are  as  follows: 

-  heavy  reduction  in  %raLLl  thickness 

-  hi^  accuracy  of  diameter,  wall  thickness  and  strai^tness 

-  symmetrical  stress  distribution 

-  smooth  surface  finish 

-  ready-to-instal  components 

Elevated-temperature  flow  forming 

In  contrast  to  unalloyed  and  low-alloy  titanium  materials  and  the  beta- 
allo3rs,  the  (alphafbeta;  alloys  show  limited  formability  at  room  tempera¬ 
ture.  The  hi^  ratio  of  yield  point  to  tensile  strength  of  usually  over 
90  and  the  low  amount  of  elongation  without  necking  restrict  plastic 
formability  to  a  very  narrow,  technically  hardly  useable  range.  At  hi^er 
temperatures  both  the  yield  point  ratio  and  the  ratio  of  modulus  of  el¬ 
asticity  to  yield  point  change,  allowing  components  of  ( alpha+beta)  al¬ 
loys  to  be  (hot)  formed  (2,  3).  Hot  forming  takes  place  above  the  recry¬ 
stallization  temperature,  with  the  temperature  range  being  limited  by 
microstructure  requirements,  resistance  to  forming  and  susceptibility  to 
cracking. 

For  the  manufacture  of  ausformed  very  high  strength  steel  tubes  a  flow 
forming  machine  was  developed  which  makes  it  possible  to  carry  out  for¬ 
ming  in  a  narrow  elevated  temperature  range  (4).  Fig.  2  shows  such  a  flow 
forming  machine. 


Test  procedure 

The  forming  tests  covered  the  production  of  flow-formed  tubes  of  two 
different  sizes.  The  tubes  of  the  first  test  series  have  the  finish  di¬ 
mensions  Dm.  102/88  X  300  nn,  those  of  the  second  series  the  finish  di¬ 
mensions  On.  50/46  X  750  mm.  The  starting  materials  were  hot-rolled  tubes 
(1st  test  series)  and  drilled  forged  bars  (2nd  test  series)  made  of  tita¬ 
nium  alloy  TiAl6V4  (DTG  trade  name  TIKROTAN  LT  31).  The  chemical  composi¬ 
tion  of  the  starting  material  is  shown  in  Table  I. 


Pig.  2:  Detail  of  a  flow  forming 
machine  showing  mandrel, 
workpiece  and  rollers 


Table  I  Chemical  compositirai 
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The  blanks  were  prepared  by  machining.  The  inside  diameter  was  turned  to 
the  finish  size  and  in  the  case  of  the  hot-rolled  blank  the  rolled  surfa¬ 
ce  was  removed  from  the  outside  diameter.  The  blanks  were  pre-heated, 
pushed  onto  the  pre-heated  mandrel  and  formed  according  to  a  predefined 
progressive  forming  sequence  (number  of  passes,  radial  and  axial  offset 
of  rollers).  After  forming,  the  finished  tubes  were  cooled  in  air.  The 
effective  overall  percentage  reduction  in  both  test  series  was  more  than 
70  %. 

The  oxide  surface  layer  caused  by  hot  forming  can  be  removed  by  the  pick¬ 
ling  treatment  usual  for  titanium  materials. 

Test  results  and  discussion 

The  first  teat  series  was  primarily  intended  to  optimize  flow  forming 
parameters  and  determine  some  of  the  properties  of  flow-formed  tubes  made 
of  titanium  alloy  TiAl6V4.  The  starting  material  was  tubes  rolled  in  the 
beta-range.  The  beta-(alphafbeta)  mixed  structure  of  the  starting  mate¬ 
rial  is  shown  in  Pig.  3.1. 

The  turned  blanks  were  flow  formed  to  final  dimensions  in  one  pass. 

The  structure  of  the  finished  tube  in  longitudinal  direction  is  shown  in 
Pig.  3.2.  The  worked  structure  displays  pronounced  grain  stretching, 
indicating  the  presence  of  work  hardening  in  the  tubes,  which  is  confir¬ 
med  by  tensile  testa  on  longitudinal  specimens. 

Table  II  shows  a  comparison  of  the  mechanical  properties  of  the  starting 
material  and  the  finished  tubes. 

The  danger  that  exists  \dien  hot  forming  titanium  materials  of  hardening 
or  embrittlement  as  a  result  of  high  hydrogen  pickup  can  be  excluded.  The 
Hj  contents  given  in  Table  II  make  this  clear. 

Measurement  of  the  surface  rou^iness  gave  a  value  of  =  1.6  pm. 


3.1:  Starting  material  3.2;  Tubes,  unannealed 

Pig.  3:  Micrographs  (longitudinal)  of  starting  material 
and  finished  tubes  -  Ist  test  series 
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More  extensive  tests  were  carried  out  on  the  tubes  in  the  second  test 
series.  The  manufacture  of  these  tubes  was  based  on  an  actual  aerospace 
application.  The  following  dimensional  and  shape  tolerances  had  to  be 
observed : 


Surface  rou^inesa: 
Diameter  and  length: 
Roundnesa : 

Wall  thickness: 
Strai^tness: 


R„s  2.0  pm 

a. 

+/-  0.1  mm 
+/-  0.1  nn 
+/-  0.05  mm 
<1.0  na/m 


The  second  test  series  was  carried  out  on  forged  bars  which  were  drilled 
to  make  the  blanks.  The  structure  of  the  starting  material  is  shown  in 
Pig.  4.1.  This  structure  is  a  globular  (alpha+beta)  standard  structure 
conforming  to  standard  series  ETTC  2  (5) .  As  with  the  first  test  series 
the  blanks  were  formed  into  tubes  with  a  wall  thickness  of  2  mm  in  one 
pass. 

The  microstructure  in  the  longitudinal  direction  of  the  tubes  is  shown  in 
Fig.  4.2.  A  comparison  of  Pigs  4.1  and  4.2  shows  that  despite  the  diffe¬ 
rence  in  starting  materials  the  tube  microstructures  of  the  two  test 
aeries  show  no  significant  differences.  In  both  oases  pronounced  stret¬ 
ching  of  the  microatructure,  due  to  the  process  employed,  is  visible.  The 


4.3:  Tube,  annealed 


strength  values  of  the  tubes  of  the  second  test  series  as  determined  in 
tensile  tests  are  also  listed  in  Table  II.  Here,  an  increased  level  of 
work  hardening  can  be  observed.  As  in  the  first  test  series,  an  increased 
hydrogen  content  was  not  measured  in  the  tubes. 

To  relieve  the  work  hardening  some  tubes  were  heat  treated  under  conditi¬ 
ons  normal  for  the  titanium  alloy  TiAl6V4  (700  *C/lh/air).  A  comparison 
of  the  microstructures  in  longitudinal  direction  between  unannealed, 
work-hardened  tubes  (Pig.  4.2)  and  annealed  tubes  (Pig.  4.3)  shows  no 
significant  difference.  This  shows  that  this  annealing  treatment  has  no 
effect  on  the  microstructure  caused  by  forming. 

If  a  comparison  is  made  between  the  mechanical  properties  of  the  unanne¬ 
aled  and  the  annealed  tubes  in  the  longitudinal  direction  (Table  II)  it 
is  noticeable  that  whereas  the  tensile  strength  and  yield  point  of  the 
annealed  tubes  decrease  as  expected,  the  elongation  at  fracture  by  con¬ 
trast  remains  almost  constant.  One  explanation  for  this  at  first  sight 
contradictory  behaviour  is  that  the  heat  treatment  cancels  out  to  a  large 
extent  the  work  hardening,  i.e.  the  limitation  on  dislocation  movements, 
and  thus  leads  to  a  reduction  in  the  strength  values.  In  the  case  of 
elongation  at  fracture,  which  is  a  measure  of  the  plastic  formability  of 
the  tubes,  work  hardening  has  only  a  anall  effect  compared  with  the  mi¬ 
crostructure.  The  pronounced  stretching  of  the  grains  in  longitudinal 
direction  therefore  seems  to  have  a  positive  effect  on  attainable  elonga¬ 
tion  at  fracture. 


Table  II  Mechanical  properties  Table  III  Surface  rou^iness 
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The  structure  of  the  unannealed  tubes  in  transverse  direction  (Pig.  5), 
in  contrast  to  that  in  longitudinal  direction,  exhibits  a  very  fine  glo¬ 
bular  pattern.  Under  radial  loads  this  can  be  expected  to  result  in  a 
marked  difference  in  plastic  formability  between  unannealed  and  annealed 
material.  This  is  confirmed  by  the  results  of  tube  flattening  teats  (DIN 
510136)  in  which  the  work  hardening  of  the  tubes  is  very  noticeable. 
Whereas  the  compressing  of  an  unannealed  tube  gave  a  value  of  6  mm  for 
the  reduction  in  diameter,  the  annealed  sample  gave  a  value  of  18  mm.  The 
unannealed  tube  sample  broke  at  this  change  of  length  without  incipient 
cracks  having  been  macroscopically  visible,  whereas  the  annealed  sample 
showed  macroscopically  visible  cracks  when  the  stated  charige  in  leri^h 
was  reached  and  the  test  was  broken  off. 

The  flattening  tests  show  that  the  plastic  formability  of  the  unannealed 
tube  in  circumferential  direction  is  very  much  lower  than  that  of  the 
annealed  tube.  The  unannealled  sample  broke  at  a  force  of  7.5  kN,  whereas 
the  test  on  the  annealed  sample  was  aborted  at  a  force  level  of  8.5  kN. 
In  both  cases  the  rate  of  loading  was  4  mm/min. 


These  test  results  show  that  for  many  applications  of  flow-formed  TiAl6V4 
tubes  in  \irtiic'^  a  minimum  ductility  value  is  specified  annealirig  of  the 
tubes  is  recoomendable .  Tests  will  have  to  be  carried  out  to  clarify 
whether  by  changing  the  process  parameters  the  tendency  towards  brittle 
fracture  in  peripheral  direction  can  be  reduced. 


Fig.  5:  Micrograph  (transverse)  of  a  finished,  annealed  tube 
2nd  test  series 


When  final  annealing  is  carried  out  it  must  be  ensured  that  the  reduction 
in  residual  stresses  does  not  have  a  negative  effect  on  dimensional  anu 
shape  accuracy.  Because  of  the  smooth  surfaces  produced  by  flow  forming 
annealing  should  be  carried  out  in  a  vacuum  or  a  controlled  atmosphere. 

Measurement  of  the  surface  roughness  on  the  inside  and  outside  diameters 
of  a  tube  from  the  second  test  series  gave  the  results  listed  in  Table 
III.  A  surface  crack  inspection  by  the  dye  penetrant  method  showed  no 
incipient  cracks.  Pig.  6  shows  tubes  from  both  test  series. 

Summary 

The  present  report  describes  a  process  with  which  for  the  first  time  it 
was  possible  to  manufacture  seamless  thin-walled  tubes  of  titanium  alloy 
TiA16V4  meeting  close  dimensional  and  shape  tolerances.  Tubes  were  produ¬ 
ced  in  the  finish  dimensions  Dm.  92/88  x  3CX3  mm  and  Dm.  50/46  x  750  mm. 
The  more  than  70  reduction  made  corresponds  to  the  percent  reduction 
usual  for  other  materials  formed  by  this  process. 

The  .neasured  mechanical  properties  show  that  there  are  differences  in 
plastic  formability  between  the  longitudinal  and  transverse  directions  of 
the  tubes.  With  regard  to  possible  applications  in  which  specific  requi¬ 
rements  are  placed  on  the  ductility  of  the  tubes  in  circumferential  di¬ 
rection,  further  tests  are  necessary. 

Possible  applications  of  flow-formed  tubes  or  other  rotationally  symme¬ 
trical  components  of  the  titanium  alloy  TiAl6V4  are  in  the  aerospace, 
offshore  and  auto  industries  and  in  special  areas  of  general  engineering 
in  which  the  emphasis  is  on  a  homogeneous  strerigth  distribution. 
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Fig.  6:  Tubes  from  the  two  test  series 
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ABSTRACT 

Earlier  diffusion  bonding  models  published  in  the  open  literature  were  developed  by  as¬ 
suming  simplified  geometries  and  loading  conditions  without  microvoid  interaction  in  order  to 
obtain  closed  form  solutions.  A  finite  element  formulation  is  described  which  provides  a  more 
versatile  tool  for  studying  microvoid  collapse  during  diffusion  bonding.  A  power  law  strain 
rate  sensitive  constitutive  equation  was  used  to  model  the  time  dependent  deformation  of  Ti6- 
4.  The  FE  method  provided  an  effective  method  for  determining  the  effect  of  different  initial 
geometries,  void  interaction  and  non-uniform  temperature  distributions.  The  paper  describes 
the  difference  in  the  behavior  by  showing  the  deformation  at  various  times  during  the  col¬ 
lapse.  This  paper  focuses  attention  on  the  effect  of  initial  void  geometry. 

INTRODUCTION 

Modeling  Background 

The  solid-state  elevated  temperature  diffusion  bonding  process  for  metals  is  considered  to 
consist  essentially  of  three  stages  of  interfacial  asperity  or  void  collapse  during  the  joining 
process.  These  stages  of  diffusion  bonding  were  identified  experimentally  and  described  by 
King  and  Owczarski  in  Reference  (1).  Stage  1  occurs  during  the  plastic  deformation  of  tlK 
surface  asperities  and  waviness  when  external  loads  or  pressures  are  exerted  on  the  compo¬ 
nents.  During  stage  2,  the  external  pressures  have  been  found  to  play  a  minor  role  on  interfa¬ 
cial  microvoid  collapse,  since  surface  tension  becomes  the  dominant  driving  force  during  this 
period.  The  final  stage  3  of  the  bonding  process  consists  of  grain  boundary  diffusion  and  mi¬ 
gration.  Earlier  published  research  has  shown  that  most  of  the  bonding  time  occurs  during  the 
combined  time  for  stages  1  and  2  to  produce  microvoid  closure. 

Since  most  of  the  time  for  bonding  is  consumed  during  stages  1  and  2,  a  process  model  for 
predicting  either  the  degree  of  void  closure  or  the  time  for  total  collapse  is  very  appealing. 
Process  models  have  been  reported  in  the  literature  based  on  using  simple  closed  form  solu¬ 
tions  for  various  geometries.  References  (2)  through  (11)  describe  many  of  the  models  pro¬ 
posed  for  simulating  the  bonding  mechanisms  and  predicting  the  time  of  microvoid  collapse. 

Hamilton  (2)  is  considered  to  have  developed  the  first  quantitative  diffusion  bonding 
model.  His  model  consisted  of  a  series  of  long  ridges  to  represent  the  contacting  asperities. 

THonium  '92 
Sdanca  and  Tcdmology 
Editid  by  E.H.  Froot  and  tCoplon 
Hi#  Minarab,  Motols  S  MoWiab  Socioly,  1993 
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The  application  of  temperature  and  pressure  produced  a  collapse  of  the  serrated  ridges  so  that 
the  interface  voids  were  represented  as  the  collapse  of  a  diamond  shaped  cavity.  Hamilton’s 
experiments  revealed  that  during  the  diffusion  bonding  process,  titanium  can  dissolve  minor 
amounts  of  absorbed  gases  and  thin  oxides  and  diffuse  them  away  from  the  bonding  surface. 
Sufficient  pressure  must  be  applied  initially  to  overcome  surface  asperities  since  bondline 
porosity  produces  bond  strengths  less  than  parent  metal. 

Garmong  et  al.  (3)  developed  a  closed  form  solution  which  accounted  for  periodic  surface 
waviness  and  microvoids  to  predict  time  fw  complete  diffusion  bonding.  The  authors  refined 
Hamilton's  ridge  model  and  also  included  the  diffusion  mechanism.  Their  models  included  the 
flattening  of  the  long-wave  surface  uneveness  and  short  wave  surface  asperities  by  plastic 
flow  and  void  reduction  by  both  plastic  flow  and  vacancy  diffusion.  The  initial  geometry  of 
surface  roughness  was  modeled  as  plane  strain  ridges  with  the  flnal  stages  of  bonding  mod¬ 
eled  as  spherical  microvoids.  It  was  assumed  that  void  spacing  was  such  that  their  interaction 
did  not  need  to  be  considered.  In  addition.  Garmong's  studies  and  experiments  revealed  that 
the  pressure  needed  to  overcome  long-wavelength  asperities  can  dominate  the  bonding  pro¬ 
cess.  Also,  microvoid  closure  is  a  combination  of  both  plastic  deformation  and  diffusion. 

In  a  series  of  papers,  Derby  and  Wallach  developed  extended  diffusion  bond  models  in 
References  (4),  (S).  (6)  and  (9),  which  accounted  for  the  many  diffusion  bonding  mechanisms. 
In  (4)  the  authors  presented  a  computer  model  that  determines  interface  void  collapse  by  con¬ 
sidering  plastic  deformation,  power  law  creep.  Coble  creep  and  Herring-Nabarro  creep  based 
on  plane  strain  assumptions.  In  (5)  they  made  extensive  use  of  sintering  theory  in  their  model 
and  included  seven  possible  diffusion  mechanisms  that  were  incorporated  into  an  analytic  ex¬ 
pression.  The  geometry  of  the  interfacial  voids  was  an  array  of  triangular  ridges.  In  (6)  they 
extended  their  model  published  in  1982  by  including  vapour  phase  mass  transfer.  A  plane 
strain  2D  gometry  was  still  retained.  In  (9)  they  provided  a  description  and  discussion  of  the 
many  models  appearing  in  the  literature.  They  also  discussed  the  future  of  DB  modelling.  In 
a.l  of  these  models,  void  interaction  was  not  considered. 

Pilling  et  al.  in  (7)  considered  the  void  distribution  at  the  bonding  interface  as  an  array  of 
circular  cavities.  The  creep  collapse  was  based  on  the  yield  stress  of  the  material  rather  than 
on  the  strain  rate  dependent  flow  properties.  The  diffusion  relations  used  by  Chen  and  Argon 
were  incorporated  into  the  model.  The  important  consideration  of  grain  boundary  diffusion 
was  included  in  the  model  as  a  series  of  layers  parallel  to  the  bond  interface.  As  the  bonding 
proceeds,  the  voids  become  smaller  retaining  the  circular  shape,  and  the  number  of  active 
grain  boundaries  that  intersect  the  void  diminish.  The  interaction  of  the  voids  was  not  in¬ 
cluded  in  this  model.  In  (8),  the  authors  extended  their  model  previously  published  to  include 
grain  boundary  diffusion.  Void  interaction  and  the  diffusion  of  surface  oxides  or  contaminates 
were  not  considered.  In  (10)  Pilling  introduces  a  different  model  geometry  that  was  developed 
to  predict  time  to  attain  full  interfacial  contact  during  DB  under  isosutic  stress  and  isothermal 
temperature  conditions.  The  voids  at  the  interface  are  modeled  as  a  composite  circular  cylin¬ 
der  whose  axis  is  perpendicular  to  the  bond  interface.  Both  axial  pressure  and  transverse  outer 
pressure  are  applied  to  the  model.  Grain  boundary  diffusion  is  accounted  for  in  radial  planes. 
Void  interaction  was  also  not  considered.  Pilling’s  analyses  and  tests  had  revealed  that  bond¬ 
ing  is  primarily  due  to  superplastic  flow  of  material  into  interfacial  voids.  In  the  superplastic 
regime,  he  found  that  temperature  and  pressure  have  little  effect  on  kinetics  of  bonding. 
Surface  roughness  has  a  substantial  effect  on  bonding  time.  Long-range  surface  waviness 
plays  as  significant  role  as  short  wave  roughness.  He  determined  that  isostatic  modeling  un¬ 
derestimates  the  time  required  to  attain  full  interfacial  contact. 

Finally,  in  Reference  (11),  Hill  and  Wallach  provided  a  comprehensive  summary  and  de¬ 
scription  of  the  various  diffusion  bonding  models.  In  that  paper  the  authors  described  their  lat- 
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eat  theoretical  model  for  diffusioo  boodiaj  which  it  hated  on  the  itotiopic  coaletoeoce  of  an 
elliptic  miciovoid.  The  authors  intnxhioed  an  dliptic  feomefry  to  lepietent  interface  voidt 
considered  more  representative  of  void  geometries  ohaerved.  Grain  size  and  grain  boundary 
diffusion  were  also  included.  Void  interaction  was  consideied  by  accounting  for  plastic  d^ 
formation  between  voids  to  account  for  the  collapse  of  surface  asperities.  A  power  law  creep 
mechanism  was  applied  in  the  model  for  bonding  during  stage  I. 

Preaeat  MotjeMng  Apprench 

Based  on  this  modeling  survey,  a  finite  element  formulation  of  the  diffusion  bonding  pro¬ 
cess  was  chosen  that  could  account  for  surface  waviness,  interfacial  vMds  and  their  interac¬ 
tion,  non-isothermal  conditions,  advanced  material  models  and  diffusion  transport  mecha¬ 
nisms  in  the  future. 

The  initial  FE  code  was  developed  which  could  modd  any  shape  microvoid  to  study  the 
effect  of  interfacial  microvoid  geometry  on  time  until  total  collapse  was  attained.  The  com¬ 
puter  code  developed  had  the  capability  for  atudyzing  both  pluar  and  axisymmetric  mi¬ 
crovoids.  This  finite  element  formulation  provides  a  realistic  representation  of  the  combined 
stage  1  and  2  microvoid  coalescence.  A  visct^lastic  strain  rate-dependent  material  model  pro¬ 
vides  the  mechanism  for  the  stage  1  coalescence  until  the  microvoid  geometry  is  such  that  the 
surface  tension  dominates  because  of  the  surface  miergy  during  stage  2. 

For  the  initial  study,  three  different  planar  microvoid  geometries  were  studied  which  could 
be  identified  with  surface  imperfections  or  machine  tool  marks.  Attention  was  focused  on  v- 
shaped,  circular  and  elliptic  interfacial  voids.  Figure  1  shows  a  comparison  of  the  different 
mo^ls  that  were  investigated. 
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Figure  1.  Microgcometry  of  interfacial  cavities. 


GOVERNING  EQUATIONS 

The  temperature  distribution  is  described  by  the  classical  transient  heat  conduction  equa¬ 
tion: 


a 
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where  0  is  the  temperature,  is  the  internal  heat  generation  term,  i  is  the  thermal  con¬ 
ductivity,  p  is  the  density,  Cp  is  the  specific  heat  and  X,  is  the  spacial  coordinates  written  in 
indicial  notation. 

The  mechanical  deformation  of  a  viscoplastic  solid  can  be  determined  by  computing  the 
material  velocity  distribution.  Once  the  velocity  field  is  known,  the  material  displacement  can 
be  obtained  by  time  integration.  The  point  of  formulating  the  mechanical  behavior  in  terms  of 
the  velocity  instead  of  displacements  is  a  tremendous  simplification  and  yet  provides  all  the 
necessary  description  for  large  local  deformation.  Accordingly,  the  flow  and  deformation  of 
the  solid  subject^  to  mechanical  loading  are  described  by  the  conservation  of  momentum  and 
mass  equations.  When  inertia  and  body  forces  are  neglected,  the  equilibrium  equation  can  be 
written  as 
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where  is  the  total  stress  tensor  composed  of  the  deviatoric  and  hydrostatic  stress  tensors. 
The  deformation  rate  tensor  d^j  is  related  to  the  material  velocity  gradients  by 

The  material  incompressiblity  assumption  requires  that  the  trace  of  the  deformation  rate 
tensor  vanish,  accordingly 


4=»'m=0 

In  this  formulation,  the  mechanical  constitutive  equation  assumes  that  the  elastic  material 
response  is  small  compared  to  the  large  plastic  deformation.  Consequently,  a  power  law  vis¬ 
coplastic  material  model  was  chosen  to  represent  Ti6-4  for  the  flow  stress  dependency  on  de¬ 
formation  rate.  This  relationship  can  be  written  in  terms  of  the  second  invariant  of  the  devia¬ 
toric  stress  tensor  as 


where  0^  is  the  activation  energy,  R  the  universal  gas  constant,  6  the  absolute  temperature 
and  m  the  strain  rate  sensitivity  factor.  The  components  of  the  deviatoric  stress  tensor  can 
be  obtained  from  the  deformation  rate  tensor  using  the  associated  Levi-Mises  flow  rule: 

where  \i*  is  an  effective  viscosity. 

The  above  equations  form  a  coupled  thermomechanical  boundary  value  problem  with  the 
appropriate  thermal  and  mechanical  boundary  conditions. 

FINITE  ELEMENT  FORMULATION 

A  flnite  element  program  was  developed  to  investigate  microvoid  deformation  based  on  a 
formulation  developed  by  Dawson  Reference  (12).  Six  noded  isoparametric  triangular  ele¬ 
ments  were  used  which  provide  the  capability  to  handle  highly  non-linear  local  deformation 
gradients.  The  six-node  trianglular  FE  is  used  to  determine  the  velocity  and  temperatures  at 
the  comer  and  midpoint  nodes.  The  hydrosutic  stress  is  determined  at  the  comer  nodes  by 
using  the  Langrangian  multiplier  methc^. 

The  finite  element  solution  for  the  transient  heat  conduction  equation  was  obtained  using 
Qalerkin's  method  of  weighted  residuals  formed  by  the  governing  equation  and  a  set  of 
weighting  functions  Nj.  When  Green's  theorem  is  applied,  the  relationship  for  the  residual  is 
determined  by 

where  9  is  the  applied  heat  flux.  This  equatioa  can  be  redooed  to  a  matrix  equation  for  each 
element  by  using  an  approximating  inierpt^on  function  for  the  temperature  and  applying 
the  Crank-Nichtdton  method. 
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The  finite  element  approximation  of  the  equilibrium  equation  for  the  determination  of  the 
velocity  field  is  based  on  the  variational  statement  for  viit^  wotk.  The  functional  J  is  writ¬ 
ten  as 

&/  =  f&^Sd^dV-SfpdiidV-  Jl^SVidS 
V  vs 

where  8  denotes  variation  of  function  or  variable,  p  is  a  Lagrangian  multiplier  having  the 
physical  meaning  of  pressure,  TJ  the  applied  tractions.  The  velocity  and  pressure  variables  are 
approximated  by  using  inteipolation  functions. 

The  stiffness  matrices  for  the  formulation  are  obtained  by  quadrature,  and  the  governing 
equations  are  fiiudly  reduced  to  a  set  of  matrix  equations  that  are  solved  using  the  frontal 
technique  to  obtain  the  nodal  velocities  and  pressures.  The  Newton-Raphson  method  was  used 
to  obtain  the  nonlinear  solution  since  the  stiffness  matrix  depends  on  the  effective  viscosity, 
which  is  a  function  of  the  deformation  rates. 

Finally  a  quasi-Lagrangian  reference  frame  was  used  in  the  formulation.  An  Euler  inte¬ 
gration  scheme  was  used  for  each  time  step  to  update  the  mesh  in  dme.  The  updated  mesh  was 
then  used  as  the  reference  frame  for  the  next  time  step. 

PROBLEM  STATEMENT 

Figure  1  shows  the  v-notch,  circular  and  elliptic  cavities  geometries  investigated.  Because 
of  the  symmetry  of  the  model,  only  half  of  the  geometry  needed  to  be  modeled.  The  width  of 
the  model  could  be  adjusted  to  account  for  void  interaction  with  the  appropriate  boundary 
conditions  imposed.  Time  varying  pressure  loading  can  be  applied  on  external  or  internal  sur¬ 
faces  as  well  as  isothermal  or  non-isothermal  temperature  fields  depending  on  the  process  pa¬ 
rameters  used. 

Figure  2  is  a  graph  showing  the  titanium  alloy  Ti6-4  flow  stress  data  used  in  the  analyses. 
The  power  law  strain  rate  relationship  material  parameters  are  also  identified  in  Figure  2  for 
the  material  model: 


strain  ratal  I  rate  ) 


ngureX.  TI6-4  flow  stria  va.  strain  rate  data. 
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The  cases  studied  were  for  an  applied  processing  pressure  of  300  psi  (2.07  MPa)  and  tem¬ 
perature  of  1700°F  (927®C).  A  surface  energy  y  value  of  S.7  x  lO'^  in.-lb/lb  (1  x  10'^ 
Joule/cm^)  was  used  in  this  analysis. 

RESULTS 

Figure  3  shows  a  typical  cavity  deformation  and  the  associated  equivalent  stress  field  sur¬ 
rounding  the  cavity,  llie  existence  of  a  void  at  the  bondline  acts  as  a  local  stress  concentra¬ 
tion.  From  this  result  it  can  be  noted  that  even  though  the  pressure  loading  was  only  in  the  Y- 
direction,  the  coalescence  of  the  circular  void  is  circular.  This  indicates  that  the  assumption 
originally  made  by  Hamilton,  Garmong  and  Pilling — that  there  is  a  symmetrical  deformation 
of  the  flaw — is  valid.  Figure  4  shows  the  completely  collapsed  geometry  for  the  elliptic 
microvoid  and  the  associated  effective  stress  contours  at  the  bond  interface.  A  comparison  of 
the  behavior  for  these  three  types  of  interfacial  microgeometries  for  bonding  titanium  sheet 
alloy  Ti  6A1-4V  subjected  to  300  psi  at  1700  °F  was  conducted.  There  is  a  pronounced 
difference  in  the  behavior,  between  the  V-shaped  and  the  other  two  geomeuies,  as  shown  in 
Figure  5  by  the  displacement  of  the  center  high  point  in  the  void  as  a  function  of  the  time. 
Circular  and  elliptic  voids  tend  to  take  the  same  time  to  collapse  during  the  bonding  process. 
This  occurs  in  the  final  phase  of  coalescence  of  elliptic  voids  which  become  circular  because 
of  the  increased  surface  tension  forces  at  the  region  of  highest  curvature.  If  elliptic  voids  have 
a  large  aspect  ratio,  they  are  unstable  and  will  collapse  to  form  smaller  microvoids.  In  the 
latter  stage  of  diffusion  bonding,  pressure  plays  a  minor  role  in  the  coalescence  process 
compared  to  the  surface  tension  and  diffusional  transport.  Figure  6  shows  the  rate  of 
microvoid  collapse  with  time  for  an  elliptic  microgeomeuy.  The  results  in  that  case  show  that 
any  increase  in  time  would  have  very  little  effect  on  further  coalescence. 

Our  studies  have  shown  that  the  finite  element  method  (FEM)  can  be  effectively  used  to 
study; 

( 1 )  The  effect  of  various  interfacial  geometries, 

(2)  The  significance  of  flow  stress  properties, 

(3)  The  optimization  of  bonding  process  by  using  both  time-dependent  pressure  and  tem¬ 
perature  profiles. 


Figure  3.  Circular  cavity  deformatloB  and  ftrc»  distribution. 


Figure  4.  Elliptic  cavity  deformation  and  stress  distribution. 
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SOME  ASPECTS  OP  FORMATION  OP  JOINTS  OP  VARIOUS 
CONFIGURATIONS  DURING  DIFFUSION  BONDING  OP  TWO- 
PHASE  TITANIUM  ALLOYS 
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Abstract 

This  study  has  covered  some  aspects  of  the  production  of  butt- 
and  T-joints  in  two-phase  titanium  alloys  via  vacuum  diffusion 
bonding  with  regard  to  effects  of  "deformation-time”  parame¬ 
ters  of  the  process,  alloy  composition  and  structure  of  bonded 
components. 

In  butt  bonding  under  triaxlal  stress  conditions  suid  relative¬ 
ly  short  holding  times  (^0.3  h),  the  degree  of  macroplastic 
deformation  has  the  principal  effect  on  bond  formation  and  me¬ 
chanical  properties,  but  the  effect  of  alloy  composition  and 
structiu^e  of  bonded  components  on  bond  quality  is  negligible* 
Regarding  bond  times,  bond  qviality  depends  on  the  combined  ef¬ 
fect  of  plastic  deformation  and  time  of  its  accumulation,  as 
well  as  on  alloy  composition.  The  change  from  butt  to  T-joints 
produces  an  effect  on  the  strained  metal  condition  at  the  in¬ 
terface*  It  has  been  shown  that,  due  to  low  degree  of  deforma¬ 
tion,  realized  at  the  Interface  the  production  of  the  suffici¬ 
ent  T-joint  can  be  obtained  by  a  noticeable  increase  in  bon¬ 
ding  times. 

A  defect  morphology  dlagreun  has  been  plotted  on  "degree  of  de¬ 
formation-time"  coordinates  and  fields  of  formation  of  micro- 
voids-free  joints  have  been  defined. 

The  present  paper  has  focused  on  some  aspects  of  the  formation 
of  Joints  in  two-phase  titanium  alloys  via  vacuum  diffusion 
bonding,  and  specifically  on  the  effects  of  deformation-time 
parameters  of  the  process,  alloy  composition,  as  well  as  on 
configuration  said  structure  of  components  bonded  on  bond  qua¬ 
lity. 

The  investigation  was  carried  out  on  structural  alloys  inclu¬ 
ding  VT6  (Ti-6A1-4V),  VT3-1  (Ti-6Al-2.5Mo-2Cr-0.5Fe-0.3Si), 
VT22  (Ti-5Al-5Mo-5V-1Fe-1Cr) , which  differed  in^  -phase  content, 
polymorphous  transformation  teoq?ez«tures  resis¬ 
tance  to  deformation  at  comparable  field  bonding  tempera- 

Titofrium  "92 
Scwno*  and  Tachnotow 
Edilid  by  F.H.  FroM  und  I.  Coplan 
Th*  AAinorab,  Matob  A  Motwlob  Socioty,  )  993 
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tviree  “Tp  ^  -  20  to  30  ®C).  The  effect  of  alloy  struc¬ 

ture  and  composition  on  bond  qxiallty  was  studied  on  butt- 
joints  of  VTb  alloys  bonded  under  trlazlal-stress  conditions. 
The  types  of  microstructures  under  study  are  as  follows:  fiber 
and  coarse-grained,  lamellar.  Formation  of  T- joints  was  stu¬ 
died  under  plane-strain  deformation.  Characteristic  features 
of  the  as-deformed  condition  at  the  Interface  after  bonding 
were  evaluated  by  Moire  strip  method  according  to  a  specific 
procedure  C  1]] .  Bonding  temperatures  are  as  follows:  950  ®C  for 
VT3-1.  920  °C  for  VT6,  850  ®C  for  VT22  (l.e.  ,  20-30  °C  below 
every  alloy). 

p*  X* 

Relationships  between  the  joint  quality,  macroplastic  deforma¬ 
tion  degree  (f),  and  bonding  times (t)  have  been  studied.  In 
butt  bonding,  the  deformation  degree  was  defined  by  the  rela¬ 
tive  change  In  the  total  specimen  height.  In  T-bondlng,  It  was 
defined  by  the  relative  chcmge  In  rib  height.  This  can  be  used 
In  practice  as  quality  control  parameters  for  an  adaptive  sys¬ 
tem.  Ranges  of  deformation  degree  (£ )  and  bonding  times  (t) 
were  3  to  16  ?6  and  0.3  to  3  h,  respectively.  Completeness  of 
joint  formation  was  evaltiated  by  joint  impact  toughness-to- 
base  metal  Impact  toughness  ratio  (KCV).  This  ratio  Is  one  of 
the  most  sensitive  to  defects  In  the  contact  surface.  The  ave¬ 
rage  degree  of  deformation  of  the  irtiole  specimen  (Table  1 ,  co- 
liunn  1)  and  of  every  bonding  element  (Table  1,  colvunn  2,  3) 
was  evaluated  for  joints  produced  from  components  with  dissi¬ 
milar  structure.  In  this  case  KCV  was  defined  by  joint  Impact 
toughness-to-weaker  base  metal  impact  toughness  ratio.  Micro¬ 
defect  morphology  at  the  Interface  was  studied  according  to  a 
previously  developed  procedure  ^23. 

Titanium  alloy  joints  are  characterized  by  two  major  groups  of 
microvoids,  namely  slot-type  defects  formed  at  the  early  sta¬ 
ges  of  joint  formation  and  pinhole  porosity  spaced  In  packets 
or  scattered  porosity  [^2,  3j.  Fig.  1  represents  a  ”€  -t"  dia¬ 
gram  of  defect  morphology  for  a  VT6  fiber  structure  alloy.  The 
diagram  region  with  pinhole  porosity  covers  the  whole  range  of 
defects  of  this  type  (from  porosity  packets  to  single  scatte¬ 
red  porosity).  The  line  of  transition  from  slot-type  microvoids  to 
pinhole  porosity  for  bonding  times  of  more  than  1  h  Is  shown 
conventionally  as  the  range  of  deformation  degree  below  3  % 
and  was  not  studied.  The  diagram  shows  that  an  Increase  In 
the  degree  of  macroplastic  deformation  for  bonding  times  up  to 
1  h  is  accompanied  by  a  regular  change  in  defect  type  from 
slot-type  defects  to  pinhole  porosity,  which  practically  dis¬ 
appear  completely  at  f  =10  to  15  depending  on  the  process 
dviratlon.  In  this  case,  a  change  In  bonding  times  In  the  range 
from  0.1  to  0.5  h  does  not  affect  the  location  of  regions  with 
various  types  of  defects.  For  longer  bonding  times  (t=3  h) , 
the  stage  of  slot-tyoe  defect  fragmentation  resulting  in  pin¬ 
hole  porosity  foan^xxon  has  enough  time  to  be  completed  at  the 
deformation  degree  vuider  the  low  limit  in  question  (€^3  %). 

In  joints  formed  at  this  bonding  times  in  the  range  off  =3  to 
6  %  only  defects  In  the  form  of  pinhole  porosity  dlssappearlng 
with  f>  6  %  are  observed. 

According  to  observed  variations  in  defect  morphology  with 
bonding  times  within  1  h,  the  Kdv  (£  )  relationship  has  two  spe¬ 
cific  areas  (Fig.  2)  expressed  especially  clearly  at  relative- 


ly  short  holding  times  (t^O.3  h).  The  most  pronounced  in¬ 
crease  in  relative  impact  toughness  is  observed  at  the  initial 
stages  of  joint  formation  with  deformation  degree  giving  rise 
to  fragmentation  of  slot-type  defects  cmd  a  decrease  in  their 
surface  fraction.  Deformation  degree  resulting  in  a  change  of 
the  ICdV  (£  }  relationship  seems  to  agree  with  the  stage  of  tran¬ 
sition  from  packets  to  scattered  pinhole  porosity.  It  should 
be  noted  that  a  change  in  bonding  times  by  0.1  to  0.5  h  with¬ 
out  a  significant  effect  on  the  morphology  and  amount  of  de¬ 
fects  in  the  joining  zone  (Fig.  1)  does  not  affect  the  KdV  (£} 
relationship.  In  this  case,  joint  qiiality  is  determined  by  the 
degree  of  macroplastic  deformation  only. 


structure). 

An  increase  in  bonding  times  enhances  the  effect  of  diffusion 
processes  on  joint  formation,  shifting  KfiV  (€)  curves  left  to¬ 
wards  lesser  deformation  degrees  necessary  to  attain  hi^  qua¬ 
lity  joints.  At  t=3  h,  the  kCV  (£)  relationship  is  nearly  li¬ 
near.  This  can  be  explained  by  the  absence  of  the  fragmenta¬ 
tion  stage  of  slot-type  defects  in  the  investigated  range  of 
deformation  degrees  (Pig.  2). 

At  the  same  temperature  and  relatively  short  bonding  times  (t 
«0.5  h)  a  change  in  structure  has  a  minimal  effect  on  the  KCv 
(f)  relationship.  Joint  quality  depends  on  the  degree  of  macro¬ 
plastic  deformation  of  metal  (Pig.  2).  Iftider  these  bonding  con¬ 
ditions,  the  certain  favoxirable  effect  of  the  fiber  structure 
manifests  itself,  mainly,  in  a  noticeable  decrease  in  pressure 
necessary  to  provide  deformation  required.  Deformation  and  dif¬ 
fusion  processes  proceeding  in  finer-grain  component  have  the 
major  effect  on  the  formation  of  joints  bonded  of  elements 
with  dissimilar  structure  (fiber+coarse  grain,  lamellar).  It 
can  be  seen  from  comparison  of  the  data  presented  in  Table  1 
and  in  Pig.  2.  Under  similar  bonding  conditions,  equal  KCV  va¬ 
lues  of  joints  bonded  from  elements  with  dissimilar  structxxre 
and  with  fiber  structure  are  achieved  at  similar  values  of 
the  element  with  fiber  structure  in  a  dissimilar  joint  and  of 
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the  specimen  with  the  same  structure  of  both  elements 


t«0.25  h,  fiber 
structure 

t*0.25  h,  coarse-grain, 
lamellar  structure 
t»1  h,  fiber  struc¬ 
ture 

t«3  h,  fiber  struc¬ 
ture 


Figure  2  -  Dependence  of  relative  impact  tough¬ 
ness  of  VT6  alloy  butt  ;joint8  upon 
the  deformation-time  bonding  parame¬ 
ters  and  the  initial  structure  (T= 

920  ®C). 

TABLE  1  Effect  of  Deformation  Degree  on  Quality 
of  Joints  Produced  from  Elements  with 
Dissimilar  Structv-re  (VT6  alloy,  T«920®C, 
t«0.25  h) 


Deformation  degree,  % 

Impact 

toughness , 

J/cm^ 

Ave- 

Element 

Element 

Joint 

Base  metal 

rage 

with  fi- 

with  la- 

Fiber  Coarse-grain 

ber 

struc- 

mellar 

struc¬ 

ture 

struc- 

lamellar 

txire 

structure 

2 

3.5 

1 

10 

63 

74 

0.16 

3 

5 

1 

15 

56 

68 

0.25 

7 

13 

1 

50 

59 

72 

0.85 

A  change  in  the  composition  of  two-phase  alloys  diffusion  bon- 
ded  at  relatively  short  holding  times  does  not  affect  the 
(£)  relationship  and  maintains  a  principle  importcmce  of  mac- 
roplastic  deformation  in  Joint  formation.  With  longer  bonding 
times  an  Increase  in  quantity  of  A  -phase  in  the  alloy  resul¬ 
ting  in  lowering  of  and  bondlxig  temperature  in  the  two- 
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phase  region,  shifting  the  KCV  (f )  relationship  curve  right 
towards  the  greater  deformation  degrees  assures  satisfactory 
joints  (Pig.  3). 


♦VTS  alloy,  t»0.25  h 
AVT22  alloy,  t-0.25  h 
0--OVT6  alloy,  t«3  h 
A--AVT22  alloy,  t-3  h 


4  8  12  5% 

Plgvire  3  -  Dependence  of  relative  impact  tough¬ 
ness  of  butt  joints  upon  the  defor- 
mation-tlme  parameters  of  bonding 
and  the  alloy  oomposltion  (fiber 
structure). 

The  nature  of  the  (^  }  relationships  in  T-joint  differs 
from  that  in  butt  joints.  Analysis  of  the  deformed  state  of 
metal  at  the  Interface  by  a  Moire  method  C  0  bas  shown  that  in 
T> joining  of  VT6  alloy  under  plane-strain  deformation  correla¬ 
tion  between  the  degree  of  rib  deformation  in  hel^t  and  the 
nature  of  metal  plastic  flow  in  bonding  zone  is  observed  in  a 
narrow  range  of  deforaatlon  degree  only  (£$7  %).  An  Increase 
in  deformation  degree  up  to  15  to  16  %  does  not  change  notice¬ 
ably  deformation  parameters  at  the  interface  and  hence  does 
not  improve  joint  quality  under  relatively  short  bonding  times 
(t>0.25  h)  (Pig.  4).  It  can  be  achieved  only  due  to  longer 
bonding  time  and  more  complete  diffusion  processes. 

The  mechcmisms  determined  for  joint  formation  gave  rise  to  de¬ 
velopment  of  some  processes  for  maniifacture  of  intricate¬ 
shaped  diffusion-bonded  billets  of  panel-,  blade-  cmd  mono- 
disk-  types  in  investigated  titanixim  alloys  (Pig.  5,  6).  Table 
2  exemplifies  servloeabllity  of  VT6  alloy  bonded  Joints. 


b. 

Figure  6  -  Panel  (a)  and  blade  (b)  billets 
produced  by  diffusion  bonding. 
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TABL£  2  Mechanical  Properties  of  Bonding 
Joints  of  VT6  Alloy  Panels 


Characteristic 

Value 

Weld-to-base  metal  ratio 

UTS,  MPa 

910 

1.0 

El.  ,  ?6 

14 

1.0 

RA,  56  _ 

30 

1.0 

MPa\/M 

Stress-rupture  strength. 

84 

0.92 

MPa  (450  “C,  100  h) 

450 

1.0 

KCV,  ^sq.  sffl 

LCP,  G^-500  MPa,  f-40  Hz 

44 

0.8 

56700- 

145100 

1.0 

Conclusions 

1.  In  butt  bonding  under  trlaxlal  stress  conditions  and  rela¬ 
tively  short  bonding  times  (t^O.5  h),  the  degree  of  macroplas 
tic  deformation  has  a  determinant  effect  on  joint  fozmatlon 
and  mechsmlcal  properties*  Bonding  times, the  alloy  structure 
emd  composition  have  negligible  effects.  At  longer  bonding 
times, joint  quality  depends  both  on  plastic  deformation  and 
the  time  of  Its  accumulation*  as  well  as  on  the  alloy  composi¬ 
tion. 


2*  A  defect  morphology  diagram  has  been  plotted  on  ’’degree  of 
deformatlon-tlme"  coordinates.  Using  this  dlagrcun  one  can  de¬ 
fine  bonding  conditions  to  produce  high-quality  joints  in 
terms  of  Impact  toughness  characteristic  being  one  of  the  most 
sensitive  to  bonding  defects. 


3*  In  changing  from  butt  to  T-joints*  the  variation  of  confi¬ 
guration  and  stress-strain  condition  affects  the  nature  of  me¬ 
tal  plastic  flow  at  the  Interface  and  the  KCV  CB)  relationship 
In  T-bondlng  under  plain-strain  deformation  the  value  of  accu¬ 
mulated  deformation  at  the  Interface  has  a  slight  dependence 
upon  the  degree  of  rib  deformation  in  height.  It  Is  evidently 
Insufficient  for  perfect  Joint  formation  under  short  bonding 
times.  The  strength  level  of  the  base  metal  can  be  achieved  by 
an  Increase  In  bonding  times  only.  This  favours  more  complete 
diffusion  processes. 
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Abstract 

Microstructures  of  dissimilar-alloy  linear-friction  and  diffusion  welds  between  Ti-14Al-21Nb 
titanium  aluminide  and  Ti-6Ai-2Sn-4Zr-2Mo-0.1Si  were  evaluated  using  optical,  scanning 
electron,  and  transmission  electron  microscopy.  The  linear-friction  weld  interface  was 
characterized  by  localized  mechanical  mixing,  negligible  alloying  element  interdiffiision,  and  a 
fine,  dynamically  recrystallized  prior  beta  ^n  structure.  Beta  decomposition  occurred  in  the  Ti- 
6242  to  fine  colonies  of  alpha  and  alpha-prime  martensite,  and  in  the  Ti-14Al-21Nb  to  alpha-two 
prime  and  beta.  In  contrast,  the  difi^usion  weld  exhibited  substantial  interdiffusion  of  Nb  into  the 
Ti-6242  which  locally  suppressed  the  beta  transus  and  promoted  subsequent  beta  decomposition 
to  a  coarse  colony  alpha  +  transformed  beta  structure. 

Introduction 

The  increasing  demand  for  advanced  lightweight  materials  with  elevated-temperature 
properties  and  oxidation  resistance  superior  to  that  of  conventional  titanium  alloys  has  prompted 
the  development  of  a  new  class  of  materials  based  on  the  Ti3Al  (alpha-two,  DO]  9  structure) 
intermetallic.  These  alloys  potentially  exhibit  a  relatively  low  density,  high  elastic  modulus,  and 
high  creep  resistance  compared  to  conventional  near-alpha  titanium  alloys.  Although  the  binary 
compound  exhibits  unacceptably  low  room-temperature  ductility  and  toughness,  improvements 
in  these  properties  have  been  achieved  through  the  addition  of  the  beta-stabilizing  elements  Nb, 
Mo,  and  Ta  (1,2).  The  equilibrium  microstructure  of  these  alloys  correspondingly  is  comprised 
of  both  alpha-two  and  beta  (BCC)  phases.  Ti-14Al-21Nb  (wt%)  is  a  first-generation  Ti3Al-Nb 
type  alpha-two  Ti  aluminide  which  has  been  studied  in  detail.  Regarded  principally  as  a  model 
system,  thermomechanical  processing  and  heat  treatnKnt  information  determined  for  Ti-14A1- 
21Nb  has  provided  an  important  data  base  for  the  further  development  of  alpha-two  titanium 
aluminides. 

The  effective  integration  of  alpha-two  titanium  aluminides  into  gas  turbine  engines  will 
require  their  joining  both  to  themselves  and  to  conventional  elevated-temperature  Ti  alloys.  The 
application  of  solid-phase  welding  processes  (which  precludes  melting  and  solidification 
experienced  during  fusion  welding)  offers  a  strong  potential  for  producing  high-integrity  joints 
between  dissimilar  alloys.  The  mechanical  properties  of  these  welds  are  dependent  princi^ly  on 
the  integrity  and  microsti  jctural  characteristics  of  the  interface  region  between  the  dissimilar 

Titanium  '92 
Sctano*  and  Tnchnoiogy 
Editad  by  F.H.  Frooi  and  I.  Coplan 
Tlta  Minorab,  Motab  A  Motartab  SocMy,  1 993 

1,4S3 


materials.  In  the  present  study,  detailed  microstructural  analysis  was  perfoimed  to  characterize 
the  interface  region  of  solid-phase  diffusion  and  linear-friction  weldments  produced  between  Ti- 
14Al-21Nb  (hotter  referr^  to  as  Ti-14-21)  and  the  conventional,  near-alpha  titanium  alloy  H- 
6Al-2Sn-4Zr-2Mo-0.1Si  (hereafter  referred  to  as  Ti-6242). 


Experimental 


The  beta-forged  Ti-l4-2l  microstructuic  was  characterized  by  coarse,  equiaxed  prior  beta 
grains  ~  1-3  mm  in  diameter  and  transformed  beta  in  the  form  of  Widmanstatten  alpha-two 
platelets  bounded  by  thin  ribs  of  retained  beta-phase.  Figure  la.  The  Ti-6242  originate  as  an 
alpha/beta  processed  and  heat-treated  forging  and  exhibited  a  microstructure  of  equiaxed  alpha 
grains  with  a  smaller  amount  of  coarse,  transformed  beta  in  the  form  of  fine  alpha  platelets 
bounded  by  retained  beta.  Figure  lb. 


Figure  1:  (a)  As-received  Ti-14-21  showing  Widmanstatten 
alpha-two  platelets  bounded  by  retained  beta;  (b)As-receiv6d 
Ti-6242  showing  equiaxed  alpha  surrounded  by  fine  alpha  platelets 
and  retained  beta. 


The  diffusion  weld  was  produced  between  blocks  SO  mm  x  SO  mm  x  2S  mm  in  a  vacuum  hot 
press  at  970°C  for  2  hours  under  3.4S  MPa  (SOO  psi)  pressure  and  furnace  cooled.  Linear- 
friction  welds  were  produced  between  blocks  30  mm  x  IS  mm  x  SO  mm  (length)  using  a  weld 
frequency  of  2S  Hz,  amplitude  of  2  mm,  friction  and  forge  forces  of  SO  kN,  and  a  bumoff 
(upset)  of  4  mm. 

Specimens  were  prepared  for  metallographic  examination  using  standard  polishing 
techniques  and  etched  with  Kroll's  reagent  (3  ml  HF  +  6  ml  HNO3  +  100  ml  H2O). 
Conventional  light  and  scanning  electron  microscopy  (SEM)  were  used  to  evaluate  the 
metallographic  samples.  Thin  foils  for  transmission  electron  microscope  (TEM)  examination 
were  slurry  drilled  from  various  regions  of  both  solid  phase  weld  samples.  The  desired  area  of 
each  sample  was  selectively  thinned  by  dimpling  to  a  final  thickness  of  approximately  100 
microns.  The  samples  were  then  jet  electropolish^  to  perforation  in  a  solution  of  10%  H2SO4 
in  methanol  at  a  temperature  of  -20°C  and  a  current  of  -30  mA  (lOV).  Ion  milling  was  used  as  a 
flnal  step  to  obtain  additional  thin  area  as  needed. 

Electron  probe  microanalysis  (EPMA)  was  performed  on  metallographic  samples  to  obtain 
compositional  information  across  the  interfaces  of  both  solid  phase  welds  using  a  JEOL  730 
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electron  micioprobe.  Cor.ventional  TEM  was  performed  on  a  JEOL  200CX  equipped  with  an 
energy  dispersive  spectrometer  (EDS)  and  a  JEOL  JSM  840F  SEM  was  employ^  to  obtain 
secondary  and  backscanered  electron  images  (BEI)  of  metallographic  samples. 


Results  and  Discussion 


Linear-friction  Weld 

A  photograph  of  the  linear-friction  weld  and  a  macrograph  of  a  metallographic  cross-section 
through  the  weld  zone  (WZ)  appear  in  Figures  2a  and  2b,  respectively.  It  can  be  seen  in  Figure 
2a  that  the  combination  of  factional  heating  and  forge  force  produced  flash  principally  in  the  Ti- 
6242  that  semi-continuously  skined  the  joint.  Figure  2b  reveals  a  slight  curvature  to  the  weld 
interface  concave  into  the  Ti-14-21,  and  a  decrease  in  the  width  of  the  weld  heat  and  deformation 
zone  (HDZ)  from  the  center  to  the  outer  periphery. 


Figure  2:  (a)  Linear-friction  weld  between  Ti-14-21  and  Ti-6242; 

(b)  Macrograph  showing  weld  cross-section. 

Optical  micrographs  of  the  linear-friction  weld  interface  are  shown  at  low  magnification  in 
Figures  3a  and  3b.  The  HDZ  extends  approximately  700-800  microns  from  the  bond  line  into 
each  base  metal.  Figure  3b  reveals  a  metallurgically  sound  but  rather  irregular  interface  with  a 
substantial  amount  of  highly-localized  mechanic^  mixing  between  the  two  alloys.  Dynamically 
recrystallized  beta  grains,  approximately  15-20  microns  in  diameter  and  darkly  outlined,  are 
clearly  observed  in  the  Ti-14-21.  Transformation  products  in  the  HDZ  of  the  Ti-14-21  are  ultra- 
fine  platelets  of  acicular  alpha-two  and,  most  probably,  alpha-two  prime  manensite  (3,4) 
surrounded  by  beta  phase  which  may  be  ordered,  as  shown  in  Figure  4a.  On  the  Ti-6242  side  of 
the  weld  interface,  a  fine,  dynamically  recrysiallized  beta  grain  structure  is  observed  in  the  HDZ. 
The  transformed-beta  microstructure  appears  as  platelets  of  alpha  (HCP)  as  well  as  alpha-prime 
martensite,  as  shown  in  Figure  4b.  Microhardness  values  of  approximately  375  KHN  (200g 
load)  in  this  region  are  relatively  high  for  colony  structure  alpha  (5).  This  is  due  to  the  small 
beta  grain  size  which  promoted  a  fine  colony  platelet  size. 

EPMA  data  for  the  friction  weld  are  shown  in  Figures  5a  and  5b.  The  most  striking  feature 
in  the  composition  profile  is  the  virtual  absence  of  interdiffusion  across  the  interface.  In  Figure 
5b,  the  anomalous  drop  in  the  levels  of  Nb  and  A1  on  the  Ti-14-21  side  of  the  interface  reveals 
mechanical  mixing  as  shown  in  the  micrograph  in  Figure  3b.  The  apparent  detection  of  limited 
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Diffusion  Bond 

The  microstructuFe  of  the  diffusion  weld  interface  region.  Figure  6a,  reveals  the  absence  of 
macroscopic  deformation.  In  this  weld,  the  two  blocks  of  material  were  heated  and  held  at  the 
constant  temperature,  producing  a  compositional  gradient  at  the  interface.  The  welding 
temperature  of  91(PC  was  well  below  the  beta  transus  of  Ti- 14-21,  leaving  the  microstnicture 
essentially  unaffected.  In  contrast,  the  thermal  excursion  was  only  20°  below  the  Ti-6242  beta 
transus,  producing  a  decrease  in  the  relative  amount  of  equiaxed  alpha  in  the  base  metal  as  well 
as  its  coarsening.  Figure  6b  is  a  low  magnirication  micro^ph  of  tlw  weld  interface  illustrating  a 
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narrow  diffusion  zone  (-50  microns)  in  the  Ti-6242  that  is  devoid  of  the  equiaxed  alpha  grains, 
revealing  only  fine  alpha  platelets  <1  micron  wide.  Selective  etching  of  the  Ti-6242  by  a  very 
light  etching  of  the  entire  interface  revealed  preferential  attack  on  the  Ti- 14-21  side  only  at  the 
alpha-two  grain  boundaries  in  immediate  contact  with  the  interface.  This  suggests  a  limited 
amount  of  Mo  enrichment  principally  in  the  beta  phase  on  the  11-14-21  side  of  the  boundary. 

A  backscattered-electron  SEM  image  of  the  diffusion  weld  interface  is  shown  in  Figure  7. 
Several  features  are  noteworthy  in  this  micrograph.  Beta  phase  was  continuous  across  the  bond 
line,  however,  the  change  in  contrast  between  alpha  and  alpha-two  suggests  that  the  transformed- 
beta  remained  essentially  distinct  across  the  bond  line  in  the  Ti-6242  and  Ti-14-21,  respectively. 
Several  beta  ribs  in  the  Ti-6242  reveal  ultra-fine  acicular  alpha  platelets  (-100  -  200  nm)  that 
transformed  on  cooling.  These  are  shown  in  the  TEM  micrograph  in  Figure  8.  It  should  be 
noted  in  Figure  8  that  selected  alpha/beta  interfaces  near  the  bond  line  in  the  Ti-6242  display  an 
irregular,  scalloped  shape  indicating  local  instability. 


Figure  5:  Composition  profile  across:  (a)  smooth  friction  weld  interface  region; 
(b)  ragged  friaion  weld  interface  region  (see  Figure  3b). 
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Figure  6:  Micrographs  of  diffusion  weld:  Ti- 14-21  on  left. 


Figure  7:  SEM  backscattered  electron  image  of  diffusion 
bond,  Ti-14-21  top.  Arrows  indicate  interface  region  and 
partially  transformed  beta  ribs. 

In  contrast  to  the  friction  weld,  the  composition  profile  of  the  diffusion  bond  reveals 
extensive  interdiffusion  as  shown  in  Figure  9.  Niobium  diffusion  extends  >60  microns  into  the 
Ti-6242  whereas  Zr,  Sn  and  Mo  show  no  appreciable  diffusion  into  the  Ti-14-21.  It  is  interesting 
to  note  that  the  Nb  diffusion  distance  in  the  Ti-6242  corresponds  to  the  width  of  the  band  of 
transformed  beta  which  is  devoid  of  equiaxed  alpha  (see  Figure  6b).  It  is  apparent  that  Nb  locally 
suppressed  the  beta  transus,  thus  promoting  dissolution  of  the  equiaxed  alpha  grains  and 
subsequent  beta  decomposition  which  resulted  in  a  plate-like  transformation  product.  It  should 
also  be  noted  that  the  composition  near  the  bond  line  is  quite  inhomogeneous  compared  with  the 
friction  weld.  These  compositional  fluctuations  correspond  to  partitioning  of  Mo  and  Nb  (beta 
stabilizers)  and  A1  (alpha  stabilizer)  to  the  beta,  and  alpha  or  alpha-two  phases,  respectively. 

At  welding  temperatures,  the  equilibrium  Nb  concentration  in  the  beta  phase  dropped  to 
about  one-half  the  concentration  at  room  temperature.  Excess  elemental  Nb  then  became 
available  to  diffuse  into  the  neighboring  alpha-two  grains  and  eventually  across  the  interface  into 
the  Ti-6242  to  eliminate  the  concentration  gradient.  Although  the  cooling  rate  was  relatively 


slow,  especially  compared  with  the  friction  weld,  it  is  reasonable  to  assume  that,  upon  cooling, 
Nb  locally  partitioned  into  the  beta  phase  on  both  sides  of  the  interface.  The  microstructural 
evidence  in  Figure  6  clearly  supports  this  argument.  The  narrow  band  of  transformed  beta  that  is 
devoid  of  ^uiaxed  alpha  in  the  Ti-6242  illustrates  the  Nb  diffusion  distance  across  the  interface. 
In  this  region,  only  compositionally-induced  beta  remained  stable  during  welding.  The  retained 
beta  was  susceptible  to  local  instability  as  seen  in  Figure  7.  Arrows  point  to  beta  ribs  which 
locally  transformed  to  very  fine,  acicular  alpha. 


Figure  8:  TEM  micrograph  of  Ti-6242  side  of  diffusion 
bond  showing  ultra-fine  alpha  platelets  within  beta  ribs 


Summary 

In  this  study,  two  solid-phase  welding  processes  were  employed  to  produce  dissimilar  joints 
between  Ti- 14-21  and  Ti-6242.  The  rapid  thermal  cycle  and  extensive  deformation  experienced 
by  the  linear-friction  weld  resulted  in  dynamic  recrystallization  of  beta  phase  in  both  the  Ti-14-21 
and  Ti-6242  with  negligible  interdiffusion  between  the  two  materials.  The  rapid  cooling 
promoted  martensitic  beta  decomposition  in  both  alloys  and  the  ordering  of  retained  Iwta  phase  in 
Ti-14-21.  The  processing  temperature  of  the  diffusion  weld  promoted  appreciable  Nb 
interdiffusion  into  the  Ti-5242,  resulting  in  local  suppression  of  the  beta  transus  temperature. 
This  was  manifested  in  a  region  near  the  interface  that  was  characterized  by  transformed  beta  in 
the  form  of  alpha  platelet:-  and  was  devoid  of  equiaxed  alpha.  The  beta  phase  in  this  region  was 
relatively  unstable  as  evidenced  by  ultra-fine  acicular  alpha  platelets  that  transformed  within  the 
beta  ribs  on  weld  cooling. 
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Figure  9:  Compositional  profile  across  diffusion  bond 
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ABSTRACT 


This  paper  presents  the  resulu  of  an  exhaustive  study  of  the  plasma  arc  wetdinj  ofTASY  titanium  alloy : 

-  welding  conditions, 

■  maximum  penetration  as  a  Ainction  of  ihe  welding  position,  with  or  without  GTA  dressing. 

■  nt-up  tolerances. 

-  efTect  of  various  factors  such  as  the  type  of  plasma  gas,  flared  plasma  flow,  etc. . . 

High  quality  straight  welds  were  obtained  without  filler  metal  on  plates  up  to  IS  mm  thick  welded  in  the  flat  position 
with  CTA  dressing  and  up  to  Umm  thick  welded  in  the  venical.  and  overhead  positions. 

Assessment  of  the  mechanical  properties  of  a  butt  weld  in  standard  TA6V  alloy,  16  mm  thick,  welded  without  filler 
metal :  UTS  •  1000  MPa,  YS  •  *55  MPa,  elongation  -  $%,  KV  .  36  J  (Charpy  at  -  20*C),  Kq  .  65  MPa  Vm  (CTl  5  at 
2(rC). 


1.  INTRODUCTION 

Titanium  alloys  require  welding  processes  capable  of  ensuring  protection  of  the  weld  and  its 
adjacent  zones  from  the  atmosphere.  This  requirement  is  met  with  various  welding 
processes  :  welding  in  a  vacuum  (electron  beam  welding)  and  welding  under  inert  gas 
shield:  GTAW,  GMAW,  and  plasma  arc  welding. 

Plasma  arc  welding  has  been  the  subject  of  many  studies  and  its  attractiveness  for  the 
production  of  very  high  quality  welds  in  one  run  on  thin  parts  (generally  up  to  8-10  mm)  is 
well  established  (1)  (2)  (3). 

In  the  case  of  titanium  alloys,  the  technological  benefits  inherent  in  the  plasma  welding 
process  are  supplemented  by  the  capability  to  efficiently  protect  the  weld  and  its  adjacent 
zones  through  the  use  of  a  trailing  shield.  Furthermore,  the  physical-chemical  properties  of 
the  material  promote  its  weldability ;  as  a  matter  of  fact,  the  performances  of  the  plasma 
process  benefit  by  the  low  thermal  conductivity  and  low  density  of  titanium  and  its  alloys 
which  permit  the  weldable  thickness  ranges  to  be  markedly  increased  with  the  key-hole 
technique.  Moreover,  in  multipass  welds,  the  process  offers  many  advantages  for  the 
deposition  of  the  root  bead  in  thick  material.  It  is  precisely  this  application  which  was  the 
subject  of  an  exhaustive  research  work  including  feasibility  studies  in  different 
configurations  :  welding  from  outside  or  inside. 
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2.1.  Welding  equipment 

-  SAF  NERTINOXTH  500  generator  with  a  highly  drooping  dynamic  characteristic 
optimized  by  a  self-regulation  of  the  energy  as  a  function  of  the  arc  length.  This 
characteristic  permits  the  weld  sagging  to  be  delayed  and  facilitates  the  welding  ope¬ 
ration. 

-  Type  SP6  plasma/GTAW  torch  with  a  permissible  peak  current  of 400  A. 

The  electrodes  used  for  this  investigation  were  25i  thoriated  tungsten  electrodes  in  a 
diameter  of  4.8mm.  The  nozzles  were  of  the  convergent-divergent  type  (1). 

-  Microprocessor-piloted  control  cabinet  including  a  weld-cycle  programmer,  a  box 
for  piloting  the  main  parameters  (voltage,  current,  travel  speed,  wire  feed  rate)  during 
welding,  and  a  programmer  for  the  plasma  gas  flow  rate  (from  O  to  10  liters/min). 

The  crater-fllling  parameters  were  programmable. 

2.2.  Protection  of  the  welds 

Root  of  weld  :  protection  was  ensured  by  a  backflow  of  argon  ensured  by  a  water-co¬ 
oled  copper  device  machined  with  a  relief ;  the  argon  flow  rate  was  30  liters/min. 

Face  of  weld  :  a  trailing  shield  incorporated  in  the  plasma  torch  was  produced  with  a 
design  taking  account  of  the  heat  radiated  by  the  plasma .  Argon  was  diffused  through  a 
porous  plate  in  sintered  bronze  and  the  whole  system  was  water-cooled.  The  trailing 
shield  was  positioned  on  the  surface  of  the  workpiece  ;  tightness  was  improved  by 
means  of  thin  skirts  made  of  brass  (see  Figure  1  at  the  end  of  text).  This  equipment  was 
used  in  all  positions. 

2.3.  Joint  preparation 

Two  types  of  welded  specimens  were  produced,  depending  on  the  welding  procedure  : 

-  first  pass  at  the  root  of  joint :  U-groove  with  sloping  sides,  with  root  face  and  sufficient  gap 
for  torch  penetration.  For  this  one-side  welding  configuration,  the  torch  size  was  reduced. 

-  first  pass  on  the  opposite  side  :  this  configuration  was  more  conventional  for  plasma  arc 
welding.  (J-groove  with  sloping  sides,  without  root  face,  was  used. 

Test  specimens  in  a  length  of  S(X)  mm  were  welded. 

2.4.  Alloy  stndled 

The  study  was  carried  out  by  using  roiled  and  forged  flats  in  standard  TA6V  alloy  to  ASTM  B 
265,  supplied  byCEZUS  and  RMI.  Achemical  composition  is  hsted  in  Table  1. 

Table  1  -  Cfaemlcal  analysis  in  the  weld  aetal _ 


HC 

%A1 

%V 

HN 

%o 

BASE  METAL  0.010 

6.1 

3.83 

0.016 

Back-side  welding 

Constricted 

0.009 

6.1 

3.88 

0.025 

GTA  dressing 

Flared 

0.007 

6.1 

3.90 

0.020 

Face-side  welding 

Constricted 

0.006 

6.1 

3.89 

0.016 

0.19 

3.  RESULTS  AND  COMMENTS 

3.1.  Generals  on  the  plasma  arc  welding  of  TA6V 

Plasma  arc  welding  is  an  automatic  welding  process  wherein  fusion  is  obtained  by  mel¬ 
ting  the  groove  faces  without  any  filler  metal  being  necessary.  In  this  technique,  an  arc 
maintained  between  a  tungsten  electrode  and  the  workpiece  is  forced  through  a 
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constricting  (water  cooled)  nozzle,  and  a  very  hot  plasma  is  obtained.  For  heavy 
gauges  (over  3  nun)  the  welding  current  and  the  plasma  gas  flow  rate  are  such  that  the 
plasma  penetrates  completely  through  the  workpiece  (keyhole  technique).  A  double 
flow  of  gas  protects  the  weld.  However,  in  the  case  of  titanium,  this  protection  is  insuf¬ 
ficient  and  the  additional  protection  by  a  trailing  shield  is  absolutely  necessary. 

3.2.  Feasibility  study 

The  tests  were  conducted  with  a  view  to  finding  the  maximum  weldable  thickness,  with 
a  GTA  dressing  being  applied  systematically  (see  below).  The  contemplated  configu¬ 
rations  of  assemblies  corresponded  to  straight  welds  produced  with  run-on  and  run-off 
tabs ;  no  particular  investigation  of  the  crater  filler  system  was  made. 

Two  configuration  of  the  welding  torch  were  employed  :  with  the  normal  configuration, 
the  (transferred)  plasma  is  constricted  a  result  of  the  forced  passage  of  the  plasma  gas 
through  the  converging-diverging  torch.  A  hot  and  stiff  plasma  is  then  obtained. 
However,  because  of  the  torch  design,  the  plasma  current  was  limited  to  280  A.  It  was 
possible,  by  slightly  advancing  the  tungsten  electrode,  to  increase  the  current  to  4(X}  A 
(maximum  delivered  by  the  generator)  without  any  erosion  of  the  nozzle.  This  change, 
which  produced  a  flared  plasma  flow,  did  not  permit  any  increase  in  penetration,  but 
notably  increased  (by  40%)  the  welding  speed,  for  instance  from  1.7  mm/sec  to  2.3 
inm/sec  for  a  thickness  of  14  mm. 

Tests  were  performed  with  pure  argon  and  with  argon-helium  mixtures  (between  30  and 
70%  helium).  The  addition  of  helium  caused  the  plasma  to  expand  and  hence  the  vo¬ 
lume  of  molten  metal  to  increase,  with  the  inherent  risk  of  burn-through.  Finally,  only 
pure  argon  was  used  as  the  plasma  gas. 

The  main  parameters  for  the  production  of  sound  welds  were  as  follows. 

Current  :  to  avoid  any  damage  to  the  equipment  used,  it  was  limited  to  280  A.  With  a 
flared  plasma,  the  current  could  be  increased  to  400  A. 

Voltage  :  it  determines  the  arc  length  during  welding.  In  our  tests,  it  was  adjusted  in 
such  a  way  that  stand-off  distances  of  the  order  of  4  nun  were  obtained  (i.e.  2SV). 

Flow  rate  gas  :  the  flow  rate  ranged  from  7  to  10  liters/min.  It  was  adjusted  to  the  cur¬ 
rent.  The  higher  the  flow  rate,  the  stronger  was  the  blowing  effect,  with  a  tendency  to¬ 
ward  weld  sagging  and  deeper  undercutting. 

The  argon  flow  rate  in  the  trail  shield  was  30  liters/min. 

Travel  speed  it  depended  on  the  welding  energy  and  material  thickness.  For  a  thickness 
of  16  mm,  it  ranged  from  1 .3  to  2.2  mm/sec  with  constricted  plasma,  and  from  2  to  2.7 
mm/sec  with  flared  plasma.  Below  the  lower  limits  of  these  ranges,  the  weld  pool  ten¬ 
ded  to  collapse  ;  at  speeds  exceeding  the  maximum  values,  a  consistent  penetration 
was  no  longer  ensured. 

The  maximum  thickness  weldable  without  undercut  was  12  mm  (14  mm  in  vertical  wel¬ 
ding).  Beyond  this  thickness,  a  GTA  dressing  was  necessary.  The  maximum  weldable 
thickness  in  keyhole  welding  was  18  mm.  However,  penetration  became  less  regular. 
The  optimum  welding  conditions  with  a  16  mm  root  face  are  shown  in  Table  II. 


Table  II  -  Welding  conditions  for  plasma  butt  welding  in  the  flat  position 


Constricted 

Flared 

Intensity  (A) 

260 

350 

Voltage  (V) 

25 

24 

Welding  speed  (mm/sec.) 

1.3 

2.2 

Gaz  flow  rate  (l/min) 

8 

10 

10 


3.2.  L  Vertical  weldini 


Vertica]  upward 

Welding  tests  on  progressive  thicknesses  showed  that  up  to  12  mm  the  execution 
did  not  pose  any  particular  problem.  At  about  14  mm,  it  was  impossible  to 
control  the  backward  collapse  of  the  weld  pool  which  occurred  in  an  erratic  way. 
is  welding  technique  was  not  applicable  to  thicknesses  in  excess  of  12-13  mm. 

Vertical  downward 

The  best  results  obtained  in  the  plasma  welding  of  TA6V  were  recorded  in  the 
vertical  downward  position .  The  maximum  weldable  thickness  was  14  mm ;  up  to 
this  thickness  no  undercut  was  observed  and  GTA  dressing  was  not  necessary. 
Contrary  to  flat  position  welding,  the  plasma  gas  flow  rate  was  here  a  prime  fac¬ 
tor.  Penetration  remained  very  regular  whatever  the  parameters  adopted . 

This  technique,  which  would  even  permit  the  elimination  of  GTA  dressing, 
should  be  recommended,  even  as  a  substitute  for  the  conventional  flat  position 
welding. 

3.2.2.  Welding  in  the  horizontal  position 

The  tests  performed  on  thicknesses  ranging  from  8  to  16  mm  showed  that  this 
position  was  very  suitabie  for  the  plasma  arc  welding  of  titanium.  However,  this 
position  produced  an  asymmetry  of  the  bead  surface  which  however  remained 
acceptable.  Undercutting  was  comparable  to  that  produced  in  the  flat  position. 
The  settings  were  those  adopted  for  the  welding  of  the  same  thicknesses  in  the  flat 
position.  On  the  other  hand,  since  no  weld  pool  collapse  was  to  be  feared,  this 
position  allowed  higher  settings  of  the  welding  energy  to  be  adopted . 

The  maximum  thickness  stili  weldable  at  reasonable  speeds  was  about  16  mm. 

3.2.3.  Weldine  in  the  overhead  position 

On  14  mm  thick  material,  welding  could  be  performed  in  the  overhead  position 
without  any  difficulty.  The  operating  conditions  were  very  flexible  and  the  mol¬ 
ten  pool  was  very  efflciently  supported,  even  at  low  travel  speeds. 

However,  in  the  overhead  position,  weld  initiation  was  difllcult  and  was  accom¬ 
panied  by  the  formation  of  a  marked  bulge  of  weld  metal .  Consequently,  welding 
in  the  overhead  position  should  be  started  on  a  run-on  tab  (to  be  removed  after¬ 
wards)  or  at  a  conical  hole  in  which  the  excess  metal  could  sink. 

In  overhead  position  welding  with  the  weld  inclined  at  45  and  60  degrees,  good 
results  were  obtained  on  12  mm  thick  material. 

3.2.4.  Determination  of  the  ilt-up  tolerances 

For  assemblies  made  in  one  pass  like  the  first  pass  of  a  multipass  weld,  the  selec¬ 
ted  process  should  be  capable  of  accommodating  fit-up  defects  that  form  una¬ 
voidably. 

The  tolerance  limits  were  assessed  for  the  following  defects  : 

-  gap  between  0  and  3  mm, 

-  high-low  between  0  and  3  mm, 

-  flt-up  angle  (0  and  5  deg.) 

-  combined  gap  *  high-low  (from  0*0  to  3^3  mm) 

These  limits  were  established  for  a  thickness  of  16  mm  in  flat  position  welding 
and  14  mm  in  vertical-down  welding.  In  the  overhead  position  (thickness  ; 


14min)  an  exhaustive  investigation  was  underway  ;  the  first  results  showed  that 
the  permissible  tolerances  were  at  least  equal  to  those  in  the  flat  position. 

The  flared  plasma  permitted  a  better  accommodation. 

3.2.4. 1  -  Joint  gao  ;  Between  0  and  1  mm,  penetration  was  improved  without  any  alte¬ 
ration  of  the  bead  appearance.  Beyond  1  mm,  the  bead  collapsed  (depression 
on  the  face  side,  excessive  root  penetration).  With  a  flared  plasma,  the  collapse 
was  less  marked. Welding  with  the  addition  of  a  filler  metal  improved  the  weld 
quality.  However,  deeper  undercutting  formed  on  the  face-side. 

3. 2. 4. 2  -  High-low  :  On  closed  joints,  the  tolerance  of  the  plasma  process  was  wide.  Of 
course,  the  appearance  of  the  assembly  was  not  satisfactory  when  high-low  was 
important  but  the  weld  was  very  sound  and  the  bond  with  the  groove  faces  was 
excellent. 

3. 2.4.3  -  Fit-up  angle  :  Such  a  defect  was  easily  accommodated  by  the  plasma  process. 
With  an  angle  of  S  degrees,  corresponding  to  a  gap  of  I  nun  on  the  wider  open 
side  (thickness  of  16tnm),  the  weld  appearance  was  still  quite  good. 

3. 2.4.4  -  Combined  high-low  +  gap  :  Up  to  a  gap  of  1  mm,  high-low  was  the  most  sus¬ 
ceptible  defect ;  however,  it  did  not  cause  important  appearance  defects  when 
it  was  not  greater  than  2mm. 

3.3  Characterization  of  the  welds 

The  characterization  of  the  welds  was  performed  by  using  three  coupons  produced  by 
back-side  welding,  respectively  with  a  constricted  plasma,  with  a  flared  plasma  +  GTA 
dressing,  and  with  a  constricted  plasma  on  the  face-side,  without  GTA  dressing.  The 
three  coupons  were  subjected  to  radiographic  and  ultrasonic  inspections.  No  volumic 
defect  was  detected  by  radiographic  inspection.  No  planar  defect  was  detected  by 
ultrasonic  inspection. 

3.4.  Structure 

Figure  2  shows  two  macrographs  of  a  weld  produced  in  the  flat  position  with  a 
constricted  plasma,  respectively,  before  GTA  dressing  and  after  GTA  dressing.  The 
penetration  contour  was  regular,  and  the  welds  were  perfectly  sound.  The  GTA  dressing 
produced  a  hardly  visible  reinforcement  on  the  reverse  side. 

A  grain  coarsening  was  observed  in  the  area  where  GTA  dressing  was  applied  (lower 
FIGURE  2). 

The  flared  plasma  did  not  change  the  structure  ;  at  most,  a  slight  increase  in  HAZ  and 
wel  metal  sizes  was  observed.  The  microstmeture  of  the  beads  was  essentially  fine 
transformed  beta,  but  a  thin  border  ot  alpha  phase  was  observed  at  the  grain  bounda¬ 
ries.  No  notable  difference  existed  between  the  GTA-dressed  zone  and  the  plasma- 
melted  zone,  or  between  the  two  welds  made  with  a  constricted  plasma  and  a  flared 
plasma. 

3 . 5  Mechanical  properties  of  the  Joints 

The  following  mechanical  tests  were  used  for  characterizing  the  joints  : 

-  hardness  tests  (Table  III), 

-  tensile  tests  on  round  specimens  taken  from  the  weld  metal  in  the  direction  of 
welding  (Table  IV)  and  on  rectangular  specimens  transverse  to  the  weld  (Table  V), 

-  KCV  impact  tests  at  -20*C  (Table  VI)  and 

-  toughness  tests  at  room  temperature  (Table  VII). 


Table  111  •  HV  10 _ 

Base  metal _ 305  -  325 

HAZ _ 310-330 

Plasma  bead _ 320  -  330 

Plasma  bead  GTA  dressing _ 320-340 


It  appears  from  the  table  that  the  hardness  values  of  the  HAZ  and  the  weld  metal  zone 
were  comparable,  evidencing  that  the  weld  metal  was  efficiently  protected. 


Table  IV  •  Tensile  teat  la  the  weld  metal 


Round  specimen 
Weld  metal  («) 

YSO.2%  UTS 

(N/mm2)  (N/mm2) 

Elong. 

H 

RofA 

% 

Back-side  welding 

constricted 

880 

5 

11 

GTA  dressing 

flared 

890 

5 

9 

Face-side  welding 

constricted 

855 

1000  1 

5 

10 

(*)  mean  value  of  two  specimens 


No  difference  was  observed  between  the  constricted  and  the  flared  plasma.  Elongation 
was  low  (5%),  albeit  homogeneous.  This  low  value  should  be  related  to  the  high  oxygen 
content  of  the  base  metal  ( 1600  ppm)  which  led  to  high  values  for  the  welded  joint . 

Table  V  -  Tensile  test  transverse  to  the  weM  metal _ 

Prismatic  specimen  UTS(N/nun2)  Failure 

transverse  to  the  weld _ 

Back-side  welding  +  constricted _ 965 _ in  base  metal 

GTA  dressing _ flared _ 950 _ in  base  metal 

Face-side  welding _ constricted _ 980 _ in  base  metal 

(•)  mean  value  of  two  specimens 

Table  VI »  Charpy  V  specimen  -  Test  at  -  20»C _ 

_ KCV(*)(J/cm2) 


Base  metal _ 28 

Back-side  weld _ constricted  plasma  pass _ 43 

Back-side  weld  constricted  plasma  pass  45 

+  GTA  dressing _ flared  plasma  pass  40 

Face-side  weld _ constricted  plasma  pass _ 48 


(*)  average  of  three  specimens  notch  parallel  to  the  welding  direction. 

As  compared  to  the  base  metal,  a  marked  increase  in  the  impact  strength  of  the  weld 
metal  was  observed,  due  to  the  fine  transformed  beta  structure.  The  GTA  dressing  did 
not  reduce  the  impact  strength  of  the  weld  metal.  No  significant  difference  between 
face-side  weld  and  back-side  weld  was  noted. 

The  weld  metal  toughness  was  assessed  at  room  temperature  by  using  standard  CT15 
specimens,  with  a  notch  parallel  to  the  welding  direction  and  perpendicular  to  the  sur¬ 
face  of  the  welded  coupon. 

Table  VII  -  Toughness  in  the  weld  metal  •  test  at  -f  20°C 


Back-side  weld 
GTA  dressing 


constricted  plasma  pass 
flared  plasma  pass 


KQ(MPa  Vm) 
63-68-72 
63-67-70 


As  was  the  case  for  impact  strength,  the  Kq  values  for  the  weld  metal  were  rather  me¬ 
dium.  This  was  attributable  to  the  high  oxygen  content  in  the  weld  as  a  result  of  the  re¬ 
melting  of  a  base  metai  containing  1600  ppm  of  oxygen. 


4 -CONCLUSION 

Plasma  arc  welding  appears  as  a  valuable  process  for  joining  titanium  and  its  alioys,  inas¬ 
much  as  the  physicai-chemical  properties  of  these  materials  enhance  the  performances  of 
the  process  in  terms  of  maximum  penetration  and  ease  of  position  welding. 

Quite  deep  penetrations  couid  be  obtained  on  TA6V  alloy  (over  16mm  in  the  flat  position) 
provided  a  GTA  dressing  was  made  (as  a  matter  of  fact,  beyond  12mm,  undercutting  formed 
on  the  face-side  of  the  welds).  Such  a  defect  was  more  ma^ed  in  flat  position  welding.  GTA 
dressing  was  made  with  the  same  equipment,  by  advancing  the  electrode  tip  in  such  a  man¬ 
ner  that  a  "soft  plasma"  was  obtained. 

In  a  less-common  application  consisting  in  the  execution  of  the  first  pass  of  a  multipass 
weld,  the  plasma  arc  welding  process  offers  decisive  advantages  : 

-  high  quality  penetration  (appearance  and  regularity) 

•  wide  flt-up  tolerances  in  any  position 

•  possibility  to  obtain  very  thick  weld  displaying  a  high  resistance  to  shrinkage 
during  the  filling  runs 

-  lower  costs  and  improved  productivity. 

The  TA6V  weldments  displayed  excellent  quality,  without  any  porosity  cracks,  or  lack  of 
fusion.  Radiographic  inspection  is  well  adapted. 

The  mechanical  properties  were  quite  satisfactory  :  strength  and  toughness  levels  were  at 
least  as  high  as  those  obtained  with  other  fusion  welding  processes  on  alloys  with  compa- 
rabie  interstitial  contents. 
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Abstract 

The  effects  of  postweld  heat  treatment  on  the  microstructure,  mechanical  properties  and  fracture 
characteristics  of  autogenous  gas  tungsten-arc  (GTA)  welds  in  sheet  matenid  of  the  high-strength, 
metastable-beta  titanium  alloy  Bcta-CTM  (Tt-3wt%Al-8wt%V-6wt%Cr-4wt%Mo-4wt%Zr)  were 
investigated.  Microstiucture  characterization  revealed  a  non-uniform  aging  reqwnse  in  the  base 
metal  which  resulted  ftom  the  presence  of  unrecrystallized  regions  in  the  prior  solution  heat- 
treated  microstructure.  Although  the  weld  heat-affected  zone  (H^)  exhibited  a  homogeneous 
aging  response,  microsegregation  residual  from  weld  solidification  promoted  the  nonunifoim 
precipitation  of  alpha  phase  in  the  fusion  zone.  An  increase  in  postweld  heat  treatment 
temperature  resulted  in  a  coarsening  of  alpha  {neciintates  within  die  base  metal  and  weld  zone  beta 
grains  and  the  growth  of  coarser  and  more  continuous  alpha  phase  at  beta  grain  boundaries. 
Consistent  with  microstructural  observations,  a  higher  postweld  heat  treatment  temperature 
promoted  a  decrease  in  base  metal  and  weld  zone  hardness  and  strength  and  an  increase  in 
ductility.  Postweld  heat  treatment  at  482*C/24hr  provided  base  and  weld  metal  tensile  strengths 
exceeding  1400  MPa,  but  ductilities  of  only  6.S  and  2.5%,  respectively.  Heat  treatment  at 
593*C/81v  resulted  in  moderate  base  and  weld  metal  tensile  strengths  of  1104  and  1120  MPa, 
respectively,  and  comparatively  high  respective  tensile  ductilities  of  15  and  8  percent. 
Fractography  revealed  transgranular  fracture  in  the  as-welded  and  low-temperature  ag^  fusion 
zones.  Heat  treatment  at  higher  temperatures  promoted  a  mixture  of  transgranular  and  inter¬ 
granular  fracture,  which  was  attributed  to  an  increase  in  alpha  phase  at  beta  grain  boundaries. 

Introduction 

Beta-CTM  is  a  metastable-beta  titanium  alloy  which  can  be  thenno-mechanically  processed  and 
heat  treated  to  provide  an  excellent  combination  of  yield  and  tensile  strength,  ductility,  fracture 
toughness  and  fatigue  strength.  The  alloy  contains  the  beu-isomorphous  elements  Mo  and  V  and 
the  sluggish  beta-eutectoid  element  Cr  at  levels  whKh  depress  the  beta  transus  temperature  to  ap¬ 
proximately  750’C  and  promote  retention  of  the  hi^-temperature  beta  phase  down  to  room  tem- 
peramre  on  air  cooling.  Solution  heat  treatment  atwve  the  beta  transus  temperature  (787-870*C) 
followed  by  aging  at  temperatures  approximately  150-250*C  below  the  beta  transus  temperature 
promote  the  precipitation  of  a  frne  distribution  of  alpha  phase  in  the  beta  phase  matrix. 

Previous  weldability  studies  on  metastable-beta  titanium  alloys  (1-4),  including  a  study  on  the 
GTA  welding  of  Beta-CTM  pipe  (4),  have  shown  the  fusion  and  near-HAZ  regions  of  fusion 
welds  to  be  characterized  by  low-strength,  retained-beta  microstructures  in  the  as-welded  condi¬ 
tion.  Although  postweld  apng  at  various  temperatures  can  provide  a  wide  range  of  weld  zone 
strength  levels,  and  high  joint  efficiencies,  the  coarse  beta-grain  size  in  these  regions  markedly 
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reduces  their  ductility  relative  to  the  base  metal.  The  present  study  systematically  investigated  the 
postweld  heat  treatment  response  of  autogenous  GTA  welds  in  Beta-CTM  sheet.  The  effect  of 
postweld  heat  treatment  temperature  on  the  wekl  structure,  mechanical  properties  and  fracture  be¬ 
havior  was  determined  and  interrelationships  were  developed. 

Experimental 

Beta-CTM  sheet  utilized  in  this  study  was  provided  by  RMl  Titanium  Co.  is  the  solution  heat- 
treated  condition  (788  ’C  AC).  The  chemical  composition  of  the  sheet  was  Ti-3.4wt%Al- 
7.8wt%V-6.1wt%Cr-4.1wt%M-3.9wt%Zr-0.094wt%0-0.02wt%C-0.016wt%N-0.03wt%Si. 

Full-penetration,  square-bun  welds  were  produced  between  coupons  of  the  Beta-CTM  sheet  1.3S 
mm  in  thickness  using  the  automatic  GTA  welding  process.  Welding  parameters  were:  68.S  am¬ 
peres  DCSP,  8.5  volts,  4.2  mm/s  travel  rate,  1.56  mm  thoriated-tungsten  electrode,  12  ]/min 
torch,  trailing  and  backing  shieltting  gas  flow  rates.  Following  radiographic  inspection,  postweld 
heat  treatments  were  perfoimed  on  small  coupons  at  482,  S38  and  S93*C  for  8. 16  and  24  hours. 
Based  on  the  microstructure,  hardness  and  bend  ductility  of  these  first  iteration  specimens,  and 
desired  ultimate  tensile  strength  levels  of  approximately  1033, 1206  and  1378  MPa,  a  second  set 
of  heat  treatments  was  performed  at  482  and  538*C/24  hr  and  593'C/8hr  for  tensile  property 
evaluation  and  fractographic  examination.  Following  heat  treatment,  coupons  were  bead  blasted 
and  pickled  in  an  HF  +  HNO3  +  HjO  solution  prior  to  machining  into  bend  and  tensile 
specimens. 

The  as-welded  and  postweld  heat-treated  couiwns  were  sectioned,  metallographically  prepared 
and  etched  using  Kroll's  reagent  for  analysis  with  light  microscc  ^  Cbmpositional  variations  in 
the  weld  zone  were  evaluate  using  electron-probe  m  inalys^s  (Cameca  SX-50  electron  mi¬ 
croprobe,  15  kV,  20  mA,  one  micron  beam  size).  1  »ess  traverses  were  produced  across 
welded  specimens  using  EMamond  Pyramid  hardness  te,  g  with  a  load  of  1000  grams.  Three- 
point  guided  bend  testing  was  perfoniKd  on  base  metal  and  longitudinal-weld  oriented  specimens 
75  mm  in  length  and  25.4  mm  width.  During  testing,  the  top  surface  of  the  weld  was  placed  in 
tension  and  the  bending  strain  (elastic  +  plastic)  was  determined  at  which  cracking  initiated. 
Tensile  testing  was  performed  on  longitudinal-weld  (essentially  all  fusion  zone)  and  transverse- 
weld  oriented  specimens  having  a  25.4  mm  gage  section  length  and  a  cross-section  of  6.25  x 
1.27  mm  (weld  surface  machined  smooth).  Following  mechanical  testing,  transverse-weld 
oriented  tensile  specimens  were  metallographically  prepa^  and  examined  to  identify  the  future 
location.  Since  fracture  of  longitudinal-weld  oriented  bend  specimens  was  found  to  initiate  in  the 
weld  fusion  zone,  SEM  firactography  was  performed  exclusively  on  longitudinal-weld  oriented 
tensile  specimens. 


Results  and  Discussion 

Microstructure  Analysis 

Solution  heat  treatment  of  the  base  metal  sheet  at  788*C/3()min.AC  resulted  in  a  microstructure 
comprised  principally  of  recrystallized  beta  grains,  with  a  small  proportion  of  incompletely 
recrystallized  grains.  For  all  postweld  heat  treatments,  these  unre^stallized  grains  provided 
nucleation  sites  for  mote  uniform,  denser  alpha  precipitation  versus  the  surrounding  regions. 
The  solution  heat  treated  microstructures  also  contained  a  network  of  fine  particles  (revealed  as 
etch  pits)  which  are  believed  to  be  titanium  silicides,  (Ti,Zr)sSi3. 

Base  metal  specimens  postweld  heat  treated  at  482*C/8hr  were  characterized  by  an  incomplete, 
nonuniform  precipitation  reaction  resulting  in  appreciable  regions  of  retained-beta  phase.  As 
shown  in  Figures  1 A  and  B,  heat  treatment  at  this  temperature  for  16  and  24  hours  promoted  the 
formation  of  fine,  locally  homogeneous  alpha  precipitation  with  negligible  evidence  of  grain 
boundary  alpha  phase  formation.  Note  that  the  dark-etching  regions,  which  corresponded  to  un- 
lecrystallized  regions  in  the  solutionized  base  metal,  exhibit^  a  denser  and  finer  alpha  precipitate 
structure.  Postweld  heat  treatment  at  538’C/8  hours  also  resulted  in  a  low  alpha  precipitate  den¬ 
sity.  Aging  for  16  and  24  hours  (Fig.  1C),  however,  resulted  in  a  uniform  (tensity  of  precipitates 
somewhat  coarser  than  those  observed  in  Fig.  IB.  Base  metals  aged  at  593*C  appeared 
essentially  identical  for  all  heat  treatment  times.  As  shown  in  Figure  ID,  the  alpha  platelets  were 
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much  coarser  than  in  specimens  aged  at  lower  temperatures  and,  although  less  apparent,  the  re¬ 
gions  of  finer  alpha  precipitation  remained.  An  increase  in  postweld  heat  treatment  temperature 
also  resulted  in  increased  intergranular  alpha  formation. 


Vv-  ^  vi; ■*:::■ 


Figure  1  -  Microstructures  of  SHT  and  aged  Beta-CTM  base  metal:  (A,  B)  Aged  at  482’C/24hr, 
(C)  Aged  at  538*C/24hr,  (D)  Aged  at  593*C/8hr. 


Figure  2  shows  a  transverse  cross  section  through  the  as-welded  GTA  weld  in  Beta-CTM.  Heavy 
etching  of  the  specimen  promoted  effective  delineation  of  the  columnar  beta  grains  which 
nucleated  epitaxially  from  beta  grains  in  the  near-HAZ  and  grew  in  toward  the  weld  centerline  via 
a  columnar-dendritic  solidification  mode.  The  rapid  cooling  rates  experienced  during  GTA 
welding  and  the  high  beta  stability  of  the  alloy  combined  to  promote  retention  of  beta  phase  in  all 
weld  regions. 


Figure  3A  shows  the  fusion  boundary  region  in  the  as-welded  condition,  and  reveals  a  distinct 
partially-melted  region  (PMR)  directly  adjacent  to  the  fusion  zone.  This  region  is  characterized 
by  two  different  beta  grain  structures.  "Liquated"  beta  grain  boundaries  are  delineated  by  diffuse- 
appearing  regions  of  dark  contrast  and  originate  from  compositional  differences  between  liquid 
originally  present  at  these  boundaries  and  the  adjacent  intragranular  regions.  Superimposed  upon 
the  liquated  grain  boundary  is  a  "migrated"  beta  grain  boundary  structure  delineate  by  grain 
boundaries  which  exhibit  sharp  contrast  and  which  are  continuous  with  grain  boundaries 
observed  in  the  near-HAZ.  These  migrated  grain  boundaries  are  "true"  high  angle  beta  grain 
boundaries  which  exist  at  room  temperature.  Electron-probe  microanalysis  across  the  liquated 
grain  boundaries  revealed  a  slight  decrease  in  Mo  and  V  (less  than  1  wt%)  and  an  increase  in  Cr 
(approximately  1  m%).  These  results  are  consistent  with  the  effect  of  these  elements  in 
suppressing  the  alloy  solidus  temperature.  Note  that  the.se  compositional  variations  were  likely 
appreciably  greater  at  solidification  temperatures  and  prior  to  solid-state  cooling.  Figure  3B 
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shows  the  fusion  boundary  region  after  postweld  heat  treatment  at  482*Cy24hr,  and  indicates  an 
influence  of  segregation  in  the  PMR  on  subsequent  alpha  precipitation. 


Figure  2  -  Macrostructure  of  as-welded  GTA  weld  in  Beta-CTM  sheet.  Arrows  indicate 
approximate  fusion  boundary. 
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Figure  3  -  Microstructures  of  fusion  boundary  region  in  GTA  welded  Beta-CTM  sheet.  Arrows 
indicate  approximate  fusion  boundary. 

As  indicated  in  Figures  2  and  3A,  beta  grains  in  the  PMR  provided  substrates  for  the  epitaxial 
nucleation  of  fusion  zone  beta  grains.  As  in  the  PMR,  large-angle  beta  grains  which  existed  at 
the  completion  of  solidification  have  straightened  and  migrated  from  their  original  locations. 
Electron-probe  tnicroanalysis  across  the  fusion  zone  showed  an  increase  in  Cr  and  a  decrease  in 
Mo  and  V  in  the  dendrite  interstices  at  levels  comparable  to  those  observed  at  liquated  grain 
boundaries.  These  observations  are  consistent  with  the  equilibrium  partition  ratios  of  these 
elements  in  titanium. 

Alpha  precipitation  in  the  weld  regions  was  generally  finer  than  observed  in  the  recrystallized 
base  metal  regions  for  identical  heat  treatment  conditions.  Light  micrographs  in  Figures  4A  and 
B  show  the  influence  of  microse^gation  in  the  weld  fusion  zone  on  the  alpha  precipitation  re¬ 
sponse,  with  the  dendrite  interstices  exhibiting  a  different  etching  response  than  the  relatively 
uniform  dendrite  cores.  Aging  at  higher  temperatures  promoted  a  more  uniform  etching  re¬ 
sponse,  a  coarser  alpha  precipitate  size,  and  the  formation  of  increased  grain  boundary  alpha 
phase  (Figures  4  C  -  F).  As  shown  in  Figures  4E  and  F,  aging  at  593‘Cy8hr  resulted  in  nearly 
homogeneous  precipitation  of  coarse  alpha  precipitates  and  the  growth  of  continuous  grain 
boundary  alpha  phase. 
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Figure  4  -  Microstructures  of  heat-treated  GTA  weld  fusion  zone  in  Beta-CTM  sheet:  (A,  B)  Aged 
at  482'C/24hr;  (C,  D)  Aged  at  538’C/24hr;  (E,  F)  Aged  at  593*C/8hr. 

Mechanical  Properties 


Consistent  with  microstructure  analysis,  hardnesses  of  base  metals  heat  treated  at  482  and 
538°C/8hr  were  relatively  low  (DPFl  343  and  342,  respectively)  due  to  incomplete  precipitation. 
The  finer,  denser  alpha  distributions  present  in  the  dark -etching  regions  of  these  specimens  were 
significantly  harder  (up  to  DPH  60  greater)  than  the  light-etching  matrix  regions.  Except  for 
these  two  heat  treatments,  hardness  was  not  influenced  by  heat  treatment  time. 

The  weld  fusion  and  HAZ  regions  age  hardened  much  more  rapidly  than  the  base  metal,  appar¬ 
ently  due  to  the  higher  dislocation  structure  induced  by  thermal  strains  generated  on  weld  cooling. 
Hardness  and  three-point  bend  testing  showed  heat  treatment  at  482'C  for  16  and  24  hours  to 


promote  high  base  and  weld  metal  hardnesses  (about  390  and  41 S  DPH,  respectively)  but 
marginal  weld  zone  ductility  of  approximately  3%.  An  increase  in  heat  treatment  temperature  to 
538’C  for  heat  treatment  times  of  16  and  24  hours  correspondingly  promoted  a  softening  of  these 
weld  regions  (350  and  370  for  base  and  weld  metal,  respectively),  and  an  improvement  in  weld 
zone  ductility  to  about  7.4%.  At  the  maximum  heat  treatment  temperature  of  593‘C,  base  and 
weld  metal  hardnesses  decreased  to  about  320  and  330,  resj^tively,  and  the  weld  zone  ductili^ 
increased  to  9%.  Hardness  data  obtained  ftom  these  preliminary  heat  treatments  were  utilized  in 
conjunction  with  previously  developed  relationships  between  base  metal  hardness  and  ultimate 
tensile  strength  (S)  to  select  the  three  aforementirmed  heat  treatments. 

Table  I  summarizes  tensile  property  data  for  base  metal,  longitudinal-weld-oriented  and  trans¬ 
verse-weld-oriented  specimens.  Tensile  strengths  obtainnl  for  the  three  heat  treatments  were  ap¬ 
proximately  75-100  MPa  higher  than  anticipate.  Hiis  discrepancy  correlated  to  a  slightly  higher 
hardness  observed  in  the  second  iteration  heat  treatment  specimens,  and  was  attribute  to  a  mod¬ 
ification  in  specimen  Oxturing  during  heat  treatment  (to  preclude  distortion  during  relaxation  of 
weld  residual  stresses)  which  slowed  heating  and  cooling  rates.  As  in  the  first  iteration  speci¬ 
mens,  weld  zone  ductilities  were  consistently  below  those  of  the  base  metal.  Transverse-weld 
oriented  specimens  failed  exclusively  in  the  fusion  zone  at  a  strength  level  comparable  to  that  of 
the  base  metal,  indicating  joint  efficiencies  of  nearly  100%. 

Table  I;  Properties  of  Beta  -  C™  Base  Metal  and  GTA  Welds* 


Heat  Treatment/ 

Weld  Region 

YS 

(MPa) 

UTS 

(MPa) 

Tensile 

Elong.  (%) 

Failure 

Location 

SHT/BM 

854.4 

888.8 

10.0 

AW-T 

910.9 

910.9 

9.0 

FZ 

AW-L 

877.1 

888.1 

13.0 

.. 

482  •C/24hr/BM 

1349.8 

1454.0 

6.5 

.. 

482  •Cy24hr/WM/L 

1299.6 

1382.4 

2.5 

482  •C24hr/WM/T 

1344.2 

1446.2 

3.0 

FZ 

538  •C/24hr/BM 

1176.8 

1298.1 

9.0 

.. 

538  •Cy24hr/WM/L 

1160.4 

1217.6 

3.5 

538  •C/24hr/WM/T 

1167.9 

1253.3 

3.5 

FZ 

593  ’C/Shr/BM 

994.9 

1103.8 

15.0 

.. 

593  •Cy8hr/WM/L 

1040.4 

1121.1 

8.0 

593  ’C/Shr/WM/T 

1051.4 

1121.7 

7.5 

FZ 

Figure  5  shows  a  plot  of  UTS  versus  hardness  for  base  and  weld  metal  specimens,  and  indicates 
that  for  the  same  hardness  level  the  weld  metal  exhibits  a  lower  tensile  strength  than  the  base 
metal.  This  observation  suggests  that  fracture  of  the  weld  metal  is  governed  by  factors  in  addi¬ 
tion  to  matrix  characteristics  of  the  transformed-beta  microstructure,  i.e.,  prior-beta  grain  size  and 
the  presence  of  grain  boundary  alpha. 


Fractographv 


Fracture  of  the  as-welded,  longitudinal-weld  oriented  tensile  and  bend  specimens  occurred  trans- 
granularly  by  a  void  nucleation,  growth  and  coalescence  mechanism  commonly  observed  in  sin¬ 
gle-phase  beta  titanium  (Figs.  6A  and  6B).  Figures  6C  and  6D  show  the  fracture  surface  of  a 
longitudinal-weld  oriented  tensile  specimen  postweld  aged  at  482*C/24hr.  Fracture  occurred 
transgranularly,  with  large  facets  visible  which  correspond  to  underlying  columnar  fusion  zone 
beta  grains.  Eiespite  the  macroscopic  appearance  and  low  tensile  ductility,  on  a  microscopic  scale 
fracture  occurred  by  a  ductile-appearing  mechanism.  Similar  fracture  characteristics  have  been 
reported  in  Ti-8Mo-8V-2Fe-3Al  (2)  and  Ti-15V-3Al-3Cr-3Sn  GTA  welds  (3)  postweld  aged  at 
temperatures  below  approximately  538’C.  Fusion  zone  fracture  of  welds  postweld  aged  at 
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538'C/24  hours  also  occurred  in  a  predominantly  transgranular  manner,  but  did  exhibit  evidence 
of  occasional  intergranular  fracture.  The  occurrence  of  intergranular  fracture  was  attributed  to  the 
presence  of  increased  grain  boundary  alpha.  Figures  5E  and  6F  show  the  fracture  surface  of  a 
weld  fusion  zone  heat  treated  at  S93*C/8  hr.  Consistent  with  the  increased  thickness  and  conti¬ 
nuity  of  alpha  phase  at  prior-beta  grain  boundaries  in  this  microstructure,  a  greater  proportion  of 
intergranular  fracture  was  observed 


Hardness  (DPH,1000g) 

Figure  5  -  Plot  of  ultimate  tensile  strength  versus  hardness  for  heat-treated  base  and  weld  metals 
in  Beta-C™  sheet. 

It  is  of  significance  to  note  that  despite  the  increased  proportion  of  grain  boundary  alpha  phase 
and  intergranular  fracture  with  an  increase  in  postweld  aging  temperature,  tensile  and  bend  duc¬ 
tility  of  the  base  and  weld  metal  specimens  increased.  This  result  indicates  the  importance  of 
additional  factors  in  determining  macroscopic  ductility,  including  microstructural  and  composi¬ 
tional  characteristics  of  the  interphase  boundary  between  the  grain  boundary  alpha  and  beta  phase 
(which  may  influence  slip  behavior  and  void  formation  which  leads  to  intergranular  crack  initia¬ 
tion)  and  deformation  characteristics  of  the  two-phase  grain  interior. 

Summary 

Relationships  between  postweld  heat  treatment  temperature  and  time  and  resulting  base  metal  and 
weld  zone  miciostructures,  hardness  and  tensile  properties,  and  weld  zone  fracture  behavior  have 
been  determined  for  GTA  welds  in  Beta-CTM  sheet..  Heat  treatment  at  482'C  promoted  high 
hardness  and  strength  in  the  base  and  weld  metals,  but  limited  weld  zone  ductility.  The  ob¬ 
servation  of  transgranular  fracture  in  the  weld  zone  of  these  specimens  indicated  that  low  ductility 
resulted  from  the  fine  alpha  distribution,  rather  than  from  the  presence  of  grain  boundary  alpha. 
The  utilization  of  higher  postweld  heat  treatment  temperatures  promoted  coarser  alpha  phase, 
lower  strength  microstructures,  but  improved  ductility.  Fractographic  analysis  show^  that 
although  higher  temperature  heat  treatments  promoted  greater  grain  boundary  alpha  precipitation 
and  higher  proportions  of  grain  boundary  fracture,  ductility  of  the  weld  zones  increas^  with 
aging  temperature. 
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Figure  6  -  SEM  fractographs  of  longitudinal-weld  oriented  tensile  specimen  firaenue  surfaces: 
(A,  B)  As- Welded;  (C,  D)  Aged  at  482*C/24hr;  (E,  F)  Aged  at  593*C/8hr. 
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Abstract 

Laser  welding  was  utilized  to  generate  high-integrity  welds  in  l.S  mm  thick  Beta-2  IS  sheet. 
Welds  were  characterized  by  narrow  fusion  and  heat-affected  zones  and  a  relatively  fine  beta 
grain  size.  Postweld  heat  treatment  at  482’C/20hr  pronnoted  extremely  fine  alpha  precipitation  in 
^e  base  and  weld  metals  and  correspondingly  high  tensile  stren^s  (exceeding  1400  MPa),  but 
marginal  ductility.  Heat  treatment  at  S93’C/4hr  resulted  in  appreciably  coarser  alpha  precipitation 
both  intragranulariy  and  at  beta  grain  boundaries.  This  microstructure  was  associate  with  a  de¬ 
creased  tensile  strength  (1027  NU^)  but  a  sigiuficant  improvement  in  ductility.  An  intermediate 
combination  of  strength  and  ductility  was  achieved  using  a  duplex  heat  treatment  of  482’C/20hr 
+  S93*C/30min.  Fracto^phic  analysis  of  the  welded  specimens  indicated  a  transition  from 
transgranular  to  predominantly  intergranular  fusion  zone  fracture  with  an  increase  in  heat 
treatment  temperature,  which  was  attributed  to  the  presence  of  appreciable  alpha  phase  at  beta 
grain  boundaries. 


Introduction 

Beta-21S  is  a  new,  metastable-beta  titanium  alloy  (nominal  composition:  Ti-lSwt%Mo- 
2.7wt%Nb-3wt%Al-0.2wt%Si)  which  exhibits  superior  oxidation  resistance  and  mechanical 
properties  at  elevated  temperatures  and  excellent  corrosion  and  hydrogen  resistance  (1,2).  These 
propenies,  combined  with  excellent  cold  formability  and  age  hardening  characteristics,  have 
made  Beta-2  IS  a  strong  candidate  for  applications  in  metal-matrix  composites,  "warm"  aerospace 
structures  (i.e.,  from  204-427*0)  and  downhole  oil  service. 

As  a  structural  alloy,  fabricability  by  fusion  welding  represents  an  important  consideration  in  de¬ 
termining  potential  alloy  applications.  Although  metastable-beta  titanium  alloys  are  generally 
consider^  to  be  very  weldable  (3,4),  the  presence  of  coarse,  columnar  beta  gruns  in  die  fusion 
zone  of  conventional  gas  tungsten-arc  (GTA)  welds  can  promote  the  degradation  of  weld  zone 
ductility  relative  to  the  base  metal,  particularly  in  high-strength  conditions.  The  high  energy 
density  and  low  net  energy  input  utilized  during  laser  welding  generates  narrow  weld  fusion  and 
HAZ's  characterized  by  a  frne  beta  grain  structure  (S),  and  correspondingly  the  potential  for  en¬ 
hanced  weld  zone  ductility  versus  arc  welds.  The  ^jective  of  the  present  study  was  to  evaluate 
the  laser  welding  characteristics  of  Beta-2  IS  sheet  and  determine  the  influence  of  postweld  aging 
on  the  weld  structure,  mechanical  properties  and  fracture  characteristics. 

Experimental  Procedure 

Beta-2  IS  sheet  evaluated  in  this  study  was  provided  by  TIMET  Co.  in  the  solution  heat-treated 
condition  (843*C/30min.AC).  The  1.5  mm  thick  sheet  was  laser  cut  into  coupons  150  mm  x  50 
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mm  with  the  coupon  len^  oriented  parallel  to  the  sheet  rolling  direction.  Prior  to  welding  the 
coupons  were  degreased  in  acetone. 

Full-penetration,  bead-on-plate  laser  welds  were  produced  in  the  coupons  using  a  GE  Fanuc  C 
3000  CO2  laser  equipped  with  a  190  mm  plano-convex  ZnSe  lens.  A  laser  power  of  3000  watts 
and  beam  traversing  rate  of  95  mm/s  were  utilized.  Welding  was  performed  in  a  helium-purged 
collapsible  chamber  in  order  to  prevent  atmospheric  contamination. 

Following  welding,  coupons  were  sectioned  and  heat  treated  at  temperatures  of  482*C  and  593*C 
for  2,  4,  8,  16  and  24  hours.  Based  on  Diamond  Pyramid  Hardness  testing  (1000  g  load)  and 
heat  treatment  information  developed  previously  by  TIMET  Co.  (1,2),  tluee  postweld  heat  treat¬ 
ments  were  selected  for  mote  detailed  characterization:  1)  482*C/20hr  AC;  2)  S93*CV4hr  AC;  3)  a 
duplex  heat  treatment  of  482*C/20hr  -t-  593’C/30inin. 

Characterization  of  the  as-welded  and  postweld  heat  treated  welds  included:  1)  light  and  analyti¬ 
cal-electron  microscopy;  2)  DPH  hardness  testing;  3)  three-point  bend  testing  of  longitudinal  and 
transverse-weld  oriented  specimens;  4)  tensile  testing  of  transverse-weld  oriented  specimens 
(12.7  mm  gage  length,  1.5  mm  x  3.2  mm  gage  cross-section);  5)  fractographic  examination  using 
scanning-electron  microscopy. 


Results  and  Discussion 

Base  and  Weld  Metal  Age  Hardening  Response 

Figure  1  shows  a  plot  of  DPH  hardness  versus  aging  time  for  the  Beta-2  IS  base  metal  and  laser 
weld  fusion  zone.  As  shown,  the  as-welded  fusion  zone  exhibited  a  hardness  slightly  higher 
than  that  of  the  solution  heat-treated  base  metal.  Since  both  microstructures  were  comprised  of 
retained-beta  phase,  this  difference  was  attributed  principally  to  the  presence  of  a  fine 
solidification  subgiain  structure  in  the  weld  fusion  zone.  The  base  metal  and  fusion  zone  aging 
curves  for  heat  treatment  at  482*C  showed  the  fusion  zone  hardnesses  to  be  slightly  greater  than 
those  of  the  base  metal,  with  peak  hardness  achieved  in  16  hours  and  the  occurrence  of  slight 
overaging  at  24  hours.  Base  metal  and  fusion  zone  specimens  aged  at  593’C  reached  peak 
hardness  at  four  and  two  hours,  respectively,  and  experienced  noticeable  overaging  at  longer 
aging  times.  Hardness  data  obtained  in  the  present  investigation  generally  paralleled  tensile 
strength  data  developed  by  TIMET  Co.  (1),  with  a  principal  difference  being  more  significant 
overaging  at  593*C.  Based  on  the  results  of  this  study,  and  in  order  to  allow  a  direct  comparison 
with  previous  work  by  TIMET  Co.  (1).  the  aforementioned  single-cycle  heat  treatments  were 
used  in  the  present  investigation. 


Figure  1  -  DPH  hardness  of  Beta-21S  base  metal  and  laser  weld  fusion  zone  versus 
postweld  heat  treatment  (aging)  time. 
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As  shown  in  Figure  2A,  the  unaffected  base  metal  microstnicture  was  comprised  predominantly 
of  nearly-equiaxed,  recrystallized  beta  grains  approximately  100  microns  in  diameter  and  occa¬ 
sional  unr^rystallized  regions  elongat^  in  the  rolling  direction.  Although  not  apparent  at  low 
magniOcation,  distinct  solute  bands  and  the  presence  of  fine  silicides  were  visible  in  the  solution 
heat-treated  base  metal  microstructure. 

The  weld  fusion  zone  was  characterized  by  a  "crown"  which  experienced  3-D  (conduction-lim¬ 
ited)  heat  flow  on  the  top  surface,  a  narrow  region  at  the  center  of  the  sheet  which  experienced  2- 
D  heat  flow,  and  a  smaller  crown  on  the  bottom  surface.  Examination  of  the  fusion  boundary 
region  indicated  a  narrow  HAZ  and  the  epitaxial  nucleation  and  growth  of  columnar  beta  grains  in 
the  fusion  zone  directly  from  beta  grains  in  the  HAZ.  Figure  2B  shows  a  transition  from  a 
cellular  growth  mode  near  the  fusion  boundary  (light  etching  region  of  fusion  zone  in  Figure  2A) 
to  a  cellular-dendritic  growth  mode  nearer  to  the  weld  centerline.  Solidification  of  die  weld 
crowns  occurred  completely  via  a  cellular-dendritic  mode. 


Figure  2  -  Laser  weld  in  Beta-2  IS  sheet.  Arrow  in  (B)  indicates  fusion  boundary. 

Figure  3  shows  light  (A,C)  and  TEM  bright-field  (B45)  micrographs  of  the  base  metal  and  fusion 
zone  regions  of  the  laser  weld  heat-treated  at  482'C/20hr.  Although  nearly  unresolvable  with 
light  microscopy,  TEM  analysis  revealed  a  transformed-beta  microstructure  comprised  of  fine 
alpha  platelets  which  had  nucleated  both  intragranularly  and  from  beta  grain  boundaries.  The 
alpha  precipitate  structure  in  the  weld  zone  was  likewise  difficult  to  delineate  using  light  mi¬ 
croscopy,  although  an  effect  of  weld  solidification  segregation  on  alpha  precipitation  was  appar¬ 
ent  in  Figure  3C.  TEM  analysis  of  this  microstructure  (Fig.  3D)  revealed  the  precipitation  of  ex¬ 
tremely  fine  alpha  platelets  somewhat  finer  than  those  observ^  in  the  base  metal.  Although  a 
direct  correlation  was  not  made,  variations  in  the  coarseness  of  these  platelets  in  different  regions 
of  the  thin  foils  may  have  been  related  to  the  contrast  differences  apparent  in  Figure  3C  and 
associated  with  compositional  variations  in  the  fusion  zone  residual  from  microsegregation 
experienced  during  weld  solidification.  It  is  important  to  note  that  only  occasional  evidence  of 
extremely  thin  grain  boundary  ’pha  was  observed  in  the  low-temperature  aged  base  metal  and 
fusion  zone  microstructures. 


Figure  3  -  Base  metal  (A,B)  and  laser  weld  fusion  zone  (C,D)  in  Beta-21S  postweld  heat  treated 
at  482'C/20hr. 


Alpha  precipitation  during  the  593'C/4hr  postweld  heat  treatment  resulted  in  beta  decomposition 
to  an  appreciably  coarser  alpha  platelet  structure,  with  alpha  phase  nucleating  both  intragranularly 
and  from  beta  grain  boundaries  (Figs.  4A-C).  TTie  presence  of  coarse,  continuous  alpha  phase  at 
beta  grain  boundaries  was  visible  optically  and  more  clearly  resolved  using  electron  microscopy. 
The  lower  hardness  and  strength  of  this  microsmicture  relative  to  the  base  metal  heat  treated  at 
lower  temperatures  was  consistent  with  the  coarse  alpha  platelet  size  and  large  regions  of  retained 
beta  phase.  Light  microscopy  of  the  laser  weld  fusion  zone  (Fig.  4D)  indicated  a  finer  alpha 
precipitate  size  and  an  influence  of  solidification-induced  segregation  on  the  alpha  morphology. 
TEM  analysis  confirmed  the  finer  alpha  platelet  size  (Fig.  4E),  although  significant  differences  in 
alpha  platelet  coarseness  within  the  fusion  zone  were  not  apparent.  Although  not  resolvable  in 
Figure  4D,  Figure  4F  clearly  reveals  the  presence  of  coarse,  continuous  alpha  phase  at  a  beta 
grain  boundaries. 

Figures  5A-D  show  light  and  TEM  blight-field  micrographs  of  the  duplex  heat-treated  laser  weld. 
In  general,  the  base  metal  and  fusion  zone  regions  appeared  comparable  to  those  of  the  low- 
temperature  heat-treated  specimen,  with  the  short  temperature  excursion  at  593'C  promoting  a 
slight  coarsening  of  intragranular  and  intergranular  alpha  phase.  This  minimal  coarsening  was 
consistent  with  a  hardness  only  slightly  below  that  of  weld  aged  at  482®C.  The  original  objective 
in  utilizing  the  duplex  heat  treatment  was  to  promote  the  nucleation  of  fine,  intragranular  alpha 
phase  at  low  temperatures  and  its  coarsening  at  a  higher  temperature,  versus  aging  at  an 
intermediate  temperature  which  promotes  nucleation  and  growth  of  both  intragranular  and  grain 
boundary  alpha.  Although  the  microstructure  did  exhibit  a  higher  ductility  as  compared  to  the 
single-cycle,  low-temperature  aged  specimen,  this  improvement  was  relatively  marginal. 
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Figure  4  -  Base  metal  (A-C)  and  laser  weld  fusion  zone  (D-F)  in  Beta-2  IS  postweld  heat  treated 
at  593‘a4hr. 
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Figure  5  -  Base  metal  (A.B)  and  laser  weld  fusion  zone  (C,D)  in  Beta-2]S  posiweld  heat  treated 
at  482”C/2()hr  +  59.VC/30min. 


Mechanical  Properties 


Figure  6  shows  hardness  traverses  from  the  base  metal  to  the  weld  centerline  for  the  postweld 
heat-trerted  Beta-2  IS  laser  weld  specimens.  Flardness  values  were  relatively  constant  across  the 
weld  zone  and  were  consistent  with  mk  rostructural  characteristics  described  above  (i.e..  a  finer 
intragranular  alpha  precipitate  structure  promoted  a  higher  hardness).  For  the  single-cycle  heat 
treated  specimens,  the  weld  HAZ  exhibited  a  hardne.ss  slightly  higher  than  that  of  the  comparable 
fusion  zone  and  base  metal  microstructures. 


Table  1  summarizes  the  results  of  three-point  bend  and  tensile  testing  for  the  as-welded  and 
postweld  aged  Beta-2  IS  laser  welds.  Note  that  all  transverse-weld  oriented  tensile  specimens 
failed  in  the  unaffected  base  metal  remote  from  the  weld  zone,  indicating  joint  efficiencies  of 
UX)'i^.  The  retained-beia  microstructures  exhibited  by  the  solution  heat-treated  and  as-welded 
laser  welds  promoted  relatively  low  strength  but  high  tensile  elongation.  Postweld  aging  at 
482°C/20hr  resulted  in  a  high  base  metal  and  weld  yield  and  tensile  strengths  and  moderate  base 
metal  tensile  ductility  (approximately  4-59r).  Three-point  bend  testing  of  longitudinal-weld  on- 
ented  weld  specimens,  however,  indicated  a  low  fusion  zone  bend  ductility  of  29r  (elastic  -t- 
plasiic  strain  at  crack  initiation).  Application  of  the  high  temperature  postweld  heat  treatment  re¬ 
sulted  in  moderate  strength  but  promoted  high  base  metal  tensile  ductility  (approximately  IC'D 
and  gO(xl  weld  zone  bend  ductility  (5.7*^ ).  The  results  of  DPH  hardness  analysis  and  three-point 
bend  testing  indicated  that  the  duplex  heat  treatment  provided  strength  and  ductility  levels 
imemiediaie  to  those  of  the  low  and  high-temperature  single-cycle  heat  treatments. 
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Distance  from  weld  centerline  (mm) 

Figure  6  -  DPH  hardness  versus  distance  from  weld  centerline  for  postweld  heat-treated  laser 
welds  in  Beta-2  IS. 

Table  I:  Mechanical  Properties  of  Beta-21S  Laser  Welds 


Condition/ 

Orientation 

YS 

(MPa) 

UTS 

(MPa) 

Tensile 
Elong.  (%) 

Bend 

Ductility  (%) 

AW/TVS 

620.1 

861.3 

18.7 

482°C/20hrBM* 

1364.2 

.. 

.. 

4.6 

-  -/20hrTVS 

1405.6 

1467.6 

6.1 

3.8 

-  -/20hr  Long 

- 

— 

- 

2.0 

593°C/4hrBM* 

1019.7 

1102.4 

8.5 

10.0 

-  -/4hrTVS 

964.6 

1033.5 

12.5 

11.0 

- /4hr  Long 

- 

- 

- 

5.7 

Duplex**/BM 

” 

" 

" 

6.4 

-  -/Long 

3.2 

**  Duplex  heat  treatment;  482°C/2(jhr  +  593°C/30  m»n. 


Fracture  Analysis 


Figure  7  shows  fracture  surfaces  of  longitudinal-weld  oriented  bend  sf^imens  in  the  as-welded 
and  postweld  heat  treated  conditions.  In  the  as-welded  condition  (Figs.  7A  and  7B),  fracture 
surfaces  were  characterized  by  a  ductile,  transgranular  appearance,  indicating  fracture  by  a  void 
nucleation,  growth  and  coalescence  mechanism.  Fracture  of  the  specimens  heat  treated  at 
482*C/20hr  (Figs.  7C  and  7D)  and  those  given  the  duplex  heat  treatment  also  occurred  trans- 
granularly  in  a  manner  which  macroscopictdly  exhibited  a  cleavage-type  appearance.  Despite  the 
relatively  low  bend  ductility  of  these  sjxcimens,  examination  of  the  fracture  surface  at  increased 
magnification  indicated  a  microscopically  ductile  appearance  on  the  facet  surfaces  (Fig.  7D).  A 
similar  behavior  has  been  observed  in  the  weld  fusion  zone  of  high-strength  alpha-beta  titanium 
alloys  (6).  As  shown  in  Figure  7E,  heat  treatment  at  593*C/4hours  promoted  a  transition  fom 
transgranular  to  predominantly  intergranular  fracture.  Examination  of  the  intergranular  fracture 
surfaces  at  increased  magnification  revealed  a  relatively  smooth  surface,  although  some  evidence 
of  microscopic  ductility  was  observed  (Fig.  7F).  A  similar  transition  in  weld  zone  fracture  mor¬ 
phology  with  an  increase  in  postweld  heat  treatment  temperature  has  been  observed  in  the 
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metastable-beca  titanium  alloys  Ti-8V-7Cr-3Al-4Sn-lZr  (wt%)  (3)  and  Ti-8Mo-8V-2Fe-3Al 
(wt%)  (4),  and  was  attributed  to  the  presence  of  coarse,  continuous  grain  boundary  alpha  in  the 
microstriKture  of  wel^  postweld  aged  at  high  temperature.  It  is  of  interest  to  note  that  this  transi¬ 
tion  in  fractiue  path  was  associated  with  an  increase  in  tensile  ductility.  This  observation  indicates 
that  the  extent  of  plastic  deformation  which  occurs  intragranularly  within  the  beta  grains  prior  to 
grain  boundary  fr^ture  is  important  in  determining  macroscopic  ductility,  and  that  the  presence  of 
grain  boundary  alpha  does  not  necessarily  indicate  a  degradation  in  ductility. 

Conclusions 

1 .  High-integrity  welds  exhibiting  a  fine  beta  grain  structure  were  produced  in  Beta-21S  sheet 
using  the  CO2  laser  welding  process.  The  retention  of  beta  phase  in  the  weld  fusion  and  heat- 
affected  zones  during  rapid  weld  cooling  promoted  moderate  weld  strength  and  high  ductility 
in  the  as-welded  condition. 

2 .  The  precipitation  of  fine  alpha  phase  during  postweld  aging  at  482‘C/20  hours  resulted  in  high 
base  metal  and  weld  zone  tensile  strengths  (>1467  MPa)  but  relatively  low  ductili^  in  the 
weld  zone  (2%).  An  appreciably  coarser  alpha  precipitate  structure  produced  during  heat 
treatment  at  593*Cy4hr  promoted  a  moderate  weld  tensile  strength  (>1033  MPa)  and  a  weld 
zone  ductility  of  5.7%.  The  application  of  a  duplex  postweld  heat  treatment  of  482*C/20hr  + 
593"Cy30inin.  resulted  in  intermediate  strength  and  ductility  levels. 

3 .  A  transition  in  fracture  mode  from  transgranular  in  the  as-welded  and  low-temperature  post¬ 
weld  heat  treated  conditions  to  predominantly  intergranular  fracture  for  the  high-temperature 
postweld  heat  treated  condition  was  attributed  to  the  presence  of  appreciable  grain  boundary 
dpha  phase  at  beta  grain  boundaries  in  the  welds  heat  treated  at  higher  temperature. 
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Abstract 

Gamma  and  XD  gamma  titanium  aluminides  could  potentially  replace  superalloys  and 
other  high  temperature  materials  in  aerospace  and  automotive  applications.  Their 
low  density,  high  temperature  properties  and  oxidation  resistance  make  them 
attractive  materials  for  advanced  engine  designs  and  aerospace  systems.  However, 
the  near-net  shape  processing  of  these  advanced  materials  is  critical  to  their 
implementation.  The  investment  casting  process  has  been  demonstrated  for  the 
manufacture  of  gamma  alloy  near-net  shape  components  using  only  minor 
modifications  to  conventional  titanium  alloy  melting  and  casting  practices.  The 
resulting  components  respond  favorably  to  heat  treatment,  producing  a  wide  range 
of  microstructures  and  corresponding  mechanical  properties.  Examples  of  complex 
cast  components,  microstructures  and  mechanical  properties,  demonstrating  the 
potential  of  these  materials  for  high  temperature  applications,  are  presented. 

Introduction 

Titanium  alloys,  both  cast  and  wrought,  have  been  accepted  materials  for  use  in 
aerospace  and  other  applications  for  over  three  decades.'^'  However,  conventional 
titanium  alloys  do  not  have  useful  strength  or  oxidation  resistance  above 
approximately  600*C.  In  addition,  under  certain  service  conditions,  conventional 
titanium  alloys  can  ignite  resulting  in  a  titanium  fire  which  can  result  in  severe 
component  damage.'^* 

Titanium  aluminide  alloys  based  on  the  gamma  (TiAl)  system  have  low  density,  high 
temperature  strength,  oxidation  resistance,  good  modulus  retention,  and  are  titanium 
fire  resistant.  Gamma  alloys  can  perform  to  temperatures  that  can  exceed  8 1 5  *  C 
at  approximately  half  the  density  of  current  superalloys.  However,  these  alloys 
suffer  from  low  room  temperature  ductility,  fracture  toughness,  and  impact 
resistance.  Typically,  gamma  alloys  contain  45-48  at.%  aluminum  and  alloying 
elements  such  as  vanadium,  niobium,  tantalum,  tungsten,  chromium,  silicon  and 
manganese. These  alloys  are  actually  two-phase  containing  a  small  amount  of 
alpha-two  (TijAl).  XD  gamma  alloys  contain  a  fine  dispersion  of  TiBj  particles  which 
promote  grain  refinement  resulting  in  strength  increases  over  the  base  alloy. 
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A  large  portion  of  gamma  titanium  aluminide  research  has  been  performed  using 
powder  metallurgy  and/or  thermomechanical  processing  (TMP)  routes.'*  ’*  However, 
this  type  of  processing  is  difficult  since  it  requires  temperatures  in  the  1000  - 
1300*C  range  and  an  inert  atmosphere  to  avoid  interstitial  contamination.  These 
high  processing  temperatures  require  complex  canning  or  pack  configurations  and 
the  use  of  expensive  die  or  containment  materials.  Gamma  alloys  are  machinable 
but  not  to  the  degree  of  conventional  titanium  alloys.  Therefore,  the  extensive 
machining  needed  to  produce  an  actual  component  from  a  powder  metallurgy  or 
wrought  product  is  expensive.  The  manufacture  of  near-net  shape  or  net  shape 
gamma  titanium  aluminide  components  by  investment  casting  represents  a  large 
potential  cost  savings.  These  cost  savings  are  obtained  through  decreased 
machining  and  use  of  existing  conventional  titanium  production  facilities.'’  "  Addi¬ 
tionally,  complex  shapes  with  hollow  passages  can  potentially  be  manufactured  that 
would  be  difficult  or  impossible  by  powder  metallurgy  or  TMP  approaches. 

Investment  Cast  Processing 

The  preferred  melting  method  for  ingot  manufacture  of  gamma  alloys  is  vacuum  arc 
remelting  (VAR).  Gamma  alloys  are  very  sensitive  to  tramp  element  contami¬ 
nation.'*'  The  absence  of  ceramics  in  the  cold  hearth  VAR  process  produces  ingots 
with  less  than  500  ppm  of  oxygen  and  low  levels  of  other  detrimental  elements. 
Careful  selection  of  alloying  elements  that  contain  minimal  oxygen  and  other 
contaminants  also  is  critical  for  the  manufacture  of  high  quality  gamma  alloys. 
Gamma  alloys  have  a  lower  melting  point  than  several  of  the  alloying  elements  used 
in  their  formulation.  Therefore,  a  minimum  of  two  melts  for  casting  ingot  and  three 
melts  for  forging  ingot  is  necessary  to  ensure  proper  solution  of  alloying  elements. 

The  VAR  process  also  is  used  to  melt  gamma  alloys  for  component  casting.  One 
disadvantage  of  the  VAR  casting  process  is  that  the  method  produces  a  low  super¬ 
heat  in  the  molten  metal  prior  to  casting.  This  lowers  the  metal’s  ability  to  flow  into 
components  with  thin  sections  under  2.0  mm  thick.  Therefore,  centrifugal  casting 
is  used  to  fill  thin  sections  by  accelerating  the  metal  into  the  mold  at  forces  that  can 
exceed  25g. 

Ceramic  investment  casting  molds  used  to  cast  gamma  alloys  are  similar  to  those 
used  for  conventional  titanium  alloys.  The  high  aluminum  content  in  gamma  alloys 
lowers  their  reactivity  making  them  less  reactive  with  the  mold  system.  Therefore, 
reaction  layers  (e.g.,  alpha-case)  found  in  conventional  titanium  alloys  can  be 
reduced  or  avoided  in  gamma  alloys  by  using  a  low  reactivity  Mono-Shell*  molding 
system.'”  In  the  as-cast  condition,  gamma  alloys  are  brittle  requiring  innovative 
techniques  to  avoid  component  cracking  following  casting.  Lowering  the  strength 
of  the  ceramic  mold  system  to  less  than  that  of  the  component  can  help  avoid 
component  cracking.  Gating  used  to  feed  metal  into  the  component  can  be  used 
as  a  reinforcement  or  to  relieve  stresses  by  allowing  it  to  break  during  cooling  of  the 
casting.'*’  All  of  these  factors  represent  minor  changes  to  conventional  titanium 
casting  and  contribute  to  successful  manufacture  of  gamma  alloy  components. 

Solidification  shrinkage  and  gas  porosity  found  in  conventional  titanium  castings  also 
are  prevalent  in  gamma  alloy  castings.  Both  of  these  types  of  porosity  can  be 
eliminated  by  hot  isostatic  pressing  (HIP).  We  have  performed  HIP  studies  that 
show  complete  closure  and  bonding  of  porosity  using  a  processing  condition  of 
1260’C/172  MPa/4h. 


Component  Applications 


Many  different  conrponent  geometries  have  been  identified  for  potential  cast  gamma 
alloy  application.  These  include  both  aerospace  and  automotive  applications. 
Rotating  components  have  the  highest  payoff  in  terms  of  weight  savings.  The  low 
density  of  gamma  alloys  reduces  the  self-imposed  loading  and  also  reduces  the 
strength  requirements  (resulting  in  further  weight  reduction)  of  components  that 
secure  the  rotating  component.  For  example,  reducing  the  weight  of  an  aircraft 
engine  low  pressure  (LP)  turbine  blade  by  30-50%  could  allow  weight  reductions  in 
the  turbine  disk,  turbine  shaft,  and  bearing  support  housings.  This  "trickle  down” 
effect  can  result  in  impressive  overall  efficiency  increases  and  weight  reductions. 
Examples  of  rotating  gamma  alloy  applications  include  low  pressure  turbine  blades, 
high  pressure  compressor  vanes,  rotating  seals,  rotating  diffusers,  and  turbocharger 
wheels.'^'*'*'  Figure  1  shows  examples  of  an  investment  cast  aircraft  engine  LP 
turbine  blade,  and  Figure  2  shows  an  industrial  gas  turbine  bucket.  Both 
components  were  cast  near-net  shape  and  passed  X-ray  inspection  and  fluorescent 
penetrant  inspection  (FPI)  quality  standards  equivalent  to  superalloy  components. 


Figure  1  -  XD  gamma  LP  turbine  blade. 


Reduced  weight  and  increased  performance  benefits  also  can  be  gained  in  structural 
nonrotating  components.**’  These  benefits  are  a  result  of  the  low  density/high 
modulus  and  low  coefficient  of  thermal  expansion  characteristics  of  gamma  alloys. 
These  factors  can  greatly  reduce  stresses  and/or  reduce  running  clearances  in  the 
gamma  components  and  other  surrounding  structures.  Applications  of  these  types 
of  components  include  compressor  cases,  compressor  vanes,  turbine  cases,  diffuser 
housings,  missile  fins,  missile  structures,  gun  blast  diffusers,  structural  brackets, 
and  automotive  exhaust  valves. 

Figure  3  shows  an  example  of  investment  cast  XD  gamma  missile  fins  produced  for 
General  Dynamics  as  part  of  a  Navy  development  program.  Casting  these 
components  in  the  XD  gamma  alloy  resulted  in  reduced  weight  and  increased  high 
temperature  performance  compared  to  conventional  materials.  These  components 
were  subjected  to  the  same  fligh'  qualification  tests  as  the  conventional  materials 
they  are  intended  to  replace.  The  larger  component  was  tested  under  static  load, 
heat/load,  and  deployment  conditions.  In  heat/load  testing,  the  component  passed 
test  load  requirements  of  2365  kg  at  temperatures  ranging  from  600  -  815*C. 
Deployment  tests  required  the  component  to  be  erected  into  flight  position  at  room 


temperature  by  a  spring  loaded  actuator  in  75  milliseconds.  The  fin  passed 
deployment  testing  surviving  an  impact  load  of  54  N-m  at  the  termination  of  the 
deployment  sequence.  The  smaller  fin  also  passed  similar  flight  qualificaticn  tests. 


Figure  2  -  Cast  gamma  industrial 
gas  turbine  bucket. 


Figure  3  -  Cast  XD  gamma  missile  fins. 

(Naval  Surface  Warfare  Center 
Contract  IKN60921-89-CA1 55). 


The  complex  configuration  of  the  F-IS  gun  blast  diffuser  was  cast  for  McDonnell 
Douglas  under  a  Navy  contract  (Figure  4).  This  component  houses  a  gattling  gun 
that  fires  at  3600  rounds  per  minute.  The  current  stainless  steel  component  needs 
to  be  coated  to  survive  the  hot  particle  erosion  imparted  by  shell  propellent  materials 
exiting  through  the  diffuser.  Preliminary  tests  performed  by  McDonnell  Douglas 
have  shown  that  the  hot  erosion  resistance  of  the  XD  gamma  alloy  significantly 
exceeds  that  of  the  uncoated  stainless  steel  material.  The  full  gun  blast  diffuser 
assembly  requires  welding  a  50  mm  diameter  XD  gamma  tube  with  6  mm  thick 
walls  to  the  back  of  the  casting.  McDonnell  Douglas  has  demonstrated  that  the 
electron  beam  welding  process  used  in  production  of  the  stainless  steel  component 
can  produce  crack  free,  mechanically  sound  welds  in  the  cast  XD  gamma  alloy. 
Moreover,  the  use  of  a  gamma  alloy  will  reduce  the  weight  of  the  component  by 
50%  allowing  more  weight  in  fuel,  avionics,  or  weapons  systems  to  be  installed  on 
the  aircraft. 
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Figure  4  -  Cast  XD  gamma  F-18  gun  blast  diffuser.  (Produced  under  Naval  Air 
Development  Center  Contract  #N62269-90-C-0260). 


Automotive  exhaust  valves  also  can  benefit  from  cast  gamma  technology  (Figure  5). 
The  potential  yearly  market  for  gamma  valves  on  a  single  engine  type  could  exceed 
2  million  components.  Replacing  steel  valves  with  lighter  gamma  valves  lowers  the 
spring  tension  necessary  to  retain  the  valve  during  operation.  This  results  in  lower 
friction  in  the  valve  train  allowing  fuel  economy  to  be  increased  by  as  much  as  0.3 
kpl.  The  benefit  of  casting  gamma  valves  near-net  shape  allowed  the  component 
in  Figure  5  to  be  machined  in  less  than  two  minutes. 


Figure  5  -  Cast  gamma  automotive  exhaust  valves. 

(Machining  and  Photograph  Courtesy  Ford  Motor  Company) 


1,491 


Microstfucture  and  Mechanical  Prooefties 


Heat  treatment  is  a  key  element  in  component  casting,  allowing  the  properties  of  the 
component  to  be  tailored  to  a  specific  application.  The  gamma  and  alpha-two 
phases  found  in  current  cast  gamma  alloys  can  be  manipulated  through  thermal 
treatment  to  form  three  basic  types  of  microstructure:  lamellar,  lamellar  +  equiaxed 
gamma  (duplex),  and  equiaxed  gamma.'^'*’  Typically,  a  lamellar  structure  increases 
high  temperature  strength  and  fracture  toughness.  The  equiaxed  gamma  structure 
increases  room  and  elevated  grain  refinement  produced  in  XD  alloys  increases 
microstructural  uniformity  and  strength  over  the  base  alloy  composition.  However, 
any  amount  of  TiB,  addition  results  in  reduced  room  temperature  ductility. 

Table  I  lists  a  summary  of  cast  gamma,  cast  XD  gamma  and  superalloy  prop¬ 
erties. The  summary  is  based  on  a  wide  range  of  alloys  from  all  three 
systems.  Alloy  composition  has  a  large  effect  on  the  strength  and  ductility  of 
gamma  alloys.  Cast  gamma  alloys  retain  their  strength  to  approximately  81 5 'C. 
Above  this  temperature,  only  a  limited  number  of  alloys  have  usable  strength, 
ductility  levels,  and  oxidation  resistance.  Gamma  alloys  also  have  a  brittle  to  ductile 
transition  temperature  which  occurs  for  most  of  the  alloys  at  approximately  650*C. 
Above  this  temperature,  the  alloys  have  considerable  ductility  and  behave  more  like 
conventional  metallic  materials. 


Table  I  Properties  of  Cast  Gamma,  Cast  XD  Gamma,  and  Cast  Superalloys 


Property 

Gamma 

TiAl  Based 

XD  Gamma 

TiAl  Based 

Superalloys 

Density  (g/cm’l 

4.0 

4.0 

8.3 

RT  Modulus  (GPa) 

160-175 

160-190 

200-220 

RT  Yield  Strength  (MPal 

276-510 

415-621 

690-1035 

RT  Ductility  (%) 

1-2.5% 

0.5-1 .5% 

4-10 

650 'C  Yield  Strength  (MPa) 

265-500 

405-610 

690-1035 

650 'C  Ductility  (%l 

2-10% 

1-5% 

4-10 

81 5 ’C  Yield  Strength  (MPal 

207-414 

310-450 

590-710 

815'C  Ductility  (%) 

15-40% 

15-30% 

4-14% 

RT  Kc  (MPa  Vn) 

15-33 

10-18 

50-120 

Creep  Life  (h) 

81 5 •C/138  MPa 

Tinf»e  to  1  % 

6-50 

10-80 

- 

Time  to  Rupture 

90-200h 

90-200h 

- 

Creep  Life  (h) 

760  •  C/1 32  MPa 

Time  to  1  % 

>120h 

Time  to  Rupture 

>600h 

760 'C  HCF  10’  Cycles 

R  =  0.1  (MPal 

-276 

-414 

• 

760 'C  LCF  10‘  Cycles 

R  =  0.1  (A€p| 

- 

■1 

- 

Gamma  alloys  with  their  unique  combination  of  low  density  and  high  temperature 
strength  appear  to  be  key  materials  for  advanced  systems  applications.  Investment 
casting  offers  a  cost  effective  way  to  produce  complex  near-net  shape  components 
using  conventional  titanium  alloy  processing  methods  and  equipment.  Cast  gamma 
microstructures  can  be  manipulated  through  heat  treatment  and/or  application  of  the 
XD  process.  Through  alloy  development,  current  cast  gamma  materials  have 
reasonable  room  temperature  elevated  temperature  properties.  Further  alloy 
development  will,  hopefully,  further  improve  these  properties  and  lead  to  the 
acceptance  of  gamma  alloys  as  engineering  materials. 
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The  technology  utilized  to  investment  cast  iitanium  components  has  rapidly  advanced  during 
the  past  several  years  to  accommooate  the  need  for  near  net  shape  airframe  and  jet  engine 
components.  Improvements  in  processing  have  been  made  in  areas  as  diverse  as:  molding, 
casting,  and  fixturing  which  have  improved  component  dimensional  and  metallurgical  integrity. 
Processes  have  been  developed  to  produce  castings  in  nontraditional  TiAl  and  Beta  titanium 
alloys.  In  addition,  in  an  attempt  to  reduce  overall  manufacturing  cycle  times,  technoiogy  to 
rapidly  prototype  engine  hardware  has  been  developed. 

Introduction 

Increasing  competitiveness  in  the  aerospace  industry  has  resulted  in  new  market  opportunities 
and  added  expectations  on  the  suppliers  of  titanium  alloy  investment  castings.  The  need  to 
reduce  manufacturing  costs  and  lead  times  as  well  as  reduce  airframe  and  engine  weight, 
thereby  improving  specific  fuel  consumption,  has  resulted  in  significant  changes  in  the  titanium 
investment  casting  industry  such  as:  Increased  component  complexity  and  size  coupled  with 
reduced  costs  and  manufacturing  cycle  times,  decreased  prototype  cycle  times,  and  develop¬ 
ment  of  processes  to  cast  advanced  alloy  systems. 

The  manufacturing  processes  required  to  provide  production  hardware  with  the  above  character¬ 
istics  is  currently  being  developed  at  a  rapid  pace.  Advanced  manufacturing  technologies 
currently  being  implemented  include:  Ceramic  systems  with  improved  chemical  and  dimensional 
stability,  thermal  forming,  and  casting  parameters  tailored  for  advanced  alioys.{1]I2]  The 
introduction  of  these  new  technologies  has  helped  meet  aerospace  industry  needs  and  keep 
the  titanium  casting  industry  competitive  with  other  sources  of  titanium  hardware. 

In  general,  there  are  three  major  steps  inherent  in  all  investment  cast  processes:  (1)  mold 
manufacture,  (2)  casting,  and  (3)  postcast  processing  and  inspection.  Investment  molds  are 
manufactured  by  coating  an  injected  wax  replica  pattern  with  multiple  layers  of  ceramic  slurries. 
These  ceramic  slurries  are  dried  on  the  wax  pattern  and  the  wax  subsequently  removed  by 
firing.  Titanium  alloys  normally  are  melted  using  vacuum  arc  remelting  (VAR)  consumable 
electrodes  into  water  cooled  copper  crucibles.  The  molten  titanium  is  then  poured  into  the 
ceramic  mold  artd  centrifugal  casting  techniques  may  be  used  to  assist  fill.  Because  VAR 
produces  minimal  superheat  in  the  molten  pool,  centerline  shrinkage  porosity  is  common  in  the 
cast  part.  These  defects,  however,  are  collapsed  and  diffusion  bonded  by  hot  isostatic  pressing 
(HIP). 

The  depressions  resulting  from  HIP  closure  subsequently  must  be  eliminated  by  weld  repair  in 
an  inert  atmosphere  using  tungsten  arc  welding  methods.  All  conventional  titanium  alloys  are 
very  readily  weldable. 
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During  casting,  titanium  reacts  with  the  ceramic  mold  to  form  an  oxygen  enriched  layer,  or 
'alpha  case,’  at  the  mold-titanium  interface.  This  reaction  layer,  which  is  minimized  by  using 
ceramic  oxides  in  the  mold  system,  is  subsequently  removed  via  chemical  milling. 

Discussion 

incfeaaed  Customer  Extwetationg 

In  an  attempt  to  reduce  overall  manufacturing  costs,  aircraft  engine  and  airframe  manufacturers 
have  turned  to  net  and  near  net  shape  titanium  investment  castings  in  order  to  minimize 
machining,  improve  raw  material  utilization,  and  reduce  the  amount  of  weldments.  For  example, 
studies  made  on  a  series  of  sixteen  parts  on  a  commercial  aircraft  indicated  an  average  cost 
of  $749  for  each  of  200  units  machined  from  forgings.  The  average  cost  of  investment  casting 
the  same  production  quantity  was  $227.[31 

In  order  to  satisfy  the  demand  for  highly  complex  castings  several  enabling  technologies 
recently  have  been  developed:  (1)  improvements  in  chemical  and  dimensional  stability  of 
ceramic  systems,  (2)  increased  melting  and  component  handling  capacity,  and  (3)  the  ability 
to  thermally  form  components. 

Development  of  an  ultralow  reactivity  mold  facecoat  has  improved  casting  surface  finish, 
enabled  fill-out  of  very  thin  section  thicknesses  and  reduced  the  amount  of  alpha  case  forma¬ 
tion.  The  ability  to  fill  thinner  sections  will  enable  parts  to  be  cast  without  the  same  degree 
of  overstock  traditionally  required,  thereby  reducing  the  amount  of  chemical  milling  and 
improving  dimensional  control. 

Continuous  improvements  made  in  ceramic  cores  and  investment  technology  have  enabled 
components  with  complex  internal  passages  to  be  cast.  For  example,  outer  fan  struts  for  a 
large  turbine  engine  are  hollow  and  have  wall  thicknesses  of  0.140  cm  (0.055*)  to  minimize 
component  weight.  The  hollow  cavities  are  formed  with  several  unique  modifications  to  the 
standard  rrtold  building  process.  Smaller  passages  can  be  produced  using  injected  ceramic 
cores.  Passages  down  to  0.318  cm  (0.125*)  diameter  and  up  to  15.2  cm  (6*)  long  can  be 
formed  using  this  approach. 


Figure  1 .  Fan  Frame  Case  Investment  Cast  in  Ti-6AI-4V. 
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Manufacturing  capacity  has  been  increased  allowing  up  to  320  kg  (700  lb)  components  to  be 
processed.  In  several  instartces  this  has  enabled  a  number  of  smaller  individual  castings  to  be 
combined  into  one  very  large  casting.  An  example  of  this  is  a  fan  frame  case  in  Figure  1 .  The 
fan  frame  case,  which  was  originally  made  as  10  strut  castings  and  one  inner  ring  casting,  will 
reduce  machining  and  welding  costs  artd,  therefore,  result  in  significant  cost  savings  to  the 
customer. 

In  order  to  maintain  the  extremely  tight  dimensional  tolerances  rww  being  specified,  hot  forming 
techniques  are  nowoften  employed.  At  temperatures  exceeding  760 **C  (1  conventional 

alloys  such  as  Ti-6AI-4V  can  easily  be  formed  to  shape.  Castings  with  very  thin  walls  such 
as  0.102  cm  (0.040*)  to  0.152  cm  (0.060*)  can  be  formed  at  temperatures  down  to  583**C 
(1100®F). 

Driving  the  techrralogy  that  has  enabled  the  production  of  complex  casting  geometries  is  the 
need  to  improve  foundry  efficiencies  and  cycle  times.  Reductions  in  casting  scrap  artd  repair 
operations  have  been  made  possible  by:  (1 )  lowering  process  variation  with  statistical  process 
control  and  factory  automation,  (2)  identifying  key  input  variables  using  design  of  experiments, 
and  (3)  reorganizing  and  empowering  the  work  force  to  facilitate  continuous  process  improve¬ 
ment.  Some  casting  companies  have  reached  complete  cellular  manufacturing  levels.  Here, 
cross-functional  teams  work  together  to  solve  problems  and  eliminate  inefficiencies  in  order 
to  reduce  cost  and  cycle  times. 

Decreasing  Prototype  Cycle  Times 

Aerospace  manufacturers  are  increasingly  demanding  reductions  in  the  time  required  to  produce 
usable  titanium  hardware  from  blueprint  designs.  Traditionally  in  investment  casting,  once  a 
component  design  is  complete  the  next  step  requires  fabrication  of  a  wax  injection  die. 
Depending  on  the  component  geometry,  die  fabrication  can  take  up  to  40  weeks  to  complete. 
Recently  advanced  prototyping  techniques  have  been  used  to  produce  wax  or  plastic  replica 
patterns  prior  to  actual  fabrication  of  permanent  wax  injection  tooling.(4)  These  patterns  allow 
the  design  engineer  to  visualize  their  concept  and  quickly  verify  or  improve  their  design.  The 
foundry  engineer  can  produce  ceramic  investment  molds  and  preliminary  castings  from  the  wax 
patterns.  Proposed  gating  schemes  can  be  evaluated  and  castings  can  be  provided  for 
mechanical  property  verification  and  microstructural  characterization. 

Prototyping  technologies  range  from  simple  wax  mockup  techniques  (hand  fabrication)  to  rrtore 
complex  technologies  for  producing  temporary  injection  tooling  such  as  laser  stereolithography. 
Selection  of  prototyping  method  depends  on  purpose  of  the  project,  geometric  complexity  of 
the  component,  availability  of  electronic  dimensional  data,  and  number  of  components  to  be 
made.  As  an  example,  wax  mockup  techniques  were  used  to  produce  prototype  heat  shields 
for  new  commercial  aircraft.  Figure  2.  Typically  this  pan  would  have  required  20  weeks  from 
design  to  first  anicle;  however,  these  components  were  taken  from  design  and  fully  processed 
castings  in  less  than  eight  weeks. 

A  temporary  wax  injection  tool  may  be  specified  if,  for  instance,  several  dozen  patterns  are 
required  and  if  electronic  dimensional  data  is  available.  Stereolithography  is  a  recently  devel¬ 
oped  technique  which  can  be  used  to  develop  a  precise  master  pattern  directly  from  CAD/CAM 
data. (51  Commercially  available  stereolithography  machines  use  an  ultraviolet  laser  to  trace 
a  thin  cross  section  of  the  target  object  onto  the  surface  of  a  vat  of  liquid  polymer,  selectively 
hardening  the  photopolymer.  Complex  geometry  components  such  as  airfoils  can  be  produced 
in  as  little  as  eight  hours  to  twelve  hours  with  littear  tolerances  of  ±0.008  cm  (O.CK)3*). 

If  hard  patterns  are  available,  such  as  from  stereolithography,  then  there  are  a  variety  of 
methods  and  materials  which  can  be  used  to  produce  temporary  wax  injection  tooling.  These 
include  REN  (resin  epoxy  filled  with  glass  beads),  polyurethane,  and  common  silicon  rubber. 
These  materials  may  be  poured  around  the  master  pattern  in  a  cope/drag  fashion.  A  metal 
injection  die  can  be  made  by  arc  spray  coating  a  master  pattern  with  aluminum.  [5)[6]  Spray 
metal  dies  can  be  dimensionally  stable  for  up  to  1 000  injections  and  may  be  produced  in  one 
week. 


\.ni 


Figure  2.  Aerospace  Heat  Shield  A)  Prototyped  in  Wax  and  B)  Investment  Cast  in  Ti'6AI-2Sn- 
4Zr-2Mo. 


Advanced  Alloy  Systems 

In  response  to  demands  for  higher  performance  systems,  aerospace  industry  casting  users  are 
evaluating  new  classes  of  titanium  alloys  to  replace  current  Ni  or  Fe  based  components. 
Material  attributes  such  as  improved  high  temperature  properties,  lower  density,  bum  resis¬ 
tance,  and  high  strength  at  intermediate  temperatures  are  necessary  to  satisfy  industry  demand. 
Aircraft  engine  companies  are  most  interested  in  the  improved  high  temperature  alloys  such 
as  gamma  titanium  aluminides,  Ti-1100,  or  IMI-834  while  airframe  companies  favor  high 
strength  beta  alloys  such  as  Ti-1 5V-3AI-3Cr-3Sn.|71l8)  Other  new  titanium  alloys  include  Pratt 
&  Whitney's  proprietary  "Alloy  C",  which  offers  good  high  temperature  strength  and  burn 
resistance  and  Timet's  Beta  21 S  which  is  a  high  strength  alloy  with  improved  oxidation 
resistance. 

Gamma  Titanium  Aluminides 

Gamma  titanium  aluminide  alloys  are  melted  using  VAR  and  ISR  (Induction  Skull  Remelting) 
methods  and,  therefore,  exhibit  many  of  the  same  casting  characteristics  as  do  conventional 
titanium  alloys.  Gamma  titanium  aluminides  are  also  prone  to  surface  connected  microporosity 
and  cracking,  but  developments  in  the  ceramic  molding  and  casting  areas  have  enabled  complex 
geometries  to  be  cast.  Figure  3.  Because  of  TiAI's  low  as-cast  ductility  gating  has  to  be 
designed  to  accommodate  thermal  contraction  differences  between  the  mold  and  the  alloy 
during  cool  down. 

Over  the  past  five  years  much  experience  has  been  gained  in  casting  GE  Aircraft  Engine's 
gamma  titanium  aluminide  alloy,  Ti-48AI-2Cr-2Nb.  Work  has  focused  on  producing  turbine 
blades  and  nozzles  but  have  included  structural  components  as  well.  Over  80  molds  of  Ti-48AI- 
2Cr-2Nb  have  been  cast  on  a  production  scale  using  greater  than  4500  kg  (10,000  lbs)  of  ingot. 

Gamma  titanium  aluminide  alloys  reinforced  via  /O’*  (exothermic  dispersion  strengthened) 
processing  have  also  been  receiving  attention  from  titanium  users. (9)1 10)  XD"*  is  a  Martin 
Marietta  Laboratories'  process  for  incorporating  titanium  diboride  particulate  in  alloy  systems. 


XD"*  additions  make  titanium  aluminides  more  difficult  to  VAR  melt  but  often  improves 
castability  due  to  the  inoculation  effect  of  the  titanium  diboride.  In  1 989,  under  a  DARPA  DICE 
contract,  Howmet  produced  100  overstocked  CF6-80C2  Stage  5  low  pressure  turbine  blades 
(LPT)  in  Ti-48AI-2V -«■  7  vol%  TiB^.(ll)  The  blades  were  cast  overstocked  and  subsequently 
electrochemically  machined  and  conventionally  ground  to  size.  In  1 992  net  shape  GE  LPT 
blades  and  Rolls-Royce  LPT  blades  were  produced  using  Ti-48AI-2Cr-2Nb  +  2vol%TtB2.  Both 
blade  designs  were  metallurgically  sourtd. 


Figure  3.  Examples  of  Investment  Cast  Gamma  TiAl  Components  Including  a  Missile  Fin, 
Compressor  Case,  Low  Pressure  Turbine  Blade,  Actuator  Housing,  and  High  Pressure  Turbine 
Blades. 


Beta  Titanivni  Allgys 

The  ability  to  heat  treat  beta  titanium  alloys  to  high  strength  levels  make  them  an  attractive 
substitute  for  precipitation  hardened  stainless  steels.  Bets  alloy's  processing  behavior  is 
different  than  that  of  Ti-6AI-4V  and  requires  modified  techniques.  For  example,  decreased 
fluidity  necessitates  more  gating  and  overstock  for  fill  while  tendency  toward  intergranular 
attack  and  hydrogen  pickup  during  chemical  milling  dictates  nonstandard  milling  solutions.  A 
comparison  of  the  processing  behavior  of  several  cast  titanium  alloys  is  shown  in  Table  I. 


Table  I  -  Comparison  of  Processability  of  Various  Titanium  Alloys 


Alloy 

TI-6AI-4V 

Ti-a-2-4-2Si 

ThIIOO 

IM-B34 

Bata-C 

ri-1S-3 

Fluidity 

100 

80 

so 

60 

70 

70 

Molting 

Baaia 

Outgaaaaa 

Simtior 

Similor 

Outgaaaaa 

Outgaaaaa 

Alpha  Cna 

Booio 

Somo 

Sama 

Sama 

Santa 

Sama 

Grain  Siza 

Baaia 

Fino 

Slightly  Largar 

SNghdy  Largar 

Finor 

Rnof 

Chomicol  Milling 

Booio 

Sonio 

T80 

TBO 

IGA 

H,  Pickup 

HIP  Pooponoo 

Good 

Good 

Goad 

Good 

Good 

Good 

Woldobiiity 

Baaia 

Somo 

OK 

OK 

OK 

OK 

Table  II  •  Comparison  of  Typical  Tensile  Properties  of  Investment  Cast 
and  HIP'ed  Titanium  Alloys 


Alloy 

Temp 

(“F) 

UTS 

(ksi) 

0.2%  YS 
(ksi) 

El 

1%) 

RA 

(%> 

Ti-6AI-4V  ' 

70 

135.4 

120.8 

11.4 

18.8 

Ti-6AI-2Sn-4Zr-2Mo  +  Si  ’ 

70 

144.0 

128.3 

13.1 

Ti-6AI-2Sn-4Zr-2Mo  +  Si  ’ 

1000 

92.2 

72.2 

17.5 

33.1 

ri  -1100  ’ 

70 

135.0 

121.0 

8.2 

14.5 

Ti-15V-3AI-3Cr-3Sn  * 

70 

180.0 

163.2 

8.7 

14.0 

Beta-C  * 

70 

193.4 

181.8 

6.8 

9.8 

Alloy  C  ' 

70 

145.1 

139.2 

13.8 

24.8 

Alloy  C  ' 

1000 

120.8 

96.9 

13.0 

27.0 

1 7-4  pH  Stainless  Steel  ’ 

70 

160.0 

145.0 

15.0 

55.0 

1.  Annealed 

2.  Solution  treated  and  aged 

3.  Aged  only 

4.  Solution  treated  and  duplex  aged 


Figure  4.  Investment  Cast  Ti-3AI-8V-6Cr-4Mo-4Zr  Components  for  Airframe  Applications. 


Weight  reduction  is  a  must  for  modern  aerospace  systems  but  it  cannot  come  at  great  sacrifices 
to  mechanical  properties.  Table  II  shows  a  comparison  of  a  number  of  cast  titanium  alloys 
versus  two  typical  precipitation  hardened  stainless  steels.  In  the  case  of  Ti-15V-3AI-3Cr-3Sn 
nearly  equivalent  properties  can  be  achieved  with  a  37%  weight  savings.  For  certain  beta 
alloys  the  HIP'ing  operation  acts  as  a  solution  treatment,  and  the  castings  can  be  directly  aged 
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to  full  strength  eliminating  costly  heat  treatment  steps.  A  number  of  configurations  have  been 
cast  in  Ti-15V-3AI-3Cr-3Sn  for  airframe  applications.  Figure  4.  Pratt  &  Whitney's  Alloy  C 
maintains  good  strength  up  to  537  (1000°F)  which,  combined  with  its  bum  resistance,  could 

replace  some  Ni-based  superalloys. 

Summary 

The  recent  demands  placed  on  the  aerospace  industry  have  resulted  in  an  increased  interest 
in  titanium  investment  castings  ar>d  pressure  for  less  expensive,  more  rapidly  delivered  compo¬ 
nents.  The  investment  casting  irtdustry  has  resportded  by  developing  technologies  such  as 
ultrastable  ceramics,  stereolithography  wax  pattern  ntaking,  and  processing  for  advanced  alloy 
systems.  High  performartce  aerospace  systems  require  the  attributes  investment  cast  titanium 
has  to  offer:  design  flexibility  and  complexity,  improved  economics  of  net  shape  processing, 
and  alternate  alloys  to  replace  higher  density  materials  on  a  one-to-one  basis.  The  benefits  of 
investment  casting  have  long  been  realized  for  producing  gas  turbine  engine  hardware  and 
airframe  applications  are  rapidly  developing. 
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ABSTRACT 

Casting  is  oie  of  the  most  promising  routes  to  fnoduce  complex  shapes  from  titanium  aluminide 
alloys.  The  objective  of  tiiis  work  was  to  determine  the  effect  of  hot  isostatic  pressing  (HIP) 
process  parameters  on  the  microstructure  and  room  temperanm  tensile  properties  of  Ti-48A1- 
2Nb-2Q'  (a%)  investment  castings  following  a  stabilization  heat  treatment  (ST).  The 
microstructures  were  characterized  in  the  as-cast,  as-HIP,  and  ST  conditions  by  optical  and 
scanning  electron  microscopies  as  well  as  x-ray  diffraction.  HIP  conditions  ranged  from  18(X)  to 
2300<’F  (980  to  1260°C)  at  20  to  40  ksi  (140  to  27S  MPa)  for  4  to  8  hours.  The  results  show 
significant  effects  of  HIP  conditions  on  the  microstructure,  phase  morphologies,  and  volume 
fraction  of  the  phases  present  The  effects  of  the  subset^uent  ST  at  237S°F  (13()0°C)  for  20  hours 
on  the  microstructure  and  tensile  pr(q>erties  were  studied  for  selected  HIP  conditions.  Tensile 
strengths  as  hi^  as  70  ksi  (480  MI^)  were  achieved.  Additionally,  elongations  as  high  as  2.1% 
could  be  consistently  obtained  from  a  wide  range  of  HIP  conditions.  No  significant  effect  of 
HIP  temperature  on  room  tenqierature  tensile  properties  was  observed  after  ST  provided  pore 
closure  was  achieved. 


INTRODUCTION 

(Commercial  introduction  of  alloys  based  on  the  intermetallic  compound  r-TiAl  has  been 
hampered  by  difficulties  in  fabricating  components  by  ingot  metallurgy  routes.  Near-net-shape 
(NNS)  processes  nuy  become  a  key  factor  in  the  successful  introduction  of  these  alloys.  One 
NNS  process  being  developed  for  these  alloys  is  investment  casting.  The  shape-malting 
capability  of  this  technique  has  been  demonstrated  for  several  t-TIAI  alloys  [1-S].  Because  of 
the  demanding  qiplications  envisioned  for  these  alloys  and  their  rehuively  poor  crack  ^wth 
resistance  and  toughness,  hot  isostatic  pressing  (HIP)  is  required  to  close  gas  and  shrinkage 
pores.  Most  castings  made  thus  far  have  been  Iwd  at  23(XPF  (126(y*C)/2S  lui  (170  MPa)/4  hr 
[1,6,7].  The  high  temperature  selected  increases  the  cost  of  the  process,  as  well  as  the  potmtial 
for  distortion  of  the  NNS  conqwnents  and  surface  depletion  of  A1  during  HIP.  This  study 
examined  the  effects  of  the  HIP  temperature,  pressure,  and  time  on  the  microstructural 
devel(»ment  and  room  tenqterature  tensue  properties  of  stabilization  heat  treated  (ST)  H-48A1- 
2Nb-2u  (a%)  investment  castings. 
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EXPERIME!<n'AL  PROCEDURE 

MATERIAL 

Investment  cast  test  bars  with  an  aim  chemistry  of  Ti-48Al-2Nb-2&  (a%)  were  used  in  this 
study.  The  ingot  and  casting  compositions  are  shown  in  Table  I.  The  material  was  vacuum  arc 
lemelted  and  cast  as  nominsily  0.5''(13mffi)  ^  x  2.72'’(70mm)  long  oversized  tensile  bars.  The 
as-cast  microstructure  and  typical  centerline  microshrinkage  are  shown  in  Fig.  1.  The 
microshrinkage  was  visible  on  radiographs  prior  to  HIP.  The  alpha  transus  was  estimated  to  be 
2440“F(134(PQ. 


Table  I:  Inoot  and  test  to  oomoosltions. 


Forni 

ISM 

IfiSM 

BIM 

EMI 

l£M 

Other  1 

IliiliiSl 

Ingot 

48.02 

1.79 

1.96 

710 

N-20.  H-26.  C-8 

Cast  Bar 

47.3 

880 

N^.  H-N/A.  C*187.  Si.880 

HOT  ISOSTATIC  PRESSING  (HIP) 

HIP  was  performed  in  argon  over  the  range  of  temperaturesjjpressures,  and  times  listed  in  TaUe 
II  with  a  cooling  rate  from  the  HIP  temperature  of  about  180^F  (l(X)°(j)/min.  The  grain  sizes  of 
the  equiaxed  yand  lamellar  (prior  a)  grains  were  measured  by  the  comparison  method  of  ASTM 
El  12.  Volume  fiactions  of  equiaxed  y  and  lamellar  (primr  a)  components  were  determined  by 
point  counting.  Both  the  transformed  and  untransfcMTM  latMllar  constituents  were  counted  as 
lamellar  grains  [8]. 

STABILIZATION  HEAT  TREATMENT  (ST) 

A  stabilization  heat  treatment  (ST)  at  237S°F  (1300°C)  for  20  hr  in  flowing  argon  was  performed 
on  those  test  bars  which  had  been  HIFd  at  25  ksi  (170  MPa)  for  4  hr  (Table  n).  The  specimens 
HlPd  at  1800“F  (980“C)  were  cooled  firan  2375  (1300)  to  1300“F  (705“O  at  a  rate  of  15(PF 
(85**C)/min,  while  the  remaining  qrecimens  were  cooled  through  this  range  at  120°F  (70°CVmin. 
The  cooling  rate  was  decreased  to  20°F  (10°C)/min  through  the  ductile-laittle  transition 
tenmerature  range  (from  1300  (705)  to  200°F  (95'’C)),  resulting  in  an  average  cooling  rate  of 
33°^  (IS^OAnin.  The  grain  sizes  a^  volume  fiactions  of  the  constituents  were  deterniined  per 
ASTM  El  12  and  pram  counting  as  described  above. 


Figure  1:  A  iranavtrM  section  of  an  as-cast  bar  showing  the  cotumnar  prior  a  grains  which  have 
transformed  into  a24-yiametae.  Equiaxed  ygrains  were  found  along  the  prior  a  grain  boundaries.  The 
microshrinkage  evident  in  these  micrographs  was  typical  of  the  bars  before  HIP.  (Unelched,  polarized 
■ghl.) 

TENSILE  TESTING 

Tensile  specimens  were  machined  from  the  ST  bars  to  0.130"(3mm)  4  x  0.65”(17mm)  long 
gage  sections.  The  bars  were  longitudinally  polished  to  16AA  prior  to  testing  at  room 
tertqrerature  in  air.  Load-strain  curves  were  recorded  through  failure  using  a  load  cell  and  an 


extensometiar.  The  stnun  rate  was  0.00S/min  through  0.2%  yield.  After  yielding  the  cross  head 
rate  was  increased  to  0.03"(0.76tiun)/nun  to  failure.  The  average  properties  obtained  from  two 
bars  per  condition,  includirg  the  pU^c  elongation  measured  both  conventionally  by  micrometer 
and  nom  the  extensometer,  are  reported  in  Ttdtie  IV.  Samples  with  low  elongation  were 
investigated  by  SEM  fractography  and  metallography  to  detect  insufficient  pore  closure  during 
HIP,  since  unhealed  porosity  cannot  always  be  detected  1^  post-HlP  radiogr^hy. 

RESULTS  AND  DISCUSSION 


AS-CAST  AND  AS-HIP  MICROSTRUCTURES 

The  as-cast  microstructure  (Fig.  1 )  was  predominantly  columnar  prior  a  grains  with  intergranular 
equiaxed  y.  The  prior  a  grains  transformed  into  lamellar  y,  resuldng  in  the  mostly  lamellar 
microstructure  typical  of  as-cast  near-ralloys.  These  lamellar  regions  were  discontinuous,  with 
the  ai  lamellae  terminating  where  the  local  conqx»ition  favored  r  phase. 


The  volume  fiacdon  of  equiaxed  y  was  compared  to  that  predicted  by  the  Ti-Al  equilibrium 
diagram  [9]  with  the  a  transus  decreased  SS^F  (3(PC)  to  account  for  die  2%Cr  in  this  alloy  [10]. 
After  HIP  at  1800°F  (980°C),  the  as-cast  macrostructure  (Rg.  1)  was  retained,  but  small  y  grains 
were  nucleated  within  the  columnar  prior  a  grains  (Table  n  and  Fig.  2'  The  volume  fraction  of 
equiaxed  rincreased  with  increasing  HIP  temperature  and  time  (Fig.  3),  approaching  equilibrium 
only  after  8  hour  HIP  cycles. 


The  equiaxed  y  grain  size  changed  during  HIP  at  higher  temperatures.  Coarsening  was  noted  in 
4  hr  at  temperatures  above  21^F  (1 175®<3  and  in  8  hr  at  temperatures  above  18(X)“F  (980®C) 
(Fig.  4).  However,  the  equiaxed  r  grain  size  decreased  when  the  HIP  temperature  increased 
from  2200  (1205)  to  230()®F  (I260®C).  Similarly,  the  prior  agrain  size  was  unchanged  up  to 
2150®F  (1090°C)  for  4  hr,  but  doubled  between  2150  (1175)  and  2300“F  (1260“O.  These 
observations  indicate  that  thermally  driven  grain  growth  during  HIP  was  competing  with 
constitutionally  driven  phase  transformations  [11].  Few  aj  plates  were  seen  in  the  equiaxed  y 
grains  after  HIP  (Fig.  2). 


Table  11:  HIP  cycle  matrix  and  as-HIP  microstructure  characteristics.  The  cooling  rate  was  ~180°F 


(lOOXlirmin.  lor  all  cycles.  The  a  transus  was  estimated  to  be  244(y>F(1340°C).a 


Temperature 

m  rc) 

Pressure 
(ksi)  (MPa) 

Time 

(hr) 

Hrmni 

■ggi 

As  Cast 

N/A 

N/A 

9 

22 

91 

Columnar 

20 

140 

8 

10 

22 

90 

65 

980 

25 

170 

4 

10 

32 

90 

65 

2000 

20 

140 

8 

81 

90 

19 

45 

2000 

25 

170 

4 

26 

45 

74 

65 

2150 

1175 

25 

170 

4 

21 

45 

79 

65 

1205 

0  (control) 

6 

85 

90 

15 

65 

1205 

20 

140 

8 

86 

125 

14 

65 

1205 

40 

275 

82 

125 

18 

125 

1260 

25 

24 

90 

76 

125 

3  %7  •  vol.  traction  equiaxed  gamma.  GST  «  Avg.  grain  size  of  equiaxed  gamma,  %l.  >  vol.  fraction  of  lamellar 
(prior  a)  grains,  GS*'^ = Avg.  grain  size  of  prior  alpha  grains. 

The  effect  of  HIP  pressure  on  microstructural  develr^ment  was  examined  on  samples  HIFd  at 
2200®F  (1205®C).  Increasing  the  HIP  pressure,  fron  0  to  20  (140)  and  40  ksi  (275  MPa),  had 
no  reproducible  effect  on  the  microstructure  based  (Ml  optica)  microscqiy  CTablell).  However, 
shifts  in  the  X-ray  diffiraction  peaks  of  the  az  and  rphases  suggested  a  change  in  the  lattice 
parameters  of  the  two  phases  due  to  HIP  pressure.  Tte  lattice  parameters  measu^  as  a  function 
of  pressure  are  shown  in  Table  III.  The  umt  cell  volume  of  the  oj  increased  by  about  2%  while 
the  unit  cell  volume  of  the  r  decreased  by  about  2%.  The  c/a  ratio  of  of  the  az  decreased  slightly. 
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AS-ST  MICROSTRUCTURES 

Bars  from  four  different  HIP  temperatures  were  ST  at  237S°F  (IBOO^Q  for  20  hr  to  stabilize  the 
microstructuie.  AU  ST  bars  had  been  Wip'd  at  2Sksi  (170MPa)  for  4  hr.  The  ST  was  selected  to 
produce  a  duplex  microstructuie  with  equilibrium  phase  fractions  of  about  80%  prior  a  and  20% 
equiaxed  t  based  on  the  modified  Ti-Al  equilibrium  diagram  [9,10].  During  cooling  from 
2375°F  (1300“C,,  aj  laths  formed  within  the  equiaxed  r  grains  to  allow  the  7  to  reach  the 
equilibrium  composidon  at  lower  tempenuuies. 


Bars  HIPd  at  1800°F  (980°C)  retained  a  nearly  lamellar  structure  through  the  ST  which  was 
similar  to  the  as-cast  and  as-HIP  conditions  (Fig.  S).  AU  bars  HIFd  at  higher  temperatures 
developed  the  desired  duplex  structure  during  ST  (Fig.  S  and  Table  IV).  The  average  y  and  a 
grain  sizes  coarsened  to  about  7Stun  after  the  ST,  except  for  the  bars  which  had  been  I^d  at 
2300®F  (1260®C).  The  prior  a  grain  size  of  the  material  HIFd  at  2300®F  (1260®C)  decreased  by 
a  factor  of  two  during  ST,  while  the  average  ^uiaxed  y  grain  size  decreased  slightly.  This  ^n 
refinement  may  result  from  constitutioi^ly  driven  phase  transfonnation  to  achieve  compositional 
equilibrium  of  the  a  and  y  phases  [11]. 


Figur*  3:  The  volume  fractions  of  equiaxed  Yand  prior  o  approached  those  predicted  by  the  Ti-Ai 
equiibrium  diagram  as  the  HIP  or  ST  time  and  temperature  were  inaeased. 


980  1090  1175  1260  1300»C 


TEMPERATURE  ("F) 

Figure  4:  The  effects  of  time  and  temperature  on  the  average  grain  size  of  equiaxed  Yarxl  prior  a 
suggest  that  thermally  driven  coarsening  competes  with  phase  transformations.  Grain  refinement 
occurred  during  the  237S^F  (1300'’C)/20hr  ST. 
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Figure  5:  As-ST  nUcrostniCtures:  a)  HIP  at  1800*F  (980°C)/25kai  (170MPa>/4  hr  followed  by  ST  at 
2375“F  (1300*0/20  hr;  b)  HIP  at  2300*F  {1260*C)/25ksi  {170MPa)/4  hr  followed  by  ST  at 
2375*F(1300*C)/20  hr.  (Unetched,  polarized  light.) 

ROOM  TEMPERATURE  TENSILE  PROPERTIES 

The  tensile  data  from  the  ST  bars  highlight  the  insensitivity  of  these  properties  to  HIP 
temperature  when  pore  closure  was  achieved  (Table  IV  and  Fig.  6).  SEM  fin^tography  showed 
unhealed  porosity  only  in  specimens  HIP'd  at  1800®F  (980°C)/25ksi  (170MPa)/4  hr  (Fig.  7). 
Pore  closure,  accomplished  by  HIP  at  2000°F  (109()°C)  and  above,  was  associated  with  good 
tensile  elongation  and  strength.  The  room  temperature  tensile  strengths  and  elongations  in  this 
study  were  comparable  to  Aose  reported  by  London  and  Kelly  [1].  The  low  data  scatter  was 
quite  remarkable  for  a  material  considered  to  have  relatively  low  duc^ty  at  ambient  temperature. 

Since  Aese  data  Ad  not  include  lower  pressure  HIP  cycles,  such  as  216S°F  (118S°C)/lSksi 
(104MPa),  no  assessment  of  Ae  role  of  pressure  in  assuring  pore  closure  could  be  made. 
Certainly,  HIP  at  a  lower  pressure  Aan  Aat  used  m  Ais  study  would  require  careful  evaluation 
before  being  adopted  for  aerospace  components. 


Table  IV:  Microstructure  characteristics  arxl  average  tensile  properties  of  bars  stabilized  at  237S°F 

ratures. 


HIP  Temp. 

('T) 

(<C) 

1800 

980 

2000 

1090 

2150 

1175 

2300 

1260 

As-ST  Microstructure  ® 


0.2%YS  UTS 
(ksi)  (MPa)  (la) 


Avg.  Room  Temp.  Tensile  Properties 
(2  bars/condition) 

UTS  %ELb  %ELC 


0 

32 

3 

65 

8 

75 

2 

65 

64.1 

440 

69.2 

480 

1.9 

2.1 

67.9 

470 

1.9 

67.3 

465 

2.0 

^  Same  as  Table  I,  ^  Plastic  Elongation  measured  by  micrometer,  ^  Plastic  Elongation  measured  from  the  bad- 
strain  curves. 
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Figura  6:  Effect  of  HIP  temperature  on  the  70Y  (23*C)  tensile  properties  of  T1-48AI-2Nt>-2Cr  (a%). 


Figure  7.  HIP  at  ISOO^F  (980°C)/25ksi  (170MPa)/4  hr  did  not  heai  all  casting  porosity,  a)  SEM 
fractograph  showing  porosity,  delamination,  and  cleavage  on  a  tensile  bar.  b)  Section  through  the 
porosity  shown  in  (a).  (Bright  field  optical  micrograph)  c)  ^me  area  as  (b)  (Unetched,  polarized  Sght). 

SUMMARY  AND  CONCLUSIONS 

The  effects  of  HIP  parameters  and  ST  at  237S°F  (1300°C)  for  20  hr  on  the  microstructures  and 
tensile  properties  of  cast  Ti-48Al-2Nb-2Cr  (a%)  were  studied.  It  was  observed  that: 

1 .  The  predominantly  lamellar  as-cast  microstructure  transformed  to  a  duplex  microstructure 
during  thermal  processing,  except  for  specimens  HIPd  at  1800°F  (98()°C). 

2.  Metastable  phase  fractions  were  developed  during  4  hr  HIP  cycles  below  2300°F 
(1260°Q.  Longer  HIP  cycles  of  8  hr  at  tenqieratures  above  18007  (980°C)  approached 
Ae  predicted  ^uilibrium  y  phase  fraction,  but  HIP  at  23007  was  required  to  achieve 
nearly  equilibrium  phase  fractions  of  both  a  and  y. 
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3. 


ST  at  237S°F  (1300°CV20  hr  created  duplex  microstructuies  with  equilibrium  volume 
fractions  oi  a  and  y.  with  the  exceptkm  of  specimens  HlPd  at  1800°F  (980°C). 

4.  Duplex  microstructuies  developed  during  4  hr  HIP  at  2000°F  (1090°C)  and  21S0°F 
(1 17S°Q  coarsened  slowly  during  ST  in  the  a+y  Held.  Grain  reflnement  took  place 
during  ST  for  material  HIFd  at  2300^  (1260°C)  for  4  hr.  This  suggests  that  thermally 
driven  coarsening  dominates  microstnictural  ev^ution  between  20(X}°F  (1090°C)  and 
2300°F  (1260°Q,  but  constitutionally  driven  phase  transformation  competes  with  grain 
growth  at  higher  temperatures. 

5.  The  effects  of  HIP  temperature  on  room  temperature  tensile  prqiieities  were  small  when 
casting  pore  closure  was  achieved  and  HIP  was  followed  by  ST  above  the  HIP 
temperature.  This  conclusion  suggests  titat  lower  tenqierature,  lower  cost  HIP  cycles 
could  be  considered  for  near-t  alloy  castings.  Further  wrork  is  required  to  assure  casting 
pore  closure  in  components  HU'd  at  lower  temperatures  and  pressures. 

6.  Average  ultimate  tensile  strengths  of  68  ksi  (470  MPa)  and  plastic  elongations  of  2% 
were  consistently  achieved  in  material  HIFd  at  and  aboi^  20(XfF  (1090°Q  under  2Sksi 
(170h^)  pressure  for  4  hr  followed  by  ST  at  237ST  (1300°C)  for  20  hr. 
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ABSTRACT 

The  relationships  between  tnicrostructute,  room  temperature  tensile  strength  and  fatigue  Iot 
investment  castings  of  the  high  strength  bett  alloy,  Tl-lSV-SCr-SAl-SSn  (w%)  (ri-15-3),  were 
studied.  Following  hot  isostatic  pressing  (HIP)  to  close  casting-related  porosity,  various  heat 
treating  and  aging  schemes  were  used  to  obtain  high  strength  and  high  duc^ty  cc^tions.  Static 
and  dynamic  mechanical  testing  yielded  tensile  strengths  ranging  nom  160  to  170  ksi  (1 120  to 
1 190  MPa)  and  fatigue  runout  stress  levels  Bom  120  to  140  ksi  (840  to  980  MPa).  In  most 
cases,  fatigue  crack  initiation  was  found  to  be  associated  with  the  presence  of  grain  boundary 
alpha  phase,  with  residual  casting  microporosity  playing  a  lessa  role.  Thin,  continuous,  and 
planar  gr^  boundary  alpha  phase  oriented  at  abrat  45**  to  the  applied  stress  was  responsible  for 
the  majority  of  fatigue  initiation  events.  Grain  boundary  alpha  thickness  appears  to  play  a  role  in 
the  formation  of  tensile  voids.  Material  with  thicker  gr^  boundary  alpha  phase  resulted  in 
tensile  fracture  predominantly  along  pri<»’  beta  grains  and  was  associate  with  Iowa  tensile 
elongation.  The  role  of  grain  boundary  alpha  phase  in  tensile  failure  and  fatigue  crack  initiation 
is  discussed,  as  well  as  possible  methods  for  controlling  its  presence. 


INTRODUCTION 

The  lightweight,  high  strength,  and  corrosion  resistant  nature  of  titanium  and  titanium  alloys  has 
made  it  a  popular  candidate  material  for  various  engineering  qrplications.  Howeva,  the  inherent 
cost  of  titanium  requires  investigation  of  mote  competitive  manufacturing  methods.  Near-net- 
shape  manufacturing  processes,  such  as  investment  casting  and  powda  metallurgy,  were 
intt^uced  to  address  the  cost  issue  and  are  ctunmonly  us^  in  tte  aerospace  coirununity. 
Investment  casting  is  currently  the  most  widely  accepted  and  fastest  growing  titanium  net-shi^ 
manufacturing  process  [1]. 

Although  the  majority  of  current  titanium  investment  castings  have  involved  the  a-f-p  alloy 
Ti-6A1-4V,  significant  work  has  also  been  done  in  the  area  of  wu  titanium  castings  [ij.  Beta 
alloy  castings  have  received  much  attention  doe  to  their  excellent  combination  of  strength, 
ductility  and  toughness.  With  appropriate  processing,  tensile  strengtiis  as  high  as  180  ksi  (1260 
MPa)  with  9%  elongation  and  runout  fatigue  strengths  as  high  as  140  ksi  (980  MPa)  have  been 
obtained  for  various  beu  alloys  [1-3].  This  study  examined  investment  castings  of  the  beu 
alltty,  Ti-lSV-3Cr-3Al-3Sn  (wt%)  (Ti-lS-3)  obtained  from  diHerent  sources.  It  evaluated 
various  post-casting  hot  isostatic  pressing  (HIP)  and  heat  treatment  routes  in  terms  of 
microstructure  and  the  resulting  mechanical  properties.  Special  attention  was  given  to  room 
temperature  tensile  and  fatigue  properties. 


Parts  of  this  work  were  funded  by  Boeing  Commercial  Airplane  Group 
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EXPERIMENTAL  PROCEDURES 

MATERIAL 

The  chemical  conqwsitions  of  some  of  the  H-ISO  castings  used  in  this  study  are  shown  in  Table 
I.  The  castings  came  from  a  number  of  suppliers  and  in  a  wide  array  of  shapes.  Some  of  these 
cast  shapes  included  oversized  blanks  with  0.5”  (12.5  mm)  gage  diameter  x  3”  (75  mm)  length, 
rectangular  test  bars  from  T  x  1"  (25  x  25  mm)  to  1"  x  6"  (25  x  150  mm),  test  plates  from  0. 15 
to  1"  (4  to  25  nun)  in  thickness  and  step  castings  increasing  in  thickness  from  .125"-  .25”-  .5”- 
1 ".  respectively.  More  details  on  this  work  are  available  elsewhere  [4]. 


Table  I:  Compositions  o(  Tl-1SV-3Cr-aAI-3Sn  CasMnos  Used  In  This  Work 


SuDDlier 

Element  (wl  %) 

V 

Cr 

Al 

Sn 

Fe 

o 

N 

H 

C 

Ti 

A 

15.6 

3.0 

3.0 

3.1 

0.11 

0.125 

0.013 

0.003 

0.009 

Bal. 

B 

14.0 

1.8 

3.1 

2.6 

0.10 

0.117 

0.008 

0.013 

NA 

Bal. 

C 

14.3 

2.6 

2.9 

2.6 

0.10 

0.110 

0.011 

0.002 

NA 

Bal. 

0 

14.9 

2.9 

3.2 

2.5 

0.12 

0.108 

0.008 

0.006 

NA 

Bal. 

PROCESSING 

The  various  HIP  and  heat  treatment  schedules  used  are  shown  in  Table  n.  The  beu-transus 
temiMrature  for  Ti-15-3  was  determined  to  be  1400±15°F  (760±8°C)  [5].  Condition  1  and  2 
spedmens  were  provided  by  supplier  A  (Table  1).  Condition  3  specimens  were  provided  by 
suppliers  B.  C.  a^  D. 


Table  II:  HIP  and  Heat  Treatments  Used  forTi-1SV-3Cr-3AI-3Sn  Castings 


Condition 

HlPCvde 

Soiution  Treatment 

Aoino 

1 

16S0°F/1Sk8i/2hr 

(900‘’C/105MPa/2hr) 

ITSO'F/Ihr/GFCa 

(OSS-C/Ihr/GFC) 

975*F/12hr/ACb 

(525*0/12^^0 

2 

1750*F/15ksi/2hr 

(955”C/105MPa/2hr} 

1750'F/1hr/GFCC 

(955’C/lhr/GFC) 

975'F/8hr/AC 

(525'C/8hr/AC) 

3 

1650  or 

1750’F/15ksi/2hr 
(900  or 

955*C/105MPa/2hr) 

-none- 

975»F/12hr 

(525*C/12hr) 

*GFC  -  Gat  Fan  Coaling  1S(rF(85^:)AiMn  »AC-AirCaol5(rF(30*Cymn  ®GFC-36(rF(198^:yrnin 


MECHANICAL  TESTING 

Sproimens  HIP'd  and  heat  treated  acctxding  to  Conditions  1  and  2  (Table  II)  were  taken  from 
cylindrical  casting  blanks  (Table  III)-  They  were  machined  into  a  unified  tensile  and  fatigue 
specimen  geometry  with  a  1.25"  (32  nun)  gage  length.  0.2”  (5  mm)  gage  diameter,  and  0.518” 
(13.2  nun)  x  20  threaded  grip.  Tensile  testing  was  conducted  at  room  temperature  with  a  strain 
rate  of  0.()05  min  '  through  0.2%  yield,  followed  by  a  crosshead  speed  of  0.05  in  (1.3  mm)/min 
to  failure.  Multiple  bars  from  each  condition  were  tested  (Table  m).  Condition  3  tensile 
specimens,  which  were  HIFd  and  direct  aged,  were  machined  from  the  oversized  cast  shapes 
(Table  ID). 

High  cycle  fatigue  (HC^  (axial  load)  testing  was  done  at  room  temperature  in  laboratory  air 
using  a  triangular  loid-time  waveform,  with  nequencies  ranging  from  20-30  Hz.  An  R  ratio  (R 
=  of  0.1  (tension-tension  mode  testing)  was  chosen  to  preserve  fracture  surfaces  for 

fractographic  analysis.  The  smooth  specimens  for  the  limited  fatigue  testing  of  the  direct  aged 
material  (Condition  3)  were  taken  from  0.5”  (13  mm)  diameter  cast  round  bars  provided  by 
supplier  C. 
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RESULTS 


MICROSTRUCTURE 

Rei»esentative  miaosiiuctures  of  Conditioos  1. 2,  and  3  (Table  II)  are  shown  in  Hgs.  la,  b  and 
c.  reqrectively. 

TENSILE  PROPERTIES 

Room  temperature  tensile  and  fatigue  properties  oi  Conditions  1, 2  and  3  are  listed  in  TaUe  ID. 
The  grain  boundary  alpha  (GBa)  thickness  of  the  tensile  specimens  was  measured  only  for 
Conditions  Al,  A2,  and  C3  (0.3"  plate). 

Typical  tensile  fracture  surfaces  for  Conditions  1  and  2  are  shown  in  Fig.  2.  These  are  also 
refmsentative  (tf  (2onditian  3  fincture  surfaces. 


Suppliar 

Good. 

CaMGaomatiy 

UTS 

ksj(MPa) 

.2%YSkal 

(MPa) 

El. 

(%) 

R.A 

(%) 

No.ot 

Taata 

Fadgua 

Ratio* 

Avg.  GBa 
Thicknaaa 
(nm) 

A 

1 

.5’diax3’ 

181  (1265) 

169(1180) 

3.7 

9.3 

3 

0.69 

60t20 

langth  baia 

2 

.rdiaxr 

174(1215) 

159(1110) 

6.6 

15.0 

3 

0.70 

4Qt15 

langth  (tart 

B 

3 

rdia.  bara 

174(1215) 

165(1 155, • 

4.5 

4S 

2 

NA 

C 

3 

ovar  aiza  taat 

181  (1265) 

164(1145 

6.3 

9.7 

3 

0.78 

bara 

3 

.375x1x6*  taat 

182(1270) 

170(1190) 

7.5 

NA 

2 

NA 

bara 

3 

.375x4x6’ 

180(1260) 

167(1170) 

6.3 

12.8 

4 

NA 

Plata 

3 

0.5*  Plata 

170(1190) 

164(1145) 

2.0 

NA 

2 

NA 

200±25 

Stan  caatlno 

D 

3 

.12S*atap 

181  (1266) 

172(1200) 

4.5 

5.8 

2 

NA 

3 

.2S'atap 

176(1230) 

168(1175) 

4.0 

4.9 

2 

NA 

3 

.5'atap 

174(1215) 

167(1166) 

3.0 

3.5 

2 

NA 

3 

ratao 

162(11301 

3.0 

7.0 

2 

NA 

*fatigu«  ratio  -  runout  (atiguo  atrangth/  UTS 
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FIgur*  2:  Tensile  fracture  surfaces  of:  (a)  Condition  i,  (b)  CondWon  2  specimens,  and  (c)  high 
magnification  of  Condttion  1  highlghting  ductile  dimping  along  GBa  fracture  surface. 

FATIGUE  PROPERTIES 

A  comparison  of  the  high  cycle  fatigue  test  data  (S-N  curves)  for  smooth  fatigue  specimens  fn>m 
all  three  HD*  and  heat  treatment  conditions  is  plotted  in  Fig.  3. 

Condition  1  and  2  fatigue  specimens  exhibited  two  types  of  fatigue  crack  initiation  sites. 
Exainp]6saftbegrainboundarydpha  and  micropore  relued  initiation  sites  are  shown  in  Fig.  4. 


□  Condton  1 
O  Coftfilcn2 


130  •  o _ 

RT 

R^1 
2030  Kt 


Number  of  Cycits  to  FaDurt 

Figure  3;  Comparison  of  high  cycle  fatigue  data  tor  all  three  HIPiheat  treatment  conditions. 


DISCUSSION 

MICROSTRUCTURE 

While  t^  room  temperature  tensile  and  high  cycle  fatigue  test  results  indicate  that  the  mechanical 
properties  of  Ti-15-3  castings  were  influenced  by  changes  in  the  HD*  parameters  and  the 
subs^uent  heat  treatments,  the  optical  microstructures  for  ^  three  conditions  (Ing.  1)  were  not 
significantly  diDerent.  Each  condition  resulted  in  miciostructures  exhibiting  fine  alpha 
precipitates  in  a  reciystallized  beta  matrix.  A  small  difference  in  the  amount  of  alpha  inecipitate 
between  the  solution  treated  Conditions  1  and  2  was  noticeable,  with  Condition  1  having  more. 
This  was  due  to  the  longer  aging  time  of  12  hours  for  Condition  1  versus  8  hours  for  Condition 
2. 


1,514 


FIgura  4;  Fatigue  crack  initiation  sites  (or  Condtions  1  and  2;  (a)  grain  boundary  alpha  at  45°  to  tensile 
direction,  and  (b)  micropore  on  a  plane  oriented  90°  to  tensile  direction. 

One  of  the  most  prominent  features  of  the  microstructure  was  the  continuous  GBa  phase  on  the 
prior  beta  grain  toundaries.  GBa  is  common  in  beta  solution  treated,  solute  rich,  teta  titanium 
alloys  such  as  the  Ti-15-3  alloy  used  in  this  study  [1 -3,6,7].  The  f^cmnation  of  GBa  occurs 
during  cooling  through  the  ou-p  phase  field.  Condition  2  exhibited  somewhat  thinner  GBa  phase 
than  that  found  in  Condition  1  (40  vs  60  nm.  Table  III)  due  to  dinierences  in  the  cooling  rates. 
The  faster  cooling  rate  for  Condition  2, 350®F(195'’^min,  as  opposed  to  150“F(85®C)/min  for 
Condition  1,  was  employed  in  an  attempt  to  minimize  the  thicluiess  of  the  GBa.  Ideally,  this 
should  lead  to  improved  mechanical  properties,  such  as  tensile  elongation  and  fatigue  strengths. 
In  Condition  3,  the  HIP  cycle  acted  as  a  solution  treatment  with  a  very  slow  cooling  rate,  le^ng 
to  formation  of  the  thickest  GBa  observed  in  this  study  (200  nm.  Table  III).  The 
975‘’F(S2S'’C)/12hr  direct  aging  of  Condition  3  following  HIP,  resulted  in  a  microstructure 
similar  to  Condition  1,  which  was  also  aged  fw  12  hours  at  975®F(525®C)  following  solution 
treatment 

TENSILE  PROPERTIES 

Although  the  differences  in  the  microstructures  of  each  condition  were  subtle,  their  effect  on 
mechanical  properties  was  readily  apparent  While  both  Conditions  1  and  2  were  beta  solution- 
treated,  the  longer  aging  times  for  Condition  1  (which  led  to  a  larger  amount  of  a-phase 
precipitation)  resulted  in  higher  yield  and  tensile  strengths  when  compared  with  Condition  2 
(Table  HI).  The  shon  o/p  interfaces  formed  upon  precipitation  of  the  alpha  in  the  beta  structure 
acted  as  effective  obsucles  to  dislocation  motion  and  crack  propagation  and  strengthened  the 
material  accordingly  [3].  It  was  also  interesting  to  note  the  differences  in  the  tensile  properties 
obtained  using  the  direct  age  (Condition  3).  In  general,  the  specimens  with  the  thicker  cross 
sections  exhibited  lower  ductility.  This  was  most  notable  in  the  step  castings  where  the  section 
thickness  varied  from  0.125  to  1"  (3  to  25  mm)  (Table  HI).  The  lower  ductility  was  attributed  to 
the  slower  cooling  rates  encountered  with  thick  cross  sections  and  the  subsequent  formation  of 
large  beta  grains  thicker  GBa  [2]. 

In  an  attempt  to  correlate  the  loss  of  tensile  elongation  to  the  existence  of  thicker  GBa,  the 
thickness  of  this  phase  was  measured  in  three  microstructural  conditions  (Table  III).  These 
selected  conditions  represented  very  low,  intermediate,  and  high  tensile  elongations  [C3  (0.5" 
plate),  A1  and  A2,  respectively].  The  RT  tensile  elongation  was  plotted  against  the  GBa 
thickness  in  Fig.  5.  It  should  be  noted  that  this  study  was  based  on  limited  data  and  therefore 
may  only  provide  a  general  guideline. 

As  would  be  exf^ted,  the  higher  strength  of  Condition  1  was  associated  with  a  corresponding 
drop  in  ductility  in  spite  of  the  very  dimpled  nature  of  the  fnK;ture  surface  (Fig.  2c).  The  drop  in 
ductility  was  related  to  the  strength  differences  between  the  high  strength  a+p  structure  material 
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and  the  relatively  soft  GBa  regions.  The  presence  of  flat  and  continuous  GBa  lead  to  long, 
relatively  soft  zones  which  preferentially  deformed  and  eventually  fractured  intergranularly 
during  straining  (Fig.  2)[2,3].  This  resulted  in  large  localized  plastic  strains  which  were 
distributed  over  the  relatively  small  volume  of  the  GBa  material  [3]  (Fig.  2c).  Due  to  the  planar 
nature  of  the  GBa-phase  and  the  corresponding  long  slip  paths  found  in  the  ^-solution  treated 
and  aged  (p-STA)  material,  high  stress  concentrations  and  local  strains  were  developed  at  the 
grain  boundary  triple  points.  The  inherent  strength  of  the  finely  precipiuted  a-t-p  structure 
enhanced  the  strain  localization  in  the  relatively  sr^t  GBa  In  these  triple  point  regions,  fracture 
occurred  at  low  macroscopic  strains  even  though  high  local  strains  were  accommodated  at  the 
GBa  as  evidenced  by  the  highly  dimpled  facets  (Fig.  2c)  [3] . 


0  so  too  ISO  200  2S0 

GBa  Thickness,  (nm) 

Figure  S;  Influence  of  GBa  thickness  on  room  temperature  elongation. 

A  number  of  factors  have  been  identified  to  reduce  tensile  crack  nucleadon  and  gain  ductility  in  ^ 
STA  beta  alloys .  These  include  minintizing  the  thickness  and  length  of  the  relatively  soft  GBa 
zones  and  reducing  the  strength  differences  between  the  GBa  material  and  the  a-f-p  structure. 
Both  issues  were  addressed  by  the  changes  made  in  the  heat  treatments  from  (fondition  1  to 
Condition  2.  Condition  2  material  w^s  cooled  at  a  faster  rate  to  reduce  the  thickness  of  the  GBa 
material.  Also,  the  shorter  aging  times  used  in  Condition  2  resulted  in  a  lower  strength  a-i-p 
structure  by  reducing  the  amount  of  fine  alpha  phase  precipitation.  Therefore,  lower  strength 
differences  between  the  GBa  and  the  a+p  structure  resulted  in  higher  tensile  elongation. 

The  relatively  small  reduction  in  tensile  strength  from  Condition  1  to  2  was  associated  with  a 
twofold  increase  in  elongation  (Table  ID).  It  was  also  associated  with  a  change  in  fracture  mode 
from  dimpled  intergranular  fracture  (Condition  1,  Fig.2a)  to  predominantly  dimpled 
transgraiuilar  fracture  (Condition  2,  Fig.  2b).  The  high  strength  of  Condition  1  Iodized  the 
deformation  in  the  relatively  soft  GBa  leading  to  a  highly  ductile  but  localized  fracture  zone 
along  the  prior  beta  grsuns  at  the  GBa  phase.  On  the  other  hand,  the  lower  strength  (condition  2 
resulted  in  more  plasticity  in  the  a-fp  matrix  structure,  leading  to  more  macrodeformation 
throughout  the  sample  and  hence  the  higher  tensile  elongation. 

It  is  also  i^ible  to  correlate  the  room  temperature  elongation  to  the  GBa  thickness  since  a  thick 
GBa  will  increase  the  strain  localization  into  the  lower  strength  zone.  As  can  be  seen  from  T^le 
in,  the  lowest  elongation  (Condition  3-  0.S"  plate)  was  associated  with  a  200  nm  average  GBa 
thickness,  while  the  highest  elongation  (Condition  2)  displayed  only  a  40  nm  average  thickness 
as  illustrated  in  Fig.  S.  Similar  findings  have  been  repotted  for  a-^P  dloys  where  tensile  voids  in 
the  GBa  zone  were  shown  to  grow  at  faster  rates  as  GBa  thickness  increased  [8]. 

FATIGUE  PROPERTIES 

Condition  2  displayed  slightly  better  fatigue  ratio  (Table  III)  than  Condition  1.  In  both 
conditions  the  fatigue  cracks  initiated  internally  in  most  of  the  specimens  tested  (Fig.  4).  This 
was  unusual  since  fatigue  crack  initiation  is  typi^ly  a  surface-related  phenomena. 

The  most  common  initiation  site  in  both  conditions  was  along  the  GBa  phase.  A  feature 
c(»nmon  to  the  GBa-initiated  cracks  was  long,  planar  and  continuous  GBa  inclined  about  45°  to 
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the  tensik  direction  (Fig.  4aX  coinciding  with  the  of  maximum  shear  stress.  Initiation  sites 
with  similar  characteristics  have  been  rep«ted  forTi-6Al-4V  [9]  and  for  the  beta  alloy,  Ti-8Mo- 
8V-2Fe-3Al  [10]. 

Thick,  planar  regions  of  GBa  oriented  near  45°  to  the  direction  of  applied  stress  nearly  always 
accounted  for  loss  of  fatigue  life  in  Tt-6A1-4V  [9],  which  agrees  with  the  results  of  this  wc^. 
While  Condition  2  samples  had  lower  UT^  than  Condition  1  sanoples  [174  (1215)  vs  181  ksi 
(1265MPa)],  the  fatigue  ratio  (S^^oins)  was  higher  for  Condition  2  than  Condition  1.  The 
higher  fatigue  ratio  ii^cated  a  lower  propensity  to  nucleate  cracks  at  GBa  due  to  the  relatively 
lower  matrix  strength.  This  may  also  be  the  result  of  the  thinner  GBa  in  Condition  2  versus 
the  thicker  GBa  in  Cot^tion  1. 

About  15%  of  initiation  sites  were  associated  with  residual  casting  micropores.  The  fact  that 
nucropnes  were  not  readily  evident  in  any  of  the  tensile  specimens  examined  is  an  indication  that 
there  were  probably  only  very  few  present  due  to  HIP.  Further,  most  of  these  pores  were  10  to 
15  pm  in  diameter  (Fig.  4b).  The  microporosity  responsible  for  fatigue  crack  initiation  was 
always  found  on  GBa  fracture  facets.  This  fact  links  pore  initiation  to  GBa  initiation. 
Micropore-initiated  fatigue  cracks  do  not  necessarily  start  at  GBa  oriented  45°  to  the  stress 
direction  since  the  pore  stress  risers  were  sufricient  to  initiate  cracks  at  other  orientations.  It  was 
very  intriguing  that  all  samples  associated  with  micropore  initiation  exhibited  above  average 
fatigue  lives.  It  is  possible  that  the  samples  exhibiting  micropore-initiated  failure  had 
correspondingly  thin  or  non-planar  regions  of  GBo,  so  that  initiation  shifted  to  the  next  weakest 
link:  the  areas  of  stress  concentration  surrounding  the  miciopores. 

The  fatigue  ratios  for  all  conditions.  Condition  1-  S  =  0.69,  Condition  2-  S  =  0.70,  and 
Condition  3  -S  -  0.78  (Table  IB)  are  similar  to  those  found  in  another  beta  alloy.  Beta  C,  and  are 
generally  superior  to  cast-t-HIP  Ti-6A1-4V.  "n-tiAMV  typically  range  from  0.65  to  0.71  [1]. 

The  high  strength  and  fati^e  properties,  in  addition  to  the  low  densities,  of  the  beta  titanium 
alloys  make  them  an  attractive  option  to  replace  precipitation-hardened  steel  castings  such  as  17-7 
PH.  However,  additional  work  is  needed  to  r^uce  property  scatter,  particularly  low  fatigue 
lives  and  low  tensile  elongation.  Controlling  the  formation  of  GBa  phase  will  be  required  to 
meet  these  challenges  and  increase  the  aerospace  applications  of  the  p  alloys. 


SUMMARY  AND  CONCLUSIONS 

Investment  castings  of  the  high  strength  beta  titanium  alloy,  Ti-15V-3Cr-3Al-3Sn  (Ti-lS-3), 
were  studied  to  determine  the  tensile  and  fatigue  behavior  and  the  mechanisms  leading  to  tensile 
and  fatigue  crack  initiation.  Three  conditions  were  examined  by  applying  different  hot  isostatic 
pressing  (HB*),  solution  treating  and  aging  parameters. 

1.  The  three  process  conditions  provided  relatively  high  ultimate  strengths  in  the  range  of  160 
(1 120)  to  180  ksi  (1260  MPa). 

2.  The  lower  strength  Condition  2  material  showed  an  almost  twofold  increase  in  tensile 
elongation  over  Condition  1  material.  The  tensile  fracture  surface  of  the  Condition  1  showed  a 
highly  faceted,  ductile,  intergranular  mode  of  failure  while  the  Condition  2  fracture  surface  was 
somewhat  faceted  and  exhibited  a  higher  percentage  of  transgranular  fracture. 

3.  The  large  strength  mismatch  between  the  finely  precipitated  a-i-p  structtue  and  the  grain 
boundary  alpha  (GBa)  phase  in  Condition  1  result^  in  localized  ductile  intergranular  tensile 
fracture  surfaces  yet  with  low  macrodeformation.  The  smaller  strength  mismatch  in  Condition  2 
allowed  for  more  transgranular  deformation  atxi  therefore  higher  elongation. 

4.  Limited  data  correlated  the  tensile  elongation  to  the  GBa  thickness.  Condition  3  with  the 
thickest  GBa  phase  displayed  the  lowest  elongation  while  Condition  2  with  the  thinnest  GBa 
phase  had  the  highest  tensile  elongation. 

5.  Fatigue  cracks  initiated  at  GBa  phase  for  Conditions  1  and  2  and  was  sometimes  associated 
with  occasional  residual  casting  microporosity. 
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6.  GBa  fatigue  crack  initiation  was  due  to  the  presence  of  a  thin,  continuous,  planar  GBa  phase 
oriented  at  about  43°  to  the  direction  of  the  applied  stresses.  GBa  initiation  rn^ted  in  premature 
fatigue  failure  for  each  condition. 

7.  Fatigue  cracks  that  initiated  at  micropores  were  observed  only  in  specimens  exhibiting 
longer  than  average  fatigue  lives.  These  were  always  associated  with  GBa  regions  nonnal  to 
the  tensile  direction. 

8.  The  combination  of  high  tensile  strength,  fatigue  strength,  and  low  density  will  make  castings 
of  the  beta  titanium  alloy,  Ti-lS-3,  strong  candidates  for  replacing  castings  of  precipitation- 
hardened  steels  (PH)  in  demanding  aerospace  and  industrial  applications. 
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Abstract 

The  investment  casting  process  of  titanium  and  titanium  alloys,  usually  generates  a  significant 
pollution  of  the  superficial  layers  by  mould/metal  reaction.  After  an  outline  of  the  physical  and 
chemical  properties  which  bring  about  this  contamination,  we  show  the  detrimental  effects  of 
Alumina,  Zirconia  and  Magnesia  on  Calcia  ceramics.  An  original  dip  slurry  composed  of  pure 
Calcia,  enables  us  to  produce  ceramic  moulds  through  the  lost  wax  casting  process.  An 
experimental  melting  device,  simulating  the  casting  conditions  of  titanium  is  described.  The 
reaction  zone  of  the  specimens  is  studied  by  metallography,  microhardness  and  EPMA.  The  '  a- 
case*  is  never  observed,  even  at  high  temperature. 


Introduction 

Following  the  lost  wax  process,  the  precision  casting  of  titanium  alloys, 
invariably  engenders  superficial  contamination.  Titanium's  high  affinity  for  light 
atoms  such  as  B,C,N,0...,  which  are  the  basic  compounds  of  the  ceramics,  is 
the  starting-point  of  mould/metal  reaction.  The  migration  of  these  atoms,  which 
are  located  in  the  interstitial  sites  of  the  metal,  modifies  the  microstructure  and 
the  properties  of  the  outer  layers  of  the  metal,  and  gives  rise  in  particular  to  an 
increase  of  its  hardness. 

The  reaction  of  the  mould  materials  with  titanium  has  been  widely  studied. 
The  published  results  are  as  follows  : 

•  Silica  reacts  strongly  with  the  metal  even  in  a  cold  mould  process.  Authors 
have  noticed  rutile  formation  at  the  mould/metal  interface  [1). 

•  Magnesia,  Alumina,  Zircon  and  Zirconia  strongly  contaminate  the  titanium. 
An  "a-case"  layer  grows  quickly  with  an  increase  in  oxygen  concentration. 
Suboxide  can  be  observed  when  the  holding  time  is  long  enough  [2,3,4]. 

•  Rare  earth  oxide  studies  give  prominence  to  the  thermochemical  inertia  of 
the  yttrium  oxide  facing  Titanium  [5].  However  its  manufacture  on  an  industrial 
scale  is  restricted  by  its  prohibitive  cost. 
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•  The  reaction  of  the  Calcium  Oxide  is  limited,  but  its  inertia  decreases  with 
an  increase  of  the  content  of  Si02  and  Fe203  contents  appearing  in  industrial 
Calcia  [6]. 

Some  authors  highlight  the  ceramic  contamination  by  the  binders  employed 
in  precision  casting,  which  modify  the  chemical  composition  of  the  ceramic 
layers.  In  particular,  Ethyl  Silicate  and  Colloidal  Silica,  increase  the  silica  content, 
whose  high  reactivity  with  molten  titanium  causes  irreversible  damage  by  hot 
mould  process. 

The  ceramic  properties  giving  rise  to  the  mould/metal  reaction  must  be  as 
follow  : 

•  The  formation  free  enthalpy  of  the  ceramic  oxide  has  to  be  as  low  as 
possible. 

•  The  solubility  of  the  ceramic  basic  metal,  in  titanium,  has  to  be  as  low  as 
possible. 

•  The  melting  point  of  the  ceramic  has  to  be  higher  than  the  temperature  of 
the  superheated  titanium  before  casting. 

Calcia  would  seem  to  be  a  very  promising  material  for  the  inner  wall  of  the 
moulds  in  view  of  its  inertia  facing  titanium.  However,  the  high  hydration  ratio 
and  the  poor  sintering  capability  of  the  Calcia  force  study  of  the  properties  of  the 
Calcia  ceramics  with  different  contents  of  Alumina,  Zirconia  and  Magnesia. 


The  reactivity  of  Molten  Titanium 

Through  a  qualitative  study  of  the  reactivity  of  the  molten  titanium  has  been 
conducted,  keeping  a  molten  metal  sample  for  one  minute  into  contact  with 
various  cold  ceramics.  These  compounds  belong  to  the  binary  systems: 
Alumina/Calcia,  Calcia/Zirconia  and  Calcia/Magnesia.  The  results  are  as  follows  : 

Molten  titanium  reacts  strongly  with  Zirconed  and  Alumined  Calcia.  These 
results  are  in  complete  accord  with  published  studies  on  thermodynamic 
equilibrium  [4,61.  The  formation  free  enthalpy  of  the  Zirconia  and  Alumina  oxides 
is  below  that  of  Ti02  but  is  fairly  close  to  that  of  TiO.  It  is  important  to  report 
that  the  migration  of  the  oxygen  located  in  the  interstitial  sites  and  the  migration 
of  the  metal  located  in  the  substitutional  sites  is  issuing  from  the  reduction  of 
the  ceramic  oxide,  giving  rise  to  a  transformation  of  the  properties  and  of  the 
microstructure  of  the  titanium.  (The  dissolution  of  zirconium  and  aluminium  in 
titanium  has  been  shown  by  EPMA).  Furthermore,  some  molten  phases  of  the 
Alumina/Calcia  diagram  appear  below  the  temperature  of  the  superheated 
titanium  before  casting,  which  can  destroy  the  mould. 

The  formation  free  enthalpy  of  the  Caicia/Magnesia  phases  are  below  those 
of  titanium  suboxides.  Furthermore  the  solubility  of  calcium  and  magnesium  is 
quite  low,  as  we  are  unable  to  detect  these  atoms  by  EPMA.  These  properties 
seem  to  be  the  starting-point  of  the  slow  kinetics  of  the  reaction  of  the  ceramics 
facing  molten  titanium. 
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Calcias  applied  to  the  inner  wall  of  the  casting  moulds  have  to  be  free  from 
Zirconia  and  Alumina,  for  the  reactivity  of  these  compounds  with  titanium  is 
much  too  high.  Since  the  sintering  properties  of  the  ceramics  and  the  hydration 
ratio  are  not  improved  with  Magnesia.  An  original  dip  slurry  of  pure  Calcia  was 
developed  which  allows  for  the  production  of  ceramic  moulds  through  the  lost 
wax  process. 


The  production  o'  the  ceramic  crucibles  from  a  mother  sample  made  of  wax 
(015mm,  h25mm)  is  as  follows  : 

*  Soaking  in  the  dip  slurry  (the  slurry  is  composed  of  a  liquid  of  special 
composition,  a  binder  and  an  electrofused  Calcia  (size  :  200  mesh]), 

*  Stuccoing  (the  size  of  the  Calcia  sand  is  200-500  fjm  for  the  first  coat, 
and  500-1000  pm  for  the  others). 

*  Drying/setting  (the  setting  time  is  nearly  2  hours  for  the  first  and  second 
layer  and  overnight  for  the  third). 


Figure  1  :  Calcia  crucibles 

•  Flash  dewaxing  in  a  vertical  furnace  heated  at  ICOO^C,  follows  the 
building  of  the  shell.  A  presintering  of  the  calcia  ceramic  is  employed  during  this 
sequence.  The  crucible  is  then  sintered  in  a  muffle  furnace,  for  2  hours  at 
1450“C.  Figure  1  shows  some  crucibles  produced  by  the  process  detailed 
above. 

The  melting  device  drawn  in  Figure  2  can  simulate  a  titanium  casting  test  in 
the  laboratory  and  check  certain  experimental  conditions.  The  operating 
processes  are  as  follows  : 


•  Degassing  of  the  ceramic  in  primary  vacuum  at  high  temperature. 

•  Cleaning  the  chamber  with  purified  Argon. 

•  Ceramic  preheating  (1200°  C). 

•  Titanium  superheating  (1700-1800°C)  crucible  pouring  (  =  3g  Ti). 

•  Isothermal  holding  at  high  temperature  (1 200-1400“C,  10  minutes). 

•  Free  cooling  (15  minutes). 
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Figure  2  :  Melting  device  for  titanium  samples 

After  reaction,  titanium  samples  are  cut  perpendicularly  to  the  reaction  layer, 
with  a  diamond  saw,  and  embedded  into  a  thermosetting  resin.  They  are  then 
polished  with  SiC  abrasive  paper  (240-2400  mesh),  diamond  paste  (0,5  pm)  and 
finally  OPS  (Struers).  The  metadographical  observation  is  conducted  on  a  PME 
OLYMPUS  Microscope,  a  microhardness  profile  is  taken,  under  8g  applied  load 
for  20  seconds.  The  Ca,  0,  Ti  concentrations  are  recorded  by  EPMA, 
(CAMEBAX  Sx50). 


Figure  3  :  Thermal  exposure  curves 
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Three  different  tests  have  been  conducted.  Figure  3  draws  the  thermal 
exposure  curves  of  the  samples,  recorded  with  a  Pt/Pt.Rh.10%  thermocouple. 
This  process  is  comprised  of  the  crucible  preheating,  titanium  casting,  isothermal 
holding  for  10  minutes  at  1200,  1300  and  1400°C  and  overall  cooling. 

Results 

Three  different  grades  of  electrofused  Calcia,  whose  chemical  composition  is 
shown  in  Table  I,  has  been  studied.  The  building  process  of  the  ceramic  shell 
does  not  modify  this  composition. 


Oxides 

Concentration  in  wt% 

CaO 

98  min. 

99  min. 

99.4  min. 

MgO 

0.5  to  2 

0.6 

0.4 

Si02 

1 

0.2 

0.08 

AI2O3 

0.3 

0.05 

0.04 

Fe203 

0.25 

0.05 

0.04 

Table  I  •  Composition  of  industrial  electrofused  Calcias 


The  cast  titanium  samples  have  the  same  metallographical  structure  (Figure 
4).  titanium,  alloyed  with  a  low  oxygen  content,  has  a  poor  polarising  power, 
without  chemical  attack.  Nevertheless,  the  acicular  structure  of  the  mould/metal 
interfacial  zone  of  titanium  was  observed,  which  is  quite  different  from  the 
structure  of  the  internal  zone.  This  probably  results  from  the  action  of  the 
oxygen  on  the  formation  and  growth  of  the  Widmanstatten  needles,  caused  by 
the  P->a  transformation  during  the  cooling  of  the  metal.  However  the  difference 
between  the  concentrations  of  oxygen  located  in  the  internal  zone  and  the 
external  zone  remains  difficult  to  quantify.  The  depth  of  penetration  of  the 
needles,  which  have  a  narrow  basis,  can  extend  to  almost  1  mm.  The 
metallographical  observation  of  the  titanium  cast  in  a  Calcia  crucible  results  in  no 
distinction  either  of  the  different  cooling  treatments  or  of  the  different  grades  of 
the  electrofused  Calcia  used  in  the  crucibles. 


Figure  5  :  Microhardness  profile  of  cast  titanium 

Microhardness  of  titanium  is  strongly  influenced  by  oxygen  in  solid  solution. 
It  is  immediately  clear  (Figure  5)  that  the  variation  in  hardness  is  much  too  low 
to  be  able  to  quantify  the  metal  reaction  with  oxygen.  The  average  of  hardness 
data  is  215Hv  for  the  initial  metal  and  250  Hv  in  the  external  layer  after  reaction. 
These  results  correspond  well  with  the  metallographical  observations  and 
confirm  a  fairly  low  reaction  of  titanium  with  oxygen. 

The  concentration  of  Ca,  0,  Ti  by  EPMA  were  recorded.  The  data  on  oxygen 
contents  are  not  accurate  due  to  : 

•  An  apparent  increase  in  oxygen  concentration  when  the  polishing  of  the 
titanium  samples  was  carried  out  by  oxides  (AI2O3,  OPS).  The  level  of  this 
increase  fluctuates  according  to  the  location  on  the  samples,  and  remains 
difficult  to  estimate. 
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•  The  natural  oxidation  of  titanium,  in  the  air,  provides  a  small  layer  of  oxide 

0 

equivaient  to  a  layer  of  Ti02  which  is  about  60  to  80A  wide.  This  property  of 
titanium  increases  the  oxygen  concentration  to  about  1  at  %. 

•  The  precision  of  oxygen  determination  is  iimited  to  1500  ppm  even  on 
standards. 

Thus  anaiysis  show  relative  variations  in  concentration.  However  a  high  level 
of  background  noise  prevents  any  conclusions  being  made  because  of  the  low 
variation  of  the  oxygen  content  in  titanium,  even  near  the  surface,  after  reaction 
with  the  Caicia  crucibles. 

The  diffusion  of  calcium  in  titanium  is  very  limited.  Its  concentration  is  beiow 
0.1  at  %,  which  is  the  minimum  amount  measurabie  by  EPMA,  even  a  few 
microns  from  the  surface. 


This  simuiation  of  casting  titanium  into  pure  Caicia  crucibies  shows  that  the 
oxidation  of  soiid  titanium,  facing  pure  Calcium  oxide,  is  restricted,  even  at  high 
temperature  (1400“C).  It  seems  useful,  therefore,  to  study  the  reaction  between 
moiten  titanium  and  hot  Caicia  crucibies.  Thus,  in  the  meiting  device,  a  sample 
of  titanium  (5g)  was  placed  inside  a  crucible  and  heated  them  together  up  to 
1700°C.  No  reaction  due  to  temperature  increase  was  observed  until  IGGO^C. 
Above  this  temperature,  an  important  release  of  vapor  was  noted,  with  a 
bubbling  of  the  metal  in  the  crucible.  The  failure  of  the  Pr/Pt.Rh.10%  couple  at 
the  melting  point  of  the  titanium  prevented  a  precise  recording  of  the 
temperature  of  molten  titanium. 

Molten  titanium  reduces  calcium  oxides,  then  oxygen  diffuses  into  the  liquid 
metal,  thus  increasing  the  hardness  of  the  metal  after  cooling.  Holding  times  of 
1,2  and  3  minutes  in  the  moiten  state  have  shown  an  increase  of  about  50  Hv 
for  each  additional  minute  of  holding  time. 

The  solubility  of  calcium  in  molten  titanium  being  low,  these  atoms  are  in 
free  state  at  temperatures  above  their  boiling  point  (  =  1440°C).  This  explains 
why  the  sample  releases  vapor  which  crystallises  on  the  inner  wall  of  the 
chamber.  Calcium  hydroxide  has  been  identified  by  X-Ray  analysis  of  chamber 
deposits.  The  reaction  between  calcium  and  moistured  air  is  well  known,  and  its 
end  product  is  calcium  hydroxide. 

It  is  important  to  note  that  while  titanium  is  in  a  molten  state  and  flows  with 
a  convectional  movement,  the  kinetics  of  crucible  reactions  is  no  longer  limited 
by  diffusional  reactions.  Unlike  the  oxidation  of  titanium  in  the  solid  state,  the 
crucible  reaction  is  almost  entirely  interfacial,  with  a  rapid  elimination  of  the 
reacting  products  ;  oxygen  by  dissolution  into  the  molten  titanium  and  calcium 
by  vaporisation. 


(1)  Contamination  of  titanium  by  oxygen  cast  in  Calcia  crucibles  can  not  be 
quantified  by  traditional  methods  of  investigation  such  as  metallography, 
microhardness  and  EPMA  examination. 

(2)  This  study  enabled  differentiation  of  neither  the  different  cooling 
treatments  nor  the  different  grades  of  the  electrofused  Calcia,  because  the 
increase  in  the  oxygen  content  of  the  metal  was  much  too  low,  even  at  high 
temperature. 

(3)  The  lack  of  reaction  of  pure  Calcia  facing  titanium  is  derived  from  the  low 
value  of  the  formation  free  enthalpy  of  the  Calcia,  and  from  the  low  solubility  of 
the  calcium  in  both  liquid  and  solid  titanium. 

(4)  Molten  titanium  reacts  strongly  with  hot  Calcia  crucibles  when  the 
holding  time  is  long  enough.  The  boiling  point  of  calcium  (1440“C)  seems  to  be 
a  detrimental  to  use  of  Calcia  for  titanium-melting  crucibles. 
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Abstract 

The  superplastic  behaviour  during  uniaxial  tensile  deformation  of  microduplex  IMI  SSO  sheet 
materi^  has  been  examined  as  a  function  of  strain,  strain  rate  and  deformation  temperature 
in  the  range  810-940PC.  Changes  in  the  strain  rate  sensitivity  of  flow  stress,  m,  as  a  function 
of  strain,  strain  rate  and  temperature  have  been  relat^  to  microstructural  changes. 
Elongation  to  failure  tests  showed  that  microdupiex  IMI  550  has  an  excellent  potential  for  SPF 
with  tensile  elongations  >  1500%  being  obtained  at  the  optimum  deformation  temperature 
of  900°C,  when  the  microstructure  contained  approximately  equal  proportions  of  the  a  and 
0  phases.  Above  900°C,  tensile  elongations  decreased  and  strain  hardening  increased  due  to 
rapid  grain  growth. 


Introduction 

It  is  well  established  that  microdupiex  Ti-6%A1-4%V  can  exhibit  excellent  superplastic 
formability  at  temperatures  in  the  range  850-940°C.(l-5).  However,  there  is  a  continuing 
requirement  for  higher  strength  superplastic  titanium  alloys  and  this  has  led  to  an  interest  in 
a  number  of  alternative  materials  including  the  heat  treatable  alloy,  Ti-4%Al-4%Mo-2%Sn- 
0.5%Si  (IMI  550)(6).  This  alloy  has  been  shown  to  exhibit  creep  and  elevated  temperature 
tensile  properties  superior  to  those  of  Ti-6%A1-4%V(7).  Publish^  work  on  SPF  of  IMI  550 
is  relatively  limited  although  McDarmaid(8)  and  Hammond  et  al(9)  have  reported  substantial 
tensile  elongations  for  hot  rolled  bar  material. 

The  alloy  has  also  been  produced  in  the  form  of  sheet  with  a  microdupiex  structure  and  good 
superplastic  formability  has  been  reported  for  a  limited  range  of  conditions  during  equibiaxial 
bulging(lO).  It  has  also  been  shown  that  any  loss  of  tensile  properties  during  SPF  can  be 
restored  by  heat  treatment(10,l  1).  In  the  present  work  the  SP  behaviour  of  the  sheet  material 
in  uniaxial  tension  has  been  examined  as  a  function  of  strain,  strain  rate  and  deformation 
temperature,  and  the  microstructural  stability  has  also  been  investigated.  Comparisons  are 
made  with  properties/behaviour  reported  for  Ti-6A1-4V. 
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Experimental 


The  titanium  alloy  was  supplied  in  the  form  of  cross-rolled  2. 1  mm  thick  sheet  which  had 
been  manufactured  by  IMI  Titanium  under  contract  from  the  Royal  Aircraft  Establishment, 
Famborough.  The  sheet  had  a  predominantly  basal  texture  and  showed  tensile  properties  in 
the  plane  of  the  sheet  which  were  reasonably  isotropic  (10).  The  wt%  composition  obtained 
by  chemical  analysis  was:  A1  -  4.10,  Mo  -  3.74,  Sn  -  1.96,  Si  -  0.35,  C  -  0.04,  Fe  -  0.025, 
O  -  0.0019,  Ti  -  bal. 


Tensile  specimens  with  a  10  mm  gauge  length  and  5  mm  gauge  width  were  machined  from 
the  sheet.  E>eformation  was  carried  out  in  an  argon  atmosphere  in  a  three-zone  split  furnace 
attached  to  an  Instron  tensile  testing  machine,  interfaced  with  a  computer.  Metallographic 
observations  were  made  on  specimens  etched  in  Krolls  reagent  (1%  vol.  HF,  12%  vol.  HNO3 
aqueous  solution).  Mean  linear  intercepts  were  measured  for  as-received,  heat  treated  and 
superplastically  deformed  specimens  in  the  longitudinal  (dy^),  long  transverse  (dg)  and  short 
transverse  (d^-)  directions.  The  mean  grain  size,  d|^,  was  the  average  of  these  three 
measurements.  For  the  as-received  sheet,  d|^  =  2. 1  nm.  Point  counting  was  used  to 
measure  the  phase  proportions  of  samples  water  quenched  from  various  holding  temperatures. 
The  effect  of  temperature  on  /5-phase  is  shown  in  Table  I. 

TABLE  I:  Variation  of  0-phase  proportion  with  temperature  for  IMI  550 


Temperature  »C  810  840  870  900  930 


Fimre  1:  Loearithmic  nlots  of  stress  versus  strain  rate  for  IMI  550 


LOG  STRAM  RATE  (rH) 

Figure  2:  Variation  of  (a)  strain  rate  sensitivity  and  (b)  elongation  to  failure,  with  strain 

rate  and  temperature 


Figure  1  shows  the  log  stress-log  strain  rate  curves  for  the  as-received  IMI  550  sheet 
deformed  in  the  range  810-930°C  and  these  exhibit  many  of  the  characteristics  typical  of 
superplastic  materials.  A  sigmoidal  relationship  exists  between  stress  and  strain  rate  and  there 
is  a  clearly  defined  linear  region  at  intermediate  strain  rates  (Region  II)  where  optimum 
superplastic  behaviour  is  normally  observed.  As  the  deformation  temperature  is  raised,  the 
flow  stress  decreases  at  all  strain  rates  and  the  maximum  slope  of  the  curve,  m,  increases 
from  0.47  at  810°C  to  0.62  at  930°C  (Fig.  2).  The  curves  in  Fig.  2  show  a  broad  relatively 
flat  top  end  and  the  strain  rate  of  maximum  ’m'  moves  to  higher  strain  rates  as  the 
temperature  is  increased.  Each  curve  in  Figure  1  is  the  mean  of  two  curves  obtained  from 
increasing  and  decreasing  strain  rate  cycles. 

At  each  temperature  in  the  range  810-870'’C,  the  stress-strain  rate  curves3  for  both  cycles 
almost  superimpose  on  each  other,  and  m  values  are  therefore  virtually  identical.  However, 
at  temperatures  of  900‘’C  and  930°C,  the  increasing  strain  rate  cycle  gives  clearly  higher  m 
values  than  the  decreasing  cycle  due  to  the  increased  extent  of  grain  growth  during  testing. 
This  is  supported  by  grain  size  measurements  which  show  that  enhanced  grain  growth  at  the 
higher  deformation  temperatures  gives  rise  to  a  hysteresis  effect  between  the  two  cycles. 
Similar  observations  have  been  reported  by  Hammond  et  al  (9)  for  deformation  of 
microduplex  IMI  550  bar  material. 

The  m  values  measured  by  McDarmaid(8)  on  IMI  550  bar  material  of  0.48  at  880°C  and  0.65 
at  928‘’C  are  similar  to  those  obtained  in  the  present  work,  but  are  somewhat  lower  than  those 
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often  quoted  for  other  a/0  titanium  alloys.(l-3,  S).  Several  studies  of  superplasticity  in  Ti- 
6%Ai-4%V  alloy  have  shown  that  an  increase  deformation  temperature  up  to  9S0°C  leads  to 
an  increase  in  m  and  displaces  the  maximum  m  value  to  higher  strain  ratesfl,  S,  12).  In 
contrast  to  these  studies,  however,  Arieli  and  Rosen(4)  reported  that  the  m  value  for  Ti- 
6%A1-4%V  was  0.5  and  was  independent  of  strain  rate  within  Region  II,  and  temperature  in 
the  range  700-950°C. 

Effect  of  Strain.  Strain  Rate  and  Temperature. 

Strain  rate  sensitivity  values  for  superplastic  materials  are  usually  measured  over  a  range  of 
tensile  elongations  from  30-70%  but  this  is  insufficient  to  fully  characterise  superplastic 
behaviour.  A  material  may  exhibit  high  m  values  after  small  strains  but  may  fail  after  say 
200%  strain  due  to  microstructural  changes  such  as  grain  growth.  It  is  the  instantaneous  m 
value  that  determines  the  resistance  to  neck  propagation  and  it  is,  therefore,  important  to 
know  how  m  changes  with  strain. 

Figure  3  shows  the  effect  of  superplastic  strain  on  the  strain  rate  sensitivity  of  IMI  SSO  of 
900°C.  The  general  trend  is  a  decrease  in  m  with  strain  although  the  extent  of  this  decrease 
depends  on  the  strain  rate.  At  strain  rates  of  2.3  x  10”^  s~*  and  7.8  x  lO  '*  s~’,  m  remains 
fairly  constant  for  the  first  100-150%  strain,  after  which  it  decreases.  However,  at  the 
slowest  strain  rate  of  7.8  x  10"^  s~’,  m  falls  continuously  after  a  very  small  strain.  This 
decrease  is  attributable  to  the  occurrence  of  grain  growth  during  deformation  which  is  most 
pronounced  at  the  lowest  strain  rate.  Measurements  showed  that  the  mean  grain  size,  ‘*M> 
increased  with  increasing  superplastic  strain  at  all  strain  rates  although  the  rate  of  grain 
growth  was  strongly  dependent  on  strain  rate.  At  the  fastest  strain  rate  of  7.8  x  10”^  s~’, 
d]^  increased  by  90%  after  500%  elongation  whereas  as  7.8  x  10~^  s'  increased  by 
215%.  This  is  due  to  increased  deformation  time  experienced  at  the  lower  strain  rates  which 
gives  increased  opportunity  for  grain  growth. 

Data  from  Figure  3  and  grain  size  measurements  have  been  used  to  plot  strain  rate  sensitivity 
against  instantaneous  mean  grain  size,  d|^,  in  Figure  4.  This  shows  that  m  decreases  most 
rapidly  with  increasing  dj^  at  the  highest  strain  rate  of  7.8  x  lO”**  s~*  because  this  strain  rate 
lies  at  the  high  strain  rate  end  of  Region  II.  Since  an  increase  in  grain  size  generally  causes 


Figure  3:  Effect  of  strain  and  strain  rate  on ’m’  value  at  900°C 
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Figure  4:  Variation  of  m  value  with  the  instantaneous  grain  size  and  strain  rate  at  900°C. 

Region  II  to  be  displaced  to  lower  strain  rates,  grain  growth  during  the  test  causes  the 
deformation  mode  to  shift  to  the  relatively  non-superplastic  Region  III  giving  a  marked 
decrease  in  m.  The  relatively  gradual  decrease  in  m  with  d]^  observed  at  the  lower  strain 
deformation  mechanism.  Further  measurements  showed  that  m  decreases  more  rapidly  with 
strain  as  the  deformation  temperature  is  raised. 

Several  authors  have  examined  the  variation  of  m  with  strain  in  Ti-6%A1-4%V  over  the 
temperature  range  760-950°C(l,  13,  14).  Most  of  the  tests  showed  that  m  decreased  with 
increasing  strain  and  this  was  attributed  to  coarsening  of  the  microstructure  during 
deformation.  At  TbO'C,  however,  Furushiro  et  al(14)  reported  that  m  was  either  strain 
independent  or  increased  up  to  ~  100%  elongation.  Microstructural  examination  revealed  that 
these  trends  coincided  with  either  the  grain  size  remaining  constant  during  deformation  or 
grain  refinement  occurring  during  the  early  stages  of  a  test.  The  authors  concluded  that  the 
m  value  was  directly  related  to  the  grain  size  which  is  in  broad  agreement  with  results  from 
the  present  work. 

Constant  strain  rate  tests. 

The  results  of  elongation  to  failure  tests  carried  out  at  a  range  of  strain  rates  at  temperatures 
between  SIO^C  and  QSO'C  are  shown  in  Figure  2b.  The  alloy  clearly  has  considerable 
superplastic  deformation  potential  and  tensile  elongations  in  excess  of  1,500%  can  be 
achieved.  Figure  2b  also  shows  that,  for  a  given  strain  rate,  the  elongation  to  failure 
increases  with  increasing  deformation  temperature  up  to  a  maximum  at  QOO’C.  As  the 
deformation  temperature  is  increased,  the  strain  rate  at  which  the  maximum  elongation  occurs 
also  increases.  Figure  3  shows  the  profiles  of  fractured  IMI  550  specimens  deformed  at 
several  strain  rates  at  900°C. 

The  largest  elongation  of  1,565%  is  considerably  higher  than  values  reported  for  Ti-6%A1- 
4%V(3,  5,  14).  To  some  extent,  this  may  be  due  to  the  extremely  fine  microstructure  of  the 
IMI  550  alloy  which  has  a  mean  grain  size  of  only  2. 1  ^m  in  the  as-received  condition.  In 
contrast,  Paton  and  Hamilton(3)  and  Cope(5)  reported  maximum  elongations  for  Ti-6/4  of 
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Figure  5.  Fracture  profiles  of  IMI  SSO  pulled  to  failure  at  900°C  at  various  strain  rates 

675%  for  3.7  /im  material  and  1250%  for  5.3  ^m  material,  respectively.  Clearly,  the 
maximum  attainable  elongation  does  not  necessarily  increase  with  decreasing  grain  size  since 
other  features  such  as  grain  size  distribution,  grain  aspect  ratio,  phase  proportions  and 
specimen  geometry  are  also  of  significance(3). 

Although  the  increase  in  elongation  to  failure  over  the  temperature  range  810-900°C  is 
consistent  with  the  increasing  m  values  over  the  same  range,  elongations  are  smaller  at  930°C 
than  at  900°C  despite  the  apparently  higher  m  value  at  the  highest  temperature.  This  is  due 
to  the  increased  amount  of  grain  growth  at  930°C  which  leads  to  a  steadily  decreasing  m 
during  deformation.  Figure  2  shows  that,  at  temperatures  of  840‘’C  and  870°C,  maximum 
elongations  are  obtained  at  strain  rates  at  the  centre  of  Region  II  but,  at  900®C  and  930"C, 
the  highest  elongations  are  found  to  occur  near  to  the  high  strain  rate  end  of  Region  II.  This 
is  observed  because,  as  the  deformation  temperature  is  raised,  a  higher  strain  rate  is  necessary 
to  give  the  maximum  elongation  since  grain  growth  reduces  m  at  lower  strain  rates.  Boyer 
and  Magnusson(15)  have  reported  similar  behaviour  for  Ti-6%A1-4%V. 


Paton  and  Hamiiton(16)  examined  the  relationship  between  both  elongation  to  failure  and 
strain  rate  sensitivity  and  the  /3-phase  proportion  using  data  for  a//3  titanium  alloys  from  the 
literature.  Tensile  elongations  were  highest  at  a  0-phase  content  of  20-40%  whereas 
maximum  m  values  occurred  when  40-60%  of  beta  phase  was  present.  The  difference  in 
location  of  these  peaks  was  attributed  to  grain  growth  during  deformation  since  higher 
diffusivities  in  the  0-phase  lead  to  increased  coarsening  rates  as  the  0-phase  proportion  is 
raised.  Cope  et  al(17)  also  reported  that,  at  a  strain  rate  of  2.3  x  10”^  s”\  maximum 
elongations  for  Ti-6%A1-4%V  and  Ti-6%Al-2%Sn-4%Zr-2%Mo  were  obtained  when  the  0- 
phase  proportions  were  40%  and  42%,  respectively. 

Figure  6  is  a  plot  of  elongation  at  a  strain  rate  of  1.4%  min”*  (2.3  x  lO”^  s~*),  for  a  range 
of  temperatures,  against  the  0-phase  proportion  for  IMI  550  and  also  includes  the  data  of 
Cope  et  al(16).  For  IMI  550,  maximum  elongations  axe  observed  at  9(X)°C  at  all  strain  rates 
for  a  0-phase  proportion  of  50%.  Further,  m  values  are  highest  at  930‘’C  where  62%  ofbeta- 
phase  is  present.  Hence,  the  optimum  microstructural  condition  for  IMI  550  appears  to  be 
different  from  that  for  other  a/0  titanium  alloys.  This  may  be  related  to  the  presence  of 
4%Mo,  which  has  a  much  lower  diffusivity  in  0-Ti  than  Ti,  or  other  beta  phase  stabilisers 
(i.e.  V,  Fe,  Co,  Ni)(9,18).  The  presence  of  4%Mo  may  cause  diffusional  accommodation 
of  grain  boundary  sliding  to  be  more  difficult  at  lower  deformation  temperatures  where 
optimum  superplastic  behaviour  would  normally  be  observed.  Hence,  optimum  behaviour  is 
pushed  to  a  higher  deformation  temperature  where  a  larger  beta-phase  proportion  is  present 
Figure  7  shows  the  true  stress  versus  true  strain  for  a  strain  rate  of  1.4%  min~*  (2.3  x  10 
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Figure  6:  Effect  of  0-phase  proportion  Figure  7:  True  stress  versus  true  strain 
on  elongation  to  failure.  for  IMl  550 

^  s~’)  at  temperatures  in  the  range  810-930°C.  At  870°C  and  900®C  continuous  strain 
hardening  up  to  approximately  1,000%  elongation  due  to  grain  growth  followed  by  a  decrease 
in  stress  due  to  neck  propagation.  The  sample  deformed  at  930°C,  however  exhibits  rapid 
strain  hardening  and  after  200%  elongation,  the  flow  stress  is  greater  than  that  at  870°C. 
This  is  due  to  the  marked  grain  growth  at  930°C.  Samples  deformed  at  the  lower 
temperatures  show  a  gradual  increase  in  flow  stress  up  to  100-150%  elongation  after  which 
a  steady  state  is  reached.  The  flow  stress  then  remains  relatively  constant  until  plastic 
instability  leads  to  failure.  The  attainment  of  a  steady  state  flow  stress  at  810°C  and  840°C 
reflects  the  relatively  stable  grain  sizes  at  these  temperatures. 

Conclusions 

1.  In  the  temperature  range  810-930°C,  IMl  550  alloy  exhibited  m  values  of  0.47-0.62 
which  are  characteristic  of  superpiastic  materials.  Values  of  m  increased  with 
increasing  temperature. 

2.  At  temperatures  of  870-930°C,  strain  rate  sensitivity  was  strain  dependent  and,  in 
general,  an  increase  in  superpiastic  strain  led  to  a  decrease  in  m.  This  effect  was  most 
pronounced  at  the  highest  temperature  (930°C)  due  to  higher  diffusivity  and  hence 
faster  grain  growth,  and  at  lower  strain  rates  due  to  increased  deformation  times.  The 
strain  rate  sensitivity  is  related  to  the  instantaneous  mean  grain  size,  dM- 

3.  In  microduplex  sheet  form,  IMl  550  alloy  has  considerable  potential  for  superpiastic 
forming  and  tensile  elongations  in  excess  of  1,500%  can  be  achieved  under  optimum 
deformation  conditions.  Tensile  elongation  increased  with  increasing  temperature  up 
to  900°C  but  then  decreased  markedly  at  930°C  due  to  increased  grain  growth. 
Optimum  elongations  were  obtained  at  900°C  where  the  microstructure  consisted  of 


an  equi-voiume  fraction  of  a  and  0  phases. 

4.  Strain  hardening  occurs  during  superplastic  deformation  due  to  grain  growth.  The 
extent  of  hardening  increases  with  increasing  deformation  temperature. 
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SUPERPLASTFC  DEFORMATION  PROPERTIES  OF  AS-RECEIVED. 


ROLLED  AND  BETA  TRANSFORMED  Ti-2%  AI-2%  Mn  ALLOY 

M.A.  Hassan  and  C.  Hammond 

School  of  Materials, 

The  University  of  Leeds, 

Leeds  LS2  9JT.  UK. 

Abstract 


The  superplastic  deformation  properties  of  the  alloy  Ti-2%  Al-2%Mn  in  three  different 
initial  microstructural  conditions  have  been  investigated  in  the  temperature  range  813‘C  - 
920 °C  by  the  technique  of  strain  rate  cycling. 

The  as-received  microstructure  consisted  of  equiaxed  o  and  B  grains  with  a  non-uniform 
a  grain  size  distribution  in  the  range  S  ^m  -  22  /tm.  The  optimum  superplastic  properties 
were  obtained  at  860°C  corresponding  to  a  B  phase  proportion  of  30%.  Above  this 
temperature  substantial  grain  coarsening  occurred. 

The  alloy  was  (a)  hot  rolled  in  the  a-i-B  field  in  order  to  develop  a  more  uniform 
equiaxed  grain  structure  (of  12  /tm  grain  size),  and  (b)  solution  treated  and  slack 
quenched  from  the  B  field  in  order  to  give  a  transformed  B  struaure  (of  a  platelets  40 
ftm  in  length  and  l.S  ft  thick).  During  superplastic  deformation  at  BbD’C  and  830’C,  grain 
coarsening,  leading  to  higher  flow  stresses  and  lower  m-values,  occurred  in  (a)  the 
equiaxed  a+B  structure,  but  that  grain  refinement,  leading  to  lower  flow  stresses  and 
higher  m-values  occurred  in  (b),  the  transformed  B  structure.  The  results  indicate  that, 
on  strain-rate  cycling  to  increasing  levels  of  strain,  the  flow  stresses,  m-values  and  grain 
sizes  for  the  initially  widely  different  microstnictures  approach  common  values. 


Introduction 

Ti-2%  Al-2%  Mn  is  an  (a-)-B)  titanium  alloy  with  similar  transformation  characteristics 
to  Ti-6%  AI-4%  V,  Le.  the  B  transus  temperatures  and  phase  proportions  in  the  (o-i-B) 
phase  field  at  the  same  temperatures  are  similar.  The  object  of  the  research  programme 
was  to  assess  the  superplastic  deformation  properties  of  this  alloy  in  three  different  initial 
microstructural  conditions:  equiaxed  a+B  with  a  wide  a  grain  size  distribution  (as- 
received  condition);  equiaxed  a-t-B  with  a  narrow  a  grain  size  distribution  (as-received 
and  a+B  hot  rolled  condition),  and  adcular  o  (B  transformed  condition).  These 
microstructures  correspond  to  those  which  may  be  encountered  in  practice,  in  particular 
the  B  transformed  condition  is  characteristic  of  that  in  the  weld  and  heat  affected  zone 
of  weld  microstnictures. 
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The  alloy  was  supplied  as  a  19.0  mm  diameter  bar  manufactured  by  IMI  Titanium  Ltd., 
Birmingham,  UK,  from  which  tensile  test  specimens  with  a  gauge  length  of  20  mm  and 
a  diameter  of  6.4  mm  were  machined.  In  order  to  obtain  a  finer  grain  structure  with  a 
smaller  grain  size  distribution,  a  piece  20  mm  long  was  hot  rolled  in  the  a+B  field  to  a 
3.0  mm  thick  plate  from  which  flat  tensile  specimens  with  a  gauge  length  of  20  mm  and 
width  of  S.O  mm  were  machined.  The  coarse  B  transformed  structure  was  obtained  by 
heat  treating  specimens  machined  from  the  plate  material  at  a  temperature  of  1000°C  (in 
the  B  field)  for  2  hrs  followed  by  a  water  quench. 

The  high  temperature  tensile  tests  were  carried  out  on  an  Instron  tensile  testing  machine 
on  which  was  mounted  a  three-zone  tube  furnace  with  a  300  mm  uniform  temperature 
zone  accurate  to  ±  2°C.  Oxidation  of  the  specimens  was  reduced  by  diffusing  high  purity 
argon  up  through  the  furnace. 

The  specimens  were  solution  treated  at  the  testing  temperatures  for  1  hr  and  were  initially 
strained  prior  to  each  cross-head  speed  cycling  test  to  about  20%  at  a  cross-head  speed 
corresponding  to  a  high  strain  rate  of  1.67  x  1(7’  s  '.  During  this  initial  pre-straining  stage 
a  transient  work  hardening  peak  was  observed  followed  by  a  constant  flow  stress.  This 
procedure  is  important  in  that  it  establishes  a  microstructural  condition  in  which  transient 
work  hardening  is  not  observed  and  which  would  otherwise  confuse  the  subsequent  stress- 
strain  rate-strain  data.  The  cross-head  speed  was  then  reduced  to  give  a  lowest  strain  rate 
of  4.17  X  1(7’  s  '  and  the  load  allowed  to  stabilise.  Then  the  cross-head  speed  was 
increased  in  stages  to  the  highest  strain  rate  (about  4.2  x  1(7’  s’),  the  load  being  allowed 
to  stabilise  between  each  change.  The  cross-head  speed  was  then  reduced  to  the  lowest 
strain  rate.  This  sequence  of  cross-head  speed  cycles  was  repeated  at  increasing  strain 
levels  and  enables  the  effects  of  strain  and  time  on  the  flow  stress,  the  evolution  of  the 
superplastic  deformation  properties,  and  the  effects  of  changing  microstructure  to  be 
determined.  The  experimental  load /cross-head  speed /time  data  were  computed  and 
plotted  as  log  a  versus  log  e,  assuming  a  uniform  extension  and  a  constant  volume.  A 
curve  fitting  computer  program  was  used  to  draw  a  smooth  curve  through  the  data  points 
and  to  find  strain  rate  sensitivity  (m)  values  from  the  slopes  between  adjacent  points'”. 
Specimens  for  light  and  electron  microscopy  were  taken  from  both  the  gauge  length  and 
(deformed)  and  grip  (undeformed)  sections  of  the  specimens  and  prepared  in  the  usual 
way  in  order  to  provide  microstructural  information  on  the  mechanisms  which  are 
operating  during  the  deformation  process. 

Reanlta 


The  microstructure  of  the  as-received  bar  material  consists  of  an  equiaxed  a  phase  with 
a  non-uniform  grain  size  between  3.0  ^m  and  22.0  ftm  and  a  B  phase  which  is  distributed 
around  the  a  grain  boundaries  and  within  the  a  grains  as  shown  in  Figure  la.  The 
microstructure  of  the  alloy  after  hot  rolling  may  be  seen  in  Figure  Ib,  which  shows  again 
a  matrix  phase  (a  grains)  surrounded  by  the  S  phase  with  a  more  uniform  equiaxed  grain 
size  of  12  ftm  as  compared  to  the  as-received  material  It  also  shows  that  during  the 
rolling  process  the  B  phase  has  been  redistributed  at  the  a  grain  boundaries  and  no  longer 
occurs  within  the  a  grains. 
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Fig.  I  -  Microstructures  of  (a)  the  as-received  alloy  showing  non-uniform  a  grain  size, 

(b)  the  as-received  and  hot  rolled  alloy  showing  uniform  equiaxed  a  grain  size,  and 

(c)  the  6  transformed  microstructure  showing  coarse  acicular  a  platelets. 


The  superplastic  deformation  properties  of  the  alloy  in  the  as-received  condition  were 
evaluated  in  the  temperature  range  8I3-920°C  in  the  a +8  phase  field,  in  order  to  study 
the  effects  of  increasing  the  B  phase  volume  fractions  on  the  flow  behaviour.  The  results 
are  summarised  in  Table  I,  which  indicates  that  increases  in  the  test  temperature 
correspond  to  decreases  in  the  flow  stresses  and  increases  in  the  stress  sensitivity  (m) 
values,  and  that  the  alloy  is  superplastic  (m-values  greater  than  0.4)  over  a  wide  range 
of  temperatures  and  strain  rates.  The  results  suggest  that  the  optimum  deformation 
temperature  for  superplasticity  in  terms  of  maximum  elongation  (420%,  m-value  >  0.4,) 
occurs  at  860°C,  corresponding  to  a  microstructural  condition  at  which  the  volume 
fraction  of  the  phases  is  70%  o  /  30%  8. 

The  stress-strain  rate-strain  behaviour  of  the  alloy  in  the  as-received  condition  (Fig  la) 
at  this  temperature  is  shown  in  Fig  2.  These  data  clearly  show  that  the  flow  stresses 
increase  with  strain  in  the  early  stages  of  deformation  and  then  become  approximately 
strain-independent  (compare,  for  example,  the  flow  stresses  for  cycle  I  and  with  those  for 
cycles  4  and  5).  The  m-values  correspondingly  decrease  with  strain  (Fig  2). 

The  microstructures  of  the  grip  (undeformed  and  annealed  at  860°C)  and  gauge  length 
(deformed  to  a  strain  of  420%)  sections  are  shown  in  Figs.  3a  and  3b  respectively. 
Whereas  the  microstructure  in  the  grip  section  is  substantially  unchanged  (compare  Fig 
la  with  Fig  3a),  that  in  the  gauge  length  section  shows  a  coarser  and  more  uniform  a 
grain  structure  with  the  8  phase  solely  distributed  around  the  a  grain  boundaries.  Clearly, 
the  increase  in  the  flow  stresses  with  strain  is  a  consequence  of  a  grain  growth. 


STRAIN  RATEd/SED 

Fig.  2  Stress-strain  rate  and  strain  rate  sensitivity  data  for  the  as-received  alloy  at  860°C 
showing  increased  in  flow  stress  and  decreases  in  strain  rate  sensitivity  with 
increasing  strain  (strain  range  420%). 


Fig.  6  Microstructures  of  the  hot  rolled  alloy  (a)  undefomied  grip  region 
and  (b)  superplastlcally  deformed  at  860°C. 


Table  I 


The  m-values  and  flow  stresses  at  a  strain  rate  of  3  x  tO'*  s',  the  elongations  and  volume 
fractions  for  the  as-received  alloy  in  the  temperature  range  813 ‘C  -  920  C. _ 


Temp. 

°C 

Strain-rate 
range  e  s' 

m-value  at 

(  = 

3  X  lO"  s  ' 

Flow  stress 
a  MPa  at  < 

=  3  X  10"  s  ' 

Elong 

% 

VoL  fr.  of 
a/R  phases 
% 

813 

1.8  X  10’  - 

2.9  X  10’ 

0.41 

25 

407 

74/26 

2.1  X  10’  - 
2.8  X  10’ 

0.48 

18 

420 

70/30 

880 

2.3  X  10’  - 
2.9  X  10’ 

0.30 

17 

304 

62/38 

900 

2.6  X  10’  - 
19  X  10’ 

0.54 

13 

240 

50/50 

920 

16  X  10’  - 
3.0  X  10’ 

0.66 

10 

255 

40/60 

The  stress-strain  rate-strain  behaviour  of  the  alloy  in  the  initial  hot-rolled  condition  (Fig. 
lb)  and  fi-transformed  condition  (Fig.  Ic)  are  compared  in  Figs.  4  and  5  which  show  the 
data  at  860‘C  and  830°C  respectively.  These  show  that,  whereas  the  flow  stresses  for  the 
fine-grained  equiaxed  (hot-rolled)  alloy  increase  with  strain  in  the  same  manner  as  those 
for  the  as-received  alloy  (Fig  2),  those  for  the  coarser  acicular  (B  transformed)  structure 
decrease  with  strain;  furthermore  the  flow  stresses  and  m-values  appear  to  approach 
common,  strain-independent  values  at  the  higher  levels  of  strain  (compare  the  data  for 
cycles  3  in  Figs.  4  and  3). 

The  corresponding  microstructures  of  the  grip  (undeformed)  and  gauge  length  (deformed) 
sections  for  the  alloy  deformed  at  860°C  are  shoum  in  Figs.  6  and  7.  Again,  it  can  be 
seen  that  whereas  the  microstructures  in  the  grip  sections  are  substantially  unchanged 
(compare  Fig  6a  with  Fig  Ib  and  Fig  7a  with  Fig  Ic),  those  in  the  gauge  length  sections 
show  coarsening  of  the  initial  equiaxed  microstruaure  (Fig  6b)  and  the  development  of 
an  equiaxed  microstructure  from  the  initial  acicular  microstructure  (Fig  7b).  In  short,  the 
deformation  process  is  such  as  to  develop  similar  and  strain-independent  microstructures. 

The  transmission  electron  microscopy  of  the  alloy  is  complicated  by  the  occurrence  of  the 
B  -»  martensitic  a  transformation  on  rapid  cooling  from  the  deformation  temperature. 
This  makes  a  comparison  of  the  initial  and  deformed  microstiuctures  difficult  However, 
the  results  clearly  show  the  development  of  a  "mantle*  of  the  B  phase  around  the  a  grain 
boundaries  (Fig  8a)  and  the  development  of  sub-grain  networks  within  the  a  phase  (Fig 
8b). 


PiKUMipn 

The  results  show  that  the  alloy  Ti-2%A)-2%  Mn  exhibits  superplastic  deformation 
properties  in  the  (a-i-B)  field  and  that  these  properties  are  microstructure  dependent 
Furthermore,  the  strain  rate  cycling  deformation  process  appears  to  be  such  as  to  establish 
an  equilibrium  microstructure  consisting  of  equiaxed  a  grains  surrounded  by  a  mantle  of 
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Fig.  8  -  (a)  Development  of  a  "mantle"  of  B  phase  at  a  triple  point  between  a  grains  and 
(b)  development  of  dislocation  sub-grain  networks  within  the  a  phase  (deformation 
conditions  as  for  Fig.  7(b)). 


the  B  phase,  the  equilibrium  o  grain  size  and  a/R  volume  fraction  being  dependent  upon 
the  testing  temperature.  Grain  coarsening  tKcurs  in  initially  tine-grained  or  non-uniform 
grain  size  microstructures  (giving  rise  to  increases  in  flow  stress)  and  grain  refinement  and 
the  development  of  equiaxed  microstructures  occurs  in  initially  acicular  microstructures 
(giving  rise  to  decreases  in  flow  stress). 

The  second  case  is  of  particular  interest  for  two  reasons;  it  indicates  the  tKcurrence  of 
dynamic  recrystallisation  pr(Ke.s.se.s‘’'  which  require  that  the  deformation  is  carried  out.  in 
part,  in  regimes  in  which  diskKation  generation  and  climb  processes  dominate.  The 
prcKCss  of  strain  rate  cycling  in  the  present  work  is  such  that  the  strain  rates  extend  from 
Region  I  (diffusional  creep  proces.ses  dominate)  through  Region  11  (optimum  region  for 
superplasticity)  to  Region  III  (diskKation  generation  and  climb  prtKesses  dominate).  The 
boundaries  between  these  regions  are  not  fixed;  as  the  initial  acicular  microstructure  is 
broken  up  the  transition  from  Region  II  to  Region  III  <Kcur.s  at  increasing  strain  rate.s. 
The  results  are  also  of  great  practical  significance  since  they  show  that  superplastic 
properties  can  be  established  as  a  result  of  the  deformation  in  initially  non-superplastic 
microstructures  such  as  those  characteristic  of  welds.  The  work  of  Cope'*'  on  the  alloy 
Ti-6AI-4V  in  which  tensile  specimens  containing  welds  exhibiting  transformed  6 
microstructure  similar  to  the  6  transformed  structures  in  the  present  work,  has  shown  that 
superplasticity  may  be  developed  in  such  a  structure  during  constant  strain  rate  tests  in 
which  the  strain  rate  corresponds  to  Region  III  for  the  initial  coarse  microstructure  but 
to  Region  11  in  the  refined  microstructure. 

The  mechanisms  of  superplastic  deformation  in  Region  11  in  this  alloy  are  not  established. 
However,  the  results  clearly  show  the  redistribution  with  strain  of  the  B  phase,  forming 
a  mantle  around  the  a  grains  and  thereby  facilitating  the  processes  of  grain  rotation  and 
sliding*'"'. 
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Abstract 

To  obtain  high  quality  a+p  processed  Ti-6AI-4V  bar  and  rod,  a  heat-build-up  phenomenon 
during  hot  rolling  is  to  be  suppressed  as  much  as  possible.  In  typical  commercial  mills  for  bar 
and  rod,  rolling  temperature  changes  are  calculated  to  predict  this  phenomenon  and  gain 
optimum  rolling  conditions  in  titanium  alloy  rolling,  by  using  empirical  mathematical  models  ( 
developed  by  the  authors,)  for  carbon  steel  bar  and  rod  to  estimate  lateral  spread,  forward  slip, 
rolling  force,  and  rolling  torque.  These  models  are  found  to  be  applicable  to  rolling  of  titanium 
alloy  Ti-6AMV.  The  flow  stress  equation  adopted  in  Ti-6AI-4V  rolling  temperature  simulation 
was  obtained  by  compression  tests  and  rolling  tests. 

IntfoducUon 

In  hot  rolling  materials  with  high  flow  stress  and  low  heat  conductivity  such  as  titanium  alloys, 
the  temperature  at  the  core  of  the  rolled  materials  rises  as  the  number  of  passes  increases, 
depending  on  rolling  conditions  ( e.g.  delivery  temp.,  tolling  speed,  and  so  on).  This  is  called 
heat-build-up  phenomenon.  Orice  this  phenomenon  occurs,  not  only  are  grains  coarsened  but 
also  phase  trasformation  occurs,  degrading  toughness  and  other  impotant  mechanical  properties. 

Before  quantitatively  predicting  the  heat-buid-up,  flow  stress  of  titanium  alloy  (Ti-6AI-4V)  was 
investigated  by  a  compression  test  and  model  mill  test.  Taking  account  of  these  test  data,  an 
equation  of  the  flow  stress  was  obtained.  Lateral  spread  is  a  typical  example  of  deformation 
characetristics  in  hot  rolling,  and  thus  the  spread  of  titaninum  alloy  was  compared  with  that  of 
coihercially  pure  titanium  (C.P.T.)  and  that  of  carbon  steel.  Then,  numerical  sipulations  of 
rolling  temperature  changes  were  carried  out ,  using  empirical  mathematical  models  .which  have 
been  developed  by  the  authors  for  carbon  steel  1^  arid  rod  to  estimate  lateral  spread,  rolling 
load,  etc.  As  a  result,  the  optimum  rolling  conditions  of  typical  mills(for  example  Bloom  Mill, 
Continuous  Mill,  Block  Mill,  and  so  on)  are  clarified  and  sound  a-t-p  titanium  alloy  bar  and  rod 
were  obtained. 

1 .  Flow  Sress  of  Titanium  Alloys 

Litde  research  has  been  done  on  flow  stress  of  titanium  alloys,  and  if  any,  data  published  are 
primarily  concerned  wijl^  flow  stress  ai  low  strain  rates.  Data  that  detemine  tolling  conditions 
are  not  readily  available  .  Therefore,  in  order  to  simulate  the  strain  and  strain  rate  conditions 
during  rolling  in  actual  operation,  compression  tests  were  carried  out.  Moreover,  rolling  tests 
were  performed  to  calucuate  rollling  flow  stress. 

I .  I  Compression  Test 

Compression  lest  at  working  temperatures  of  850,900,  arxl  950  TT  and  at  constant  strain  rates  of 
2  and  10  per  second  were  carried  out  to  simulate  rolling  in  actual  operation.  The  size  of  the 
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specimen  used  was  8  mm  in  diameter  and  12  mm  in  height.  A  carbon  sheet  was  used  when  the 
specimen  was  brought  in  contact  with  tools  to  avoid  the  effects  of  friction. 

Fig.  1  shows  examples  of  the  stress-strain  relationship  for  tianium  alloy.Ti-6AI-4V  The  fiBuie 
indicates  that  as  strain  increaces,  the  specimen  appears  to  work-soften.  The  app^nt 
work-softening  is  more  marked  as  the  strain  rate  increases.  It  is  prohale  that  specimen 
temperature  rises  are  due  to  adiabatic  change  during  the  test  and  as  deformation  is  increased. 


c  U.  b)  900<c  c)  950 -c 

Hg.  1  Relationship  between  true  stress  and  true  strain  by  a  compression  test 
(strain  rate;2  and  10  /sec..Temp.;850. 900,  and  950  “C ). 


1.2  Rolling  Test 

A  plate  6  tm  thick  and  36  mm  wide  was  rolled  in  a  two  high  mill  (220  mm  diamier)  at  reduction 
^  ^  ^  various  rolling  temperatures 

(760-^  C)  to  determine  the  rolling  flow  stress  experimentally.  Based  on  the  equation  of  R  B 
Sims  and  arranged  according  to  rolling  temperature,  the  results  are  shown  in  Fig  2.  The 
figure  indices  that  increased  rolling  temperature  has  the  greatest  effect,  and  flow  stress  does  not 
d^nd  sigraficantly  on  the  reduction  ratio.  It  is  observed  that  when  the  strain  rate  is  50  /sec.  and 
the  greater  redirction  ratio,  the  smaller  are  apparent  flow  stress  and  back-calculated  flow 
stress.  This  is  explained  by  the  fact  that  the  rolled  specimen  is  to  subjected  to  adabatic  effects  and 
IS  work-softened  since  it  is  deformed  at  high  speed. 


In  this  way,  to  predict  rolling  of  titanium  alloys  with  an  empirical  experimetal  equation,  it 
becomes  important  to  be  able  to  estimate  this  apparent  work-softening.  In  this  paper,  the 
empirical  flow  stress  equation  is  obtained  below  by  empirically  adopting  a  strain  rate  of  10  /sec. 
and  equation  ( 1 ). 

Kfm=C^“”  (I) 

C=3.7x--20x-t-32.  x=T/IOO-8 
where  T  is  rolling  temperature  {°0  ,  and  £  is  strain  rate. 

2 .  Deformation  of  Titanium  AHoy(Ti-6Al-4Vi  during  Hot  Rolling: 

Titanium  alloys  have  less  slip  planes  and  are  strongly  anistropic  caused  by  the  hep  structure. 
Therefore,  flat  hot  rolling  of  titanium  alloy,  commercially  pure  tianiumfC.P.T.),  and  carbon  steel 
(  carbon  contetes  0. 1 8%)  was  studied  at  8S0  and  9S0  on  a  test  mill  (the  size  of  specimen:6.2 
mm  in  height  and  8.6  mm  in  width,  roll  diamter  220mm).  In  Fig.  3  the  lateral  spreads  are 
arranged  by  the  reduction  ratio.  At  a  reduction  ratio  of  around  I  S%,  no  difference  is  observed 
due  to  differences  in  materials.  A  difference  is  obseveved  at  a  reduction  ratio  of  around  30%,  but 
about  10%  at  most,  suggesting  the  successful  use  of  the  pass  schedule  of  cabon  steel.  That  is 
titanium  alloy  can  be  rolled  with  the  passs  schedule  designed  for  carbon  steel  with  roll  gap 
varied*. 

Prediction  of  Temperature  Changes  during  Rolling  Titanium  Alloy 
Defonpation  and  load  during  rolling  is  predicted  by  performing  the  above  referenced  empirical 
model  .  Work-heat  generation  is  evaluated  by  the  flow  stress  of  Eq.(l).  Radiation  of  heat  and 
heat  conductivity  ^f  rolled  material  may  be  taken  into  account  and  calculated  by  using  Finite 
Difference  Meth^  .  Below,  examples  of  calculated  results  are  shown  in  various  types  of  rolling 
mills. 


In  mills  used  for  the  blooming  process  and  in  obsolete  rolling  mills,  reverse  rolling  is  carried  out, 
in  which  several  grooved  passes  are  porvided  in  one  roll.  Fig.  4  shows  the  layout  of  a  typical 
reverse  rolling  mill  comprised  of  one  roughing  and  one  finishing  roll  each.  The  roughing  roll  is 
500  mmm  in  diameter  and  ISOOmm  long  at  the  roll  barrel,  and  the  finshing  roll  is  300  mm  in 
diametr  and  800  mm  long  at  the  roll  barrel.  The  toll  peripheral  speeds  are  2.1  m/sec.  and 
3.0m/sec.  respectively,  the  billet  size  of  titanium  alloy  is  85  mm  square  and  is  rolled  into  a  round 
bar  of  20  mm  in  diameter. 


Fig.  5.1  Calculated  core  Fig.  5.2  Calculated  rolling  temp,  of 
temp,  of  titanium  alloys  Ti-6AI-2Sn-4Zr-6Mo  in  the  finishing 
in  the  roughing  roll.  roll. 


Fig.  5. 1 -5.2  show  calculated  tempenure  changes  at  atypical  pass  schedule,  a  total  of  12  passes 
consisting  of  8  passes  from  85  mm  square  to  32  mm  square  in  a  roughing  roll  and  4  passes  from 
32  mn  square  to  25  mm  round  in  a  finishing  roll.  Fig.  5.1  shows  the  temperature  changes  at 
the  core  of  Ti-6A1-4V  and  Ti-6Al-2Sn-4Zr-6Mo  at  the  delivery  temp,  of  880  “C  in  the  roughing 
roll.  Fig.  5.2  shows  the  changes  of  the  core  temp,  and  the  surface  temp,  of  Ti-6AI-2Sn-4Zr-6Mo 
at  the  delivery  temp,  of  960  in  the  finshing  roll. 

1,545 


In  the  roughing  rolKFig.  S.  1 ).  the  core  temperature  of  the  rolled  titanium  tends  to  decrease  after 
reaching  a  peak  from  pass  4  to  pass  5.  But  in  the  flnishing  roll(Fig.  S.2),  heat  -build-up  caused 
by  working  heat  is  instantaneously  recorded  but  as  a  whole  it  tends  to  decrease  rapidly.  It  is 
conceivable  that  in  reverse  rolling,  rolling  take  place  at  nearly  constant  intervals,  and  therefore, 
relatively  spanning,  the  surface  area  of  rolled  material  is  increased  by  rolling  at  the  later  rolling 
stages.  When  titanium  alloy  is  reverse-rolled,  special  attention  must  be  given  to  heat-build-up  at 
the  first  stage  of  rolling  in  which  the  cross  section  is  large,  and  rolling  must  be  carried  out  with 
the  effects  of  phase  transformation  on  material  properties  taken  into  account. 


Fig.  6  shows  the  predicted  results  of  temperature  changes  of  rolled  material  when  350mm  square 
Ti^AI-4V  is  rolled  into  170mm  round  in  a  high  producti\  iiy  iron  blooming  mill,  and  its  derivery 
temperature  is  varied  from  900,  920,  940,  and  960  “C.  The  total  number  of  passes  is  2 1 .  The 
figure  indicates  that  surface  temperature  rapidly  decreases  between  #1  and  #2  blcomer,  where  the 
rolled  titanium  billet  is  being  transported,  but  it  slowly  rises  when  rolling  at  #2  bloomer  begins. 
From  this  result,  titanium  stock  was  bloomed  with  reheat  furnace  delivery  temperature  controlled 
to  920-940  "C  in  order  to  obtain  a  large  round  bar  of  170  mm  in  diameter  with  sound  structure. 
Fig.  7  shows  microphotographs  of  macro-  and  microstructures  when  titanium  is  air-cooled  after 
rolling  at  the  delivery  temp,  of  930±10  "C.  The  figures  shows  satisfactory  structures  free  from 
structural  change  due  to  heat-build-up. 


Pass  Number 

Fig,  6  Gticulated  rolling  temp,  when 
350  mm  square  Ti-6AI-4V  is  rolled  into 
1 70  mm  round  bar  in  a  high  productivity 
blooming  mill. (delivery  temp.;900,920. 


a)  macrostructures 
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b)microstnicures  - 


Fig.7  Macro-  and  microstructures  at  the  delivery  temp,  of  930+10  TT  when  350mm  square 
Ti^AMV  is  rolled  into  170  mm  round  bar  in  a  high  producty  blooming  mill  ( two  heat  Rolling). 

1.SU 


repeater 


I  repeater 


In  mills  specialized  for  rolling  special  alloys,  Finiishinp 

repeater  rolling  is  generally  adopted.  Fig.  8  Intermediate  8 

shows  an  example  of  a  typical  plant.  Repeaters  nn  Hfl _ Qg  Qg 

are  frequently  located  between  trains,  such  as  /  Ootjo 

roughing,  intermediate,  and  finishing  trains,  and  repeater  ( 

have  become  popular  for  moitoring  variation  in  V  n 

tension  between  stands  during  rolling.  For  _  ^  8n^ 

example,  rolled  material  left  longer  than  ■  “'^^ce  \  ^ 

neccesary  at  the  repeater  indicates  faulty  speed  J  ^ 

control  in  the  trains.  It  also  indicates  thai^== — []g  Q§  Qo'B - '' 

compressive  force  is  being  genarated  between  Rouchine 

trains  and  the  material  is  about  to  be  misrolled.  °  ° 

Because  the  distance  of  this  repeater  may  be  as  Fig  8  A  typical  repeater  mill  layout . 
long  as  20  meters,  the  temperature  of  the  rolled 
material  is  drastically  lowerd  at  the  zone. 

This  is  desirable  for  rolling  materials  such  as  titanium  alloy,  which  does  not  permit  coarsening  of 
grains  or  phase  transformation  caused  by  heat-build-up.  Fig.  9  shows  calculated  results  and 
measured  values  of  change  in  rolling  temperature  and  rolling  consumption  energy  when 
Ti-6A1-4V  is  rolled  from  1 15mm  square  to  26  mm  round  bar  by  12  passes  in  the  plant  shown  in 
Fig.  8.  In  Fig.  9,  which  shows  the  temperature  history,  the  loaction  of  repeater  is  shown 
cross-hatched.  It  indicates  that  the  presence  of  the  repeater  may  restrict  heat-build-up. 


Roughing 


Fig. 8  A  typical  repeater  mill  layout . 
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Fig.  9  Rolling  temp,  and  rolling  consumption  energy  in  a  repealer  mill. 

($1 15mm  -^26mm,  delivery  temp.;930°C,  finishing  speed;?. 5m/sec.). 

3.3  Continuous  Rolling 

In  a  plant  which  produces  carbon  steel  in  a  larre  quantities,  no  repeater  exists,  the  pass  line  is 
straight  and  stands  are  located  at  short  intervals,  giving  the  first  priority  to  productivity  Fig  10 
shows  calculated  result  of  temp,  changes  when  Ti-6AI-4V  is  rolled  from  155  mm  square  to  70 
mm  round  bar  at  the  same  rolling  speed  as  that  of  carbon  steel  and  50%  lower  than  that  speed 
and  at  delivery  temperature  of  930  "C. 


Roiringon*  /$«c 


RolhnfDme  /sec. 


a)  Normal  speed  rolling. 


b)  Half  of  normal  speed  rolling 


Fig.  10  Effect  of  roll  speed  on  the  tolling  temp,  in  a  continuous  mill 
(if  155mm  -^70mm.  delivery  temp.;930  . 
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The  figuie  clearly  shows  that  lowering  the  rolling  speed  can  restrict  heat-build-up.  Data  suggest 
that  with  continuous  mills  there  is  no  alternative  but  to  roll  at  lower  boundary-limit  speed  of  the 
rolling  mill  to  obtain  a  rolled,  titanium  alloy  with  a  sound  structure. 


3.4  Block  Rolling 

Recently.to  roll  5  mm  diameter  fine  steel  wire,  high-productivity  rolling  (block  rolling)  is  carried 
out  by  tension-rolling  using  a  common  drive.  Block  rolling  positively  provides  tension  of  about 
20%  of  tolling  flow  stress  instead  of  conventional  zero  tension  betweens  stands,  and  produces 
the  least  additional  shear  deformation.  It  is  shown  that  with  little  shearing  work,  block  rolling  of 
Ti-6AI-4V  generates  a  relatively  small  amount  of  heat  casused  by  rolling  work,  resulting  in  small 
heat-build-up  during  rolling.  On  the  other  hand,  the  process  produces  a  problem  of  insufficient 
cooling  time  due  to  narrow  stand  intervals.  Block  rolling  of  titanium  alloy  was  carried  out  to 
reduce  10mm  round  into  6.4  mm  round  wire  using  4  passes.  Calculations  were  also  carried  out  at 
the  same  time  to  determine  the  changes  in  rolling  teperature.  Fig.  1 1  shows  calculated  results  of 
finishing  speed  at  10  m/sec.  and  15  m/sec.  at  the  delivery  temperature  820  °C.  Fig.  12  shows 
microstrocture  of  rolled  cross  sections.  From  the  figure,  the  rolled  titanium  passess  the  p 
structure  at  IS  m/sec.  And  that  it  is  possible  roll  the  a-i-P  region  at  rolling  speeds  up  to  12.S 
m/see.. 


a)  Finshing  rolling  speed:  10  m/sec.  b)  Fiiishing  rolling  speed;  1 5m/sec. 

J '  o"  calculated  rolling  temp,  in  a  block  mill  at  the  delivery  temp. 

820  on  Ti-6A1-4V(  lO  mm  -  6.4  mm  under  4  passes). 


Sunmiarv 

Rolling  coiiditonsof  Ti-6AI-4V  have  been  determined  by  experiments  and  calculations  to  obtain  a 
structure  with  equiaxed  a+P  grains  with  good  mechanical  porperties.  As  a  result,  the  following 
has  been  clarified.: 

•  In  a  reverse  rolling  mill,  such  as  a  blooming  mill,  heat-build-up  tends  to  occur  at  the  stage  with 
a  large  mass  of  roll^  material.  Therefore,  rolling  from  large  size  ingots  should  be  avoided  as 
much  as  possible  or  ingots  should  be  returned  to  die  furnace  in  the  course  of  hot  rolling. 

In  repeater  rolling,  since  heat-build-up  is  restricted  at  the  repeater,  placing  attention  on  the 
deliver  temperature  of  rolled  titaruum  alloy  enables  rolling  of  products  with  sound  structure. 

•In  high-productivity  continuous  rolling,  heat-build-up  inevitably  occurs.  The  rolling  speed 
should  be  lowered  to  the  lower  limit  of  the  equipment  for  rolling  titanium  alloys. 

*  In  block  rolling  which  imparts  tension  between  stands,  it  is  possible  to  roll  titanium  wire  with 
sound  equiaxed,a-)-p  grain. 
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STRENGTHENING  AND  TOUGHENING  OP  ALPHA-BETA  TITANIUM  ALLOYS  BY 
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1-8,  Fuso-cho,  Amagasaki  City,  660,  Japan 


Abstract 

A  new  thermomechanical  process  (TMP)  has  been  developed  for  alpha-beta  tita¬ 
nium  alloys,  which  consists  of  beta  working  with  high  reduction  levei,  rapid  cool¬ 
ing  after  beta  deformation  and  anneaiing  at  the  temperature  where  the  volume  frac¬ 
tion  of  alpha  and  beta  become  almost  equal.  The  material  processed  by  this 
thermomechanical  process  showed  high  strength  and  high  fracture  toughness.  This 
new  thermomechanical  process  was  applied  for  the  extruded  shape  of  Ti-6A1-6V- 
2Sn  alloy.  Developed  extruded  shapes  show  higher  fatigue  strength  with  the  opti¬ 
mum  TMP. 

I.  Introduction 

It  is  well  known  that  alpha-beta  titanium  alloys  have  acicular  microstructure 
in  the  condition  processed  or  heat  treated  in  beta  region,  and  they  have  equiaxed 
microstructure  in  the  condition  processed  and  heat  treated  in  alpha-beta  region’  ’ . 
In  general,  equiaxed  microstructure  processed  and  heat  treated  in  alpha-beta  re¬ 
gion  has  been  utilized  as  the  microstructure  of  aerospace  materials,  because  the  ma¬ 
terial  with  equi-axed  microstructure  shows  higher  ductility  and  higher  fatigue 
strength  compared  with  those  of  acicular  microstructure  .  The  workability  of 
alpha-beta  titanium  alloy  is  superior  in  beta  region  compared  with  alpha-beta  re¬ 
gion,  so  more  cost  savings  will  be  developed  if  beta  processing  is  utilized.  It 
has  been  reported  that  materials  with  acicular  microstructure  show  higher  frac¬ 
ture  toughness  and  creep  strength  than  those  with  equiaxed  microstructure*’*’  ,  so 
it  is  also  expected  that  the  materials  with  good  combination  of  strength,  ductility 
and  fracture  toughness  will  be  developed  by  the  application  of  acicular  micro¬ 
structure  by  processing  in  beta  region. 

In  this  paper,  we  will  discuss  new  process  with  alpha-beta  alloys  with  high  lev¬ 
els  of  reduction  in  beta  region,  and  the  possibiiity  to  produce  the  material  with  a 
good  combination  of  strength,  ductility  and  fracture  toughness  by  this  new  beta  proc¬ 
essing  thermomechanical  process.  This  new  process  consists  of  beta  deformation  fol¬ 
lowed  by  annealing  at  a  high  temperature  in  alpha-beta  region.  The  material 
thermomechanically  treated  with  this  process  has  a  fine  bi-modal  microstructure, 
which  displays  a  good  combinatioii  of  strength,  ductility  and  fracture  toughness. 

We  also  discuss  the  properties  of  the  extruded  shapes  of  Ti-6Al-6V-2Sn  al¬ 
loy,  which  has  been  manufactured  by  this  new,  beta  processed  thermomechanical 
P'‘°“ss.  r^^-92 
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2.  Materials  and  Method 


Table  1  shows  the  chemical  compositions  of  the  materials  used.  Material  A 
is  Ti-6A1-4V  and  was  used  to  check  the  effect  of  cooling  rate.  Material  B  is  Ti-6A1- 
4V  ELI  and  was  used  to  check  the  effect  of  reduction  level  in  plate  rolling.  Mate¬ 
rial  C  is  Ti-6Al-6\/-2Sn,  which  was  used  for  extruded  shapes. 

Table  1  Chemical  Compositions,  (wt.%) 
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Figure  1  shows  the  proposed  thermomechanical  process,  which  consists  of 
beta  rolling,  rapid  cooling  after  rolling  and  alpha-beta  annealing  used  for  Ti-6A1- 
4V.  Figure  2  shows  the  extrusion  processes  tested  with  Ti-6Al-6V-2Sn. 

Microstructures  and  mechanical  properties  were  examined  on  the  materials 
thermomechanically  processed.  Fracture  toughness  tests  were  performed  using  the 
specimens  specified  in  ASTM  E399  (t=12.5mm),  and  fatigue  tests  were  performed  us¬ 
ing  rotating  beam  fatigue  tests. 

Three  types  of  shapes  were  extruded  by  thermomechanical  processes  shown 
in  Fig.  2  and  were  compared  for  microstructures,  mechanical  properties,  fatigue  prop¬ 
erties  and  fracture  toughnesses. 


1423K 


Fig.  1  Thermomechanical  Process  for  Alpha-beta  Alloy  Ti-6A1-4V 


Extrusion 


B-transus 


(a)  3  Extruded,  Air  Cooled  and  Two-step  Annealed 


(b)  3  Extruded,  Air  Cooled  o»B  Solution  Treatment, 
Quenched  and  Two-step  Annealed 


(c)  8  Extruded,  Direct  Quenched  and  Two-step  Annealed 
Fig.  2  Thermomechanical  Processes  for  Ti-6Al-6V-2Sn  Extruded  Shapes. 


3.  Results  and  Discussions 

3.1  The  effect  of  thermomechanical  processing  conditions  on  the 

microstructure  and  mechanical  properties 

The  reason  for  brittleness  in  alpha-beta  alloys  that  were  beta  processed  are 
deemed  to  be  the  grain  growth  and  the  large  alpha  precipitation  on  grain  bounda¬ 
ries  of  beta  grains.  We  have  intend  to  develop  new  thermomechanical  process  con¬ 
sisting  of  large  reductions  in  beta  deformation  and  rapid  cooling  after  beta  process¬ 
ing,  to  prevent  the  grain  growth  of  beta  grains  and  prevent  the  precipitation  of  ex¬ 
cessive  grain  boundary  alpha.  The  most  important  factors  in  this  process  were 
deemed  to  be  cooling  rates  after  beta  reduction  and  the  level  of  reductions  in 
beta  working.  Figure  3  shows  the  change  of  microstructures  with  cooling  rates. 
In  the  cooling  rate  of  0.05K/S  or  IK/s,  it  was  observed  that  large  alpha  plates  pre¬ 
cipitated  on  grain  boundaries  of  beta  grains  and  large  acicular  alpha  plates  precipi¬ 
tated  in  beta  grains.  On  the  other  hand,  it  was  observed  in  the  rapid  cooling 
rate  lOK/s  that  no  grain  boundary  alpha  plates  precipitated  and  acicular  alpha  of 
small  width  and  iength  precipitated  in  beta  grains.  (Fig.3(a)-(c)l  After  anneal  at 
1193K,  which  is  40K  below  beta-transus,  acicular  alpha  plates  remained  in  the  cool¬ 
ing  rates  of  O.OSK/s  and  IK/s.  On  the  other  hand,  a  half  of  acicular  alpha 
plates  changed  their  morphology  to  an  equi-axed  structure,  and  the  rest  became 
fine  acicular  alpha  with  the  fast  cooling  rate  of  lOK/s.  It  became  bi-modal 
microstructure.  (Fig.  3(d)-(f))  it  was  clear  that  a  bi-modal  microstructure  could 
be  easily  produced  by  a  high  temperature  alpha-beta  anneal  for  the  samples 
cooled  with  a  rapid  cooling  rate.  Figure  4  shows  the  mechanical  properties  after 
anneal  with  the  change  of  cooling  rate  after  beta  working.  The  reduction  in 
beta  processing  was  70%  constant  in  this  test.  The  strength  is  constant  in  spite 
of  various  cooling  rates,  but  the  ductility  increased  with  the  increase  of  cooling 
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After  Anneal 


lOK/s  IK/s 


Fig.  3  The  Effect  of  the  Cooling  Rate  after  8-RoIling  on  the  Microstructures. 
(Ti-6Ai-4V,  6-Rolling  Ratio  :  70%,  Anneaiing  :  1193K,  3.6ks,  AC) 

(a)  (b)  (c)  :  as  rolled,  (d)  (e)  (b  :  after  annealed. 
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Fig.  4  The  Effect  of  Cooling  Rates  after  Rolling  on  the  Mechanical 
Properties  of  Themiomechanically  Processed  Ti-6A1-4V. 
(Rolling  Reduction  :  70%,  Anneal  :  1193K,  3.6ks,  AC) 


rate.  At  the  cooling  rate  over  5K/sec,  the  reduction  of  area  shows  over  25% 
with  high  beta  reductions  (70%),  which  approaches  those  of  equi-axed  micro- 
structures. 

Figure  5  shows  the  mechanical  properties  with  the  change  of  reductions  in 
beta  processing.  The  cooling  rate  was  constant,  water  cooling  in  this  test.  The  duc¬ 
tility  increased  with  the  increase  of  reduction  levels  in  beta  processing.  Over 
70%  beta  reductions,  high  ductility  was  attained  as  high  as  those  of  equi-axed 
microstructure  with  rapid  cooling  rates. 

From  the  results  shown  in  Fig.  4  and  Fig.  5,  it  is  concluded  that  this  new 
TMP  must  have  over  70%  beta  reduction  and  cooling  rates  over  5K/s  to  obtain  ductil¬ 
ity  equal  to  equi-axed  microstructure.  Figure  6  shows  the  comparison  of  our  data 
of  the  mechanical  properties  between  thermomechanically  processed  plate  samples 
and  conventionally  alpha-beta  processed  forged  samples.  Thermomechanically  proc¬ 
essed  samples  show  much  higher  fracture  toughnesses  than  the  samples  of  conven¬ 
tional  alpha-beta  forging  processes.  The  reason  for  higher  fracture  toughness  is 
deemed  to  be  the  formation  of  fine  bi-modal  microstructure  in  the  new 
thermomechanical  process. 


Fig.  5  The  Effect  of  Rolling  Reduction 
in  Thermomechanical  Process  on 
the  Mechanical  Properties  after 
Annealing. 

(water  cooling  after  B  rolling) 
(Anneal  :  1193K,  3.6ks,  AC) 
(Ti-6A1-4V) 


Fig.  6  Comparison  of  Charpy  Absorbed 
Energy  and  0.2%  Proof  Stress  be¬ 
tween  Forgings  and  Thermome¬ 
chanically  Processed  Ti-6A1-4V. 


3.2  The  development  of  the  new  thermomechanical  process  for  extruded  titanium 
shapes 

The  new  thermomechanical  process  for  alpha-beta  titanium  alloys  has  been  in¬ 
vestigated  in  production  of  extruded  shapes  of  Ti-6Al-6V-2Sn  with  high  strength, 
high  ductility  and  high  fracture  toughness  for  airframe  structures.  Three 
thermomechanical  processes  shown  in  Fig.  2  were  investigated  for  strengthening 
and  toughening.  The  first  process  consisted  of  air  cooling  and  annealing.  The  sec¬ 
ond  process  consisted  of  solution  treatment,  quench  and  annealing  after  beta  extru¬ 
sion  and  air  cool.  The  third  process  was  water  quench  after  beta  extrusion  and  an¬ 
nealing. 

Figure  7  shows  the  microstructures  of  extruded  Ti-6Al-6V-2Sn  shapes 
thermomechanically  processed.  The  microstructure  of  the  air  cooied  shape  con- 
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sisted  of  grain  boundary  alpha  and  the  acicular  alpha-beta  microstructure  (Fig. 
7-a).  Growth  of  grain  boundary  alpha  and  acicular  alpha  was  observed  after  solu¬ 
tion  treatment  and  annealing  (Fig.  7-b).  On  the  other  hand,  very  fine  and  uni¬ 
form  microstructure  was  observed  in  the  shape  directly  quenched  and  annealed, 
with  no  grain  boundary  alpha  precipitates  and  no  large  acicular  alpha  plates  (Fig. 
7-c). 
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Fig.  7  Microstructures  of  Extruded  Shapes  of  Ti-6Al-6V-2Sn. 

(a)  B  extruded,  air  cooled  and  annealed 

(b)  B  extruded,  a -^B  quenched  and  annealed 

(c)  B  extruded,  direct  quenched  and  annealed 


Table  2  shows  the  mechanical  properties  of  these  thermomechanicaliy  proc¬ 
essed  shapes.  Proof  stress  of  0.2%  and  tensile  strength  were  higher  in  the 
quenched  shapes  than  those  of  air  cooled  shape.  Significant  differences  were  not 
observed  between  the  tensile  properties  of  the  solution  treated  and  annealed 
shapes  and  the  directly  quenched  and  annealed  shapes.  Figure  8  shows  the  compari¬ 
son  of  fatigue  properties  of  these  two  types  of  processes  for  titanium  alloy  ex¬ 
truded  shapes.  The  fatigue  strength  of  the  shape  directly  quenched  and  annealed 
was  as  high  as  590  MPa,  and  the  fatigue  retio  (fatigue  strength/tensile  strength) 
was  high  value  of  0.54.  On  the  other  hand,  the  fatigue  strength  of  solution 
treated  and  annealed  shape  was  510  MPa,  and  the  fatigue  ratio  was  0.47.  This 
high  fatigue  strength  of  the  directly  quenched  shape  was  deemed  to  be  due  to 
the  very  uniform  and  fine  microstructure  (Fig.  7-c). 


Table  2  Mechanical  Properties  of  Ti-6Al-6V-2Sn  Extruded  Shapes 
after  various  Thermomechanical  Processings. 
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Fig.  8  S-N  Curves  of  Ti-6Al-6V-2Sn,  Extruded  Shapes. 


Figure  9  shows  the  fracture  toughness  value  of  the  Ti-6Al-6V-2Sn  shape  di¬ 
rectly  quenched  and  annealed,  compared  with  those  of  alpha-beta  processed  Ti-6A1- 
4V  and  Ti-6Al-6V-2Sn  plate  and  forgings  from  reported  literatures.  It  is  observed 
that  the  fracture  toughness  of  thermomechanically  processed  extruded  shape 
showed  rather  high  value  in  spite  of  high  strength.  Figure  10  shows  the  aspect 
of  an  extruded  shapes  processed  using  this  new  thermomechanical  process. 
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Fig.  9  The  Relation  between  0.2%  Proof  Stresses  and  Kjq  Values  of 
a*B  Ti  Alloys. 
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Fig.  10  Aspect  of  High-strength  Extruded  Shape  of 
Ti-6Al-6V-2Sn. 

4.  Conclusion 

(1)  The  new  thermomechanical  process  has  been  developed  for  alpha-beta  titanium 
alloys,  which  consist  of  high  reduction  rate  over  70%  in  beta  region,  rapid  cool¬ 
ing  over  5K/S  after  beta  working  and  bi-modal  annealing.  The  microstructure  af¬ 
ter  this  thermomechanical  process  consisted  of  fine  beta  grains  and  fine 
acicular  alpha  in  beta  grains. 

(2)  The  shapes  of  fine  bi-modal  microstructure  processed  in  this  new  thermome¬ 
chanical  process  showed  as  high  strength  and  ductility  as  those  of  the  materi¬ 
als  with  equi-axed  microstructure. 

(3)  High  strength  extruded  shapes  of  Ti-6AI-6V-2Sn  has  been  developed  by  this 
thermomechanical  process.  The  developed  extruded  shapes  showed  uniform  ffne 
microstructure  and  higher  fatigue  strength  than  those  of  conventional  proc¬ 
essed. 
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HIGH  STRENGTH  od+ySAHDyS -TITANIUM  ALLOYS  FOR 
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All-Ruaaia  Inatitute  of  Light  Alloya,  Moacow 
SPA  "Noimal",  Nijny  Novgorod, 
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Esaay 

At  preaent  of +/S-titaniuni  alloya  with  the  atrength  limit  of  up 
to  1000  MPa  are  widely  uaed  for  production  of  faatenera.  The 
modem  level  of  aircraft-and-apace  material  conditiona  that 
the  requirementa  to  the  materials,  the  members  of  construc¬ 
tions  are  going  to  be  made  of,  miist  be  much  more  stringent  for 
the  sake  of  increasing  its  safety  and  reliability  in  operation. 
For  successful  solution  of  this  problem  one  should  use  new  fas¬ 
tening  fixtures  teving  high  operating  characteristics  which 
can  be  provided  on  the  basis  of  utilization  of  new  materials 
and  optimization  of  technology  of  their  production. 

In  this  work  possibility  of  making  bolts  of  high-strength 
and yg -titanium  alloys  characterized  by  different  degree  of 
strength  has  been  investigated  and  estimation  based  on  compari¬ 
son  of  their  operational  chamcteristics  with  those  of  the 
bolts  made  of  the  production-type  titanium  alloy  VT16  has  been 
carried  out. 

The  technology  of  production  of  bolts  of  the  alloys  under  in¬ 
vestigation  in  a  hardened-by-heat-treatment  state  has  been  de¬ 
veloped.  Perspective  of  utilization  of  fasteners  characterized 
by  the  atrength  limit  of  more  than  1270  MPa  made  of  ^-titanium 
alloys  has  been  shown. 
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Ediled  by  F.H.  Froet  ond  I.  Coplan 
Tht  MinoroH.  AAetaii  &  Molerioli  Socief/.  1993 
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Methods 


The  inquires  have  been  carried  out  with  the  use  of  high-stren¬ 
gth  ot  +/S-titaniuin  alloys  of  martensite  class  VT16,  VT23  and  be¬ 
ta-titanium  alloys  VTI9  and  VT3b^ 

Chemical  composition  of  the  alloys  is  tabulated  in  Table  I. 
Table  I 


Alloy  /-phase  Tempe- 

trade  Content  of  alloying  elements,  wt.%  stabili-  rature 


mark 

sat ion 
factor. 

of  poly¬ 
morphous 
conver¬ 
sion, 

nn’ 

Ti 

A1 

Mo  V  Cr  Pe 

Sn  Zr 

VT16 

3.30 

4.70  4.30  - 

^  * 

0.70 

870 

VT23 

0) 

0 

4.17 

2.28  4.65  0.97  0.51 

0.78 

900 

VTI9 

2.70 

6.00  3.20  5.00  - 

-  1.45 

1.52 

780 

VT35 

(h 

3.10 

1.70  13.60  3.00  - 

3.10  1.00 

1.47 

740 

360  mm  dia.  ingots  of  VT16  and  VT23  alloys  have  been  made  ac¬ 
cording  to  the  quantity  production  technology  on  the  basis  of 
the  double  remelting  method,  whereas  ingots  of  VT19  and  VT35 
alloys  have  been  smelted  in  a  skull  furnace  with  the  use  of  an 
expendable  electrode  for  the  first  remelting,  the  next  remel¬ 
ting  has  been  carried  out  in  a  vacuum  electric  arc  flmace. 

The  Ingots  have  been  hammered  to  become  the  blanks  of  130x850 
mm  dia  in  size  and  rolled  on  a  small-section  mill  into  I6  mm 
die  rods. 


6  and  10  mm  dia  rods  of  VT16  alloy  have  been  made  in  accordan¬ 
ce  with  the  quantity  production  technology. 


Tension  testa  have  been  carried  out  on  round  samples  with  the 
working  member  of  5  nm  dia,  whereas  jvunping-up  tests  have  been 
carried  out  on  cylindric  samples  with  HB2dp.  Degree  of  defor¬ 
mation  at  which  the  sample  is  damaged  in  the  course  of  upset¬ 
ting  has  been  calculated  on  the  basis  of  relative  change  of 
the  sample's  height: 


-100  %, 


where  H  and  H.  are  heights  of  the  sample  prior  and  after  up- 
setting°(mm).  ^ 


Carrying  out  of  Experiments 

Calculation  of  a  conventional  stabilization  factor  of  beta- 
phase  (Kfi)  has  proved  that  VT16  and  VT23  alloys  imder  investi¬ 
gation  having  K^bO.70  and  0.78  correspondingly  are  classified 
as  belonging  to  the  martensite  class,  whereas  VT35  and  VTI9 
alloys  with  K^>1.47  and  1.52  correspondingly  are  classified 
as  belonging  to  class / -titanium  alloys  (see  Table  I). 
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Construction  of  the  curves  of  beginning  of  deslntegratlon  of 
metastable /8-phaae  in  VT35  and  VT19  alloys  has  proved  that 
these  alloys  may  be  hardened  by  100  %  of  beta-phase  being  al¬ 
lowed  to  cool  in  the  open,  the  latter  makes  it  possible  to 


Figure  1  -  The  c\irves  of  beginning  of  desintegration 
of  solid  solution  of  alloys  hardened  from 
/8-field:  a  -  VT16,  b  -  VT19,  VT35. 


As  distinct  from  beta-alloys  martensite  phase  oi^is  fixed  in 
VTl6  and  VT23  alloys  from >8 -field,  thet  leads  at  the  succes¬ 
sive  ageing  to  worsening  of  plasticity  properties  of  these  al¬ 
loys  in  a  hardened-by-heat  treatment  state.  Therefore  in  con¬ 
trast  to  beta-alloys  hardening  of  eC-f/8-titanlujn  alloys  should 
be  performed  from  two-phase  field. 

In  Fig.  2  the  diagrams  of  change  of  the  ultimate  strength  and 
relative  contraction  of  VT19,  VT35  and  VT23  alloys  depending 
on  holding  time  at  various  temperatures  of  ageing  are  presen¬ 
ted.  Hardening  of  VT19  and  VT35  alloys  prior  to  ageing  has 
been  carried  out  ^  omfi -field  {1*600  °C} ,  vdiereas  hardening  of 
VT23  alloy  -  f rom o< ield  (T-750  ®C). 

These  experiments  havtproved  that  beta-alloys  having  stren¬ 
gth  higher  by  50-100  Mra  than  that  possessed  by  7^2306+/^ 
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alloy  are  characterized  by  much  higher  degree  of  plasticity 
thus  providing  relative  compaction  which  is  higher  by  10-15  % 
than  that  of  VT23  alloy.  The  same  degree  of  plasticity 
18  %)  which  is  characteristic  of  VT23  alloy  at  strength  of 
1200-1300  MPa  is  obtained  on  VT35  /5-alloy  at  ultimate  strength 
of ^ 1400  MPa. 


Pigtire  2  -  Effect  exerted  by  time  of  ageing  on  the 

ultimate  strength  and  relative  contraction 
of  alloys:  e  -  VT35.  o  -  VT35,  ■-  VT19, 

A-  VT23. 

Taking  into  account  the  obtained  data  it  was  of  interest  to 
evaluate  nature  of  changes  of  mechanical  properties  of  the 
rods  made  of /-alloys  depending  on  the  test  temperature. 


In  this  work  there  has  been  considered  effect  exerted  by  the 
test  temperature  on  mechanical  properties  of  the  rods  made  of 
VT19  and  VT35  alloys.  The  rods  made  of  VT35  alloy  have  been 
subjected  on  thermal  treatment  for  1130  and  1330  MPa  strength, 
whicle  the  rods  made  of  VT19  alloy  -  for  1100-1220  MPa  and  to 
tension  test  at  various  temperatures  ranging  from  196  up  to 
450  ®C. 

As  it  is  clear  from  the  data  presented  in  Pig.  3  both  alloys 
have  high  plasticity  properties  within  the  whole  investigated 
range  of  temperatures  up  to  the  test  temperature  of  196  °C, 
at  vifcich  relative  compaction  of  VT19  alloy  is  at  the  level  of 
18-20  %,  and  that  of  VT35  alloy  -  20-22 

At  the  same  time  the  alloys  under  inquiry  have  rather  high  va¬ 
lues  of  short-time  strength  at  the  elevated  temperatures,  for 
example  during  testing  at  a  temperature  of  430  ‘*0  both  alloys 
have  the  ultimate  strength  exceeding  800  MPa. 

In  order  to  determine  possibility  of  use  of  the  alloys  for  ma¬ 
king  bolts  by  means  of  cold  heading  there  have  been  carried 
out  estimation  of  adaptability  to  manufacture  of  the  alloys 
under  Inquiry.  The  alloys  adaptability  to  manufacture  has  been 
estimated  baaing  upon  the  results  of  the  upsetting  test  at  a 
temperature  of  20  ®C  of  cylinder-shape  samples  of  height  Hs2(^ 
wdiere  d^  is  the  sample's  diameter. 

In  Table  2  the  results  of  the  upsetting  test  of  the  samples 
of  the  alloys  under  investigation  after  various  conditions  of 
thermal  treatment  are  tabulated. 

Table  2 
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As  it  is  clear  from  the  results  of  the  test  tabulated  in  Tab¬ 
le  2  the  ultimate  strength  of  the  alloys  is  at  the  level  of 
the  corresponding  characteristics  of  the  production-type  VTI6 
alloy  in  the  annealed  state  with  the  exception  of  VT33  alloy 
in  the  hardened  state  the  ultimate  strength  of  which  is  lo¬ 
wer  by  80  MPa. 
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Figure  3  -  Effect  exerted  by  test  temperature  on 
mechanical  properties  of  rods:  a  - 
VT35,  b  -  VT19. 


It  should  be  noted  that  as  far  as  the  process  plasticity  is 
consemed  VT35  alley  in  the  hardened  state  has  much  higher 
plasticity  as  compared  with  the  production-type  VT16  alloy, 
whereas  VT23,  VT19  and  VT35  alloys  in  the  aiinealed  state  are 
Inferior  to  VT16  alloy. 

In  Pig.  4  microstructure  (x200)  of  VT35  alloy  is  shown  prior 
to  and  after  upsetting  with  a  degree  of  as  well  as 

after  upsetting  and  ageing  at  a  temperature  of  500  °C  for  6 
hours. 


c 

Figure  4  -  Microstructure  (x200}  of  VT35  alloy: 

a  -  initial  state,  b  -  upsetting  with 
£h"®5  %,  c  -  upsetting+agelng  500  °C, 

6”hours,  cooling  in  the  open. 

In  the  course  of  the  work  we  have  carried  out  testing  of  ma¬ 
king  bolts  of  VT19  and  VT23  alloys  by  means  of  cold  heading. 
The  heading  has  been  carried  out  on  the  tool  and  at  the  tran¬ 
sitions  of  the  process  of  manufacture. 

In  Table  3  the  results  of  cold  heading  of  bolts  are  tabulated 

As  the  data  tabulated  in  Table  3  show  6  %  of  the  bolts  made 
of  VT19  alloy  and  20  %  of  the  bolts  made  of  ^^23  alloy  had 
cracks  on  their  heads  located  at  an  angle  ofx45°  that  corres¬ 
ponds  to  the  results  of  upsetting  of  these  alloys. 


Table  3 


Alloy 

Size  of 
bolt 

Ntimber  of  produced 
bolts,  pcs 

%  of  bolts 
having  cracks 

VT19 

M6 

25 

8 

VT35 

M6 

25 

0 

VT23 

M6 

50 

20 

VT16 

M6 

50 

0 

Making  of  bolts  iinder  hardened>by-heat  treatment  condition  has 
been  carried  out  in  accordance  with  the  process  of  manufacture 
which  included  the  following  operations: 

-  hot  heading  of  bolt  head; 

-  reduction  of  body  for  successive  thread  rolling; 

-  strengthening  thexmal  treatment; 

-  grinding  of  radius  under  bolt  head  euid  diameter  of  plane 
part; 

-  spinning  of  radius  under  bolt  head; 

-  thread  rolling; 

-  LUM  control. 

Conditions  of  heating  for  heading  of  the  bolt  head  are:  foryS- 
alloys  -  740+10  ®C  and  foro^  +^alloy8  -  780+10  °C  with  holding 
at  the  heating  temperature  for  10-12  a.  The“1aolt8  have  been 
subjected  to  strengthening  thermal  treatment  with  the  aim  of 
obtaining  different  degree  of  strength  and  comparative  evalvia- 
tion  of  their  operating  characteristics  has  been  carried  out. 

The  results  of  inquiries  into  mechanical  properties  and  opera¬ 
ting  characteristics  are  tabulated  in  Table  4. 

Conclusion 


1.  Possibility  of  use  of  titanlim  alloys  of  various  classes 
for  making  fasteners  has  been  Investigated.  It  was  proved  that 
beta-titanium  alloys  have  much  higher  technological  plasticity 
as  compared  withe><  +/^tltanium  alloys. 

2.  It  was  determined  that  the  use  of  high-strength  (/+/8  and  y^- 
tltanlvun  alloys  characterized  by  the  ultimate  strength  higher 
than  1200  MPa  makes  it  possible  to  Improve  operating  characte¬ 
ristics  of  bolts.  The  bolts  made  of  beta-alloys  are  less  sen¬ 
sitive  to  skewing  during  tension  test  as  compared  with  the 
bolts  made  of +^- titanium  alloys  provided  that  they  have  the 
same  level  of  strength. 

3.  Perspective  of  the  use  of  beta-alloys  for  making  fasteners 
characterized  by  the  ultimate  strength  of  up  to  1400  MPa  was 
shown.  It  is  advisable  to  carry  out  additional  inquiry  to  spe¬ 
cify  operating  characteristics  of  the  bolts  made  of  beta-tita¬ 
nium  alloys  characterized  by  the  ultimate  strength  of  1200- 
1400  MPa. 


STRUCTURE  AND  KBCHANICAL  PROPERTIES 
OP  VT22  (at+P)  HIGH  STRENGTH 
TITANIUM  ALLOY  SEMIPRODUCTS 


I.  S.  Polkln,  V.  L.  Rodionov,  A.  N.  Stroshkov, 
T.  V.  lahtinklna,  V.  G.  Kudryashov,  0.  S.  Korobov 
All-Ruaela  Institute  of  Ll^t  Alloys, 
Moscow,  Russian  Federation 


Abstract 

VT22,  a  high  strength  Tl-5Al-4.5Mo-4. 5V-1Cr-1Pe  titanium  al¬ 
loy,  la  widely  used  In  production  of  rolled  and  forged  rods, 
drop  forgings,  press  forgings,  extruded  tubes,  and  plates. 

The  main  advantage  of  this  alloy  Is  Its  wide  range  of  mechani¬ 
cal  properties  (UTS,  El,  RA)  and  charaoterlstlcs  of  service¬ 
ability  (KCT,  K-jg,  PCGR,  LCP)  through  thickness  up  to  250  mm 

owing  to  high  hardenablllty. 

The  globular  mlorostzoicture,  or  mlcrostruoture  approximated  to 
such,  obtained  during  deformation  Is  the  necessary  condition 
for  Insuring  high  strength,  ductility  and  serviceability.  For¬ 
mation  of  such  microstructure  is  complicated  by  the  difficul¬ 
ties  of  Insuring  sufficient  deformation  field  because 

of  the  low  teiq>erat\ire  of  polymorphic  transformation,  860  °C. 
The  principle  schemes  for  formation  of  necessary  structures 
and  optimum  conditions  of  heat  treatment  are  given  In  this  pa¬ 
per.  Changes  In  characteristics  of  serviceability  at  various 
levels  of  strength  (1050-1400  MPa)  are  also  shown.  The  data 
obtained  Indicate  that  VT22  alloy  Is  very  promising  for  appli¬ 
cation  In  highly  stressed  structures. 


d  structure 


Aging  at  which  is^roved  strength  can  be  obtained  due  to  decom¬ 
position  of  p -solid  solution  Is  used  as  one  of  the  main  me¬ 
thods  of  hardening  -f  B  titanium  alloys.  Attainment  of  high 
strength  Is  attributed  to  two  factors;  quantity  of  the  age- 
hardenable jB -phase  and  quantity  of  strengthening  phase  formed 
at  aging.  Relationships  between  these  two  factors  are  deter¬ 
mined  by  alloying  cmd  heat  treatment  conditions. 

Generalized  phase  diagram  [13  for  two-phase  (f('f^)  alloys 
(Fig.  1 }  shows  that  In  the  alloys  with  oonoentration  of  alloy¬ 
ing  elements  less  than  critical  level  (Cj^) ,  p  -phase  is  not 
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fixed  by  quenching  and  at  quenching  martensite  phases  ^  (with 
hexagonal  crystal  lattice)  or <4*  (with  ortorhombio  lattice)  are 
formed.  In  alloys  with  higher  concentration  of  alloying  ele¬ 
ments  than  critical  (C)^),  quantity  of oC -phase  formed  at  aging 
(N.<.  cm)  is  maximum  for  quenched  alloys  with  concentration 
close  to  C^.  Thv'  qviantity  of«4-phaee  decreases  with  the  incre¬ 
ases  of  JB -solid  solution  concentration  (Pig.  1b).  Then,  maxi¬ 
mum  age^iardening  can  be  attained  in  alloys  ediere  concentra¬ 
tion  of  alloying  elements  is  close  to  Cj^. 


Figure  1  -  Generalized 
phase  diagram  of  two- 
phase  titanium  alloys 
and  change  in  phase 
composition  during 
aging: 

a  -  phase  diagram; 
b  -  change  of  amount 
of  d>  andjS  -phases  (Nw, 
a)  during  aging  after 
quenching  (Sq^'O  and 

after  slow  cooling 

(*tjj»o4eT2,  ^2). 

where  :e4fl-  primary  46- 
phase ;  «6cr,  o6 -phase  pre¬ 
cipitating  during 
ae^ng;  ^  ^  ^  -phase 
fixed  by  quenching; 

P2  -  residual  phase 


In  cooling  at  slower  rates  than  those  of  quenching,  partial 
transformation  resulting  in  formation  of  primary  «6 - 
phase  occiurs.  Change  in  quantity  of  this  phase  (N«ln  )  with 
concentration  is  shown  in  Fig.  1b.  Partial  txansfoxmation  du¬ 
ring  cooling  of  alloys  res::lte  in  formation  of  certain  eC  -  and 
^ -phase  relationships,  schematically  shown  by  the  curve  (W.) 
in  Pig.  la.  At  aging  tenq;>erat:u:e,  further  decomposition  ofjB- 
solid  solution  with  precipitation  of  disperse et -phase  occurs 
in  the  alloys  with  changed  quantity  of  eC  and  B  phases  after 
cooling.  Schematic  representation  of  change  in  alloy  composi¬ 
tion  during  such  treatment  is  shown  in  Fig.  1b.  It  can  be  seen, 
that  the  quantity  of «C -phase  precipitated  at  aging  is  also 
near  maximum  for  alloys  with  concentration  of  alloying  ele¬ 
ments  close  to  C;^. 
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VT22  alloy  la  olasslfled  among  the  alloya  In  which  concentra¬ 
tion  of  alloying  elements  In  near  critical  but  above  It.  One 
of  the  advantages  of  this  alloys  Is  Its  high  hardenablllty, 
which  allows  one  to  prevent  decomposition  of  solid  solution 
during  ooollng  after  deformation  or  he<it  treatment.  Xhls  of¬ 
fers  ample  control  of  structure  ctnd  properties  and,  as  a  re¬ 
sult,  allows  one  to  use  this  alloy  as  a  hl{^  strength  mate¬ 
rial  for  production  of  a  wide  range  of  products  for  aerospace. 

On  the  other  hand,  the  alloy's  chemical  composition,  close  to 
critical  Cvt  results  In  rather  complex  character  of  phase 
trwsformaTlons  during  aging.  Pig.  2  shows  phase  transforma¬ 
tion  diagram  for  this  alloy  aged  from  the  state  obtained  by 
quenching  from  ^  -field.  It  can  be  seen  that  depending  on  the 
age  temperature , cO  , .6"  and el -phases  can  precipitate.  It  Is 
shown  that  fields  of  precipitation  of  phases  of  various  types 
overlap  forming  more  complex  phase  states.  Hardness  Isollne 
network  traced  on  the  diagram  shows  close  agreement  of  change 
In  properties  with  change  In  phase  states. 


Careful  analysis  of  microstructure  obtained  by  quenching  from 
P -field  shows  that  nuclei  of cO -phase  are  present  in  the  alloy. 
The  growth  of u) -phase  particles  is  observed  at  aging  tempera¬ 
tures  up  to  425  **0  and  Is  not  accompanied  by  pronounced  harde¬ 
ning.  Hardening  sharply  rises  at  precipitation  of  cC"  -phase  In 
the  quenched  alloy  (Pig.  3)«  Rhomboidlty  (ratio  of  lattice 
constant,  l.e.  a  and  b;  of  this  phase  remains  constant  Initi¬ 
ally  and  then  begins  To  reduce  due  to  relaxc^tlon  of  internal 
stresses  and  transition  to  eC  -phase  and  to  «6  (cU)  phase.  This 
latter  process  la  accompanied  by  the  Improvement  In  hardness 
and  strength. 

The  oriented  character  of  precipitation  of sC"  -particles.  In 
accordance  with  Burgers  orientation  relation  (2.3  ]  ,  texture 
and  character  of  particle  distribution  in  the  structure;  and 
preset  character  of  distribution  ofu> -particles  create  orien¬ 
ted  microstresses  emd  can  lead  to  spontaneous  cracking  [  ] 

of  the  alloy  In  aging.  Such  cracking  can  be  also  observed.  In 
isolated  cases,  during  heating  of  quenched,  coarse-graln  In¬ 
got  to  hl^er  aging  temperatures  whenu7 -phase  particles  are 
formed  at  the  first  stages  of  heating.  Thus,  a  treatment  In¬ 
cluding  quenching  from  p -field  +  aging  Is  not  always  suitable 
for  VT22  products  as  It  can  cavise  cracking. 
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Figure  3  -  Change  In 
hardness  emd  rhomboldity 
of  lattice  In  VT22  alloy 
quenched  from  p  -field 
and  aged  at  400  (ra¬ 
tio  of  rhomboldity:  a 
and  b  axes  ratio;  at*~ 
bxatf)  rhombic  lattice 
becomes  hexagonal). 
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Studies  have  shown  that  lowering  of  quenching  temperatures  to 
the «!, -field  changes,  the  concentration  of  ^ -solid  solution 
and  does  not  caused) -phase  precipitation  during  aging  (Fig.  4). 
In  this  connection  the  changes  In  structure  character  of  dis¬ 
tribution  of  oL"  («L)-partlcles  are  not  governed  by  the  distribu¬ 
tion  of cC -phase  particles  in  structure,  and  oriented  mlcrostre- 
saes  arising  during  aging  are  limited  by  the  fields  between 
primary  -phase  particles  and  relax  on  them. 


Figure  4  -  Diagram  of 
phase  transformation 
dvirlng  aging  of  VT22 
alloy  quenched  from 
<i-¥  p  field  temperatvo'e 
(750  °C). 


Fig.  5  shows  schematic  representation  of  VT22  alloy  structu¬ 
res  forming  during  the  main  types  of  heat  treatments.  Blmodal 
structure  Is  optimum  and  allows  combination  of  high  strength 
and  high  ductility.  This  structure  results  from  Isothezmal  hol¬ 
ding  Infl6+/Ufleld  near  the  temperature  of  polymorphic  transfor¬ 
mation  (T;»),  slow  cooling  to  quenching  temperature  and  subse¬ 
quent  one-  or  two  step  aging. 

Isothermal  holding  close  to  T^  after  deformation  allows  refi¬ 
ning  of  8 -phase  structure  due  to  recrystalllzatlon  cmd  polygo- 
nlzation.  The  subsequent  cooling  results  in  precipitation  of 
fl(,-phase  particles  of  optimum  size  along  8 -grain  (subgrain)  bo¬ 
undaries.  This  permits  a  reserve  of  ductility  cuid  obtaining  an 
amount  of  -phase  hardened  by  the  subsequent  aging,  which  Is 
necessary  for  attainment  of  desired  strength  level  and  to 
avoldu) -phase  precipitation  due  to  change  in  concentration  of 
^ -solid  solution. 


Figure  5  -  Schematic  representations  of  structures  forming  du¬ 
ring  main  types  of  heat  treatments  of  VT22  alloy,  vdiere:  1  - 
deformation  In  B -field,  quenching  from ^ -field;  2  -  deforma¬ 
tion  In  field.  Isothermal  holding  In -i- ft  field  close  to 
Hpi  formation  of ^ -phase  structure  due  to  recrystalllzatlon 
and  polygonlzatlon,  formation  of  primary c6 -phase  structure; 

3  -  slowed  cooling  to  quenching  temperature;  formation  of  pri¬ 
mary  <(,  -phase  structure,  change  In  concentration  otfi  -solid  so¬ 
lution,  establishment  of  necessary  proportions  of  S,  and  8 -pha¬ 
ses;  4  -  aging  at  Intermediate  temperatures  for  attalnmmt  of 
necessary  strength  level  due  toc&-phsse  precipitation;  5  -  low 
temperature  aging  for  uniform  distribution  of <)(, -particles  du¬ 
ring  aging,  spontaneous  cracking  can  occur  in  case  of  aging 
after  quenching  from  p -field. 


The  results  of  studies  of  one  and  two  step  aging  conditions 
have  shown  that  the  desired  degree  of  hardening,  while  preser¬ 
ving  sufficient  ductility,  can  be  obtained  during  step-by-step 
aging,  due  to  the  higher  degree  of S -solid  solution  decomposi¬ 
tion.  In  this  case,  the  scheme  includes  low-temperature  aging 
*  high-temperature  aging  is  preferable  for  structures  obtained 
after  such  treatment  are  more  homogeneous  due  to  the  fact  that 
at  low-temperature  aging  distribution  of  precipitating 06 -par¬ 
ticles  is  more  unlfom  and  is  Inherited  by  the  second  (high 
temperature)  step  of  aging. 


2.  c: 


_ e  of  Structure  After  Hot 

formation  or  Vt22  Alloy 


To  understand  the  potential  of  VT22  alloy,  it  is  necessary  to 
investigate  change  and  formation  of  structure  as  the  joint  ef¬ 
fect  of  deformation  and  heat  treatment.  During  deformation,  a 
set  of  various  types  of  structures  can  be  formed  in  the  alloy 
by  varying  temperature-deformation  parameters.  Pig.  6  shows 
selected  schemes  of  deformation  processing  which  result  in  for¬ 
mation  of  the  most  typical  structures  for  VT22  alloy. 


According  to  Scheme  6a,  deformation  is  carried  out  in S -field, 
with  the  major  deformation  process  being  the  second  step.  As  a 
result,  nonrecrystallized  grain  structure  having  high  values 
of  fracture  toughness  (K.  )  and  fatigue  crack  growth  rate  re¬ 
sistance  (FCGR)  formed. 


A  mixed  globular  and  transformed  structure  is  formed  d\irlng  de¬ 
formation  according  to  Scheme  6b.  The  main  deformation  process 
takes  place  in  g -field  and  the  process  proceeds  with  gradual 
lowering  of  temperatiire  with  final  deformation  completed  ineC+^ 
field.  Bilaterial  with  such  type  of  structure  has  rather  hi^ 
ductility  level,  but  K.  and  POOR  value  are  slightly  lower 
than  those  in  Scheme  6a^material. 


Scheme  6c  shows  that  after  preliminary  deformation  inB  -field, 
the  major  deformation  is  carried  out  in«6 field.  As  a  result, 
globular  structure  is  formed.  Studies  have  shown  that  this 
structure  is  optimum  for  high  strength  and  ensures  favourable 
combination  of  ductility  (El,  RA),  fatigue  (LCP)  and  good  rup¬ 
ture  properties  (K.jq»  PCGR). 
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.  Mechanical  Properties  of  Thick 
v'T22  Alloy  Semiproducts 


As  VT22  alloy  is  used  with  an  ultimate  tensile  strength  of 
1150-1200  MPa,  its  rupture  properties  are  of  great  Importance. 
Pigs  7  and  3  show  change  in  fracture  toughness,  fatigue  crack 
growth  rate  and  low  cycle  fatigue  depending  on  ultimate  ten¬ 
sile  strength  for  varlotis  types  of  structures. 


Scheme  6a  material  has  a  higher  level  of  K.  and  PCGR  proper¬ 
ties  in  comparison  to  globular  structure  material  (Scheme  6c) 
within  the  whole  range  of  strength.  The  plot  shows  that  opti¬ 
mum  values  of  strength  for  VT22  alloy  fall  in  the  range  of 
1200-1250  MPa  (Pig.  7),  to  achieve  desired  combination  of  K. 
and  PCGR. 
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Figure  6  -  Schemes  of  deformation  used  for  production 
of  semiproducts  in  VT22  alloy  with  various 
types  of  structures  and  strength  levels. 

Fig.  8  demonstrates  advantages  of  the  globular  structure,  ma¬ 
terial  with  a  high  level  of  LCF,  LFR  up  to  1250-1300  MPa. 

Sharp  decrease  in  LCF  values  are  observed  at  higher  level  of 
strength. 

A  problem  of  formation  of  a  homogeneous  structure  throughout 
the  thickness  of  semiproducts  may  arise  because  of  the  fact 
that  in  formation  of  globular  structure,  the  main  defomation 
process  proceeds  in  +P  field  at  rather  low  temperatures,  be¬ 
cause  of  relatively  low  temperature  of  polymorphic  transforma¬ 
tion  (860  ®C)  of  VT22  alloy. 

Thoroughly  developed  conditions  of  deformation  and  heat  treat¬ 
ment  allow  production  of  material  with  sufficient  homogeneity 
of  structure  and  distribution  of  properties  throu^out  the 
bulk  of  semiproducts. 
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Fig.  9  shows  change  in  strength  and  fracture  toughness  through 
the  thickness  of  semiproduct  at  two  levels  of  initial  strength 
The  degradation  of  strength  as  a  function  of  thickness  is  re¬ 
lated  to  the  amount  of  metastable  ^ -phase  at  various  cooling 
rates  at  different  points  of  the  cross-section.  During  deoom- 


position  of  this  phase,  microstructure  differing  in  amount  and 
morphology  of«C-pnase  may  then  make  varying  contribution  to 
strengthening  of  the  material. 


duct. 


s'ig,  10  shows  comparative  data  on  fracture  toughness  of  seve¬ 
ral  titanium  alloys  treated  to  obtain  strength  above  1200  MPa 
with  various  values  of/  -phase  stabilization  coefficient  (K^) 
which  is  used  to  characterize  the  degree  of  alloying  of  these 
materials.  Ihls  plot  corroborates  the  merit  of  VT22  alloy  in 
terms  of  its  rupture  strength  in  a  high-strength  state.  This 
property  determines,  to  a  considerable  extent,  the  application 
of  the  alloy  in  higUy  stressed  structures. 

Conclusion 

1 .  The  main  mechanisms  of  phase  tzansf ormatlons  in  highly  al¬ 
loyed  tltemlum  alloys  have  been  discussed.  It  has  been  found 
that  these  alloys  with  chemical  composition  close  to  a  criti¬ 
cal  level  have  the  lemrgest  potential  to  achieve  combination 
of  high  mechanical  properties. 

2.  Decomposition  of/  -phase  in  these  alloys  can  be  aocompemled 
by  precipitation  of  metastable  and  u)  phases  vdilch  have  unfa¬ 
vourable  effect  on  ductility  properties. 

Possible  approaches  to  heat  treatment  iriilch  avoid  formation  of 
embrittling  phases  ditring  aging  of  commercial  have  been  demon¬ 
strated. 


3.  Thermomechanloal  treatment  conditions  for  VT22  alloy  semi¬ 
product  have  been  developed.  These  conditions  permit  fozina- 


tlon  of  tailored  struetvire  ensuring  optlmiun  oonbination  of  me¬ 
chanical  and  epeolal  properties. 

4.  Heohanical  properties  and  ruptiire  properties  of  thick  se¬ 
miproducts  treated  so  as  to  attain  different  strength  levels 
have  been  investigated.  The  possibility  of  attalng  a  ultimate 
tensile  strength  above  1200  MPa  in  the  centre  of  cross  section 
C^230  mm)  has  been  shown. 

5.  Investigation  of  fatigue  and  rupture  strength  properties 
has  shown  satisfactory  combination  of  values  of  all  properties 
through  the  whole  thickness  of  semiproducts. 


Ti-<7 


VT6.M 


Figure  10  -  Interrelation  of  fracture  toughness  and 
-phase  stabilization  coefficient  for 
tltcmium  alloys  treated  so  as  to  attain 
strength  above  1200  KFa. 
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Abstract 

Tensile  tests  involving  a  90*  change  in  direction  of  applied  stress  after  selected  levels  of 
prestrain  were  carried  out  on  commercial  purity  dtanium  of  grade  IMI 125.  Stress-strain 
and  work  hardening  data  were  compared  with  the  behaviour  of  monotonically  stretched 
samples.  At  similar  total  strain  levels,  work  hardening  rates  in  prestrained  samples  were 
higher  than  in  the  monotonically  stretched  samples,  leading  to  an  increase  in  uniform 
stretching.  The  behaviour  is  similar  to  that  observed  in  face-centred  cubic  alloys  with  a 
low  stacldng  fault  energy. 

Intredugtion 

The  effects  of  strain  history  or  strain  path  on  the  mechanical  behaviour  of  sheet  metals 
with  cubic  crystal  structures  have  been  extensively  studied.  A  list  relevant  publications 
is  given  in  reference  (1).  The  practical  stimulus  for  such  studies  arises  from  the  fact  that 
complex  strain  path  changes  often  occur  in  real  sheet  metal  forming  operations.  In  the 
laboratory,  simulative  tests  involving  sudden  changes  in  straining  can  be  made  and,  in 
principle,  the  changes  in  mechanical  response  can  be  measured  and  related  to 
microsmictural  features. 

Accurate  measurements  of  work  hardening  rate  are  conveniently  made  in  uniaxial  tests, 
and  therefore  tests  involving  uniaxial  prestrain  followed  by  uniaxial  restraining  in  a 
different  direction  offer  the  possibility  of  observing  in  detail  the  transient  changes  in  work 
hardening  behaviour  usually  associated  with  a  change  in  strain  path. 

It  has  been  observed  in  cubic  metals  that  the  transient  changes  can  be  described  either  as  a 
lowered  initial  flow  stress  with  an  increased  hardening  rate  (Type  1)  or  an  increased 
initial  flow  stress  with  a  reduced  hardening  rate  (Type  2)  (2).  Ty^rc  2  behaviour  has  been 
associated  with  metals  of  high  stacking  fault  energy  (SFE)  which  contain  well-develop^ 
dislocation  cell  structures  after  deformation.  When  the  applied  stress  direction  is 
changed,  these  cell  structures  tend  to  be  destroyed  leading  to  a  reduction  in  hardening 
rate.  Continued  deformation  in  the  second  mode  results  in  the  generation  of  a  new  cell 
structure  and  a  recovery  in  the  hardening  rate,  Fig.  1(a).  Thus  type  2  behaviour  can 
result  in  a  drastic  reduction  in  uniform  elongation  in  the  restrain  test  following  prestrain 
above  a  certain  level.  Type  1  behaviour  has  been  observed  in  face  centred  cubic  materials 
with  low  SFE.  Such  materials  are  less  susceptible  to  transient  reductions  in  work 
hardening  rate  than  the  high  SFE  materials.  Fig.  1(b). 
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Figure  1  -  Work  hardening  rates  following  90*  strain  path  changes  in  uniaxial  tension 
(a)  aluminium,  representative  of  high  SFE  materials,  (b)  austenitic  stainless 
steel,  representative  of  low  SI^  material  (1). 

Another  factor  which  may  contribute  to  changes  in  work  hardening  rate  after  a  change  in 
strain  path  is  related  to  the  internal  stress  system  in  different  regions  of  the  specimen. 
Although  the  largest  effects  are  observed  in  two-phase  alloys  (2),  the  behaviour  of  certain 
single  phase  materials  with  restricted  slip  may  be  strongly  influenced  by  residual  stresses. 
Also,  in  alloys  containing  sufficient  solute  concentration,  dynamic  strain  ageing  can 
inhiUt  the  dislocation  rearrangement  process  characteristic  of  type  2  behaviour,  and  thus 
reduce  the  transient  fall  in  work  hardening  rate. 

These  observations  on  cubic  metals  provide  a  useful  background  for  a  study  of  strain 
path  changes  in  a  metal  with  hexagonal  close  packed  structure.  However,  it  should  be 
borne  in  mind  that  differences  in  deformation  tnodes  will  almost  certainly  he  reflected  in 
differences  in  response  to  strain  path  changes.  The  most  obvious  difference  is  the 
propensity  of  some  hep  materials  to  exhibit  extensive  amounts  of  deformation  twinning. 
The  tendency  for  hep  titanium  to  form  deformation  twins  depends  strongly  on  the 
chemical  composition  of  the  alloy  and  its  grain  size  (3,4).  Published  information  about 
the  influence  of  strain  path  changes  in  titanium  is  very  sparse  (5,6).  Both  of  these 
studies  were  mainly  concerned  with  the  effects  of  strain  history  on  forming  limit 
diagrams.  They  involved  combinations  of  uniaxial  and  biaxial  stretching,  and  no  attempt 
was  made  to  measure  changes  in  work  hardening  behaviour.  The  present  investigation 
describes  a  preliminary  attempt  to  address  this  aspect 


The  nuiterial  used  in  this  study  was  commercially  pure  titanium  sheet  of  grade  IMI 125. 
This  is  an  intermediate  grade  typically  containing  a  relatively  high  oxygen  content  of 
about  0.15  wt.%.  The  sheet  was  received  in  the  mill-anneal^  condition  at  a  nominal 
thickness  of  1.00  mm.  The  average  grain  diameter  was  about  20  pm,  and  the  material 
had  the  normal  type  of  texture  developed  in  commercially  processed  annealed  titanium 
sheet  with  basal  plane  poles  tilted  away  from  the  sheet  normal  towards  the  transverse 
direction.  Fig.  2.  The  ODF  representation  indicates  in  addition  that  there  is  a  spread 
between  <10T0>  and  <1 120>  duections  aligned  with  the  rolling  direction.  As  a  result  of 
the  formation  of  this  texture,  the  sheet  exhibits  a  degree  of  planar  anisotroj^,  and  uniaxial 
(ensile  properties  measured  parallel  to  the  rolling  direction  (RD)  arui  at  90*  to  RD  show 
some  distinctive  differences. 
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Figure  2  -  Crystallographic  texture  of  the  as-received  material.  Constant  sections. 

The  mechanical  properties  of  the  as-received  sheet  are  listed  in  Table  1.  For  the  two-stage 
tests,  large  tensile  test  pieces  with  a  parallel  gauge  length  of  350  mm  and  a  width  of 
1 12  mm  were  machined  with  the  tensile  axis  either  at  0’  or  at  90*  to  RD.  These  were 
prestrained  to  preselected  strain  levels  up  to  maximum  values  corresponding 
approximately  to  the  values  of  uniform  elongation  listed  in  Table  I.  Small  tensile  test 
pieces  with  the  tension  axis  at  90*  to  the  axis  of  the  large  specimens  were  cut  out  using  an 
electro  discharge  machine  and  these  small  specimens  were  subsequently  extended.  The 
parallel  gauge  length  of  these  test  pieces  was  35  mm  and  elongations  were  measured  on  a 
25  mm  gauge  length. 

From  the  load-extension  signals,  a  computer  programme  gave  numerical  and  graphical 
outputs  of  true  stress,  a,  true  strain,  e,  and  the  relationship  between  do/de  and  E.  For 
further  processing  of  the  data,  the  selected  total  stain  range  was  divided  into  50  intervals 
with  sniall  intervals  in  the  small  strain  range  and  larger  interval  sizes  at  large  strains.  The 
average  slope  of  the  o/E  relationship  witMn  each  of  these  intervals  was  derived  fo>m  a 
regression  coefficient  calculated  from  the  distribution  of  o  and  e  values  collected  within 
each  of  the  strain  intervals.  With  the  strain  rates  used  in  the  tests,  each  of  the  calculations 
of  do/de  was  based  on  several  hunched  datum  points.  Finally,  an  optional  smoothing 
routine  can  be  applied  before  the  derived  relationships  are  ploned.  This  involves  a 
repeatable  five-point  least  squares  fitting  procedure.  All  the  do/dE  relationships  shown  in 
this  work  have  been  smoothed  in  this  way.  Using  these  procedures  excellent 
reproducibility  is  obtained  in  repeat  tests. 


Table  I  Mechanical  Propenks  Stalling  Material 


E)iiectionof 

0.5%  PS 

UTS 

Uniform 

Total  Elongation 

Plastic 

Test  Relative 

MPa 

MPa 

Elongation 

Strain 

toRD 

on  25  mm 

on  50  mm 

Ratio 

percent 

percent 

r 

0 

397 

468 

0.120 

37 

27 

1.49 

90 

424 

469 

0.075 

44 

32 

2.86 

Results 

True  stress-strain  curves  and  do/de  strain  curves  for  a  selected  range  of  prestrains  for 
0-90'  tests  and  90-0*  tests  are  shown  in  Rgs  3  and  4  respectively.  The  sha^s  of  the  a-€ 
curves  in  two-stage  tests  axe  distinctly  dinerent  in  the  two  figures.  In  tl«  0-90  tests,  a 
high  initial  rate  of  work  hardening  is  accompanied  by  an  increase  in  flow  stress  relative  to 
the  monotonic  curve.  The  two-stage  90-0  tests  show  a  much  lower  initial  flow  stress  and 
a  gradual  rise  towards  the  level  of  the  monotonic  curve.  In  neither  case  does  there  appear 
to  be  any  indication  of  transient  drop  in  work  hardening  rate  as  is  observed  with  most 
comriKtn  cubic  metals. 


Total  strain 


Figure  3  -  o-e  and  dE/d£  curves  for  0-90  tests  on  titanium,  IMl  125  grade. 


Figure  4 
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-  o-e  and  de/de  curves  for  90-0  tests  on  titanium,  IMI 125  grade. 

Table  II  Results  of  Straw  Path  Change  Tests 

Prestrain 

Residual  Strain 

Plastic  Strain  Ratio 

Residual  Total  Elongation 

r 

on  25  mm 

% 

0-90  Tests 

0  (Monotonic) 

0.075 

2.9 

37 

0.041 

0.052 

2.7 

32 

0.044 

0.048 

3.2 

34 

0.056 

0.052 

2.4 

34 

0.056 

0.049 

3.3 

31 

0.087 

0.035 

- 

28 

0.093 

0.033 

- 

26 

0.127 

0.036 

2.8 

34 

0.137 

0.036 

3.8 

34 

90-0  Tests 

0  (Monotonic) 

0.120 

1.5 

44 

0.023 

0.087 

1.8 

33 

0.027 

0.085 

1.4 

35 

0.027 

0.092 

1.7 

33 

0.028 

0.083 

1.8 

33 

0.036 

0.088 

1.4 

36 

0.076 

0.059 

« 

32 

0.079 

0.059 

- 

28 

Measurements  of  the  unifonn  strain,  defined  as  the  strain  rate  when  de/de  is  equal  to  o, 
are  given  in  Table  2.  Also  quoted  in  this  taUe  are  the  values  of  the  plastic  strain  ratio, 
(r),  and  the  total  elongation.  A  simple  summation  of  the  presirain  and  residual  strain 
values  indicates  that  thm  is  no  sudden  drop  in  residual  duc^ity  above  a  certain  presirain 
level  -  a  feature  that  is  observed  with  many  cubic  metals.  A  better  way  of  representing 
the  results,  taking  account  of  the  measured  r  values,  is  to  plot  the  values  on  a  strain  path 
diagram  as  shown  in  Figs.S(a)  and  S(b). 

In  order  to  make  more  meaningful  comparisons  with  the  behaviour  of  cubic  metals,  it  is 
necessary  to  establish  the  extent  of  defoimation  twinning  during  deformation  of  the 
titanium  used  in  the  present  work.  Tracings  of  optical  micrographs  of  samples  deformed 
at  the  limits  of  uniform  extension  are  shown  in  Fig.  6.  The  tkformation  twins  are  shaded 
in  black  and  from  the  relative  sparsity  of  twins,  it  can  be  assumed  that  the  predominant 
deformation  rtKxle  in  the  material  investigated  is  crystallographic  slip.  This  is  consistent 
with  earlier  observations  (3,4)  that  twinning  is  inhibited  by  a  fine  grain  size  aitd  by  a  high 
interstitial  content. 


Discussion 

Although  strain  path  changes  are  commonly  referred  to  by  the  change  in  direction  of  the 
applied  stress  (e.g.,  0-90),  a  more  fundamental  way  of  describing  the  path  changes  can 
be  defined  using  the  components  of  the  strain  tensor  for  sheet  materials.  The  angle 
between  two  normalised  vectors  representing  die  two  strain  states  is  then  given  by  (7): 


cos  P  = 


(l  +  cos^  a)(l  +  pq)  -  (l  +  sin  ^  a)(p  +  q) 
1^\  -  p  ^  P^-J\-  Q  + 


in  which  a  is  the  angle  between  two  sets  of  tensile  axes  in  the  sheet  plane  and  p  and  q  are 
measures  of  anisotropy; 


P  = 


1  -1-  r 


9  =  T 


+  r. 


T]  and  r2  being  the  plastic  strain  ratios  in  the  two  test  directions  respccbvely. 

For  isotropic  materials,  p  =  q  =  O.S  and  for  a  90*  change  in  tensile  direction  in  the  plane 
of  the  steel,  the  angle  41  is  equal  to  120*.  However  for  high  values  of  p  and  (j,  the  angle 
is  greater.  When  rj  =  l.S  and  r2  =  3.0,  as  in  the  present  material,  ^  is  143',  which  is 
approaching  a  complete  reversal  of  the  strain  vector. 

Under  such  circumstances,  the  influence  of  directional  internal  stresses  may  be  of  greater 
significance.  Long-range  directional  stresses  in  softer  regions  combine  with  the  new 
applied  stress  to  cause  plastic  deformation  to  stan  in  the  softer  regions  at  a  relatively  low 
applied  stress  (1).  In  single  phase  fee  materials,  the  effect  of  internal  stresses  which 
enhance  work  hardening  rates  in  the  second  stage  of  straining  is  more  pronounced  in 
materials  in  which  cross  slip  is  more  difficult,  i.e.,  materials  with  a  low  SFE.  Results 
obtained  with  70/30  brass  and  a  stable  fee  stainless  steel  support  this  view. (Fig.  1(b)). 


It  has  been  shown  (8)  by  TEM  observations  that  high  levels  of  interstitial  oxygen  in 
commercially  pure  titanium  tend  to  produce  planar  sUp  anays  after  strains  of  a  few 
percent,  conqrared  with  more  tangl^  dislocation  arrays  in  the  low-interstitiai  alloys. 

Thus  die  relatively  high  rate  of  work  hardening  and  the  absence  of  a  sharp  transient 
reduction  in  hardening  rate  observed  in  the  second  stage  of  straining  in  IMI 125  may  be 
related  to  the  apparent  difficulty  of  cross  slip  in  high  interstitial  titanium.  Further  tests  on 
low-interstitial  titanium  sheet  are  planned. 

The  pronounced  rise  in  flow  stress  observed  in  the  0-90  tests  is  probably  due  to  the 
planar  anisotropy  of  the  sheet  With  the  g^ven  texture  in  the  matoial  and  assuming  that 
prismadc  slip  is  the  main  deformation  m^e,  the  Schmid  factor  can  be  calculated.  For 
uniaxial  tension  at  0*  to  RD,  the  Schmid  factor  on  two  of  the  three  prismatic  systems  is 
0.43,  while  for  tension  at  90*  to  RD,  the  cmresponding  value  is  0.29  (3).  It  is  reasonable 
to  assume  that  following  the  relatively  small  strains  involved  in  testing  this  materials,  the 
change  in  texture  during  tensile  deformation  will  not  be  significant  arid  thus  the  flow 
stress  to  cause  deformation  in  the  90*  direction  is  higher  than  that  required  in  the  0* 
direction. 
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Manufacturing  of  Large  Turbine  Blades  of  Titanium  Alloy 
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Abstract 

The  l(M0mm(40  inch)  large  Ti  -  6AI  -  4V  blade  was  forged  with  392MN*m  counter  blow  hammer.  The 
forging  process  Is  designed  by  computer  simulation  techiniques  which  are  based  on  primary  analytical 
slab  method  and  rigid  vlscopiastk  finite  element  method.  As  the  simulation,  three  steps  of  forging, 
flattening,  twisting,  finishing,  has  less  unbalanced  force  and  has  uniform  material  flow  than  direct 
forging.The  titanium  blade  made  by  three  steps  of  forging  method  is  uniformly  deformed  and  has  good 
material  properties. 


Introduction 

The  most  effective  way  to  Improve  the  heat  efficiency  of  a  steam  turbine  for  power  generation  is  the 
use  of  long  blades  at  the  low  -  pressure  final  stage  The  use  of  long  blades,  however,  raise  a  problem 
when  the  conventional  12Cr  material  Is  used  because  its  strength  is  questionable.  Thus,  titanium  alloy, 
being  noted  as  a  substitute  for  12Cr  material  because  of  its  characteristics  of  light  -  weight,high  - 
strength,and  corrosion  -  resistance,  has  been  a  candidate  for  long  blades.  But,in  the  production  of  large 
titanium  blades,  a  new  problem  was  arising  that  a  titanium  has  quite  a  high  deformation  resistance  in  the 
a  *  B  zone ,  making  It  difficult  to  provide  thin  -  walled  blades  especially  with  a  392MN 'm  counter  blow 
hammer.  To  solve  this  problem.  A  technique  to  provide  a  near  -  net  shape  through  a  forging  process  using 
three  steps  of  flattening,  twisting,  and  finishing  was  developed.  This  paper  describes  these  results  of  mass 
production  system. 

1.  Manufacturing  Process  of  Large  Titanium  Blades 

The  manufacturing  process  of  titanium  alloy  (Ti-  6AI-  4V)  blades  is  as  follows.Ingots  are  forged  in  the 
)3  zone,  rolled  In  the  a  *  S  zone,  and  undergo  process.  Then,  forged  preforms  are  prepared  in  the 
a  *  $  zone  again  and  die  -  forged  Into  the  desired  shape  with  a  counter  blow  hanuner.  After  forging, 
blades  are  heat  -  treated,inspected,  and  shipped. 

2.  Outline  of  Foralna  Design 

Fig.l  shows  the  flow  diagram  In  the  blade  forging  design.  The  forging  design  is  done  automatically  by 
CAD  system,  where  the  coordinates  of  machining  geometry  are  input  They  are  developed  to  forging  and 
flattening  geometry.  These  geometries  are  used  for  forging  balance  simulation  and  metal  flow  simulation. 
The  forging  balance  simulation  .which  is  based  on  slab  method,  determines  whether  deformation  is 
permitted.  It  also  determines  the  geometrical  positional  relationship  of  the  die  cavity.  The  limitation  of 
forging  is  based  on  the  concept  that  foxing  Is  possible  when  the  plastic  deformation  energy  of  anvil  due  to 
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forging  loid  is  not  greater  than  the  energy 
given  by  the  hammer  The  metal  flow 
simulation,  which  Is  based  on  rigid  viscoplastic 
finite  element  method  (NASKA"),  predict  the 
under  filling  and  strain  distribution,  and  then 
decide  the  preform  geometry. 

2,1.  Foraing  Balance  Simulation 

The  blade  is  twisted  In  the  longitudinal 
direction.  So  at  the  forging,  the  dies  and 
hammer  receive  thrust  Fx,  Fy  and  moment 
Mx,  My,  Mz  as  shown  In  Fig.Z  As  a  result,  it  Is 
dlfflcult  to  provide  a  precise  foiling.  It  Is  thus 
necessary  to  minimize  the  thrust  Fx,  Fy,  and 
moment  Mx,  My  acting  on  the  forging 
machine  by  optimizing  the  angle  In 
longitudinal  direction  of  die  cavity.  If  the 
design  Is  made  in  this  way,  only  the  moment 
that  rotates  the  dies  in  the  horizontal  direction 
will  remain  as  an  unbalanced  force.  This 
unbalanced  force  is  equal  In  the  upper  and 
lower  dies,  so  it  can  be  absorbed  by  the 
counter  lock  machined  on  the  cavity  to 
minimize  the  danuige  given  to  forging 
machine.  Although  a  three  -  dimensional 
analysis  is  need  to  obtain  exactly  these 
conditions,  it  Is  easy  to  solve  them  as  plain 
strain  problem  when  the  metal  flow  in  the 
longitudinal  direction  Is  small  as  In  this  case  of 
the  turbine  blade.  In  the  forging  balance 
simulation,  the  blade  is  divided  In  the 
longitudinal  direction  as  shown  In  FIgJ,  then 
each  section  Is  divided  Into  rectangular 


Fig.I  Design  flow  for  blade  forging. 


modules,  and  the  slab  method  is  applied  to  each  module  to  add  up  the  forging  load  The  fundamental 


equation  to  obtain  the  stress  distribution,  the  forging  load,  and  the  thrust  are  shown  below  ”. 


Fig.2  Moment  and  thrust  effect  on 

dies  during  forging.  j  Determination  of  module  for  slab  method. 


l)Stress  distribution  and  forging  load 


when  Di+Di  =  0 

a,.  =(A^A,)tn(Y:/Y.)+  0  (1) 

P,  =  (AVA.)  [Y,(lnY,- 1)-  Y.(lnY,- 1) 

[(7,.+(AJA.)lnY.lL  (2) 

when  D,+Di  *  0 

a„  =  (A./Y,)  L  ♦  0,1  (3) 

P,  =(A./2Y,)L’+  Ord-  (4) 


where 

Ai  =  tanCDO-ft^Di) 

Ai  =  -  2  tr  r  ( 24'tan’(D,)'ftan'(Di)  J 

a  a  Stress  at  the  inlet,  stress  at  the  outlet 
a  :  flow  stress 

T  :  Shear  stress 

Di,D,  :  Inclination  of  upper  and  lower  module 

L  :  Length  of  module 

2)Thnist 

P„  =  P,tan(D,)  -  r  [  tan'(Di)+l  J  L  (5) 

P<i  =  PAan(D,)  -  r  ( tan'(D,)+l  j  L  (6) 

where 

P,„  P.,  :  Thrusts  applied  to  the  Upper  and  Lower 
module 

The  force  which  forges  the  blade  can  be  obtained  by 
applying  above  equations  (I)  to  (6)  to  each  module.  At 
this  time,  the  neutral  surface  is  obtained  and,  based  on 
the  resulting  stress  distribution,  the  forging  load  and 
thrust  are  obtained. 

2.2.  Prediction  Method  of  Preform  Geometry 

It  Is  Important  to  prepare  a  suitable  preform  to 
obtain  more  precise  forgings.  So  as  to  obtain  suitable 
preform,  the  reverse  step  method,  which  is  based  on 
slab  method  was  developed.  Flg.4  shows  the  concept  of 
the  reverse  step  method.  This  method  is  as  follows. 

(1) predict  final  neutral  surface  by  adopting  a  slab 
method  to  the  finishing  geometry. 

(2) calculate  the  areas  of  SrO,SIO  which  are  divided 
by  neutral  surface. 

(3) set  back  die  to  the  upper  direction  by  A  H 

(4) calculate  the  material  edges  according  to  the 
condition  of  area  Sr4=Srl  and  SI0=SII. 

(5) Predlct  the  neutral  surface  again  by  adopting 
slab  method  to  region  ERI-ELI. 

(6) get  neutral  surface  continuously  by  repeating 
from  (2)  to  (5). 

Neutral  surface  (Le.  preform  setting  location)  can  be 
easily  predicted  by  this  method  because  of  need  for  less 
computer  power  to  calculate  by  the  slab  method. 

3.1.  Prediction  of  Unbalanced  Forces  Due  to 
Forging 

In  order  to  clarify  the  capability  of  precision 
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Neutral  SurfacetNS.) 


(i)Dctcmlnatlan  of  neutral  suafacetNS.) 

'  ~  '~l  . .  . . 


(b)  Calculation  of  material  edges  £•>  by 
setting  back  upper  die  A  H 
according  to  Su^Sti  and  StaaSm 


(c)  Determination  of  neutral  surface  NS. 


I 


(d)  Prediction  of  Initial  neutral  surface 
with  repitition  of  (b)  to  (c) _ 


Flg.4  Prediction  Method  of  nuetral  surface 


I 


FigJ  Three  types  of  axial  geometry 
for  Made  forging  slmutatkm. 


forging,  flattening  and  direct  forging  were 
compared.  Axial  view  of  flattening  and 
direct  forging  of  blade  are  shown  In  Flg.S. 
Flattened  geometry  is  obtained  by 
correcting  the  finish  or  twisted  geometry. 

Fig.6  shows  the  effect  of  the  cavity 
rotation  angle  on  the  thrust  on  direct 
forging.  In  this  case,  the  thrust  can  be 
minimized  by  setting  the  inclination  of  the 
die  cavity  to  about  36  degrees.  But,  in  direct 
forging,  the  thrust  distribution  is  not  fully 
satisfied  because  of  the  large  thrust  on  both 
ends  of  longitudinal  direction  of  the  blade  Is 
elevated  as  shown  in  Flg.7.  On  the  other 
hand.  In  flattening,  thrust  Is  almost  zero 
along  the  longitudinal  direction  of  blade. 
Fig.8  shows  the  horizontal  moment  due  to 
forging  for  three  types  of  forging,  which 
are  flattening,twisting  and  finishing.  The 
moment  becomes  lower  and  lower  when 
twist  angle  Is  reduced,  then  It  becomes 
almost  zero  when  fully  flattened. 

The  above  analysis  revealed  that,  for  a 
blade  having  a  large  twist  angle,  the  dies 
receive  a  great  amount  of  moment,  thrust, 
which  makes  It  difficult  to  reduce  the  blade 
thickness.  Thus,  a  non  -  twisted  shape  of  the 
same  sectional  profile  was  first  forged,  then 
the  twist  and  the  finish  forging  were 
applied  to  obtain  a  thin  blade. 

3.2.  Investigation  of  Metal  Flow  by 
NASKA 

It  is  impossible  to  predict  the  metal 
flow  by  using  the  slab  method  because  it 
considers  only  finishing  geometry  of 
forging.  So,  metal  flow  of  4  typical  sections 
of  two  types  of  blades  were  predicted  by  the 
FEM  code  NASKA.  The  preform  location  is 


F^.6  Effect  of  cavity  rotation  angle  on  thrust  for 
direct  forging.(slmulation) 


Fig.7  Comparison  of  thrust  distributions  for 
flattening  and  direct  forging. 


Flg.8  Efferct  of  forging  geometry  on  moment 


Flg.9  Calculated  material  center  distribution 
for  flattening. 


Fig.lO  Metal  flow  of  each  section  for 

ftauenlng  and  direct  forging  Flg-l*  MeUi  flow  for  flattening  and  direct 

simuUted  by  NASKA  forging  simulated  by  NASKA 


based  on  the  reverse  step  method  described  before,  which  is  shown  in  Fig.9.  Simulation  conditions  are  as 
follows. 

Flow  stress  cr=  1.0  x  £*’mPa 

Shear  factor  m=  0.3 

The  simulation  results  are  shown  Fig.lO.  In  flattening  process,  the  metal  can  be  filled  almost  uniformly 
all  of  4  sections.  But  In  direct  forging,  metal  cannot  be  filled  uniformly  on  section  C.  FIg.ll  shows  filling 
process  of  section  C  for  two  types  of  forgings.  In  direct  forging,  material  moves  to  the  upper  left  of  the 
cavity,  as  the  result  the  cavity  of  lower  right  in  the  die  remains  underfilled  until  the  end  of  forging.On  the 
other  hand,  in  flattening,  material  moves  uniformly  in  both  directions.  To  compare  with  analysis  to  the 
real  forging,  the  three-  step  forging  and  direct  forging  were  forged  as  a  test.  Results  are  shown  in  Flg.I2. 
In  direct  forging,  underfill  appears  around  the  analyzed  section  C  as  predicted  by  FEM  simulation  but 
does  not  appear  in  flattening  of  three  steps  forging.  As  the  result,  it  is  clarify  that  the  three  -  step  forging 
is  better  to  obtain  more  precise  shape  for  this  type  of  blade.  Photo  I  shows  the  finished  titanium  blade 
forged  with  the  three-  step  forging  prtrcesses,  which  is  precise  and  has  uniform  machinirig  tolerance. 

4.  Mechanical  Properties  of  Foreed  Products 

Fig.l3  shows  the  relationship  between  the  tensile  strength  at  room  temperature  and  the  portions  of 
the  1000mm  (40  Inch)  turbine  blade  manufactured  and  toughness  throughout  the  full  length  of  the  blade. 
The  tensile  strength  tends  to  be  higher  toward  the  tip  of  the  blade,  because  the  air  foil  is  cooled  faster  than 
the  root.  However,  the  variations  are  within  several  percent  and  cause  no  problem.  Fig.l4  shows  the 
fatigue  strength  at  10  ’  cycles  is  as  high  as  519  MPa. 
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Forging  Underfill 


(a)  Direct  forging 


Photo.1  40- inch  Ti-5Al'4V  blade  forging  produced 
by  three  steps  of  forging. 


Rotating  bending 
T=24r,R=  -  l,60Hi 
•  ;  Root 


Fig.l3  Mnufacturing  properties  of  40  inch  large 
Ti-6AI  4Vblade. 

5.  Conclusion 


iff  iff  ^iO 

Number  of  Cycles  Nf 

Flg.l4  High  Cycle  fatigue  strength  of  40  inch 
Ti-6AI-4V  blade 


With  the  processes  of  flattening,  twisting,  and  finishing  developed  using  the  elementary  slab  analytical 
simulation  technique  and  the  finite  element  method,  it  has  been  made  possible,  by  the  use  of  a  392  MN*m 
counter  blow  hammer,  to  forge  a  lOOOmm  (40  inch)  large  titanium  alloy  turbine  blade  which  previously 
had  been  impossible  to  produce.  It  has  been  verified  that  the  titanium  alloy  blade  manufactured  with  this 
process  has  good  material  properties. 
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ABSTRACT 

Post  casting  treatments  of  the  ordered  oi  alloys  ■n-24Al-llNb[a%]  (Ti-24-11)  and  Ti-25A1- 
10Ntv3V-lMo[a%]  (Ti-25- 10-3-1)  were  studi^  and  compared.  The  alloys  were  hot  isostatic 
pressed  (HIP)  at  a  range  of  1900  to  2150*F(1040-1 175*Q ,  followed  by  solution  treatment  (ST) 
at  1900  to  2125‘F(1040- 1165*0  range,  and  cooled  after  ST  at  rates  from  50(30)  to 
360*F(200‘C)/min.  Complete  casting  pore  closure  was  accomplished  at  all  HIP  conditions. 
Mechanical  test  data  show^  no  HIP  tenqteratiOT  effect  on  tensile  or  cr^  results.  Howeva,  the 
higher  ST  ten^erature  produced  better  ptoperties  for  both  alloys.  Maximum  tensile  results  were 
ol^ned  in  the  Ti-25-10-3-1  alloy,  using  ST  cooling  rate  of  130'F(70*C)/min.  The  Ti-25-10-3-1 
had  fina  oi  ^rain  structure  in  the  as-cast,  cast+HlP,  and  ST  conditions  as  well  as  substantially 
superior  ten^e  strengtii  and  creep  resistance  at  aU  test  temperatures  when  conq>ared  with  the  Ti- 
24-11  alloy.  While  die  high  temperature  tensile  and  the  creep  strengths  of  11-25-10-3-1  are  at 
levels  exceeding  conventit^  hig^  temperature  titanium  alloys,  the  room  temperature  elongation 
of  both  cast  alloys  is  still  at  an  unacceptaUe  level  of  below  1%. 


INTRODUCTION 

Titanium  net-shtpe  castings  are  rapidly  gaining  acceptance  in  the  aerospace,  chemical,  and 
general  engineering  industim  [1-3].  Most  die  cast  alloy  volume  is  in  Ti-6A1-4V  and  11-6A1- 
2V-4Sn-2Mo  [2].  The  hot  isostatic  pressing  response  trf  cast  Ti-6A1-4V  is  well  documented  [4], 
and  the  post-casting  heat  treatment  range  auo  been  studied  and  retorted  in  detail  [5,6].  By 
practicing  alloy  control,  investment  casting  techniques  and  post-casting  HlP-t-heat  treatments, 
today  it  is  possible  to  produce  parts  with  properties  as  good  as  premium  forgings  [1-6].  Anotha 
group  of  ingot  metallurgy  (IM)  alloys  currendy  being  explored  for  net-shape  castings  is  the 
metastable  beta  alloys  [7-9]  which  can  have  tenrile  stren^  of  2(X)ksi(1360MPa)  and  fatigue 
runout  strength  in  excess  of  140ksi(950MPa)  [7]. 

Net-shape  casting  technology  for  intermetallic  alloys,  based  on  die  ordered  m  (TisAl)  or  t  (liAl) 
phases  [10],  presents  a  challenging  of^xxtunity.  ()n  one  hand,  the  difficulty  in  machining  britde 
alloys  favours  net-shape  technolopes.  On  the  otha  hand,  the  coarse  cast  structure  and 
occasional  casting  defects  can  be  v^  detrimental  to  such  brittle  materials.  Many  Japanese 
companies  are  currendy  experimenting  with  production  of  low  cost  investment  cast  titanium 
aluminide  automotive  components,  such  as  tuttaxharga  inmellers  [11]  and  exhaust  valves.  The 
objectives  of  this  work  were  to  study  the  effecu  of  HIP  and  ST  on  microstructure  and 
mechanical  properties  of  two  ou  based  alloys:  Ti-24A1-1  INb  and  Ti-25Al-10Nb-3V-lMo. 
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EXPERIMENTAL  PROCEDURES 


MATERIAL 

The  alloys  ri-24Al-l  INbta*]  (Ti-14Al-21Nb  w%),  and  Ti-25Al-10Nb-3V-lMo[a%]  (Ti-14A1- 
20Nb-3V-2Mo  w%),  were  melted  in  a  S01bs(23kg)  cavity  induction  skull  melting  furnace  by 
the  Duriion  Con^any,  Inc.  [12]  into  0.7Sin(20nun)  dia.  x  Sin(12Smm)  long  test  bars.  Chemical 
analysis  and  estimated  beta  transus  teiiq>eratures  are  listed  in  Table  L 


Table  I:  Chemical  Analysis  and  EaimateO  Beta  Transua  Temoefature  ot  the  Altovs  Studied 


ELEMENT 

Al 

Nb 

V 

Mo 

Po 

SI 

c 

O 

H 

N 

Eatim.  Bota  Tranaua 

wl% 

wt% 

wns 

wn; 

wl% 

wt% 

MX 

ppm 

ppm 

ppm 

■FfC) 

TI-24-11 

14.70 

21.40 

- 

- 

0.07 

0.08 

0.043 

770 

10 

S3 

2070-2100  (1130-1155) 

TI-2S-1 0-3-1 

14.93 

19.47 

3.36 

2.06 

<0.10 

0.05 

0.019 

640 

10 

87 

1980-2020  (1080-1105) 

PROCESSING 

Since  earlier  in  ^  program,  the  Ti-2S- 10-3-1  showed  better  pn^>enies,  mote  process  conditions 
were  experimented  on  this  alloy.  HIP  study  was  carried  out  following  casting  (Table  II). 
Solution  treatment  study  was  done  on  HIFd  bars  at  a  range  of  temperatures  and  cooling 
rates  (Table  II)  in  a  controlled  cooling  rate  recirculating  argon  fiimace.  The  212ST(1 16S*C)  ST 
was  above  beta  transus  foi  both  tdlcys.  All  odter  ST  temperatures  were  at  or  below  the  transus. 
All  bars  were  aged  at  1400*F(760*CVlhr.  M<m  details  on  the  alloys,  casting  process,  HIP  and 
ST  conditions  are  available  in  Reference  13. 

Table  II:  List  ol  HIP.  ST  Teinperatures.  ST  Cooling  Rates  and  Creep  Test  Conditions  Used 
HIP  Cond.,  ['F('C)/kti]:  1700(925)/^;  t800<9WV38;  1900<t040)/38;  2150(1 175)/1 5;  21S0(1175)/40. 

ST  Temp.,  (‘F(‘C))+  1400‘F(760'CV1hr:  1900(1040);  1950(1065);  2025(1105);  2125(1165). 

ST  Cooling  Ratoa,  [‘F(’C)/min]:  50  (30);  130  (70);  150  (85);  360  (200). 

Tsnelle  Teat  Temp.,  ['F('C)]:  75(2$);  1050(565);  1200(650);  1400(760). 

Creep  Cond.,  [‘F(‘C)/l(ei(MPa)l:  1050(565)05(240);  1200(650)00(135);  1200(6S0)«5(375);  1400(760)^0(70) 


Characterization  of  both  alloys  in  the  as-cast,  cast-fHIP  and  HIP-fST  conditions  was  performed 
by  standard  metallographic  techniques.  Selected  sanqiles  were  characterized  by  TEM  and  XRD. 

MECHANICAL  TESTING 

Unified  tensile/creep  samples,  with  a  gage  section  0.2in(Siiun)  dia.  x  1.2Sin(32mm)  long,  were 
machined  from  the  treated  bars.  Tensile  testing  was  done  at  a  strain  rate  of  O.OOSmin-i  up  to 
0.2%  strain  followed  by  a  crosshead  rate  of  0.002mnVmin  to  failure.  Duplicate  tensile  tests  were 
performed  for  each  alloy  condition.  Creep  testing  was  done  on  Arcweld  frames  in  accordance 
with  ASTM  E139.  Only  a  few  samples  were  tested  to  rupture.  Most  samples  were  unloaded 
between  200  to  2,300  hrs.  All  test  conditions  are  listed  in  Table  II.  Creep  at 
1200“F(650*C)/55ksi(375MPa),  with  rupture  time  over  50  hrs,  was  established  by  some 
aerospace  manufacturers  as  a  "b^h-marfc''  acceptance  criterion  for  m  alloys. 

RESULTS 

MICROSTRUCTURE 

The  as-cast  and  cast+HlP  microstnictuies  of  both  alloys  are  shown  in  Figs.  1  and  2  respectively, 
for  both  alloys.  Optical  and  TEM  micrograpbes  are  shown  in  Figs.  3a  through  d  for  the 
2150*F(1 175*0  HIP+2125*F(1 165*0  at  130*F(70*O/niin  ST  condition  of  both  alloys. 


Flgura  1:  As-cast 
microstnicture  (400X) 
o(:  (a)  71-24-11,  and 
(b)TI-25-l  0-3-1. 


abed 

Figur*2:  Cast-t4HIP microstnictures (400X)  alter 2lSO°F(ll75‘C)/40ksi(280MPB) HIP:  (a)  Ti-24-ll,  and 
(b)  Ti-2S-1 0-3-1,  and  after  1900^F(IO40*CV38ksi(26SMPa)  HIP:  (c)  71-24-11,  and  (d)  Ti-25-1 0-3-1. 


a  b  c  d 

Figures:  HIP  (2150’F/15ksi/2hr)+ST  (2125»F.  130*F/niin)  niicrostnjctures ol:  (a)  71-24-11,  400X,  (b) 
Ti-25-1 0-3-1,  400X,  (c)  71-24-11  (TEM  micrograph).  46kX,  and  (d)  71-25-10-3-1  (7EM  micrograph)  26kX. 


PHASE  IDENTIFICATION 

Phase  identification  of  both  alloys  in  the  as-cast,  Cast-i-HlP,  and  HIP+STA  conditions  was 
studied  by  X-ray  diffraction.  Volume  fractions  of  the  phases  present  were  determined  by  using 
the  Miller  Meth^  [14],  and  are  listed  in  TaUe  m.  B2  refers  to  the  ordered  beta  phase. 


Table  III:  XRD  Determination  ol  Phases  Volume  Fraction  Under  Difterent  Processing  Conditions 


HIP  Conditions,  ['F/ksi('C/MPa)] 

TI-25-10-3-1 

TI-24-11 

1. 

As-cast 

12K.B2*  +  a2+otthor. 

<5%  82*+  02  +  onhor. 

2. 

2150/15(1175/105) 

15% 82*+  02  *  onhor. 

12%  82*  +  02  +  orthor. 

3. 

1900/38(1040/260) 

25%  82 +  02 

12%  82*  +  02  +  orthor. 

4. 

1800/38(980/260) 

45%  82  +  02 

12%  82*  +  02  +  orthor. 

5. 

2150/15(1 175/105)  ♦  2125'F(1165'C)  STA 

<5%  82*  +  02  +  onhor. 

<5%  82*  +  02  +  orthor. 

■  Ignoring  the  contribution  of  the  orthorhombic  phase  to  the  |022 1 )  02  r-  (22 1 )  orth  peak 
TENSILE  PROPERTIES 

The  effects  of  test  temperature,  HIP  temperature,  ST  temperature,  ST  cooling  rate  on  room  and 
elevated  temperature  tensile  test  results  of  both  alloys  are  summarized  in  Figs.  4,  S,  6,  7  and  8 
respectively.  These  results  are  the  average  of  two  tests  for  each  condition. 


FIgura  4;  Comparison  ol  tensile  properties  of.  (a)  ri-24-1 1  and  (b)  Ti-25-l0-3-l  at  RT  to  1 400'F 
(760'C)  range  for  Beta  HIP'd  and  Beta  ST  conditions.  EL  scale  is  10X  magnified  to  highlight  variations. 
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a  b 

FIguraS:  Effacto(HIPtamp.onRTtensU«propeftlMOl;(a)Tl-24-1l  STM  2125*F i^350‘F/inin., 

and  (b)  T)-25-10^1  STMIOOO,  1050  and  2025‘FM50*F/»iin.  and  212S‘FM130T/rnin.  (EL10X.) 
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FIgura  6:  Comparison  of  the  affect  of  HIP  temperature  on  1200T(650'C)  tensile  pioperiies  of  2125*F 
(116S'C)(3e0'F(200'C)/min]  solution  treated;  (a)  Ti-24-11.  and  (b)  71-25-10-3-1.  (EL  scale  is  IX.) 


Figure  7:  Effect  of  ST  temperature  foHowed  by  50(30)  or  150'F(70'C)/min 
cooing  rate  on  RT  tensile  properties  of  71-25-10-3-1.  (EL  scale  is  lOX.) 


a  b 

Figure  S:  Effect  of  cooing  rate  from  the  Beta  ST  temperature  on  RT  and  1200*F(650’C)  tensile 
properties  of  Bela  HIP'd;  (a)  TI-24-11,  and  (b)  T1-2S-10-3-1.  (EL  scale  is  lOX.) 


CREEP  PROPERTIES 

Typical  creep  curves  of  the  two  alloys  at  1200°F(6SO‘CVSSksi(375MPa)  following  212S*F 
(1 165’Q  beta  ST  are  compared  in  Fig.  9.  The  creep  stress  vs.  0.2%  creep  strain  Laison-Miller 
Parameter  (LMP)  is  plotted  in  Hg.  10  for  both  alloys.  The  LMP  is  calculated  by  the  foUovnng 
equations: 

K  (LMP)  -  (460  +  r  F)  X  (20  +  logtThrs])  X  10-3 
or 

K  (LMP)  -  (492  +  l.ffTO  x  (20  +  togtlhrsj)  *  10-3. 

The  effecu  of  HIP  temperature,  ST  tenqienture,  and  ST  cooling  rate  on  the  creep  strength  of  Ti- 
2S- 10-3-1  under  12(X)*F(6S0*CV3Sksi(37SMPa)  creep  conditions  are  plot^  in  Figs.  11,  12, 
and  13,  respectively.  The  effects  of  creep  exposure  on  high  temperature  post-creep  tensile 
properties  are  shown  in  Figs.  14a  and  b  for  both  alloys. 


Flgum  9:  Creep  curves  of  both  alloys  at  i200Y(6S0'CV55k*iO75MPa)  following  2125‘F(1 165’C)  beta  ST. 


Figure  10:  Stress  vs.  0.2%  creep  Figure  11:  Effect  of  HIP  tennp.  on  njpf.  life  of 

defonnation  LMP  for  both  atoys:  '0-25-10-3-1  at  t200*F(650'Cy5SksK375MPa). 


Figure  12:  Effect  of  ST  temp,  al  150'F/min.  on 
TI-25-10-3-1  1200^(660'CVS6kil<37SMPe)  creep. 


Figure  IS:  ST  cooing  rate  effect  on  ngtiure 
time  for  both  aloys  (Beta  HIPd  and  Beta  ST). 


CME»  TIME.  Ihral  CHEEP  TIME,  (hia) 


a  b 

Figure  14:  EKect  of  creep  exposure  time  on  post  creep  tensile  of;  (a)  Ti-24-11  and  (b)  Ti-25-l0-3'l. 


DISCUSSION 

MICROSTRUCTURE 

The  as-cast  microstructure  of  both  alloys  (Figs.la  and  b)  consists  of  coarse  prior  p  grains, 
the  result  of  the  solidification  process  in  the  p  phase  field,  which  contains  a  fine  at  plate 
structure.  The  Ti-24-11,  at  plates  are  on  the  older  of  SO  tun  long  x  S  pin  thick  in  a  colony 
arrangement.  The  *11-23-10-3-1  plates  are  finer  and  on  the  order  long  x  1  iimthickina 

baskeiweave  arrangement.  In  addition,  while  the  Ti-2S- 10-3-1  alloy  diq>lays  a  thin  continuous 
grain  boundary  ou  ^ase,  the  Ti-24-1 1  alloy  displays  a  much  thicker,  but  non-continuous,  grain 
boundary  oj  phase.  The  microstructure  of  the  11-24-11  is  coarser  than  that  of  the  Ti-25-10-^1  in 
all  process  conditions:  in  the  as-cast  (compare  Figs,  la  and  b),  in  the  cast-f-HIP  (Figs.  2a  and  b; 
and  c  and  d),  and  in  the  HIP+ST  conditions  (Figs.  3a  and  b).  All  HIP  parameters  used  in  this 
program  (T Me  11)  were  sufficient  to  close  all  non-surface  connected  casting  pores.  The  Ti-24- 
1 1  cast-r-HIP  microstructure  and  the  HIP-fST  microstructure  were  not  significantly 
different  than  the  as-cast  structure  (compare  Figs,  la,  2a  and  3a).  However,  the  HIP-fST 
condition  displayed  some  low  aspect  ratio  at  plates  and  the  grain  boundary  cu  phase  is  less 
pronounced.  The  Ti-2S-10-3-l  microstructure  of  all  the  process  conditioiu  was  essentially  the 
same  as  shown  in  Figs,  lb,  2b  and  3b.  Fine  scale  phase  separation  in  at.  forming 
ou-Kirthofhombic  (O)  lamelltf  structure,  was  observed  in  the  HIP-i-ST  Ti-24-i  1  and  Ti-2S-10-3-l 
(Figs.  3c  and  3d).  A  smaller  quantity  of  the  O  phase  was  also  observed  after  HIP  at 
21^F(117S‘C)/13ksi(10SMPa)  for  both  alloys.  In  the  HIP  parameters  study  (Table  11), 
lower  temperatures  with  higher  pressures  were  ^rplied  with  no  significant  refinetiKnt  of  the  m 
phase  in  the  Ti-24-1 1  (Figs.  2a  and  2c).  However,  in  the  case  of  the  Ti-2S-10-3-l,  substantial 
microstructure  refuiement  was  achieved  during  the  1900°F(1040’C)/38ksi(265MPa)  HIP  when 
compared  to  the  21S0°F(1 17S’Q  /40ksi(280MPa)  HIP  (Rgs.  2b  and  d). 

Volume  Fraction  of  the  Phases 

XRD  analysis  showed  that  both  alloys  in  as-cast,  cast-fHIP,  and  HIP-f-STA  conditions  contain 
varying  amounts  of  three  phases  at,  B2,  and  O  characterized  earlier  by  Kaufman  [IS]  and 
B.vietjee  [16].  Volume  fraction  of  the  O  phase  in  the  altoys  could  not  be  determined  b^use  of 
overlying  positions  of  the  tiujor  O  pealu  with  eu  peaks.  As  noted  from  Table  III,  the  amount 
of  he  B2  phase  in  the  Ti-24-1 1  alloy  is  consistently  less  than  in  the  Ti-2S-10-3-l  under  the  same 
process  conditions.  Ttansfonmation  of  p  phaM  du^g  cooling  was  completed  to  a  higher  extent 
in  the  Ti-24-1 1  because  of  an  order  of  iiugnitude  higher  rate  of  transformation  in  the  Ti-24-1 1 
when  compared  to  the  11-2S- 10-3-1  alloy  [17]. 

MECHANICAL  PROPERTIES 

Tensile  strength  from  RT  to  1400T(760*C)  of  HlP-i-ST  Ti-2S- 10-3-1  is  almost  twice  as  high 
as  similarly  processed  Ti-24-1 1  (Figs.  4a  and  b).  This  higher  strength  is  maintained  over  a  range 
of  HIP  and  ST  conditions  (Figs.  S,  6  and  8).  No  HIP  tei^rature  effect  on  tensile 
properties  was  observed  for  both  alloys  in  the  range  of  1900*F(1040’C)  (sub-transus)  to 
21S0*F(1 17S*Q  (supra-transus)  when  followed  ^  a  uide  range  of  ST  conditions  (Figs.  S  and 
6).  This  indicates  thu  a  wide  range  of  HIP  conditions  can  be  applied  as  long  as  pore  closure  is 


1,$N 


accooffilished.  All  HIP  coiuMoia  applied  in  this  study  (T able  II)  resulted  in  full  pore  closure. 
The  effect  of  ST  temperature  on  tciuile  properties  was  studied  only  on  the  Ti-25-10-3- 

1.  While  the  1900*F(1040*C)  ST  produced  low  RT  tensile  strength  and  elongation,  the 
21S0*F(1175‘C)  ST  resulted  in  the  highest  values  of  IS7ksi(1080MPa)  strength  and  0.6%  EL. 
The  ST  cooling  rate  effect  showed  a  slight  increase  in  strength  and  elongation  with 
increasing  cooling  rate  for  the  Ti-24-ll(Fig.  8a).  The  Ti>2S-10-3-l  inesented  maximum  tensile 
strength  at  130*F(70*Cyniin  (Fig.  8b).  The  higher  strength  of  the  Ti-25-l0-3-l  is  attributed  to 
the  finer  aa  plate  structure  and  to  the  stdid  soludon  strengthening  of  the  V  and  the  Mo. 

Creep  testing  clearly  showed  the  Ti-25-I0-3-l  to  be  a  superior  alloy.  Processing  at  2150'F 
HIP+2125*F(1 165*0  ST  at  360*F(200‘Q/min,  produced  very  high  creep  nipture  life  [422hrs  at 
1200“F(650*C)/55ksi(375MPa)],  which  exceeded  values  typically  obtained  from  IM  material 
(Fig.9).  The  LMP  plot  in  Fig.  10  shows  that  the  Ti-24-i  1  is  better  only  at  the  very  low  stress  of 
10lui(70MPa)  and  very  high  temperature  of  1400*F(760*C).  HIP  temperature  effect  was 
studied  only  on  Ti-25-10-3-1.  HIP  at  2150*F(1175*O  significantly  improved  rupture  life  when 
compared  to  1900*F(1040*C)  HIP  only  for  material  ST  at  2025*F(1 105*C)  (Fig.l  1).  All  other 
ST  conditions  showed  moderate  or  no  benefit  for  the  supra-tnnsus  HIP  temperature.  The  most 
significant  effect  found  in  the  creep  study  was  the  effect  of  ST  temperature  on  creep 
rupture  life  of  Ti-2S-10-3-l.  The  supra-transus  ST  significantly  increased  the  creep 
resistance,  with  2150*F(1175*C)  ST  showing  the  best  results  (Fig.  12).  The  effect  of  ST 
cooling  rate  was  studied  for  both  alloys.  While  the  Ti-24-11  did  not  show  any  cooling  rate 
effect,  the  Ti-25-IO-3-l  showed  marked  improvement  in  creep  strength  only  at 
360T(200'C)lmin.  Post  creep  high  temperature  tensile  testing  after  120O‘F(6S0‘C)  and 
14(X)*F(760*C)  exposure  surprisingly  showed  almost  no  degradation  in  HT  strength  and 
elongation  for  both  alloys  (Figs.  14a  and  b).  Since  the  Ti'2S-l()-3*l  had  finer  lamellar  structure 
than  the  Ti-24-11,  the  improvement  in  the  creep  stren^  could  only  be  attributed  to  the  solid 
solution  strengthening  of  the  V  and  the  Mo.  However,  it  should  be  noted  that  since  both  alloys 
were  crept  at  the  same  stress  and  ten^ierature  ranges,  the  Ti-24-1 1  was  loaded  above  its  HT  ^eld 
strength  (Fig.  4a),  and  therefore  did  not  present  true  creep  but  rather  stress-rupture  conditions. 
This  explains  why  this  alloy  displayed  superior  creep  strength  only  at  the  vepr  low  stress  level  of 
10ksi(70MPa)  (Fig.lO)  which  provided  true  creep  conditions.  However,  this  also  reflects  lower 
creep  loading  capatality  fw  the  11-24-1  Iwhen  compared  to  the  11-25-10-3-1  alloy. 


SUMMARY  AND  CONCLUSIONS 

The  effect  of  post-casting  processing  on  microstructure  and  mechanical  properties  of  two  ai 
alloys  Ti-24-1 1  and  11-25-10-3-1  was  investigated.  It  was  found  that: 

1 .  Proper  casting  pore  closure  was  obtained  fix'  both  alloys  under  HIP  conditions  ranging  from 


2.  Cast  Ti-25- 10-3-1  alloy  developed  finer  ou  lamellar  structure  than  the  Ti-24-11  alloy  after  of/ 
processing  stages,  namely:  as-cast,  cast-i-HIP,  and  ST  conditions. 

3.  Substantial  microstructural  refinement  was  observed  in  the  Ti-25-10-3-1  HIP'd  at 
1900“F(1040*Q/38ksi(265MPa). 

4.  The  tensile  strength  of  Ti-25-10-3-1  alloy  was  significantly  higher  than  similarly  processed 
Ti-24- 1 1  castings.  This  is  attributed  to  die  finer  az  plate  structure  and  to  the  solid  solution 
strengthening  of  the  V  and  the  Mo  alloy  additions. 

5.  The  creep  strength  of  Ti-25-10-3-1  was  much  higher  than  the  Ti-24-1 1  alloy  in  all  process 
conditions.  It  was  attributed  to  V  and  Mo  solid  solution  strengthening. 

6.  Higher  HIP  tenqierature  did  not  significantly  affect  tensile  or  creep  behavkx. 

7.  Supra-transus  ST  temperatures  markedly  improved  creep  strength  of  the  Ti-25-10-3-1  alloy. 

8.  In  the  Ti-25-10-3-1  alloy,  the  maximum  RT  tensile  strength  was  achieved  at 
130*F(70*C)/min  ST  cooling  rate;  maximum  RT  elongation  was  achieved 
360“FAnin(2(X)“(^/min)  and  the  maximum  creep  strength  at  360*F(200‘CVtaiin. 

9.  No  degradation  of  tensile  properties  was  observed  after  creep  at  1200(650)  and 
1400*F(760*C)  in  both  alloys. 
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Autogenous  TIG  welAs  were  made  In  1.5mm  thick  commercially  pure  Ti 
sheet  using  Ar  shielding  gas  which  was  progressively  contaminated  with  0  or 
air.  The  welds  were  examined  visually  for  surface  colour  and  by  an  ESCA 
technique.  The  welds  were  analysed  for  0  and  N  pick-up.  Tensile  and 
hardness  tests  carried  out  on  selected  welds.  Surface  discoloration  was 
found  to  be  primarily  controlled  by  conditions  under  the  trailing  shield 
rather  than  the  torch  nozzle  and  to  be  a  poor  Indicator  of  the  level  of 
contamination,  except  when  this  was  gross.  Contamination  of  the  electrode 
tip  appeared  to  be  at  least  as  sensitive. 

Introduction 


For  Tl,  reaction  with  0  and  N  begins  to  be  significant  at 
approximately  500 'C  (1)  and  any  Tl  at  or  above  this  temperature  must  be 
Protected.  This  Includes  the  weld  metal,  both  when  It  Is  molten  and  after 
It  has  solidified,  and  the  parent  metal  adjacent  to  the  weld.  If  this 
protection  Is  Inadequate,  severe  embrittlement  In  the  weld  region  can  occur 
f2). 


For  small  components,  one  solution  is  to  use  chambers  flow  or  vacuum 
niirged  with  inert  gas  (3,4).  Gas  shielding,  additional  to  that  provided  by 
the  torch  or  gun,  enables  TIG  or  MIG  welding  to  be  used  (4-6).  The  face  of 
the  weld  Is  protected  by  a  trailing  shield  attached  to  the  torch,  the  back 
of  the  weld  by  gas  channelled  In  a  hacking  bar  or  by  carefully  positioned 
foil  etc.  (5,6).  However,  It  Is  impossible  to  guarantee  no  contamination 
and  the  question  then  arises  as  to  how  contamination  may  be  detected.  For 
test  pieces,  destructive  testing  can  be  used  but  for  production  components, 
the  only  non-destructive  teat  for  judging  the  success  of  the  shielding  of  a 
weld  has  been  Its  colour.  The  colour  Is  caused  by  Interference  within  an 
oxide  film  (7)  and  Table  1  gives  the  sequence  usually  quoted  for  Tl  (8), 
together  with  a  commonly  accepted  Interpretaton  of  Its  meaning. 

It  has  always  been  appreciated  that  the  use  of  colour  as  a  criterion 
was  not  soundly  based  (4)  since  it  necessarily  assumes  that  Information 
about  contamination  on  the  surface  (which  Is  what  the  colour  basically 
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gives)  is  an  Indication  of  contamination  In  the  bulk.  There  has  been 
relatively  little  information  on  the  relationship  between  colour  and 
mechanical  properties,  or  pick-up  of  0  and  N.  Some  work  on  this  aspect  has 
been  carried  out  using  a  welding  chamber  (9),  but  open  air  welding  with 
auxiliary  shields  is  more  widely  used.  A  programme  of  work  has  therefore 
been  carried  out  to  Investigate  these  aspects  in  open  air  welding.  This 
paper  deals  with  surface  effects  and  pick-up  of  0  and  N  and  their  Influence 
on  tensile  properties  and  hardness. 

Table  1  Rule  of  thumb  classification  for  acceptability  of  Ti  welds, 

based  on  colour  (8) 


Colour  of  weld  zone  Interpretation 

Silver  Correct  shielding,  satisfactory 

Light  straw  Slight  contamination,  but  acceptable 

Dark  straw  Slight  contamination,  but  acceptable 

Light  blue  Heavier  contamination,  may  be  acceptable 

depending  on  service 

Dark  blue  Heavy  contamination,  unlikely  to  be 

acceptable 

Grey  blue  Very  heavy  contamination,  unacceptable 

Grey  Very  heavy  contamination,  unacceptable 

White  (loose  deposit)  Very  heavy  contamination,  unacceptable 


Method  of  Investigation 

Material 

Commercially  pure  Tl  sheet  to  ASTM  B265-76  was  selected.  A  sheet 
thickness  of  1.5mni  was  chosen  as  being  suitable  for  autogenous  welding, 
thus  avoiding  the  complication  of  adding  filler  metal. 

Welding 

Mechanised  TIG  welding  was  adopted  since  accurate  control  of  the 
welding  speed  was  essential  to  ensure  a  consistent  rate  of  contamination. 
All  welds  were  made  using  a  trailing  shield,  extending  70mm  behind  the 
torch.  The  edges  which  were  to  be  welded  were  degreased  In  acetone 
immediately  before  being  positioned  in  a  restraining  Jig  over  a  grooved 
backing  bar  which  was  plugged  at  each  end  and  filled  with  Ar  flowing  at  the 
rate  of  2.3  lltres/mln.  The  groove  was  flow  purged  for  about  3  min  before 
welding.  Welding  grade  Ar  (99.996%  purity)  and  the  contaminating  gas  (air 
or  an  Ar/02  mixture)  were  fed  at  a  pressure  of  2  bar  through  ball  flow 
meters  and  mixed  In  a  tank  containing  stainless  steel  wire  wool  to  act  as  a 
diffuser.  Flow  was  maintained  for  3  min  to  allow  the  mixture  to  reach 
equilibrium  before  welding.  Where  it  was  required  to  feed  contaminated  gas 
through  the  torch  but  uncontamlnated  Ar  through  the  trailing  shield,  the 

1,M2 


gases  were  separated  by  Interposing  a  curtain  of  asbestos  cloth  between  the 
nozzle  and  the  tralllnc  shield. 

Weld  evaluation 

The  0  and  N  contents  of  the  welds  were  measured  on  full  thickness 
specimens  taken  from  the  welds  after  they  had  been  surface  ground  to  remove 
any  oxide  films.  The  measurements  were  made  in  a  TC30  Leco  Nitrogen  Oxygen 
Determinator.  The  H  contents  were  determined  by  vacuum  hot  extraction. 

Flat  tensile  specimens  (20mm  gauge  length,  4.75  x  1.5mm  cross  section) 
were  machined  from  the  weld  parallel  to  the  welding  direction  and  parent 
metal  specimens  of  similar  dimensions  were  also  tested.  The  0.2^  proof 
stress  was  estimated  from  the  load-time  trace.  All  specimens  were  tested  at 
room  temperature  without  machining  the  surfac"',  since  the  weld  beads  were 
almost  flush  with  the  surfaces. 

In  order  to  establish  the  nature  of  the  surface  film,  the  surfaces  of 
selected  welds  were  subjected  to  surface  analysis  by  an  ESCA  technique  in 
which  A1  X-radlatlon  incident  on  the  specimen  produces  photoelectrons  with 
energies  characteristic  of  the  elements  present.  Due  to  che  small  escape 
depth  of  the  photoelectrons  (<10nm)  only  the  surface  of  the  specimen  is 
examined.  The  analysis  of  the  energy  distribution  of  the  emitted 
photoelectrons  also  yields  information  about  the  chemical  state  of  the 
elements  and  semi-quantltatlve  analysis  of  the  sc  face  can  be  produced. 

Results 

In  initial  trials  a  common  gas  supply  was  used  for  both  the  torch 
nozzle  and  the  trailing  shield.  Using  welding  grade  Ar,  bright  silvery 
welds  were  produced.  Indeed,  the  surface  of  the  heat-affected  zone  wan  also 


Table  2  Details  of  trial  welds,  made  with  Ar-02  shielding  gas  mixture 


1  - 

Weld 

number 

Shielding  gas 

02Z 

Colour 

Analysis 

of  weld  wtZ 

Torch 

Trail ing 

in  gas 
mixture 

0 

N 

Ar 

Ar 

0 

1st  order  silver 

0.16 

0.002 

2 

Ar-02 

Ar-02 

0.03 

1st  order  pale  straw 

0.16 

0.002 

3 

Ar-02 

Ar-02 

0.06 

1st  order  golden-straw 

0.17 

0.001 

4 

Ar-02 

Ar-02 

0.09 

1st  order  reddish  mauve 

0.17 

<0.001 

5 

Ar-02 

Ar-02 

0.12 

1st  order  blue 

0.17 

0.001 

6 

Ar-02 

Ar-02 

0.14 

1st  order  blue 

0.17 

0.001 

7 

Ar-02 

Ar-02 

0.29 

2nd  order  greenish  blue 

0.17 

0.001 

8 

Ar-02 

Ar-02 

0.42 

high  order  pink  green 

0.17 

0.002 

9 

Ar-02 

Ar 

0.17 

1st  order  silver 

0.20 

0.002 

Parent 

- 

0.14 

0.002 

metal 

brighter  than  the  relatively  dull  appearance  of  the  unaffected  sheet, 
presumably  because  surface  contamination  Is  dissolved  by  the  hot  metal  and 
not  replaced  when  the  quality  of  the  shielding  Is  good.  Vhen  air  was  used 
as  the  contaminating  gas,  colours  representing  a  high  level  of  surface 
contamination  were  produced  at  the  lowest  practical  flovrmeter  settings.  In 
order  to  achieve  the  required  sensitivity  it  was  necessary  to  mix  Ar  with 
Ar-O,  mixtures  (1-5*02).  A  range  of  welds  was  produced  with  surfaces 
varying  In  colour  from  silver  to  grey.  Table  2.  For  weld  No. 9,  the  trailing 
shield  was  fed  with  Ar  and  the  torch  with  Ar-0. 17*02.  Such  a  mixture  fed  to 
both  trailing  shield  and  torch  would  have  given  a  blue  colour  (cf  No.6) , 
but  weld  No.9  was  in  fact  silver. 

The  technique  of  feeding  contaminated  gas  to  the  torch  only  was  used 
for  all  subsequent  welds  and,  in  this  way.  It  was  found  possible  to  use  air 
as  the  contaminant  without  excessive  surface  oxidation  of  the  weld.  This 
was  desirable  because  air  Is  the  most  likely  contaminant  In  practice.  The 
details  of  these  welds  are  given  in  Table  3.  They  varied  in  colour  from 
silver  to  straw-mauve,  except  for  the  grossly  contaminated  welds  18  and  19 
which  were  grey. 

Table  3  Details  of  welds,  made  with  Ar-air  shielding  gas  mixtures 


Weld 

number 

X  air  in 
torch 
shielding 
gas 

Colour 

Analysis  of  weld, 
wtZ 

0  N 

H, 

ppm 

10 

0 

1st  order  silver 

0.15 

0.001 

17 

11 

0 

1st  order  silver 

0.15 

0.003 

14 

12 

0.3 

Ist  order  dull  silver 

0.15 

0.021 

16 

13 

0.3 

1st  order  dull  silver 

0.17 

0.029 

18 

14 

0.9 

1st  order  pale  straw 

0.17 

0.045 

15 

15 

0.9 

1st  order  pale  straw 

0.17 

0.076 

16 

16 

1.3 

1st  order  straw-mauve 

0.21 

0.12 

14 

17 

1.3 

1st  order  golden  straw 

0.20 

0.14 

14 

18 

3.3 

High  order  grey 

0.26 

0.20 

14 

19 

8.8 

High  order  dark  grey 

0.26 

0.20 

13 

Parent  metal 

- 

0.14 

0.002 

13 

Observations  wore  also  made  of  the  appearance 

of  the 

electrode : 

as 

concentration  of  contaminant  In  the  shielding  gas  Increased  so  did  the 
whiskerlng  on  the  electrode  tip.  Fig. I.  Each  electrode  was  ground  before 
welding  and  photographed  after  being  used  for  330im  of  weld  (107sec  arc 
t ime ) . 


Fig.l  Tungsten  electrode  tips  after  330min  welds:  (a)  in  welding  grade 
argon  (b)-(d)  contamination  with  air.  (a)  Weld  11;  (b)  Weld  12.031 
air;  (c)  Weld  14,0.92  air;  (d)  Weld  16,1.32  air. 

The  wid-  scan  F.SCA  spectra  for  welds  made  in  Ar  as  well  as  mixtures  of 
Ar  with  O2  and  air  showed  intense  photoelectron  peaks  for  Ti,  0  and  C.  The 
weld  surfaces  had  relatively  low  Tl  {  13  at  2)  with  differing  levels  of  0 
and  carbonaceous  contamination:  the  latter  is  typical  of  surfaces  analysed 
without  ion-beam  cleaning  in  the  instrument.  The  wide  scan  spectrum  for 
weld  IR  f contaminated  with  air)  was  different  from  Che  others  recorded  in 
that  some  W  was  present  on  the  surface,  in  the  form  of  WO3:  this  originated 
from  oxidation  of  the  electrode.  Narrow  scan  spectra  showed  that  Tl  was 
present  in  a  chemically  bound  as  Ti02.  No  evidence  was  found  for  the 
formation  of  any  other  oxide  states.  The  0  peak  from  weld  18  (air 
contaminated)  Is  similar  to  those  observed  in  Ar  and  Ar-02  mixtures.  The 
narrow  scan  spectra  also  indicate  low  binding  energy  photoelectron  peaks  of 
low  intensity  in  the  cases  of  welds  1  and  9.  These  small  peaks  correspond 
to  Tl  in  metallic  form.  They  suggest  that  the  oxide  layer  was  very  thin 
(<2.0nm),  since  photoelectrons  from  the  underlying  metal  were  able  to 
penetrate  the  oxide  and  be  detected. 

The  results  of  0  and  N  analyses  on  welds  made  with  0  as  the 
contaminant  are  given  in  Table  2  and  with  air  as  the  contaminant  in  Table 
3:  the  results  of  H  analyses  on  the  latter  welds  are  also  given  In  Table  3. 

Vickers  hardness  tests  (at  a  10kg  load)  were  made  on  a  traverse  across 
Che  welds  at  mid  section.  There  was  a  marked  variability  in  Che  hardness  of 
the  parent  metal,  HVIO  163-193,  and  between  adjacent  readings  in  the  weld 
zone,  although  hardness  did  increase  with  contamination  in  the  weld  metal. 

The  results  of  the  longitudinal  weld  metal  tests  are  given  in  Table  A. 

Dlscugalon 

A  number  of  different  Ti  oxides  have  been  reported  but  oxidation  of  Ti 
in  air  or  0  usually  results  in  the  formation  of  TIO2  (1).  This  was 
supported  by  ESCA  with  TiO^  being  detected  on  welds  made  In  both  the  0  and 
air  mixtures.  Since  the  technique  derives  Information  from  within  a  few 
atom  layers  of  Che  surface  only.  It  Is  possible  that  layers  of  different 
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Table  A  Longitudinal  weld  metal  tensile  tests 


Weld 

number 

2a i r  in 
torch 
shielding 
gas 

Estimated 
0.2Z  proof 
stress 

N/mo^ 

Tensile 

strengch 

H/aar 

Elongation  Z 
20mm 

gauge  length 

10 

0 

363 

466 

18 

11 

0 

394 

459 

28 

12 

0.3 

451 

525 

18 

13 

0.3 

468 

538 

15 

14 

0.9 

547 

616 

10 

15 

0.9 

539 

588 

5 

16 

1.3 

617 

657 

5 

1: 

1.3 

637 

653 

5 

Parent  metal 

- 

339 

447 

35 

oxide  states  existed  beneath  TIO2  on  the  surface.  However,  the  detection  of 
the  T1  metal  peak  on  the  welds  having  thin  oxide  films  suggests  that  In 
these  cases,  at  least,  no  other  oxide  was  present.  Therefore,  It  would 
appear  that  differences  In  coloration  are  due  only  to  differences  In  oxide 
film  thickness. 

To  assist  the  Interpretation  of  colours,  a  piece  of  T1  was  heated  on 
one  edge  In  air.  The  sequence  observed  Is  that  produced  by  the  Interference 
effect  of  a  gradually  thickening  thin  film  on  the  surface  of  the  metal  (7). 
At  Its  thinnest  the  film  Is  Invisible  and  on  thickening  it  passes  through 
yellow,  reddish  mauve,  blue  and  finally  again  becomes  invisible.  This 
second  invisible  region  is  the  so-called  '  silvery-hlatus' .  Increasing  film 
thickness  yields  second  order  colours  with  green  present  at  the  end  of  the 
sequence  Instead  of  silver.  After  about  four  orders  of  colours,  the  oxide 
becomes  opaque  grey  and  then  starts  to  flake  off.  The  higher  order  colours 
form  a  characteristic  pink-green  mixture  which  was  observed  on  the  welds  of 
highest  surface  contamination  (7  and  8).  This  sequence  is  basically  that 
observed  on  welds  1-8  (Table  5),  and  Is  at  some  variance  with  the  generally 
accepted  sequence  given  In  Table  1 .  In  particular, 

1.  a  reddish  mauve  colour  was  observed  between  straw  and  blue 

2.  pale  blue  appeared  after  dark  blue  and 

3.  pale  blue  merged  Into  Invisibility  at  the  silvery  hiatus. 

In  practice  contamination  Is  unlikely  to  occur  within  the  precise  limits 
required  to  produce  no  visible  Interference  colour.  However,  the  phenomenon 
was  observed  In  setting  up  conditions  and  the  Importance  of  the  effect  may 
He  In  the  fact  that  compared  to  the  Intense  yellow,  reddish  mauve  and  blue 
of  lower  oxide  thicknesses,  the  pale  blue  or  yellow  observed  close  to  the 
critical  thickness  appear  relatively  Innocuous.  Thus  thicknesses  of  oxide 
which  are  close  to,  as  well  as  In  the  range  of  the  silvery  hiatus,  may 
cause  a  false  Judgement  of  Che  state  of  oxidation. 


Moreover,  Table  S  shows  that,  except  tn  the  case  of  the  irald  (No>l) 
made  with  no  deliberate  contamination,  there  Is  no  direct  relationship 
between  the  degree  of  0  pick-up  (which  Itself  varied  very  little  with  ZO2 
In  the  shielding  gas)  and  weld  colour.  In  contrast.  Table  6  shows  that 
welds  10-17  varied  very  little  In  colour,  but  significantly  In 
contamination  (mainly  by  N).  In  addition,  weld  9  (Table  5)  proved  that 
given  contaminated  gas  through  the  torch,  but  not  the  trailing  shield,  a 
silver  weld  could  be  obtained.  (The  ESCA  examination  confirmed  that  this 
silver  was  not  due  to  the  silvery  hiatus,  but  to  very  thin  oxide.) 

Thus,  a  silver  coloured  weld  can  Indicate  three  things: 

I.  that  the  shielding  gas  has  been  satisfactory 

II.  that  contamination  has  occurred,  but  the  contaminants  have  dissolved  In 
the  metal  at  high  temperature,  (filler  metal  may  also  Introduce 
contaminants  e.g.  from  an  oxidised  tip). 

III.  that  the  oxide  thickness  la  such  that  It  Is  In  the  silvery  hiatus. 

Therefore,  it  must  be  concluded  that  the  colour  of  a  weld  Is  an 
Indifferent  guide  to  the  degree  of  contamination,  unless  high  order  colours 
are  present.  It  could  also  be  concluded  that  even  a  highly  coloured  weld  Is 
not  necessarily  contaminated  to  an  unacceptable  degree,  but  this  will  only 
be  true  In  certain  very  limited  circumstances  and  It  %>ould  be  highly 
Injudicious  to  make  any  such  assumption  In  Judging  a  weld. 

Examination  of  the  electrode  tips  provides  an  alternative  method  of 
judging  contamination.  It  has  the  advantage  over  discoloration  In  that  It 
occurs  when  the  metal  reaches  the  highest  temperatures  and  Is  most 
susceptible  to  embrittlement.  The  disadvantage  Is  that  the  observation  must 
be  made  at  the  time  of  welding  and  not  on  subsequent  Inspection.  Although 
the  extent  of  growth  of  the  contamination  on  the  electrode  will  be  time  as 
well  as  0  and/or  N  concentration  dependent.  Its  formation  can  be  observed 
during  welding  and  It  was  sufficiently  sensitive  to  occur  with  the  lowest 
level  of  air  contamination  used,  weld  12.  It  Is  uncertain  whether  this 
behaviour  Is  representative  of  other  situations  e.g.  when  air  entrainment 
occurs. 

The  analyses  on  the  welds  made  with  air  as  the  contaminant  showed  that 
the  pick-up  of  H  during  welding  was  very  low,  the  highest  figure  being  only 
5ppm  on  weld  13.  The  absolute  Increase  In  N  was  higher  than  that  for  0, 
from  0.002  to  0.20Z  for  the  former,  from  O.IA  to  0.26Z  for  the  latter  In 
the  worst  contaminated  welds.  Taking  the  parent  metal  specification  figures 
as  a  guide,  weld  13  represents  the  maximum  permissible  contamination. 

The  hardness  traverses  showed,  as  expected,  higher  hardness  In  trelds 
than  parent  metal:  the  change  was  more  marked  as  the  contamination  level 
Increased.  Hardness  has  been  suggested  as  a  means  of  checking 
contamination,  but  the  results  show  the  difficulty  of  applying  this:  the 
parent  metal  hardness  varied  and  the  scatter  In  the  weld  metal  readings 
makes  Interpretation  difficult. 

The  longitudinal  weld  metal  tensile  tests  show  that  both  the  proof  and 
tensile  strengths  Increased  with  contamination,  while  the  elongation 
decreased.  Taking  the  parent  metal  specification  proof  stress  levels,  weld 
12  Is  just  outside  specification  and  weld  13  well  out.  Comparison  between 
the  0  and  N  analyses  (Table  6)  and  the  corresponding  longitudinal  weld 
metal  tensile  tests  (Table  8)  shows  that  N  has  a  greater  effect  on  tensile 
properties  than  does  0. 


CcCTClnsloDS 


1.  Discoloration  of  the  weld  was  a  function  of  surface  fllo  thickness  and 
this  was  primarily  controlled  by  the  conditions  under  the  trailing 
shield  rather  than  the  torch  nozzle. 

2.  The  surface  film  was  found  to  consist  of  TIO2,  whether  the  weld  was 
made  under  Ar,  Ar  contaminated  with  0  or  Ar  contaminated  with  air. 

3.  There  was  no  good  correlation  between  surface  colour  and  level  of  0  and 
N  pick-up,  except  at  gross  levels  of  contamination. 

4.  The  generally  accepted  colour  sequence  was  found  to  be  wrong.  In 
particular,  a  light  blue  colour  Indicated  greater  oxide  thickness  than 
dark  blue. 

5.  Contamination  of  the  electrode  tip  occurred  at  all  levels  of  air 
contamination  used  and  was  readily  observable  during  welding.  As  a 
guide  to  the  probable  level  of  contamination  of  the  weld.  It  appeared 
more  promising  than  the  use  of  colour. 

6.  The  proof  stress  and  tensile  strength  of  all  the  weld  metals  were 
greater  than  those  of  the  parent  metal.  Increasing  as  the  levels  of  0 
and  N  Increased,  the  latter  being  more  significant  In  this  respect. 

7.  The  marked  scatter  in  hardness  measurements  on  both  parent  and  weld 
metal  rendered  very  uncertain  the  Interpretation  of  hardness  as  a  guide 
to  contamination  at  those  levels  where  It  most  needs  to  be  known. 
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Abstract 

The  interfacial  strength  has  been  studied  for  test  speclaens  aade  by  hot-roll, 
explosive  weld,  H. I. P. -bonding  processes.  An  investigation  of  the  aicrostruc- 
ture,  distribution  of  hardness,  inter-diffusion  layer  and  precipitates,  and 
the  results  of  fracture  toughness  testing  shows  that  explosive  welded  and  hot 
-rolled  clad  were  auch  stable  to  H.I.P.  clad  in  bonding  strength,  a)  Froa  the 
results  of  fracture  toughness  testing,  the  values  of  fracture  toughness  K  c  of 
explosive-welded  tltaniua  clad  steel  are  larger  than  those  of  the  hot-rolled 
aethod.  b)  Crack  tip  opening  dlsplaceaent,  5 ,  of  the  explosive-welded  titanlus 
clad  steel  is  aore  easily  affected  by  the  working  condition  of  pre-cracks  than 
in  the  case  of  the  hot-rolled  aethod.  c)  The  existence  of  interaetallic  coa- 
pounds  such  as  TIC,  ^Tl,  FeTl  and  so  forth  was  conflraed  at  the  bonding  inter 
-face  of  the  hot-rolled  titanlus  clad  steel. 

Introduction 

Titanlus  clad  steel,  being  used  in  various  fields,  is  a  cosposite  aaterial  of 
high  function  having  both  tltaniua' s  superior  corrosion  resistance  and  heat 
resistance,  and  steel's  superior  strength,  econoay,  processability,  heat  con¬ 
ductance  and  weldability.  Its  high  corrosion  resistance  has  recently  attracted 
public  attention,  and  because  of  this  quality  it  is  being  considered  for  appli¬ 
cations  in  such  areas  as  the  petrocheaical  Industry,  atoaic  power  generation, 
seawater  desalination  plants  and  offshore  structures.  Its  great  deaand  in  such 
a  field  connected  with  seawater  will  still  be  expected.”  The  conventional  and 
aost  laportant  evaluations  for  the  interface  bonding  strength  in  the  tltaniua 
clad  steel  have  been  by  tests  for  tensile  strength,  bending  and  shear  strength. 
The  raa  tensile  strength  test  aay  reportedly  be  added  to  these.  Aaong  thea,  the 
results  of  the  shear  strength  test  aay  vary  relatively  greatly  depending  on  the 
production  accuracy  of  test  saaples  and  thlnly-aade  aaterlals.  Since  such  clad 
aaterlals  are  aanufactured  by  bonding  different  types  of  aetals, there  Is  a  risk 
of  defects  or  cracks  at  a  bonding  Interface.  A  fracture  would  be  subject  to  the 
state  of  stress  distribution  In  the  vicinity  of  the  tips  of  cracks.  Therefore, 
an  evaluation  aethod  for  the  bonding  strength  at  the  bonding  interface  using 
stress  intensity  factors  would  be  valuable.  In  this  report,  an  investigation  of 
aicrostructure  observation  with  optical  alcroscopy,  hardness  distribution  In 
the  vicinity  of  the  bonding  Interface,  and  Inter-diffusion  with  EPHA  liner 
analysis, is  described  using  test  speciaens  of  the  titanlua  clad  steel  processed 
by  respective  hot  rolling,  explosive  welding  and  HIP  (Hot  Isostatic  Press) 
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bonding  aethods.  Further,  the  strength  characteristics  of  said  speclaens  have 
been  evaluated  through  a  K  ■ c  fracture  toughness  test. 


Ezperiaental  Hethods 


Test  Speclaens 


Cheaical  coaposltlons  of  ultralow-carbon  steels,  the  test  aaterials  prepared  by 
the  respective  hot  rolling,  the  explosive  uelding  and  HIP  bonding  aethods,  are 
shown  In  Table  I  ,  cheaical  coaposltlons  and  aechanlcal  properties  of  titaniua 
In  Table  n .  and  the  aanufacturlng  aethods  and  their  test  aaterial  specifica¬ 
tions  In  Fig.  I  .  The  hardness  distribution,  the  aicrostructure  observation  and 
the  Inter-dlffuslon  were  Investigated  using  speclaens  cut  out  in  proper  size 
froa  steels  with  carbon  contents  of  0.005tC,  O.OItC,  and  O.OStC. 


Materials 

I  Ala.C 


Table  I  Cheaical  Coaposltlon  of  Base  Materials. 


Cheaical  Coaposltlon  (Ht.S) 


c 

Si 

Mn 

P 

S 

0.0045 

0.01 

0.01 

0.001 

0.0017 

0.01 

0.001 

0.0018 

0.030 

0.002 

0.0013 

low  . 
Carbon  0.010 


Table  Q  Cheaical  Coaposltlon  and  Mechanical  Properties  of  Clad  Materials. 


Materials 

Titaniua 
JIS  H  4600 


TP28H  t=  3.2bb 


TP35H  t=20.0BB 


TP35H  t=  4.0BB 


8  103 


Mechanical  Propaties 

YS 

El 

HV 

1  kgf/BB* 

1 

34 

19 

46 

126 

39 

31 

32 

146 

43 

32 

40 

154 
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Fig.  [  Manufacturing  process  and  bonding  conditions  of  aateriai  used  of 
clad  steei. 


Hardness  Distribution  Test 

The  hardness  distribution  test  was  carried  out  according  to  JIS  Z  2251  with 
using  a  aicro-Vickers  hardness  testing  aachine  which  is  fit  for  JIS  B  7725. 

Microstructure  Observation  Test 

Speciaens  were  first  hand-polished  with  eaery  papers  of  #400  through  #1200  and 
buffed  with  chroaiua  (0[)  oxide  for  a  airror  finish,  and  then  corroded. 

Tabie  Q  shows  corroding  conditions  for  the  steel  and  titaniua. 


Table  H  Etching  Cordition 


Material  under  test 

Etching  so’ 

.;ion 

Etching  tiae 

Fe  Side 

2M  Nital 

20  Sec 

Ti  Side 

1%  HF  Hater 

Solution 

140  Sec 

Inter-diffusion  State  Test 


The  state  of  inter-diffusion  was  evaluated  by  EPMA  (Electron  Probe  Micro  Ana¬ 
lyzer),  the  analytic  conditions  of  which  are  shown  in  Tabie  IV. 

Tabie  IV  EPMA  line  scanning  condition. 


Analysis  eleaent  Ti,  Fe 

Acceration  voltage  25  kV 

Feed  velocity  (Test  piece)  100  j/a/ain 


Fracture  Toughness  Test 


In  the  fracture  toughness  test,  speciaens  for  CT(Coapact  Type)  and  three  point 

lill 


bending  eere  applied.  The  slse  and  shape  of  each  test  specieen  are  as  shown  in 
Fig.  n . 


Tcndle  Teat  Speciies 


Fig.  n  The  size  and  shape  of  each  test  speciaen.^’ 

The  fracture  toughness  test  was  carried  out  under  conditions  in  accordance  with 
both  ASTH  E  399  and  BS  5762  which  are  the  standards  for  test  of  C00(Crack  Open¬ 
ing  Olspiaceeent] .  As  it  proved  difficult  to  introduce  pre-cracks  to  the  speci- 
eens  through  repeated  loads,  a  scratch  of  0.2Ba  was  Bade  along  the  interface 
with  a  handsaw.  A  scheaatlc  diagras  of  this  is  shown  in  Flg.n.  The  anount  of 
COD  in  the  fracture  toughness  test  was  deternined  with  a  clip  gauge  for  the 
test  speclaen,  which  was  set  up  with  a  knife-edge  worked  along  the  line  of  the 
load,  while  with  a  separate  type  knife-edge  for  the  three  point  bending  test 
speclaen,  as  shown  in  Fig.JV,  since  knife-edge  portion  was  not  prepared  in  the 
latter  case.  Further,  the  speciaen's  fracture  surface  after  carrying  out  the 
fracture  toughness  test  was  investigated  by  X-ray  diffractoaeter  to  identify 
aaterlals  existing  on  the  surface  of  the  speclaen. 


Fig.  1  Detail  of  pre-crackiing  aethod.  Fig.  IV  Attachable  knife-edge. 


Results  and  Considerations 
Microstructure  Observations 

Photos  of  the  speciaen's  aicrostructure  in  the  vicinity  of  the  bonding  inter¬ 
face  are  shown  in  Fig.  V* 


Precipitation  layer 

Hot-rolling  method  HIP  method  Explosive-welding  method 

Fig.V  Microstructure  of  Ti/Fe  bonding  interface.  (  x  100)*’ 


From  the  figure,  a  precipitation  layer  is  observation  at  the  bonding  interface 
in  each  specimen  processed  both  by  the  hot  rolling  method  and  HIP  method,  but 
not  in  the  specimen  from  the  explosive  welding  method  which,  on  the  other  hand, 
presents  a  flexuous  appearance  with  its  actual  bonding  area  being  large  com¬ 
pared  with  the  other  two  methods.  In  the  case  of  the  HIP  method,  it  was 
observed  that  a  thicker  precipitation  layer  was  generated  at  the  bonding  inter¬ 
face. 


Hardness  Distribution 


Fig.  VI  shows  the  Investigation  results  of  hardness  distribution  in  the  area 
adjacent  to  the  bonding  interface  in  specimens  processed  by  each  method. 


•a  Distance  from  bonding  interface 
Fig.  VI  Comparison  of  hardness  distribution. (Vickers  Hardness  HV)*’ 


In  the  case  of  the  HIP  method,  high  hardness  is  observed  in  the  vicinity  of  the 
bonding  interface.  It  is  thought  that  this  is  due  to  the  precipitation  layer 
mentioned  above,  as  confirmed  by  the  fact  that  the  width  of  the  precipitation 
layer  was  Identical  to  one  in  the  area  of  high  hardness.  The  hardness  distribu¬ 
tion  in  the  area  adjacent  to  the  bonding  Interface  in  the  specimen  processed  by 
the  explosive  welding  method  also  shows  that  the  highest  hardness  is  at  the 
bonding  interface.  However,  since  bonding  is  performed  instantaneously  by  high 
energy  in  this  method,  the  increase  in  hardness  is  notdue  to  the  precipitation 
layer  generated  by  inter-diffusion  in  the  area  adjacent  to  the  bonding  inter¬ 
face,  but  is  thought  to  be  mainly  due  to  work-hardening  by  plastic  strain  gen¬ 
erated  during  bonding  in  the  area  adjacent  to  the  bonding  interface.  On  the 
other  hand,  in  the  case  of  the  hot  rolling  method,  such  a  significant  increase 
in  hardness  at  the  bonding  interface  was  not  observed,  unlike  the  other  two 
method  of  explosive  welding  and  HIP. 


Inter-diffusion 


The  results  of  EPHA  linear  analysis  are  shown  in  Fig.  U.  From  the  figure,  the 
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width  of  the  diffusion  layer  in  the  speciaen  processed  by  HIP  eethod  is  widest. 

Hoi  rolled  li laniua  clad  steel  H.  I.P.  liianiueclad  steel  Eiplosive  melded  tilaniuiclad  steel 
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Fig. VI  Results  of  EPHA  line-scanning  across  the  bonding  interface.  “ 

A  very  narrow  diffusion  layer  is  also  observed  in  the  speciaen  processed  by 
the  hot  rolling  aethod,  but  is  not  in  the  case  of  the  explosive  welding  aethod. 
With  the  width  of  the  diffusion  layer  redefined  as  the  width  at  a  position 
being  exposed  with  5t  Fe  and  T1  diffraction  intensities,  the  resulting  values 
are  as  shown  in  Table  V* 

Table  V  Width  of  diffusion  layer  with  each  bonding  aethod. 


Hot  rolling  aethod 

Explosive  welding  aethod 

HIP  aethod 

5 

2  «a 

50  ^  a 

Fracture  Toughness 


Froa  the  results  of  alcrostructure  observation  in  the  area  froa  the  vicinity  of 
the  EB  (Electron  Beaa)  welding  area  to  the  bonding  interface  in  the  speciaen,  a 
refining  of  steel  grains  is  observed  in  the  vicinity  of  EB  welded  zone,  which 
is  considered  the  heat-affected  area,  and  it  seasures  laa  in  width.  Froa  the 
results,  it  can  be  concluded  that  the  heat-affected  area  does  not  extend  to  the 
bonding  interface.  TableVI  shows  the  results  of  the  fracture  toughness  test. 

Table  VI  Results  of  fracture  toughness  test. 

Bonding  Shape  of  Break  Load,  kgf  Kc  HPa>a’^‘  Sc  xIO  a 
Method  ^ — ' — 


Hot 

Rolling 

Method 


Shape  of 
Speciaen 

Coapact 

Type 

Speciaen 


Bend 

Speciaen 


Explosive 

Welding 

Method* 


Coapact 

Type 

Speciaen 


Bend 

Speciaen 


Those  values  earkedwlth  *  are  the  plane  stress  fracture  toughness  (K  ic  )  as 
these  set  the  qualifications  of  plane  stress  conditions.  Since  the  evaluation 
of  bonding  interface  strength  by  the  stress  Intensity  factor  K  is  not  con¬ 
sidered  pertinent  to  such  saterial  as  explosive-welded  specinen  in  which  an 
area  of  plasticity  extends  over  broad  area,  although  on  the  other  hand  it  eay 
be  an  apposite  evaluation  for  the  case  of  the  hot-rolled  laterial  in  which  the 
plasticity  area  generated  at  the  crack  tips  in  specisen  is  fairly  narrow,  a 
strength  evaluation  with  a  crack  tip  opening  displaceaent  of  S  which  is  not 
restricted  by  the  expansion  of  the  area  of  plasticity,  is  shown  together  in 
Table  VI- 

Fros  the  results,  relatively  high  S  values  are  observed  in  the  case  of  the 
explosive  welding  eethod.  These  are  considered,  fros  our  observation  on  the 
fracture  surface  of  the  specisen  on  its  titaniua  side,  to  be  due  to  steel  aore 
thickly  adhering  to  the  vicinity  of  pre-crack's  tips  than  in  other  resulting  in 
cracks  on  the  steel  side  in  the  clad  aaterial  in  the  early  stages  of  fracture. 
In  addition,  S  values  of  the  explosive-welded  speclaen  vary  wldelycoapared  with 
the  hot-rolled  speclaen.  In  the  latter  case,  there  is  high  probability,  even 
with  a  variability  of  the  pre-crack  tips,  of  the  fact*’  that  the  cracks  origi¬ 
nate  at  and  spread  froa  the  precipitation  layer  which  is  considered  as  a  frac¬ 
ture  inducing  factor.  In  the  explosive-welded  speclaen,  onthe  other  hand,  there 
is  scarcely  any  precipitation  layer  and,  in  addition,  a  processing  condition  at 
the  tips  of  pre-cracks  exerts  influence  aore  easily,  resulting  in  S  values 
that  vary  greatly.  Fig.  shows  the  results  of  X-ray  diffraction  analysis  on 
the  fracture  surface  obtained  after  the  fracture  toughness  test.  On  both  frac¬ 
ture  surfaces  on  the  tltaniua  side  and  the  steel  side  of  the  hot-rolled  specl¬ 
aen,  a  saall  aaount  of  TIC,  ^Ti  and  FeTl  are  observed.  This  indicates  that  the 
fracture  originated  at  the  bonding  Interface.  On  the  other  hand,  there  is  aore 
steel  on  the  tltaniua  side  of  the  fracture  surface  of  the  explosive-welded 
speclaen,  which  Indicates  that  the  fracture  likely  did  not  start  froa  the  bond¬ 
ing  interface. 


Diffraction  angle  {29) 


fig-Ii  Results  of  X-ray  diffraction  on  fracture  appearance.” 


Conclusions 


Froa  the  above  results,  the  folloulng  have  been  deterained. 

(1)  A  broadest  diffusion  layer  is  obtained  by  the  HIP  aethod,  folloued  by  the 
hot  rolling  aethod,  and  then  the  explosive  welding  aethod. 

(2)  The  stralghtest  bonding  Interface  is  obtained  by  the  HIP  aethod,  while  the 
bonding  interface  in  the  explosive-welded  speciaen  is  flexuous. 

(3)  A  heat-affected  area  in  EB  welding  does  not  extend  to  the  bonding  interface, 
resulting  in  a  very  narrow  width. 

(4)  Froa  the  results  of  fracture  toughness  test,  the  values  of  fracture  tough¬ 
ness  K  ,c  of  explosive-welded  titanlua  clad  steel  are  larger  than  those 

of  the  hot- rolled  aethod. 

(5)  Crack  tips  opening  dlsplaceaent,  8  ,  of  the  explosive-welded  titanlua  clad 
steel  is  more  easily  affected  by  the  working  condition  of  pre-cracks  than 
in  the  case  of  the  hot-rolled  aethod. 

(6)  In  the  case  of  hot-rolled  titanlua  clad  steel,  fractures  originate  at  and 
spread  out  froa  the  bonding  Interface. 

(7)  In  the  case  of  the  explosive-welded  titanlua  clad  steel,  appreciable  Fe  is 
detected  on  the  fracture  surface  on  the  titanlua  side.  It  is  presuaed  froa 
this  and  the  related  conclusions  in  (2)  and  (3)  that  fractures  in  this 
aaterial  do  not  siaply  start  froa  its  bonding  Interface. 

(8)  The  existence  of  the  interaetallic  coapounds  such  as  TiC,  jgTi,  FeTi  and 
so  forth,  was  confiraed  at  the  bonding  interface  of  the  hot-rolled  titanlua 
clad  steel. 
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Abstract 

In  order  to  further  improve  the  effect  of  the  grain  size  of  a  diamond  wheel 
upon  the  grindability  of  Ti-6A1-4V  alloy,  surface  plunge  grinding  experiments, 
while  injecting  high-pressure  grinding  fluid  at  grinding  points,  have  been 
carried  out.  The  main  results  are  as  follows:  (1)  As  the  grain  size  decreases, 
the  grinding  ratio  decreases,  and  specific  grinding  force  increases.  There 
exists  an  optimum  grain  size  at  which  the  finished  surface  roughness  is  mini¬ 
mized.  (2)  Higher  injecting  pressure  of  the  grinding  fluid  results  in  improv¬ 
ed  grindability. 


1  Introduction 


Titanium  alloys  are  difficult  to  grind,  and  a  method  of  grinding  these 
materials  efficiently  and  to  a  high  quality  is  desired.  The  authors  have  con¬ 
ducted  experimental  studies  to  improve  on  the  grinding  method  of  titanium 
alloys.  The  wheel  low-peripheral  speed  grinding,  conventionally  known  as  the 
low  stress  grinding  method has  the  drawbacks  of  large  grinding  force  and 
poor  grinding  efficiency.  For  this  reason,  a  method  to  grind  the  alloy  at  a 
wheel  peripheral  speed  of  32  m/s  while  jet-injecting  high-pressure  grinding 
fluid  at  grinding  points  has  been  proposed,  and  wheels  of  various  grains  have 
been  used  to  perform  grinding  experiments  in  order  to  determine  the  grinding 
characteristics.  It  was  found  that  diamond  wheels  provide  the  best  grinding 
characteristics  for  titanium  alloys,  followed  by  the  cubic  boron  nitride(CBN) 
wheels .  However,  diamond  wheel  grains  come  in  various  types  affecting  the 
grinding  characteristics.  Using  resinoid  bonded  diamond  wheels  SDC80R100B 
having  a  friability  rating  of  25,  40  and  80  %,  Ti-6A1-4V  alloy  was  ground  in 
experiments  under  a  pressure  of  2  MPa.  These  experiments  revealed  that  a  high 
grade  wheel  using  a  diamond  wheel  grain  with  relatively  great  toughness  (fri¬ 
ability  rating  of  40  *)  is  the  best.  Using  this  wheel,  the  titanium  alloy  was 
ground  while  Injecting  fluid  at  2  MPa,  making  possible  a  more  efficient  grin¬ 
ding  with  the  consequent  grinding  characteristics.  It  was  also  revealed  that 
with  this  grinding  method,  the  performance  of  the  grinding  fluid  is  heavily 
dependent  on  the  injection  pressure  (jet  pressure),  and  that  the  higher  the 
pressure,  the  better  the  grinding  characteristics <3). 

Since  the  grain  size  and  type  of  bonding  material  of  a  diamond  wheel  affect 
grinding  characteristics  as  well  as  the  roughness  of  the  finished  ground 
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surface  and  surface  integrity,  they  are  significant  factors  in  selecting 
wheels.  The  present  report  discusses  the  results  of  the  experiments  carried 
out  to  determine  the  influence  of  the  grain  size  and  bonding  material  of  a 
diamond  wheel  upon  the  grindability  of  Ti-6A1-4V  alloy. 

2.  Experimental  equipment  and  methods 

Grinding  experimental  conditions  and  a  workpiece  are  indicated  in  Table  1. 
The  same  rolled  plats  of  Ti-6A1-4V  alloy  as  used  in  the  previous  report was 
employed.  After  the  workpiece  was  machined  into  a  geometry  as  shown  in  Figure 
1,  it  was  subjected  to  a  vacuum  annealing  of  7.2  ks  at  973  K  to  remove  the 
residual  stresses  which  occurred  during  previous  machining.  When  mounting  the 
work  on  a  grinding  experiment  device  (Figure  1),  the  collar  of  the  work  was 
pressed  and  fixed  so  that  the  stress  occurring  during  the  fixation  would  not 
affect  the  ground  surface.  The  same  grinding  experiment  equipment  was  employ¬ 
ed  as  had  been  used  in  the  previous  report,  but  a  crystal  piezo-electric 
dynamometer  was  used  for  the  measurement  of  grinding  force.  The  test  wheel 
and  the  wheel  dressing  method  are  shown  in  Table  H.  As  wheels,  resinoid  bond¬ 
ed  diamond  wheel  (called  "SDC  wheel")  and  vitrified  bonded  diamond  wheel 
(called  "SD  wheel")  of  different  grain  sizes  were  employed.  Both  wheels  use  a 
bond  with  great  retention  power  of  wheel  grains.  In  some  experiments,  GC80K8V 
wheel  was  used  for  comparison.  Grinding  experiments  were  conducted  with  the 
wet  surface  plunge  grinding  method.  Grinding  characteristics  were  evaluated 
in  terras  of  stock  removal,  wheel  wear,  grinding  force,  ground  surface  rough¬ 
ness,  and  grinding  layer  of  the  finished  surface  and  residual  stress.  Ir.  ord¬ 
er  to  determine  wheel  wear  mechanisms,  the  measurement  of  the  profile  of  the 
wheel  surface  and  the  microscopic  observation  of  grain  cutting  edge  (by  the 
replica  method)  were  performed.  Residual  stress  was  measured  with  an  X-ray 
stress  measurement  appeiratus  (MSF-2M  type,  Rigaku  corporation).  The  work 
which  had  been  subjected  to  the  stress  measurement  was  cut  at  an  angle  of  10® 


Table  I  Workpiece  and  experimental  conditions 

|Ti-6AI-iiV(KSI30AV.  Kobe  St«l  Co  iM  ).  <fB-932MPa,HV330. 

'^'*'P'*‘^lAnnMlf<i(973K.  TZhs).  L60xW6  mm. _ 

Type  ot  operation  I  Surtace  plunge  grinding,  up  cut 

Peripheral  whe»l  spged  V  32  m/s _ 

Table  speed  (Work  speed)  v  0.1  (0.123^0.045*)  m/s _ 

Whee<  depth  of  cut _ t  5"“150(20^150*)  um/pass 

Theoretical  rri^erial  removal  rateTZtff  0.5 6.66(2.45~6.68  *)mfT>3/mms 

!J  l^K  2241,  W1-1  (Yushiroken  GC  )  *10 
Grinding  tlu'd  — — - '■ - - — - 

_ pet  pressure  P,  [0.1  *^2.0  MPa 

*  Theoretical  grain  depth  of  cut  0.96  um (Constant) 


♦  * 

ff  j  8 


(mm3/mm-5) 


Wth^Volume  of  metal  removed(theoretical 
value),  (mm3). 

TsTime,  (s). 

B^Width  of  workpiece. (mm). 

B'=Widlh  of  wheel,  (mm) 

=  B  (Plunge  grinding). 
t=5eiting  wheel  depth  of  cut,  (mm), 
v  =  Table  speed  (workpiece  speed),  (mm/s). 


Table  I  Grinding  wheels  and  dressing 


and  the  resulting  section  was  polished  carefully.  Thereafter,  the  hardness  of 
the  section  was  determined  with  a  Micro  Vickers  hardness  tester. 


3.  Results  and  considerations 


3.1  Grinding  wheel  wear 

The  wear  of  grinding  wheel  is  the  most  important  factor,  since  it  affects 
the  other  grinding  characteristics.  Figures  2(a)  and  (b)  show  the  "cutting 
point  spacing"  and  "Abott's  bearing  curve".  These  figures  were  plotted  by 
measuring  the  wheel  surface  profile  after  dressing  and  in  steady-state  grind¬ 
ing  conditions.  The  horizontal  axis  of  Figure  2(a)  and  the  longitudinal  axis 
of  Figure  2(b)  indi jate  the  depth  from  the  most  protruding  tip  of  the  cutting 
edge.  Grinding  wears  a  wheel,  so  the  tip  position  of  the  cutting  edge  recedes 
slightly.  In  these  figures,  the  position  is  plotted  with  regard  to  the  tip 
position  of  the  cutting  edge.  These  figures  show  that  for  the  already  dressed 
wheel,  the  cutting  point  spacing  and  the  pores  (chip  pockets)  on  the  wheel 
surface  decrease  with  decreasing  grain  size  (increasing  mesh  number).  Under 
the  steady  state  grinding  conditions,  for  the  SDC140R  wheel,  the  cutting 
point  spacing  and  the  pores  on  the  wheel  surface  decrease  more  than  after  the 
wheel  has  been  dressed.  On  the  other  hand,  for  the  SDC325R  wheel,  the  cutting 
point  spacing  and  the  pores  have  increased.  This  indicates  that  as  the  grain 
size  decreases,  there  is  an  increase  in  the  fracture  and  breaking  down  of  the 
grains,  or  that  there  occurs  a  deformation  of  the  wheel  surface  configuration. 
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Figure  2~The  wheel  surface  profiles  after  dressing  and  in  steady 
state  grinding  conditions. 


No  loading  of  a  diamond  wheel  occurred  when  the  wheel  was  ground  at  a  grin¬ 
ding  fluid  jet  pressure  of  Pj=2  MPa.  Figure  3  shows  the  effect  of  grain  size 
upon  grinding  ratio  G  [(volume  of  metal  removed)/( volume  of  wheel  worn),  call 
ed  "G  ratio"]  .  In  all  cases,  immediately  after  the  initiation  of  grinding, 
there  was  greater  wear  on  the  wheel  resulting  in  a  lower  G  ratio.  With  incre¬ 
asing  stock  removal,  however,  the  G  ratio  increases  gradually  to  bring  the 
wheel  into  steady-state  grinding  conditions,  causing  the  wheel  to  exhibit  its 
original  grinding  performance.  As  is  evident  from  figure  3,  as  the  grain  size 
decieases,  the  G  ratio  decreases  markedly.  This  is  because  as  the  grain  size 
decreases,  the  total  quantity  of  heat  generated  during  the  grinding  operation 
is  decreased  only  slightly  even  with  decreased  grain  size.  Also,  as  the  grain 
size  decreases,  the  pores  on  the  wheel  surface  become  shallower  [Figure  2(b)]^ 
and  it  becomes  harder  for  the  grinding  fluid  to  enter  the  grinding  point. 
Matrix-type  wheels  are  particularly  susceptible  to  the  effects  of  heat.  As 
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Figure  4  -  Variation  of  grinding  ratio 
depending  upon  jet  pressure 
and  theoretical  material 
removal  rate  for  the  differ¬ 
ent  grinding  wheels. 


has  been  discussed  above,  for  fine  grain  wheels,  grinding  heat  cannot  be 
cooled  sufficiently,  so  the  wear  on  the  wheel  increases.  The  increased  wear 
is  also  responsible  for  the  fact  that  the  bond  on  these  types  of  wheel  has 
less  power  to  retain  grains  and  that  they  are  sensible  to  the  effect  of 
grinding  heat. 

Figure  4  indicates  the  relationships  between  G  ratio  and  Pj  under  steady - 
state  grinding  conditions.  For  both  wheels,  the  G  ratio  increases  vastly  when 
Pj  is  increased.  This  is  noted  in  fine  grain  wheels  .  For  instance,  when  Zth 
(theoretical  material  removal  rate,  Tablel)=2  mm3/mm»s  for  an  SDC140R  wheel, 
the  G  ratio  is  about  3.5  times  as  large  as  that  at  0.1  MPa  which  can  be  obta¬ 
ined  when  Pj  is  set  at  2  MPa.  As  Zth  increases,  G  ratio  decreases  (SDC140R 
wheel ) . 

Figure  6  shows  the  relationships  between  the  peak  G  ratio  of  various  wheels 
and  actual  material  removal  rate  Z'(Pj=2  KPa) .  The  G  ratio  decreases  witn  de¬ 
creased  grain  size,  and  the  greater  the  figure  for  Z',  the  greater  the  influ¬ 
ence  becomes.  This  means  that  rough  grain  wheels  are  suitable  for  highly 
efficient  grinding.  As  discussed  in  the  previous  report,  the  SDC60R100B  wheel 
(A)  is  a  wheel  in  which  comparatively  tough  grains  are  employed,  and  which 
offers  greater  G  ratio  than  a  wheel  the  grains  of  which  are  not  tough  (B)  or 
one  with  very  tough  grains  (C).  The  SD100P75V  wheel  is  a  bridge-type  wheel 
using  tough  grains  and  a  vitrified  bond  with  great  grain  retention  power 
(high  wettability).  This  wheel  is  found  to  show  performance  close  to  that  of 
the  SDC80R100B  wheel  (C).  In  general,  the  bridge-type  vitrified  bonded  wheel 
has  features  that  allow  comparatively  easy  dressing.  Accordingly  it  is  of  use 
for  operations  at  factory  sites.  In  the  case  of  a  CBN  wheel,  as  with  the  dia¬ 
mond  wheel,  its  comparatively  tough  grains  make  it  suited  to  the  grinding  of 
titanium  alloy* .  The  Gratio  of  the  CBNSORIOOB  wheel  using  fine  crystal 
grains  is  markedly  inferior  to  that  of  the  SDC80R100B  wheel. 

3.2  Grinding  force 

Figure  6  indicates  the  relationships  between  the  grinding  force  and  wheel 
grains  under  steady-state  grinding  conditions.  With  decreasing  grain  sizes, 
grinding  force  increases  slightly,  and  Ft/Fn  decreases.  The  SDC80R100B  wheel 
offers  approx,  one-half  of  the  percentage  of  grains  than  the  GC80K8V  wheel. 
The  Ft/B  and  ks  of  the  SDC  wheel  are  smaller  than  those  of  the  GC  wheel, 
while  Fn/B  is  greater.  For  GC  wheels,  grain  fractures  and  fallings  frequently 
occur,  and  consequently  the  cutting  edge  shape  is  sharp  and  the  Fn/B  is  small. 
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Ft/Fn  being  a  great  value.  As  Zth  increases,  Ft/B  and  Ft/Fn  increase,  and  ks 
decreases.  This  is  qualitatively  the  same  tendency  as  for  the  conventional 
grinding  of  steel. 

3.3  Roughness  of  finished  surface 

Figure  7  indicates  the  changes  with  stock  removal  in  the  roughness  of  the 
finished  surface  when  the  grinding  is  done  with  SDC  wheels  of  different 
grain  sizes.  Roughness  is  controlled  by  the  wear  of  the  wheel.  As  has  been 
described  above,  the  SDC325R  wheel  shows  heavy  wear,  and  becomes  rough  due  to 
the  irregular  cutting  edges.  For  this  reason,  this  type  of  wheel  should  be 
used  under  grinding  conditions  where  Zth  is  much  lower.  The  SDC230R  wheel  is 
not  30  rough  immediately  after  the  initiation  of  grinding,  but  rapidly  becom¬ 
es  rougher  with  the  slight  increase  in  stock  removal.  Accordingly,  the  wheel 
must  be  used  at  shorter  intervals  of  dressing.  In  the  case  of  the  SDC140R 
wheel,  roughness  is  small  and  stable.  This  means  that  when  titanium  alloy  is 
ground,  since  the  wear  of  the  wheel  increases  tremendously  if  the  grain  size 
is  decreased,  roughness  is  not  reduced  simply  by  using  a  wheel  with  small 
grain  size.  To  make  the  finished  surface  less  rough  without  any  sacrifice  of 
grinding  efficiency,  it  would  be  advisable  to  use  a  wheel  with  a  rough 
slightly  grain  size  and  perform  dressing  so  that  the  cutting  point  spacing  is 
made  as  small  as  possible. 

3.4  Finished  surface  intear it 


The  finished  surface  integrity  is  a  very  important  consideration.  In  these 
experiments,  when  an  SDC  wheel  was  used  for  grinding  under  an  injection  fluid 
of  Pj=2  MPa,  there  occurred  no  grinding  burn  mark  or  grinding  crack.  Figure  8 
depicts  an  example  of  micro-structures  of  the  section  (inclined  section)  of 
the  work  ground  under  Zth=2  mm^/mm.s,  and  Pj=2  MPa,  using  an  SDC140R  wheel. 

The  structures  have  become  slightly  finer  in  the  vicinity  of  the  grinding 
surface,  but  there  is  no  smeared  metal  on  the  ground  surface.  Figure  9  illust¬ 
rates  an  example  of  hardness  distribution  on  the  final  griund  surface.  Work 
hardness  can  be  found  near  the  ground  surface  due  to  plastic  deformation,  but 
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Figure  7  -  Variation  of  ground  surface 
roughness  depending  upon 
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Figure  8  -  Microstructure  of 
workpiece! inclined 
section ) . 


the  ground  surface  itself  is  the  hardest  point.  The  depth  of  grinding  layer 
and  the  hardness  of  grinding  surface  increase  with  increased  2th.  It  was  also 
found  that  there  are  fewer  grinding  layers  for  the  SDC140R  wheel  than  for  the 
GCaOK  wheel. 

E.K.  Henriksen* states  that  residual  grinding  stress  consists  of  (1)  ten¬ 
sile  stress  due  to  grinding  heat,  (2)  tensile  stress  due  to  the  cutting  act¬ 
ion  of  grains  and  (3)  compressive  stress  due  to  the  burnishing  action  of 
grains,  and  that  a  stress  synthesizing  these  three  stresses  remains  as  resid¬ 
ual  stress  inside  the  material. 

Figures  10  and  11  show  examples  of  distribution  of  residual  stress  on  the 
finished  surface  ground  under  Zth=2  mm3/mra.s.  is  a  stress  in  the  grinding 
direction,  and  d7  is  a  stress  in  a  direction  perpendicular  to  the  grinding 
direction.  Figure  10  illustrates  a  comparison  of  residual  stresses  under  Pj= 
0.1  MPa.  For  the  finished  surface  ground  with  the  SDC  wheel,  the  stress  on 
the  surface  becomes  a  compression  stress,  and  the  peak  stress  (C)  on  the 
compression  side  appears  slightly  inside  the  surface.  Of  these  compressive 
stresses  in  the  vicinity  of  the  surface,  dz  is  larger  than  dl .  By  contrast, 
for  the  finished  surface  ground  with  the  GC80K8V  wheel,  the  surface  stress 
and  the  peak  stress  (T)  on  the  tension  side  become  a  tensile  stress,  and  the 
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Figure  9  -  The  hardness  distribution 
of  a  section  of  workpiece. 


SDCUORIOOB,  T.-6AI-4V 
7th=2pnm3/mfTV5,  v=0.1m/s. 
V=32m/5  I  =20wm/pas5 
F^lMPa,  WVl.  «10 


•  vv.  ;  GC0OK8V  T. -6Al-Ay  1 
3-20Cfd  2lh=2mm3/mms.  v^JVn/sJ 
“?  v=3tm/s  t  =  20i4m/pa5s. 


0  50  )00  150 

Depth  betow  surface 


“Compresscn 
C,  T  =F»eah  stress 
S  =  Surface  stress 


Figure  10  -  Variation  of  residual 
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Figure  12-  Effect  of  grinding  wheel  and 
Zth  upon  residual  stress. 


value  exceeds  150  MPa.  This  tensile  stress  decreases  with  increasing  P j ,  and 
becomes  a  tensile  residual  stress  of  approx.  100  MPa  even  at  Pj=2  MPa  (not 
shown).  The  penetration  depth  of  residual  stress  is  far  greater  than  in  the 
case  of  the  SDC140R  wheel.  The  results  are  typical  of  both  wheels.  Figure  11 
illustrates  the  effect  of  the  grain  size  of  a  diamond  wheel  when  the  grinding 
is  done  under  Pj=2  MPa.  The  distribution  patterns  of  residual  stress  are  of 
compressive  type(  *)  .  As  is  evident  from  the  figure  depicting  the  SDC140R 
wheel,  no  tensile  stress  is  generated  by  increasing  P j ,  and  the  peak  stress 
and  the  penetration  depth  of  the  stress  are  smaller  than  in  the  foregoing 
cases.  As  has  been  discussed  above,  the  presence  of  compressive  residual 
stress  in  the  vicinity  of  the  grinding  surface  is  desirable  from  a  viewpoint 
of  fatigue  strength.  The  penetration  depth  and  amount  of  residual  stress  dec¬ 
reases  slightly  as  the  grain  size  becomes  smaller,  but  as  far  as  the  present 
experiments  are  concerned,  the  effect  of  grain  size  on  residual  stress  is 
negligible. 

To  ensure  highly  efficient  grinding  without  any  sacrifice  of  finished  sur¬ 
face  integrity,  it  is  effective  to  use  a  wheel  the  grain  sizes  of  which  are  a 
little  coarse.  Figure  12  indicates  an  example  of  distribution  of  residual 
stress  on  a  finished  surface  ground  under  Pj=2  MPa,  using  the  SD100P75V  wheel. 
The  figure  shows  that  even  with  a  highly  efficient  grinding  under  Zth=5.13 
mm^/mm-s  (t=90  yum/pass,  v=0.057  m/s),  the  residual  stress  on  the  grinding 
surface  becomes  of  compressive  type,  and  that  grinding  heat  is  sufficiently 
cooled.  Virtually  the  same  result  can  be  obtained  for  the  SDC80R100B.  A  fini¬ 
shed  surface  of  such  superior  integrity  can  be  obtained  because,  as  in  the 
previous  report*^^,  the  mean  temperatures  at  the  grinding  point  of  the  grains 
(above  room  temperature)  is  100  K  or  below,  and  because  the  surface  temperat¬ 
ure  of  the  workpiece  is  cooled  to  the  original  temperature*^*  as  soon  as  the 
grains  have  passed,  decreasing  the  amount  of  heat  which  flows  into  the  work- 
piece  and  the  tensile  residual  stress  caused  by  the  grinding  heat.  For  the 
diamond  wheel,  grinding  force  is  small,  and  tensile  stress  due  to  cutting 
force  is  limited.  In  addition,  diamond  grains  have  a  low  friction  coefficient, 
subject  to  burnishing  action,  and  generating  a  large  compressive  stress  on 
the  grinding  surface.  For  these  reasons,  the  distribution  pattern  of  grinding 
residual  stress  becomes  of  compressive  type.  The  peak  stress  on  the  compress¬ 
ion  side  attains  a  value  as  high  as  apporox.  500  MPa.  If  a  grinding  under  the 
same  Zth  is  carried  out  with  the  same  wheel  under  Pj=0.1MPa,  grinding  tempe- 


raturcs  become  higher,  making  grinding  impossible  by  greatly  increasing  the 
wear  on  the  wheel.  Grinding  under  the  above  conditions  is  impossible  with  a 
fine  grain  wheel  if  a  grinding  fluid  is  injected  at  Pj=2  MPa.  As  described 
above,  the  jet  injection  grinding  method  with  a  diamond  wheel  permits  low 
stress  grinding  at  a  higher  efficiency  than  the  conventional  low  speed  grind¬ 
ing  method. 


4.  Conclusion 


The  following  conclusions  are  derived: 

(1)  With  the  decrease  in  the  grain  size  of  a  wheel,  grinding  ratio  is  decrea¬ 
sed  remarkably,  and  specific  grinding  force  increases.  There  exist  optimum 
grain  sizes  which  minimize  the  roughness  of  finished  surface.  Wheels  of 
fine  grain  are  unsuitable  for  highly  efficient  grinding. 

(2)  If  one  considers  the  types  of  diamond  grains  and  the  grain  retention  pow¬ 
er  of  the  bond,  the  vitrified  bonded  diamond  wheel  can  offer  almost  the 
same  grinding  characteristics  as  the  resinoid  bonded  diamond  wheel  can. 

(3)  If  the  pressure  on  the  grinding  fluid  is  increased,  the  grinding  ratio 
increases,  resulting  in  marked  improvements  in  finished  surface  roughness 
and  surface  integrity. 

(4)  When  a  diamond  wheel  is  employed  to  perform  grinding  under  fluid  at  high 
pressure,  it  is  possible  to  give  highly  efficient  grinding  without  causing 
tensile  residual  stress  in  the  vicinity  of  the  finished  surface,  and  thus 
more  efficient  low  stress  grinding  than  normal  becomes  possible. 
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Abstract 

Studies  of  isostatic  diffusion  bonding  have  been  made  for  microduplex  Ti-6A1-4V  and  Super 
Alpha-2  sheet  materials.  The  conditions  of  temperature,  pressure  and  time  required  to 
pr^uce  a  sound  bond  have  been  examined  for  surfaces  which  were  either  chemically  cleaned 
or  fine  ground.  Bond  integrity  in  Ti-6A1-4V  was  assessed  using  optical  metallography,  lap 
shear  strength  measurements  and  fractography,  while  bonds  in  Super  Alpha-2  were  examined 
metallographically.  Experimental  bonding  times  were  compared  with  those  predicted  by  a 
theoretical  model  for  isostatic  bonding,  and  it  was  found  that  they  showed  reasonable 
agreement  within  the  limits  of  reliability  of  the  material  property  data.  For  Ti-6A1-4V  sound 
bonds  could  be  readily  obtained  at  temperatures  close  to  those  used  for  SPF.  However,  for 
Super  Alpha-2  it  was  clear  that  the  production  of  sound  bonds  at  temperatures  near  to  those 
associated  with  optimum  superplasticity ,  960-980°C,  would  require  higher  pressures  and/or 
longer  times  than  those  used  for  Ti-6AI-4V. 

Introduction 

Diffusion  bonding  (DB)  combined  with  superpiastic  forming  (SPF)  is  now  a  well  established 
route  for  the  production  of  complex  structures  from  a/j3  titanium  alloys.  The  procedure  can 
result  in  both  cost  and  weight  savings  compared  with  conventional  forming  techniques. 
Several  models  of  DB  have  been  proposed  to  predict  the  time  requited  to  form  a  sound  bond 
between  surfaces  of  varying  roughnesses!  1-7).  The  models  show,  for  the  most  part, 
reasonable  agreement  with  the  limited  experimental  data  available  to  test  them.  However, 
these  models  assume  that  bonding  occurs  in  plane  strain,  whereas  there  is  an  increasing 
commercial  interest  in  the  DB  of  superpiastic  materials  under  conditions  of  isostatic 
compression.  It  has  been  predicted  that  isostatic  DB  will  lead  to  a  reduction  in  bonding  times 
compared  with  plane  strain  conditions^^^  However,  there  appears  to  be  no  published 
experimental  information  on  isostatic  bonding.  In  the  present  work,  studies  have  b^  made 
of  the  times  to  produce  sound  bonds  in  superpiastic  Ti-6AI-4V  and  Super  Alpha-2  sheet 
materials  under  isostatic  conditions.  Experimentally  determined  bonding  times  have  been 
compared  with  those  predicted  by  theoretical  modelling. 
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Experimental 


Materials 

The  Ti-6A1-4V  alloy  was  received  in  the  form  of  superplastic  grade  sheet  of  1.6  mm 
thickness,  with  a  mean  grain  size  (mean  linear  intercept)  of  -  6Mm.  The  Super  Alpha-2 
alloy,  which  was  based  on  the  composition;  Ti-25Al-10Nb-3V-lMo,  was  obtained  as  3  mm 
rolled  sheet.  The  /3-transus  temperature  was  determined  as  lOSO-lOSS^C,  and  the  as-received 
sheet  had  an  a2+0  microstructure  with  a  mean  linear  intercept  of  -  S/tm.  Both  materials 
had  been  manufactured  by  Timet. 

Diffusion  Bonding 

For  the  preparation  of  diffusion  bonding  couples,  blanks  measuring  88  mm  x  22  mm  were  cut 
from  the  sheet  materials.  For  the  Ti-6A1-4V,  bonding  was  investigated  for  two  surface 
conditions;  (i)  as-received  and  chemically  cleaned  (see  Ref.  9)  and  (ii)  ground  to  P60  grade 
silicon  carbide  followed  by  ultrasonic  cleaning  in  acetone.  For  the  Super  Alpha-2,  surfaces 
were  ground  to  a  PI 200  grade  silicon  carbide  grit  finish  before  ultrasonic  cleaning.  Pairs 
of  blanks  were  electron  beam  welded  around  their  peripheries  in  an  evacuated  system  to  form 
a  DB  couple.  The  Ti-6A1-4V  specimens  were  subjected  to  various  isostatic  pressures  up  to 
2. 1  MPa  (300  psi)  at  temperatures  in  the  range  907*^0  -  940°C  (1 180  -  1213K)  for  times  of 
up  to  4  hours.  For  Super  Alpha-2  the  temperatures  examined  were  from  95(PC  -  lOSO'^C 
(1223-1323K),  with  pressures  up  to  2.8  MPa  (500  psi)  and  times  up  to  4  hours. 

For  Ti-6A1-4V  alloy,  bond  quality  was  assessed  on  the  basis  of  optical  metallography,  lap 
shear  strength  measurements  and  scanning  electron  metallography  of  the  shear  fracture 
surfaces,  while  for  the  Super  Alpha-2  only  optical  metallography  has  so  far  been  used. 
Sections  for  optical  examination  were  etched  in  2%  HF  and  1()%  HNO3  by  volume,  in  water. 
Lap  shear  test  pieces  with  an  overlap  of  l.St,  where  t  is  sheet  thickness,  were  machined  from 
the  bonded  samples,  and  tested  in  compression.  A  sound  bond  was  one  which  reached  a 
shear  strength  of  95%  of  the  parent  metal  tested  after  a  comparable  thermal  cycle,  showed 
no  metallographic  evidence  of  the  bond  line  and  exhibited  a  fully  ductile  shear  fracture. 


Comparison  of  Experiment  with  Theoretical  Prediction 


fsostatic  Bonding  Model 

In  diffusion  bonding,  the  application  of  an  external  pressure  will  cause  the  points  of  contact 
between  two  surfaces  to  collapse  until  the  cross-sectional  area  of  contact  can  support  the 
applied  pressure.  This  leads  to  the  creation  of  a  planar  array  of  interfacial  voids.  In  the 
isostatic  DB  model  of  Pilling(8)  it  was  assumed  that  the  voids  had  a  cylindrical  shape  with 
their  axes  aligned  perpendicular  to  the  plane  of  the  bond.  However,  in  recent  work  on  the 
isostatic  DB  of  Ti-6AI-4V,  a  pyramidal^llipsoidal  void  morphology  was  adopted,  following 
metallographic  observations  of  the  shape  of  collapsing  voids(9). 

In  the  model,  the  time  to  attain  full  interfacial  contact  is  calculated  by  integrating  the  rate  of 
reduction  of  area  fraction  of  the  voids  between  the  start  of  bonding  and  the  completion  of 
bonding.  The  reduction  in  area  fraction  is  considered  to  be  the  sum  of  two  independent 
processes  involving  time  dependent  plastic  collapse,  and  diffusion  from  the  bond  interface, 
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and  also  from  grain  boundaries  intersecting  the  void,  into  the  void.  The  magnitude  of  each 
process  will  vary  with  stress  and  temperature.  In  duplex  alloys,  the  material  properties  such 
as  shear  modulus  and  diffusion  coefficient  will  depend  on  the  proportions  of  phases  present. 
From  measurements  of  the  volume  fractions  of  phases  at  different  temperatures,  the  properties 
of  the  alloys  can  be  calculated  from  those  of  the  constituent  phases  using  a  rule  of  mixtures. 


(a)  (b) 

Figure  1 .  Microstructure  of  bonds  formed  in  Ti-6A1-4V  at  940‘’C  and  1  MPa  for 
chemically  cleaned  surfaces  (a)  20  mins,  (b)  45  mins. 

Measurement  of  Material  Parameters 

The  material  parameters  required  to  test  the  model  include  the  a//3  phase  proportions  at 
various  bonding  temperatures,  the  flow  stress-strain  rate  behaviour,  the  average  grain  size  as 
a  function  of  bonding  time  and  temperature.  Surface  roughness  is  also  required. 

Phase  proportions  were  determined  by  point  counting  of  specimens  which  were 
metallographically  prepared  after  water  quenching,  following  a  30  minute  hold  at  various 
tem[>erature$.  The  data  is  given  in  Tables  I  and  II  for  the  two  materials  being  examined.  For 
the  determination  of  stress-strain  rate  relationships,  tensile  specimens  of  10  mm  gauge  length 
and  5  mm  gauge  width  were  held  at  various  temperatures  in  a  furnace  attached  to  a  computer 
controlled  Instron  testing  machine.  Velocity  jump  tests  were  performed  at  cross-head  speeds 
corresponding  to  strain  rates  in  the  range  lO'^-lO'^s'*.  From  the  resulting  record  of  load 
versus  time,  true  stress-true  strain  rate  relationships  were  calculated.  For  the  Super  Alpha-2 
alloy  additional  data  was  taken  from  the  work  of  Mukherjee(lO),  Ghosh(l  1)  and  co-workers, 
and  Collins(12).  The  effect  of  test  temperature  on  the  flow  stress  was  removed  by  plotting 
modulus  compensated  stress,  5(=u/G{T))  and  a  temperature  compensated  strain  rate 
€(=e/D(T)).  From  the  compensated  data  plot  the  stress  exponents  and  pre-exponential  terms 
in  the  constitutive  equations  for  flow  were  obtained  and  are  listed  in  Tables  I  and  II. 

The  variation  of  mean  grain  size  with  time  at  various  bonding  temperatures  was  determined 
metallographically  for  water  quenched  specimens.  The  average  grain  size  expressed  as  a 
mean  linear  intercept  is  given  in  Tables  I  and  II.  Surface  roughness,  obtained  from  Talysurf 
measurements,  was  (i)  as-received  and  chemically  cleaned,  0.6#im,  and  wavelength  X  = 
lO.S^im,  (ii)  ground  surface  finish  P60,  R,  =  0.8/(m  and  X  =  14.8/im,  (iii)  ground  surface 
finish  P1200,  R^  =  0. 1/xm  and  X  =  10.  Ifim.  Other  material  parameters  such  as  diffusivity. 
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(a) 


(b) 


Figure  2.  Shear  fracture  surfaces  forTi-6AI-4V  bonded  at  940'’C  for  (a)  2.  IMPa, 
5  mins,  (b)  IMPa,  45  mins.  Chemically  cleaned  surface. 


shear  modulus  and  its  temperature  dependence,  atomic  volume  were  obtained  from  the 
literature,  given  in  Tables  I  and  11,  Where  the  information  required  for  Super  Alpha-2  was 
not  available,  the  values  used  were  estimated  from  the  corresponding  values  for  Ti-6AI-4V. 

Ti-6AI-4V  ;  Results  and  Predictions 

The  conditions  to  produce  sound  bonds  have  been  examined  at  three  temperatures.  Figure 
1  shows  the  bonded  regions  of  specimens  with  a  chemically  cleaned  surface,  bonded  at  940°C 
(1213K)  under  a  pressure  of  1  MPa(144  psi)  for  20  minutes  and  45  minutes,  respectively. 
The  bond  interface  is  clearly  visible  in  Fig.  1(a)  but  not  in  1(b).  Lap  shear  test  pieces  showed 
a  systematic  change  in  the  appearance  of  the  fracture  surface  as  the  bond  quality  improved. 
When  the  strength  was  low  the  fracture  surface  was  almost  planar,  with  evidence  of  the 
original  surface  clearly  apparent  (Fig,  2a).  With  increasing  time  and  pressure  the  failure 
mode  became  more  ductile,  with  high  strength  bonds  showing  100%  ductile  tearing  (Fig.  2b). 
The  metallographic  observations,  both  optical  and  SEM,  were  combined  with  the  conditions 
for  which  the  lap  shear  strength  ratios  were  greater  than  0.95,  to  give  the  conditions  required 
to  form  sound  bonds  at  temperatures  of  907'’C  (1 180K).  927°C  (1200K)  and  940°C  (1213K), 
for  chemically  cleaned  surfaces,  and  at  940°r  for  a  P60  ground  surface  finish  (Figure  .3a-d). 

The  predicted  bonding  times,  based  on  the  assumption  that  the  collapsing  voids  have  an 
ellipsoidal  rather  than  a  cylindrical  geometry,  .show  es,sentially  the  same  variation  with 
pressure  as  the  experimental  bonding  times.  As  can  be  seen  in  Fig,  3a-d  the  model  tends  to 
overestimate  the  actual  bonding  time  although  the  agreement  is  good  for  the  chemically 
cleaned  surfaces  at  lower  bonding  pressures.  Hence,  at  the  higher  pressures/shorter  times 
either  the  calculated  rate  of  mass  transfer  is  Uh>  small  and/or  the  volume  of  material  to  be 
transferred  to  the  interfacial  voids  is  too  great.  Overall,  however,  the  agreement  is 
satisfactory  within  the  limits  of  uncertainly  of  the  materials  properly  data.  It  is  interesting 
to  note  that  at  the  temperatures  examined  907-  940°r,  the  experimental  studies  showed  that 
it  was  possible  to  get  sound  bonds  in  times  of  15-.'(0  minutes  at  a  pressure  of  2. 1  MPa  (."^OO 
psi)  for  as-received  sheet  which  had  been  chemically  cleaned. 


(C)  (d) 


Figure  3.  Conditions  to  produce  a  sound  bond  in  Ti-6A1-4V  at  (a)  907®C  (b) 

927°C  (c)  940”C,  for  chemically  cleaned  surfaces  and  (d)  at  940‘’C  for 
a  P60  finish.  Full  lines  -  experimental;  dashed  lines  -  predicted. 


DB  specimens  were  subjected  to  isostatic  pressures  of  2.1  Mpa  (300  psi)  or  2.8  Mpa  (400  psi) 
at  temperatures  in  the  range  950-1050^C  for  times  of  up  to  4  hours.  For  these  pressures  and 
times,  sound  bonds  were  not  obtained  at  temperatures  of  KXXlPC  or  below  (950°C,  970“C). 
However,  metallographically  sound  bonds  were  obtained  at  both  1030°C  and  10S0°C.  At 
I030°C  a  pressure  of  2.8  MPa  applied  for  4  hours  was  sufficient  to  remove  the  bond  line 
while  at  1050“C  a  pressure  of  2. 1  MPa  developed  a  sound  bond  after  both  2  and  4  hours. 
At  1050”C  the  alloy  contains  about  80%  0-phase  (Fig.  4).  For  the  temperature  range  of 
interest  (9S0°C  -  10S0°C)  the  calculated  bonding  times  varied  by  a  factor  of  two  at  constant 
pressure  and  by  more  than  an  order  of  magnitude  at  constant  temperature  for  the  pressure 
range  0.35  -  3.5  MPa.  However,  given  the  high  flow  stresses  of  Super  Alpha-2  compared 
to  Ti-6AI-4V  for  a  similar  microstructure  it  is  easy  to  understand  why  sound  bonds  were 
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0.5  -  2.1  MPa  for  two  surface  finishes.  For  as-received  sheet  material  subjected  to  a 
commercial  chemical  cleaning  procedure  it  was  observed  that  sound  bonds  could  be  obtained 
for  times  of  15  -  30  minutes  over  the  temperature  range  examined  for  an  isostatic  pressure 
of  2. 1  MPa  (300  psi).  The  experimental  data  shows  reasonable  agreement  with  bonding  times 
predicted  theoretically,  within  the  limits  of  uncertainty  of  the  materials  property  data  used  in 
the  calculations.  The  main  differences  between  experiment  and  prediction  occur  at  higher 
bonding  pressures,  where  the  experimental  times  are  shorter  than  those  predicted. 

For  Supier  Alpha-2,  bonding  was  investigated  for  the  temperature  range  950-1050°C  using 
pressures  up  to  2.8  MPa  (400  psi).  For  the  conditions  examined  a  sound  bond  was  not 
obtained  at  1000°C  or  below.  However,  sound  bonds  were  obtained  at  1030°C  in  4  hours 
at  2.8  MPa,  and  at  1050°C  in  2  hours  at  2.1  MPa.  These  bonding  times  were  in  reasonable 
agreement  with  those  predicted.  For  the  lower  temperatures  examined,  <  lOOC’C,  the  model 
predicted  that  higher  pressures/longer  times  would  be  required  for  bonding,  than  those 
investigated.  At  1000°C  a  bonding  time  of  15  hours  at  2.1  MPa,  and  10  hours  at  2.8  MPa 
is  predicted.  At  the  optimum  SPF  temperature  range  of  960-980‘'C  measured  for  the 
material,  even  longer  times/higher  pressures  would  be  required. 
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Table  1  Material  properties  for  a//}  Ti-6AI-4V 


Property 

o-Phase 

^-phase 

Melting  point  T„(K) 

1933 

1933 

Atomic  Volume  (m^) 

1.76  X  10"29 

1.81  X  10~2^ 

Shear  Modulus  (MPa) 

4.36  X  10^[1-0.5(T-300)/T„] 

2.04  X  10^[1-1.2(T- 
300)/T„] 

Grain  boundary  diffusion 
(m^  s~*) 

3.6  X  10"‘6  exp(-97,000/RT) 

5.4  X  10~‘‘' 

exp(-150,000/RT) 

Surface  energy  (Jm~^) 

1 

1 

Strain  rate(s‘')  (a  in  MPa)  for  SP  flow  = 

..p  (-  )«■» 

Strain  rate  (s  ')  (a  in  MPa)  for  power-law  creep  = 


6.6  X  10  ' 

T 


150,000)  4.} 

RT  r 


Temperature 

907*C 

927'C 

940‘’C 

Volume  fraction 
/3-phase 

0.47 

0.55 

0.60 

Mean  grain  size  (>4m) 

7.9 

11.3 

14.0 

Table  II  Material  properties  for  Super  Alpha-2 


Property 

a2'Pbase 

/3-phase 

Melting  point  T^(K) 

2223 

2223 

Shear  Modulus  (GPa) 

58 

35 

Strain  rate  (s"')  (o  in  MPa)  for  SP  flow  = 


2  X  10* 

T 


exp 


308,000)  2.1, 
RT  ) 


lOOOX 

1030°C 

1050°C 

Volume  fraction 
0-phase 

0.60 

0.70 

0.80 

Mean  grain  size 

5  ftw 

5  /im 

5  pm 

1,632 


PHYSICAL  AND 
MECHANICAL 
PROPERTIES 


1,633 


MECHANICAL  PROPERTIES  OF  TITANIUM  ALLOYS 


G.  Layering,  J.  Albrecht  A.  Gysler 

Technlsche  Universitftt  Hamburg-Harburg 
2100  Hambuiig  90,  FRG 


Abstract 

For  a  +  p  and  near-a  alloys  some  Important  issues  concerning  fatigue  crack  nucleatlon, 
fatigue  crack  propagation  of  self-lnltlated  mtcrocracks.  fracture  toughness  tests  on  small 
cracks,  and  creep  are  pointed  out  in  this  paper.  These  mechanical  properties  are  discussed 
In  connection  with  critical  mlcrostructund  parameters  such  as  l^ellar  versus  bl-modal 
microstructures,  cooling  rate,  texture,  and  intermediate  aiuieallng.  For  Super  Alpha  2  the 
importance  of  cooling  rate  and  final  heat  treatment  for  balancing  the  mechanical  properties 
Is  pomted  out. 

Introduction 

This  paper  tries  to  point  out  some  of  the  possibilities  to  optimize  or  balance  the  mechanical 
properties  of  titanium  allc^  through  mlcrostructural  control.  The  discussion  will  con¬ 
centrate  on  a  -t-  p  alleys,  hl^  temperature  near  a  alloys,  and  TI3AI  based  intermetalUcs.  In 
each  of  these  alloy  systems  the  microstructure  can  be  varied  from  fully  lamellar  over  bl- 
modal  (equlaxed  prlmaiy  a  or  in  a  matrix  of  lamellar  grains)  to  frilly  equlaxed.  With 
respect  to  the  most  Important  mechanical  properties  (yield  stress,  tensile  ductility,  fatigue 
strength,  fatigue  crack  propagation  resistance,  fracture  toughness,  creep  resistance)  it  is 
easily  possible  to  optimize  the  microstructure  for  individual  properties,  for  example  a  bl- 
modal  structure  for  high  yield  stress,  tensile  ductility,  fatigue  strength,  or  a  fully  lamellar 
structure  for  high  fatigue  crack  propagation  resistance,  fracture  toughness,  creep  resis¬ 
tance,  but  difficulties  arise  when  trying  for  example  to  optimize  for  high  fatigue  strength 
combined  with  high  creep  resistance  (I). 

In  dealing  with  some  of  these  problems  it  Is  Important  to  realize  by  which  step  of  the 
thermomechanical  treatment  (TMT)  or  production  route  the  most  important  mlcrostructural 
parameters  are  adjusted.  Takfrig  the  bl-modal  microstructure  of  a  p  and  near  a  alloys 
the  TMT  can  be  subdivided  into  five  important  steps; 

Cooling  rate  from  the  p  phase  field  prior  to  final  a  p  deformation  (including  heating 
rate  to  deformation  temperature)  limiting  the  attainable  primary  a  (Op)  size, 
a  p  deformation  (degree,  temperature,  mode)  determining  the  crystallographic  tex¬ 
ture  of  the  hexagonal  a  phase. 

a  P  recrystalllzatlon  (temperature,  time)  adjusting  Op  volume  fraction  and  Op 
size,  both  together  determining  p  grain  size. 

Cooling  rate  from  reciystalllzatlon  treatment  determining  width  and  length  of  a 
lamellae. 

Final  heat  treatment  (temperature,  time)  determining  degree  of  precipitation  rn3Al, 
115513)  and  final  volume  fraction  of  p  phase. 

For  the  fully  lamellar  mlcrostructure  01^  the  last  two  steps  arc  applicable  (cooling  rate 
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in  this  case  from  the  p  recrystalUzatlon  treabmnt  and  final  heat  treatment).  In  the  section 
<m  TI3AI  based  IntermetalUcs  the  major  differences  for  these  materials  with  reflect  to  the 
above  outlined  TMT  will  be  pointed  out 


Prom  the  mechanical  properties  mentioned  above,  yield  stress  and  tensile  ductility  will  not 
be  discussed  in  this  paper. 

Fatigue  Crack  Nucleatlon 

Many  applications  of  titanium  alloys  require  a  hl^  HCF  strength.  A  popular  example  In 
recent  years  Is  the  effort  of  the  Electric  Power  Research  Institute  (Dr.  RI.  Jaffee)  to  maxi¬ 
mize  the  HCF  strength  of  T1-6A1-4V  for  application  as  material  for  large  steam  turbine 
blades  (2).  To  optimize  the  resistance  ag^st  fatigue  crack  nucleatlon  the  bl-modal 
microstructure  was  taken  as  the  basic  structure  of  the  T1-6A1-4V  material  containing  0.2  % 
o^qrgen.  The  problem  with  the  bl-modal  microstructure  is  that  both  parts  of  the  structure, 
the  primary  a  and  the  lamellar  grains,  have  to  be  optimized  against  fatigue  crack  nucle- 
atton.  The  primary  a  was  optimized  m  two  steps;  First,  the  vidume  fractloR  of  primary  a  was 
adjusted  to  about  35  %  to  separate  the  individual  primary  a  grains.  Second,  the  size  of  the 
primary  a  was  decreased  as  far  as  possible.  This  decreased  also  the  p  grain  size.  It  turned 
out  that  below  a  primary  a  size  of  about  15-20  pm  no  notlcable  furiher  improvement  in 
HCF  strength  was  obtained  (2.3).  A  careful  examination  of  the  fatigue  crack  nucleatlon  sites 
showed  that  for  these  microstructures  the  cracks  nucleated  within  the  lamellar  grains 
(Figure  1).  A  further  improvement  of  the  HCF  strength  can  then  be  obtained  onty  by 
optimizing  the  lamellar  grains.  The  easiest  way  is  to  Increase  the  cooling  rate  fiom  the  bl- 
modal  recrystalUzatlon  temperature  (3).  With  increasing  cooling  rate  the  width  of  the  a 
lamellae  Is  decreased  as  shown  in  Figure  2  by  comparing  alr-cooUng  to  water-quenching. 
Due  to  the  reduction  in  lameUae  width  the  resistance  against  crack  nucleatlon  is  increased 
raising  the  HCF  strength.  The  second  posslblUty  to  mcrease  the  HCF  strength  would  be  to 
induce  a  strong  crystallographic  texture  In  the  blading  material  (3).  Figure  3  shows  such  a 
strong  and  for  comparison  a  weaker  crystallographic  texture  (0002  pole  figures)  derived 
from  different  rolling  procedures.  The  improvement  of  HCF  strength  by  these  two  methods 
Is  shown  in  Figure  4  (cooling  rate)  and  Figure  5  (texture).  In  production,  water-quenching  of 
the  forged  blades  has  to  be  done  in  a  fixture  to  assure  geometrical  stability.  The  texture 
method  has  not  been  used  successfully  up  to  now  because  this  would  require  a  completely 
new  blade  forging  practice. 


Fatigue  Crack  Propagation 

For  Improving  LCF  strength  crack  propagaticHi  has  to  be  taken  Into  account  in  addition  to 
crack  nucleatlon.  From  testing  fatigue  crack  propagation  separately  by  conventional  frac¬ 
ture  meclianics  methods,  for  example  on  CT-specimens,  It  Is  well  known  that  fully  lamellar 
microstructures  exhibit  slower  crack  growth  rates  than  bl-modal  microstructures.  Sur¬ 
prisingly.  when  testing  LCF  strength  on  non- precracked  round  specimens  bl-modal  struc¬ 
tures  are  always  superior  to  lamellar  structures.  An  example  (4)  Is  shown  in  Figure  6  for  the 
IMI  834  alloy  comparing  a  lamellar  microstructure  with  two  bl-modal  microstructures 
having  the  same  a-  volume  fraction  of  about  13  %  but  different  Op  sizes  (Bl-M.  1:  40  pm, 
Bi-M.2:  20  pm).  The  roofing  rate  from  the  rectystallizatlon  temperature  was  identical  for  the 
three  different  microstructures  tested.  Separating  crack  nucleatlon  from  propagation  and 
measiulng  the  crack  propagation  rates  of  these  self-initiated  small  fatigue  cracks  the  la¬ 
mellar  microstructure  exhibited  faster  crack  growth  rates  than  the  bl-modal  mlcrostruc- 
tures  (Figure  7)  (4).  In  agreement  with  (5),  no  measuraUe  differences  in  propagation  rates 
were  found  for  the  two  different  bl-modal  microstructures  tested  (Bl-M.  I  and  B1-M.2).  The 
difference  In  fatigue  crack  growth  rates  between  small  cracks  and  large  through-cracks  for 
the  lamellar  microstructure  was  attributed  to  the  development  of  a  serrated  crack  front 
profile  with  Increasing  crack  front  length,  hindering  crack  growth  (6).  This  behavior  of  the 
fully  lamellar  microstructuie  can  be  visualized  best  by  ascribing  to  each  crack  size  a  sepa¬ 
rate  fatigue  crack  propagation  curve  (Figure  8)  (7)  which  also  explains  the  often  observed 
stress  dependence  for  microcrack  propagation.  Since  for  the  fine  bl-modal  microstructure 
the  crack  front  remains  very  smooth  even  for  large  cracks,  not  much  difference  is  measured 
In  this  case  with  increasing  crack  front  length  or  between  siiuUl  and  large  cracks. 


Fracture  Toughness 


A  logical  consequence  of  the  observed  dependence  of  fatigue  crack  pn^iagation  rate  on 
crack  front  length  for  the  fully  lamellar  microstructures  is  that  the  <mset  oi  unstable  crack 
propagation  (l.e.  fracture  toughness)  also  might  depend  on  crack  front  length.  Two 
microstructures  of  the  IMl  834  alloy,  a  coarse  lamellar  and  a  bl-modal  mlcroetructure  with 
a  primary  a  volume  firactlon  of  about  13  %,  were  compared  in  fracture  toughness  testing.  In 
one  case  conventional  pre-cracked  specimens  with  a  addth  of  about  6  mm  and  In  the  other 
case  small  surface  fatigue  cracks  with  a  crack  front  length  of  about  1  mm  In  round 
specimens  with  a  diameter  of  about  3  mm  acre  tested.  The  measured  frocture  toughness 
values  are  shoam  in  Figure  9  and  the  corresponding  crack  front  profiles  in  Figure  10  (small 
cracks)  and  Figure  1 1  (wide  cracks)  arith  the  crack  propagation  direction  being  normal  to 
the  plane  of  the  micrographs.  It  can  be  seen  from  Figure  9  that  the  fracture  toughness 
values  for  the  small  cracks  are  similar  for  both  microstructures  adth  a  value  of  about 
20  MPa  '  m^ and  perhaps  with  the  tendency  that  the  coarse  lamellar  even  has  a  lower 
toughness  value.  A  loacr  toughness  value  would  agree  with  the  lower  ductility  of  the 
lamellar  as  compared  to  the  bl-modal  microstructure  (tensile  elongation  4.5  %  and  10.5  % 
respectively).  In  contrast,  the  conventional  fracture  toughness  specimens  adth  a  width  of 
about  6  mm  exhibited  the  well-knoam  dmndence  of  fracture  toughness  on  microstructure, 
the  higher  value  of  about  50  MPa  '  for  the  lamellar  microstructure  as  compared  to 

about  35  MPa  •  m^^^  for  the  bl-modal  mlcrostnicture  (Figure  9,  adde  cracks).  The  corres¬ 
ponding  crack  front  profiles  demonstrate  clearly  that  for  the  wide  cracks  a  tremendous 
difference  In  roughness  exists  between  the  bl-modal  and  the  lamellar  microstructures 
(Figure  1 1),  adiereas  for  the  small  cracks  the  difference  In  roughness  is  much  less  pro¬ 
nounced  (Figure  10).  The  observed  results  suggest  that  the  common  viewpoint  of  a  superior 
fracture  toughness  behavior  of  lamellar  microstructures  as  compared  to  fine  bl-mo^  or 
equlaxed  microstructures  might  not  be  correct  for  highly  stressed  parts  with  relatively  small 
critical  crack  sizes. 


High  Temperature  Properties 

For  most  high  temperature  applications  of  titanium  alloys  creep  properties  as  well  as 
fatigue  properties  play  a  role.  The  above  outlined  relationships  between  microstructure  and 
fatigue  properties  at  room  temperature  can  be  taken  as  a  firat  approximation  also  for  high 
temperature  fatigue.  It  was  pointed  out  that  for  an  optimized  bl-modal  microstructure 
fatigue  crack  nucleatlon  occurs  In  the  lamellar  grains  and  that  In  this  case  the  easiest  way 
to  Increase  the  fatigue  properties  further  would  be  an  increase  In  cooling  rate  from  the  bl- 
modal  recrystalllzatlon  temperature  Increasing  the  resistance  against  fatigue  crack  nucle¬ 
atlon.  This  Improvement  Is  also  obtained  for  fatigue  at  high  temperature,  an  example  Is 
shown  In  Figure  12,  in  which  the  LCF  strength  for  10'^  cycles  is  plotted  as  a  function  of 
cooling  rate  for  the  Ti-6242  alloy  with  a  bl-modal  microstructure  tested  at  450**  C  (8).  It 
should  be  mentioned  that  the  yield  stress  at  high  temperature  showed  qualitatively  the 
same  dependence  on  cooling  rate  pointing  out  that  dislocation  motion  (crack  nucleatlon)  Is 
affected.  Unfortunately,  this  Improvement  In  fatigue  strength  with  Increasing  cooling  rate 
cannot  be  utilized  if  at  the  same  time  a  high  resistance  against  creep  deformation  Is  needed. 
This  Is  shown  In  Figure  13  In  which  the  creep  resistance  (plastic  strain  after  100  hours)  is 
plotted  as  a  function  of  cooling  rate  for  the  same  material  condition  as  in  Figure  12  (8).  It 
can  be  seen  that  for  the  high  cooling  rates  for  which  the  improvement  In  fatigue  properties 
was  observed,  the  creep  resistance  drastically  declined  (9).  The  first  thought  to  explain  this 
behavior  was  the  Increased  dislocation  density  associated  with  the  martensitic  transfor¬ 
mation  at  high  cooling  rates.  More  detailed  investigations  performed  on  the  IMI834  (10) 
alloy  proved  that  this  explanation  was  wrong.  Increasing  the  dislocation  density  artificially 
by  cold  rolling  increased  the  plastic  creep  strain  drastically  but  over  the  whole  range  of 
cooling  rates  studied,  the  original  dependence  of  creep  resistance  on  cooling  rate  remained 
unchanged.  Also  an  intermediate  annealing  treatment  of  2h  830^C  before  the  final  aging 
treatment  of  the  IMI  834  (2h  700%)  removing  most  of  the  dislocations  did  not  change  to 
any  noticable  degree  the  high  plastic  creep  strain  of  the  fast  cooled  condition  for  the  fully 
lamellar  structure  as  well  as  for  the  bl-modal  structure  with  15  %  primary  a  (Figure  14) 
(10).  One  mlcrostructural  feature  which  did  not  change  during  the  2h  830°C  intermediate 
annealing  treatment  was  the  crystallographic  mlsorlentation  between  neighbouring 
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lamellae.  Whereas  for  the  slow  cooled  conditions,  in  which  the  a  lamellae  grow  a  dlfiu- 
slon  controlled  process  into  the  p  grains,  the  orientation  difference  between  nei^ibouring 
lamellae  is  very  small  (Figure  1^).  the  mlsorientatlon  is  much  larger  for  the  fast  cooled 
condition,  in  which  a  martensitic  transformation  occurs  (Figure  15b)  (10).  If  Interface 
sliding  also  plays  a  role  in  the  creep  deformation  and  assuming  that  the  Interface  sliding  is 
much  more  pronounced  for  boundaries  between  lamellae  with  large  mlsorlentations  then 
the  observed  dependence  of  creep  strain  on  cooling  rate  can  be  summarized  as  follows:  In 
the  regime  of  slow  cooling  rates  (perfect  lamellae  boundaries,  no  boundary  sliding 
dislocation  creep  dominates  and  decreasing  the  lamellae  width  by  increasing  the  cooling 
rate  decreases  the  creep  strain.  In  the  regime  of  fast  cooling  rates  beyond  the  maximum  in 
creep  resistance,  the  tendency  for  martensitic  transformation  (mlsorlented  lamellae 
boundaries)  increases  with  increasing  cooling  rate  and.  assuming  that  boundary  sliding 
dominates,  the  creep  strain  increases  drastically. 

The  observed  result  that  the  intermediate  annealing  of  2h  830°C  improved  the  creep  re¬ 
sistance  of  the  bl-modal  microstructure  of  the  IMI  834  alloy  In  the  slow-cooled  regime 
appreciably  (Figure  14)  might  be  due  to  the  redistribution  of  aluminum  from  the  primary  a 
into  the  a  lamellae  increasing  subsequent  age-hardening  by  coherent  Ti^Al  particles  during 
the  final  heat  treatment  of  2h  700°C.  This  improvement  can  only  be  utilized  for  alloys  con¬ 
taining  silicon  and.  as  a  consequence.  115813  particles  at  lamellae  boundaries  hindering  the 
coarsening  of  the  lamellae.  For  example,  intermediate  annealing  of  the  T1-6A1-4V  alloy  de¬ 
creased  the  creep  resistance  in  this  slow-cooled  regime  drastically  by  coarsening  of  the 
lamellae  (10). 


From  the  TI3AI  based  alloys,  the  Su{>er  Alpha  2  alloy  is  the  most  advanced  and  will  be 
taken  in  this  paper  therefore  as  example  for  these  types  of  materials.  The  mlcrostructure  of 
the  Super  Alpha  2  alloy  (n-14Al-20Nb-3.2V-2Mo.  in  wt.%)  can  also  be  varied  by  TMT  from 
lamellv  over  bl-modal  to  equlaxed  (Figure  16)  (1 1).  Comparing  the  bl-modal  mlcrostructure 
of  the  Super  Alpha  2  (Figure  16c)  with  the  commercial  bl-modal  structure  of  IMI  834 
(Figure  16d)  it  can  be  seen  that  the  mlcrostructure  of  the  Super  Alpha  2  is  so  much  finer 
that  the  lamellar  grains  are  only  visible  by  TEM  (for  example  Figme  17c).  The  Important 
difference  to  conventional  a  p  and  near  a  alloys  is  that  upon  fast  cooling  frran  the  reciy- 
stallization  temperature  the  p  phase  does  not  transform  mortensltically  but  is  retain^ 
(Figure  17a).  Dwreaslng  cooling  rate  increases  the  vcdume  fraction  of  diffusion  controUed 
grown  02  lamellae  (Figure  17b)  until  at  a  cooling  rate  of  about  100°C/min  the  process  of  02 
lamellae  growth  is  nearly  completed  during  cooling  (Figure  17c).  This  means  that  for  fast 
and  intermediate  cooling  rates  the  last  step  In  the  TMT.  the  final  heat  treatment  deter¬ 
mines  to  a  large  extent  the  details  of  the  mlcrostructure  within  the  former  p  grains.  For  the 
Super  Alpha  2  alloy  it  is  therefore  much  more  important  to  optimize  the  final  heat  treat¬ 
ment  for  the  bl-modal  microstructures  as  it  is  for  conventional  a  p  and  near  a  alloys. 
The  mechanical  properties  at  600°  C  of  the  microstructures  shown  in  Figure  16  are  cc»n- 
pared  in  Figure  18  (HCF)  and  Figure  19  (creep  resistance).  It  can  be  seen  that  the  properties 
of  the  Super  Alpha  2  alloy  with  such  an  optimized  bi-modal  mlcrostructure  are  much  better 
than  those  of  the  IMI  834  alloy.  Including  the  room  temperature  ductility  and  fracture 
toughness  fri  the  problem  of  balancing  the  mechanical  properties,  this  bl-modal  structure  of 
the  Super  Alpha  2  shows  sufficient  room  temperature  tensile  elongation  (5  %)  but  the  frac¬ 
ture  toughness  is  fairly  low  with  about  12  MPa  m^^^.  The  result  from  conventional  frac¬ 
ture  toughness  testing  that  the  fully  lamellar  mlcrostructure  shows  superior  toughness 
values  of  about  30  MPa  m^^^  (Figure  20.  wide  cracks)  should  not  lead  to  the  direction  of 
optimizing  the  fully  lamellar  mlcrostructure  for  application  purposes,  since  this  superior 
toughness  of  the  fully  lamellar  condition  is  totally  absent  for  smaU  crack  sizes  (Figure  20. 
small  cracks).  The  very  low  toughness  of  the  lamellar  mlcrostructure  for  small  cracks  is  In 
agreement  with  the  poor  ductility  of  this  structure  (tensile  elongation  near  zero).  The  crack 
front  profiles  corresponding  to  the  toughness  tests  of  Figure  20  are  shown  in  Figure  21 
(small  cracks)  and  Figure  22  (wide  cracks),  the  crack  propagation  direction  being  again 
normal  to  the  plane  of  the  micrographs.  As  pointed  out  already  in  detail  for  the  IMI  834 
alloy  (see  Figures  9- 1 1)  the  serrated  crack  front  profile  of  the  lamellar  mlcrostructure  deve¬ 
loping  with  increasing  crack  front  length  (Figure  22b)  seems  to  be  the  reason  for  the  high 
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toughness  of  conventional  pre-cracked  specimens. 


Taking  the  approach  of  improving  the  fracture  toughness  modifying  the  lamellar  part  of 
the  bl-modal  microstructure  the  following  observation  was  helpful:  With  decreasing  cooling 
rate  from  the  bl-modal  lecrystalllzatlon  tempetature  and  concomitant  coarsening  of  the 
lamellar  portion  of  the  microstructure  (Figure  23a-c)  the  fracture  toughness  Increased  from 
12  MPa -m^/^  to  18  MPa -m^^^  (12).  Unfortunately,  all  other  impcatant  mechanical 
properties  measured  (yield  stress,  tensile  elongation,  creep  resistance,  HCF  strength)  de¬ 
creased  at  the  same  time.  By  modifying  the  final  heat  treatment  It  was  possible  to  create 
within  the  lamellar  regions  of  the  bl-modal  microstructure  a  structure  containing  only  a  few 
large  lamellae,  the  rest  being  vety  fine  lamellae  (Figure  23d).  This  modified  microstructure 
("aimealed"  condition)  exhibited  a  fracture  toughness  of  about  16  MPa  -  m^^^  keeping  all 
the  other  important  mechanical  properties  mentioned  above  at  the  high  level.  These  results 
surest  that  further  research  effort  along  this  route  may  increase  the  fracture  toughness  of 
Super  Alpha  2  to  an  acceptable  level. 

Conclusions 

Instead  of  summarizing  the  results  presented  In  this  paper,  a  few  areas  are  listed  below  In 
which  additional  research  work  seems  to  be  necessary: 

Fatigue  crack  propagation  of  microcracks. 

Fracture  toughness  on  naturally  nucleated  small  cracks. 

Optimization  of  TMT  for  a  combination  of  high  fatigue  strength  at  elevated  tempera- 
tiire  and  creep  resistance. 

Optimization  of  heat  treatment  of  Super  Alpha  2. 

References 


1.  D.F.  Neal,  m; 


y,  DGM  (1985),  2419-2424. 


2.  H.  F\ischnik  et  al..  "Optimization  of  Service  Properties  for  Titanium  Forgings  with  Bl- 
modal  Microstructure".  these  proceedings. 

3.  L.  Wagner.  G.  Layering,  and  RI.  Jaffee,  in  Mlcrostructure/Propertv  Relationships  in 
Titanium  Alumlnldes  and  AUoys.  TMS  (1991).  521-531. 


4.  G.  Lfitjerlng,  in  ] 


L.  BDU  (1992).  139-148. 


5.  A.L.  Dowson.  A.C.  Hollis,  and  C.J.  Beevers,  Int  J.  Fatigue.  14  (1992),  261-270. 

6.  G.  Layering.  A.  Gysler.  and  L.  Wagner,  in  Sixth  World  Conference  on  Tltanlt 
Editions  de  Physique  (1988).  71-80. 


7.  U.  Tacke-Messing,  L.  Wagner,  and  G.  Lfitjerlng,  in 
traeger  (1990),  199-209. 


1,  Gebr.  Bom- 


8.  S.  Saal  et  al..  Z.  Mi-tallkdc..  90  (1990),  535-540. 


9.  W.  Choetal.,  In  j 
187-192. 


.  Les  Editions  de  Physique  (1988), 


10.  C.  Andres,  A.  Gysler,  and  G.  Lfitjerlng.  "Correlation  Between  Microstructure  and  Creep 
Behavior  of  the  High-Temperature  Tl-Alloy  IMI 834",  these  proceedings. 

11.  G.  Latjerlng  et  al..  In  Proc.  6th  Conf.  on  Intermetallic  Comoounds  -  Structure  and  Pro- 
oertlea.  The  Japan  Institute  of  Metals  (1991),  537-541. 


12.  G.  Proske  et  al.,  "On  the  Influence  of  the  Phase  Morphology  on  the  Mechanical  Proper¬ 
ties  of  the  TWo-Phase  IntermetalUc  Compound  Super  Alpha  2".  these  proceedings. 

I,i39 


CYCi.ES  TO  FA'IURE  Nf 


CYCLES  TO  FAiURE  Np 


Figure  4:  Tl  6A1-4V.  HCF.  (R  =  0.1}. 


Figure  5:  Ti-6A1  4V.  HCF.  (R  =  0.1). 


Figure  8:  T1-6A1-4V.  propagation  rates  of  Figure  9:  IMI  834.  fracture  toughness 

microcracks,  (schematically).  values. 


Figure  10:  IMI  634.  profiles  of  small  cracks,  a)  bl-modal.  b)  lamellar. 


Figure  11:  IMI  834.  profiles  of  wide  cracks,  a)  bl-modal.  14  lamellar. 
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Figure  17:  Super  Alpha  2.  (TEM), 

Bl  modal  mlcrostmctures  after  cooling  »1th  different  f  from  the  recrystalll 
zatlon  temperature. 

a)t=  1100"C/mln,  bl  t  =  dSOOc/min.  clt=  tOO°C/m!n. 
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Figure  22:  Super  Alpha  2.  profiles  of  wide  cracks,  (LM).  a)  bl-modal,  b)  lamellar. 


c)  Slow,  K[p  =  18. 1  MPa  \'m  d)  •  Annealed",  Kjj,  =  15,7  MPa  \'m 


Figure  23:  Super  Alpha  2,  fTEM). 

Microstructures  and  fracture  toughness  values  of  different  bl-modal  conditions: 
a)  •  c)  different  cooling  rates,  d)  "annealed  "  condition. 
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THE  PROPERTIES  OF  TI-6AL-2SN-2ZR-2MO-2CR  SHEET 
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Boeing  Commensial  Airplane  Group 
P.O.  Box  3707,  MS  73-44 
Seattle,  WA  98124 


Abstract 

Ti-6Al-2Sn-2Zr-2Mo-2Cr+Si  (Ti-6-22-22)  is  an  alpha-beta  Titanium  alloy  developed  by  RMI  in  the  early 
1970's  as  a  deep  hardenable  material.  This  alloy  will  be  used  for  forgings  and  plate  on  the 
Lockheed/BoeingAjeneral  Dynamics  Advanced  Tactical  Fighter.  Recent  studies  initiated  by  the  authors 
indicate  the  alloy  also  offers  potential  advantages  for  sheet  applications. 

Ti-6-22-22  can  provide  high  strengths,  in  excess  of  1500  MPa,  and  exhibits  excellent  supetplastic 
forming  (SPF)  characteristics.  Superplastic  forming  has  been  accomplished  at  temperatures  as  low  as 
800“C.  The  strength  of  the  as-formed  parts  is  a  function  of  the  forming  ternperamre.  The  effects  of  post 
SPF  heat  treatments  on  mechanical  properties  were  also  studied. 

The  mechanical  properties  of  sheet  were  studied  as  a  function  of  solution  treatment  temperature  and  aging 
temperature.  This  study  resulted  in  tensile  strengths  ranging  from  about  1035  to  1520  MPa.  Fracture 
toughness  was  measut^  as  a  function  of  heat  treatment  (strength)  to  provide  further  guidance  toward 
selection  of  heat  treatments  with  optimal  design  properties. 

Optical,  scanning  electron  microscopy  and  thin  foil  scanning  transmission  electron  microscopy 
examinations  were  used  to  analyze  the  microstructutes  and  provide  a  correlation  between  heat  treatment, 
microstmeture  and  properties. 


Introduction 

Ti-6Al-2Sn-2Zr-2Mo-2Cr+Si  (Ti-6-22-22)  was  developed  by  RMI  in  the  early  1970’s  as  a  deep 
hardenable,  moderate  temperature  alloy.  It  was  studied  by  several  aerospm  companies  but  was  never 
implemented  into  production.  Recent  studies  by  Boeing  and  Lockheed  indicated  that  this  alloy  had 
damage  tolerance  characteristics  similar  to  that  of  B-annealed  extra  low  interstitial  Ti-6A1-4V  with  a 
significant  strength  advantage.  This  ultimately  resulted  in  Ti-6-22-22  becoming  the  baseline  Titanium 
plate  and  forging  alloy  on  the  Lockheed/Boeing/General  Dynamics  F-22  advatKed  fighter  aircraft.  While 
producing  plate  and  forged  block  for  evaluation,  wheer  was  also  rolled.  This  sheet  was  found  to  have 
excellent  superplasac  forming  characterisites  and  was  capable  of  being  heat  treated  to  high  strengths. 
These  attributes  led  to  this  study. 

The  purposes  of  this  investigation  were  twofold: 

(1)  to  determine  the  mechanical  properties  and  fracture  toughness  of  Ti-6-22-22  sheet  using  a 
range  of  solution  treatment  arid  aging  temperatures  to  optimize  the  heat  treatment  procedure 
with  respect  to  the  design  properties,  and 

(2)  to  characterize  the  supetplastic  forming  behavior,  the  mechanical  properties  after  SPF,  and  the 
effect  of  post  SPF  heat  treatments  on  the  mechanical  properties  of  the  formed  alloy. 
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Experimental  Procedures 


Most  of  the  investigations  were  conducted  using  1.27  mm  thick  Ti-6-22-22  sheet,  although  1.14  and 
0.635  mm  sheet  were  tested  in  some  cases.  These  sheets  were  all  from  the  same  heat  and  had  the 
following  chemistry: 


Table  1.  Chemical  Ccxnposition  of  Ti-6-22-22 

Element  C  N  O  Fe  A1  Sn  Zr  Cr  Mo  Si 

Weight  %  .01  .007  .102  .05  5.64  1.90  1.91  1.98  1.86  .218 


The  transus  temperature  was  determined  by  extrapolation  of  the  volume  percent  of  the  a  phase  in  the 
microstructure  as  a  function  of  the  solution  treatment  temperature.  A  beta  transus  of 950°C  was  obtained. 
This  value  compares  favorably  with  the  957°C  reported  by  RMI  on  the  basis  of  their  differential  thermal 
analysis  results. 

For  the  purposes  of  heat  treatment  optimization,  solution  treatment  temperatures  in  the  range  of  815  to 
925°C  and  aging  temperatures  in  the  range  of 480  to  675°C  were  employed.  Solution  treatment  times  were 
always  30  minutes,  followed  by  an  air  cool,  and  aging  times  were  8  hours. 

Tensile  testing  was  accomplished  in  accordance  with  ASTM  E8  arx)  fracture  toughness  of  the  sheet  was 
measured  by  using  ASTM  E561  procedures  using  229  mm  wide  center  cracked  panels  fabricated  from  the 
1.27  mm  thick  sheet. 

Superplastic  forming  trials  were  conducted  at  temperatures  in  the  range  800  to  900°C  using  pressures 
between  3.45  and  5.2  MPa.  Four  different  part  configurations  were  produced,  each  using  different 
forming  parameters.  Post  forming  aging  was  conducted  at  temperatures  in  the  range  of  510  to  565°C. 


Results  and  Discussion 


Heat  Treat  Study 

Samples  were  solution  treated  between  815  and  925‘’C.  Solution  treatment  temperature  had  a  very 
pronounced  effect  on  both  strength  and  ductility  as  can  be  seen  in  Frguie  1 .  Tensile  testing  indicated  that  a 
minimum  yield  strength  occurred  at  approximately  845°C,  beyond  which  the  yield  strength  increased 
rapidly  as  the  solution  treatment  temperature  was  increased.  A  transmission  electron  microscopy  (TEM) 
study  of  the  microstmeture  indicated  that  at  solution  treatment  temperatures  up  to  845°C  most  of  the  "soft” 
6  is  retained  on  cooling  which  would  reduce  the  yield  strength.  However,  as  the  solution  treatment 
temperature  was  increased  above  845°C,  the  6  transformed  mariensitically  upon  cooling.  The  extent  of  the 
martensitic  transformation  increases  as  the  solution  treatment  temperature  is  increased,  resulting  in  the 
markedly  increased  yield  strength  and  ductility  loss.  Microstructures  of  the  two  solution  treatment 
temperature  extremes,  815  and  925°C,  supponing  this  premise,  are  presented  in  Figure  2.  A  similar 
behavior,  i.e.,  a  strength  minimum  as  a  function  of  solution  treatment  temperature,  has  been  reported  in 
Ti-6A1-4V  by  Hall  and  Hammond  (1).  Bliss  (2)  repotted  a  minimum  yield  strength  for  Ti-6-22-22  (from 
the  same  heat  of  material  studied  here)  to  be  at  a  higher  temperature,  about  870°C.  The  strength  minimums 
are  attributed  to  the  retention  of  the  maximum  amount  of  B,  which  would  reduce  the  yield  strength. 

The  material  solution  treated  at  815°C  had  a  highly  polyganized  dislocation  substructure.  The  higher 
solution  treatment  temperatures  resulted  in  a  more  equiaxed,  dislocation  free  structure.  Both  the  a  and  B 
grain  sizes  increased  as  the  solution  treatment  temperature  was  increased  as  would  be  expected. 

Specimens  solution  treated  at  870, 900  and  925‘’C  were  aged  over  the  range  from  480  to  675‘’C.  (In  all 
cases  the  aging  time  was  8  hours.)  The  yield  strength  as  a  function  of  aging  temperature  is  presented  in 
Figure  3.  For  a  given  aging  temperature,  the  strength  increases  with  increasing  solution  treatment 
temperature  as  expected.  The  aging  response  of  the  high  solution  treatment  temperature  was  difierent  than 
that  of  the  two  lower  solution  treaunent  temperatures.  There  was  scatter  in  the  data,  but  the  yield  strength 
of  the  material  solution  treated  at  925°C  was  virtually  independent  of  the  aging  temperature  up  to  565°C, 
while  the  material  solution  treated  at  870  and  900‘’C  showed  a  strength  maximum  at  an  intermediate  aging 
temperature. 
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A  irnn  B  "lum  ' 

Figure  2.  TEM  Micrographs  of  Ti-6~22~22  Solution  Treated  at 
A)  SIS'C  and  B)  925°C 

The  indepen^nce  of  Uk  yield  strength  on  aging  temperature  for  the  high  solution  treatment  temperature  is 

transformed  to  martensite  on  cooling  from  thfsolution 
^atmenuemperature.  The  strength  is  about  140  MPa  higher  than  the  solution  treated  material,  so  some 
iKcV^  owumng.  The  aging  temperatures  studied  were  arf>arendy  not  high  enough  to  overage 

^  iwulting  from  the  lower  temperamre  solution  treatments  transformed  to 

of  the  decomposition  of 

the  reuined  B.  The  900^0  solution  treatment  had  a  larger  amount  of  martensite  than  the  870°C  solution 

treated  “?  arength  (see  Figures  1  and  2).  In  addition,  the  material  solution 

treated  at  900C  would  have  retained  B-phase  that  is  leaner  in  subilizeis  than  that  formed  at  the  lower 
Mlution  treament  temperature  (870°C)  making  it  decompose  more  readily.  This  would  account  for  the 
ot^mng  at  a  lower  aging  temperature  for  the  900“C  solution  treatment.  The  decrease  in 
yield  strength  at  higher  aging  temperatures  is  an  over-aging  cfTeci. 

Fiacmre  toughness  was  measured  for  480.  565  and  675®C  aging  treatments  subseouent  to  a 
Cnmra™  «»«  ^ffea  of  Strength  on  touglStsl  ^^Slts  aSvIll  In  ^aSlf 

Contrary  to  expectations,  the  highest  toughness  was  not  associated  with  the  lowest  strength.  The 


^appareni^  value  Corresponding  to  the  highest  strength  condition,  which  was  obtained  at  the  lowest  aging 
temperature  (480°C),  was  about  35%  higher  than  that  for  the  higher  aging  temperanires  (565  and  675°C). 
This  data  is  difficult  to  rationalize  from  two  viewpoints:  (1)  The  480  and  565°C  aging  resulted  in 
essentially  the  same  strength,  but  toughness  for  the  higher  temperature  age  was  about  35%  lower  than  that 
of  the  lower  aging  temperature,  and  (2)  The  675°C  age  resulted  in  a  strength  drop  of  about  10%  relative  to 
the  480^0  aged  material,  but  this  strength  decrease  was  accompanied  by  the  same  35%  toughness  drop.  In 
titanium  alloys,  when  aging  does  not  affect  the  strength  one  would  not  expect  it  to  affect  the  fracture 
toughness,  and  when  aging  causes  a  decrease  in  strength  it  is  normally  accompanied  by  an  increase  in 
toughness.  The  results  were  re-confirmed  by  running  the  experiment  a  second  time.  The  data  in  Table  II 
are  the  averages  of  both  experiments.  It  was  speculate  that  this  behavior  may  be  related  to  ordering  of  the 
alpha  or  to  a  silicide  precipitation  during  the  higher  temperamre  aging  treatments.  Thin  foil  samples  were 
examined  using  a  TEM  in  an  attempt  to  determine  if  either  of  these  possibilities  could  be  the  cause  of  this 
anomaly.  No  evidence  of  ordering  or  differences  in  silicide  precipitates  for  the  different  aging 
temperatures  were  observed  from  the  TEM  investigation.  Polished  samples  were  also  studied  in  the 
electron  microprobe  in  the  backscatter  and  Cr  and  Si  X-ray  modes;  again,  no  differences  were  observed. 
Kuhlman  (3)  observed  the  same  behavior  in  Ti-6-22-22  forgings  as  a  function  of  aging  temperature,  i.e., 
a  drop  in  toughness  with  an  increase  in  aging  temperature.  In  his  case  the  drop  in  toughness  was 
accompanied  by  a  reduction  in  ductility,  which  was  not  observed  in  the  present  study.  Silicides  would  not 
seem  to  be  a  likely  cause  for  the  discrepant  data  as  their  presence  would  also  result  in  a  significant 
reduction  in  ductility  (4,5).  The  cause  of  the  35%  difference  in  toughness  for  the  two  higher  temperamre 
aging  conditions  is  still  uiider  investigation.  The  precipitation  of  a  Cr-eutectoid  imermetallic  compound  is 
another  possibility,  but  no  evidence  to  support  this  hy^thesis  was  observed. 


Table  II.  Fracture  Toughness,  values,  of  Ti-6-22-22  Sheet.  All  Specimens 

Were  Solution  Treated  at  900'*CTor  30  Minutes:  Aging  Times  Were  8  Hours. 


Temperature 

UTS 

TVS 

Elongation 

Toughness, 

■c 

MPa 

MPa 

% 

MPa  Vm 

480 

1274 

1162 

11.7 

165 

565 

1242 

1172 

11.2 

109 

675 

1138 

1078 

10.4 

112 

Note:  The  tensile  properties  are  the  average  of  6  values  each  and  the  toughness  values  are  the  averages 
of  2  tests  each. 


^apparent  calculated  Similarly  to  K^,  the  plane  stress  fracture  toughness,  except  that  the  initial  crack 
length  rather  than  the  final  unstable  crack  length  is  used.  This  permits  relating  a  fracture  toughness 
value  to  the  inspectable  crack  length. 
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SfE^ludy: 

Sheet  material,  1 .27  mm  in  thickness,  was  supplied  to  Jet  Die,  Inc.  for  a  cuisory  study  of  the  supetplastic 
characteristics  of  this  alloy.  Four  different  configurations  were  formed,  each  using  different  forming 
parameters.  Figure  4.  A  comparison  of  the  SPF  parts  formed  at  the  three  temperatures  revealed  the 
greatest  thinning  with  the  lowest  forming  temperature  (about  0.88  thickness  strain).  It  should  be  pointed 
out  that  no  effort  was  made  to  optimize  the  strain  rates  at  a  given  temperature  .The  off-the-press  tensile 
properties.  Table  III,  were  dependant  upon  the  forming  temperature,  as  would  be  expected.  Based  on  the 
results  of  the  heat  treat  smdy,  the  material  formed  at  9(X)°C  would  be  expected  to  have  a  higher  strength 
than  that  formed  at  885°C,  Figure  1 .  In  fact,  the  material  formed  at  9(I0°C  had  a  lower  strength  which  may 
be  ascribed  to  the  higher  thickness  strain  in  the  material  formed  at  900°C  (about  .3  for  the  former  versus 
.08  for  the  latter)  and  the  consequent  increase  in  the  processing  time.  The  88S°C  forming  cycle  was  40 
minutes  long,  as  opposed  to  80  minutes  required  for  the  900°C  forming  cycle.  This  resulted  in  greater 
grain  coarsening  for  the  latter,  possibly  contributing  to  the  lower  strength  for  the  higher  temperature 
forming  cycle  (the  900°C  formed  material  had  a  final  grain  size  of  about  6.7tim  while  the  material  formed 
at  88S°C  had  an  approximate  grain  size  of  Spm). 


Figure  4.  Configurations  Superplastically  Formed  from  the  Ti-6-22-22  Alloy. 
Compliments  of  Jet  Die 


Table  III.  Tensile  Properties  of  SPF  Ti-6-22-22  As-Fomied 


Forming  Temperature 

UTS 

TVS 

Elongation 

"C 

MPa 

MPa 

% 

900 

1210* 

1072 

3.4 

885 

1236** 

1051 

8.0 

800 

1024*** 

949 

10.0 

*  Avg.  of  6  tests 
**  Avg.  of  3  tests 
***  Avg.  of  5  tests 

The  engineering  thickness  strains  obtained  from  all  the  parts  ranged  from  0.04  to  0.88.  The  strengths 
obtained  off  the  press  compared  favorably  with  those  obtained  during  the  solution  treatment  study  for 
corresponding  solution  treatment  temperatures. 

PQ8t  SPF  Heal  Treatments 

This  study  was  undertaken  to  determine  (1)  if  the  material  superplastically  formed  at  the  lower 
temperature  could  be  aged  to  higher  strength  (with  retention  of  good  ductility),  and  (2)  if  the  strength  of 
the  material  formed  at  a  higher  temperature  could  be  reduced  so  as  to  improve  the  duaility. 
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Aging  the  material  formed  at  800°C  at  temperatures  in  the  range  of  S 10  to  S6S°C  provided  a  substantial 
strength  increase  with  retemion  of  good  ductility.  Table  IV. 

Aging  of  the  material  formed  at  the  higher  temperature,  88S°C,  also  resulted  in  substantial  strengtfiening 
with  only  a  modest  loss  in  ductility.  Based  on  the  fracmre  toughness  test  results,  aging  at  510  or  S40°C 
for  8  hours  would  be  recommended  if  the  pan  were  to  be  used  at  elevated  temperature,  in  order  to  impan 
a  stabilization  treatment.  (Bliss  (2)  indicated  significam  aging  of  solution  treated  material  with  thennal 
exposure  at  temperatures  in  tlK  range  of  370  to  480°C.)  Higher  temperature  ages  would  not  be 
recommended  due  to  a  significant  loss  in  fracture  toughness. 


Table  IV.  The  Effect  of  Post  SPF  Aging  of  Ti-6-22-22 


Aging  Temperature 

UTS 

TVS 

Elongation 

C 

MPa 

MPa 

% 

Formed  at  8(X)“C 

510 

1247 

1110 

11.0 

540 

1197 

1069 

9.2 

565 

1216 

nil 

10.0 

No  Age 

1024 

949 

10.0 

Formed  at  885°C 

510 

1349 

1271 

7.5 

565 

1431 

1282 

6.0 

No  Age 

1236 

1051 

8.0 

Note:  Aging  time  was  8  hours 

Conclusions 

The  Ti-6Al-2Sn-2Zr-2Mo-2Cr+Si  sheet  alloy  is  capable  of  achieving  very  high  strengths  with  good 
ductility  and  fracture  toughness.  It  exhibits  excellent  superplastic  forming  capabilities,  which  could 
provide  a  high  strength  SPF  pan.  A  post  SPF  age  would  be  recommended  for  high  temperature 
applications  to  provide  added  thermal  stability,  which  also  provides  an  improvement  in  strength  with 
minimal  or  no  loss  in  ductility. 

Further  worii  is  needed  to  understand  the  metallurgy  of  the  alloy.  The  higher  temperanire  aging 
treatments,  at  temperatures  above  480'’C.  result  in  approximately  a  35%  reduction  in  the  fracture 
toughness,  which  may  or  may  not  be  accompanied  by  a  reduction  of  strength.  In  addition,  the  aging 
kinetics  for  the  different  solution  neatments  is  not  understood.  Studies  are  continuing  to  analyze  these 
phenomena. 
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The  creep  deformation  behavior  of  a  single  phase  gamma  TiAl  alloy:  Ti-S3Al-lNb  (a/o)  in 
uniaxial  tension  has  been  studied  within  the  temperature  range  760  to  900°C  and  initial  stress 
levels  ranging  fiom  32  to  34S  MPa.  Two  distinct  regions  of  creep  deformation  behavior  are 
identified.  Depending  on  the  temperature  and  stress  level,  these  regions  correspond  to 
diffusional  creep  controlled  by  grain  boundary  diffusion  (Coble  creep)  and  power  law  creep 
controlled  by  dislocation  motion.  In  addition,  at  the  lowest  test  temperature  (760°C),  a  transitian 
to  power  law  breakdown  from  the  diffusional  creep  region  was  observed.  The  mechanisms  are 
identified  by  analysis  of  the  stress  and  temperature  dependence  of  the  minimum  strain  rates.  The 
regimes  of  creep  deformation  and  of  power  law  brei^own  are  summarized  in  the  construction 
of  a  preliminary  deformation  mechanism  map. 

Introduction 

The  gamma  (y)  TiAl  alloys  based  upon  the  tetragonal  Llo  crystal  structure  are  potential  light 
weight  high  temperature  alloys  for  use  in  advanced  aircraft  engines  and  structures.  Based  on 
present  knowledge  of  the  behavior  of  y-TiAl  alloys,  the  intended  use  temperature  ranges  from 
about  700°C  to  900°C.  In  the  past  decade,  significant  advancement  in  the  understanding  of 
microstructure  property  correlations  have  been  made;  much  of  this  work  is  summarized  in  the 
review  article  by  lUm  (1).  Because  of  the  limited  ductility  at  room  temperature,  the  primary 
focus  of  fundamental  research  on  y-TiAl  has  been  the  understanding  of  the  deformation  behavior 
at  room  temperature.  In  a  recent  series  of  papers,  Huang  and  Hall  (2-4)  discuss  the  influence  of 
conqrosition  and  microstructure  on  the  deformation  behavior  of  binary  and  ternary  y-HAl  alloys 
in  bending  and  in  uniaxial  tension.  Compositions  and  microstructures  which  lead  to  enhanced 
room  temperature  plasticity  have  been  identified  along  with  the  corresponding  dislocation  types. 

In  this  paper  we  will  focus  our  attention  on  the  high  temperature  creep  deformation  behavior 
of  the  single  phase  y-TiAl  alloy  Ti-S3Al-lNb.  The  single  phase  ycomposition  has  been  selected 
because  this  phase  accounts  for  the  major  volume  of  the  near-y  two  phase  (y  -f  ai)  alloys 
currently  under  development.  From  a  microstructural  viewpoint,  the  single  phase  y  alloys  are 
simpler  than  the  multi-phase  alloys  of  engineering  significance.  This  allows  for  an  easier 
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correlation  between  properties  without  the  intervening  complexity  of  the  concurrent  deformation 
activity  taking  place  at  the  Y-a2  lath  interfaces.  The  major  goal  of  this  study  is  to  correlate  the 
tension  creep  behavior  with  the  mechanisms  associated  with  different  definmation  regimes. 

Experimental 

The  material  used  in  this  program  was  melted  and  isothermally  forged  into  a  235  mm 
diameter  by  13  mm  thick  pancake  shape  at  Timet  Corporation,  Henderson,  Nevada.  The 
chemical  composition  is  presented  in  Table  I.  Specimen  blanks,  arranged  radially  in  the  pancake 
forging,  were  machined  prior  to  a  recrystallization  heat  treatment  at  1300°C  for  1  hour. 
Following  the  heat  treatment,  creep  specinrens  of  a  buttonhead  configuration  were  fabricated  by 
low  stress  crush  grinding.  These  specimens  had  a  gage  length  of  approximately  30  mm  and  a 
gage  diameter  of  5  mm.  Tests  were  conducted  using  uniaxial  tension  on  constant  load  lever  atm 
creep  machines  in  air  over  the  temperature  range  from  760  to  900°C  at  constant  initial  applied 
stress  levels  ranging  from  32  to  345  MPa.  Creep  strain  was  measured  with  a  dual  dial  gage 
averaging  extensometer  attached  to  the  shoulders  of  the  specimen.  The  strain  resolution  was 
±10'^.  Most  tests  were  conducted  to  failure. 

Table  I.  Chemical  composition  (atomic  percent  for  all  elements). 

R  Q 

bal.  52.9  0.91  0.048  0.153  0.003  0.022  0.054 

Results 

Micros  true  turc 

The  optical  microstructure  of  the  Ti>53Al-lNb  following  the  1300°C  recrystallization  heat 
treatment  is  presented  in  Figure  1.  This  heat  treatment  resulted  in  an  equiaxed  recrystallized  grain 
size  of  about  260  lun.  Figure  2  shows  a  TEM  micrograph  of  the  initial  microstructure.  No 
evidence  for  the  existence  of  the  Ti2AlN  particles  observed  by  other  investigators  (5,6)  could  be 
found  due  to  the  low  nitrogen  content  of  the  forging.  These  particles,  when  present,  interact 
strongly  with  dislocations  and  thus  exert  a  strong  influence  on  creep  deformation  behavior  (6,7). 


Table  II  is  a  summary  of  the  creep  defamation  conditions  and  the  resultant  minimum  strain 
rate,  approximate  time  to  tertiary  creep,  and  rupture  time  for  each  test.  The  temperature 
dependence  of  Young's  modulus  for  y-TiAl  was  udeen  from  the  work  of  Schafnk  (8).  Figure  3 
shows  a  log-log  plot  of  minimum  strain  rate  versus  stress  normalized  by  the  (temperature 
dependent)  modulus.  At  760'’(3,  between  (log)  modulus  normalized  stress  levels  of  -3.32  and 
-2.73,  the  apparent  stress  exponent  was  calculated  to  be  1.  At  modulus  normalized  stress  levek 
exceeding  -2.73,  a  transition  in  stress  exponent  from  1  to  21  occurred.  At  832°C,  a  slope  equal 
to  1  was  measured  within  a  modulus  ntmnalized  stress  range  of  -3.48  to  -3.32.  Above  -3.32, 
the  stress  exponent  increased  to  a  value  of  6.  At  900^0,  over  the  entire  stress  level,  a  slope  equal 
to  6  was  observed.  According  to  conventional  creep  deformation  analysis,  the  transition  in 
apparent  stress  exponent  from  1  to  6  can  be  taken  as  a  transition  from  creep  controlled  by  a 
diffuskmal  process  (n»l)  to  a  dislocation  controlled  creep  deformation  process  (n*6). 

An  Arhennius  plot  of  log  minimum  strain  rate  vs  1/T  at  a  nxxlulus  compensated  stress  of 
-3.32  is  presented  in  Hgure  4.  These  data  suggest  that  the  creep  activation  energy  at  this  stress 


Figure  1.  Optical  microstructure  of  single  phase  pmma  Ti-S3Al-lNb  following 
1300°C/1  hour  recrystallization  heat  treatment.  Grain  size  deteimined  by  line  intercept  is 
on  the  order  of  260|im. 


Figure  2.  TBM  micrograph  of  Ti-S3Al-lNb  following  1300°C/1  hour  rectystallization.  Note 
low  initial  dislocation  density  and  lack  of  Ti2AlN  particles. 

level  is  not  constant  over  the  temperature  range  investigated  in  this  study.  Figure  4  shows  a 
low  temperature  region  (760°C  to  796°C)  having  an  activation  energy  of  approximately  190 
kJAnole  and  a  high  temperature  region  (832'’C  to  900°C)  having  a  value  of  SM  kJAnole. 
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Table  n.  Sununary  of  11-53 Al-1  Mb  Creep  Data 
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Figure  3.  Minimum  strain  rate  plotted  versus  modulus  compensated  stress,  the  slope  of 
which  is  the  stress  exponent. 


Figure  4.  Arrhenius  plot  of  minimuin  strain  rate  versus  l/T  at  modulus  compensated  stress 
of  -3.3  (applied  stress  of  69.4  MPa). 


Discusaan 

The  data  presented  in  Figures  3  and  4  indicate  that  two  regions  of  creep  deformation  behavior 
exist  in  the  Ti-S3Al-lNb  alloy  within  the  stress  and  temperature  regime  of  the  present  study. 
Recently,  Rosier  et  al  (9)  have  repotted  an  activation  energy  for  volume  diffusion  in  TiAl  of  330 
kJ/mole  (this  value  is  actually  taken  from  compression  creep  experiments  reported  in  reference 
15).  The  activation  energy  for  grain  boundary  diffusion,  Qb,  in  ’f-TiAl  has  been  postulated  by 
Ashby  as  ()tr*0.61  l<2v.  where  Qy  is  the  lattice  self  diffusion  activation  energy  (10).  This  agrees 
well  with  results  previously  reported  by  Langdon  and  Vastava  (11).  Using  these  criteria, 
Oikawa’s  data  (IS)  provides  the  an  activaticxi  energy  for  self  diffusion  for  TiAl  of  approximately 
200  kJ/mole.  This  calculation  is  in  excellent  agreement  with  the  low  temperature  activation 
energy  reported  in  this  study  of  190  kJ/mole  (Figure  4).  The  high  temperature  creep  activation 
energy  of  560  kJ/mole  is  considerably  higher  than  the  reported  value  for  self  diffusion  (9). 

The  tests  corresponding  to  a  modulus  compensated  stress  exponent  of  1  correspond  exactly 
to  the  temperature  regime  having  an  activation  energy  of  190  kJ/mole.  Using  conventional  creep 
analysis,  we  would  suggest  that  the  stress  and  temperature  dependence  taken  together  indicate 
that  C^ble  creep,  where  grain  boundary  diffusion  is  the  rate  limiting  process,  is  the  dominant 
mechanism  in  this  regime.  The  constitutive  equation  for  the  minimum  strain  rate  during  (joble 
creep  can  be  written  in  the  form  (12): 


8  w  Dg.b.  o 

^in  -  - 

dHT 


1.(57 


(1) 


where  w  Dg.b.  is  the  product  of  the  grain  boundary  thickness  and  grain  boundary  diffusivity,  Q 
is  the  atomic  volume,  d  is  the  grain  diameter,  o  is  the  applied  creep  stress,  k  is  Boltzman's 
constant,  and  T  is  the  absolute  temperature.  As  indicated  in  Eq.  1,  the  activation  energy  for  Coble 
creep  is  that  for  grain  boundary  diffusion  and  shows  a  d*^  grain  size  dependence.  A  grain  size 
dependence  of  the  minimum  strain  rate  was  not  determined  in  this  study.  However,  prior  work 
(IS)  has  failed  to  show  a  strong  grain  size  dependence  in  compression  creep  of  single  phase 
TiAl.  (Careful  examination  of  the  test  parameters  will  show  that  this  prior  work  was  conducted  at 
higher  stresses  and  temperatures  with  consequently  higher  minimum  strain  rates.  These  authors 
were  working  in  the  normal  dislocation  controlled  creep  regime  in  agreement  with  our  data 
discussed  below.  Thus,  our  results  in  the  low  temperature  region  of  creep  deformadon  (760°C  to 
796°C)  are  consistent  with  the  correct  stress  and  temperature  dependence  for  Coble  creep. 
Determining  the  grain  size  dependence  in  this  regime  is  necessary  to  prove  this  contention. 

The  increase  in  stress  exponent  at  760°C  from  1  to  21  as  the  modulus  compensated  stress 
exceeds  -2.73  has  several  possible  sources.  One  possible  rationale  for  stress  dependencies  of 
this  magnitude  can  be  found  in  systems  strengthened  by  small  scale  incoherent  particles  (13). 
However,  no  particle  was  observed  in  the  Ti-S3Al-lNb.  Another  explanation  is  a  direct 
transition  from  diniisional  creep  controlled  by  grain  boundary  diffusion  to  power  law  breakdown 
where  dislocation  glide  or  twinning  become  the  dominant  deformation  processes.  Direct 
transition  from  diffusional  flow  to  dislocation  glide  has  been  observed  in  some  gamma  prime 
strengthened  superalloys  (14).  Once  the  stress  exceeds  a  critical  level,  it  becomes  high  enough  to 
activate  glide  or  twinning  dislocation  sources. 

Having  established  that  Coble  creep  is  the  most  likely  process  controlling  creep  at 
temperatures  below  800°C,  the  high  temperature  region  must  be  rationalized.  Referring  to  Figure 
3,  the  stress  exponent  determined  for  creep  in  the  high  temperature  region  is  approximately  6. 
This  value  agrees  with  the  stress  exponent  associated  with  dislocation  climb  controlled  creep  in 
pure  metals  and  simple  alloy  systems.  A  typical  power  law  representation  for  the  minimum 
strain  rate  in  the  high  temperature  region  is  written; 

eniin  =  A(o/E)n  .;xp(-Q/RT)  (?) 

where  A  is  a  structure  dependent  constant,  o  is  the  applied  stress,  E  is  the  unrelaxed  dynamic 
Young's  iikkIuIus,  n  is  the  modulus  corrected  stress  exponent,  Q  is  the  creep  activation  energy, 
and  R  and  T  have  their  usual  meaning.  Equation  2  predicts  that  the  activation  energy  should  te 
equal  to  that  for  lattice  self  diffusion.  The  S60  kJ/mole  activation  energy  for  high  temperature 
creep  of  Ti-53Al-lNb  (in  the  region  corresponding  to  n=6)  is  significantly  higher  than  the  self 
diffusion  value  reported  (9, IS).  Hence,  the  stress  dependence  of  the  minimum  strain  rate  is  in 
accord  with  Eq.2  but  the  temperature  dependence  is  not  In  compression  creep,  Oikawa  (IS) 
measured  the  activation  energy  for  creep  in  ■n-S3.4Al  and  found  a  value  in  excess  of  600  kJ/mole 
at  low  strain  which  decreased  with  increasing  strain  reaching  a  plateau  of  approximately  3S0 
kJ/mole  at  strains  of  20%.  The  higher  strain  region,  corresponding  to  3S0  kJ/mole,  is  within  the 
tertiary  creep  regime  for  these  alloys  in  tension.  In  the  low  strain  region  there  appears  to  be 
reasonable  agreement  between  our  data  and  Oikawa's  compression  data.  From  a  qualitative 
standpoint,  this  would  tend  to  indicate  that  the  activation  energy  for  creep  controlled  by 
dislocation  motion  at  least  in  the  low  strain  region  is  higher  than  that  for  self  diffusion  in  y-TiAl. 
However,  this  is  clearly  not  the  case  in  near-ytwo  phase  TiAl  alloys  where  several  investigators 
have  measured  creep  activation  energies  in  the  power  law  regime  which  are  in  the  range  of  330  to 
370  kJ/mole  (6, 16-18). 

At  present,  a  quantitative  explanation  for  the  high  activation  energy  in  the  high  temperature 
region  is  difficult  Creep  activation  energies,  as  high  as  2-3  limes  the  self  diffusion  value  of  the 
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matrix,  have  been  reported  for  particle  strengthened  alloys  (13).  As  in  the  case  of  the  high  stress 
exponents,  the  high  activation  energies  are  rationalized  in  terms  of  dislocation-particle 
interactions.  Incorporation  of  a  back  stress  or  threshold  stress  term  into  Eq.  2  allows  the 
determination  of  the  true  activation  energy  for  creep  and  results  in  a  decrease  of  the  initial 
activation  energy  value  to  the  value  for  self  diffusion  of  the  matrix.  This  approach  is  not 
applicable  in  the  present  case  as  no  such  particle  was  found.  In  addition,  the  stress  dependence 
is  rational.  A  more  fundamental  difference  between  the  near-Y  two  phase  alloys  and  the  single 
phase  Y  alloy  of  this  study  must  be  used  to  explain  the  observed  differences  in  the  creep 
activation  energies.  One  such  difference  may  be  the  relative  abundance  of  dislocation  sources 
available  to  support  deformation.  It  has  been  shown  that  the  near-y  alloys  have  a  relatively  high 
dislocation  density  (2).  Some  number  of  these  dislocations  may  be  available  to  support  creep 
defamation  at  the  onset  of  the  test.  The  many  Y-0C2  interfaces  artd  their  abundance  of  potentially 
mobile  dislocations  ate  not  present  in  single  phase  alloys.  Using  an  argument  of  a  sin^e  process 
controlling  creep  deformation,  the  high  activation  energy  of  560  kJ/mole  may  be  that  necessary  to 
create  glide  or  twinning  dislocations  in  the  LIq  structure.  The  above  argument  is  speculative; 
however,  it  could  also  apply  to  the  low  strain  region  in  compression  and  thereby  account  for  the 
correlation  between  the  low  strain  activation  energy  measured  by  Oikawa  (IS)  and  that  measured 
in  the  current  study.  By  measurement  of  the  temperature  dependence  of  the  time  in  tertiary  creep 
(defined  as  the  rupture  time  minus  the  time  to  start  tertiary),  the  current  data  gives  a  temperature 
dependence  (activation  energy)  of  354  kJ/mole.  The  tertiary  creep  region  in  tension  corresponds 
to  a  higher  strain  and  thus  might  be  considered  as  the  equivalent  of  Oikawa's  plateau.  As  the 
strain  increases,  a  greater  abundance  of  mobile  dislocations  would  be  expected,  leading  to  creep 
deformation  being  limited  by  normal  climb  process  with  an  activation  energy  more  nearly  equal 
to  that  for  self  diffusion. 

As  a  sununary  of  the  present  results,  the  two  regions  of  creep  deformation  and  the  power  law 
breakdown  are  plotted  as  a  preliminary  deformation  mechanism  map  in  Figure  5.  The 
deformation  field  boundary  separating  the  Coble  creep  region  from  the  power  law  region  was  not 
defined  rigorously  by  equating  the  rate  equations  for  the  two  mechanisms.  We  have  qualitatively 
defined  this  boundary  based  on  experimental  observation  of  rate  limiting  mechanisms  and 
corresponding  microstructures. 


Conclusions 

Based  on  uniaxial  tension  creep  experiments  on  Ti-53Al-lNb,  the  following  conclusions  can 

be  drawn: 

1.  The  low  temperature  creep  consists  of  a  stress  exponent  of  1  and  an  activation  energy  of  190 
kJ/mole  probably  due  to  grain  boundary  diffusion  in  y-TiAl. 

2.  The  second  region,  at  higher  temperatures,  consists  of  a  stress  exponent  of  6  and  an 
activation  energy  of  560  kJ/mole.  The  high  activation  energy  is  suggested  to  represent 
dislocation  creep  with  the  rate  controlling  process  being  that  of  dislocation  generation. 

3.  The  activation  energy  decreases  to  354  kJ/mole  in  the  tertiary  creep  regime  corresponding  to 
high  strain  deformation.  This  suggests  that  an  increase  in  the  mobile  dislocation  density 
gives  rise  to  creep  controlled  by  a  normal  climb  process. 

4.  A  preliminary  deformation  mechanism  map  showing  the  proposed  regions  of  creep 
deformation  and  power  law  breakdown  has  b^n  constructed  tos^  on  experimental  creep 
data  and  microstnictural  observations. 
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Figure  5.  Preliminary  deformation  mechanism  map  for  tension  deformation  in  Ti-53Al-lNb. 
Regions  dominated  by  power  law  dislocation  creep,  grain  boundary  diffusion  (Coble)  creep,  and 
plasticity  (power  law  breakdown)  are  idendfied. 
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Abstract 

The  TiAl-based  alloy  Ti-48Al-lV  has  been  defoimed  in  compression  to  monitor  both  the  stress- 
strain  response  and  microcracking  behavior  over  a  range  of  strain  rates  from  10^/s  to  lO^/s  and 
temperatures  from  77  to  1073K.  The  susceptibility  of  die  alloy  to  strain-induced  mioocracks  is 
found  to  be  very  sensitive  to  strain  rate.  At  strain  rates  of  lO'^/s  and  10“ Vs,  only  an  occasional, 
isolated  mictoctack  was  observed  after  compressive  straining,  even  at  77K  where  very  planar  slip 
dominated.  In  contrast,  deformation  at  l(P/s  induced  large  populations  of  short  microcracks 
(<  10pm  long),  presumably  due  to  local  strain  incompatiWities.  The  miciocracks  appeared  to 
concentrate  in  certain  grains  within  the  tnicrostructure  and  were  prevalent  even  to  test  ten^eratures 
of  623K,  despite  more  unifotm  slip.  Associated  vnlh  the  mictocracking  at  lO^/s  was  a  decreased 
rate  of  strain  hardening  when  compared  to  that  at  10^/s  or  lO'Vs. 

The  stress-strain  behavior  during  compression  at  strains  up  to  0.10  is  also  presented  for  a  wide 
range  of  temiKtatures  from  77  to  1073K.  Notable  among  these  data  are  (1)  the  presence  of 
serrated  yieWng  and  negative  strain-rate  hardening  at  623K  for  strain  rates  betvmn  10^  and  10* 
Vs  and  (2)  an  unexplained  decrease  in  strain  hardening  observed  for  tests  performed  at  lO^/s.. 

Introduction 

As  is  evidenced  in  this  conference,  there  is  a  large  amount  of  interest  in  the  mechanical  behavior 
of  intei.netallic  alloys  based  on  the  compound  TiAl.  Previous  studies  of  the  deformation  behavior 
of  TiAl  alloys  have  examined  in  detail  faaors  such  as  alloy  content,  effects  of  tengrerature, 
influence  of  processing  treatments,  deformation  substructure,  and  dislocation  as  well  as  twinning 
mechanisms  (see  refs  1-3  for  reviews).  However,  the  combined  effects  of  strain  rate  and 
temperature,  especially  with  regard  to  defoimation  behavior  at  high  strain  rates,  has  only  been 
recently  examined  in  a  study  by  Gray  [4].  That  research  uses  Ti-48A1-1  V  as  a  model  TiAl  system 
and  examines  the  stress-strain  response  and  associated  deformation-induced  substructure  from 
strain  rates  of  10- Vs  to  7.5xl03/s  over  the  temperature  range  298  to  973K.  The  results  indicate 
deformation  to  occur  by  a  mixture  of  slip  and  twiiming  with  increasing  test  temperature  and/or 
strain  rate  increasing  the  incidence  of  twinning.  However,  only  minor  influences  of  temperature 
and  strain  rate  were  detected  in  the  work  hardening  behavior,  adthough  a  significant  strain-rate 
hardening  component  was  reported  [4]. 


*  CutrenUy:  Babcock  and  Wilcox  Nuclear  Technologies,  P.  O.  Box  1093S,  Lynchburg.  VA  24S06. 
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The  purpose  of  the  present  study  is  to  complement  that  of  Gray  by  examining  the  saiiK  Ti-48A1- 
IV  alloy,  heat  treat^  in  an  identical  manner.  In  this  study,  experimental  observations  examining 
the  influence  of  temperature  and  strain-rate  on  the  mode  of  slip  and  the  occurrence  of 
micTocracking  are  presented  fcM*  the  temperature  range  77  to  973K  and  strain  rates  l(H/s  to  lO^/s. 

Expgrimcntal  Procedures 

As  in  the  Gray  study  [4],  the  Ti-48Al-lV  was  donated  by  TIMET  and  had  a  composition  in  w/o 
of  Ti-34.3Al-l.4SV.  There  was  also  a  considerable  level  of  carbon  (0.120  w/o);  in  addition 
0.075  0  and  0.008  N  (w/o)  were  present.  The  alloy,  hereafter  refeti^  to  as  Ti-48-1,  was 
supplied  in  the  form  of  an  upset  forging  which  was  roughly  S  cm  thick  after  forging  at  <>164SK 
and  subsequendy  at  14S0K.  After  specimen  preparation,  a  final  heat  treatment  of  1 173K  for  six 
hours  in  a  vacuum  followed  by  a  furnace  cool  was  performed. 

All  tests  were  performed  in  compression,  and  two  specimen  geometries  were  used  .  For  all  of  the 
tests  at  strain  rates  of  10-^/s  and  lO'Vs,  rectangular  specimens  (12.7x6.35  x6.35  mm)  were  used. 
One  face  of  each  specimen  was  mechanically  polished  through  0.05  pm  alumina  for  microscopy 
purposes,  while  the  remaining  three  sides  were  ground  to  6()0  mt  End  faces  were  ground 
parallel  to  within  ±0.013  mm.  Some  of  the  high  strain  rate  (10^/s)  tests  were  also  performed 
using  cylindrical  specimens  (12.7x6.35  mm  diameter);  stress-strain  results  at  high  strain  rates 
from  the  cylindrical  and  rectangular  specimens  were  identical. 

Compression  tests  were  performed  in  a  screw-driven  load  fnune  at  initial  strain  rates  of  10^/s  and 
lO'Vs,  while  the  high  strain-rate  tests  at  lOVs  were  performed  using  a  compression  cage  fixture 
mounted  in  a  servo-hydraulic  load  frame  [5].  The  validity  of  the  high  rate  stress-strain  data  was 
confirmed  by  testing  annealed  304L  stainless  steel  and  duplicating  data  from  similar  high  strain- 
rate  tests  performed  elsewhere  [6].  Tests  at  773  and  1073K  were  performed  in  an  atmosphere  of 
ultra  high  purity  argon  (99.999%  pure). 

Results  and  Ehscussion 


Mictostructure 

Fig.  1  shows  the  microstructure  of  the  Ti-48-1  alloy  used  in  this  study  to  consist  of  about  80% 
large  (>>30pm)  equiaxed  gamma-phase  grains  combined  with  regions  comprised  of  elongated 
grains,  about  30  pm  long,  which  are  a  mixture  of  gamma  and  alpha-two  phases  in  the  form  of 
iUtemating  lamallae.  Roughly  5  to  10  vol.  pcL  of  Ae  mictostructure  is  the  alpha-two  phase. 
Previously,  Gray  has  shown  by  TEM  of  the  undeformed  microstructure  that  a  high  density  of  fine 
precipitates  (s0  05  pm)  exist;  he  concluded  that  they  probably  are  Ti^AlC,  heterogeneously 
nucleated  on  dislocations  within  the  gamma  phase  as  a  result  of  the  high  carbon  content  (1200 
wt.ppm)  of  the  present  alloy  [4]. 

Stress-Strain  Response  at  low  Strain  Rates 

When  tested  in  compression,  the  Ti-48-1  specimens  deform  plastically  with  only  an  occasional 
microcrack  (<10  pm  long)  present  on  the  surface.  Given  the  absence  of  specimen  buckling  and 
minimal  barreling  (<2%),  Fig.  2  should  represent  an  accurate  depiction  of  the  quasi-static  true 
stress-true  strain  response  of  this  Ti-48-1  alloy  over  a  wide  range  of  temperatures  for  strains  up  to 
0.10.  As  observed  in  other  gamma  Ti  alloys  [7]  Fig.  2  shows  ^at  the  yield  stress  is  essentially 
athermal  between  448  and  1073K.  Similar  to  the  behavior  of  Ti-48  A1  [8]  there  is  also  a  moderate 
increase  in  yield  strength  with  decreasing  temperature  from  448  to  77K. 

In  addition  to  increasing  the  yield  strength  at  low  temperatures.  Fig.  2  shows  that  decreasing  test 
temperature  below  room  temperature  influences  work  hardening.  Specifically,  the  work 
hardening  rate  (do/de)  is  large,  especially  at  77K  where  for  O.M  ^  e  ^  0. 10,  do/dc  =  5650  MPa 
compared  to  do/de  =  3570  N&a  at  room  temperature.  The  latter  value  compares  to  a  value  of 
3790  MPa  observed  by  Gray  at  room  tempemure  at  strain  rates  of  lO'Vs  [4].  Assuming  a  Taylor 
factor  of  3.1  for  TiAl,  we  note  that  in  terms  of  shear  stress  t,  shear  strain  y,  and  shear  tnodulus  G 
of  70  GPa  (9],  the  strain  hardening  of  Ti-48-1  in  the  absence  of  recovery  at  77K  is  dt/dys 
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Figure  1  -  Optical  (a)  and  scanning  electron  micrographs  (b)  of  the  Ti-48Al-IV  alloy.  Arrows 
denote  lath  regions. 
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Figure  2  -  True  stress-true  strain  responses  of  Ti-48Al-lV  as  measured  in  compression. 

G/120.  This  compares  todi/dys  G/120,  which  is  typically  observed  for  Stage  II  strun 
hardening  in  fee  single  erystals  and  the  early  stages  of  strain  hardening  in  polyciystalline  fee 
alloys  [10].  This  ineiease  in  work  hardening  is  not  surprising  in  view  of  the  eharacter  of  slip  in 
TiAl,  its  low  staeking  fault  energy,  and  the  presence  of  twinning,  as  well  as  slip  as  a  mode  of 
deformation  [2,4]. 


Figure  3  -  Load-extension  data  showing  jerky  flow  Ti-48AI-1  V  at  a  l(H/s  and  623K. 


Perhaps  the  most  significant  observation  regarding  the  work  hardening  behavior  above  loom 
temperature  is  the  presence  of  serrated  yielding  at  623K  and  l(H/s.  This  is  manifested  by  (a) 
jerky  flow,  see  Fig.  3,  (b)  negative  strain-rate  hardening  during  jump  tests  between  l(H/s  and  10- 
'/s,  see  Fig.  4,  and  (c)  an  increase  in  strain  hardening  at  623K  compared  to  either  lower  or  higher 
test  tempmtures,  see  Fig.  2.  These  three  effects  occur  rally  at  623K  and  KH/s  and  are 
characteristic  of  the  Portevin-Le  Chatelier  mechanism  in  which  mobile  solute  atoms,  probaUy 
interstitial  oxygen,  carbon  or  nitrogen,  are  involved  in  a  dynamic  strain-aging  process  involving  a 
pinning,  unpinning,  and  repinning  sequence  with  mobile  ^slocations.  V^ile  serrated  yielding  (or 
jerky  flow)  has  been  observed  in  alpha  as  well  as  beta  Ti  alloys  [1 1-13],  we  ate  not  aware  of  any 
report  of  its  occurrence  in  TiAl-bas^  alloys.  Interestingly,  at  comparable  strain  rates,  the 
dynamic  strain  aging  in  single  phase  alpha  or  beta  Ti  alloys  occurs  in  the  vicinity  of  600  to  760  K 
[1 1-13]  or  comparable  to  the  623K  condition  for  this  HAl  alloy.  It  is  also  noteworthy  that  in 
alpha  Ti  the  dynamic  strain  aging  causes  a  significant  increase  in  woric  hardening  as  is  observed  in 
our  TlAl  alloy  in  Fig.  2. 


When  compared  to  the  stress-strain  response  at  10^/s  and  lO'Vs,  our  tests  show  work  hardening 
to  decrease  at  10^/s  as  shown  in  Fig.  S.  This  result  differs  with  the  observations  of  Gray  who 
observed  no  significant  differences  between  work  hardening  of  the  same  Ti-48-1  alloy  at  lO'Vs, 
lO'Vs,  and  3.3  to  T.SxlO^/s  [4],  We  are  not  able  to  explain  this  apparent  inconsistency. 
Adiabatic  shear  banding  could  account  for  a  decreased  strain  hardening  response.  While  this  is 
the  case  in  alpha-beta  Ti  alloys  [14-17]  as  well  as  TisAl-based  alloys  [18],  it  was  not  olKerved  in 
our  Ti-48- 1  specimens  during  the  high  strain-rate  testing. 


True  Plastic  Strain 

Figure  5  -  Room  temperature  compressive  stress-strain  responses  of  Ti-48Al-lV  at  strain  rates  of 
10-*/s,  lO'Vs,  and  lO^/s. 

We  do,  however,  observe  strain-rate-induced  difierences  in  deformation  characteristics  and 
especially  surface  microcracking.  As  shown  in  Fig.  6a&b,  deformation  to  strains  of  0.10  at  10' 
Vs  (as  well  as  lO'Vs)  result  in  extensive  surface  relief  caused  by  either  coarse,  planar  slip  or 
twinning  within  the  gamma  phase.  Similar  deformation  traces  were  observed  in  quasi-static 
deformation  of  TLAl  single  crystals  at  77K  [19].  Unlike  TTsAl  alloys  [18],  only  a  few  isolated 
microcracks  are  seen,  despite  the  large  compressive  strains  and  the  small  tensile  ductilities  present 
in  these  materials.  In  contrast,  defoimation  at  lO^/s  causes  locally  high  densities  of  short 
mictocracks  within  certain  gamma-phase  grains  and  near  grain  boundaries;  see  Fig.  6c  and  d. 

The  microcracking  only  occurs  at  high  strain  rates  of  10^/s  and  is  observed  at  the  test  temperatures 
of  298  to  623K.  Furthermore,  the  mictocracks  originated  despite  a  tendency  for  mote  uniform 
deformation;  Fig.  6a  and  b  compared  to  Fig.  6c  and  d.  Cross-section  microscopy  indicates  that 
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such  cracking  is  a  surface  effect;  no  microcracks  are  initiated  below  the  surface  were  detected. 
Furthermore  it  should  be  noted  that  the  specimens  containing  the  microcracks  after  lO^/s 
deformation  were  prepared  in  an  identic^  manner  to  those  tested  at  lower  strain  rates. 


Figure  6  -  Back-scattered  SEM  micrographs  showing  slip  and  microcracking  in  Ti-48A1-1  V  at 
0.10  compressive  strain  at  (a)  10"*/s  and  298K  (b)  10^/s  and  623K,  (c)  lO^/s  and 
298K,  and  (d)  I  (P/s  and  623K. 


We  do  not  know  why  the  high  strain-rate  defonrration  causes  microcrack  formation  when  no  such 
cracking  is  observed  at  either  lO'^/s  or  10"  Vs,  even  at  77K  where  the  flow  stress  is  quite  high. 

The  cracks  occur  within  the  gamma  phase  and  their  orientation,  which  is  parallel  to  the  stress  axis, 
orients  them  normal  to  the  maximum  tensile  strain  axis  (the  transverse  direction  across  the 
specimen).  As  a  result,  they  are  very  likely  a  result  of  tensile  stresses  which  arise  locally  within 
the  gamma  grains  due  to  strain  incompatibilities  within  the  microstructure.  This  suggests  a 
change  in  deformation  rrKxie  at  high  strain  rates  such  that  strain  incompatibilities  increase.  Gray 
observes  an  increase  in  the  incidence  of  twinning  at  high  strain  rates  I4|.  However,  deformation 
twinning  usually  accompanies  increased  ductility  of  TiAl  alloys  at  elevated  temperatures[2);  thus, 
we  might  expect  improved  crack  initiation  resistance  at  high  strain  rates  and  not  a  decrea^ 
resistance. 

Finally,  we  note  that  the  presence  of  microcracks  induced  at  high  strain  rates  suggest  a 
dependence  of  such  a  material  to  loading  history.  For  example,  a  component  experiencing  an 
impact  loading  would  be  very  likely  to  exhibit  poor  high  cycle  fatigue  resistance  as  a  result  of  the 
short  cracks,  initiated  during  impact  loading,  and  subsequently  growing  under  cyclic  loading. 
Similar  sensitivity  to  environmental  embrittlement  might  be  envisioned. 

Summary 

The  most  significant  observation  of  this  study  is  the  occurrence  of  locally  large  populations  of 
microcracks  (<  lOpm  long)  which  result  from  compressive  defonnation  at  10^/s  but  not  at  l(H/s 
or  lO  Vs.  Such  crack  initiation  occurs  over  a  range  of  test  temperatures  from  298  to  623K  despite 
the  presence  of  slip  which  appears  more  uniform  than  at  lower  strain  rates.  This  suggests  that 
components  made  of  TiAl  alloys  may  be  susceptible  to  premature  failure  under  certain  conditions, 
such  as  high  cycle  fatigue,  if  the  component  has  suffer^  pre-existing  damage  due  to  high  strain- 
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rate  loading.  Finally,  we  also  note  the  presence  of  serrated  yielding  or  jerky  flow  at  623K  and  a 
strain  rate  of  l(H/s. 
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Abstract 

This  investigation  deals  with  the  improvement  of  mechanical  properties  of  the  Super  02  alloy 
through  extrusion.  With  this  processing  route,  a  strength  increment  of  than  50%  was 
observed,  without  any  loss  in  ductility  at  room  temperature,  '  :  the  {..^perties  obtained 
through  the  isothermal  forging  route.  Such  an  improvement  rest  om  the  formation  of  an 
orthorhombic  (O)  phase,  probably  induced  by  a  fairly  soong  plasu  rain  expected  during  ex¬ 
trusion;  the  transformation  kinetics  giving  rise  to  this  O  phase  seem^  to  be  accelerated.  Opti¬ 
mization  between  strength  and  ductility  can  be  achieved  by  suitable  ageing  treatments. 


Introduction 

The  investigations  conducted  up  to  now  on  the  two-phase  02  (Ti3Al)  -f  p  alloys  have  shown 
that  these  materials  are  of  great  technological  interest,  mainly  because  of  their  strength  poten¬ 
tial  at  temperatures  in  excess  of  600°C.  One  of  the  most  advanced  alloys  in  this  category  is 
the  so<alled  Super  02  alloy  (Ti-25Al-10Nb-3V-lMo  at.%)  developed  by  TIMET  [1].  This 
alloy  is  now  being  evaluated  for  various  engineering  applications  at  temperatures  up  to 
65(rC.  However,  the  mechanical  properties  of  this  alloy  depend  very  strongly  on  the  micro- 
scnictuie  resulting  from  the  thermomechanical  processing.  A  wide  variety  of  microstructures 
can  be  produced  through  these  treatments.  The  most  frequently  applied  processing  route  is 
isothermal  forging.  The  initial  idea  of  the  present  study  was  to  evaluate  the  effect  of  extrusion 
(another  useful  processing  route)  on  the  microstructure  and  the  mechanical  properties. 

Alloying  Ti3AI  with  higher  amounts  of  refractory  elements  (up  to  2Sat.%)  provides  a 
substantial  increase  in  tensile  stren^h.  The  introduction  of  ^stabilizing  elements  such  as 
niobium  is  also  known  to  retain  the  high  temperature  |3  structure  in  its  ordered  form  B2.  Rowe 
[2]  discussed  the  possibility  of  preserving  high  strength  in  the  Ti2AlNb  Cn-2SAl-25Nb)  alloy 
up  to  815‘’C  arrising  from  an  a^itional  transformation  sequence  B2  =>  O.  This  orthorhombic 
phase  results  from  die  distortion  of  the  ordered  hexagonal  02  (DO]  9)  structure  due  to  the  or¬ 
dering  of  niobium  atoms.  According  to  Baneijee  et  al.  (3],  the  O  phase  provides  a  substantial 
ductility  enhancement  due  to  the  increase  in  ^e  number  of  slip  systems,  compared  to  that  of 
the  02  phase.  Keeping  in  mind  these  advantages,  O  containing  alloys  are  now  teing  studied  in 
order  to  develop  alloys  of  a  new  generation  possessing  higher  high  temperature  strength  with 
a  higher  room  temperature  ductility. 

Specific  alloying  concentrations  and  atomic  species  lead  to  the  formation  of  the  O  phase  and 
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the  field  of  its  existence  in  the  phase  diagramme  seenns  to  be  located  around  Ti2AINb,  al¬ 
though  many  controversies  sail  exist  about  the  nature  of  this  phase.  As  shown  in  the  present 
paper,  some  thermomechanical  and  heat  treatments  can  also  promote  the  O  phase  formation, 
even  in  alloys  containing  much  less  than  25at.%  of  |}-stabilizing  elements  (viz.  far  from 
TbAlNb)  such  as  the  Super  a.2  alloy.  In  this  alloy,  the  isothermal  forging  route  was  not  found 
efficient  to  trigger  off  the  O  phase  formation,  (tely  a  specific  combination  of  certain  condi¬ 
tions  (strain,  temperature  and  cooling  rate)  as  encounter^,  for  example,  in  extruded  materials 
are  favorable  for  developing  the  satisfactory  microstructure  comprising  the  O  phase.  In  this 
paper,  attempts  were  made  to  establish  a  relationship  between  the  microstructure  and  tensile 
properties  of  extruded  Super  02  alloy.  Since  the  O  phase  can  undergo  further  decomposition 
into  extremely  fine  scale  02, 0  and  B2  phases,  a  necessary  requirement  is  to  carefully  control 
the  stabilization  or  the  decomposition  of  this  phase  in  the  temperature  range  of  applications. 
The  influence  of  the  starting  material,  either  I/M  (Ingot  Metallurgy)  or  P/M  (Powder 
Metallurgy)  processed,  is  also  discussed. 


Two  starting  materials  were  used  in  this  work.  The  first  one  corresponds  to  a  fairly  high  purity 
Super  02  ingot  produced  by  consumable  electrode  melting  (I/M),  whereas  the  second  one 
corresponds  to  gas  atomiz^  Super  02  powder  (P/M).  TTiese  ^loys  were  received  from 
separate  sources  and  they  slightly  differ  in  composition.  Chemical  analyses  revealed  small 
differences  in  Al,  V  and  interstitial  contents  between  l/M  and  P/M  prt^ucts,  as  shown  in 
Table  1.  Consistently,  the  measured  transus  temperature  was  different,  i.e.,  1110°C  and 
1145°C  in  I/M  and  P/M  Super  02  respectively.  It  is  wonh  noting  that  the  difference  in 
interstitial  content  (41()ppm  O2  in  I/M  against  1 170ppm  O2  in  P/M)  can  yield  a  shift  of  35°C, 
i.e.,  5°C  per  lOOppm  02. 

Extrusions  were  performed  at  temperatures  between  1000°C  and  1080®C  at  a  strain  rate  of 
0.37m/s.  Mechanical  properties  were  determined  on  the  materials  extruded  either  at  1025°C 
or  at  1050°C.  The  extrusion  ratio  (18:1)  was  chosen  to  obtain  9mm  diameter  rods.  Rods  were 
then  cut  for  metallographic  examinations  and  tensile  tests. 


Table  1  Chemical  analysis  of  the  two  starting  materials  (wt.%). 


Alloy 

Al 

Nb 

Mo 

a 

Fe 

C 

N 

H 

1/M  Super  02 

14.1 

18.8 

1.86 

3.24 

0.09 

0.023 

410 

0.006 

0.002 

P/M  Super  02 

14.5 

18.8 

1.95 

2.84 

0.05 

0.016 

1170 

0.018 

0.001 

Subsequent  to  the  extrusion,  a  number  of  heat  treatments  was  performed  including  some  solu¬ 
tion  heat  treatments  and  low  temperature  aging  treatments.  The  solution  heat  treatments  were 
carried  out  just  below  the  transus  temperature  followed  by  furnace  cooling.  It  is  recalled  that 
if  these  treatments  are  applied  to  the  forged  Super  02,  they  produce  the  conventional  duplex 
microsn^cture  consisting  of  about  30  vol.%  of  primary  globular  02  phase  and  the 
Widmanstatten  lamellae.  Thus,  the  extrusion  route  can  be  directly  compared  to  the  forging 
route  for  which  the  mechanical  properties  of  the  duplex  microstructure  are  well  characterized. 
On  the  other  hand,  low  temperature  aging  treatments  at  700  or  SOO’C  were  performed  in  order 
to  stabilize  the  as-extruded  structure. 

The  presence  of  various  phases  (02. 0  and  B2)  was  ’dentified  by  transmission  electron  micro¬ 
scopy  (TEM).  In  addition,  backscattered  scanning  electron  imaging  was  used  to  obtain  some 
information  on  the  amount  of  niobium  contained  in  these  phases. 

Results 


In  the  as-extruded  condition,  optical  micrograph  typically  exhibits  primary  globulae  dispersed 
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Fig.  1  (a)  Optical  micrograph  of  the  as-extruded  Super  02. 


(b)  Very  fine  lamellae  and  (c)  monolithic  grains  observed  by  TEM. 

in  the  apparently  monolithic  and  polycristalline  matrix  (Fig. la).  At  a  high  magnification, 
TEM  reveals  that  the  matrix  is  in  fact  often  composed  of  very  fine  lamellae  (Fig.  lb). 
Monolithic  regions  are  also  present,  although  in  much  lower  proportion  (Fig.lc).  The  selected 
area  diffraction  patterns  (SADP)  in  Fig.2a  and  b  show  the  orthorhombic  symmetry  of  the  la¬ 
mellae  and  of  the  monolithic  regions  respectively.  Primary  g!  jiilae  also  exhibit  the  orthor¬ 
hombic  symmetry  but  the  lattice  distortion  with  respect  to  that  of  the  hexagonal  02  phase 
appears  to  be  of  a  lower  magnitude  than  that  observed  in  the  O  matrix  (Fig.2c). 


(a)  (b)  (c) 


Fig.2  Selected  area  diffraction  patterns  ;  (a)  in  lamellae, 
(b)  in  monolithic  grains  and  (c)  in  primary  globulae. 


1,671 


Fig.3  Variation  of  the  volume  fraction  of  primary  globuiae 

as  a  function  of  extrusion  tempeiamre  in  I/M  and  P/M  alloys. 

Different  extrusion  conditions  were  then  examined  as  a  function  of  the  extrusion  temperature. 
The  volume  fraction  of  primary  globuiae  increases  with  decreasing  extrusion  temperatures, 
although  in  different  manners  for  I/M  and  P/M  products  (Fig.3).  It  should  be  noted  here  that 
the  temperatures  corresponding  to  the  zero  volume  fraction  of  primary  globuiae  (1090°C  for 
the  P/M  alloy  and  1060®C  for  the  I/M  alloy)  do  not  coincide  with  the  above  mentioned  transus 
temperatures  (1  US^C  for  the  P/M  alloy  and  1 100°C  for  the  I/M  alloy)  because  of  an  adiabatic 
temperature  rise  during  extrusion.  For  a  given  temperature  range,  the  I/M  alloy  exhibits  a 
larger  variation  in  globuiae  volume  fraction.  In  the  case  of  extrusion  at  10S0°C,  the  l/M  alloy 
is  characterized  by  a  lower  volume  fraction  compared  to  that  in  the  P/M  alloy.  At  102S°C, 
optical  micrographs  reveal  that  the  volume  fraction  is  similar  in  both  for  the  products. 

When  examining  the  morphology  of  the  matrix,  it  seems  that  two  types  of  the  B2  O  trans¬ 
formations  take  place.  In  some  areas,  the  B2  matrix  is  transformed  "massively"  into  an 
orthorhombic  (O)  phase,  possibly  through  a  recristallization  process.  In  other  areas,  the  B2 
matrix  is  decomposed  into  fine  tangled  O  lamellae.  The  reason  why  two  different 
transformation  mechanisms  simultaneously  occur  is  not  clear.  The  extrusion  parameters  such 
as  temperature,  deformation  rate  and  reduction  in  cross  section  which  can  modify  the  driving 
forte  for  such  transformation  mechanisms  are  now  under  investigation.  Compositional  effects 
are  also  expected  to  play  a  key  role  since  the  "massive"  O  phase  has  only  been  detected  in  the 
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P/M  alloy. 

2.  Solution  annealed  condition 


When  solution  heat  treatments  on  the  extruded  products  were  applied  just  below  the  transus 
temperature  followed  by  furnace  cooling,  the  observed  microstructure  was  identical  to  that 
observed  in  the  forged  products  with  the  same  solutioning  heat  treatment,  i.e.  30  vol.%  of  pri¬ 
mary  together  with  a  fine  dispersion  of  Widmanstatten  lamellae  which  results  from  the  de¬ 
composition  of  the  matrix  B2  ^  B2  -i-  a2;  this  microstructure  is  here  designated  as  the  duplex 
microstructure  (Fig.4). 

This  duplex  microstructure  exhibits  a  slightly  higher  mechanical  strength  than  that  reported  in 
the  literature  (1)  for  the  forging  route  (Table  2).  This  table  also  shows  that  for  the  same 
extrusion  temperature  (10S0°C),  the  I/M  alloy  possesses  better  properties  at  20  and  6S0°C 
than  the  P/M  dloy.  If  the  I/M  alloy  is  extruded  at  lower  temperature  (102S°C),  the  refinement 
of  primary  globulae  leads  to  an  even  higher  yield  stress. 


Table  2  Results  of  the  tensile  tests  (after  extrusion  +  solution  annealing). 


Alloy 

Test  Temp. 
(“C) 

0.2%TYS 

(MPa) 

EL 

(%) 

Super  a2  forged 

20 

790 

1000 

2 

P/M  extruded  at  lOSO^C 

20 

890 

950 

0.5 

I/M  extruded  at  1050°C 

20 

925 

1055 

1.2 

I/M  extruded  at  1025°C 

20 

1055 

1135 

0.7 

Super  02  forged 

650 

585 

790 

10 

P/M  extruded  at  lOSO^C 

650 

595 

755 

2.6 

I/M  extruded  at  1050°C 

650 

660 

845 

5.5 

It  should  be  noted  that  in  the  I/M  alloy,  surface  cracking  occurs  during  tensile  tests  at  650°C, 
while  this  was  not  observed  in  the  P/M  alloy.  In  fact,  there  is  no  clear  explanation  for  the  ab¬ 
sence  of  surface  cracking  in  the  P/M  alloy  or  for  the  relatively  low  ductility  observed  at 
bSO^C  in  both  I/M  and  P/M  alloys.  It  should  be  stressed  that  in  the  case  of  1/M  alloy  the  ducti¬ 
lity  is  much  higher. 

3.  Aged  condition 

It  must  be  pointed  out  that  ageing  was  performed  in  the  present  study  directly  after  extrusion. 

In  a  preliminary  investigation,  we  examined  the  response  of  the  O  phase  to  a  number  of  heat 
treatments  performed  below  the  transus  temperature.  Ageing  at  8C)0°C  for  1 16  hours  preserves 
the  very  fine  extruded  microstructure.  No  microstructural  changes  are  detected  with  respect  to 
the  as-extruded  condition.  On  the  other  hand,  ageing  at  9()0°C  for  24  hours  leads  to  an 
extensive  coalescence  of  the  primary  globulae.  As  a  result,  the  matrix  is  strongly  confined  to 
interglobular  areas.  Back- scattered  scanning  electron  imaging  (Fig.Sa  and  Sb)  exhibits  a 
totally  different  contrast  depending  on  the  ageing  temperature  (8(X)  or  900°C).  At  8()0®C,  the 
concentration  of  Nb  is  apparently  less  in  the  globulae  than  in  the  matrix.  On  the  other  hand, 
the  higher  ageing  treatment  caused  a  change  in  composition  by  extensive  diffusion  operating 
between  the  primary  globulae  and  the  matrix.  The  globulae  preserve  their  prior  niobium 
concentration  whereas  the  periphery  is  slightly  richer  in  niobium.  The  remaining  manix 
appears  to  be  very  rich  in  niobium. 
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Fig. 5  Back-scattered  scanning  electron  micrographs  of  the  aged  P/M  alloy  : 
aged  (a)  at  800°C  and  (b)  at  900°C. 


As  described  by  Muraleedharan  et  al.  14,5),  a  number  of  reactions  are  expected  to  occur  in  the 
composition  range  around  the  tie-line  between  Ti3Al  and  Ti2AlNb  of  the  ternary  Ti-Al-Nb 
phase  diagramme;  these  reactions  take  place  involving  02.  O  and  B2  phases.  Unfortunately, 
the  lack  of  phase  diagramme  data  for  complex  alloy  systems  (Ti-Al-Nb-V-Mo)  with  several 
atomic  species  such  as  the  Super  02  alloy  does  not  enable  us  to  define  the  phase  boundary 
temperatures  in  an  alloy  such  as  Super  ai-  Indeed,  the  above  microstructural  ob.servations  in 
the  extruded  Super  0.2  alloy  are  indicative'of  a  more  complex  situation.  This  point  will  be  dis¬ 
cussed  later. 

Since  the  microstructure  becomes  unstable  at  temperatures  beyond  8(X)°C,  the  ageing  prior  to 
mechanical  tests  was  performed  at  8()0°C.  The  results  of  the  tensile  tests  (Table  .^)  show  a  si¬ 
gnificant  enhancement  of  the  mechanical  properties,  compared  to  the  case  of  a  conventional 
duplex  microstructure.  This  improvement  is  presumably  related  to  the  pre.sence  of  a  large 
volume  fraction  of  O  phase.  Here  again,  for  a  given  extrusion  temperature  (102,5  or  1050°C), 
l/M  alloy  is  characterized  by  a  higher  yield  stress  and  ultimate  tensile  strength.  TEM 
micrographs  reveal  that  the  I/M  microstructure  consists  of  a  much  higher  volume  fraction  of 
secondary  lamellae.  As  previously  mentioned,  monolithic  grains  were  nor  present  in  1/M 

Table  .1  Results  of  the  tensile  tests  (after  extrusion  -h  ageing). 


Test  Temp. 

0.2*7^  TVS 

UTS 

EL 

Alloy 

(°C) 

(MPa) 

(MPa) 

('/r) 

P/M  extruded  at  U)5()°C 

20 

1020 

1190 

2.6 

P/M  extruded  at  l()2.‘i°C 

20 

123.5 

1295 

0.7 

I/M  extruded  at  1().5()°C 

20 

1275 

1370 

0.8 

I/M  extruded  at  1()2.5°C 

20 

14.35 

1580 

1.8 

P/M  extruded  at  1().5()°C 

650 

7.50 

790 

0.4 

P/M  extruded  at  I025°C 

650 

795 

755 

0.4 

1/M  extruded  at  10.5()°C 

6.50 

875 

845 

4.3 

alloy.  For  both  alloys,  a  further  increase  in  strength  is  provided  by  lowering  the  extrusion 
temperature  from  1050  to  1025°C,  which  allows  a  higher  volume  fraction  of  the  retained  fine 
primary  globulae. 

Discussign 

The  present  study  has  shown  that  the  O  phase  induced  through  extrusion  has  a  beneficial  ef¬ 
fect  on  the  mechanical  properties  of  the  Super  a.2  alloy.  Considering  the  fact  that  the  field  of 
existence  of  the  O  phase  is  around  the  composition,  Ti2AlNb,  it  is  a  little  surprising  to  obser¬ 
ve  this  phase  in  alloys  such  as  the  super  a2  lean  in  ^-stabilising  elements.  However,  it  should 
be  remembered  that  vanadium  shows  a  ^-stabilising  power  about  S/3  times  stronger  and  mo¬ 
lybdenum  about  three  times  stronger  than  that  of  niobium  [6];  the  composition  of  the  Super 
02  alloy  (Ti6iAl25NbioV3Moi)  therefore  corresponds  to  Ti57Al25Nbi8.  From  this  simple 
(^-stabilising  criterion,  the  O  phase  should  be  easily  observed  in  this  alloy,  since  Baneijee  and 
co-workers  [4,5]  found  this  phase  in  an  alloy  less  rich  in  Nb  such  as  TiAiAl24Nbi5.  The  is¬ 
sue  seems,  however,  to  be  mote  complicated,  since  the  O  phase  can  only  hie  found  after  severe 
thermomechanical  treatments  like  extrusion  but  not  after  forging.  These  results  indicate  that, 
in  fact,  two  factors  may  play  a  role  in  the  formation  of  this  phase  :  chemistry  and  thermome¬ 
chanical  treatments.  As  far  as  the  chemistry  is  concerned,  the  formation  of  the  O  phase  is  af¬ 
fected  by  the  nature  of  the  p  stabilising  elements.  Another  important  factor  for  the  O  phase 
formation  is  the  plastic  strain  which  is  extremely  high  in  an  extrusion  than  in  a  forging.  Mo¬ 
reover,  a  higher  cooling  rate  expected  subsequent  to  extrusion  may  prevent  recovery  effects. 
Therefore,  it  can  be  assumed  that  a  high  plastic  strain  produced  through  extrusion  accelerates 
the  kinetics  of  the  transformation  giving  rise  to  this  O  phase.  In  other  words,  the  field  of  exis¬ 
tence  of  this  phase  is  extended  toward  the  lean  side  of  p-stabilising  elements  at  the  expense  of 
the  02  phase. 

It  is  interesting  to  recall  here  that  similar  improvements  in  strength  have  already  been  reported 
in  the  Super  02  alloy  owing  to  a  thermomechanical  treatment  consisting  of  a  six  step  swaging 
at  950°C  (7).  At  such  a  low  temperature,  the  formation  of  the  "massive"  O  phase  is 
responsible  for  the  sharp  increase  (10%)  in  ductility  at  room  temperature.  A  very  short-time 
solution  treatiuent  followed  by  water  quenching  and  aging  results  in  the  subsequent  decompo¬ 
sition  of  the  matrix  into  extremely  fine  02,  O  and  B2  particles  according  to  a  peritectoid 
reaction.  This  decomposition  leads  to  a  sharp  increase  in  yield  strength  while  a  moderate 
ductility  is  still  preserved.  From  an  industrial  viewpoint,  it  is  difficult  to  apply  the  above  pro¬ 
cessing  sequence  because  it  involves  a  very  short  solution  ueatment  followed  by  water 
quenching  in  order  to  optimize  the  tensile  properties.  Alternatively,  in  this  investigation,  ex¬ 
trusion  at  higher  temperature  enables  us  to  obtain  a  material  which  has  already  decomposed 
into  fine  O-t-  B2  phases  without  any  solution  heat  treatment. 

Finally,  the  issue  of  surface  cracking  encountered  in  the  1/M  Super  a2  alloy  remains  a  serious 
industrial  problem,  and  a  more  detailed  understanding  of  its  origin  is  required.  For  example, 
work  is  now  in  progress  to  determine  the  strain  at  which  this  cracking  appears.  The  absence  of 
such  a  cracking  in  the  P/M  alloy  is  also  not  clear;  shift  of  the  brittle-ductile  transition  tempe¬ 
rature  coward  high  temperature  side  (beyond  650'’C)  due  to  its  high  impurity  (oxygen)  content 
might  be  an  explanation. 


Concisions 

In  the  extruded  and  aged  condition,  both  the  I/M  and  P/M  Super  02  alloys  exhibit,  in  the  tem¬ 
perature  range  2()-650°C,  a  strength  level  50%  higher  than  the  data  reponed  in  the  literature 
for  the  forging  route.  Microstructural  investigations  lead  to  the  conclusion  that  the  decompo¬ 
sition  of  the  B2  matrix  giving  rise  to  extremely  fine  lamellae  is  responsible  for  the  increase  in 
strength.  Concurrently,  the  orthorhombic  phase,  identified  by  selected  area  diffraction, 
contributes  in  preserving  some  ductility  at  room  temperature.  At  650°C,  however,  the  I/M 
alloy  was  prone  to  surface  cracking  contrary  to  the  case  of  the  P/M  alloy. 

One  promising  feature  is  that  the  fine  lamellar  orthorhombic  microstructure  which  develops 
an  encouraging  room  temperature  ductility  also  shows  attractive  high  temperature  strength. 
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Abstract 

The  tensile  deformation  and  fracture  behaviors  of  a  Ti-25Al-10Nb-3V-lMo  (at%)  alloy 
have  been  investigated  over  the  temperature  range  of  2S-980°C  in  either  air  or  vacuum. 
The  tensile  strength  and  ductility  are  influenced  not  only  by  the  deformation  structures 
(such  as  dislocation,  twinning  and  dislocation  loop)  corresponding  to  the  temperature  but 
also  by  the  environmental  factors  (such  as  oxidation).  Both  the  strength  and  the  ductility 
of  samples  deformed  at  the  elevated  temperature  (700°C)  in  vacuum  are  superior  to  that 
in  air.  The  fracture  modes  of  samples  deformed  at  the  elevated  temperature  (TOCC) 
are  also  affected  by  oxidation  and  possibly  hydrogen  embrittlement. 

Introduction 

The  titanium  aluminide  alloys  such  as  Ti-25Al-10Nb-3V-lMo  (at%)  have  been  exploited 
as  new  promising  commercial  materials  because  of  their  potential  for  use  in 
high-temperature  structural  application'.  The  mechanical  properties,  such  as  tension, 
creep,  fatigue,  and  toughness,  were  extensively  evaluate  .  So  was  the  influence  of 
microstructure  on  property  examined*.  TTie  temperature  dependence  and  the 
environmental  dependence  of  deformation  and  fracture  behaviors  of  titanium  aluminides 
have  been  distinctly  observed.  However,  it  is  noted  that  there  is  little  data  published  on 
the  influence  of  temperature  and  environment  on  the  tensile  deformation  and  fracture 
of  Ti-25Al-10Nb-3V-lMo  alloy.  This  investigation  was  aimed  at  understanding  the  change 
of  tensile  strength  and  ductility  with  temperature  in  air  or  vacuum  over  the  temperature 
range  of  2S-980°C  ,  and  elucidating  the  deformation  and  fracture  mechanism  of 
Ti-25Al-10Nb-3V-lMo  alloy. 


Experimental 

The  material  used  in  the  present  study  was  a  Ti-25Al-10Nb-3V-lMo  (at%)  alloy  with 
analyzed  chemical  composition  (in  weight  percent)  of  14.4  Al,19.3Nb,  3.5  V,  2.2Mo, 
0.100, 0.018N,  and  the  remainder  titanium,  which  was  prepared  by  consumable  electric 
arc  melting.  After  02+0  region  forging  and  subsequently  ot2+0  region  heat  treating, 
round  samples  with  25mm  gauge  length  (5mm  in  diameter)  were  machined.  Tensile  tests 
were  performed  over  the  temperature  range  of  25-980°C  in  air.  Some  samples  (with 
15mm  gauge  length)  were  test^  at  700°C  in  either  air  or  vacuum  (lx  10'’  torr)  so  as 
to  examine  the  environmental  dependence  of  tensile  deformation.  The  deformation 
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structures  were  investigated  by  transmission  electron  microscope  by  gb  invisibility 
criterion.  The  fracture  surfaces  were  examined  by  scanning  electron  microscope. 

Results 


Microstructure 

The  typical  microstructure  resulted  from  ai+fi  region  forging  and  02+8  region  heat 
treating  is  demonstrated  in  Figures  1,  which  consists  of  about  30-40  percent  volume 
fraction  of  primary  alpha-2  phase  (black  blocks  in  Figure,  la)  and  transformed,  beta 
phase  (white  or  grey  blocks  in  Figure,  la).  The  primary  alpha-2  is  equiaxed,  while  the 
transformed  beta  phase  is  characterized  as  lenticular  secondary  alpha-2  with  retained 
beta  film  present  around  (Fig.  lb). 

Tensile  Behavior  in  Air 

Figure  2  shows  the  change  of  strength  and  ductility  with  tensile  test  temperature  over  a 


Figure  1-Typical  microstructure  examined  by  (a)  SEM  and  (b)  TEM. 
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Figure  2-lnfluence  of  temperature  on  the  tensile  properties  over  the 
temperature  range  of  25-800°C  in  air. 
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Figure  3-lnfluence  of  temperature  on  the  tensile  properties  over  the 
temperature  range  of  600-980°C  in  air. 

temperature  range  of  2S-800°C  in  air.  As  can  be  seen,  both  the  ultimate  tensile  strength 
and  the  yield  strength  decrease  gradually  with  the  increase  of  temperature  below  700°C, 
but  decrease  significantly  with  the  increase  of  temperature  up  to  700-8(X)°C.  It  is 
strikingly  noted  that  the  response  of  ductility  to  test  temperature  is  complex.  The  ductility 
first  increases  remarkably  with  the  increase  of  temperature  in  the  temperature  range  of 
200-400°C,  and  subsequently  decreases  with  the  increase  of  temperature  at  400-750'’C 
Therefore,  a  peak  of  tensile  ductility  is  noticed  at  400°C  .  With  the  further  increase  of 
temperature  up  to  7S0°C  ,  an  abrupt  enhance  of  ductility  is  observed  in  the  present 
study.  Furthermore,  an  excellent  superplasticity  is  recogniz^  in  Ti-25Al-10Nb-3V-lMo 
(at%)  alloy  at  a  strain  rate  of  1  x  10~^  sec'  as  shown  in  Figure  3,  which  its  total 
elongation  is  more  than  380%  at  980’’C. 

Tensile  Behavior  in  Vacuum 

The  influence  of  environment  on  the  tensile  deformation  behavior  at  700°C  is 
illustrated  in  Fig.4 by  constructing  bar  chart.  Every  three  samples  were  strained  at  700°C 
in  either  air  or  vacuum  so  as  to  evaluate  the  strength  and  ductility  with  or  without  the 
effect  of  oxygen  and  hydrogen.  Both  the  ultimate  tensile  strength  and  ductility  of  samples 
deformed  in  vacuum  are  superior  to  that  in  air.  It  is  interesting  to  note  that  the  tensile 
elongation  is  enhanced  more  than  one- fold  at  700°C  in  vacuum,  showing  a  very  good 
ductility. 

Discussion 

Deformation  Structures 


A  systematic  investigation  has  been  carried  out  to  explore  the  deformation  structures  of 
a  Ti-23Al-10Nb-3V-lMo  alloy  under  different  temperature  tension  ranging  from 
25-980°C  .  The  experiment  result  indicates  that  the  majority  of  dislocations  in  alpha-2 
phase  are?  type  (Figure  5a)  with  only  a  fewc-t-^2  type  dislocations  present  (Figure  5b) 
at  room  temperature,  which  the  7-t-7^2  type  dislocations  ve  characteristic  of  dislocation 
pairs  with  corrugated  appearance.  The  I/6<  1120>{10T0}  and  l/6<  1120>{0001},  as 
well  as  occasional  1/6  <  1 126>  {2021}  slip  systems  play  a  significant  role  in  contributing 

1,47? 


STRENGTH  <K«>a) 


DUCTILITY  (H) 
60 


30 

20 

10 

O 


Figure  4-A  bar  chart  showing  the  comparison  of  tensile  properties  at 
lOO^C  in  air  with  that  in  vacuum. 

to  the  onset  of  ductility  at  lower  temperatures  (2S-200°C  ).  However,  the  ductility  is 
limited  due  to  the  insufficient  presence  of  dislocation  systems  at  lower  temperatures. 

In  addition  to  7  type  dislocation  slip  systems,  which  is  similar  to  that  at  room 
temperature,  the  extensive  presence  of  deformation  twinning  in  alpha'2  grains  (Figure 
Sc)  is  identified  to  contribute  to  the  remark^le  increase  of  ductility  at  400°C  .The  twin 
plane  is  determined  to  be  {2021}.  But  the  non-basal  slip  of  ?+l/2  type  dislocation  is 
more  rarely  observed  in  alpha-2  phase  at  400°C. 

Figures  Sd-5f  demonstrate  that  the  ductile  deformation  of  alpha-2  phase  at  higher 
temperature  (700°C  )  occurs  primarily  by  a  type  dislocation  dip  systems  on  prismatic, 
basal  and  pyramidal  planes,  such  as  slip  systems  <  1 120>  ( 1 100},  <11^0>  {0001} and 
<1120>{2(^l}.The'i  type  dislocation  pairs  are  often  observed  on  pyramidal  planes  in 
alpha-2  grains  (Figure  Se),  but  hardly  can  lc+a/2  type  dislocation  pairs  be  notic^  in  this 
case.  In  addition ,  a  very  few  of  isolated  Z  type  deformation  dislocations  are  found  at 
elevated-temperatures  (Figure  5f). 

With  the  further  increase  of  temperature  to  900-980'’C,  it  exhibits  excellent  superplastic 
property.  The  superplastic  model  for  grain  boundary  sliding  with  the  accommo^tion 
processes  such  as  diffusion,  dislocation  slip,  dislocation  loop  (Figure  Sg)  and  stacking 
fault  (Figure  5h)  accommodation  processes  provides  a  good  representation  of  the 
superplastic  deformation  of  a  Ti-2SAl-10Nb-3V-lMo  alloy  at  980°C  with  a  strain  rate  of 
1  X  10'^  s'.  The  majority  of  dislocation  loops  ate  identified  as  shearing  ones  with 
b=l/6{1010]. 

Fractography 

Close  examination  of  fracture  surfaces  by  scanning  electron  microscope  indicates  that 
transgranular  cleavage  appears  to  be  the  predominant  mode  of  future  at  either 
room-temperature  or  200‘’C  (Figure  6a).  The  cleavage-like  appearance  is  lessened  with 
the  increase  of  temperature  up  to  4(X)‘’C  as  exhibited  in  Figure  6b.  However,  the  fracture 
behavior  at  the  elevated-temperature  (TOO^C)  becomes  more  complex.  Ductile  fracture 
mode  absolutely  predominates  at  7CI0°C  in  vacuum,  characteristic  of  deep  ductile  dimples 
with  occurrence  of  necking  (Figures  6c  and  6d).  In  contrast,  a  propensity  for  cleavage 
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F-igure  6-SFiM  micrographs  showing  the  fracture  surfaces  at  different 
temperatures.  25°C,  in  air.  (b)  400°C  ,in  air.(c)-(d)  7(X)°C,  in 
vacuum,  (e)-(O  700°C,  in  air. 


fracture  in  crack  initiation  region  (Figure  6c)  and  intergranular  fracture  in  crack  growth 
region  (Figure  60  becomes  more  pronounced  at  7(X)°C  in  air. In  addition,  the  remarkable 
influence  of  oxidation  layer  on  fracture  behavior  is  recognized. The  cleavage  facets 
associated  with  oxidation  region  can  evidently  observed  in  Figure  6e.  The  presence  of 
oxidation  or  oxygen-riched  layer  will  promote  the  microcrack  initiation  due  to  the  distinct 
uncompatible  deformation  between  the  oxidation  layer  and  the  matrix.  While  the 
interganular  fracture  is  more  likely  attributed  to  hydrogen  embrittlement  due  to 
disbonding  in  grain  boundary.  Thus,  it  deteriorates  the  mechanical  properties  such  as 
ductility  of  Ti  ^.SAl-IONb-.W  lMo  alloy  at  elevated  temperatures  in  air.  However,  a 
direct  evidence  of  hydrogen  embrittlement  is  badly  required. 
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[■'igure  7-Thc  free  surface  appearance  of  tensile  specimen  after 
deformation  at  700°C.  (a)  in  vacuum,  (b)  in  air. 


Slip  Line  Pattern 

l-igures  7  demonstrated  the  free  surface  appearance  of  tensile  samples  after  tensile 
fracture  at  700''C  in  either  vacuum  (Figure  7a)  or  air  (Figure  7b).  Because  the  free 
surfaces  of  samples  had  been  polished  and  slightly  chemically  etched  before  deformation, 
slip  bands  and  microcracks  could  be  easily  discerned  in  this  case.  As  can  be  seen,  the 
equiaxed  primary  alpha-2  grain  is  distinctly  elongated  after  deformation,  which  suggests 
that  the  alpha-2  phase  become  more  ductile  at  elevated  temperature  in 
vacuum. Moreover,  the  slip  line  pattern  on  primary  alpha-2  grain  can  be  clearly  seen  in 
Figure  7a.  It  is  noteworthy  that  some  slip  lines  are  curved,  indicative  of  the  possible 
presence  of  cross-slip  ot  dislocation  or  other  slip  activity.  The  ductile  deformation  of 
alpha-2  phase  may  lie  in  the  tact  that  the  cross-slip  activity  and  the  abundant  presence 
ot  a  type  dishKation  slip  systems  such  as  <  1 120>  {202l}with  occasionally  isolated  c  type 
dislocation  present  would  introduce  an  effective  ductile  deformation  region  around  the 
microcrack  tip.  Thus,  the  cleavage  cracking  is  curbed. 

In  contrast,  a  direct  evidence  of  the  influence  of  oxidation  on  fracture  behavior  at  700°C 
m  air  was  shown  in  Figure  7b,  indicating  that  the  microcracks  readily  occurred  on  the 
free  surface  of  specimen.  The  microcrack  easily  propagated  in  the  oxidation  layer,  no 
matter  what  the  primary  alpha-2  grain  or  transformed  beta  phase  was.  Hardly  can  be  the 
slip  lines  discerned  on  the  primary  alpha-2  phase  in  this  case. 

Conclusions 

1 ,  Deformed  over  the  temperature  range  of  25-980°C  in  air,  both  the  ultimate  tensile 
strength  and  yield  strength  of  Ti-25AI-IONb-3V-lMo  alloy  decrease  with  the  increase 
of  temperature.  The  ductility  first  increases  remarkably  with  the  increase  of  tempera¬ 
ture  at  2()0-4(X)°C  ,  and  subsequently  decrease  with  the  increase  of  temperature  at 
4OO-7.S0°C.  However,  with  the  further  increase  of  temperature  up  to  9()0-980°C,  it 
exhibits  an  excellent  superplasticity  at  a  strain  rate  of  1  x  10'  sec'. 

2.  Hither  the  strength  or  the  ductility  of  samples  deformed  at  700°C  in  vacuum  is  su¬ 
perior  to  that  in  air.  The  ductility  is  enhanced  more  than  one-fold  at  the  elevated- 
temperature  in  vacuum. 


3.  The  onset  of  ductility  at  lower  temperatures  (2S-200°C  )  is  the  consequence  of  the 
activation  of  a  type  dislocation  slip  on  prismatic  and  basal  planes,  as  well  as  occasion 
'c+1i72  type  dislocation  slip  on  pyramidal  planes.  The  significant  increase  of  ductility 
at  400°C  is  attributed  to  the  extensive  presence  of  deformation  twinning.  While  the 
oxidation  and  possibly  hydrogen  embrittlem«it  deteriorate  the  ductility  at  the  elevated 
-temperature  (TOO^C)  in  air. 

4.  Generally,  cleavage  fracture  is  lessened  with  the  increase  of  temperature.  The  ductile 
fracture  absolutely  predominates  at  700°C  in  vacuum.  But  a  propensity  for  cleavage 
and  intergranular  fracture  becomes  more  pronounced  at  700°C  in  air,  indicative  of  the 
influence  of  environment. 
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Abstract 

In  order  to  optimize  the  ductility  and  strength  of  the  TijAI-based  alloy 
Ti-25AI-lONb-3V-1Mo  (Super  Alpha  2),  various  thermomechanical  treatments  were 
performed.  These  included  different  extents  of  mechanical  deformation  by  swaging, 
solution  heat  treatment  temperatures,  cooling  rates  and  aging  time  and 
temperatures. 

After  swaging  in  the  02+^  field,  solution  heat  treatments  at  temperatures  well  below 
the  13-transus  led  to  a  more  than  three-fold  increase  in  ductility  without  loss  in  yield 
and  tensile  strength  when  compared  to  the  as-received  material.  In  order  to 
qenerate  high  strength,  solution  heat  treatments  were  performed  just  below  the 
^transus  temperature.  After  optimizing  the  deformation  degree  and  the  aging 
treatment,  yield  strength  and  ultimate  tensile  strength  values  close  to  1500  MPa 
and  1 800  MPa,  respectively,  were  achieved.  These  high  strength  values  were  also 
maintained  at  elevated  temperatures,  e.g.  UTS  at  GSO^C  was  still  beyond 
1200  MPa. 


Introduction 

Conventional  high  temperature  Ti-based  alloys,  like  the  near  alpha  type  alloys 
Ti-1100  and  IMI  834,  have  reached  a  temperature  barrier  set  by  their  creep  and 
oxidation  resistance  below  6OOOC.  The  primary  needs  for  advanced  aerospace 
systems  are  both,  higher  service  temperature  and  specific  strength  at  the  same 
time.  Currently,  the  materials  that  appear  most  promising  for  these  demanding 
needs  are  alloys  based  on  titanium  aluminides  [1,2]. 

In  this  investigation  different  thermomechanical  treatments  were  applied  to  the 
Ti3AL  based  alloy  Ti-25AI-10Nb-3V-1Mo  (at.%)  to  optimize  the  microstructure  with 
respect  to  ductility  and  strength.  The  influence  of  the  different  parameters  during 
thermomechanical  processing  on  microstructure  were  investigated  and  related  to 
the  mechanical  properties.  The  extremely  high  strength  values,  close  to  1800  MPa 
(UTS),  in  this  alloy  with  nearly  no  loss  of  ductility  compared  to  the  as-received 
material,  result  from  a  very  fine  microstructure  after  an  optimized  thermomechanical 
process.  The  density  corrected  strength  values  based  on  these  results  represent 
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the  top  values  among  the  high  temperature  alloys  like  TiAl  based  alloys,  Ni  based 
alloys  and  near  alpha  alloys  in  the  temperature  range  up  to  6500C. 


Experimental  Methods 

The  material  was  supplied  by  Timet  and  RMI  as  254  mm/286  mm  diameter  bar 
material  with  the  chemical  composition  Ti-23.0AI-10.8Nb-2.32V-0.85Mo  (at.%)  and 
Ti-23.3AI-10.3Nb-  2.45V-0.90Mo,  respectively;  The  /3-transus  temperature  (T^)  was 

determined  to  be  lOTO^C  (Timet)  and  IIOOOC  (RMI).  The  oxygen  content  for  both 
alloys  was  about  700  ppm. 

Swaging  was  carried  out  in  9  steps  at  950  OC  to  impart  a  total  deformation  varying 
from  76%  and  93%.  The  swag^  bars  were  then  air  cooled.  Aftenvards,  the  bars 
were  solution  heat  treated  (SHT)  for  15  minutes  at  temperatures  between  800 
and  1110  OC,  then  cooled  to  room  temperature  at  different  cooling  rates.  The 
cooling  schemes  were  as  follows:  furnace  cooling  (FC),  Air  cooling  (AC),  Oil 
quf  hing  (OQ)  and  water  quenching  (WQ)  with  average  cooling  rates  of  0.02  K/s, 
9  K.o,  80  K/s  and  120  K/s,  respectively,  when  measured  between  the  solution  heat 
treatment  (SHT)  temperature  and  600  <iC.  Finally,  the  specimens  were  annealed  at 
650  OC  and  700  oc  for  different  times.  VickeTs  hardness  was  measured  after  the 
solution  heat  treatment  as  a  function  of  the  annealing  time. 

Tensile  tests  were  (>erformed  at  RT  and  at  elevated  temperatures  up  to  7000C  in  air 
on  cylindrical  specimens  with  a  gauge  length  of  30  mm  and  a  diameter  of  6  mm  at  a 
strain  rate  of  5.6- 10-“*  s-'.  Specimens  were  soaked  at  test  temperatures  for  15 
minutes  before  testing. 

Results  and  Discussion 


Fig.  2  shows  the  microstructures  that  were  obtained  after  TMT  at  solution  heat 
treatment  (SHT)  temperatures  T^-120  oc,  Tp-20  oc  and  T^+20  oc  and  cooling  rates 

between  120  K/s  (WQ)  and  0.02  K/s  (FC).  Figures  2(c).  £(g)  show  microstructures 
which  were  additionally  aged  at  700  oC/4h.  Before  aging,  the  matrix  in  almost  all 
cases  remained  single  phase  B2  after  WQ  (3).  The  intermediate  cooling  rates,  OQ 
(80  K/s)  and  AC  (9  K/s),  led  to  the  same  type  of  microstructure  as  seen  by  optical 
microscopy  as  that  obtained  after  WQ.  After  a  SHT  temperature  120  oc  below  T^, 

the  variation  of  the  cooling  rate  caused  only  a  little  change  in  the  equiaxed 
microstructure  (Fig.  2(a).  2(b)).  The  high  volume  fraction  of  primary  02  (-50%)  in 
these  microstructures  is  finely  distributed  with  a  fine  grain  size  of  about  4  to  8  /rm. 
Higher  SHT  temperatures  reduced  the  primary  02  volume  fraction  (Fig.  2(c)).  and 
cooling  rates  down  to  9  K/s  (AC)  enabled  a  high  volume  fraction  of  supersaturated 
retained  B2  [3].  Slower  cooling  rates  led  to  the  formation  of  coarse  secondary  02 
laths  by  heterogeneous  nucleation  and  growth  (Fig.  2(dll.  Compared  to  the  furnace 
cooled  /3-processed  material  (Fig.  2(f11.  however,  the  sub-transus  microstructure  is 
markedly  finer  (Fig.  2(d))  and  shows  a  'basketweave'  structure  instead  of  the  coarse 
lamellar  structure  with  large  aligned  regions.  Thus,  the  effects  of  a  small  volume 
fraction  of  primary  02  become  apparent  here.  First,  primary  02  pins  the 
recrystallized  0(B2  grains  and  second,  reduces  the  extent  of  sideplate  formation. 

Mechanical  Properties 
Solution  heat  treatment  temperature 

Fig.  3  shows  the  results  of  the  room  temperature  tensile  tests  for  Ti-25-10-3-1 
depending  on  the  SHT  temperature  at  a  constant  cooling  rate  and  aging  treatment. 
Specimens  were  swaged  at  T^-120  oc  to  76%  reduction,  solution  heat  treated  at 

temperatures  ranging  from  800  oC  to  1110  oC,  then  quenched  (120  K/s)  and  aged 
for  4  hours  at  700  ®C.  Yield  and  ultimate  tensile  strengths  increased  with  increasing 


SHT  temperature  and  reached  maximum  values  just  at  or  below  the  ^transus 
temperature  after  UTS  dropped  drastically.  Elongation  values  dropped  with 
increasing  SHT  temperatures  from  about  9  to  1 0%  at  temperatures  up  to  950  oC  to 
essentially  zero,  once  the  transus  was  passed.  Hardness  values  show  very  similar 
behavior  to  the  ultimate  tensile  strength  except  that  the  maximum  hardness  is 
reached  at  1090  oC,  i.e.  in  the  p-phase  field.  The  higher  hardness  can  be  attributed 
to  a  higher  driving  force  for  precipitation  during  aging,  leading  to  a  finer 
microstructure  in  the  prior  p  grains.  However,  these  grains  are  very  large  after  p 
processing  fFig.  2(e)).  leading  to  large  plastic  incompatibilities  across  the  prior  B 
grains  and  thus  very  low  ductility  (-0%)  [4].  After  a  SHT  temperature  of  T^-  200C 

and  quenching,  the  retained  P  had  a  much  lower  grain  size  due  to  finely  distributed 
primary  ai  particles,  which  hindered  the  grain  growth.  Thus,  this  microstructure 
fFig.  2fc11  has  a  reduced  dislocation  pileup  length  resulting  in  smaller  incompatibility 
strains  at  the  grain  boundaries,  which  leads  to  higher  fracture  elongation.  Due  to 
this  increased  ductility,  the  high  ultimate  tensile  strength  potential  of  the  fine  matrix 
can  be  realized.  SHT  temperatures  far  below  the  /3-transus  increase  the  primary  ui 
volume  fraction  fFig.  2tall  and  decrease  the  volume  fraction  of  secondary  02  in  the 
matrix.  Additionally,  the  distribution  and  morphology  of  the  p  phase  is  much 
different.  Thereby  the  high  fracture  elongation  of  this  microstructure  (Fig.  2(a))  can 
be  explained  by  a  uniformely  distributed  ductile  matrix,  which  is  of  sufficient 
microstructural  dimensions  to  arrest  cracks  nucleated  in  the  primary  02  (Fig.  1(a)). 

Coolins  Rate 

The  extremely  high  room  temperature  yield  and  ultimate  tensile  strength  for  the  fine 
bi-modal  microstructure  (Fig.  2(cl.  3:  SHT  at  10500C)  results  from  a  marked  age 
hardening  effect  (Fig.  41.  For  sub-transus  SHT  temperatures  (T ^  -  200C)  the  age 

hardening  is  not  influenced  by  variation  of  the  cooling  rate  between  120  K/s  (WQ) 
and  9  K/s  (AC)  (Fig.  4(b11.  However,  FC  leads  to  a  coarse  'basketweave'  and  stable 
microstructures  (Fig.  2(f11  with  a  lower  hardness.  It  is  also  apparent  that  the  very 
fine  microstructure  formed  after  aging  in  the  high  cooling  rate  specimens  are 
metastable  at  7000C.  A  stable  microstructure  is  reached  after  lOOh  of  agina 
resulting  in  the  same  hardness  level  as  after  FC.  For  super-transus  SHT 
temperatures  (T^  +  200C)  a  marked  age  hardening  effect  is  also  observed  at 

medium  cooling  rates  (OQ,  AQ;  Fig.  4(b1>.The  much  larger  grain  size  (-  400  /im)  of 
the  p  processed  material  (Fig.  2(et1  seems  to  increase  the  stability  of  this 
microstructure  due  to  a  lower  driving  force  for  recrystallisation  [5].  The  low 
hardness  level  of  the  stable  microstructure  is  not  reached  before  500h  of  aging  at 
7000C. 

However,  water  quenching  of  the  j5-processed  specimens  leads  to  a  Icwer  age 
hardening  response.  Different  phase  transformations  and  the  occurrence  of  the  a 
phase  m^ht  be  the  reason  for  this  behavior  [6,7].  More  investigations  need  to  be 
done  to  understand  this  hardening  response  of  the  j3-processed  specimens. 

SHT  temperatures  120  oc  below  T^  (Fig.  4(a)  also  have  an  age  hardening 

response,  but  less  pronounced,  as  a  result  of  the  lower  volume  fraction  of  remaining 
matrix. 


For  an  age  hardening  effect,  the  content  uf  ^stabilizing  elements  is  important  and 
thus  not  readily  observed  in  Ti-24-11,  if  only  cooling  rates  below  120  K/s  are 
considered  [3].  The  higher  content  of  ^stabilizing  elements  in  Ti-25-1 0-3-1  slows 
down  transformation  kinetics,  allowing  increased  processing  flexibility  and 
microstructural  control  [8].  The  major  advantage  of  the  more  highly  p  stabilized 
Ti-25-1 0-3-1  alloy  is  that  cooling  rates  down  to  9  K/s  (AC)  produce  a  large  volume 
fraction  of  supersaturated  B2.  Subsequent  aging  treatments  lead  to  O  phase/a2 
precipitation  at  a  very  high  driving  force  resulting  in  a  fine  microstructure  [3,9,1 1). 
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Increasing  the  deformation  degree  from  76%  to  93%  improves  the  room 
temperature  yield  and  ultimate  tensile  strength  by  about  5%,  i.e.  from 
1400/1640  MPa  to  1460/1725  MPa.  In  spite  of  these  high  strength  values,  fracture 
elongation  was  in  the  range  of  3%  due  to  the  fine  microstructure  after  sub-transus 
SHT  {Tp  -  200C)  (Eiai_2(c)).  First  investigations  on  the  crystallographic  orientation 

showed  that  a  pronounced  <10l  1>  fibre  texture  is  formed  during  thermomechanical 
processing,  which  might  contribute  to  these  high  strength  levels.  Further  work  is  in 
progress  to  get  more  insight  into  the  influence  of  texture  on  strength. 

Stability  of  the  Microstructurex 

Fig.  5  shows  the  hardness  values  of  the  fine  bi-modal  a2+P  processed 
microstructure  (Fig.  2fc11  and  the  coarse  p  processed  structure  (Fig.  2(e)h  All 
specimens  were  first  aged  at  7000C/6h  and  afterwards  further  aged  at  lower 
temperatures  ranging  from  55(PC  to  6500C.  As  already  observed,  the  coarse  j3 
processed  material  is  more  stable  than  the  fine  bi-modal  stmcture  IFig .  4fbh  4(c)). 
The  hardness  level  of  the  stable  microstructure  is  reached  in  the  bi-modal  structure 
after  an  aging  time  of  about  500h.  However,  at  temperatures  up  to  6000C  this  high 
strength  microstructure  seems  to  be  fairly  stable  fFig.  51. 

Mechanical  Properties  at  Elevated  Temperatures 

In  Fig.  6  the  specific  ultimate  tensile  strength  of  Ti-25-10-3-1  is  compared  with  the 
most  common  Ni  base  alloys,  the  latest  near  alpha  alloys  (IMI  834,  Ti-1100),  the 
new  y-TiAl  alloys  represented  by  Ti-48AI-2Cr-2Nb  and  the  as  received  material 
(AR).  The  cross  hatched  region  contains  all  strength  values  found  for  Ti-25-10-3-1 
in  the  literature.  In  the  temperature  range  up  to  6500C  Ti-25-10-3-1  possesses  the 
highest  strength  potential,  after  optimizing  the  microstructure  by  TMT  as  shown  in 
this  investigation.  However,  the  major  drawback  of  Ti-25-K  3-1  is  its  behavior  in  a 
oxidizing  environment.  Altough  the  oxidation  rates  of  lis  alloy  is  improved 
compared  to  conventional  alloys,  it  is  much  more  sensi.  e  to  an  environmentally 
embrittled  surface  due  to  its  lower  capability  for  damage  lolerance  (Fig.  Ifbll  [10). 
Fig.  I(b1  shows  the  typical  tensile  failure  behavior  of  Ti-25-10-3-1  at  elevated 
temperatures  due  to  circumferencial  surface  cracking.  Fracture  propagates  across 
the  specimen  normal  to  the  loading  direction.  Thus,  a  protective  coating  would 
probably  need  to  be  found  for  service  temperatures  above  6000C. 

Conclusions 


1.  Microstructural  optimization  enables  strength  values  in  Ti-25-10-3-1  which 
are  among  the  highest  reported  for  titanium  base  alloys. 

2.  A  marked  age  hardening  effect  can  be  observed  in  Ti-25-10-3-1  after  cooling 
rates  from  solution  heat  treatment  down  to  at  least  9K/s.  Therefore 
microstructural  control  and  processing  flexibility  is  ehanced  in  this  alloy  as 
compared  to  Ti-24-1 1 . 

3.  A  pronounced  <10ll>  fibre  texture  is  formed  during  thermomechanical 
treatment. 

4.  The  fine  bi-modal  microstructure  with  the  high  strength  values  and 
reasonable  ductility  seems  to  be  fairly  stable  up  to  600°C. 

5.  The  equiaxed  microstructure  with  the  high  volume  fraction  of  primary 
(T^-1200C)  enables  fracture  elongations  up  to  10%  at  room  temperature. 

6.  Testing  at  elevated  temperatures  in  air  leads  to  predominant  surface 
cracking  in  Ti-25-10-3-1. 
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Figures 


(a)  SEM  micrograph  of  cracks  in  the  microstructure  from  Fig.  2a  at  RT, 

(b)  SEM  micrograph  of  surface  cracking  in  the  microstructure  from 
Fig.  2c  at  650  “C. 
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Fig,  5:  The  effect  of  long-term  aging  on  room  temperature  Vicker's  hardness 

for  the  /3  {T^+20  OC)  and  02+/?  (T^-20  OC)  processed  microstructures. 
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Specific  yield  strength  values 
of  TMT  Ti-25- 10-3-1  as  a 
function  of  temperature  in 
comparison  to  the  as  received 
material  (AR),  near  alpha 
alloys  (IMI  834,  Ti-1100), 

I'-TiAl  alloys  (Ti-48-2-2)  and  Ni 
based  alloys  (IN  718.  IN  100). 
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THE  ROLE  OF  HYDROGEN  IN  CYCUC  AND  DWELL  SENSITIVE  FATIGUE 


OF  A  NEAR  ALPHA  TITANIUM  ALLOY 

WJ.  Evans  and  M.R.  Bache 

I.R.C.  in  Materials  for  High  Perfonnance  Applications, 
University  College  of  Swansea,  U.K.,  SA2  8PP 


Abstract 

The  paper  demonstrates  that  hydrogen  plays  a  agnificant  role  in  the  deformation  and  failure 
mechanisms  in  the  titanium  alloy  IMI685.  This  role  is  cortqtlex  and  affects  basketweave  and 
aligned  variants  of  the  alloy  to  differing  degrees.  Strain>time  records  illustrate  that  hydrogen 
acts  as  a  strengthening  element  upto  concentrations  around  60ppm.  At  higher  levels,  ^though 
strength  is  maintained  premature  failure  occurs.  Fractographic  evidence  is  presented  that 
suggests  this  reduction  in  fatigue  life  could  be  associated  with  the  formation  of  brittle  hydrides. 


Introduction 

Titanium  alloys  are  used  in  engineering  applications  where  a  high  qiecific  strength  is  of 
paramount  importance.  A  major  factor  in  their  popularity  has  been  the  development  of  the  high 
strength  near  alpha  compositions.  These  offer  good  creep  properties  due  to  solid  solution 
strengthening  arid  to  a  coarse  grain,  Widnumstatten  or  ba^etweave  microstructure  produced 
by  the  processing  route.  However,  for  thick  sections  where  the  cooling  rate  through  the  beta 
transus  is  not  sufficiently  high  the  alpha  phase  can  develop  an  aligned  rixirphology  with  a 
consequential  adverse  effect  on  mechanical  properties. 

A  further  imiblem  that  has  taxed  engineen  in  recent  years  is  the  fact  that  the  near  alpha  alloys 
are  sensitive  to  periods  of  dwell  at  peak  stress  during  fatigue  loading  at  near  ambient 
temperatures.  This  phenomenon  is  addressed  in  a  separate  paper  to  be  presented  to  this 
conference.  Previous  workers  have  suggested  that  hydrogen  may  play  a  critical  role  in  the  dwell 
fatigue  behaviour  but  to  date  this  has  not  been  clearly  established  and  the  level  of  understanding 
of  initiation  and  growth  of  cracks  in  these  alloys  is  s^l  a  matter  of  some  debate.  This  paper  will 
focus  on  the  role  of  hydrogen  during  a  controlled  study  of  dwell  sensitive  fatigue  in  IMI68S 
(TitiAl  5ZrO.5MoO.2Si ). 
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EKDerinwntal  Methods 

The  alloy  was  modified  using  a  vacuuin/hydrogenation  technique  to  provide  three  classes  of 
material  based  on  their  hydrogen  content;  "low  hydrogen”  material  with  a  content  of  20ppm 
hydrogen,  ”a$  received"  at  60ppm  and  "high  hydrogen"  which  encompassed  concentrations 
between  100  and  27Sppm.  A  test  matrix  was  dedgned  to  explore  the  effects  of  cyclic  and  dwell 
loading  on  basketweave  and  aligned  microstructures  under  uniaxial  tension  or  torsion  loading. 
The  respective  cyclic  and  dwell  waveforms  both  consisted  of  a  2  second  rise  and  M  time 
between  minimum  and  maximum  load,  vdth  either  a  1  second  or  120  second  dwell  at  peak  load. 
An  R  ratio  of  0.1  was  used  for  all  testing.  In  addition  to  noting  the  life  to  failure  each  fatigue 
test  was  fully  monitored  to  produce  strain-time  records.  All  specimens  were  examined  by 
optical  and  scanning  election  microscopy  to  provide  information  concerning  the  mechanisms  of 
failure  in  the  various  materials. 

Full  details  of  specimen,  pull  rod  and  extensometer  design  plus  other  experimental  techniques 
ate  awaiting  publication  [  1  ]. 


Results 


Stress  dependence 

The  effects  of  hydrogen  concentration  on  fatigue  life  are  dennonstrated  by  the  S-N  curves 
represented  in  Figures  1  to  4. 

Figures  1  and  2  relate  to  tests  on  material  in  the  basketweave  condition.  For  comparison 
purposes,  each  graph  contains  a  least  squares  best  fit  line  from  cyclic  tension  aixl  torsion  tests 
on  basketweave  material  with  a  hydrogen  content  of  60ppm  [2].  Figure  1  illustrates  cyclic  and 
dwell,  tension  and  torsion  lives  for  low  hydrogen  material.  It  is  noted  that  the  reduction  in 
hydrogen  from  60ppm  to  approximately  20ppm  has  had  minimal  effect  on  cyclic  life  but  a 
significant  effect  on  dwell  lives  under  tensile  loading.  The  effects  of  high  hydrogen  on 
basketweave  material  are  summarised  in  Bguie  2.  A  marked  reduction  in  life  for  the  dwell 
tension  tests  compared  to  the  60ppm  data  is  clearly  apparent 


Figure  1  -  Low  hydrogen  tests  compared  to  the  best  fit  line  from  60ppm  basketweave  material. 
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Log(iO)  Cycles  to  failure 

Figure  2  •  High  hydrogen  tests  compared  to  the  best  line  fit  for  60ppm  basketweave  materiaL 

Figures  3  and  4  are  the  coiresponding  data  for  the  aligned  miciostructure.  The  solid  line  is  the 
best  fit  for  cyclic  torsion  and  cyclic  tension  tests  in  60ppm  aligned  material  [2).  (  The  cyclic 
tension  data  were  obtained  on  solid  rather  than  tubular  specimens  because,  in  the  aligned 
material,  they  produced  more  reliable  tensile  life  data  due  to  the  relatively  large  grainsize 
compared  with  the  thin  wall  tubular  testpieces ).  A  reduction  m  life  is  apparent  in  Figure  3  for 
low  hydrogen  material  under  cyclic  and  dwell  tension.  The  dwell  torsion  results  also  disiday  a 
life  reduction  at  the  higher  stress  levels. 

Figure  4  combines  all  high  hydrogen  data  for  the  aligned  condition.  Under  cyclic  tension  lives 
fall  below  the  60ppm  trend  by  approumately  one  order  of  magnitude.  However,  even  more 
dramatic  de  -eases  in  life  are  obsmed  for  dwell  tension.  Topically  the  reduction  is  greater  than 
two  orders  of  magnitude.  Repeat  tests  at  a  single  stress  level  reinforce  the  validity  of  this  result 
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Rgure  3  -  Low  hydrogen  tests  and  best  fit  line  from  cyclic  data  on  60ppm  aligned  materiaL 
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Figure  4  -  Higji  hydrogen  tests  and  best  fit  line  for  cyclic  data  on  60ppai  «ligni^  materiaL 


Strain-rime  behaviour 

The  role  of  hydrogen  on  bulk  defonnarion  is  cleariy  demonstrated  ly  strain-rime  curves  fixxn 
inffividual  tests.  Figure  5.  For  a  given  stress  and  microstnicture.  low  hydrogen  tests  di^y 
lively  high  strain  accumulation  compared  to  riOppm  materiaL  The  latter  has  a  longer  rime  to 
figure  at  a  lower  rate  of  strain  accumulation.  hydrogen  levels  of  lOOppm  or  greater 
virtually  superimpose  on  the  early  stage  of  the  60ppm  curve  but  then  suffer  premature  fiailute. 
This  trend  was  noted  under  tension  and  torsion  fat  both  cyclic  and  dwell  Varfing  It 
that  hydrogen  strengthens  the  alloy  up  to  a  certain  concentration  ( around  60ppm )  but  further 
additions  then  lead  to  a  brittle  reiqionse. 


Rgure  5  -  Strain-rime  records  for  the  aligned  microstructure  under  cyclic  tension  at  TSOMPa. 


Fractomphic  audv 


The  strain-tinie  response  shows  a  transition  from  relatively  ductile  to  viitually  brittle  behaviour 
with  increasing  hydrogen  concentration.  These  changes  were  associated  with  characteristic 
features  on  the  fracture  surfaces.  The  diHaences  were  particulariy  well  defined  on  failures  in 
the  aligned  microsoucture.  At  low  hydrogen  levels  there  was  considerable  evidence  of  slip 
bonds  on  internal  and  external  gauge  surfaces  in  regions  close  to  and  well  away  from  the  main 
fracture.  Under  tension,  the  fracture  surfaces  themselves  had  a  specific  "rooftop"  form  strongly 
suggesting  that  shear  on  planes  at  ±45°  to  the  tensile  axis  had  been  instrumental  in  this 
formation,  Figure  6.  At  tiOiqim,  rooftop  failures  were  again  apparent  at  the  highest  stress  levels. 
However,  at  lower  stresses  it  was  apparent  that  both  cyclic  arid  dwell  fractures  had  initiated  at 
large  facets  which  were  orientated  approxittuuely  perpeixiicular  to  the  tensile  axis. 


Figure  6  •  "Rooftop"  fracture  in  low  hydrogen,  aligned  material  under  cyclic  tension,  TSOMPa. 

The  high  hydrogen  failures  had  a  particularly  distinctive  fonn  which  was  totally  different  from 
the  other  Iwels  studied.  A  typical  exan^le  from  a  tensile  test  on  aligned  material  is  shown  in 
Figure  7.  The  fracture  has  a  marked  step  and  plateau  sequence.  The  steps  appear  to  be 
comprised  of  a  stack  of  planar  features.  S^nda^  cracking  occurs  at  the  foot  of  steps  and 
along  the  interfaces  witl^  the  stacked  plates.  Nelson  [3]  has  proposed  models  to  explain 
cracking  in  similar  titanium  alloys  exposed  to  hydrogen  gas  atmosphere.  He  was  able  to  show 
that  there  was  a  preference  for  cracking  along  alpha/beta  phase  boundaries.  In  the  present 
example,  this  type  of  cracking  can  be  related  to  the  plateaux  and  interface  undercuts.  Other 
similatities  with  the  fractures  reponed  by  Nelsmi  were  also  noted.  In  particular,  a  terraced 
appearaiKe  was  observed  when  viewing  vertically  downwards  onto  the  plateaux  regions.  Figure 
8.  This  exanqtle  was  found  on  a  torsion  fracture  surface  that  had  developed  perpendicular  to 
the  maximum  principal  stress  (  mode  I ).  It  has  been  suggested  [3]  that  these  features  may  be 
the  result  of  brittle  hydrides  formed  by  the  migratimt  of  hydrogen  along  alpha/beta  boundaries 
under  the  influence  of  a  tensile  stress. 
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Figure  7  -  Characteristic  form  of  fracture  for  high  hydrogen  material. 


Figure  8  -  Plan  view  of  alpha  /  beta  interface  plateau. 


Diaaiasipu 

The  results  demonstrate  that  hydrogen  plays  a  significant  role  in  both  deformation  and  failure 
mechanisms  for  this  near  alpha  titanium  alloy.  However,  this  role  is  complex  and  affects  aligned 
and  basketweave  microstructures  to  different  degrees.  Results  from  specimens  that  have 
initially  been  degassed  but  subsequently  recharged  to  give  hydrogen  levels  around  60ppm 
support  the  view  that  the  optimum  mechanical  behaviour  seen  during  this  investigation  is  solely 
a  function  of  hydrogen  concentration. 

In  terms  of  bulk  defoimation.  the  hydrogen  acts  as  a  strengthening  element  It  reduces  the  rate 
of  strain  accumulation  and  improves  fatigue  lives  for  concentrations  upto  60ppm.  At  higher 
hydrogen  levels,  however,  the  strength  is  maintained  but  there  is  a  marked  reduction  in  ductility 
and  fatigue  life.  Fractographic  evidence  shows  that  these  high  hydrogen  failures  are  dominated 
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by  tensile  stress  under  tension  or  torsion  loading  with  the  cracks  following  alpha/beta  interface 
planes.  Features  that  might  imply  the  formation  of  brittle  hydrides  are  apparent  on  these  planes. 
In  fact,  there  are  remarkable  similaiides  between  these  failures  and  those  for  titanium  alloys 
tested  in  gaseous  hydrogen  environments  [3]. 

At  lower  hydrogen  concentrations,  two  distinctive  forms  of  fracture  occured.  At  high  stress, 
shear  dominated  failures  are  observed  under  both  tension  and  torsion  loading.  The  tendency 
towards  shear  related  failures  is  greatest  for  the  lowest  hydrogen  concentration.  At  lower 
stresses,  crack  initiation  is  associated  with  quasi-cleavage  facet  formation.  These  facets  are 
orientated  perpendicular  to  the  dominant  tensile  stress.  Previous  work  has  shown  that  the  facets 
have  a  ba^  plane  orientation  [4].  The  formation  of  the  facets  has  been  attributed  to  stress 
redistribution  associated  with  time  dependent  strain  accumulation,  such  as  that  illustrated  in 
Figure  S.  It  is  likely  that  the  reduced  rate  of  strain  accumulation  at  60ppm  contributes  to  the 
greater  occurrence  of  this  nude  of  failure  at  that  hydrogen  level. 


Conclusions 

1.  Hydrogen  in  the  titanium  alloy  IMI68S  plays  a  vital  role  with  regards  to  fatigue  response. 

2.  Hydrogen  is  a  strengthening  element,  improving  cyclic  and  dwell  lives  up  to  a  concentration 
of  60ppm.  At  higher  levels,  although  strength  is  maintained,  there  is  a  reduction  in  ductility. 

3.  Features  have  been  highlighted,  that  may  result  from  the  formation  of  brittle  hydrides  ahead 
of  the  tip  of  the  advancing  fatigue  crack. 

4.  The  combination  of  tensile  dwell  loading  and  high  hydrogen  content  leads  to  significantly 
short  fatigue  lives  particularly  in  material  with  an  aligned  microstructure. 
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Abetract 

Pure  Ti  and  Ti6A14V  alloy  have  been  often  atudied  and  there  are  many  reports 
in  the  literature  related  to  aspects  of  plastic  deformation  of  these 
materials.  Most  published  results  are  concerned  with  the  relation  between  a 
given  stress  at  constant  strain  and  the  hot  deformation  variables.  Modeling  of 
full  stress-strain  curves  is  rarely  reported.  However,  knowledge  of  mean 
stresses  during  deformations  is  Important  in  the  design  of  hot  forming 
processes. 

This  work  analyses  constitutive  equations  suitable  to  describe  the 
relationship  between  stresses  and  strains  at  a  given  value  of  deformation.  The 
e]Q>resslons  are  then  used  in  a  published  model  to  simulate  stress-strain 
curves  to  equivalent  strains  up  to  approximately  0.8.  The  calculations  are 
performed  for  hot  deformed  o  and  fJfSi  as  well  as  014/}  T16A14V.  An  analysis  of 
the  microstructure  obtained  from  some  hot  deformed  samples  is  also  presented 
in  this  p«per. 


Introduction 

Pure  Ti  and  Ti6A14V  alloy  have  been  frequently  studied  and  there  are  many 
reports  in  the  literature  re^a^ed  to  aispects  of  plastic  deformation  of  those 
materials.  Sargent  and  Ashby  ,  for  Instance,  have  assembled  a  deformation 
map  for  pure  a  and  fi  Ti  using  extensive  data  available  in  the  literature.  The 
map  Includes  possible  modes  of  deformation  for  a  wide  range  of  temperatures 
(from  73  to  1873K).  This  deformation  diagram  is  valuable  for  predictions  of 
Biechanlcal  behsvlor  of  Ti  as  a  whole.  However,  it  is  somewhat  theoretical  in 
nature  since  all  information  was  based  in  reports  of  the  literature.  Moreover, 
many  interpolations  had  to  be  made  in  order  to  construct  the  map  fully. 

Several  studies  have  also  been  concerned  with  the  behavior  of  the  stress  at  a 
particular  strain  during  hot  deformation.  Most  frequently  the  stress  is 
related  to  ordinary  hot  processing  variables.  This  is  the  case  of  Olkawa  et 

al.  idto  have  investigated  the  deformation  characteristics  of  coarse  grained 
^1  in  the  steady  state.  They  found  that  the  steady  state  stress  is  related  ^ 
the  strain  through  an  equation  of  the  Dora  type.  Later,  Oikawa  et  al. 
extended  their  findings  to  cover  oTl-Al  alloys.  However,  their  equations  can 
not  be  used  directly  to  simulate  full  stress-strain  curves.  A  similar  approach 
has  also  been  taken  by  Sheppard  and  Nor ley  ,  that  is,  they  reported  a 
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d(>pendBnce  of  the  peak  torque  from  torsion  testing  as  a  function  of  the 
teaperature  for  Ti6A14V.  They  also  studied  in  detail  the  microstructures 
obtained  from  the  deformed  samples.  No  mention  was  made,  however,  to  full 
simulation  of  the  stress-strain  curves. 

The  knowledge  of  mean  stress  during  deformation  is  important  in  the  design  of 
hot  forming  processes.  Nonetheless,  few  works  have  reported  equations  which 
are  useful  for  load  calculations,  pae|^^design  or  schedule  optimization.  This 
is  not  the  case  of  Yamamoto  and  Ouchi  .  They  employed  empirical  equations  to 
predict  mean  stresses  of  Ti  and  Ti6A14V.  Nonetheless,  thei.'  relationships  are 
apparently  not  based  on  any  fundamental  concept  but  rather  on  regression 
analysis  to  obtain  their  coefficients.  Another  group  of  researchers  did 
simulate  the  stress-strain  curves  for  Ti  with  several  degrees  of  purity.  The 
authors  analyzed  c«Ti  deformed  in  the  range  of  873  to  1123K  (600  to  850“c)^^The 
strain  rates  used  in  their  experiments  were  in  the  range  of  2  to  IbOs  and 
they  complement  the  results  obtained  in  the  present  work  as  will  be  seen 
later. 

This  work  analyses  constitutive  equations  suitable  describe  the 
relationship  between  stresses  and  strains  at^a  given  value  of  deformation.  The 
expressions  are  then  used  in  Sellars'  model  to  simulate  stress-strain  curves 
to  equivalent  strains  up  to  approximately  0.8.  The  calculations  are  performed 
for  hot  deformed  a  and  /7T1  as  well  as  Ti6A14V.  An  analysis  of  the 
microstrvicture  obtained  from  some  hot  deformed  samples  is  also  presented  in 
this  paper. 


tUterial 

The  materials  employed  here  were  a  commercially  pure  Ti  grade  2  according  to 
ASTM  B265-79  and  a  Ti6A14V.  Details  of  the  chemical  compositions  are  given  in 
Table  I.  Pure  Ti  presents  a  lamellar  ft  (bcc)  microstructure  jJiase  at 
temperatures  higher  than  1155K  {882°C).  Below  this  temperature,  an  d  (hep) 
phase  exists,  fn  the  case  of  Grade  2  Ti  however,  there  is  a  o  +  (?  dual  phase 
region  around  1165K  (882^0.  The  Ti6A14V,  on  the  other  hand,  is  an  oi  +  ft 
mixture  in  the  range  of  temperatures  studied  in  this  paper. 


Table  I  Oiemical  comf<j8ition8  of  the  alloys  used  in 
this  research.  All  numbers  given  in  weight%. 


Alloy 

Ti 

AI 

V  C 

Fe 

0 

H 

N 

Ti 

• 

b 

- 

-  0.04 

0.05 

0.16 

0.011 

0.03 

Ti6A14V 

« 

b 

5.8 

3.9  0.05 

0.13 

0.12 

0.008 

0.05 

•  b  =  balance 


Isothermal  CompreaaiQP  leating 

Isothermal  compression  testing  of  small  cylinders  was  used  to  characterize  the 
stress-strain  behavior,  (impression  specimens  were  5mm  in  diameter  and  7.6mm 
in  height.  Tests  were  carried  out  at  temj^ratures  ranging  from  1073  to  1223K 
(800  to  950°C)  with  intervals  of  25K  (25  C)  and  strain  rates  of  0.1,  1  and 
3e’  .  Tlie  strain  rates  were  kept  constant  during  compression.  The  specimens 
were  deformed  to  equivalent  strains  in  the  range  of  0.7  to  0.8  mostly.  Testing 
was  performed  in  a  servo-hydraulic  comjxiter  controlled  machine.  Samples  were 
always  heated  up  to  compression  temperature  being  homogenised  for  300s  before 
deformation  was  initiated.  ^  ^^2 
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Conatitutive  egUfttlQBa 

The  dependence  of  the  peak  stress  on  testing  temperature  is  shown  in  Figures 
(la-b)  for  Ti  and  T16A14V  respectively.  The  differences  in  stresses  at 
approximately  1123K  (900°C)  are  due  to  phase  transformation  in  Ti.  T16A14V  is 
a  *  ft  in  all  temperatures  tested,  therefore  there  is  no  sharp  Increase  of 
stress  as  observed  for  pure  Ti. 

The  analysis  of  the  stress-strain  curve^^yas  carried  out  using  constitutive 
equations  derived  by  Sellars  and  Tegart  .  Similar  treatment  to  stress-strain 
curves  of  a^  ft  Til5V3Cr3Sn3Al  has  also  been  recently  reported  in  the 
literature  .  The  constitutive  equations  can  be  written  as  follows 


^  =  A  FCc)  exp  (-Q/RT)  (1) 


where 

forms 

F(o-)  is  a  function  of  the  applied  stress  with 

the  following 

possible 

F(o>)  =  O’” 

if  o<o  < 

0.8 

=  exp  {ft  o) 

if  our  > 

1.2 

(2) 

-  [sinh  {a  O’)]" 

for  all 

values  of  o’ 

Here,  (3  =  a  n  and  when  a  o  <  O.B  equation 
law  and  be  re-written  as 

(1)  can  be  approximated  by 

a  power 

O'  =  B  i 

(3) 

The  constant  m,  the  strain  rate  sensitivity  coefficient,  is  related  to  the 
constant  n  as  m  =  1/n.  Therefore,  if  the  dependence  of  the  stress  at  a  given 
strain  on  both  strain  rate  and  temperature  is  known,  then  the  activation 
energy.  Q,  and  the  experimental  constants  a,  ft  and  n  can  be  evaluated.  Figure 
(2a)  and  (2b)  show  that  Ti6A14V  clearly  follows  equation  (2)  for  low  (a)  and 
high  stresses  (b)  A  similar  pattern  can  be  found  for  F«re  Ti.  Note  that  the 
experimental  data  depart  from  a  straight  line  at  a  value  of  our  of  about  1. 
Table  II  gives  details  of  all  experimental  constants  evaluated  in  the  present 
work. 


Table  II  Experimental  constants  evaluated  at  the  peak  stress 
for  Ti  and  Ti6A14V  according  to  equations  (1)  and  (2). 


Alloy 

Phases 

n 

a  (Mpa  * ) 

ft  (Mpa'*) 

Q  (kJ/mol) 

Ti 

ft 

4.9 

0.0480 

0.233 

179 

a 

5.2 

0.0104 

0.054 

346 

Ti6A14V 

a  +  ft 

3.7 

0.0083 

0.030 

588 

The  values  shown  in  Table  II  ^jg^rally  agree  with  the  ones  reported  in  the 
literature.  Reca  and  Libanati  have  reported  an  activation  energy  for  ft^i 
of  15.3kJ/mol.  On  the  other  hand,  Q  value  as  high  as  253kJ/mol  has  been 
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Ti6A14V,  Sheppard  and 


as  a  function  of  the 


(4) 


Figure  (3a)  shows  the 
dependence  of  In  (Z)  on  the  In  (sinh  (oc))  for  pure  Ti.  All  experimental  data 
can  be  reasonably  fit  by  a  straight  line  in  agreement  with  equation  (4). 
Similar  results  are  reported  for  Ti6A14V  alloys  as  shown  in  Figure  (3b).  The 
line  for  aTi  i^  Figure  (3a)  can  well  explain  the  present  data  as  well  those  of 
Senuma  et  al.  .  Table  III  shows  the  values  of  A  for  strains  of  0.05  (oo.os), 
peak  stress  (op)  and  steady  state  stress  (o*®). 

Siaulfl.tiQn  of  atreae-strain  curves 

Equations  described  so  far  relate  the  stress  at  a  given  strain  to  the 
Zener-Hollomon  parameter.  Relationships  connecting^ jtress  to  strain  are  now 
required.  In  this  work  a  model  proposed  by  Sellars  has  been  used.  Details  of 
the  model  are  shown  below. 

(5) 

(6) 

(7) 

(8) 


(9) 


Here  oo  is  the  stress  at  c  =  0.05  and  a,  k,  p  and  q  are  constants.  D,  D'  and 
C  are  a  function  of  Z  given  by  the  expressions 

D  —  Co 

D'  =  Cmm<o>  -  Cmm 

o=x 

0'as(*>  =  b  O'p 


(10) 

(11) 

(12) 

(13) 


c  =  Co  if  £  <  £c 

C  M  Co  -  Lc  if  £  >  £c. 
£c  =  a  £p 


O'*  ::  Oo  + 


Ao' 


1  -  exp  (  -C  c  ) 


1 

r  £  -  £C  ■ 

1 

exp  1 

1  «  J  J 

1 

reported  ‘  for  (TTi  alloyed  with  V.  In  the  case  of 
IJorley  have  reported  a  value  of  522kJ/mol. 

The  stress  at  a  given  strain  can  further  be  written 
Zener-Hollomon  parameter  (Z  -  i  exp  (Q/R  T))  as 

Z  =  A  ^  sinh  [  “  ]  j 

where  A  is  a  constant  which  depends  on  the  strain. 


In  the  case  of  Ti,  X  =  10  and  o'*  is  the  stress  at  strain  of  0.1.  Moreover, 
cmmto)  =  com  -  cp ,  which  means  that  Ao-  is  nil  since  there  no  dynamic 
recrystalllzation  visible  from  the  shape  of  the  stress-strain  curve.  For 
Ti6A14V  X  =  20  and  cx  is  the  stress  at  strain  of  0.05.  Additionally,  the 
constant  b  is  1.05  for  Ti6A14V.  Figures  (4a)  and  (4b)  show  a  comparison  of 
measured  and  predicted  stress-strain  curves.  The  agreement  between  theoretical 
and  experimental  curves  is  reasonable  regardless  of  testing  temperature. 

Microstructures  Studies 

Optical  and  transmission  electron  micrographs  of  various  sraclmens  are  shown 
in  Figures  (5-7).  With  cp-Ti  deformed  at  800*^0  with  0.1  s  because  of  the 
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Figure  6:  Optical  (6a)  and  TEK  (6b)  aicrographs  of  cp-Tl,  deformed  at  goO^C;  c 
=  O.le  . 
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Figure  7:  Optical  (7a)  and  TKM  (7b)  micrographs  of  Ti6A14V,  deformed  at  980°C; 
t  ~  0.1s“. 


high  degree  of  deformation  lengthened  and  elongated  grains  perpendicular  to 
the  deformation  direction  are  observed  (Figure  5a).  According  to  their 
different  color  in  polarized  light  the  grains  have  different  orientations.  An 
extensive  dislocation  activity  leading  to  a  high  density  occurs  (Figure  5b). 
In  contrast  the  sample  deformed  in  (l-p-hase  field  at  900  C  with  0.1  s  shows 
the  typ'lcal  microstructure  of  transformed  ft-ph&ee  without  the  elongation  of 
the  grains  (fig.  6a)  in  a  preferred  direction.  The  dislocation  density  is  less 
and  subgrain  formation  because  of  dynamic  recovery can  be  observed  (Figure 
6b).  The  microstructure  of  Ti6A14V  deformed  at  950  C  with  0.1  s  shows  an 
amount  of  about  50%  a-  and  50%  transformed  /7-phase  according  to  the 
temperature  of  deformation.  Deformation  was  not  homogeneously  distributed 
among  the  phases.  This  is  the  reason  of  the  lower  yield  stress  of  the  (l-phase, 
which  was  highly  deformed  while  a-phase  was  only  slightly  work  hardened 
(Figure  7a).  Nevertheless,  both  dynamic  recrystallization  and  dynamic  recovery 
occur  (Figure  7b). 


Table  III  Experimental  constants  evaluated  for  Ti  and  Ti6A14V 
according  to  equation  (4)  at  peak.  sp.  and  steady  state  strains. 


r*  is  the 

strain 

of  0. 10  for  Ti 

and  0.05  for  Ti6A14V. 

Alloy 

Phases 

i'X 

ln(A)  n 

Strains 

ep 

ln(A)  n 

ln(A)  n 

Ti 

ft 

17.6  4.82 

16.6  3.68 

16.6  3.68 

a 

39.4  4.82 

,38.5  3.87 

38 .5  3 . 87 

Ti6A14V 

a  *  ft 

60.5  3.26 

58.3  3.67 

59,3  4.56 

1  Stress  at  a  given  strain  can  be  related  to  Z  by  equation  (4). 

(:  Flow  curves  r.f  ci  and  /<  Ti  as  well  as  a  j-  /7  Ti6A14V  can  be  simulated  by 
equations  ffi)  to  (13). 
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ABSTRACT 

An  investigation  was  conducted  to  exaiine  the  effect  of  boron  and  ceriua 
addition  on  the  aechanical  properties  of  a  nev  high  teiperature  titaniua 
alloy.  Hany  kinds  of  advanced  technology  were  used  for  study  of  the  creep 
strengthening  lechanisa. 

The  results  shoved  that  licro-alloying  vith  boron  and  ceriui  can  extend 
greatly  the  creep  life.The  creep  strengthening  aechanisis  are  that  distribution 
of  Al,  Mo  and  Nb  eleients  in  a  phase  and  N  phase  is  favorable  to  solid 
solution  strengthening,  that  the  s^regation  of  boron  and  ceriui  at  phase 
boundaries  strengthens  thei  and  that  the  interface  phase  lay  be  an  obstacle  to 
the  Kveient  of  dislocation. 

INTRODUCTION 

Several  countries  have  developed  a  near  a  type  of  titaniua  alloy  systei 
(Ti-Al-Sn-Zr-Mo-Nb),  vhich  is  used  at  elevated  teiperature  5001!.  Based  on  the 
coiposition  of  alloy  Ti-6.5Al-2.2Sn-l.Sr-2.0Ho-2.2Nb-0.2Si,  a  series  of  alloys 
vas  developed  at  the  Shanghai  Iron  and  Steel  Research  Institute  over  the  past 
ten  years.The  alloys  7715A  and  7715B  have  been  used  at  500'C  for  casting  and 
forging  respectively.  Recently,  forging  7715C  alloy  vith  boron  and  ceriui  has 
successfully  passed  a  siaulation  test  for  a  nev  type  of  plane  at  500’C 
and  540'C  for  200hr. 

The  beneficial  effects  of  licroaddition  of  eleients  on  the  lechanical 
behavior  of  titaniua  alloys  have  been  reported  in  previous  vork[l-3]  the 
addition  of  B  in  cast  or  velded  foris  of  titaniui  alloys  caused  the  refineient 
of  grain  and  hoiogenization  of  structure  but  daiaged  the  iapact  toughness [4-6]. 
The  creep  properties  of  castings  can  be  iaproved  by  the  addition  of  Ce,  vhich 
resulted  froi  stabilization  of  the  dislocation  substructure  and  strengthening 
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of  the  grain  boundary.  Hovever.  there  has  been  no  concern  about  the  effects  of 
coibined  additions  of  B  and  Ce  on  forged  titaniua  alloys. 

In  the  present  investigation,  the  effects  of  coibined  additions  of  B  and  Ce 
on  the  creep  behaviour  of  a  high  teaperature  titaniua  alloy  are  investigated. 

EXPERIliEliTAL  PROCEDURE 

The  coapositions  of  the  four  alloys  used  in  this  investigation  are  given  in 
Table  l.The  alloys  were  vacuua  aelted  by  the  self-consuaable  electrode  process. 
The  ingots  vere  forged  to  <h40n  bars  and  then  rolled  to  4>I9aa  rods.  Under  the 
saae  condition  of  heat  treataent  (d80‘C/lh  A.  C.  +  560‘C/2h  A.  C.)  the  four 
alloys  have  siailar  globular  alpha  structures. 

The  creep  rupture  tiae  vas  aeasured  at  constant- load  at  540 1. 

The  Interfacial  segregation  and  distribution  of  eleients  in  alloys  vere 
analysed  using  both  Auger  Electron  Spectroscopy  (AES)  and  Electron  Probe 
liicroanalysis(EP)l).  Scanning  and  Transaission  Electron  Microscopy  vere  used 
to  observe  the  fracture  surfaces  and  aicrostructures  respectively. 

Table.  1  Coapositions  of  alloys  investigated  (vtX) 


ALLOY 

A 

B 

C 

D 

A1 

6.05 

6.54 

6.61 

6.64 

Sn 

2.17 

2.23 

2.17 

2.29 

Zr 

1.27 

1.22 

1.20 

1.25 

Ho 

2.07 

2.07 

2.00 

2.10 

Mb 

2.32 

2.32 

2.30 

2.24 

Si 

0.15 

0.14 

0.19 

0.20 

Ce 

- 

- 

0.066 

0.068 

B 

_ 

0.004 

0.006 

RESULTS 

1.  Creep  properties 

Table  2  shovs  the  creep  rupture  tiaes  of  four  alloys  under  the  five  stress 
levels  respectively.  The  changes  in  the  creep  rupture  tiae  on  B  or  Ce  addition 
are  not  noticeable,  but  the  coibined  additions  of  B  and  Ce  significantly 
increased  the  creep  rupture  tiae  by  approxiaately  IDS,  136!{,  132.1{,  177.7S  and 
137. 5X  for  stress  levels  of  530MP3,  SOONPa,  470liPa,  440MPa  and  410liPa, 
respectively.  This  iiproveient  resulted  froi  both  the  reduction  of  steady  state 
creep  rate  and  the  extension  of  the  third  stage  of  creep  (shovn  in  Fig.  1). 
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Table.  2  Creep  rupture  tin . 


ALLOY 

530 

500 

470 

440 

410(NPa) 

A 

60 

117 

140 

259 

400 

B 

56 

156 

244 

331 

401 

C 

30 

92 

155 

228 

282 

D 

66 

277 

325 

564 

950 

Figxjre  1 

Creep  curves  of  alloy* 


2.  Interfacial  segregation  of  B  and  Ce 


Fig.  2  shows  that  the  relative  Ce  level  deteriined  using  EPMA  (beai  size 
isl-2padia.)  is  significantly  higher  at  the  u^p/o  interface  cowared 
with  the  latrix.  The  Ce  enrichMnt  at  the  fracture  surface,  suggested  to  be 
a«B/o  interface,  was  deteriined  also  using  AES  analysis.  The  higher  Ce  peak 
in  the  spectrui  is  shown  in  Fig.  3.  Ibe  relative  content  and  thickness  of  Ce 
segregation  in  two  alloys,  one  without  B,  and  one  with  B,  are  shown  in  Fig.  4, 
which  illustrates  that  the  B  addition  prowted  the  Ce  segregation. 
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Figure  2 

Relative  Ce  concentra¬ 
tion  determined  by  EPMA, 
showing  +  /  interface 

Ce  segregation. 
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Figure  h 

Relation  Ce  content  vs, 
sputtering  time  detemined 
by  AES. 


The  exaiination  of  B  segregation  is  difficult  to  deteraine  due  to  the 
interference  froa  the  carbon  peak  in  the  AES  analysis.  Ve  coapared  the  AESt^O 
spectrua  (Fig.  5a)  vith  AES  t=30s  spectrua  (Fig.  5b)  The  B  peak  vas  not  seen 
in  the  foraer  but  clearly  appeared  in  the  latter.  It  is  evident  that  the  B  also 
has  a  propensity  to  segregate  at  the  interface  boundary. 
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3.  The  distribution  of  Al,  Ho  and  Nb 

The  aaounts  of  Al,  Ho  and  Nb  eleaents  in  the  a  or  p  phase  vere  deterained 
quantitatively  using  the  wavelength  dispersion  analysis  of  the  EPHA  (Table  3). 
The  addition  of  B  shovs  a  trend  to  increase  the  aaounts  of  Ho  and  Nb  in  B 
phase  and  Al  in  the  a  phase.  This  trend  vas  aeasured  in  the  alloy  D. 

Table.  3  The  Contents  of  eleaents  in  a  and  B  phase  (vtS) 


4.  Interface  phase  (IFP) 

Ve  exaiined  several  thin  foils  froi  the  four  alloys,  vhich  were  prepared  by 
electro thinning  or  ion-iilling.  The  TEN  study  shoved  that  IFP  appeared  in  soae 
a/p  boundaries  of  alloy  D(Fig.  6)  vhile  all  of  a/P  boundaries  of  the  other 
alloys  were  free  froi  IFP. 


Figure  6 


DF  micrograph  of  alloy  D. 
thin  layer  of  IFi-  at  a/p 


I'lote  the 
boundaries. 


DISCOSSION 

The  exaiination  of  the  foriation  process  of  a  creep  crack  is  shown  in  Fig.7. 
ifhen  alloy  A  got  to  the  end  of  the  secondary  stage  of  creep,  voids  foried  at 
sole  phase  boundaries  and  latrices  (Fig.  7b).  As  creep  continued,  the  voids 
coibined  to  fori  the  creep  crack  (Fig.  7c),  then  the  growth  of  the  crack 
resulted  in  rupture  (Fig.  7d).  Therefore,  it  is  proposed  that  the  increase  of 
creep  rupture  tiie  in  alloy  D  can  be  attributed  to  the  strengthening  of  the 
phase  boundary  due  to  the  segregation  of  B  and  Ce,  as  can  be  seen  when 
coiparing  the  fractography  of  the  creep  speciien  for  alloy  A  and  alloy  D 
(Fig.  8).  It  is  clearly  shown  that  the  patterns  of  creep  fracture  were  changed 
froi  partially  transgranular  in  alloy  A  to  coipletely  transgranular  in  alloy  D. 

At  strain  rates  above  1.4xl0-9s-l,  creep  in  the  o  titaniui  alloy  is 
probably  controlled  by  the  rate  at  vhich  extended  screw  dislocation  on  basal 
planes  can  cross-slip  onto  prisiatic  or  pyraiidal  planes[7].  Others  reported 
that  the  a  titaniui  alloy  was  strengthened  by  A1  segregating  to  the  stacking 
faults  between  partial  dislocation  and  then  the  cross-slip  of  dislocation 
was  iapeded[8].  Because  Ho  and  Nb  are  B  stabilizing  eleients,  the  increase  in 
the  aiount  of  Ho  and  Nb  will  lake  the  B  phase  lore  stable  and  will  add 
strengthening.  It  is  suggested  that  the  solution  strengthening  resulted  froi 
the  increase  in  the  aiount  of  A1  in  the  a  phase.  The  aiount  of  Ho  and  Nb  in 
the  B  phase  was  due  to  the  lultialloying  of  B  and  Ce  and  lay  have  contributed 
to  the  decrease  of  steady  creep  rate. 
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In  addition,  coaparing  the  boundaries  of  alloy  C  without  IFP  and  alloy  D 
with  IF?  (Pig.  9  and  10)  after  cre^,  we  see  that  the  interface  phase  ny 
be  an  obstacle  to  the  aoveieot  of  dislocations. 


Figure  9  Flgtire  10 

TEM  photograph  of  alloy  C.  TEM  photograph  of  alloy  D. 


CONaUSIONS 

The  fol loving  conclusions  can  be  drawn  froa  the  results  of  the  present 
investigation. 

1.  Hicroalloying  of  boron  and  ceriua  is  proved  to  be  an  efficient 
strengthening  aethod  for  the  titaniua  alloy  Ti-6.5Al-2.2Sn-l.2Zr-2.0lio-2.2llb 
-0.2Si,  especially  for  increasing  the  creep  strength. 

2.  Boron  and  ceriua  have  a  high  propensity  to  segregate  to  the  u+p/a 
interface,  and  also  to  change  the  distribution  of  Al,  Ho  and  Mb  eleaents  in  the 
u  phase  and  P phase.  Vhen  both  boron  and  Ceriua  are  added  to  one  alloy,  the 
trend  will  becoae  stronger. 

3.  It  is  proposed  that  the  increase  of  creep  rupture  life  is  aainly 
due  to  the  a  *  P  /  a  interface  strengthening,  solution  strengthening  of  the 
aatrix  and  dislocation  obstruction  by  the  interface  phase. 
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SOME  FACTORS  AFFECTING  THE  CREEP  PROPERTIES  OF  Ti  6242 


K.E.  Thiehsen  and  M.E.  Kassner 
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Corvallis.  OR  97331-5001  USA 

D.R.  Hiatt  and  B.M.  Bristow 
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High  temperature  tensile  creep  tests  were  performed  on  H  6242  0.1wt%  Si  at  510°C  and  an 
applied  stress  of  241  MPa.  As  the  accumulated  plastic  strains,  even  after  prolonged  testing,  were 
less  than  the  elastic  strains  under  these  conditions  careful  alignment  procedures  were  established. 
Creep  specimens  were  solution  annealed  at  different  ten^ratures  below  the  beta  transus  (Tp  -5°C 
to  Tp-50°C)  which  varied  the  volume  haction  of  primary  alpha.  The  dependence  of  primary 
(Stage  I)  and  steady-state  (Stage  D)  creep  rates  on  the  volume  fraction  of  primary  alpha  was 
determined.  Relatively  reproducible  data  was  achieved  in  this  study,  and  it  was  confirmed  that 
irteteases  in  the  volume  fraction  of  primary  alpha  are  associated  with  increased  primary  and 
steady  state  creep  rates.  The  quantitative  residts  are  consistent  with  those  of  ea^er 
investigations.  The  increased  creep  resistance  with  high  solution  annealing  tenrqieratures  is 
primarily  the  result  of  a  more  refined  microstruccure. 

Introduction 

Ti  6Al-2Sn-4Zr-2Mo-0.1Si  is  a  near  alpha,  alpha-beta  alloy  since  it  is  composed 
primarily  of  the  hep  alpha  phase  at  ambient  ternperatuic,  but  some  of  the  bee  beta  phase  still 
exists  in  the  matrix.  A  typical  microstruaure  for  the  alloy  when  annealed  below  the  beta  transus 
is  globules  of  primary  aJpha  in  a  matrix  of  basketweave,  or  Widmanstatten,  lenticular  alpha  and 
beta  platelets.  The  equiaxed,  primary  alpha  phase  tends  to  become  more  dominant  in  the 
microstructure  as  the  solution  anneal  temperature  is  decreased  below  the  beta  transus. 

Titanium  6242  must  meet  several  stringent  specifications  before  it  is  accepted  for  most 
applications.  One  of  these  specifications  requires  very  low  accumulated  creep  strains  (c.g.<0.1% 
creep  strain  at  35  hrs,  241  Mpa  and  510°C)[1],  and  this  study  attempts  to  identify  some  of  the 
variables  affecting  creep  rates.  We  particidarly  focused  on  low  strain  creep  behavior. 

An  extensive  search  of  the  current  literature  identified  possible  sources  of  anomalously 
hi^  creqi  in  this  alloy.  First,  the  mechanical  properties  of  the  alloy  change  with  the 
miCTOstructure.  Work  do^c  by  Bania  and  Hall  (2],  Seagle  cL  al.  [3],  and  Chen  and  Coyne  [4] 
indicate  that  the  steady  state  creep  rate  may  be  a  function  of  the  amount  of  primary  alpha  and 
hence  solution  annealing  temperature.  This  investigation  will  attempt  to  confirm  the  work  of 
these  authors  who  suggested  that  by  raising  the  solution  annealing  temperature  toward  the  beta 
transus,  thus  reducing  the  amount  of  primary  alpha,  the  steady  state  creep  rate  would  decrease. 
Confimting  the  results  was  considered  important  since  the  data  was  limited  in  terms  of  both 
quantity  arid  reproducibility.  We  also  wished  to  extend  the  study  to  the  primary  creep  range 
where  these  investigators  report  no  (or  inconsistent)  data.  This  is  consisted  important  for  low 
strain  cases  where  primary  creep  may  dominate.  Furthermore,  the  composition  of  the  Ti  6242 
investi^ted  in  our  study  varied  with  respect  to  earlier  work  due  to  the  presence  of  trace 
impurities  often  found  in  our  samples.  Thus,  the  results  presented  here  may  differ  from  earlier 
investigations. 

Blenkinsop,  Neal,  and  Goosey  [5]  also  suggest  that  creep  rate  will  be  a  function  of 
^ling  rate  due  to  the  changes  in  the  microstructure  associated  with  different  cooling  rates  (for 
instance  a  slow  cool  will  yield  a  coarser  Widmanstatten  struemre).  However,  a  further  study  of 
the  effects  of  cooling  rate  on  creep  rates  was  not  undertaken. 

Work  done  by  Senniatin  and  Lahoti  [6]  suggests  that  shear  bands  may  form  due  to 
forging  practice  and  the  creep  rate  may,  as  a  consequence,  increase.  These  bands  form  as  a 
result  of  localized  deformation.  Formation  of  shear  bands  is  encouraged  by  a  relatively  long 
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contact  dme  between  unheated  dies  and  the  workpiece  causing  chill  zones  near  the  dies  which 
deform  less  easily  than  the  material  away  from  the  die,  a  high  strain  rate  which  may  not  allow  the 
heat  generated  during  deformation  to  dissipate,  a  low  forging  temperature,  and  a  low  solution 
anneal  temperature  which  does  not  restore  banded  substructures  as  readily  as  a  high  solution 
annealing  temperature. 

A  third  potential  source  of  anomalously  high  creep  could  be  bending  moments  in 
the  creep  sample  caused  by  the  testing  apparatus.  Bending  stresses  could  create  inhomogeneous 
axial  stresses  within  the  specimens.  For  cases,  as  in  this  study,  where  deflections,  or  strains,  are 
measured  only  on  one  portion  of  the  specimen,  the  observed  strains  and  strain-rates  may  not 
represent  the  average  or  "true"  mechanical  behavior.  Plasticity  "homogenizes"  the  stress  state, 
however,  for  cases  in  which  the  plastic  strain  ranges  are  less  than  the  elastic  strain  on  loading, 
such  as  in  the  present  study,  the  inhomogeneous  strains,  and  strain-rate  may  be  present 
throughout  the  test,  leading  to  anon  alously  high  or  low  strain  rates. 


Experimental  Procedure 


All  of  the  samples  used  in  this  testing  program  were  forged  from  a  billet  of  OREMET  Ti- 
6242-O.lSi  (heat  # T  90847)  which  had  a  beta  transusTp=1004“C(determined  by  DTA).  The 
composition  is  listed  in  Table  1. 

TABLE  I:  COMPOSITION  OF  OREMET  HEAT  #T  90847  (wt%) 

A1  Sn  Zr  Mo  Si  N  Cr  V  Ni  Fe  O 

6.00  2.02  3.98  2.00  0.08  0.011  0.008  0.01  0.005  0.088  0.119 

The  billet  was  fabricated  by  forging  a  vacuum  arc  melted  914  mm  diameter  ingot  to  a 
152  mm  diameter  billet  in  a  two  stage  process.  The  initial  breakdown  was  in  the  beta  temperature 
range  between  1065/1 149°C  (Tp+61/+145'’Q  where  the  ingot  was  forged  down  to  a  254  mm 
octagon.  The  final  forging  step  down  to  152  mm  was  at  Tp-36°C  resulting  in  a  microstructure  of 
principally  equiaxed  primary  alpha  in  a  transformed  beta  matrix.  This  resulted  in  a 
microstructure  of  principally  elongated  primary  alpha.  Sample  coupons  were  extracted  from  the 
billet  and  forged.  The  samples  for  the  second  set  of  tests  had  initial  dimensions  of  64  mm  x  64 
mm  X  95  mm  (the  first,  discarded,  set  being  those  tests  done  before  the  alignment  of  the  creep 
testing  system,  the  second  set  being  those  samples  produced  after  the  alignment  corrections 
discussed  in  this  paper).  These  coupons  were  heated  for  2  hrs.  at  Tp-36°C  +/-  14°C  before 
forging.  Hammer  forging  of  the  samples  was  performed  at  a  strain  rate  of  between  63  s  '  and 
252  s  '.  Six  forging  passes  were  required  to  r^uce  the  sample  coupon  to  the  desired  cross 
sectional  dimensions  of  4 1  mm  x  1 6mm.  The  resultant  true  and  engineering  strains  were  5. 1  and 
1 .8 1  respectively.  The  samples  were  air  cooled  after  forging  and  solution  annealed  at  either  Tp- 
6°C,  Tp-15°C,  Tp-28°C,  orTp-52°C  for  Ihr,  aircooled  again  and  then  aged  at  643°C  for  8  hrs 
and  air  cooled  to  ambient  temperature.  Samples  were  cut  from  the  coupons  and  machined  in 
accordance  with  ASTM  standard  E  8. 

Creep  strain  was  measured  using  an  Applied  Test  Systems  model  4112 
extensometer  configured  for  6.35mm  dia.  samples  with  a  25.4mm  gage  length,  and  a 
Measuretron  model  Ll-12  linear  variable  capacitance  transducer,  llie  extensometer  was 

determined  to  be  accurate  to  +/-0.(X)13mm  (a  strain  of  +/-  50  microstrain). 

The  creep  tests  were  performed  at  Oregon  State  University  on  an  Arcweld  (SATEC) 
model  UC  creep  test  machine.  The  test  machine  was  used  in  its  standard  configuration  for  the 
first  set  of  tests.  However,  due  to  anomalies  in  the  data  observed  during  this  set  of  tests  (i.e. 
significant  variations  in  elastic  strain  on  loading  and  poor  reproducibility  of  the  creep-rates),  the 
presence  of  bending  moments  was  suspected.  For  conventional  (e.g.  10-20%  plastic  strain) 
creep  tests  the  level  of  bending  observed  would  be  insignificant.  However,  at  the  very  low 
plastic  strains  measured  (<0.2%)  bending  in  the  system  can  significantly  degrade  the  quality  of 
the  data  because  stress  gradients  can  cause  anomalously  high  or  low  creep  rates  as  the  sample 
deforms  to  "correct"  the  bending  (the  elastic  strain  on  loading  is  about  0.3%).  Therefore  a 
systematic  improvement  of  the  testing  system  was  initiated.  The  ASTM  E606[8]  and  GE  S400- 
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B19]  recommended  practices  for  determining  bending  were  consulted  and  a  bending  test  was 
designed. 

The  following  improvements  were  made  for  the  second  set  of  tests.  The  creep  test 
machine  pull  rods  were  replaced  with  new  rods  that  were  precision  ground  straight  to  within 
0.01  mm  from  stress  relieved  Inconel  600  rod.  Since  a  substantial  fraction  of  the  bending 
originated  at  the  sample/grip  interface,  unique  high-temperature  double  clevis  universal  type  grips 
were  designed.  Another  universal  was  added  to  the  lower  part  of  the  standard  load  train.  The 
universal  grips  were  lubricated  with  dry  graphite. 

We  determined  that  Ti  6242-0.1  Si  did  not  measurably  creep  at  ambient  temperature  at  241 
MPa  (the  standard  applied  creep  stress).  Therefore,  strain  gages  were  mounted  on  all  creep  test 
samples  for  an  ambient  temperature  pre-alignment  at  241  MPa .  Four  strain  gages  were  mounted 
at  90°  intervals  around  the  sample,  and  the  bending  in  the  sample  was  then  measured  for  various 
rotations  of  the  sample  within  the  grip,  and  a  configuration  that  minimized  the  bending  at  ambient 
temperature  was  located.  Bending  values  were  calculated  according  to  the  following  formula: 


(average  strainl-fmax.  or  min,  snainl 
%  bending  =  (average  strain)  xlOO  (1) 

The  new  system  allowed  the  reduction  of  test  sample  bending  at  room  temperature  from  an 
average  of  8%  before  alignment  (first  set  of  tests)  to  less  than  4%  (and  as  low  as  0.7%).  The 
strain  gages  were  then  removed  while  the  sample  was  still  loaded  to  prevent  misalignment  during 
stripping.  The  adhesive  was  removed,  and  the  sample  was  then  given  a  final  cleaning  with 
methanol.  Three  thermocouples  were  attached,  at  the  top,  middle,  and  bottom  sections  of  the 
gage  length.  This  allowed  for  precise  temperature  monitoring  and  control.  The  extensometer 
was  then  attached  and  the  sample  was  unloaded  and  brought  to  temperature.  The  creep  tests 
were  commenced  once  the  temperature  was  allowed  to  stabilize  at  510°C  +/-2°C  for  3. 5-4.5 
hours.  A  three  zone  furnace  with  Eurotherm  power  supplies  and  controllers  was  utilized.  The 
samples  were  tested  for  72  hours  (or  longer )  to  ensure  that  a  mechanical  steady  state  was 
achieved.  The  temperature  typically  did  not  vary  by  more  than  two  degrees  from  510°C  at  any 
point  along  the  specimen  throughout  the  test.  After  creep  testing,  the  samples  were  sectioned  and 
the  microstructures  were  examined  metallographically. 


Results 

The  stress-strain  data  Uiken  during  the  room  temperature  alignment  procedure  facilitated 
the  calculation  of  ambient  temperature  elastic  moduli,  and  Table  2  shows  that  there  is  a  small  but 
definite  increase  in  elastic  modulus  with  increasing  solution  anneal  temperature. 

Table  11:  Room  Temperature  Elastic  Moduli  of  Ti  6242-O.lSi 

Solution  Annealing  Temperature _ Elastic  Modulus  (strain  gage) 

Tp-6°C  118GPa 

Tp-15°C  116GPa 

Tp-28°C  115GPa 

_ Tft-?2°C _ 1.14jSPa _ 

Figure  1  shows  the  typical  microstructure  of  hammer  forged  ^mples  solution  annealed  at 
Tp-6°C,  Tp-15°C,  Tp-28°C,  and  Tp-52°C.  At  lower  annealing  temperatures  bands  of  elongated 
primary  alpha  are  evident  but  diminish  with  higher  solution  annealing  temperatures.  A 
companion  study  by  the  authors  suggests  that  the  elongated  primary  alpha  grains  observed  in  the 
samples  solution  annealed  at  or  below  1018°C  may  be  remnants  of  the  elongated  alpha  of  the 
forged  billets  [  10]. 
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Figure  1.  Typical  Microstructures  of  Ti-6242-O.lSi  Resulting  From  Various  Solution  Annealing 
Temperatures. 
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Tp-^^C  Tp-15°C  Tp-28°C  Tf-52°C 

It  is  apparent  that  the  steady  state  creep  rate  varies  inversely  with  the  solution  annealing 
temperature  (and  hence  the  microstructure)  as  shown  in  Figure  2.  Since  bending  stresses 
decrease  with  plastic  strain,  the  stage  11  or  steady  state  creep  value  may  be  the  most  reliable 
indicator  of  creep  resistance. 

Figure  3  shows  the  primary  creep  strain  as  a  function  of  solution  annealing  temperature 
relative  to  the  beta  transus.  The  onset  of  stage  n  creep  typically  occurred  at  a  strain  of  lO-^  at 
about  10^  seconds,  however,  it  should  be  noted  that  the  time  of  the  onset  of  steady  state  creep 
varied  from  approximately  8xl(y  sec  to  1.6x10^  sec  (possibly  due  to  the  presence  of  relatively 
small  bending  moments). 

Figure  2.  Steady  State  Creep  Rate  as  a  Function  of  Solution  Annealing  Temperature. 
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Figure  3.  Primary  Creep  Strain  as  a  Function  of  Solution  Annealing  Temperature. 
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The  dependence  of  the  amount  of  primary  alpha  on  solution  annealing  temperature 
(relative  to  the  beta  oansus)  is  shown  in  Figure  4.  As  anticipated,  the  amount  of  prim^  alpha  in 
the  sample  is  a  strong  function  of  the  solution  annealing  tem^terature.  With  the  exception  of  the 
Tp-6°Csamples  which  contained  slightly  less  primary  alpha  than  predicted,  the  percentages  of 
primary  alpha  all  fall  within  the  ranges  repot^  by  Seagle  ct.  al.[3J.  However,  the  percentages 
were  generally  higher  than  those  piloted  by  Bania  and  Hall  (who  determined  the  beta  transis 
micrographic^ly  rather  than  by  DTA)[2].  Figure  S  shows  a  t^ical  creep  curve.  It  was  found 
that  fluauations  in  ambient  temperature  caus^  fluctuations  in  the  data  which  recovered  when  the 
ambient  temperature  returned  to  the  baseline  value.  Such  minor  fluctuations  were  typical. 

Finally,  Figure  6  shows  that  upon  unloading  the  sample  undergoes  a  significant  anelastic 
recovery,  often  recovering  up  to  one-third  of  the  measured  creep  strain  within  20hrs. 

Figure  4.  Amount  of  I^maty  Alpha  as  a  Function  of  Solution  Annealing  Temperature. 
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Figure  5.  Typical  Creep  Curve  For  Ti  6242-0. 1  Si. 
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Figure  6.  Typical  Anelastic  Recoveiy  of  Plastic  Strain  (Ti  6242-0.1  Si  Tp-19°C 
Solution  Anneal). 
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Discussion 

Wide  variations  initially  observed  in  elastic  strain  on  loading  and  the  bending  observed  in 
our  early  specimens  at  ambient  temperature  using  strain  gages  have  led  to  the  conclusion  that 
significant  bending  moments  sometimes  occur  in  the  loaded  specimens.  The  fluctuations  in 
elastic  strain  on  loading  observed  could  partly  be  due  to  slippage  of  the  extensometry  system, 
especially  since  a  cage  type  extensometer  is  used  with  rods  that  transmit  the  strain  to  the  remote 
LVC.  While  some  slippage  will  inevitably  occur  in  a  system  like  this,  the  observation  of 
comparable  bending  measured  directly  at  room  temperature  by  strain  gages  leads  to  the 
conclusion  that  the  extensometer  is  providing  leliatde  data,  llie  observ^  variation  in  elastic 
strain  on  loading  even  in  the  second  set  of  tests  (though  substantially  less  than  with  the  first  tests) 
which  were  conducted  after  the  new  alignment  procedures  were  implemented,  leads  to  two  other 
possible  conclusions.  First,  with  heating,  themial  expansion  occurs  and  this  may  create  some 
misalignment .  Second,  the  machining  of  the  samples  may  introduce  significant  residual  stresses 
in  the  sample  which  relax  after  the  sample  is  heated  to  the  test  temperature,  leading  to  some 
misalignment. 

As  is  evident  from  Figure  2  there  is  a  general  trend  toward  lower  steady  state  creep  with 
increasing  solution  annealing  temperature.  With  the  increase  in  solution  anneal  temperature,  the 


amount  of  primary  alpha  decreases.  The  observed  increase  in  steady  state  creep  rate  with 
increasing  amounts  of  primary  alpha  was  expected  based  on  the  work  of  Bania  and  Hall  [2], 
Chen  and  Coyne  (4|,  and  Seagle  et.  al.  [3].  Chen  and  Coyne  [4]  report  approximately  a 
threefold  increase  in  tittK  to  0.2%  total  creep  deformation  for  a-i^  forgings  as  the  solution 
annealing  temperature  is  raised  from  Tp-4S°C  to  the  beta  tiansus  (at  S66°C  and  21 1  MPa).  Seagle 
et.  al.  [3]  reports  an  approximate  40%  increase  in  total  creep  deformation  as  the  solution 
annealing  temperature  is  lowered  from  Tp-I2‘’CtoTp-42°C.  Bania  and  Hall  [2]  found  that  a 
decrease  in  primary  alpha  from  3S%  to  0%  resulted  in  a  threefold  decrease  in  steady  state  creep 
rate,  while  the  effects  on  primary  creep  were  unclear.  In  our  work  we  found  a  linear  decrease  in 
creep  rate  of  approximately  fivefold  upon  reducing  the  amount  of  primary  alpha  from  S3%  to 
3%. 

Three  possible  explanations  for  the  decrease  in  primary  and  steady  state  creep  rate  with 
increasing  solution  annealing  temperature  may  be  available.  First,  as  reported  in  Table  D  at 
ambient  temperature  the  elastic  modulus  decreases  with  increasing  amounts  of  primary  alpha. 
Sherby  and  Burke  [11]  proposed  the  classical  empirical  relation  for  strain  rate  (creep  rate): 


£=ADoexp(-Q/RT)(a/E)n(Y3-5/L2)  (2) 


Do=  diffusion  constant,  Q=  activation  energy  of  diffusion,  o=  applied  stress,  E=  elastic 
rtMxIulus,  Y  =  stacking  fault  energy,  A=  constant,  n=  constant  (4  to  5  above  0.6  Tm),  R=  gas 
constant,  T=  absolute  temperature,  L=  grain  size. 

Assuming  the  relative  difference  between  elastic  modulus  and  and  primary  alpha  persists  at 
510°C,  then,  using  the  preceding  equation  and  the  dau  from  Table  U,  we  would  predict  that  the 
steady  state  creep  rate  for  the  Tp-6°C  solution  annealed  samples  would  be  14%  less  than  that  of 
the  Tp-52°C  solution  atuiealed  samples.  This  difference,  however  would  only  explain  part  of  the 
observed  trend.  The  second  possible  explanation  would  be  that  the  decrease  in  creep  rate  may  be 
due  to  the  diminishing  of  banding  and  texturing.  Recovery  and  grain  growth  will  increase  with 
higher  temperature  annealing.  Seituatin  and  Lahoti  [5]  suggest  that  both  texturing  and  banding 
can  as  much  as  double  the  amount  of  creep  observed.  Although  banding  seems  to  disappear  at 
about  T p- 1 5°C  and  above,  decreases  in  the  creep  rate  are  probably  due  to  other  effects.  Finally, 
the  basketweave  structure  may  be  intrinsically  more  creep  resistant  than  one  with  equiaxed  alpha. 
None  of  the  presented  explanations  for  the  dependence  of  primary  and  steady  state  creep  rate  on 
the  amount  of  primary  alpha  are  mutually  exclusive  and  all  may  be  operating.  However,  the 
substructural  explanation  appears  most  attractive. 

Summary 

1)  The  bending  that  is  inherent  in  the  standard  creep  testing  machines  is  probably  causing 
substantial  scatter  in  the  small  plastic  strain  creep  data.  However  new  methods  described  in  this 
work  reduce  the  bending  moments  and  data  scatter. 

2)  The  new  testing  procedures  show  that  raising  the  solution  annealing  temperature  appears  to 
increase  the  primary  and  steady  state  creep  resistance  of  Ti  6242-0.1  Si.  This  benencial  effect 
may  be  derived  from  a  combination  of  several  sources  including  increasing  of  the  elastic 
modulus,  the  removal  of  such  micrographic  features  such  as  banding  or  texturing,  and  especially 
the  refining  of  the  microstructure. 


3)  Current  standard  creep  specifications  require  testing  sensitivity  that  may  extend  beyond  the 
current  standard  commercial  state-of-the-art  creep  testing  devices. 
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Microstructure  and  Mechanical  Properties  for  PREP  /  PM 
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Abstract 

The  spherical  powder  for  IMI829— IGd  and  IMI829— lEr  alloys  produced  by  PREP  was 
consolidated  by  HIP  and  HIP+hot  swaging  processing.  The  microstructure  for  the  al¬ 
loys  and  the  distribution  of  RE  oxides  in  the  matrix  were  investigated  by  LM.SEM  and 
TEM,  and  the  tensile  and  creep  properties  of  the  alloys  were  determined  at  temperatures 
raging  from  450  to  600tl .  The  room  temperature  tensile  ductility  of  PREP  HIPed  mate¬ 
rials  can  be  improved  by  hot  swaging  after  HIP,  however,  the  creep  properties  are  much 
lower  than  that  of  the  I  /  M  materials  above  550t: .  The  creep  resistances  for  both  RS 
alloys  are  almost  comparable  to  those  for  some  commercial  Ti  alloys  such  as  IMI679 
and  BT9. 

Introduction 

Recently,  rapid  solidification  processing  (RSP)  has  offered  the  opportunity  to  de¬ 
velop  dispersoid  strengthened  Ti-RE  alloys.  In  general,  the  plasma  rotating  electrode 
processing  (PREP)  is  regarded  as  a  simple  RSP  tecnique  that  is  capable  producing  clean 
smooth  spherical  powders  with  excellent  fluidity  and  tap  density,  which  is  well-suited  to 
produce  novel  Ti  alloys  by  powder  metallurgy  (PM).  Furthermore,  PREP  is  suitable  for 
production  of  RS  Ti-RE  alloys  on  a  large  scale.  Previous  studies  on  some  Ti  -RE 
alloys  produced  by  IM  had  considered  the  role  of  RE  oxide  and  intermetallic  compound 
particles  on  dispersoid  strenthening.  It  was  demostrated  that  the  rare  earth  elements  Gd 
and  Er  appear  to  be  promising  dispersoid  strengthening  candidates.  The  key  problems 
were  that  the  RE  oxide  and  intermetallic  compound  particles  were  too  coarse  and  the 
density  was  too  low.  It  is  expected  that  PREP  powders  will  produce  fine  and  dense  RE 
oxides.  In  recent  years,  many  studies  ‘  have  concentrated  on  evaluating  the 
microstructure  of  binary  or  ternary  RS  Ti-RE  alloys  and  paid  less  attention  to  high 
temperature  properties  for  complicated  RE-containing  Ti  alloys.  A  few 
works  examined  Ti-RE  alloys  produced  by  PREP.  The  purpose  of  this  study  is  to 
evaluate  the  microstructure  and  high  temperature  properties  of  RE  containing  Ti  alloys 
IMI829-lGd  and  IMI829-lEr  produced  by  PREP. 

Experimental  proceduce 


The  prealloys  for  this  study  were  melted  in  a  vacuum  consumble  arc  furnace  by  double 
melting  into  an  ingot  with  weight  of  ISkg.  The  ingot  was  forged  and  machined  into 
30mm  diameter  by  SOOmm  long  rods  as  consumable  electrodes  for  PREP.  Then  the  rods 
were  reduced  to  spherical  alloy  powders  by  PREP  in  Ar  atmosphere  with  an  electrode 
rotating  speed  of  1 1000  rpm.  The  cooling  rate  in  this  study  was  approximately  10*k  /  s. 
The  prealloy  powders  were  packed  into  16mm  diameter  CP  Ti  tubes  with  a  1mm  wall 
thickness  and  sealed  by  eleceron  beam  welding  in  vacuum.  Subsequently  the  canned  Ti 
tubes  containing  the  prealloy  powders  were  HIPed  by  a  QIH  HIP  machine  at 
900C  /  196MPa/2hrs,  950t:  /147MPa/2hrs  and  1030t:  /  147MPa/2hrs. 

Tilonivm  ^92 
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Partial  HIPed  alloys  were  directly  machined  over  the  Ti  can  to  examine  the 
microstructure  and  mechanical  properties  after  heat  treatment.  Another  part  of  the 
HIPed  alloys  were  hot  swaged  at  900t:  down  to  6min  diameter  rods.  The  heat  treat¬ 
ment  were  carried  out  in  electronic  resistance  furnace  at  varied  temperature. 

The  microsturcture  of  powder  particles  and  consolidation  products  were  examined  by 
LM.  SEM  and  TEM.  Tensile  and  creep  tests  of  consolidated  products  were  performed 
iit  room  and  elevated  temperatures. 

Results  and  Discussion 


Prealloy  Powder 

The  prealloy  powders  produced  by  PREP  are  typical  smooth  spherical  particles.  More 
than  80  percent  of  the  powders  have  average  diameter  between  2S0-420^m  according  to 
sieve  analysis.  The  powder  alloy  and  the  ingot  compositions  are  listed  in  Table  1: 

Tabic  1  The  composition  of  ingot  and  prealloy  powder 


Composition  %  wt 


product , 

Alloy 

T 

1 - : - 

1 - r  - 

•  '  1 

■  ^ ^ ^ — 

A1 

Sn 

Zr 

Mo  i  Nb 

i  Si  Gd 

Er 

O  !  C  H  1  N 

i  ■  ' 

Ingot 

IMI829-IGd 

!  5.43 
5.40 

13.47 

3.41 

2.94 

3.00 

0.30  1  1,01 
0.30  0.97 

0.30  1.0 
0.33  1.0 

0.08  0.03  0.002  0.01 

IMI829-1Er 

5.46 

5.30 

3.54 

3.50 

2.93 

2.97 

0.30  1.05 
0.30  1.04 

0.36 

0.36 

0.9 

0.9 

0.09  0,03  0.002 io.Oll 

Prcilloy 

IMI829-lGd 

5.2 

5  ' 

2.58 

0.31  0.94 

,0,32  0,87 

0.03  10.015 

!o,ooi: 

Powder 

IMI829-IEr 

5,6 

3.4 

2.71 

0.30 ' 1,04 

0.32  1  - 

0.89 

0.10  0.03  ,0.001  lo.OI3 

' 

The  results  show  that  the  compositions  of  prealloy  powders  are  almost  the  same  as 
these  of  the  ingot  compositions  except  for  a  slight  decrease  in  Zr  and  Sn  content.  There 
was  a  little  increase  in  oxygen  and  other  interstitial  elements  in  the  prealloy  powders. 


Microstructure  Examination 

LM  and  SEM  micrographs  of  the  powder  particles  are  shown  in  Fig  1 .  The  original  P 
grains  in  the  individual  powder  particles  are  outlined  by  the  dendrite  arms.  The  grain 
sizes  range  from  1 1  to  30/im  for  IMI829-IGd  and  30  to  39nm  for  IMI829-lEr.  These 
sizes  decrease  with  decreasing  the  powder  dimension.  Compared  to  IMI829-lEr  alloy 
powder,  IMI829-lGd  alloy  powder  has  a  more  refined  grain  size. 

The  microstructure  for  the  HIP  consolidated  IMI829-lGd  alloy  is  shown  in  Fig.2  (a) 
and  (b).  In  the  as-HIPed  condition,  the  intcrparticle  bondings  between  the  powder  par¬ 
ticles  still  exist  although  the  shape  of  powder  panicles  varied  from  spherical  to 
ployhedral  .  The  interpanicle  bonds  seem  to  be  outlined  by  many  coarse  quasi-grains 
boundaries  and  their  size  approaches  the  dimension  of  the  powder  particles.  There  are 
two  typical  quasi-grains  with  diflerent  contrast,  bright  and  dark,  under  low 
magnification.  The  difference  of  composition  between  bright  and  dark  quasi-grains  was 
not  detectable  by  EDAX  .  Howerer,  the  microstructure  for  both  quasi-grains  are  quite 
different.  The  microstructure  in  the  dark  quasi-grain  is  coarser  than  that  in  bright  one. 
This  suggests  that  the  powders  formed  during  atomization  have  undergone  a  varied 
cooling  rate  .  The  boundaries  between  the  dark  and  bright  quasi-grains  are  visible  and 
they  appear  to  be  not  wettable.  However,  the  boundary  between  the  same  species  of  the 
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c.  IMI829-lGd  b.  IMI829-lGd 


9S0r  /  l47MPa^700t:  /  2hrs  AC  900C  /  195MPa  /  2hrs+700C  /  2hrs  AC 

Fig.3  TEM  microstnicture  for  both  alloys 
(a,b)  IMT829-lEr  and  (c,d)  IMI829-lGd 

quasi-grain  boundaries  have  disappeared  (Fig.2,  c,d)  This  suggests  that  interparticle 
bonding  has  been  strengthened  by  swaging.  It  should  be  noted  that  the  tensile  ductility 
for  the  a+/?  heat  treated  alloy  markedly  increases  up  to  valued  companable  with  IM 
IMI829-lGd  alloy.  Compared  to  the  basic  alloy  IMI829,  both  alloys  have  gained  about 
90-100MPa  in  strength  from  Orowan  strengthening  by  the  RE  dispersoids,  which  is  consis¬ 
tent  with  previous  studies  . 

B.  High  temperature  tensile  properties 

The  results  of  high  temperature  tensile  test  are  also  shown  in  Table  3. From  this  table  ,  it 
can  be  seen  that  lMI829-lEr  exhibited  a  higher  tensile  strength  at  650 C  than 
IMI829-lGd  .  However,  the  high  temperature  tensile  strengths  of  both  alloys  are  lower 
than  the  expected  value  probably  due  to  increasing  boundary  slip  above  SSOC . 

C.  Creep  properties 

Fig.4  shows  creep  results  at  550'C  and  600'C  for  three  alloys,  and  Table  3  also  lists  the 
resistance  to  creep  fracture  data  at  temperature  between  temperature  450-600C  over 
loads  of  200-384MPa  for  different  heat  treatment  conditions.  The  creep  test  results 
show  that  RS  processing  reduced  creep  resistance  to  creep.  From  Fig.4  ,  it  can  be  seen 
that  the  RS  alloys  exhibited  much  lower  resistance  to  creep  above  550t:  compared  to 
IM  alloys  with  similar  compositions  . 

The  data  in  table  3  show  that  P  heat  treatment  can  improve  the  resistance  to  creep  frac¬ 
ture  for  both  alloys  compared  to  a+/I  heat  treated  alloys  due  to  P  grain  coarsing. Com¬ 
pared  to  IMI829-lGd  ,  IMI829-lEr  has  a  higher  creep  resistance  in  any  condition 
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quasi-grain  are  not  visible  and  they  are  seem  to  be  more  wettable.  The  presence  of  these 
'boundaries'  is  the  reason  why  the  tensile  ductility  at  room  temperature  is  quite  low. 
After  hot  swaging  the  quasi-grain  boundaries  seem  to  disappear  (Fig  2  c,  d)  It  is  ex¬ 
pected  that  the  disappearance  of  these  quasi-grain  boundaries  will  result  in  an  increase 
in  tensile  ductility  of  the  alloys. 

The  TEM  microstructures  of  as-HIP  and  after  heat  treated  alloys  at  various  tempera¬ 
tures  are  shown  in  Fig.3.  TEM  examination  revealed  many  fine  and  homogeneous  dis¬ 
persed  RE  containing  particles  for  all  consolidation  products.  The  RE  particles  are  es¬ 
timated  to  be  average  18nm  in  diameter  and  0.7  percent  in  volume  fraction  for 
IMI829-lEr  alloy,  and  20nm  and  0.6  percent  for  IMI829-lGd  ,  which  are  almost 
the  same  as  some  recent  reports  .  Two  populations  of  dispersed  precipitates  have 
been  observed  by  TEM:  one  population  of  very  densely  distributed  small  precipitates 
with  the  size  smaller  than  0. 1  /im  which  mostly  distributed  in  the  grain  interior,  and  a 
second  population  of  much  less  densely  distributed  coarse  precipitates  with  a  size  larger 
than  0.1 /im  which  is  mostly  distributed  on  the  grain  boundaries.  It  is  suggested  that  the 
small  precipitates  have  formed  in  the  solid  state  during  cooling  after  solidification  or 
during  hot  consolidation  and  heat  treatment.  The  coarse  precipitates  may  have  formed 
during  solidification  possibly  due  to  interdendritic  segregation  on  a  powder  particle 
scale.  The  present  results  of  the  TEM  examination  are  simillar  to  those  obtained  by 
Naka  ,  where  most  of  both  fine  and  coarse  precipitates  are  sesquioxide  REjOj,  e.g. 
ErjOjin  IMI829-lEr  alloy,  and  Gd203in  IMI829-lGd  alloy  .  Other  types  of  RE  oxides 
have  also  been  identified  by  TEM  SAD,  such  as  RE2Ti207and  RE2Sn207' .  The 
coarse  precipitates  in  IMI829-lGd  alloy  include  an  intermetallic  compound  which  sug¬ 
gests  GdSnjOr  GdjSn  according  to  the  composition  analysis  by  ED  AX  (Table  2  ).  The 
stoichiometric  composition  GdjSn  was  suggested  by  reference  C9D  and  GdSnjwas  sug¬ 
gested  by  a  rough  Gd;Sn  ration  of  3:1  (Table  2). 

Table  2  The  composition  of  intermetallic  compound  analyzed  by  EDX  A 


chemical  composition 
Alloy  r - 


! 

! 

Ti 

Al 

Si 

Zr 

Nb 

Mo 

Sn 

Gd 

RSIMI829-lGd 

60,598 

3.109 

0.626 

I.35I 

0.269 

0.052 

8.756 

25.234 

IM  IMI829-lGd 

4.963 

- 

- 

- 

- 

- 

23.121 

71.915 

8.662 

- 

1.077 

- 

- 

- 

26.855 

63,424 

Mechanical  Properties: 

A.  Room  temperature  (RT)  tensile  properties: 

Table  3  lists  the  RT  tensile  properties  for  both  PREP+HIPed  alloys  IMI829-lGd  and 
IMI829-lEr.  The  data  include  previous  results  obtained  from  IM  alloys  with  similar 
comparisons  as  the  alloy  for  this  study  for  comparison  .  The  present  results  can  be 
summarized  as  following: 

1)  The  tensile  strength  for  PREP+HIPed  IMI829-lGd  is  almost  equivalent  to  that  of 
IM  alloy  but  has  a  lower  tensile  ductility.  Compared  to  IMI829-lGd  ,  IMI829— lEr  ex¬ 
hibited  a  slight  higher  tensile  strenth  and  ductilitly  .  However  the  tensile  ductilities  for 
both  alloys  are  much  lower  than  expected  value.  The  poor  tensile  ductilities  for  the  RS 
alloys  are  probably  associated  with  weak  interparticle  bonding. 

2)  After  hot  swaging  ,  the  tensile  properties  have  improved  for  both  IMI829-lGd  and 
IMI829-lEr,  with  fracture  characterised  by  dimple  failure  .  The  LM  picture  reveals  that 
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Fig.4  Creep  curve  for  IMI829  containing  Gd  alloy 


a  b  X  80 

Fig.5  The  microstructure(a)  and  fractography  (b)  for  IMI829-lGd  alloy  after 
creep  testing. 

due  to  the  coarser  grain  size  of  IMI829-IEr  .  It  should  be  noted  that  RS  IMI829-lGd 
significantly  improved  resistance  to  creep  fracture  in  450-500C  temperature  range.  Af¬ 
ter  thermal  exposure  at  4  JOC  /  384MPa  and  SOOC  /  350MPa  for  510  hours,  for  exam¬ 
ple,  the  creep  strain  remained  at  2.47%  and  3.17%  respectively.  Unfortunately,  no 
comparison  between  RS  alloys  IMI829-lGd  and  IMI829-lEr  has  been  made.  Howev¬ 
er,  it  is  expected  that  the  creep  resistance  for  both  alloys  approaches  to  that  for  some 
commercial  high  temperature  titanium  alloys  such  as  IMI679  and  BT9.  By  contrast,  the 
creep  resistance  above  550X3  suddenly  drops  to  a  much  lower  level  than  that  of  IM  alloy 
(as  shown  in  Fig.4  ).  This  behavior  can  not  be  explained  by  RE  dispersoids  coarsing  be¬ 
cause  most  RE  oxide  dispersoids  have  much  finer  dimensions  (18-20nm  average  diame¬ 
ter)  even  after  HIPed  or  heat  treated  above  950X3  .  Furthemore,  after  exposure  at  700X3 
for  lOOhrs,  RE  dis^rsoid  particles  coarsing  in  RS  IMI829-lGd  alloy  has  not  been  de¬ 
tected  by  TEM  ^ .  These  homogeneously  distributed  fine  dispersoids  would  offer 
dispersion  strengthening.  However,  the  fine  RE  oxide  dispersoids  have  not  made  any 
contribution  to  the  creep  resistance  for  either  RS  alloys.  This  contradiction  phenome¬ 
non  is  probably  due  to  the  ultrafine  grain  size  in  RS  alloys  which  offers  much  more  op¬ 
portunities  for  boundary  sliding  compared  to  coarse  grain  alloys  obtained  by  IM.  Ac¬ 
cording  to  a  report  by  Patore  and  Mahoney  ,  grain  boundary  sliding  becames  signif¬ 
icant  above  550X3  in  some  titanium  alloys  .  It  is  suggested  that  the  sudden  decrease  in 
creep  resistance  above  550X3  is  probably  due  to  grain  boundary  sliding  and  weak 
interparticle  bonding.  Fig.5  shows  an  example  of  this  behavior.  From  fig.5,  it  can  be 
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seen  that  crack  nucleation  and  growing  initiated  from  the  quasi-grain  boundary  in  the 
creep  specimen  of  RS  IMI829-lGd  .  Fractography  (fig  5.b)  revealed  intergranular  fail¬ 
ure  with  a  cleavage  facet  size  almost  equivalent  to  the  size  of  powder  particle. 
Furthermore,  a  diffusion  band  was  observed  around  the  quasi-grain  boundary,  EDAX 
analysis  of  the  diffusion  band  indicated  that  alloying  elements  Mo  and  Nb  are  enriched 
and  Gd  is  depleted  in  the  band  .  This  implies  that  the  creep  resistance  above  S50C  for 
the  RS  alloys  is  controlled  by  a  diffusion  mechanism,  which  supports  the  view  about 
boundary  sliding  above  SSOt  in  RS  alloys. 

Conclusion 

Whether  the  RS  alloys  were  consolidated  by  HIP  or  followed  by  heat  treatment  at  vari¬ 
ous  temperature,  he  RS  alloys  IMI829-lGd  and  IMI829-lEr  have  dispersed  RE  oxide 
particles  with  an  average  diameter  of  18nm-20nm  for  any  consolidated  products  . 

The  creep  resistance  for  RS  IMI829-lGd  alloy  in  the  temperature  range  of  450-50012 
is  almost  comparable  to  commercial  high  temperature  alloys  such  as  IMI679  and  BT9. 
With  increasing  temperature  over  55012  ,  the  RS  alloy  IMI829-lGd  exhibited  much 
lower  creep  resistance  than  IM  alloy  with  the  same  composition  probably  due  to  weak 
interparticle  bonding  and  grain  boundary  sliding. 
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High  Temperature  Deformation  Behavior  of  o 
a  —  0  and  0  Titanium  Alloys 
M.N.Vyayshankar  and  S.Ankem 
Department  of  Materials  and  Nuclear  Engineering 
University  of  Maryland,  College  Park 
Maryland  20742  -  2115,  USA 

A  systematic  investigation  was  tmdertaken  to  determine  the  effect  of  temperature, 
strain  rate  and  volume  percents  of  phases  on  the  high  temperature  deformation  behavior 
ot  a,a  —  0  and  0  titanium  alloys  using  Ti  -  Mn  alloys  as  the  model  system.  As  expected, 
the  flow  stress  of  o  -  phase  increased  with  strain  rate  and  decreased  with  temperature. 
The  apparent  activation  energies  determined  in  the  temperature  range  (923  K-1023  K  ) 
were  found  to  be  close  to  that  of  self  diffusion  of  titanium.  In  regard  to  the  0  -  phase, 
the  strength  increased  with  strain  rate  and  decreased  with  temperature  as  expected.  How¬ 
ever,  the  0  -  phase  exhibited  sharp  flow  stress  drops  followed  by  steady  state  behavior. 
The  extent  of  drop  depended  on  strain  rate,  temperature  and  solute  concentration.  The 
apparent  activation  energies  obtained  for  deformation  o{  0  -  phase  were  found  to  be  close 
to  self  and  solute  diffusion  of  0  -  phase.  In  regard  to  the  a  -  0  alloys,  many  anomalies 
were  found.  First  of  all,  the  strength  of  the  two  phase  alloys  did  not  vary  linearly  with 
volume  percent  of  phases.  The  strength  of  two  phase  materials  with  nearly  equal  vol¬ 
ume  percents  of  phases  were  found  to  be  much  smaller  than  one  would  expect  based  on 
the  law  of  mixture.  Furthermore,  the  strength  of  two  phase  materials  with  nearly  equal 
volume  percents  of  phases  did  not  decrease  with  an  increase  in  temperature  at  the  lower 
end  of  strain  rates  employed.  These  anomalies  appeared  to  be  related  to  the  additional 
deformation  mechanisms  operating  in  two  phase  alloys.  This  suggestion  is  supported  by 
the  fact  that  the  activation  energies  obtained  for  these  a  —  0  alloys,  at  lower  strain  rates, 
were  found  to  be  much  smaller  th€ui  the  activation  energies  obtained  for  either  a  or  0  - 
phase  alloys.  At  higher  strain  rates,  the  strength  of  the  a  —  0  alloys  increased  with  volume 
percent  of  0  and  the  activation  energies  were  also  found  to  be  higher  suggesting  a  change 
in  the  predominant  deformation  mechanism  with  increase  in  strain  rate. 

Introduction 

A  large  number  of  technologically  important  titanium  alloys  consist  of  two  phases  (a 
and  0  )  either  at  service  temperatures  and/or  at  processing  temperatures.  To  design  new 
titanium  alloys  with  optimal  properties  or  to  improve  the  properties  of  existing  titanium 
alloys,  it  is  imperative  to  understand  the  deformation  behavior  of  these  alloys  as  a  function 
of  morphology  (  size,  shape,  distribution  etc  of  the  second  phase  )  and  testing  variables. 
The  properties  of  these  materials  cannot  be  predicted  based  on  the  simple  rule  of  mixtures 
[1-4].  This  is  due  to  the  fact  that  whenever  a  material  consisting  of  two  or  more  phases 
with  different  properties  is  subjected  to  stress,  the  deformation  will  be  non-uniform  result¬ 
ing  in  interaction  stresses.  In  addition,  new  deformation  mechanisms  such  as  interphase 
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interface  sliding  can  be  operative  which  are  otherwise  absent  in  single  phase  materials. 

In  this  investigation,  an  attempt  has  been  made  to  systematically  study  the  effect 
of  the  volume  percent  of  phases,  with  equiaxed  microstructures,  on  the  high  temperature 
deformation  behavior  of  titanium  alloys  using  Ti  -  Mn  alloys. 

Experimental  Procedure 

Six  Ti  -  Mn  alloys  (  designated  as  alloys  1  -  6  )  were  used  for  this  investigation. 
All  the  alloys  were  vacuum  annealed  for  200  horns  at  023,  973  and  1023  K  followed  by 
water  quenching.  These  heat  treatments  resulted  in  equiaxed  microstructures  [5].  Typical 
optical  micrographs  of  alloys  1  through  6  in  the  as  annealed  condition  are  shown  in  Fig. 
1.  The  particle  and  grain  sizes  were  measured  using  standard  techniques  [6].  Typical 
microstructural  parameters  of  the  alloys  which  were  annealed  at  973  K  for  200  hours 
followed  by  water  quenching  are  shown  in  Fig.  2.  It  is  to  be  noted  that,  at  times,  the 
particle  size  of  a  given  phase  is  higher  than  the  corresponding  grain  size  because,  often, 
the  particles  consist  of  two  or  more  grains. 

Tensile  tests  were  conducted  in  an  Instron  machine.  Tests  were  conducted  in  vacuum 
at  temperatures  in  the  range  923  -  1023  K,  corresponding  to  the  respective  annealing  tem¬ 
peratures  in  the  strain  rate  range  0.00011/sec  -  0.026/sec.  Details  of  the  test  procedures 
are  given  elsewhere  [4].  Typical  true  stress  -  true  strain  curves  for  alloys  1,  4  and  6  cor¬ 
responding  to  the  lowest  strain  rate  (0.00011/sec)  and  highest  strain  rate  (0.026  /sec  )  at 
973  K  are  shown  in  Fig.  3.  The  curves  corresponding  to  other  testing  conditions  are  not 
shown  here  [5]. 

Optical,  SEM  and  TEM  investigations  were  also  carried  out  on  the  as  annealed  and 
deformed  specimens  by  standard  techniques  (  5,  6  ). 

Results  and  Discussion 

From  the  true  stress  -  true  strain  curves,  such  as  those  shown  in  Fig.  3,  flow  stresses 
corresponding  to  0.2,  0.5,  5,  10  and  20  %  offset  strains  were  determined.  Variation  of  flow 
stress  corresponding  to  20  %  offset  strain  with  beta  volume  percent  is  shown  in  Fig.  4. 
Similar  curves  were  obtained  for  other  offsets  at  different  temperatures  (5). 

To  understand  the  deformation  behavior,  an  attempt  has  been  made  to  calculate 
approximate  activation  energies  for  the  deformation  mechanisms  emd  the  procedure  is  as 
follows. 

The  relationship  between  flow  stress  and  strain  rate  has  been  analyzed  using  the  Dom 
equation  [7] 

. 

where  G  is  the  shear  modulus,  b  the  burgers  vector,  k  the  Boltzman  constant,  R  the  gas 
constant,  T  the  absolute  temperature,  Q  the  activation  energy,  e  the  strain  rate,  er  the 
flow  stress  and  A  and  n  are  dimensionless  constants.  The  approximate  shear  modulii  for 
different  alloys  were  calculated  from  data  available  in  literature  [8]. 

For  determination  of  activation  energies  the  flow  stresses  corresponding  to  the  20  % 
offset  strain  were  used  because  steady  state  behavior  was  observed  for  all  of  these  alloys 
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Fig.  1  ;  Typical  microstructures  of  alpha,  alpha  •  beta  and  beta  titanium  eiloys  which  were  anneaied  lor 
300  hours  at  973  K  foiiowed  by  water  quenching. 


Fig.  2  :  Eltect  Of  beta  voiume  percent  on  grain  and  Fig.  3  :  Effect  of  strain  rate  on  the  stress  ■  strain 

particle  siaes  in  various  Ti  •  Mn  alioys.  behavior  of  alpha  (alloy  l),  alpha  •  beta 

(alloy  4)  and  beta  (alloy  6)  Ti  -  Mn  aiioys. 
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at  this  strain.  As  mentioned  above,  flow  stresses  for  a  given  offset  strain  vary  with  beta 
volume  percent,  temperature  and  strain  rate.  Given  that  for  a  specific  alloy  composition  the 
volume  percent  of  phases  changes  with  temperature  [9],  to  obtain  the  relationship  between 
flow  stress  and  voltime  percent  beta,  the  experimental  data  was  fitted  to  a  third  degree 
polynomial.  FVom  this  fitted  relationship  the  corresponding  flow  stresses  were  obtained  for 
different  volume  percents  of  beta  phase  corresponding  to  0,  20,  40,  60,  80  and  100  %  beta. 
It  is  to  be  noted  that  flow  stresses  corresponding  to  these  selected  volume  percents  were 
used  for  determining  the  activation  energies. 

For  a  given  temperature  and  strain,  equation  [IJ  can  be  used  to  determine  the  strain 
rate  dependency  of  flow  stress.  Such  plots  are  shown  in  Fig.  5  for  an  all  alpha  alloy.  For 
this  alloy  and  the  other  alloys,  not  shown  here,  the  stress  exponents,  n  ,  were  obtained 
from  the  slopes  of  these  plots  for  the  three  test  temperatures.  For  a  given  alloy  the  stress 
exponents  were  not  significsintly  different  for  the  three  test  temperatures.  Therefore,  the 
n  values  were  averaged  for  the  three  temperatures  and  they  were  found  to  be  4.3,  4.75, 
4.4,  4.1,  3.8  and  3.1  for  alloys  with  0,  20,  40,  60,  80  and  100  %  beta,  respectively. 

Since  the  n  values  are  known,  from  equation  [Ij,  for  a  given  strain  rate,  it  is  possible  to 
obtain  the  activation  energy  by  plotting  the  natural  logarithm  of  flow  stress  as  a  function 
of  1/T.  Such  a  plot  for  an  all  alpha  alloy  is  shown  in  Fig.  6.  It  is  to  be  noted  that  the  slopes 
are  similar  at  all  the  four  strain  rates  for  this  alloy  indicating  that  similar  mechanisms  are 
operating  in  the  strain  rate  range  considered.  However,  the  slopes  for  the  other  alpha  - 
beta  alloys  were  different  for  different  strain  rates  indicating  a  change  in  the  predominant 
deformation  mechanism  with  strain  rate. 

It  is  to  be  noted  that  the  stresses  used  in  equation  [1]  are  actually  true  stresses  ob¬ 
tained  by  taking  into  consideration  the  instantaneous  cross-sectional  area  of  the  specimen. 
However,  similar  corrections  were  not  made  for  variation  in  strain  rate  as  its  effect  is  not 
expected  to  be  significant  (10)  and  hence  would  not  significantly  affect  the  activation  en¬ 
ergies  obtained.  Due  to  the  number  of  assumptions  made  in  estimating  the  activation 
energies,  they  are  considered  to  be  approximate  apparent  activation  energies.  Neverthe¬ 
less,  they  give  valuable  information  in  the  determination  of  the  predominant  deformation 
mechanisms  operating  in  these  alloys. 

Deformation  Behavior  of  o  phase 

Observation  of  Figs.  3  and  4  shows  that  the  high  temperature  flow  stresses  increase 
with  strain  rate  and  decrease  with  temperature  exhibiting  mild  strain  hardening  behavior 
for  the  alpha  alloy.  Part  of  the  increase  in  flow  stress  with  decrease  in  temperature  is 
due  to  the  decrease  in  grain  size  of  the  o  -  phase,  not  shown  here.  The  stress  exponent 
for  this  alloy  which  can  be  obtained  from  Fig.  5,  is  similar  to  the  vrJues  reported  earlier 
by  other  investigators  for  the  alpha  phase  (7,  10,  12).  The  activation  energies  determined 
from  Fig.  6,  are  shown  in  Fig.  7  for  various  strain  rates  and  they  are  in  the  range  210 
-  250  kJ/mole  for  this  alpha  alloy.  These  values  are  close  to  the  activation  energy  for 
self  diffusion  of  alpha  titanium  as  reported  earlier  by  several  other  investigators  [7,  10, 
12).  This  observation  suggests  that  the  deformation  mechanism  in  alpha  titanium,  in  the 
temperature  range  studied,  is  controlled  by  lattice  diffusion.  In  addition,  the  range  of 
stress  exponents  obtained  further  suggests  that  the  deformation  is  predominantly  climb 
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controlled  [10].  FVtrther  evidence  for  this  suggestion  comes  from  the  TEM  observations  of 
the  deformed  specimens  for  this  adloy  where  subgrain  formation  was  observed  [5]. 

Deformation  Behavior  of  0  phsMe 

Unlike  a  -  phase,  the  0  -  phase  exhibits  abrupt  flow  stress  drops  followed  by  steady 
state  behavior,  see  alloy  6  in  Fig.  3.  As  shown  in  this  figure,  the  magnitude  of  the 
flow  stress  drop  increases  with  strain  rate.  In  addition,  the  extent  of  drop  decreases  with 
increase  in  temperature,  not  shown  here.  In  the  past,  several  investigators  [11  -  16]  have 
attributed  both  the  flow  stress  drops  and  the  subsequent  steady  state  behavior  to  the 
process  of  dynamic  recovery.  Recently  [4,  5,  16],  the  authors  have  considered  the  initial 
flow  stress  drops  and  the  subsequent  steady  state  behavior  separately  and  have  suggested 
that  the  former  is  due  to  the  multiplication  of  mobile  dislocations  whereas  the  latter  is  due 
to  dynamic  recovery.  The  n  values  and  the  activation  energies  obtained  in  this  investigation 
further  support  these  earlier  suggestions  as  explained  below. 

As  mentioned  above,  the  stress  exponents  for  0  -  phase  was  found  to  be  in  the  range  3 

-  3.3.  This  is  significantly  lower  than  the  values  rei>orted  for  pure  0  -  titanium  [15].  Given 
that  the  0  -  phase  in  the  present  investigation  is  a  solid  solution  of  manganese  in  titanium, 
the  difference  in  n  values  appears  to  be  related  to  the  dislocation  -  solute  atom  interaction 
[7].  The  low  n  values  also  suggest  that  the  deformation  ia  0  -  phase  is  predominantly  glide 
controlled  [7].  The  activation  energies  shown  in  Fig.  7  for  ^  -  phase  is  in  the  range  210 

-  280  kJ/mole.  These  values  arc  close  to  the  activation  energies  for  self  and  solute  lattice 
diffusion  in  0  titanium  [15].  This  is  also  consistent  with  the  suggestion  that  the  deformation 
in  ^  -  titanium  of  Ti  -  Mn  alloys  is  predominantly  controlled  by  lattice  diffusion.  The 
microstructural  observation  of  specimens  after  deformation  also  suggest  that  the  flow  stress 
drop  is  due  to  the  multiplication  of  mobile  dislocations  and  the  subsequent  steady  state 
behavior  is  due  to  the  process  of  dynamic  recovery  leading  to  the  formation  of  subgrains 
[16]. 

Defornnation  Behavior  of  a  —  0  alloys 

As  shown  in  Fig.  1,  the  a  -  0  alloys  consist  of  equiaxed  type  microstructures  and  the 
particle  and  griun  sizes  of  the  a  and  0  phases  are  much  smaller  than  the  grain  sizes  of  the 
terminal  a  and  0  phases.  As  shown  in  Fig.  3,  for  a  given  temperature  and  strain  rate, 
the  curves  for  a  given  a  —  0  sJloy  are  between  those  of  the  o  and  0  curves.  Furthermore, 
flow  stress  drops  were  also  observed  in  a  —  0  alloys  and  the  extent  of  drop  increased  with 
beta  volume  percent  and  strain  rate  for  a  given  temperature.  In  addition,  the  extent  of 
drop  decreased  with  an  increase  in  temperature.  For  a  given  temperature,  the  flow  stress 
did  not  vary  linearly  with  beta  volume  percent,  see  Fig.  4.  The  actual  variation  depended 
on  volume  percent  of  phases  and  strain  rate.  Flow  stresses  for  the  lowest  strain  rate 
(0.00011 /sec)  were  actually  found  to  be  lower  for  an  alloy  with  about  50  %  beta  than  for 
an  alloy  with  20  %  beta  alloy.  Furthermore,  the  strength  of  this  alloy  is  much  lower  than 
one  would  expect  based  on  the  law  of  mixtures.  These  observations  suggest  that  a  new 
deformation  mechanism  may  be  operating  and  such  a  mechanism  \so  —  0  interface  sliding. 
Given  that  a  —  0  interface  sliding  has  been  observed  even  at  room  temperature  [17],  it  is 
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reasonable  to  expect  this  mechanism  to  operate  at  high  temperatures. 

The  activation  energies  shown  in  Fig.  7  are  consistent  with  the  suggestion  that  a  -  0 
interface  sliding  is  a  predominant  deformation  mechanism.  It  is  to  be  noted  that  the 
activation  energies  obtmned  for  an  alloy  with  equal  volume  percents  of  a  and  ^  phases  is 
about  half  of  that  obtained  for  the  a  oi  0  phase.  Observation  of  the  microstructures  of 
the  undeformed  and  deformed  specimens  with  fiducial  lines  indicated  interface  sliding  [5j. 
Interface  sliding  was  found  to  he  much  more  significant  at  923  K  as  compared  to  973  K. 
This  appears  to  be  due  to  the  much  finer  microstructures  at  923  K.  In  fact,  the  flow  stress 
of  an  alloy  with  almost  equal  volume  percents  of  phases  was  found  to  be  the  same  at  923 
K  and  at  973  K.  However,  as  the  strain  rate  is  increased  from  0.00011/sec  to  0.026/sec, 
the  flow  stress  of  this  alloy  increased  and  it  was  found  to  be  about  the  same  or  slightly 
larger  than  that  of  an  alloy  with  20  volume  percent  beta.  Also,  the  activation  energies 
increased  with  strain  rate  and  were  close  to  that  of  the  a  and  0  phases  suggesting  that 
the  deformation  is  controlled  by  lattice  diffusion.  The  increase  in  activation  energy  with 
strain  rate  suggests  that  a  —  0  interface  sliding  may  not  be  the  predominant  mechanism 
at  these  high  strain  rates. 

In  regard  to  an  alloy  with  20  volume  percent  0  phase  or  an  alloy  with  20  volume 
percent  a  -  phase,  the  activation  energies  correspond  to  that  for  lattice  diffusion  which 
indicates  that  the  deformation  is  predominantly  lattice  diffusion  controlled.  More  work  is 
needed  to  confirm  these  suggestions. 

Conclusions 

1.  The  flow  stresses  of  the  a  —  0  Ti  -  Mn  alloys,  in  the  temperature  range  923  -  1023 
K  and  in  strain  rate  range  0.00011/sec  -  0.026/3ec,  did  not  vary  linearly  with  beta 
volume  percent.  The  deviation  from  linearity  depended  on  strain  rate,  beta  volume 
percent  and  temperature. 

2.  Stress  exponents,  n,  for  various  o,  o  —  /?,  amd  0  alloys  were  determined  and  were  found 
to  be  in  the  range  3.1  -  4.8.  In  addition,  the  corresponding  activation  energies  for 
deformation  were  also  determined.  For  a  and  0  alloys  the  activation  energies  were 
found  to  be  close  to  the  activation  energies  for  self  and  solute  lattice  diffusivities. 

3.  Based  on  the  stress  exponents,  activation  energies  and  microstructural  studies  of  un¬ 
deformed  and  deformed  specimens,  it  is  suggested  that  the  deformation  mechanism 
in  alpha  is  controlled  by  lattice  diffusion.  For  the  beta  phase  also  it  is  suggested  that 
the  deformation  is  controlled  by  lattice  diffusion. 

4.  However,  in  a  -  0  alloys,  the  deformation  mechanism  appears  to  depend  on  volume 
percent  of  beta  phase  and  strain  rate.  For  o  —  3  alloys  with  20  volume  percent  beta 
and  80  volume  percent  beta  the  deformation  mechanism  appears  to  be  similar  to  the 
a  and  0  phases  i.e.,  lattice  diffusion  controlled.  When  the  volume  percent  of  o  is 
about  50,  the  deformation  mechanism  appears  to  be  predominantly  a  —  0  interface 
sliding  at  low  strain  rates  and  it  gradually  changes  to  lattice  diffusion  controlled  at 
high  strain  rates.  More  work  is  needed  to  confirm  this  suggestion. 
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Abstract 

The  formation  and  growth  of  fatigue  cracks  in  a  near  alpha  IMI  834  Ti  alloy  has  been  studied  as  a  function  of 
microstructure  and  stress  ratio.  In  alpha  plus  transformed  beta  microstructures,  cracks  tended  to  form 
preferentially  in  the  primary  alpha  phase  along  intense  localised  slip  bands  oriented  between  30  and  70°  to  the 
principal  stress  direction.  Subsequent  crack  propagation  was  found  to  be  independent  of  the  alpha  phase  volume 
fraction  and  relatively  insensitive  to  variations  in  the  prior  beta  grain  size.  Crack  growth  was  observed  to  be 
highly  irregular  in  nature  and  was  accompanied  by  an  imermitient  mode  of  fracture  with  crack  arrest,  secondary 
cracking  and  crack  lip  deflection  occurring  within  alpha  colonies  and  at  primary  alpha  and  prior  beta  phase  grain 
boundaries.  The  transition  between  short  and  long  crack  growth  regimes  was  characterised  by  a  progressive 
reduction  in  the  frequency  and  duration  of  crack  arrests  and  by  an  apparent  build-up  in  fractographic  features 
commonly  associated  with  crack  closure. 


Inlrtxluction 

The  fatigue  crack  growth  response  of  Ti  and  Ti  alloys  has  been  studied  extensively  and  in  most  respects  the 
microstructural  features  which  influence  the  growth  of  long  cracks  have  been  well  documented  [1-3).  It  is  now 
widely  accepted  that  acicular  or  colony  based.  Widmanstatten  microstructures  developed  as  a  result  of  thermal 
processing  or  heat  treaunent  within  the  beta  phase  field  exhibit  the  greatest  resistance  to  fatigue  crack 
propagation.  In  general  such  improvements  have  been  explained  in  terms  of  the  crack  path  tonuosity  and  the 
alpha  colony  size.  Crack  propagation  is  invariably  characterised  by  extensive  crack  tip  bifurcation  and  by 
secondary  cracking  both  parallel  and  perpendicular  to  al|^a  /  beta  platelet  interfaces.  The  net  result  is  an 
increased  contribution  from  roughness  induced  crack  cic  ure  and  an  associated  reduction  in  the  level  of  AK  at  the 
crack  lip  due  to  strain  energy  dispersal  across  the  growing  crack  from.  Whilst  the  mechanistic  features  associated 
with  the  growth  of  long  cracks  is  well  established,  somewhat  less  attention  has  been  directed  at  the  growth  of 
cracks  in  the  short  aack  regime.  In  particular,  experimental  data  relating  to  the  effects  of  grain  size  and  alpha 
phase  distribution  is  lacking  and  where  studies  have  been  carried  out  the  findings  have  often  been  inconclusive 
[4.5].  The  principal  experimental  objective  of  the  present  study  has  been  to  examine  the  microstructural 
parameters  (alpha  phase  volume  fraction  and  prior  beta  phase  grain  size)  which  influence  the  formation  and 
growth  of  short  and  long  fatigue  cracks  in  the  near  alpha  IMI  834  Ti  alloy  with  a  view  to  developing  an  improved 
understanding  of  the  mechanistic  features  which  influence  failure. 

ExperlmenUl. 

The  principal  objective  of  the  experimental  programme  was  to  examine  the  effects  of  alpha  phase  volume  fraction 
and  prior  beta  phase  grain  size  on  the  growth  of  long  and  short  fatigue  cracks  in  'alpha  plus  beta'  and  'fully  beta' 
beat  treated  microsiructutes.  Studies  were  conducted  on  a  near  alpha  IMI  834  Ti  alloy  (nominal  composition  Ti- 
6AI-4Sn-3.3Zr-0.7Nb-  0.5Mo-0.35Si-0.05C)whtch  had  been  beat  heated  at  selected  temperatures  above  and 
below  the  beta  iransus  to  yield  alpha  phase  volume  fractions  of  5.  IS  and  23%  and  prior  beta  grain  sizes  ranging 
from  approximately  40  lua  up  to  1.0  mm.  The  various  heat  treatment  conditions  us^  in  the  fatigue  crack  growth 
programme  are  listed  in  Table  I  together  with  informatitm  relating  to  the  variations  in  microstructure  and 
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mechanical  properties.  Microslruclures  generated  as  a  result  of  heat  ueaunent  below  the  beta  transus  were 
characterised  by  the  presence  of  a  dual  phase  structure  consisting  of  a  dispersion  of  primary  alpha  grains  in  a 
relatively  fine  grained,  uansformed  beta  matrix.  In  contrast  material  heat  treated  within  the  beta  phase  field 
exhibited  a  predominantly  acicular  microstructure  consisting  of  non-aligned  alpha  colonies  in  a  coarse  grained 
matrix. 


Table  1  Heat  treatment  conditions,  mechanical  prtqtenies  and  microsuuctural 
characteristics  of  materials  used  in  the  fatigue  ctadc  ^wih  programme. 


Heat 

Treatment 

Volume  % 
Alpha 

Primary  Alpha 

GS  (^m 

Prior 

Beta  GS 
(MIT) 

0.2*  PS 
(MPa) 

UTS 

(MPa) 

%EL 

%RA 

1/2  Hrll00°C 

0 

420 

1000 

1100 

4.7 

2  Hrs  1044*C 

5 

16 

120 

984 

1073 

126 

18.7 

2  Hre  1028°C 

15 

19 

60 

981 

1069 

13.2 

23.8 

2  Hrs  1015*C 

25 

22 

46 

976 

1063 

128 

22.8 

(All  materials  were  subjected  to  a  2  hour  age  following  solution  treatment  and  oil-quenching.) 


Short  crack  growth  studies  were  conducted  at  R=O.I  and  R=0.7  using  axially  loaded,  hour-glass  specimens  of 
thickness  3  mm  and  Kt  =  1 .03  and  rectangular  sectioned  three  and  four  point  bend  specimens  of  dimensions  5  mm 
X  IS  mm.  Each  were  loaded  to  a  peak  stress  value  equivalent  to  between  70  and  90%  of  the  uniaxial  yield  stress. 
Long  crack  growth  data  was  generated  using  axially  aligned,  corner  notched  specimens  of  dimensions  S  mm  x  S 
mm.  In  most  cases  short  cracks  were  allowed  to  initiate  naturally.  However,  brcause  problems  were  encountered 
with  the  coarser  grained  beta  heat  treated  micro-struciure  it  was  found  nece.ssary  to  grow  cracks  from  artificial 
defects  introduced  on  the  specimen  surface  by  an  EDM  technique.  All  te.sis  (long  and  short)  were  carried  out  in 
air  at  ambient  temperature  (-  25'’C)  using  a  Dartec,  50  kN  capacity,  servo-hydraulic  testing  machine  operated 
under  cun.stant  amplitude  load  control  at  a  frequency  of  25  Hz.  The  crack  formation  charaaeristics  of  the  material 
and  subsequent  growth  was  monitored  intermittently  ( »  KXX)  cycle  intervals  for  short  cracks)  at  mean  load  using 
the  acetate  replication  technique.  AK|  values  for  both  short  and  long  cracks  were  calculated  on  the  basis  of  the 
projected  aack  length  measured  perpendicular  to  the  stress  axis  using  appropriate  solutions  derived  by  Pickard 
(6)  and  by  Scott  and  Thorpe  (7). 


Results  and  Di.scus.sion. 

Microstnictural  Features  Associated  With  Crack  Initiation. 

The  micro.siruclural  features  a,s.sociaied  with  crack  formation  and  subsequent  propagation  in  a  15%  alpha 
microstructure  te.sied  at  R=0. 1  using  a  peak  stress  equivalent  to  80%  of  the  uniaxial  yield  stress  are  illustrated  in 
figure  I .  Cracks  tended  to  form  preferentially  in  the  primary  alpha  pha.se  and  were  normally  associated  with  the 
development  of  inten.se  slip  bands  at  angles  of  between  30  and  70°  to  the  principal  suess  axis.  Slip  band  cracking 
has  been  reported  to  occur  predominantly  in  materials  where  cross  slip  is  restricted  and  where  there  is  an 
associated  tendency  towards  strain  localisation  [6.7].  Since  such  effects  tend  to  be  pronounced  in  alpha  Ti  and  in 
the  near-alpha  Ti  alloys  it  follows  that  the  crack  initiation  response  of  such  materials  will  be  significantly 
dependent  on  microstruclural  variations  such  as  grain  orientation,  alpha  phase  volume  fraction  and  the  prior  beta 
phase  grain  size  since  such  parameters  will  alter  the  materials  capacity  for  slip  band  formation  and  strain 
localisation.  The  po.ssible  effects  of  texture  and  grain  orientation  on  crack  initiation  and  subsequent  stage  I  crack 
propagation  is  to  some  extent  reflected  in  the  crack  path  morphology.  As  indicated  in  figure  I,  cracks  on 
emerging  from  their  grain  of  origin  invariably  maintained  their  directionality,  propagating  at  an  angle  to  the  stress 
axis  for  a  significant  period  before  finally  being  deflected  in  towards  the  central  axis,  at  a  grain  boundary  or  an 
alpha  colony  interface.  Such  obst  vriu.as  would  tend  to  .sugge.st  that  slip  compatibility  between  neighbouring 
alpha  and  transformed  beta  grains  is  ar.  important  consideration  in  the  process  of  crack  formation. 

Although  crack  initiation  in  alpha  plus  transformed  beta  microsUuctures  was  ob.served  to  he  specific  to 
the  alpha  pha.se  (he  overall  resistance  to  crack  formation  and  subsequent  propagation  was  found  to  be  relatively 
insensitive  to  variations  in  the  alpha  phase  volume  fraction  within  the  range  5  to  25%<.  Whilst  these  observations 
are  surprising  they  can  he  rationalised  in  terms  of  the  relative  changes  in  the  prior  beta  grain  size.  In  general,  as 
the  alpha  phase  volume  fraction  is  increased  (here  is  a  corresponding  decrease  in  the  prior  beta  phase  grain  .size. 
Consequently,  although  the  number  of  potential  sites  for  crack  initiation  invariably  incTea.se  as  the  alpha  phase 
volume  fraction  is  increa.sed.  (he  mean-free  path  for  slip  decreases  by  virtue  of  the  decreasing  beta  pha.se  grain 
.size. 
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Whilst  the  resistance  to  crack  initiation  in  alpha  plus  transformed  beta  microstructures  was  found  to  be 
insensitive  to  variations  in  the  alpha  phase  volume  fraction,  the  importance  of  the  alpha  phase  in  promoting  crack 
formation  is  to  some  extent  reflected  in  the  difficulties  which  were  experienced  in  initiating  stable  cracks  in 
coarse  grained,  beta  heat  treated,  fully  uansformed  beta  microsuuctures.  Self  initiated  cracks  were  only  observed 
in  this  material  when  the  peak  stress  level  was  increased  to  in  excess  of  909  of  the  uniaxial  yield  stress.  Slip  band 
cracking  was  again  the  dominant  mode  of  initiation  with  slip  bands  developing  primarily  within  closely  aligned 
alpha  colonies  at  prior  beta  phase  grain  boundaries.  Figure  2  shows  a  typical  initiation  .site  and  demonstmies  the 
early  stages  of  development  for  a  crack  formed  in  material  which  had  been  heal  ueaiLd  for  a  half  hour  at  1 100''C. 
In  this  particular  instance  crack  initiation  appeared  to  be  as.sociated  with  a  shear  di.splacemeni  which  resulted 
from  slip  within  two  closely  spaced,  parallel  slip  band.s,  the  resultant  crack  extending  rapidly  across  a  prior  beta 
phase  grain  boundary  before  being  deflected  at  neighbouring  beta  phase  grain  bound^.  Although  slip  band 
formation  appeared  to  be  a  pre-requisite  for  crack  formation  such  cracks  did  not  necessarily  propagate  to  failure. 
A  feature  specific  to  beta  heal  treated  microsiruclures  was  the  high  incidence  of  non-propagating  cracks.  Such 
cracks  invariably  formed  early  in  the  specimen  life  and  were  normally  associated  with  the  development  of  planar 
or  serrated  slip  bands  either  at  prior  beta  phase  grain  boundaries  or  within  closely  aligned  alpha  colonies.  In 
general  such  cracks  rended  to  form  in  clusters  within  individual  grains  and  in  many  cases  were  observed  to  extend 
across  the  full  grain  diameter,  .sometimes  extending  across  grain  boundaries. 

Effect  of  Aloha  Phase  Volume  Fraction  on  Crack  Propagation. 

Self-initialed  short  crack  growth  data  obtained  under  tensile  loading  at  R=0. 1  for  alpha  phase  volume 
fractions  ranging  from  5  up  to  259  are  presented  in  figure  3.  The  principal  differences  between  long  and  short 
crack  growth  behaviour  are  demonstrated  for  a  159  alpha  micro.structure  in  figure  4.  A  classic  short  crack  effect 
is  observed  with  short  cracks  exhibiting  fa.sler  growth  rales  and  with  crack  growth  persisting  at  AKj  values 
significanUy  below  the  long  crack  threshold  at  both  R=0.1  and  R=0.7.  In  general,  crack  propagation  both  within 
the  long  and  the  short  crack  growth  regime  was  observed  to  he  relatively  in.scn.siiive  to  variations  in  the  alpha 
phase  volume  fraction  and  hence,  since  the  two  parameters  are  inier-rclaied.  to  small  changes  in  the  prior  beta 
phase  grain  size.  Crack  propagation  within  the  short  crack  regime  was  found  lo  be  highly  irregular  and  was 
accompanied  by  an  intermiiicnl  mode  of  growth  with  crack  arre.sl  (da/dN  «  10'*  mm/cycle)  occurring  both  within 
alpha  colonies  and  at  primary  alpha  and  prior  beta  phase  grain  boundaries.  Considering  the  results  presented  in 
figure  4  it  is  apparent  that,  for  alpha  plus  transformed  beta  microsiruclures.  crack  arrest  lends  to  occur  primarily 
within  a  narrow  region  of  AK|  bounded  by  the  long  crack  thresholds  at  R=0.1  and  R=0.7.  Within  this  region,  as 
the  level  of  AK|  is  increased,  there  is  a  progressive  reduction  in  both  the  frequency  and  duration  of  crack  arrest 
points  and  a  general  convergence  in  the  long  and  the  short  crack  growth  curves. 

Figuic  5  compares  short  crack  growth  data  obtained  under  three  point  bend  loading  for  a  159  alpha 
microsUucture  at  R=0. 1  and  R=0.7.  In  contrast  to  observations  made  for  long  cracks  ( figure  4)  the  growth  of  shon 
cracks  was  found  to  be  independent  of  the  stress  ratio  suggesting  a  possible  reduction  in  crack  closure  effects.  The 
potential  ab.sencc  of  crack  closure  effects  within  this  regime  have  been  di.scus.sed  by  a  number  of  workers 
[(10.1  IJ.  There  is.  however,  little  experimental  evidence  lo-dalc  lo  either  confirm  or  deny  such  considerations. 
Recent  in-siiu  SFM  studies  conducted  by  llalliday  1 12)  of  the  crack  opening  displaccmcmetu  at  the  cenue  of  a 
500  pm  crack  contained  in  a  159  alpha  microstruclurc  have  demonstrated  that  crack  closure  only  occurs  at  loads 
approaching  zero.  Such  measuremenLs.  combi.~.ed  with  the  resulLs  presented  in  figure  5.  would  lend  lo  suggest  that 
crack  closure  plays  only  a  minor  role  in  short  cvack  propagation;  an  observation  which  is  consistent  with  finite 
element  predictions  made  by  /hang  113|.  Figure  6  illustrates  some  of  the  major  fraciographic  variations  observed 
as  a  function  of  crack  depth  for  short,  freely  initialed  cracks  grown  in  a  159  alpha  microsuuciure.  Consistent 
with  mclallographic  observations  relating  lo  the  crack  path  morphology  (i.c.  figures  1  and  2).  crack  initiation  and 
the  early  stages  of  crack  propagation  were  characterised  by  a  highly  faceted  mode  of  fracture  with  extensive 
.secondary  aacking  and  transgranular  cleavage  (figure  6a).  Although  such  features  were  maintained  throughout 
the  .short  crack  regime,  as  the  crack  length  increased,  an  increasingly  mixed  mode  of  fracture  was  observed 
(figure  6b)  with  the  fracture  surface  exhibiting  increasing  levels  of  pKasiic  tearing.  A  gradual  build-up  in  the  level 
of  crack  face  interactions  (a  feature  normally  as.s(x;i,aied  with  crack  closure)  was  reflected  by  a  general  incrca.se  in 
the  degree  of  asperity  flattening  and  by  the  detection  of  rubbing  dam-rge  on  the  fracture  surface  (figure  6c).  Such 
features  only  really  became  .'ipparcnl  at  crack  depths  greater  than  approximately  400  pin  and  were  ultimately 
accompanied  by  a  transition  to  a  classic  striated  mode  of  fracture  at  crack  depth  in  excess  of  =  450  pm  (figure 
6d). 

Crack  Propagation  in  Beta  Heat  Treated  Microstructures. 

Figure  7  compares  short  and  long  crack  growth  data  obtained  at  R=0. 1  for  a  beta  heal  treated 
microstruclurc.  In  keeping  with  the  results  presented  in  figure  4  for  alpha  plus  hansfonned  beta  inicrosinjclures  a 
significant  short  crack  effect  is  demonslralcd  with  short  cracks  exhibiting  significiuiily  faster  growth  rates  than 
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their  long  crack  counterparts  for  similar  levels  of  AK|.  In  figure  8  long  and  short  crack  growth  data  obtained  at 
R=0.l  for  beta  heat  treated  material  (1/2  hour  1  t00°O  are  armpared  with  similar  results  obtained  for  a  lf>%  alpha 
microsiructure.  The  absence  of  short  crack  data  for  beta  heal  treated  microsiruclures  at  AKj  values  below 

approximately  5.0  MPa.m'^^^  and  at  surface  crack  lengths  less  than  approximately  200  pm  clearly  precludes  a 
detailed  comparison  of  the  short  crack  growth  behaviour  of  the  two  microslruclural  conditions.  Crack  growth 
rales  observed  at  higher  values  of  AK|  are.  however,  comparable.  Con.sequently  for  AIC[  values  within  the  range 
5-10  MPa.m'^^^  it  may  be  concluded  that  the  growth  of  short  surface  cracks  is  independent  of  changes  in  the 
prior  beta  pha.se  grain  size  and  associated  variations  in  the  microstruciural  morphology.  The  absence  of  a 
microstructural  effect  within  the  long  crack  regime  is.  perhaps,  a  little  more  surprising.  The  improved 
performance  of  colony-based.  Widmanstallen-iype  mictostructures  is  now  widely  accepted  and  has  been 
attributed  to  increasing  levels  of  secondary  cracking,  crack  Up  fragmenlaUon  and  suain  energy  dispersal  across  a 
more  complex  crack  front  (1.2.3).  Although  crack  Up  bifurcaUon  was  observed  in  the  present  microsiructures 
(figure  9).  wiUi  secondary  cracking  and  crack  branching  occurring  along  the  crack  front,  the  contribuUons  of  such 
crack  Up  microslruclural  inleracUons  in  terms  of  the  overall  da/dN  Vs  AK|  curve  cannot  be  quanUfied  at  this 
stage.  Despite  significant  differences  in  the  crack  path  morphology  the  rate  of  crack  growth  within  the  Paris  and 
Uie  near-threshold  regions  of  the  crack  growUi  curve  were  es.senlially  independent  of  die  prior  beta  phase  grain 
size  and  the  alpha  phase  volume  fraction. 


Conclusions. 

1.  Crack  initiation  in  alpha  plus  transformed  beta  and  in  beta  heal  ueated  microsiructures  was  found  to  be 
a.ssocialed  with  the  development  of  intense  slip  bands  either  in  primary  alpha  grains  or  in  closely  aligned  alpha 
colonies  at  prior  beta  pha.se  grain  boundaries.  Cracks  tended  to  occur  preferenUally  in  the  alpha  phase  and  on  Uiis 
basis  the  intrinsic  resistance  of  the  material  to  crack  formation  increased  in  Ute  fully  beta  heal  treated 
microstruclurc. 

2.  Despite  the  general  preference  for  cracks  lo  form  wiUiin  Ute  alpha  phase  the  growth  of  short,  self-initiated 
faUgue  cracks  was  ob.served  to  be  independent  of  the  alpha  phase  volume  fracUon  and  the  prior  beta  pha.se  grain 
size.  Crack  growth  rales  observed  for  beta  heat  treated  microsiructures  at  AKj  values  in  excess  of  5.0  MPa.m'*^^ 
were  found  to  be  comparable  with  results  obtained  for  alpha  plus  uansformed  beta  microsuuclures. 

3.  The  growth  of  short,  self-initialed  cracks  in  alpha  plus  iransfoimed  beta  microsu-uctures  was  found  to  be 
independent  of  the  stress  raUo.  This  is  in  direct  coniiasi  lo  observaUons  made  for  long  cracks  and  is  consistent 
with  a  closure  free  mode  of  growth  wiUtin  the  short  crack  regime. 

4.  The  growUi  of  long  faUgue  cracks  was  found  lo  be  independent  of  variaUons  in  die  alpha  phase  volume  fiacUon 
and  changes  in  the  prior  beta  phase  grain  size.  Threshold  AK|  values  observed  at  R=0.l  for  beta  heat  treated 
microsiructures  with  prior  beta  phase  grain  sizes  ranging  up  lo  approximately  650  pm  were  found  to  be 
comparable  with  tho.se  observed  in  alpha  plus  iransfoimed  beta  microsiruclures. 

5.  The  transition  between  short  and  long  fatigue  crack  growth  behaviour  in  alpha  plus  transformed  beta 
microsiruclures  was  found  lo  be  characterised  by  a  progressive  reduction  in  the  frequency  and  duration  of  crack 
arrest  points  and  by  an  apparent  build-up  in  fraclographic  features  normally  as.sociai^  with  crack  closure. 

RcfereiKCS. 

11)  G  R  Yoder,  L  A  Cooley  and  T  W  Crooker.  MetallTrans.  Vol9A.  1978.  pl413. 

(2)  G  T  Gray  and  G  Leuljering.  "Titanium.  Science  and  Technology.".  DeuLsche  Ge.sell.schafl  fur  Melallkunde. 
Munich.  1985.p21l5. 

(3)  J  C  Che.snull.  "Titanium.  Science  and  Technology  ".  Deutsche  C>e.sell.schafl  fur  Metallkunde.  Munich.  1985. 
p227. 

(4)  L  Wagner.  J  K  Gregory.  A  Gysler  and  G  Leuljering.  "Small  Fatigue  Cracks.",  a).  R  O  Ritchie  and  J  Lankford. 
AIME.  Wanendal.  Pa..  1986.  pl7L 


(5)  C  W  Drown  and  D  Taylor.  "Fatigue  Crack  Growth  Threshold  Concepts.",  aL  D  David.son  and  S  Suresh,  The 
Metallurgical  Soc.  AIME  1984,  p2S2. 


[6]  A  C  Pickard,  The  Application  of  3-D  Finite  Element  Methods  to  Fracture  Mechanics  and  Fatigue  Life 
Prediction..  EMAS,  1986. 

[7]  P  M  Scott  and  T  W  Thorpe,  Fatigue  of  Engng  Mater  Struct,  Vol  4  (4),  1981.  p29 1 . 


1,74S 


Crack  depth  (pm) 


Figure  3  .  Effect  of  alpha  phase  volume  fraction  on  the  growth  of  short,  self-initiated 
cracks  in  the  near  alpha  IMI  834  Ti  alloy.  All  tests  were  conducted  under 
tensile  loading  at  R^.  I . 


AK  (MPaVm) 

Figure  4.  Comparison  of  long  (R=O.I  and  R=0.7)  and  short  (R=0.I)  fatigue  crack  growth 
data  obtained  for  a  1S%  alpha  containing  microstructute  tested  under  tensile  load. 
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Figure  .S.  Effect  of  stress  ratio  on  (he  growth  of  short  fatigue  cracks  in  a  13%  alpha 
microstrticture  tested  under  three-point  bend  loading. 
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rigure  6  .  V'ractographic  features  associated  with  short  fatigue  cracks  grown  in  a  15'?!  alpha 
micmstnicture  at  RsO.  I  under  three-point  bend  loading  (a)  crack  depth  >  30  4m. 
(h)  crack  depth  »  180  4m.  (c)  crack  depth  >  4.30  4m  and  (d)  >  450  4m. 
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I'igurc  7  Comparison  of  long  and  short  fatigue  crack  growth  data  obtained  at  K=0.l  for  material 
heat  treated  for  a  hiUf  hour  at  1  lOO'C  and  subsequently  oil  quenched  and  aged  for  two 
hours  at  TOO^C  .Short  cTack  data  was  generated  under  four-point  bend  loading. 
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Figure  8.  Comparison  of  long  and  short  fatigue  ciadc  growth  data  obtained  at  R°0.1  for  beta  heat 
treated  (half  hour  at  ]]00°0  and  alpha  (15%)  plus  uansfonned  beta  mictostructuies. 
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Figure  9 .  Montage  showing  crack  tip  bifurcation  and  secondary  cracking  associated  with  long 
crack  propagation  in  beu  beat  treated  miciosirucoires. 
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Abstract 

Microstructurally  small  crack  growth  has  been  measured  in  the  titanium  alloy,  IMI 829,  both 
optically  and  via  a  d.c.  potential  drop  system  at  temperatures  of 20, 300  and  600”C .  Part  through 
small  cracks  were  studied  in  a  plain  section  specimen  whilst  long  crack  dau  were  obtained  from 
CT  specimens.  The  programine  explores  the  effect  of  temperature  on  small  crack  growth  rates 
and  compares  and  contrasts  this  with  long  crack  behaviour. 

lamiductim 

Many  titanium  based  components  in  gas  turbine  compresson  experience  elevated  tenqteratures 
during  service.  An  ability,  therefore,  to  understand  and  quantitatively  assess  fatigue  response 
at  temperature  is  essential  for  their  safe  service  operation.  Currently,  design  engineers  are 
particularly  interested  in  using  fracture  mechanics  based  criteria  for  lifing  critical  parts.  A  major 
point  of  debate,  however,  is  the  validity  of  such  criteria  for  cracks  that  ate  coaqrarable  in  size 
to  alloy  microstructural  units  and  to  design  limiting  structural  features.  Since  cracks  are  likely 
to  spend  much  of  their  total  life  in  this  regime  it  is  obviously  an  issue  that  must  be  resolved  if 
crack  propagation  based  design  methods  are  m  be  widely  accepted.  Any  limitations  associated 
with  small  crack  growth  will  be  magnified  as  tempoatures  increase  due  to  interactioas  from 
other  modes  of  deformation  and  failure  such  as  creep  and  environmental  effects. 

The  objective  of  the  present  programme  was  to  characterise  small  crack  growth  behaviour  over 
a  range  of  temperatures  and  loading  conditions  for  simple  and  complex  stress  fields.  The  paper 
sets  out  to  describe  theexperimental  facility  and  to  present  data  obtained  from  the  test  inogramme 
on  simple  laboratory  specimens.  For  the  experimental  evaluation,  the  near  alpha  titanium  alloy, 
IMI  829,  was  specifically  chosen.  It  is  an  important  engineering  alloy  in  the  gas  turbine  industry 
and  itt  comparatively  coarse  structure  makes  it  an  ideal  vehicle  for  the  study  of  microstructurally 
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smaU  cracks.  Funhennaic,  pievious  woric  (1,2)  provided  a  ditt  bue  for  room  tempentute  crack 
growth  characteristics  for  this  alloy  with  which  die  behaviour  at  elevated  temperatures  can  be 
compared. 

Experimental  Equipment  and  Procedure 

The  IMI 829  specimens  were  machined  from  bar  stock  which  had  been  given  a  solution  treatment 
at  10S0°C  for  30  minutes  followed  by  air  cooling  and  ageing  at  62S°C  for  two  hours.  This 
produced  an  essentially  basketweave  WidmanstStten  alpha  microstructure  but  with  significant 
regions  of  aligned  alpha  platelets.  The  mean  prior  beta  grain  sue  was  approximately  0.5  mm. 
This  microstructure  is  typical  for  compressor  discs  currendy  in  service. 

(Compact  Tension.  CT,  specimens  were  used  to  (ditain  base  dau  for  long  cracks.  A  (Corner  Oack, 
CC.  specimen  with  a  10  mm  square  section  was  used  to  examine  the  behaviour  of  small  part 
through  cracks  at  plain  surfaces.  A  starter  slit  was  machined  into  one  comer  to  a  nominal  depth 
and  width  of  0.25  mm  and  0.15  mm  respectively.  This  ensured  inidadon  of  a  single  crack  at  a 
known  locadon  and  facilitated  the  use  of  crack  monitoring  equipment  and  subsequent  growth 
rate  analysis. 

Constant  load  amplitude  tests  were  conducted  at  two  elevated  temperatures  in  laboratoiy  air 
using  a  Mayes  100  KN  servo-hydraulic  machine.  Temperatures  of  300  and  600°C  were  used. 
These  are  representadve  of  bore  and  rim  condidons  in  compressor  discs.  Loads  were  applied 
using  a  1  Hz  sine  waveform.  A  range  of  stresses  was  applied  with  a  load  rado  (Rvalue)  of  0.1. 
A  higher  R  value  of  0.5  was  also  used  in  a  limited  number  of  tests. 

Crack  growth  was  monitored  by  a  computer  controlled  system  specifically  develqied  for  the 
project.  It  was  comprised  of  a  four  port  split  furnace,  opdcal  micioscqies  and  pulsed  d.c.  polendal 
diflerence  equipment.  The  working  distance  of  the  opdcal  microscopes  was  sufficiendy  large 
as  to  permit  surface  crack  monitoring  from  outside  the  furnace  environment  The  opdcal  and 
p.d.  techniques  provide  informadon  that  allows  crack  shape  and  morphology  to  be  characterised. 
The  observadons  were  supplemented  by  fractographic  studies  using  a  scanning  electron 
microscope. 

Growth  rates  were  calculated  using  a  three  point  secant  method  and  were  assessed  in  terms  of 
the  stress  intensity  factor  range,  AA.  Evaluadons  of  K  for  (X  and  CT  specimens  were  made 
using  available  polynomial  approximadons  (3). 

Results 

Growth  rate  data  from  CC  test  pieces  are  illustrated  in  figures  1  and  2  for  test  temperatures  of 
300 and  600°C,  respectively  and  Rvalues  of  0.1  and  0.5.  In  each  case  the  best  fit  curve  for  room 
temperature  data  is  included  for  comparison.  A  transition  in  the  slope  is  apparent  fordata  obtained 
from  CC  test  pieces  at  300°C.  This  transition  occurs  at  a  stress  intensity  value,  AAT]-,  of 
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approximately  1  IMPa'^lm.  Growth  ratet  are  aiinilar  tor  tempentures  of  20  and  300^C  for 
&K  >djrr.flgiire  1.  However,  rates  are  higher  at  SOO^C  fordlT  <AJirr- No  significant  difference 
in  growth  response  was  observed  for  R  values  of  0.1  and  O.S. 


A  K  (  MPo^  ] 

Figure  1.  Growth  rates  in  terms  of  AK  for  Rvalues  of  0.1  and  O.S  on  CX^  test  pieces  at  300^C. 

The  solid  line  included  illustrates  the  best  fit  to  data  obtained  at  KfC  with  R^O.  I . 
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Figure  2.  Growth  rates  in  terms  of  AK  for  Rvalues  of  0.1  and  OJ  on  CC  test  pieces  at  600°C. 
The  solid  line  illustrates  the  behaviour  «  room  temperature. 

Growth  rates  at  600°C  are  significanily  higher  than  at  ambient  temperature  throughout  the  range 
of  AUT  values  studied  (S  -  ISMPa'Jm),  Tigure  2.  The  difference  is  most  marked  for  lower  values 
of  &K  being  greater  than  an  order  of  magnitude  for  AAT  <  lOMPa^lm.  No  transitional  value  of 
AAT  was  evident,  the  growth  rate  curve  maintaining  a  constant  slope  within  the  range  of  AJC 
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values  studied  However  the  slope  of  the  curve  is  sifflilar  to  die  300^C  dati  at  values  of  AATless 
than  AUTj,  figure  3.  At  600°C  growth  rate  data  for  Rvalues  of  0.1  and  0.S  do  not  superimpose. 
Growth  rates  for  R>iO.S  are  greater  when  compared  on  a  AXT  buis,  figure  2. 


3  3  10  20  30  40 
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Figure  3.  Growth  rates  for  R<a0.1  on  CX^  specimens  at  300  and  bOO^C,  in  terms  of  AK.  The 
solid  line  illustrates  room  temperature  behaviour. 
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Figured  Growthratesintennsof  AKOomCC  test  pieces  at  20*C  with  R-0.1.  The  solid 
line  illustrates  the  best  fit  to  datt  ftom  CT  qiecimens. 

To  asseu  small  crack  ejects,  growth  rates  fiom  CC  test  pieces  were  compared  with  data  from 
CT  specimens  for  temperatures  of 20, 300  and  bOO^C  and  an  R  value  of  0.1.  In  figures  4,  S  and 
6  the  small  crack  growth  daa  are  plotted  together  with  the  best  fit  curves  for  CT  specimens  at 


the  equivalent  temperature.  At  ambient  temperature  and  low  values  oi  &K,  growth  rates  are 
significantly  greater  in  CC  test  pieces,  figure  4.  However,  the  CT  and  CC  data  merge  at 
AJir-23Af/'aVm. 


Figure  5.  Qack  growth  behaviour  at  3(XfC  with  R«0.1  on  CC  test  pieces.  Included  is  the 
best  fit  for  CT  specimens. 


Figure  6.  Qack  growth  rates  at  600”C  with  RaO.l  on  CC  test  pieces.  Included  is  the  best  fit 
to  CT  data. 

At  30(y*C  small  and  long  crack  growth  rates  are  similar  for  AX’  >  AXf  oil  figure 

S.ForAX  <  AXythe  small  crack  growth  rates  are  significantly  higher.Forthe  highest  temperature 
studied,  600”C,  growth  rates  of  small  and  long  cracks  are  in  good  agreement  over  the  range  of 
AX  studied.  Both  are  significantly  higher  than  die  growth  rates  at  20  and  SOO^C. 


A  coiqirehensive  fnetognphic  study  was  earned  out  on  the  CC  test  pieces.  The  fracture  surfaces 
from  tests  conducted  at  3(XfC  were  similar  to  those  found  on  room  temperature  qjecimens. 
Each  was  characterised  by  facets  with  interlinking  regions  of  ductile  tearing,  figuie  7.  However, 
there  was  a  marked  change  in  fracture  surface  appearance  for  tests  at  600°C ,  figure  8.  The  facets 
are  smaller  and  many  have  a  much  smoother  appearance  with  less  detail  than  those  at  lower 
temperatures.  On  changing  R  ratio  from  0.1  to  0.5,  at  600”C,  further  differences  in  fracture 
surface  appearance  were  apparent,  figure  9.  Macroscc^ically  the  surfaces  were  much  flatter  at 
R=0.S.  Mictosct^ically,  facets  were  much  smaller  and  less  well  defined. 


Figure  7.  Fractogiaph  of  a  CX^  specimen  tested  at  300°C,  illustrating  faceted  surface. 


Figure  8.  Fractograph  of  a  CX^  specimen  tested  at  600°C  with  R=0. 1 . 
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Figure  9.  Typical  fracture  surface  from  a  CC  specimen  tested  at  600“C  with  R=0.5. 

Discussion 

This  programme  is  still  in  its  early  sugcs,  however,  the  preliminary  results  clearly  reveal  some 
important  aspects  of  small  crack  growth  at  elevated  temperatures.  The  transition  in  growth  rate 
behaviour  observed  at  300*C  and  the  significantly  faster  rates  of  growth  at  600®C  have  important 
implications  for  fracture  mechanics  based  lifrng  criteria.  Similarly,  the  anomalously  fast  growth 
rates  of  small  cracks,  when  compared  with  those  for  long,  at  20  and  300°C  further  illustrate  the 
problems  associated  with  the  use  of  parameters  such  as  &K  for  component  lifrng  criteria. 

The  transition  in  growth  rate  behaviour  at  300°C  could  be  associated  with  static  and/or 
environmental  mechanisms  playing  an  important  role.  At  600°C  a  marked  difference  in  growth 
rate  behaviour  was  observed.  The  slope  of  the  growth  rate  curve  at  600°C  (about  2)  is 
approximately  the  same  as  for  300°C  at  AA(  <  tiKj.  This  suggests  that  at  6(X)°C  static  and/or 
environmental  effects  could  play  a  significant  role  throughout  the  range  of  AA  studied.  Further, 
the  significantly  higher  growth  rates  observed  at  600°C  could  be  due  to  these  effects  taking  on 
a  more  dominant  role.  The  effect  of  R  value,  observed  only  at  6(X)®C,  provides  further  evidence 
in  support  of  this  argument.  The  different  fracture  surface  appearance  at  600°C  also  suggests 
that  different  growth  mechanisms  are  involved. 

Conclusions 

The  research  programme  has  highlighted  major  differences  in  the  growth  of  small  and  long 
cracks  at  20,  3(X)  and  6(X3°C : 

1.  A  transition  value  of  A/f,  AAT,.,  is  associated  with  a  change  in  slope  of  the  growth  rate 
curve  for  small  cracks  at  3(X)°C. 

2.  Growth  rates  at  3(X)°C  are  faster  than  those  at  20°C  for  AA’  <  AAC^. 
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3.  Growth  rues  are  significantly  faster  for 600°C.  At  th<s  temperature  increased  R  values  lead 
to  increased  growth  rates. 

4.  Growth  rates  of  small  cracks  at  20°C  are  faster  than  those  for  long  cracks,  for 
&K  <  ISMFa^lm,  but  merge  at  higher  values. 

5.  Growth  rates  of  small  cracks  at  300”C  are  faster  than  those  for  long  cracks,  tor  6K<  &Kt. 

6.  Growth  rates  are  similar  for  small  and  long  cracks  at  dOO^C  and  R>0.1. 
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Abstract : 

The  present  study  focused  on  the  cyclic  behavior  of  the  Ti  6246  alloy,  and  more  precisely  on  the  cyclic 
softening  mechanisms. 

Measurements  on  the  stress-strain  hysteresis  loops  provided  information  on  the  origins  of  the  phenomenon. 
Observations  of  the  dislocation  arrangements  and  investigations  on  the  fine  microstructure  were  undertaken 
using  transmission  electron  microscopy  (TEM).  The  effect  of  the  strain  incompatibilities  between  the  two 
ductile  phases  a  and  fl,  on  the  macroscopic  behavior,  was  studied,  resorting  to  Finite  Element  Method 
calculations  (FEMf 


Introduction 

In  recent  years,  the  aircraft  industry  has  expanded  the  use  of  titanium  alloys  into  the  SOO°C  temperature  range 
in  order  to  produce  lighter  engines  components.  Within  this  framework,  the  applications  of  the  Ti  6246 
alloy,  particularly  as  compressor  discs,  has  generated  a  great  interest  in  its  low  cycle  fatigue  behavior.  Our 
purpose  is  to  present  experimental  results  of  plastic  strain  control  low  cycle  fatigue  between  20°C  and  S00°C 
and  to  study  in  detail  the  mechanisms  responsible  for  the  macroscopic  behavior.  Mechanical  analyses  of  the 
stress  response  of  the  material  is  related  to  microstructuial  investigations  and  FEM  calculations  to  outline 
the  difletent  physical  origins  of  the  cyclic  softening  in  different  temperature  ranges. 


Experimental  nroccdure 

Material 

The  material  to  be  investigated  was  Ti  6246,  a  two-phase  o/B  titanium  alloy  containing  :  6  pet  Al,  6  pet 
Mo,  4  pet  Zr  and  2  pet  Sn  by  weight  (Table  1).  It  was  prepared  as  an  ingot  forged  in  the  B  field  at  96S°C  (the 
B  transus  is  approximately  930°C).  Initial  hut  treaunent  was  at  900°C,  for  2  hours,  following  which  the 
material  was  air  quenched.  It  was  then  reheated  to  S9S°C,  held  for  8  hours,  and  finally  air  quenched. 

The  process  results  in  a  Widmanstatten  a,  grain  boundary  a  and  transformed  B  microstructure  as  shown  on 
Figure  2.  The  phase  percentages  were  measured  by  counting  the  respective  areas  on  a  superimposed 
millimeter  net :  the  Widmanstatten  a  phase  and  the  transformed  B  phase  both  lake  up  an  equal  volume 
fraction  of  50%.  TEM  examinations  showed  that  the  transformed  B  matrix  is  a  mixture  of  retain^  B  and  fine 
secondary  a  precipitates  (Figure  3).  Superlaltice  reflections  were  often  observed  in  the  SAD  patterns  of  the  a 
phase.  The  occurence  of  order  in  the  form  of  Tit  Al  (a2)  fine  precipitation  within  the  a  grains  is  responsible 
for  these  extra  reflections.  The  Ti3AI  precipita'  could  be  imaged  in  dark  field  (Figure  4).  It  was  difficult  to 
carry  out  exact  measurements  of  these  partic..:s  sizes.  The  diameter  of  the  particles  is  approximately  IS  A, 
and  the  average  inter-particle  distance  is  about  30  A. 
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Figure  2  .  •''8“"  3  , 

Oplical  micrograph  ;  siarting  undefotmed  micrograph  (bright  field) 

microsiructure :  Widmansiauen  o  phase  and  siarung  undefocmed  microstructure :  secondary  a 

oansformed  B  matrix.  precipitauon  within  the  transformed  B  matrix. 


Figure  4 

a  SAD  diffraction  pattern  :  extra  reflexions  due  to  TiyAl 
TEM  dark-field  micrograph :  finely  dispersed  TiyAI  in  a. 
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Compressive  and  tensile  peak  stresses  as  a  function  of  p. 
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Tension-comDiession  lesls 


Tension-compression  specimens  6  mm  diameter  and  IS  mm  gage  length  were  machined.  Prior  to  testing,  the 
specimens  were  prepar^  by  consecutively  mechanical  polishing  on  a  lathe  through  4000  grit  paper;  then  a 
operation  was  carried  out  on  a  cloth  with  a  solution  of  260  ml  AI2O3  (4pm),  40  ml  H2O2,  I  ml  HNO3  and 
0,5  ml  HF. 

The  fatigue  tests  were  conducted  on  a  Mayes  St  testing  machine,  under  plastic  strain  control  with  R  s  - 1 .  All 
the  tests  were  carried  out  in  laboratory  air,  between  room  temperature  and  SOO°C.  The  axial  strain  level  was 
controlled  by  extensometer  arms  tips  located  onto  the  gage  length.  The  frequency  was  selected  as  3 
cycles/min  and  was  identical  for  all  the  plastic  strain  range  studied.  The  fatigue  tests  continued  until  the 
failure  of  the  specimen  occured.  A  triangular  strain-time  wave  was  used.  A  few  additional  tests  were 
conducted,  in  slightly  different  conditions  of  frequency,  or  in  some  cases,  fatigue  tests  were  interrupted  before 
the  failure  of  the  specimen. 

lEM 

Thin  foils  were  prepared  from  I  mm  thick  cross  section  slices  taken  from  the  gage  length  portion  of  the 
specimens.  These  slices  were  first  mechanically  thinned  down  to  about  0,15  mm  and  then  electropolished  in 
a  Striiers  A3  electrolyte,  at  -I5“C.  All  TEM  work  was  done  on  a  JEOL  100  CX  electron  microscope 
operating  at  lOOkV. 


Mechanical  result.s 

Cyclic  deformation  behavior 


Within  the  range  of  plastic  strain  amplitudes  (0,08%  up  to  1,2%),  the  6246  alloy  showed  a 

pronounced  difference  between  the  compressive  peak  stress  and  the  tensile  peak  suess.  It  was  observed  that 
the  former  is  always  much  larger  than  the  latter  under  cyclic  loading,  whatever  the  test  temperature.  In  Figure 
S,  the  compressive  peak  suess  and  the  tensile  peak  stress  were  plotted  as  a  funcUon  of  cumulative  plastic 
hep  Aep 

suain  p  (p  =  2N  dep  -  ),  'or  =  0,7%.  A  complementary  test  was  conducted  in  the  conUary  way  of 


cycling  (compression  fust  then  tension).  It  showed  that  this  phenomenon  was  not  changed.  It  suggested  that 
the  hysteresis  loops  asymmetry  is  due  to  a  different  behavior  in  tension  and  in  compression,  rather  than  U>  an 
effect  of  c  first  loading  on  the  subsequent  ones. 


The  main  feature  of  the  cyclic  behavior  is  that  softening  occured  along  the  fatigue-life.  Figure  6  shows  cyclic 
softening  curves  for  the  range  of  plastic  strain  amplitudes  used :  the  peak  stress  ampliuides  (an  average  of  the 
compresssive  and  tensile  peak  stresses)  were  plotted  versus  the  cumulative  plasuc  strains.  It  appears  that 
softening  is  steep  at  the  early  stages  of  faugue  tesung,  then  it  slows  down  but  does  not  cease  until  fracture. 
Such  a  continuous  softening  was  observed  at  20°C  irrespecUve  of  the  imposed  plasuc  strain,  in  all  the  cases 
from  0,08%  to  1,2%.  It  was  also  observed  at  higher  temperatures,  namely  300°C  and  S00°C,  whatever  the 
imposed  plastic  strain  might  be  (Figure  7). 

Internal  hardening  variables  under  plastic  suain  control 


Two  parameters  are  known  to  be  of  cenual  significance  for  fatigue  behavior  of  metals  in  relauon  to  the 
dislocations  behavior  :  the  friction  stress  and  the  back  stress.  Quantitative  values  of  the  fricuon  and  the  back 
sucsscs  can  be  evaluated  from  the  fatigue  hysteresis  loops  by  the  Cotucll  method  (1)  (2).  In  order  to 
investigate  the  cyclic  softening  of  Ti  6246,  analyses  of  die  fatigue  hysteresis  loops  were  undertaken  to  extract 
the  internal  hardening  variables  X  (corresponding  to  the  back  suess)  and  R  (related  u>  the  friction  suess).  The 
connection  between  the  yield  suess  k,  the  maximum  stress  and  these  inremal  variables  in  a  fatigue  loop  is 
indicated  in  figure  8.  The  results  are  in  fairly  good  agreement  with  those  of  a  numerical  procedure  of 
identification  of  the  internal  variables  (X(s)  and  R+k(s))  from  experimental  data  (3). 

X  is  the  kinematic  hardening  variable.  It  represents  the  uanslation  of  the  yield  surface  in  the  stresses  space. 
R  is  the  isouopic  hardening  variable:  it  describes  the  expansion  of  the  elastic  domain  R+k.  For  Ti  6246  at 
20°C,  k  is  about  1000  MPa. 

In  Figure  9,  X  and  R+k  were  plotted  together  versus  the  number  of  cycles  for  a  test  under  0,7%  plastic 
suain  amplitude  respectively,  at  20°C.  The  measured  values  of  R-fk  along  the  lifetime  can  be  seen  nearly 
constant,  or  slightly  decreasing.  Owing  to  the  initial  yield  stress  level,  the  isouopic  hardening  variable  is 
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negative.  In  other  respects,  the  internal  stress  X  is  seen  to  decrease  quickly  at  the  early  lifetime,  and  then 
more  slowly.  The  evolution  of  the  kinematic  hardening  variable  X  with  the  number  of  cycles  is 
approximately  similar  to  that  of  the  average  peak  stress.  Therefore,  from  these  results,  it  seems  fair  to  draw 
tte  CO  iclusion  that  at  20°C,  the  major  part  of  the  cyclic  softening  can  be  described  by  the  variations  of  X. 

The  analysis  of  hysteresis  loops  was  also  performed  to  investigate  the  high  temperature  cyclic  softening. 
Figure  10  illustrates  the  values  of  X  and  R+k  derived  from  a  test  at  500°C  and  under  0,7%  plastic  strain 
amplitude.  The  most  striking  observation  is  that,  in  these  temperature  conditions,  the  evolution  of  the 
isotropic  variable  coincides  with  that  of  the  average  peak  stress,  whereas  the  kinematic  hardening  variable 
keeps  nearly  constant.  The  initial  yield  stress  at  this  temperature  is  about  700  MPa  so  that  the  R  values  are 
also  negative  in  this  context. 

In  terms  of  these  results,  the  structural  origins  of  the  cyclic  softening  appear  to  be  different  depending  on  the 
test  tempcratuTe.The  cyclic  softening  is  percieved  to  be  a  consequence  of  the  decrease  of  X  at  20°C  and  of  R 
at500°C. 


Structural  observations  at  the  end  of  lifetime 

The  distributions  of  glide  dislocations  in  the  a  phase,  in  specimens  which  have  been  cyclically  deformed 
until  failure,  were  studied  by  TEM  on  thin  foils  normal  to  die  stress  axis. 

In  the  20°C  deformed  material,  inhomogeneous  dislocation  distribution  was  observed.  The  dislocations  are 
arranged  in  localized  planar  slip  bands.  Only  one  slip  system  seems  to  be  operating.  Analyses  of  the  Burgers 

vectors  indicate  that  the  arrays  mainly  consist  of  1^-  type  dislocations  (j  <Il2o>),  in  accordance  to  the 

monotonic  deformation  modes  in  this  alloy  (4).  Correspondingly,  prism  planes  (ilOO)  appear  to  be  the 
preferred  glide  planes.  The  dislocations  are  not  so  straight  as  in  monotonically  deformed  samples, 
nevertheless  they  are  still  mainly  in  screw  character.  The  major  difference  with  monotonic  deformation 
structures  is  the  extensive  amount  of  debris,  especially  dislocation  loops.  A  thin  foil  micrograph  of  the 
typical  configurations  of  dislocation  is  shown  in  Figure  11. 

The  deformation  modes  were  also  studied  for  Ti  6246  cylically  deformed  at  high  temperatures  namely  300°C 
and  S00°C.  The  deformation  structures  induced  in  these  conditions  differ  from  that  in  samples  deformed  at 
20°C.  Observations  showed  that  slip  becomes  random  as  the  temperature  increases.  At  S00°C,  there  is  no 
more  planar  slip,  and  the  dislocations  appear  to  be  homogeneously  distributed  as  shown  in  Figure  12. 
Numerous  elongated  loops  can  also  Ire  seen,  as  well  as  helicoidal  dislocations.  These  particular 
configurations  are  the  sign  of  cross  slip  mechanisms  (Figure  13).  Indeed,  the  motion  of  the  dislocations  out 
of  their  primary  glide  plane  has  been  confirmed  in  (5).  As  Naka  mentioned  (6),  the  cross-slip  mechanisms 
of  type  dislocations  seem  to  occur  from  prism  planes  into  the  corresponding  pyramidal  planes. 

The  deformation  modes  can  be  concluded  to  be  strongly  temperauire  dependent  As  a  matter  of  fact  localized 
planar  slip  in  20°C  deformed  samples  demonstrates  that  cross-slip  is  inhibited  at  room  temperature.  On  the 
contrary,  at  S00°C  homogeneous  distributions  of  dislocations,  and  typical  configurations  indicate  that  ertrss- 
slip  is  operating  at  elevated  temperatures.  This  transitior^  in  the  induci^  deformation  structures  from  localized 
arrays  to  random  arrangements  with  increasing  temperature,  is  in  good  agreement  with  the  different  origins 
of  the  cyclic  softening. 


Discussion 
Physical  basis  for  X  and  R 

The  physical  origins  of  the  deformation  behavior  of  alloys,  interpreted  in  terms  of  friction  and  back  stresses, 
are  not  well  known  yet,  although  several  attempts  were  made  to  investigate  this  topic  (7).  Generally,  the 
friction  stress  (or  isotropic  strengthening)  is  attributed  to  interactions  between  dislocations  and  short-range 
obstacles  by  which  their  movement  is  resisted.  Among  these,  solute  atoms  or  short-range  order  precipitates 
can  be  a  source  of  isotropic  hardening.  But  forest  dislocations  cannot  be  eliminated  from  consideration  either. 

Moreover,  in  alloys,  back  stress  hardening  (or  kinematic  hardening)  is  ascribed  to  long-range  obstacles  such 
as  large  incoherent  precipitates,  interfaces,  or  typical  dislocation  substructures  formed  during  deformation, 
including  dislocation  pile-ups  or  cells  (8). 


Kinematic  sofiening  at  room  lemoeraiure 

M  20°C,  the  mechanical  cyclic  behavior  of  the  6246  alloy  mainly  proceeds  from  the  decrease  of  X  with  die 
accumulation  of  cycles.  Corresponding  microsiniciuial  observations  clearly  show  dislocation  pile-ups.  When 
this  type  of  arrays  is  not  produced  (at  S00°C),  then  X  remains  constant.  The  dominant  origin  for  the  back 
stress  decrease  can  be  unambiguously  concluded  to  be  associated  with  the  pile-ups  arrangements. 
Furthermore,  the  slip  multiplicity  can  also  be  suggested  to  contribute  to  the  cyclic  softening  (9).  The 
multislip  dislocation  structure  is  generated  at  the  very  early  stages  of  the  cyclic  loading,  as  confirmed  by 
observations  of  the  dislocation  structures  generated  after  half  a  cycle  and  after  one  cycle.  After  the  first  half¬ 
cycle,  the  a  phase  exhibits  only  one  system  of  slip  bands  (on  prism  planes)  (Figure  14).  The  subsequent 
compressive  loading  activates  a  secondary  pyramidal  glide  (Figure  IS),  so  that  after  the  fust  tension- 
compression  cycle,  two  slip  systems  ate  activate 

Saleh  and  Margolin  (10)  attributed  the  Bauschinger  effect  and  high  back  stresses  in  two-ductile-phase  alloys 
to  interface  effects.  The  nonuniformity  of  the  strains  make  direct  estimation  of  the  local  stresses  or  strains  by 
laws  of  mixture  inadequate.  The  FEM  offers  a  viable  tool  for  studying  the  deformation  of  such  alloys.  This 
procedure  was  used  to  evaluate  the  stress  incompatibilities  in  the  vicinity  of  the  o/B  interfaces  as  a  function 
of  the  volume  fraction  of  deformed  a  phase  (or  slip  bands)  under  strain  control.  The  individual  stress-strain 
curves  for  a,  B  and  the  slip  bands  were  approximated  from  Ankem  and  Margolin's  study  on  o/B  Ti-Mn 
alloys  (11)  (Figure  16).  The  results  of  these  calculations  of  a  two  dimensional  (plane  stress)  elasto-plastic 
problem  arc  shown  on  Figure  17.  FEM  modeling  predicts  a  slight  decrease  of  the  external  stress  (o<»)  as  the 
volume  fraction  of  deformed  a  phase  (fv)  increases.  It  also  results  from  these  calculations  that  the  internal 
stress  (the  Von  Mises  stress  gap  (da)  at  the  interface  between  a  slip  band  and  the  neighbour  B  phase) 
decreases  markedly  while  the  volume  fraction  of  deformed  a  phase  increases,  for  a  same  amount  of  u>tal 
deformation  (4  %). 

Another  microstructural  process  can  also  be  responsible  for  the  decrease  of  the  internal  stress.  Soon  after  they 
arc  generated  in  the  well-oriented  a  grains,  the  dislocation  pile  up  against  the  a/6  interfaces  in  such  a  manner 
as  to  cause  an  appreciable  stress  field  ahead  of  the  pile-up.  This  stress  is  added  to  the  external  applied  stress 
and  is  expected  to  promote  plastic  flow  in  the  neighbouring  a  phase,  providing  that  B  remains  quasi-elastic. 
Correspondingly,  the  back  stress  acting  on  the  dislocations  in  the  pile-up  should  necessarily  be  relieved,  on 
the  basis  that  it  is  partly  dissipated  for  the  spread  of  the  plastic  deformation. 

Isotropic  softening  at  5Q(rC 

From  the  mechanical  results,  it  is  clear  that  R  variations  are  responsible  for  the  cyclic  softening  at  S00'’C. 
To  understand  the  origins  of  these  variations,  one  has  to  investigate  first  the  short-range  interactions  in 
relation  with  the  test  temperature. 

Whatever  the  test  temperature  may  be,  it  was  shown  that  the  R  values  are  negative,  which  suggest  that  a 
second-phase  shearing  mechanism  is  operating.  The  short-range  obstacles  which  are  expected  to  be  sheared  by 
the  glide  dislocations  are  the  Ti3AI  precipitates  scattered  in  a.  These  precipitates  have  an  ordered  hexagonal 

structure  and  it  was  shown  that  they  are  deformed  by  the  glide  of  -  type  dislocations,  particularly  on  prism 
planes  (12).  Besides,  numerous  type  dislocation  pairs  were  observed  in  a  after  cyclic  deformation  (figure 
18),  which  conflrm  the  shearing  process.  This  is  also  in  good  agreement  with  the  localization  of  slip  at 
20°C.  As  a  result,  the  flow  stress  is  lowered. 

Microstructural  investigations  indicate  that  at  least  two  slip  systems  are  activated  under  cyclic  loading.  At 
20°C,  the  two  intersecting  slip  system  necessarily  strongly  interact,  owing  to  the  planarity  of  slip;  the 
interactions  lead  to  the  formation  of  small  dislocation  loops  (Figure  1 1).  Consequently,  the  associated  flow 
stress  component  should  increase.  It  seems  that  the  negative  contribution  of  the  TiyAI  shearing  mechanism 
balancing  the  hardening  caused  by  the  forest  dislocations  interactions,  the  isotropic  variable  remains  constant 
along  the  life-time,  at  room  temperature. 

On  the  other  hand,  at  5(X)°C,  the  incidence  of  cross-slip  was  demonstrated.  Therefore,  the  latent  hardening 
contribution  is  no  more  linked  to  the  effects  of  interactions  but  to  the  occurence  of  cross-slip,  and  is  weaker. 
It  was  shown  that  the  strain-hardening  decreases  whrm  the  moving  dislocations  can  cross-slip  (13).  Then, 
one  can  conclude  that  the  role  of  the  shearing  process  is  decisive  and  actually  determines  the  continuous 
decrease  of  the  flow  stress. 


CfliLcluaign 

I.  6246  exhibited  cyclic  sofiening  irrespective  of  the  test  temperature. 
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Figure  14 

Diisloeaiion  arrays  after  half  a  cycle 


Figure  15 

Dislocauon  arrays  after  one  cycle 


t  V 
V  i 


Mesh  of  triangular  plate  elements  and  stress-strain  curses  of  u,  B  and  the  slip  hands 
used  for  the  FEM  calculations. 


Calculated  cMcmal  stress  (sig  and  difference  of 
Von  Miecs  stress  (delta  sig)  at  the  interface 
betsveen  a  slip  hand  and  the  B  matrix  as  a 
funeiiim  of  the  volume  fraction  of  slip  band  (fv) 


Figure  IS 

DisIcKation  pairs  in  the  a  phase 


2.  Analyses  of  the  stress-snin  hysteiesis  kx^  illustrates  that  the  softening  is  a  consequence  of  different 
mkiDsmictural  features  in  the  different  temperature  ranges : 

3.  At  20°C,  the  softening  mainly  proceeds  from  the  dominant  role  of  long-range  internal  stress  field,  in 
relation  with  the  two-phase  structure  and  the  slip  localization  in  a. 

4.  At  300°C,  the  softening  originates  from  the  occurence  of  precipiule  shearing  mechanism  (short-range 
component  of  the  flow  stress). 
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Abstract 

Tension  and  torsion  fatigue  tests  on  the  titanium  alloy  IMI68S  are  reported.  Particular  attention 
is  paid  to  the  effects  of  mkrostructure  and  the  imposition  of  dwell  periods  at  peak  stress  on 
fatigue  life.  Fractographic  examinations  reveal  that  two  modes  of  failure  occur  in  this  alloy 
according  to  the  magnitude  of  cyclic  stress,  namely  a  hi^  strain/ductile  mode  at  stresses  above 
yield  and  quasi-cleavage  facetting  at  tower  stress  levels.  The  implications  of  dweU  sensitivity 
with  respect  to  engineering  design  are  discussed. 


InlCBlIlIgtigg 

The  near  alpha  titanium  alloy,  IMI68S  ( Ti  6A1  SZr  O.SMo  0.2Si ),  is  used  in  the  gas  tuibine 
industry  for  compressor  discs  and  blades.  In  these  applications,  it  often  experiences  biaxial 
fatigue  conditions.  Over  a  number  of  years  the  alloy  hu  been  widely  studied,  not  least  because 
of  an  apparent  sensitivity  to  dwell  periods  at  peak  stress.  Little  of  this  work,  however,  has 
explored  the  response  of  the  alloy  to  biaxial  kwi&tg.  The  present  programme  aimed  to  address 
diis  limitation.  In  particular,  it  set  out  to  assess  die  response  of  die  alk^  to  tension  and  torsion 
loading  states  arid  to  establish  the  role  of  dwell  periods  under  both  conditions.  It  was 
anticipated  that  the  information  generated  would  not  only  provide  biaxial  ftulute  criteria  for  the 
design  engineer  but  also  permit  a  clearer  understanding  ^  the  mechanisms  controlling  cyclic 
and  dwell  fatigue  in  this  important  aerospace  alloy. 


Exntjriimwtal  Methods 


The  experimental  evaluation  wu  carried  out  on  the  standard  commercial  alloy  in  tvro  heat 
treated  conditions.  A  basketweave  microstucture  produced  by  rapid  cooling  fiom  above  die 
beu  transus  was  representitive  of  the  condition  normally  recornmended  fw  major  rotating 
components.  An  aligned  morphology,  obtained  by  furnace  cooling  through  the  transus,  was 
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typical  of  the  structure  that  can  occur  in  thick  sections.  The  latter  tends  to  confer  inferior 
fatigue  properties  and  to  display  the  greater  dwell  sensitivity.  In  both  conditions  the  prior  beta 
grain  size  was  about  0.3  nun.  Examples  of  these  microstructures  are  included  in  Figure  1 . 
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Figure  1  •  Aligned  (a)  and  basketweave  (b)  mki  ..'tures  in  1MI68S. 

A  tension  /  torsion  testing  machine  of  i  SOKN  axial  load  and  ±  400Nm  torque  capacity  ivas 
employed.  The  majority  of  the  mechanical  testing  was  carried  out  on  tubular  specimens  with  a 
wall  thickness  of  1.3  mm.  The  specimen  design  is  illustrated  in  Figure  2.  A  small  number  of 
tests  involved  solid  specimens  in  order  to  assess  the  extent  to  which  the  thin  wall  modified 
behaviour  under  tensile  load.  All  testing  was  carried  out  at  ambient  temperature  under  load  or 
torque  control.  The  cyclic  and  dwell  loading  waveforms  each  employed  a  2  second  rise  and  fall 
time  between  minimum  and  maximum  load.  During  cyclic  tests  a  one  second  hold  at  peak  stress 
facilitated  data  aquisition.  For  dwell  tests  the  maximum  load  or  torque  was  held  constant  for  2 
minutes.  In  all  tests  a  load  ratio  of  R=0.1  was  used.  Schenuitic  representations  of  the  cyclic  and 
dwell  loading  waveforms  are  included  in  Figure  3. 
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Figure  2  -  Tension/torsion  fatigue  specimen  design  ( dimensions  in  mm  ). 


Figure  3  -  Cyclic  (left)  and  dwell  loading  wavefonns. 


In  each  test,  the  variation  of  extension  or  twist  with  cycles  was  monitored  using  a  biaxial 
extensometer  based  on  a  design  iqMned  in  [1].  For  some  q>ecimens  the  development  of 
surface  features  was  followed  by  means  of  a  replica  technique.  Detailed  fractographic 
examinations  were  made  for  all  specimens  using  optical  and  scanning  election  micioscopy. 


Riiiulta 

For  tension  fatigue  tests,  the  definition  of  failure  was  taken  as  the  complete  separation  of  the 
specimen  gauge  section.  However,  such  a  definition  under  torsion  was  less  specific  as  two 
distinct  inodes  of  fracture  were  noted.  At  higfi  stresses  (above  yield)  a  near  ciicumferential 
shear  crack  developed;  at  low  stress  helical  fiactures  were  observed,  [2].  In  the  latter  case,  the 
growth  of  the  fatigue  crack  coincided  with  a  marked  period  of  tertiary  strain  accumulation.  On 
this  basis,  it  has  been  argued  [2]  that  a  life  to  tertiary  strain  provides  a  consistent  fiulure 
criterion  for  all  torsion  tests.  This  is  the  criterion  used  to  construct  the  S-N  curves  below. 

The  effects  of  cyclic  and  dwell  loading  on  fatigue  life  under  tension  and  torsion  are  summarised 
by  the  S-N  curves  in  Figures  4  to  8.  The  criteria  for  the  calculation  of  effective  stresses  and 
strains  in  tension  and  torsion  fatigue  testing  have  been  addressed  previously  [2].  In  brief,  for 
tension  the  effective  stress  and  strain  are  simply  calculated  from  the  relative  axial  components: 

Oeff  =oi  and  Crff  »ei 


For  torsion,  it  has  been  argued  [2,3]  that  for  tubular  specimens  with  a  relatively  thin  wall  shear 
stress  is  constant  across  the  section.  This  results  in  a  modified  Von  Mises  solution  for  effective 
stress  of  the  form: 


Oeff  = 


3t 

2ii(ro3-r,3) 


( T  =  torque,  rg  =  outer  tube  radius,  q  >=  inner  radius ) 

Because  the  shear  stress  is  no  longer  considered  to  reach  a  maximum  on  the  outer  surface,  an 
average  value  of  specimen  radius  is  used  in  the  calculation  of  effective  strain: 


1  (ro+n)e 

where  0  is  the  angle  of  twist  measured  in  radians.  In  the  case  of  solid  specimens  rj  reduces  to 
zero  in  the  above  equadons. 

Figure  4  illustrates  the  results  firom  cyclic  tension  and  torsion  tests  on  the  basketweave 
microstiucture.  The  data  compare  favouratdy  using  the  stress  criterion  outlined  above.  A  least 
squares  best  fit  line  for  this  combined  cyclic  data  is  drawn  and  included  in  Figure  5 
comparison  with  data  from  dwell  tests  in  the  same  microstructure.  Dwell  during  torsion  tests 
has  had  minimal  effect  on  the  measured  lives.  However,  life  reductions  are  significant  in  the 
case  of  dwell  tension. 


Figure  S  -  Dwell  tension  and  tension  for  basketweave  compared  to  the  best  fit  line  for  cyclic 

basketweave  results. 
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Figure  6  compares  cyclic  tension  and  torsion  data  on  the  aligned  microsBucture  with  the  best 
fit  line  from  the  cyclic  basketweave  data.  Two  observations  can  be  made.  Fustly,  under  either 
mode  of  loading  the  aligned  material  has  a  weaker  response.  Secondly,  the  individual  tension 
and  torsion  data  sets  do  not  compare  as  favourably  as  they  did  in  the  basketweave  case.  This 
can  be  attributed  to  the  thin  wall  of  the  tubular  qtecimen  in  relation  to  the  coarse  aligned 
microstructure.  Plotting  data  obtained  under  cyclic  tension  on  solid  section  aligned  specimens 
together  with  the  tubular  torsion  results  provides  a  more  favourable  comparison,  Figure  7.  The 
best  line  fit  from  these  data  is  then  us^  in  Figure  8  to  illustrate  the  effect  of  dwell  on  the 
aligned  material.  Once  again  no  effect  is  seen  on  tension  data  but  a  mailced  reduction  in  life  is 
noted  under  dwell  tension.  This  reduction  exceeds  that  noted  for  basketweave  material. 
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Figure  6  -  Cyclic  torsion  and  tension  data  fcB  aligned  tests  compared  to  the  best  fit  line  for 

cyclic  basketweave  results. 
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Figure  7  -  Best  fit  line  for  cyclic  torsion  (tubular  specimens)  and  cyclic  tension  testdata  (solid 
spedmens),  aligned  microstiucture. 
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Figure  8  •  Dwell  tmion  and  tension  results  compared  to  die  best  fit  line  for  cyclic  aligned  tests. 


Fractpgapliy 

Both  tension  and  torsion  testing  inodes  demonstrate  two  regimes  of  fracture  depending  on  the 
applied  stress.  At  high  stresses/low  lives  the  failures  are  stiain  dominated.  In  tension  this  was 
reflected  by  extensive  strain  accumulation  and  a  characteristic  ductile  form  of  fracture.  Shear 
across  planes  at  ±  45°  to  the  tensile  axis  produced  "rooftop"  features  as  illustrated  in  Figure  9 
and  repotted  elsewhere  [2].  Specimen  gauge  surfaces  often  illustrated  marked  plastic 
deformation  and  secondary  cracking.  In  torsion,  shear  on  planes  perpendicular  and  pan^el  to 
the  longitudinal  axis  of  the  qiecimen  was  noted.  The  main  future  surface  was  usually 
obscurred  due  to  inter-surface  abrasion. 


Figure  9  -  "Rooftop"  fracture  morphology  common  in  tension  tests  under  high  stress. 
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For  lower  s&esses/longer  lives,  tensile  tests  were  associated  with  the  initiation  of  cracks  firom 
quasi-cleavage  facets.  These  facets  often  traversed  the  complex  wall  thickness  and  possessed  a 
^  tyc  appearance,  Rguie  10.  Their  orientation  was  perpendicular  to  the  tensile  stress  axis. 
For  torsion  at  relatively  low  stresses  a  helical  mode  of  fracture  was  found.  Facetting  was  still 
common  but  here  they  would  fie  at  4S<’  to  the  longitudinal  axis  of  the  specimen  and  thus 
perpendicular  to  the  maximum  principal  stress.  There  is  evidence  that  the  helical  cracks  initiated 
as  Mode  II  cracks  but  then  switched  mode  and  propagated  under  the  influence  ot  the  principal 
tensile  stress. 


Figure  10  -  Quasi-cleavage  facet  formed  in  aligned  material  under  cyclic  tension,  7S0MPa. 


ni«M.«ion 

It  has  been  established  that  tension  and  torsion  cyclic  fatigue  data  for  the  titanium  alloy  IMI685 
correlate  by  using  a  modified  form  of  the  Von  Mises  stress  criterion.  This  modified  criterion  is 
based  on  two  assumptions.  The  first  is  that  shear  stress  is  constant  across  the  thin  walled 
section  and  the  second  is  the  use  of  an  average  radius  for  the  calculation  of  effective  strain.  The 
success  of  the  correlation  supports  the  adoption  of  these  assumptions.  Their  effectiveness  must 
be  due  to  the  fact  that  both  aligned  and  basketweave  material  experiences  significant  strain 
accumulation  during  all  the  tests  repented  and  that  there  are  a  limit^  number  of  grains  across 
the  thin  wall  section. 

The  torsion  tests  are  not  sensitive  to  dwell  fatigue.  The  tension  tests  show  substantial 
reductions  in  life  particularly  in  the  aligned  microstructure.  The  strain-time  measurements  and 
fracture  surface  studies  suggest  that  cyclic  and  dwell  fatigue  in  this  alloy  involves  two 
competing  processes.  At  high  stress  above  yield,  strain  accumulation  is  extensive  and  shear 
failures  dominate.  For  stresses  below  yield,  quasi-cleavage  facet  formation  is  mote  evident 
These  facets  ate  orientated  perpendicular  to  the  tensile  stress.  They  have  been  shown  to  be 
mote  extensive  under  dwell  conditions  [4]  and  have  been  considered  responsible  for  the  dwell 
sensitivity. 
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The  importance  of  each  mode  of  failure  must  be  related  to  the  ratio  of  shear  stress  to  tensile 
stress  under  each  test  condition.  In  torsion  Oi=x  but  in  tension  oi=2t.  On  this  basis,  the 
tension  test  should  be  more  favourable  for  facet  formation.  The  fact  that  the  maximum  [uincipal 
stress  is  less  significant  in  torsion  could  account  for  the  tqrparent  lack  of  a  dwell  effect  in  those 
tests. 

One  other  aspect  of  facet  formation  relates  to  the  role  of  local  constraint.  It  has  been  suggested 
that  a  biaxial  or  triaxial  state  of  stress  is  a  necessary  condition.  It  is  evident  from  the  present 
work  that  extensive  facetting  occurs  in  thin  sections.  This  observation  appears  to  throw  the 
constraint  arguriKnts  into  doubt  An  alternative  explanation  has  been  offered  [S]  which 
attributes  their  fcMmadon  to  stress  redistribution  from  weak  to  strong  regions  under  the  action 
of  the  time  dependent  deformation  that  is  so  evident  in  this  material. 


Conclusiona 

1.  Room  temperature  tension  aitd  torsion  cyclic  fatigue  data  for  the  titanium  alloy  IMI68S 
compare  favouratdy  when  using  a  modified  solution  of  the  Von  Mises  effective  stress  criterion. 

2.  Good  correlation  between  tension  and  u^on  data  is  achieved  by  adopting  a  failure  criterion 
for  the  latter  based  on  "life  to  tertiary  strain”. 

3.  Dwell  sensitivity  has  been  noted  under  tensile  loading,  particularly  in  the  aligned 
microstructure.  An  equivilent  effect  was  not  seen  in  torsion  tests. 

4.  Failures  in  this  alloy  are  closely  related  to  the  magnitude  of  applied  stress.  At  high  stress/low 
lives  shear  deformation  is  dominant.  At  lowor  stress  levels  features  characteristic  of  tensile 
stress  are  produced. 
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ABSTRACT 

The  present  paper  introduces  the  creep  behavior  of  a  novel  high  temperature 
titanium  alloy  (Ti-Al-Sn-Zr-Nb-Mo-Si  system)  and  the  changes  of  its  post-creep 
tensile  properties.  The  influential  factors  on  thermal  stability  were  also  discussed.  From 
the  room  temperature  properties  of  this  alloy  exposed  at  SSOC  -300MPa  and  the  rela¬ 
tions  among  plastic  deformation,  stress  and  temperature,  which  were  measured  from 
CTeep  tests  with  different  conditions  (SSOC  -300MPa-100—  lOOOhrs),  SSOC  -200~ 
4S0MPa,400~  6S0C  -300MPa),  it  was  indicated  that  the  material  should  be  used  below 
600C  at  300MPa  and  the  maximum  working  stress  no  more  than  400MPa  at  SSOC  . 
The  primary  factors  which  decrease  thermal  stability  of  the  alloy  have  been  determined 
by  microstructure  analysis  and  oxide  surface  measurement.  All  above  provide  the  im¬ 
portant  foundation  for  parts  designing  of  gas  turbine. 

INTRODUCTION 

Ti-533  1  1  S  is  a  near-a  high  temperature  titanium  alloy 
(Ti-5.4Al-3.4Sn-2.7Zr-0.9Mo-l.0Nb-0.25Si).  The  alloy  can  be  used  to  manufacture 
vanes,  compressor  disc  of  air  engine  and  astronautic  structural  details  due  to  its  good 
synthetic  properties  at  550C . 

In  order  to  provide  necessary  design  data  for  the  material  application  departments, 
it  is  necessary  to  study  creep  behavior  and  thermal  stability  of  the  alloy.  In  this  paper, 
the  relations  between  creep  strain  of  the  alloy  and  time  ,stress,  temperature,  as  well  as 
the  tensile  properties  of  the  alloy  exposed  at  550C  -300MPa  for  a  long  time  were  stu¬ 
died.  Influences  of  oxygen-enriched  brittle  layer  of  surface  and  the  formation  of  the 
Ti]X  phase  on  thermal  stability  are  also  discussed. 

EXPERIMENTAL 


Creep  tests  were  carried  out  in  a  RD-2-3  creep  test  machine.  Standard  creep  spec¬ 
imens  of  gauge  section  5  mm  in  diameter  were  machined  from  hot  rolled  14  mm  diame¬ 
ter  bars.  The  heat  treatment  was  :  1050C  /  0.5h  /  AC+580C  /4h/ AC.Crecp  tests  at 
550t:  and  variant  stresses  or  at  300MPa  and  variant  temperatures  were  preceded  with 
the  single  specimen  method  proposed  byJ.E.Dom  (!].  INSTRON-1185  test  machine 
was  employed  to  measure  tensile  properties  of  the  samples  for  certain  stress  exposure. 
Thickness  of  the  oxygen-enriched  brittle  layer  was  examined  by  PSEM-500X  scanning 
electron  microscope.  Microstructure  and  selected  area  diffraction  analysis  were  carried 
out  in  JEM-200EX  transmission  electron  microscope.  Variances  of  0  phase  content 
were  also  determined  by  D-S  X-ray  diffractometer. 

RESULTS  AND  DISCUSSION 
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Creep  properties  of  the  aUoy 

Fig.l  shows  creep  cruves  of  the  Ti-53311S  alloy  exposed  at  SSOC  -300MPa  for 
100,  200,  400,  600  and  lOOOhrs,  respectively.  All  creep  curves  show  two  creep  stages, 
which  named  decelerative  creep  and  steady  creep,  respectively.  Plastic  deformations 
(£%)  increase  with  increase  in  creep  time,  which  are  0.129%,  0.214%,  0.351%,  0.430% 
and  0.683%  respectively.  All  Creep  curves  parallel  proximately  at  steady  creep  stage, 
steady  creep  rate  is  (8. 1  ~  8.8)  x  10“*  /  h.  Average  creep  rates  within  the  ranges  of  50— 
lOOhrs,  50—  200hrs,  50—  400hrs,  50—  600hrs  and  50—  lOOOhrs,  however,  arc  25.8,  14.8, 
10.2,  7.7,  and  7.2  x  10“*/  h  respectively.  That  is  ,  the  average  creep  rate  decrease  with 
prolonging  in  creep  time. 


Creep  time  (hr.) 


Fig.l  Creep  curves  ofTi-5331  IS  alloy  at  550C-300MPa. 


Creep  time  (hr.) 

Fig.2  Plastic  deformation  vs.  stress  and  temperature  after  creep  exposure  at  con¬ 
stant  temperature  5501^  or  at  constant  stress  300MPa. 

Relations  among  plastic  deformation,  stress  and  temperature  at  550C  and  differ¬ 
ent  stress  or  at  400—  650C  and  constant  stress  are  shown  in  Fig.2.  Creep  characteristics 
of  the  Ti-5331  IS  alloy  can  be  found  from  Fig.2  as  follows  :  (1)  Creep  curve  is  nearly 
straight  line  at  550C  -250MPa  whereas  accelerative  creep  stage  occurs  apparently  at 
400MPa.  The  creep  curve  accelerates  rapidly  when  creep  stress  reaches  450MPa.  (2) 
Creep  curve  at  600C  and  300MPa  belongs  to  accelerative  creep  stage,  specimen  occurs 
necking  at  650C  .  (3)  Under  conditions  of  constant  temperature  with  varying  creep 
stress,  the  steady  creep  rate  becomes  double  as  creep  stress  increases  per  50MPa,  but  the 
effects  of  stress  on  creep  behavior  are  not  more  sensitive  than  temperature  does.  It  is  in¬ 
dicated  that  the  Ti-5331  IS  alloy  should  be  used  below  600C  at  300MPa  based  on  its 
creep  properties. 

TTie  influences  of  temperature,  stress  and  time  on  creep  curves  are  different  thor¬ 
oughly,  as  shown  in  Fig.  1  and  Fig.2,  which  means  that  the  creep  behavior  of  the 
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Ti-S331  IS  alloy  is  controlled  by  distinct  creep  mechanisms  under  different  creep  condi¬ 
tions.  The  fact  that  steady  creep  rate  rises  with  increases  in  stress  at  SSOt:  indicates  that 
dislocation  movement  obtains  enough  driving  force  with  increment  in  stress,  and  thus  it 
is  easy  to  overcome  obstacle  and  produce  creep.  Based  on  the  results  of  the  transformed 
microstructure,  creep  cruve  at  SS012  -300MPa  for  1000  hrs  is  still  at  steady  creep  stage. 


Fig.3  TijAI  particles  resist  disloca¬ 
tion  motion  and  grain  boundary 
sliding  after  creep  exposure  at  SSO 
t-300MPa-1000hrs. 


a/  P  interface  has  been  strengthened  by 
dot-shape  a  phase  decomposed  from  P 
phase  and  "  transitive  phase  "  formed  at 
a/  P  interface,  therefore  the  interface  slid¬ 
ing  is  blocked.  Silicide  precipitated  from 
ot/p  interface  further  strengthens  a/P 
interface  after  creep  exposure  for  about 
200hrs.  TijAl  phase  precipitated  from 
grain  boundary  and  a  plates  for  600  hrs 
exposure  hinders  slipping  or  sliding 
deformation  of  grain,  grain  boundary 
and  a  plates,  leads  to  deceleration  of 
creep  rate  (Fig.3). 


Creep  strain  is  sensitive  to  temperature  at  300MPa.  Creep  activation  energy  of  the 
Ti-5331  IS  alloy  at  500—  550C  is  174.3kJ /  mol,  which  is  higher  than  mutual  diffusion 
activation  energy  (l04.SkJ  /  mol)  of  a  steady  element  aluminium  in  titanium,  lower  than 
self  diffusion  activation  energy  (2S0.8kJ  /  mol)  of  titanium.  It  can  be  regarded  that  both 
of  slipping  and  diffusion  act  on  creep  behavior.  Creep  at  above  SSOC  is  high  temperatre 
creep.  Slip  systems  of  grain  boundary,  clony  boundary  and  a/  P  interface  increase  with 
rising  in  temperature.  Cross  slip  is  easy  to  be  carried  out,  cavities  form,  grow  up  and  ac¬ 
cumulate.  All  above  cause  the  alloy  to  soften  quickly.  Density  of  samples  decresaes  dur¬ 
ing  creep  procedure,  it  descends  violently  at  accelerative  creep  stage  particularly  [2], 
which  relates  to  formation  and  growth  of  cavities.  The  order  of  the  position  in  which 
cavities  appear  are  a/  P  interface,  colony  boundary,  grain  boundary  and  interface  be¬ 
tween  coarse  silicide  particle  and  matrix. 

Thermal  stability  of  the  alloy 

The  room  temperature  tensile  properties  of  the  samples  exposed  at  SSOC  -300MPa 
are  summarized  in  Table  1.  From  Table  1  it  is  known  that  tensile  strength  varies  slightly 
with  prolonging  in  exposure  time,  that  is  ,  the  tensile  strength  increase  with  prolonging 
in  time  from  100  hrs  to  600  hrs.  Plasticities  5  and  >!>  decrease  considerably  after  exposure 
for  200  hrs.  The  creep  life  is  longer  than  100  hrs  when  reduction  of  area  decreases  50% 
is  under  consideration. 

SujfaM  oxidation  layej^ 

An  oxygen-enriched  brittle  layer  will  be  formed  when  titanium  alloy  is  used  at  ele¬ 
vated  temperature.  Depth  of  the  oxygen-enriched  layer  is  related  to  exposure  time  and 
temperature.  Table  2  shows  thickness  of  the  oxygen-enriched  brittle  layer  and  a  layer 
(polluted  layer)  of  creep  specimens.  From  the  data  it  is  known  that  the  thickness  of  the 
oxygen-enriched  brittle  layer  and  a  layer  increase  with  increase  in  creep  time,  but  total 
oxidation  speed  and  total  polluted  speed  ar  just  on  the  contrary.  The  addition  of  thick¬ 
ness  and  net  oxidation  speed  per  lOOhrs  vary  along  saddle  shape  with  increase  in  creep 
time.  The  lowest  point  of  addition  of  thichness  of  oxygen-enriched  brittle  layer  per  100 
hrs  appears  at  400  hrs,  while  that  of  a  layer  at  600  hrs.  Both  of  them  indicate  that  the 
Ti-5331  IS  alloy  possesses  sound  oxidation  resistance. 


Table  1  Room  Temperature  Tensile  Properties  of  Post-Creep  Spceimens  at 
550C-300MPa 


Specimen  State 

^^9 

Remarks 

Original  State 

1 

106S 

974 

[Q 

After  1050C  x  0.5h  •  AC 
-H580C  X  4h  •  AC 

Heat  Treatment 

Creep  for  lOOhrs 

1118 

1103 

■1 

Creep  for  200hrs 

1134 

1091 

mm 

Creep  for  400hrs 

1137 

1081 

1.9 

B 

Creep  for  600hrs 

1 

1169 

1152 

/ 

/ 

3630.6 

Creep  for  lOOOhrs 

1042 

/ 

/ 

Creep  at  550C  with 
Variant  Stresses 

/ 

/ 

/ 

/ 

3471.5 

To  Observe  Oxygen- 
enriched  layer  without 
tension 

Creep  at  300MPa  with 
variant  Temperature 

/ 

/ 

/ 

/ 

3411.8 

Table  2  Thickness  of  Oxygen-enriched  Brittle  Layer  and  a  Layer  of  Creep  Sam¬ 
ples 


Thickness  of  Oxygen  Oxidation  Thickness  Pollution 

-enriched  Brittle  Layer  Speed,  of  a  Layer,  Speed, 

pm  litn  /  h  X  10“’  /im  x  10“’  fim  /  h 


Variations  of  metastable  P  phase 


fi  phase  contents  of  initial  samples  and  samples  creeped  at  SSOtl  -300MPa  for 
lOOhrs,  200  hrs,  400  hrs,  600  hrs  and  1000  hrs  were  determined  by  X-ray 
diffractometer,  which  are  7.2%,  5.7%,  5.6%,  5.5%,  6.3%  and  9.2%  respectively.  It  in¬ 
dicates  that  P  phase  content  decreases  with  prolongation  in  creep  time,  the  maximum 
reduction  amount  is  about  23%,  p  phase  contents  have  been  improved  after  samples 
were  exposured  for  600  hrs,  even  over  that  of  initial  state,  which  imply  precipitation  of  a 
new  P  phase.  Phase  composition  analysis  of  creep  specimens  verifies  that  three  kinds  of 
P  phase  are  in  existence  after  600  hrs  exposure  :  molybdenum-enriched  p  phase  (~  3% 
Mo),  molybdenum-poor  p  phase  (I.O  %  Mo)  and  tin-enriched  P  phase  (12%  Sn). 

Precipitation  of  silicide  and  ar  phase  (TiBAl) 

Silicide  separates  out  prior  in  a  /  ^  interface  of  samples  creeped  at  55012  -300MPa 
for  200  hrs,  as  shown  in  Fig.4. 


Microanalysis  showed  that  the  composi¬ 
tion  of  the  silicide  was  (Ti,  Zr),Si,.  Elec¬ 
tron  diffraction  pattern  of  smaples  treat¬ 
ed  at  55012  -300MPa-600hrs  shows  that 
a,  phase  emerges  from  a  phase.  The  di¬ 
rection  correlation  between  oi]  phase  and 
a  phase  is  [OOOllocj//  [0001]a,  as  shown  in 
Fig.5.  Precipitation  of  silicide  and  ajphase 
improves  room  temperature  strength  of 
the  alloy  and  descends  plasticities,  even 
causes  decrease  of  thermal  stability  of  the 
P  alloy. 


Fig.4  Precipitated  silicide  at  a/^ 
interface:  (a)  SEM-SEI;  (b)  TEM-BFI 


Fig.5.  Structure  of  «j  shown  by  TEM  (a)  BFI,  morphology  of  Oj  phase;  (b)  Se¬ 
lected  area  diffraction  pattern;  (c)  Indexation  of  diffraction  pattern  of 
«]  phase. 


Above-mentioned  results  demonstrate  that  decrease  of  room  temperature  tensile 
plasticities  of  the  Ti-S33IIS  alloy  exposed  for  a  long  time  is  due  to  precipitation  of 
(t-i  phase,  decomposition  of  metastable  /?  phase,  formation  of  surface  oxygen-enriched 
layer  and  precipitation  and  growth  of  silicide,  particularly  due  to  Ti]X  phase  and 
(Ti,Zr),Si]  formed  simultaneously  and  gathered  at  grain  boundary  or  phase  interface.  It 
is  observed  by  G.  Scridher  [3]  that  Ti,AI  phase  distributated  homogeneously  in  a  matrix 
in  IMI829  alloy  after  solution  heat  treatment  and  ageing,  furthermore  it  had  no  correla¬ 
tion  with  dislocation,  stacking  fault  or  silicide.  Tensile  stress  descends  precipitation 
activation  energy  of  TijAl  phase  and  accelerates  decomposition  of  metastable  ^  phase, 
precipitation  and  growth  of  silicide  during  heat  exposure  procedure.  It  also  leads  plasti¬ 
cities  to  go  down  obviously.  D.Bonerjee  [4]  reported  that  S]  type  silicide  might  be 
formed  in  IMI829  alloy,  its  composition  was  situated  tetween  (Ti.ZrIjSij  and 
(Ti,Zr)«Si3.  Alloy  plasticities  could  also  worsen  owing  to  accumulation  of  this  kind  of 
silicide  at  grain  boundary  and  phase  interface. 

The  oxygen-enriched  layer  formed  on  exposed  sample  surface  makes  it  difficult  for 
dislocations  to  move  outside  slip  planes,  thus  many  dislocations  are  within  a  few  slip 
planes  resulting  in  obstruction  of  dislocations.  Stress  concentration  may  be  caused  and 
fracture  source  can  be  formed  once  the  obstruction  reaches  a  certain  degree. 
Consequently  it  leads  plasticities  to  descent. 

CONCLUSION 

1.  Ti-S331IS  alloy  should  be  used  below  600t:  at  300MPa  or  below  400MPa  at 
S50C ,  otherwise  visible  creep  strain  can  be  detected. 

2.  Ti-5331  IS  alloy  exposed  at  550C  -300MPa  for  600  hrs  precipiuus  Oj  phase, 
ttj  phase  improves  creep  properties  meanwhile  descends  room  temperature  tensile  plas¬ 
ticities. 

3.  Descent  of  room  temperature  plasticities  of  the  Ti-S331IS  alloy  exposed  at 
SSOC  for  a  long  time  is  due  to  precipitation  of  a,  phase,  decomposition  of  P  phase, 
formation  of  surface  oxygen-enriched  layer  and  precipitation  and  growth  of  silicide. 
Stress  accelerates  the  fluctuations  above. 
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Abstract 

Tensile  test  in  an  argon  atmosphere  was  carried  out  on  P-Ti-base  binary  solid  solution  alloys 
containing  l~7mol%Al  or  S~30mol%V  in  the  temperature  range  between  900  K  and 
13S0  K  and  in  the  strain-rate  range  between  10^  '  and  lO-^s  '.  Deformation  behavior 
can  be  classified  into  two  types  and  the  boundary  condition  expressed  by  the  equation, 
o,  =  0.53{(l+v)/(l-v)it)  e  N(i-N)  G,  where  v  is  Poisson’s  ratio,  e  the  atom  misfit  factor,  N 
the  mole  fraction  of  the  solute,  and  G  the  shear  modulus.  In  the  low  stress  range,  steady- 
state  deformation  behavior  is  of  typical  alloy-type  and  the  relationship  between  stress  o  and 
strain-rate  e  can  be  represented  by  the  equation,  6  «•  {DIN(l~N)^l^](.kTIGb^XolGfi,  where 
D  is  the  diffusion  coefficient  of  the  solute  element  and  b  the  Burgers  vector. 


Inirodiictigfl 

A  large  number  of  investigations  of  the  mechanical  behavior  of  titanium  base  alloys  have 
been  reported.  However,  the  deformation  characteristics  of  simple  alloys  at  elevated 
temperatures  have  been  investigated  only  to  a  limited  extent,  though  these  characteristics  are 
important  in  the  evaluation  of  materials  for  their  hot-workability  and/or  heat  resistivity. 

A  series  of  studies  of  high-temperature  deformation  behavior  in  Ti-base  solid  solutions  has 
been  made  in  the  author’s  laboratory  to  establish  a  sound  basis  of  knowledge  of  mechanical 
properties  of  Ti  alloys.  In  this  paper,  some  experimental  results  of  the  mechanical  behavior 
obtained  in  two  basic  binary  systems,  ^-Ti-Al  and  P-Ti-V,  are  reported  and  general 
deformation  characteristics  of  bcc  solid  solutions  of  titanium  are  discussed,  with  a  special 
reference  to  the  steady-sute  deformation. 


Experimental  Procedure 

Materials 

Three  series  of  materials  were  used  and  are  listed  in  Table  1 .  In  the  first  series  the  alloys 
contained  l~7mol%Al,  which  were  double-arc-melted  ingots.  They  were  forged  and  hot- 
rolled  to  bars,  from  which  rod-type  specimens  (the  gage  diameter  =  4~7  mm)  were  machined. 

Tilomum  '92 
Sci«not  and  Todmology 
Edilod  by  F.H.  Froos  ond  I.  ^aplon 
Th«  M'maroU,  M«lols  A  Mofarioit  Sociaty,  1993 
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Table  I.  Alloy  composition  and  test  conditions 


Alloy 

designation 

Main  alloying 
content 

Test  conditions 

(Temp  (K)  -  Strain  rale  (10^s->)) 

Ti-  lAl 

1.0mol%Al 

1250-(l.l-44),  1300-(0.22~56).  1350-(11) 

•n-3Ai 

2.7mol%Al 

1250-(0.2-44),  1300-(0.5-24),  1350-(2-n) 

Ti-5A1 

S.6mol%Al 

1250-10.2-56),  1300-(2.2-ll) 

'n-7Al 

6.9mol%Al 

1300^0.3-27),  1325-(1.1.11),  1350-(0.4-ll) 

Ti-SVb 

5.0mol%V 

1164-(0. 11-83) 

Ti-lOV  b 

10.1mol%V 

1164-(0.17-83) 

Ti-lSV  b 

lS.0mol%V 

1164-{0. 17-83) 

Ti-20Vb 

20.1mol%V 

1164-(0. 17-83) 

ri-25V  b 

25.0mol%V 

1164-(0. 11-83) 

ri-30V  b 

29.6mol%V 

1164-(0.06-8.3) 

ri-20v 

19.6mol%V 

900K0.04-0.17),  950-10.008-83),  1000-10.04-83), 
1025-10.6-70),  1050-10.017-83),  1100-10.06-83), 
1150^0.04-83),  1200^0.02-12),  1250^0.02-17), 
130010.56-42),  135010.56-43) 

■n-30v 

31.4mol%V 

105010.008-33),  121511.7),  134011.7) 

In  the  second  series,  which  were  muUiple-arc-melted  buttons,  the  alloys  contained 
5~30mol%V.  They  were  hot-rolled  to  sheets,  from  which  plate-type  specimens  (the  cross 
section  =  2x3  mm)  were  machined.  In  the  third  series,  which  were  arc-plasma-melted 
ingots,  the  alloys  contained  20  and  30mol%V.  They  were  forged  to  bars,  from  which  rod- 
type  specimens  were  machined.  The  grain  size  was  roughly  1  nun  in  aU  q)ecimens  tested. 

Tensile  Teal 

Mechanical  behavior  was  investigated  by  conventional  tensile  testing  in  an  argon  atmosphere. 
The  test  conditions  are  listed  also  in  Table  I. 

The  nominal  stress  -  nominal  strain  (Oq-So)  curves  were  convened  into  one  stress  -  true  strain 
(o-e)  curves  under  the  constant  strain-rate  condition  assuming  o  =  Oq  where  n  is  the 
stress  exponent  of  creep  rate  e  in  the  power-law  creep  equation. 


Results 

General 

The  true  stress  -  true  strain  curve  usually  shows  a  broad  maximum.  The  stress  of  this 
maximum  level  will  be  denoted  as  o,  and  used  as  a  characteristic  parameter  throughout  this 
paper.  When  the  broad  maximum  could  not  be  clearly  recognized,  a  at  e  =  0.20  was  used 
aso,. 


In  the  following  sections  steady-state  deformation  characteristics  will  be  shown  using  a  tradi¬ 
tional  way  of  analysis, 

e  «(o/G)-exp(-G^«r).  (1) 

where  e  is  the  (initial)  strain  rate,  a  is  the  steady-state  stress,  or  stress  at  0.20  strain,  G  is  the 
shear  modulus,  R  is  gas  constant,  and  7  is  the  test  temperature. 

Stress  -  Strain  Rate  Reiatjonshin 

Typical  examples  of  the  a,-  e  relationship  are  shown  in  Fig.l.  In  ^-Ti-Al  alloys  the  slope 
is  about  4  and  no  bend  can  be  seen  under  any  test  condition  employed  in  this  investigation. 

In  ^Ti-V  alloys  two  regions  with  a  unique  slope  in  each  region  can  be  recognized.  The  low 
and  high  stress  regions  will  be  denoted  as  Regions  M  and  H,  respectively,  referring  to  the 
case  of  Al-Mg  solid  solution  alloys<^).  The  slopes,  or  the  stress  exponents,  are  about  3  and 
4.5  in  Regions  M  and  H.  The  boundary  condition  (the  upper  transition  stress  oj  depends 
only  slightly  on  temperature. 

Temperature  Dependence 

Typical  examples  of  the  temperature  dependence  of  e  under  selected  values  of  o/G  are  shown 
in  Fig.2  in  each  region.  The  apparent  activation  energies  calculated  from  the  slopes  of  data 
lines  are  160  kJ/mol  in  Ti-Al  alloys,  and  180  and  160  kJ/mol  in  the  low  and  high  stress 
ranges  of  Ti-V  alloys,  respectively.  These  values  are  close  to  the  activation  energies  for 
diffusion  of  A1  in  P-Ti-Al  alloys^*’,  V  and  Ti  in  P-TT-V  alloys<*>,  respectively. 


Fig.  1  Typical  examples  of  e-o,  relationship  obtained  in  P-Ti-3A1(»  and  ^Ti-20V(2)  alloys. 


Fig.2 

Topical  examples  of 
E-l/r  relationship  under 
constant  O/G  conditions 
in  p-Ti-3Al<»  and 
P-Ti-20Va)  aUoys. 


Concentration  Dependence 

Examples  of  the  influence  of  solute  concentration  on  the  i-a  relationship  are  shown  in  Fig.3. 
It  is  obvious  in  ^-Ti-V  alloys  that  the  boundary  condition  between  Regions  M  and  H  depends 
significantly  on  the  composition. 

Typical  examples  of  the  concentration  dependence  of  e  normalized  by  the  diffusion 
coefficient  under  selected  values  of  a/G  are  shown  in  Fig.4.  The  abscissa  is  taken  as  N(l-N) 
instead  of  N  (the  mole  fraction  of  the  solute  element),  because  of  a  better  fit  up  to  a  concen¬ 
trated  Tange(^).  Diffusion  coefficients  used  are  those  of  interdiffusion  in  P-TV^Ti-4mass%Al 
couples  in  cases  of  Ti-Al  alloys,  those  of  V  self-diffusion  in  P-Ti-(0-30mass%)V  alloys  in 
cases  of  Region  M  of  Ti-V  alloys,  and  those  of  Ti  self-diffusion  in  P-Ti-(0~30mass%)V 
alloys  in  cases  of  Region  H  of  Ti-V  alloys. 

The  slope  is  about  1  in  Ti-Al  alloys  and  Region  M  of  Ti-V  alloys,  and  2.7  in  Region  H  of 
Ti-V  alloys. 


Discussion 

Transition  in  Deformation  Behavior 

The  characteristic  features  of  high  temperature  deformation  observed  in  Ti-V  alloys  are 
considered  to  be  essentially  the  same  as  those  observed  in  Regions  M  and  H  of  Al-Mg  solid 
solutions(^>.  The  transition  condition  between  Regions  M  and  H  has  been  discussed  in  some 
detail  in  Al-Mg  (fee)  alloys^),  o-Ti-Al  (hep)  alloysW  and  a-Fe-Mo  (bcc)  alloys*'®).  The 
upper  transition  stress  o,  is  well  correlated  by  the  condition  given  by  Cottrell*"),  except  the 
numerical  factor,  i.e., 

{(l+v)/it(l-v))eNG.  (2) 

Here,  V  is  Poisson’s  ratio  and  e  is  the  atom  misfit  parameter. 
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Fig.3  TVpical  examples  of  e-o,  relationship  in  alloys  containing  various 
amounts  of  the  solute  in  ^Ti-Al<*)  and  P-H-Vt®  alloys. 
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N[^-N) 

Fig.4  Concentration  dependence  of  !(*•*>  normalized  by  the  diffusion 
coefflcient,  D,  of  the  solute  in  H-Al  and  Ti-V(M)  alloys  and 
of  the  solvent  in  Ti-V(H)  under  given  o/G  values. 
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The  present  results  are  shown  in  Fig.S  together  with  previously  reported  data  in  other  systems. 
All  results  can  be  well  represented  by  the  equation, 

aJM  =  0.2{(l+v)/jt(l-v))  e  m-N)  G,  (3) 

independent  of  alloy  system  and  crystal  system.  Here,  h4  is  the  Taylor  factor<'2);  3.O6  for 
fee  lattice  and  2.6S  for  bcc  lattice. 


This  condition  is  drawn  by  broken  lines  in  Fig.S.  It  is  clear  that  in  Ti- A1  alloys  all  the  exper¬ 
imental  conditions  locate  vnthin  Region  M  and  no  bend  on  the  data  lines  can  be  expected. 

Creep  Rate  Equations 

The  relationship  between  e  and  a  in  Region  M  is  analyzed  using  an  equationi^’l  including  the 
tenns, and  e^,  i.e., 

e  =  A»[Dlti^N{\-N)em.kTIGlP'Y<alGY.  (4) 

This  relationship  holds  very  well  in  each  system  as  shown  in  Fig.6,  when  diffusion  coeffi¬ 
cients  of  the  solute  are  employed  as  D.  The  master  curves,  however,  are  obviously  different 
between  these  two  systems.  This  result  suggests  that  there  is  still  some  missing  factors  for 
quantitative  estimation  of  high-temperatuie  deformation  behavior  in  ^Ti-base  solid  solution 
alloys. 


It  was  reported  in  Al-base  ternary  solid  solutions('^>  that  a  simple  additive  rule  holds  in  high 
temperature  strengthening,  provided  that  the  correction  term,  eVf>,  is  applied  for  each  solute 
element.  In  the  Ti  alloys,  no  such  simple  rule  can  be  applied  because  of  different  master 
curves  in  the  e-o  relation  among  alloys.  One  of  the  important  problems  remaining  un¬ 
solved  is  the  cause  of  differences  in  n  and/or  among  alloy  systems. 


The  deformation  behavior  in  Region  H  can  be  represented  by  the  equation, 

e  =  A«{A/(l-A0}-  "(Gh3/itrKO/h^Ko/G)»,  (5) 

with  m>2.7  and  n=4.2,  when  the  Ti  tracer  diffusion  coefficients  in  each  alloy  are  employed  as 
This  relationship  is  essentially  similar  to  that  observed  in  (random)  solid  solution 
strengthening  at  low  temperatures,  i.e.,  o  « (M)  at  a  given  e. 


Fig.5 

Relationship  between  the 
(u]^)  transition  stress  aJG 
and  the  concentration  N(l-N) 
multiplized  by  factors 
according  to  the  Cottrell 
model  of  the  atmosj^re 
breakaway<*'*l. 
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Fig.6  Relationship  in  region  M  between  normalized  strain-rate 
and  normalized  stress  in  ^Ti-base  solid  solution  alloys. 


Conclusions 

Deformation  behavior  of  P-Ti-base  solid  solution  alloys  is  divided  into  two  types  and  the 
boundary  condition  can  be  expressed  by  the  equation, 

O.  =  0.53{(l+v)/Ji(l-v)}  e N{\-N)  G.  (6) 

In  the  low  stress  range,  the  deformation  of  P-Ti-solid  solution  alloys  is  of  the  alloy-type,  in 
which  the  glide  motion  of  dislocations  dragging  solute  atmosphere  is  the  rate-controlling 
process.  The  relationship  between  stress  and  strain  rate  in  the  steady-state  deformation  can 
be  represented  by  the  equation, 

^=A'*[D^[Ni\-N)^)]{KriGb){.alCy>.  (7) 

The  values  of  and  n  d^nd  slightly  on  the  alloy  system. 
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In  the  high  stress  range,  the  defoimation  of  P-Ti  solid  solution  alloys  is  of  the  metal-type,  in 
which  dislocations  can  glide  with  fairly  high  velocity  and  the  climb  motion  of  dislocations  is 
the  rate  controlling  process.  The  relationship  between  stress  and  strain-rate  can  be  repre¬ 
sented  roughly  by  the  equation, 

e« = AHD^^J[m-m^^niGb/kTKa/G)-*^.  (8) 
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STRENGTHENING  MECHANISMS  IN  UNOERMATCHEO 


TITANIUM  WELDS 

M.  E.  Wells 

Carderock  Division,  Naval  Surface  Warfare  Center 
Annapolis,  Maryland  21402-5067 


Abstract 

This  paper  examines  the  strengthening  mechanisms  In  lower  yield  strength 
(LYS)  narrow  groove  weldments  from  both  an  experimental  and  analytical 
standpoint.  All  work  was  performed  on  nominal  25  mm  thick  T1  6A1-4V 
weldments  fabricated  with  commercially  pure  titanium  filler  wire. 

Following  radiographic  examination  of  the  completed  weldments,  microhardness 
measurements  were  taken  across  the  baseplate,  heat  affected  zone  (HAZ)  and 
weld  metal.  The  weld  metal  hardness  data  was  translated  Into  tensile 
strengths  using  the  strength-hardness  relationships  developed  for  titanium. 
Chemical  and  electron  probe  analyses  of  the  weld  metals  were  made  to  measure 
the  extent  of  major  and  Interstitial  element  pickup  from  the  baseplate 
material  during  welding. 

The  tensile  properties  of  the  weldments  were  measured  by  full  thickness 
transverse  tensile  tests.  The  results  showed  that  as  the  weld  width 
decreased,  the  transverse  joint  strength  Increased.  At  a  weld  width  of  7.9 
mm,  the  transverse  joint  strength  matched  the  tensile  strength  of  the 
baseplate  material.  Comparison  of  the  transverse  tensile  test  results  with 
the  estimated  tensile  strengths  of  the  weld  metal  In  the  free  state  showed 
that  contact  strengthening  was  the  dominant  mechanism  In  producing  higher 
strength  In  the  weldments.  Melting  of  the  baseplate  material  Into  the  weld 
deposit  contributed  to  the  joint  strength  at  the  narrowest  weld  width,  but 
had  a  negligible  effect  at  the  wider  weld  widths.  The  results  of  compact 
tension  tests  showed  that  the  Increased  joint  strength  was  accompanied  by  a 
reduction  In  fracture  toughness  and  resistance  to  crack  propagation. 

The  numeric  analysis  of  the  LYS  weldments  was  performed  using  the  plane 
strain  option  of  the  PAPST  finite  element  program.  The  results  showed  an 
expected  bulld-up  of  axial,  effective  and  hydrostatic  stresses  as  the  weld 
width  decreased.  The  effects  of  contact  strengthening  were  characterized  by 
a  decreasing  ratio  of  effective  stress  to  applied  stress  and  an  Increasing 
ratio  of  hydrostatic  stress  to  applied  stress.  The  calculated  values  of 
effective  stress  at  failure  were  found  to  closely  match  the  tensile 
strengths  of  the  weld  metal  In  the  free  state. 
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As  part  of  a  reduced  cost  titanium  alloy  development  program,  the  U.S.  Navy 
is  developing  a  lower  yield  strength  (LYS)  welding  technology.  This 
technology  consists  of  two  major  factors.  First,  filler  metals  are  employed 
that  have  yield  and  ultimate  strength  values  lower  than  the  baseplate.  The 
use  of  LYS  fillers  in  titanium  fabrication  offer  the  potential  for  improved 
toughness.  Increased  tolerance  for  interstitial  contamination  and  reduced 
cost  due  to  lower  alloy  content  and  processing  difficulty.  Second,  narrow 
groove  joint  designs  are  employed  to  provide  required  transverse  weld 
strength  properties.  In  addition  to  reducing  the  volume  of  weld  metal 
required,  the  geometry  of  the  narrow  groove  joint  can  be  utilized  with  an 
LYS  filler  to  increase  the  joint  strength  above  that  of  the  filler  metal  in 
the  free  state.  When  the  weld  width  is  less  than  the  plate  thickness,  the 
easiest  45  degree  slip  planes  are  blocked  by  the  harder  baseplate  material 
surrounding  the  weld.  Geometric  constraints  on  the  plastic  flow  of  the  weld 
metal  raise  the  yield  and  ultimate  strength  of  the  weld  joint  above  that  of 
the  weld  metal  (1).  As  the  joint  strength  exceeds  the  yield  stress  of  the 
weld  metal,  a  complex  state  of  stress  begins  to  develop  at  the  center  of  the 
weld  zone  (2,3).  The  weld  metal  strain  hardens,  which  in  addition  to 
strengthening  the  joint,  can  increase  the  susceptibility  to  brittle  fracture 
(4,5,6).  In  the  literature,  this  phenomenon  is  referred  to  as  contact 
strengthening  (7).  While  the  majority  of  research  into  the  strength  of 
undermatched  weldments  has  been  accomplished  through  experimental  programs, 
only  a  limited  number  of  numerical  studies  appear  in  the  open  literature 
(8,9).  The  objective  of  this  work  was  to  examine  the  strengthening 
mechanisms  in  LYS  titanium  weldments  from  both  an  experimental  and 
analytical  standpoint. 

Experimental  Study 

Procedure 

The  experimental  work  was  focused  on  evaluating  the  effects  of  the  joint 
geometry,  as  expressed  by  the  aspect  ratio  of  weld  width  to  plate  thickness, 
on  the  strength  and  toughness  properties  of  narrow  groove  LYS  weldments.  A 
series  of  weldments  were  made  in  25  mm  thick  Ti  6A1-4V  plate  with  1.6  mm 
diameter  commercially  pure  (CP)  wire.  The  chemical  composition  and  tensile 
properties  of  the  materials  are  provided  in  Tables  I  and  II,  respectively. 


Table  I.  Chemical  composition  of  baseplate  and  filler  wire  (weight  %) . 


Material  A1  V  Fe 

0 

N 

c 

H 

DDIB 

DPin 

Dom 

Dpm 

Baseplate  5.9  3.9  0.04 

1220 

100 

210 

39 

Filler  wire  ... 

590 

_100_ 

80 

46 

Table  11.  Tensile  properties  of  baseplate  and  weld  metal. 


Material 

YS 

UTS 

El 

RA 

MPa 

MPa 

% 

% 

Baseplate 

803 

903 

12 

18 

Weld  Metal 

622 

516 

_ 22 _ 

50 

Weldment  Preparation.  A  90  degree  square  groove  was  machined  along  the 
length  of  six  plate  sections,  followed  by  tungsten  carbide  burring  to  a 
depth  of  0.8  mm.  The  joint  edges  were  then  degreased  with  acetone  and  wiped 
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dry  with  a  clean  disposable  cloth.  Three  25  x  610  x  914  mm  weldments  were 
fabricated  by  the  GTAW  cold-wire  process  In  the  flat  position.  A  6  mm  thick 
T1  6A1-4V  backing  bar  was  used  to  allow  welding  from  one  side.  The 
weldments  were  Identified  as  1,  2  and  3  with  joint  openings  of  19  mm,  11  mm 
and  6.5  mm,  respectively.  Arc  current  was  maintained  at  300-340  amperes, 
arc  voltage  at  14.5-18  volts,  travel  speed  at  2. 5- 3. 2  mm/sec,  and  wire  feed 
speed  of  23.7-30.0  mra/sec.  The  torch  gas  was  a  mixture  of  75  percent  helium 
and  25  percent  argon  with  a  flow  rate  of  28.3  1/mln  He  and  9.4  1/mln  Ar. 

The  trailing  gas  was  100  percent  argon  with  a  flow  rate  of  56.6  1/mln. 
Between  weld  passes,  the  joint  surface  was  cleaned  with  a  rotary  stainless 
steel  wire  brush  and  wiped  with  acetone. 

Weldment  Evaluation.  After  radiographic  examination,  microhardness 
measurements  were  taken  on  sections  of  each  weldment  using  a  diamond  pyramid 
indentor  with  a  1  kg  load.  The  measurements  Included  baseplate,  HAZ  and 
weld  metal  and  were  performed  to  establish  the  width  of  the  weld  metal  and 
corresponding  aspect  ratio. 

Chemical  analysis  for  interstitial  pick-up  was  performed  on  weld  metal  from 
each  weldment.  Electron  probe  mlcroanalysls  was  performed  on  the  widest  and 
narrowest  weldments  to  measure  aluminum  and  .aiiadlum  pick-up  from  the 
baseplate . 

Full  thickness  transverse  tensile  specimens  of  25  x  75  x  914  mm  were  removed 
from  each  weldment.  Weld  reinforcements  were  machined  flush  and  small 
strain  gages  were  attached  to  the  baseplate  and  weld  metal  to  measure 
surface  strains  during  testing. 

The  fracture  toughness  of  the  weldments  was  measured  by  1/2  T  compact 
tension  specimens  using  the  unloading  compliance  J-lntegral  test  method. 
Specimens  from  the  widest  and  narrowest  weldments  were  notched  in  the  weld 
metal  with  the  notch  normal  to  the  plate  surface. 

Results  and  Discussion 

Weld  Hardness.  Microhardness  traverses  across  the  fusion  zones  of  each 
weldment  provided  the  actual  width  of  the  weld  metal  and  corresponding 
aspect  ratio.  Table  111.  The  average  microhardness  values  for  the 
baseplate,  HAZ  and  weld  metal  from  each  weldment  are  also  presented  In  Table 
III.  The  weld  metal  hardness  in  weldments  1  and  2  were  comparable  and  well 
below  the  baseplate  hardness.  Weld  metal  hardness  In  weldment  3  was 
significantly  higher  than  the  other  weld  deposits.  Using  the  strength- 
hardness  relationships  developed  for  titanium  in  reference  10,  the  average 
weld  metal  hardness  values  were  translated  Into  ultimate  tensile  strength 
values.  As  expected,  the  estimated  tensile  strengths  of  weldments  1  and  2 
were  in  close  agreement  with  the  Ti-CP  all  weld  metal  tensile  strength  value 
from  Table  II ,  and  the  weld  metal  tensile  strength  of  weldment  3  was 
significantly  higher  than  the  other  weld  deposits. 


Table  III.  Microhardness  values  for  LYS  weldments. 


Weldment 
’D _ 


Weld 

Metal 


Width 


Aspect 

Ratio 


Baseplate 
_ DEH _ 


HAZ  Weld  Metal 

£EH _ CEH _ 


Estimated 
Weld  Metal  UTS 
_ SEfi _ 


It! 


£191 


The  strengthening  effect  observed  in  weldaent  3  was  attributed  to  pick-up 
from  Che  baseplate  during  fabrication.  Interstitial  chemical  analysis 
showed  an  oxygen  content  of  1180  ppm  in  this  weldment,  as  compared  with 
oxygen  contents  of  750  ppm  and  730  ppm  for  the  weld  deposits  of  weldments  1 
and  2,  respectively.  Electron  probe  analysis  showed  an  Increase  In  the  weld 
metal  aluminum  content  from  0.28  wC%  In  weldment  1  to  2.4  wt%  in  weldment  3. 
Using  the  strengthening  rates  of  references  11  and  12,  It  is  estimated  that 
oxygen  and  aluminum  pick-up  Increased  the  tensile  strength  of  the  weld 
deposit  in  weldment  3  by  approximately  40  MPa  and  117  MPa,  respectively. 

The  estimated  tensile  strength  of  the  weld  metal  in  weldment  3  from 
interstitial  and  aluminum  pickup  was  in  close  agreement  with  the  estimated 
tensile  strength  from  microhardness  measurements,  675  MPa  versus  655  MPa, 
respectively. 

Weldment  Tensile  Tests.  The  results  of  the  full  thickness  tensile  tests  on 
each  weldment  are  presented  in  Table  IV.  The  data  shows  that  as  the  weld 
width  decreased,  the  transverse  strength  properties  Increased.  At  an  weld 
width  of  7.9  mm,  the  transverse  ultimate  tensile  strength  of  the  weldment 
matched  the  ultimate  tensile  strength  of  the  Ti  6A1-4V  baseplate.  As  noted 
in  Table  IV,  all  weldments  fractured  in  the  weld  metal.  The  change  in 
fracture  appearance  from  45  degree  shear  to  a  predominantly  flat- rupture  as 
the  weld  width  decreases  from  20.6  to  7.9  mm,  is  evidence  of  the  Increased 
constraint  on  plastic  flow  of  the  weld  metal  from  the  joint  geometry. 


Table  IV.  Tensile  properties  of  LYS  weldments. 


Weldment 

ID 

Weld 

Width 

mm 

Aspect 

Ratio 

Weld  Metal 
YS 

MPa 

UTS 

MPa 

Fracture 

Location 

Frac ture 
Aooearance 

1 

20.6 

0.70 

413 

551 

Weld 

Shear 

2 

11.9 

0.39 

614 

765 

Weld 

Shear/Flat 

655 

765 

Weld 

Shear/Flat 

3 

7.9 

0.30 

689 

930 

Weld 

Flat 

744 

924 

Weld 

The  transverse  tensile  strength  values  from  Table  IV  are  presented 
graphically  in  Fig.  3,  along  with  the  tensile  strengths  of  the  welds 
determined  from  the  microhardness  measurements  of  Table  III.  In  this  way, 
one  can  differentiate  strengthening  effects  due  to  melting  of  the  baseplate 
material  into  the  weld  deposit  from  contact  strengthening  due  to  joint 
geometry.  At  aspect  ratios  of  0.70  and  0.39,  contact  strengthening 
increased  the  joint  strength  by  13%  and  48%,  respectively.  As  the  aspect 
ratio  was  further  reduced  to  0.30,  major  and  interstitial  element  pickup 
from  welding  increased  the  strength  of  the  weld  metal  by  27%.  Contact 
strengthening  accounted  for  an  additional  42%  increase  in  strength  at  this 
aspect  ratio.  From  this  graph,  it  is  clear  that  contact  strengthening  is 
the  dominant  mechanism  in  increasing  the  joint  strength  above  that  of  the 
weld  metal  in  the  free  state.  Melting  of  the  higher  strength  baseplate 
material  into  the  weld  deposit  increased  the  strength  at  the  narrowest  weld 
width,  but  had  a  negligible  effect  at  the  wider  weld  widths. 
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ASPECT  RATIO 


Fig.  3.  Joint  strength  as  a  function  of  aspect  ratio. 


Fracture  Toughness  Tests.  The  results  of  compact  tension  tests  on  specimens 
from  weldments  1  and  3  are  provided  in  Table  V.  These  data  show  that  the 
fracture  toughness  decreased  from  190  to  103  kJ/m*  as  the  weld  width 
decreased  from  20.6  to  7.9  mm.  These  values  were  based  upon  a  flow  stress 
calculated  from  the  Ti-CP  all  weld  metal  tensile  test  results  of  Table  II. 
The  fracture  toughness  was  re-calculated  using  a  flow  stress  based  upon  the 
transverse  weld  Joint  tensile  properties  of  Table  IV.  For  weldment  1,  the 
Jjc  and  T  values  remained  relatively  unchanged.  For  weldment  3,  the  Jjc  was 
reduced  from  103  kJ/m^  to  91  kJ/m^,  and  T  was  reduced  from  83  to  29.  These 
results  show  that  the  increased  joint  strength  is  accompanied  by  a 
significant  reduction  in  fracture  toughness  and  tearing  modulus. 


Table  V.  Fracture  toughness  of  LYS  weldments. 


Weldment 

ID 

Weld 

Width 

Aspect 

Ratio 

Notch 

Orient. 

Notch 

Location 

E 

GPa 

MPa 

kJ/ra^ 

T 

1 

20.6 

0.70 

T-L 

Weld 

110.3 

A69 

191 

103 

3 

7.9 

0.30 

T-L 

Weld 

106.9 

469 

103 

83 

1 

480 

190 

98 

3 

827 

29 

Note:  E-  Young's  modulus 
a,-  flow  stress 


Analytical  Study 

Procedure 

The  experimental  work  provided  narrow  groove  weldments  with  known  failure 
loads  for  numerical  analysis.  The  nonlinear  finite  element  computer  program 
PAPST  was  selected  for  the  analysis.  The  analyses  were  performed  on 
weldments  2  and  3,  using  the  plane  strain  option  of  PAPST.  This  option  was 
selected  on  the  basis  of  previous  In-house  work  showing  that  a  2-D  plane 
strain  model  provided  a  good  first-order  approximation  of  the  3-D  behavior 


In  undermatched  weldments .  The  material  input  data  for  the  program  Included 
stress -strain  data,  Young's  modulus  and  Poisson's  ratio.  The  stress -strain 
curves  of  the  baseplate  and  weld  metal  were  divided  Into  multiple  straight 
line  segments  for  input  Into  the  finite  element  analysis.  Young's  modulus 
was  taken  as  113.8  GPa  and  106.2  GPa  for  the  baseplate  and  weld  metal, 
respectively.  Poisson's  ratio  was  taken  as  0.3  for  both  materials. 

One  quadrant  of  the  specimens  was  modeled  using  ten  12 -nodal  elements  and  72 
nodes.  Each  specimen  was  loaded  by  a  uniform  uniaxial  tensile  stress 
applied  12.7  cm  from  the  weld  centerline.  Loads  were  Increased 
Incrementally  until  the  fracture  stress  of  each  specimen  was  reached. 

Results  and  Discussion 

Examination  of  the  output  data  showed  that  the  extremes  of  stress -strain 
behavior  occurred  at  the  surface  and  center  of  the  weld  metal  In  each 
specimen.  As  expected,  the  highest  stresses  and  strains  occurred  at  the 
exact  center  of  each  weld.  Pertinent  stress  quantities  at  these  two 
locations  are  discussed  below. 

Calculated  Stress  Distributions.  The  calculated  principal  stresses  In  the 
weld  metal  of  weldr.ent  2  are  shown  In  Fig.  3.  The  stresses  at  the  surface 
remained  in  biaxial  tension  through  the  entire  range  of  loading.  The  state 
of  stress  at  the  center  of  the  weld  metal  began  as  one  of  plane  stress  but 
changed  to  a  trlaxlal  stress  state  as  the  load  was  Increased  above  first 
yield  of  the  weld  metal.  The  effect  on  the  von  Hlses  effective  and 
hydrostatic  stresses  Is  Illustrated  In  Fig.  4.  Above  first  yield,  the 
development  of  high  hydrostatic  stresses  accelerate,  while  the  effective 
stress  at  the  center  increases  more  slowly.  The  ratio  of  the  effective 
stress  to  applied  axial  stress  dropped  from  a  theoretical  value  of  unity  at 
first  yield  to  a  value  on  the  order  of  0.6  when  the  effective  stress  reached 
Its  free  state  tensile  strength  value  of  516  MPa.  This  process  is  a 
manifestation  of  contact  strengthening.  At  the  same  time,  the  ratio  of 
hydrostatic  stress  to  applied  stress  Increased  from  a  theoretical  value  of 
1/3  at  first  yield  to  the  order  of  0.8  when  the  effective  stress  reached  the 
tensile  strength  of  the  weld  metal  In  the  free  state. 
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Fig.  3.  Principal  stresses  In 
weld  metal. 
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Fig.  4.  Von  Hlses  and  hydrostatic 
stresses  In  weld  metal. 


The  principal,  effective  and  hydrostatic  stresses  at  failure  for  both 
specimens  are  summarized  In  Table  VI.  While  these  stress  values  show  that 
the  narrowest  weld  had  higher  stresses  within  the  weld  at  failure,  there  is 
nothing  strongly  evident  In  the  calculated  values  to  explain  the  difference 
In  the  Joint  strength  of  the  two  weldments.  Since  the  program  models  only 
contact  strengthening,  the  results  Indicate  chat  ocher  factors  must 
contribute  Co  the  difference  between  load  carrying  capacity  of  the  two 
weldments.  Of  these  factors,  the  difference  In  weld  metal  ultimate  tensile 
strength  appears  to  be  the  most  important.  From  Table  III,  the  ultimate 
tensile  strengths  of  the  weld  metal  were  estimated  at  517  MPa  for  the  11.9 
mm  weld  width  and  655  MPa  for  Che  7.9  mm  width.  These  ultimate  stress 
values  match  Che  calculated  values  of  Che  center  effective  stresses  at 
failure  very  closely.  While  based  on  limited  experimental  data,  this  result 
Implies  chat  the  von  Mlses  stress  developed  at  the  center  of  the  weld  can  be 
used  as  a  failure  criterion  for  undermaCched  narrow  gap  welds,  l.e.  when 
the  predicted  von  Mlses  effective  stress  at  the  center  of  Che  weld  reaches 
the  ultimate  uniaxial  tensile  strength  of  the  weld  metal  In  the  free  state, 
failure  occurs.  In  applying  this  criterion,  allowance  must  be  made  for  any 
Increase  In  the  weld  metal  ultimate  tensile  strength  from  welding. 

Table  VI.  Computed  stresses  at  failure  for  LYS  weldments  (MPa). 


Weldment  ID 

Weld  Width  (ram) 

2 

11.9 

3 

7.9 

Ojj  @  surface 

517 

758 

«'22  @  surface 

0 

0 

<733  @  surface 

228 

355 

a, If  (von  Mlses)  @  surface 

449 

655 

O),  (hydrostatic)  @  surface 

248 

372 

Oj3  @  center 

955 

1,200 

<722  @  center 

379 

441 

C33  @  center 

627 

776 

"•ft  (von  Mlses)  @  center 

500 

655 

<7^  (hydrostatic)  @  center 

655 

806 

Applied  stress  at  fracture 

_Z&5 _ 

931 

Conclusions 

Based  on  the  experimental  and  analytical  results  reported  herein  on  narrow 
groove  LYS  weldments,  the  following  conclusions  are  provided: 

•  As  Che  weld  width  Is  reduced,  Che  transverse  yield  and  ultimate 
tensile  strength  (f  Che  weldments  increase  and  Che  weld  metal  fracture 
toughness  and  resl.'tance  to  crack  propagation  decrease. 

•  Contact  strengthening  is  the  dominant  mechanism  in  producing  higher 
strength  in  the  LYS  weldments.  At  the  narrowest  weld  width  tested  in  this 
work,  additional  strengthening  was  gained  through  melting  of  the  baseplate 
material  into  the  weld  deposit. 

•  As  the  weld  width  decreases,  the  principal,  von  Mlses  effective  and 
hydrostatic  stresses  Increase.  Contact  strengthening  Is  characterized  by  a 
decreasing  ratio  of  effective  stress  to  applied  stress  as  the  applied  load 
Increases . 


•  Failure  of  the  welds  Is  incipient  when  the  von  Mlses  effective 
stress  approaches  the  ultimate  tensile  stress  of  the  weld  metal  In  the  free 
state,  adjusted  upward  for  any  strengthening  from  Che  welding  process. 
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Work  In  Progress 

Candidate  LYS  filler  metals  for  the  Ti-6211  baseplate  system  have  been 
Identified  on  the  basis  of  cost,  availability,  and  predicted  metallurgical 
compatibility.  Mechanical  property  and  mlcrostructural  evaluation  of  the 
candidate  filler  metals  are  In  progress.  It  Is  expected  that  the  use  of 
these  filler  metals,  which  more  closely  approximate  the  baseplate  strength, 
will  provide  a  less  significant  reduction  in  fracture  toughness  since  the 
elevation  In  flow  stress  due  to  contact  strengthening  will  be  less  severe. 


Acknowledgements 

The  author  gratefully  acknowledges  the  assistance  of  Hr.  Nash  Gifford  of  the 
Carderock  Division  of  the  Naval  Surface  Warfare  Center  for  his  fine  work  on 
finite  element  analysis  of  the  LYS  weldments. 


References 

1.  Hill,  R. ,  The  Mathematical  Theory  of  Plasticity.  Oxford  University 
Press,  1950,  226-236.  (Note:  The  expressions  developed  for  compression  are 
reversible  for  the  tensile  case). 

2.  Erofeev,  V.P.  et  al,  "Calculation  of  the  Parameters  of  the  Stress  State 
of  Butt  Welded  Joints  with  Soft  Areas,"  Welding  Production.  No.  7,  1979, 

1-3. 

3.  Numes,  A.C.  et  al,  "Weld  Width  Indicates  Weld  Strength,"  Tech  Brief, 

Vol.  6,  No.  3,  National  Aeronautics  and  Space  Administration,  1981. 

4.  Bakshl,  O.A. ,  "The  Static  Tensile  Strength  of  Welded  Joints  with  a  Soft 
Interlayer,"  Welding  Production.  No.  5,  1962,  9-15. 

5.  Kharchenko,  G.  K. ,  "The  Strength  of  Joints  with  a  Thin  Soft  Interlayer," 
Automatic  Welding.  No.  5,  1968,  31-37. 

6.  Karkhln,  V.A.  et  al,  "The  Stress-Strain  State  of  Welded  Joints  with  Soft 
and  Hard  Interlayers,"  Welding  Production.  No.  3,  1984,  10-11. 

7.  Satoh,  K.  and  M.  Toyoda,  "Joint  Strength  of  Heavy  Plates  with  Lower 
Strength  Weld  Metal,"  Welding  Journal.  No.  9,  1975,  311s-319s. 

8.  Agapakis,  J.,  "Analytical  and  Numerical  Evaluation  of  the  Strength  of 
Undermatched  Butt  Welded  Joints  in  High  Strength  Steels,"  Special  Research 
Project,  Department  of  Ocean  Engineering,  MIT,  1980. 

9.  Jones,  R.D.,  "The  Effect  of  Undermatching  in  Shallow  Cracked  Specimens 
Containing  Various  Weld  Geometries,"  University  College  of  Swansea, 

Institute  for  Numerical  Methods  In  Engineering,  1983. 

10.  Stark,  L.E.,  "The  Strength-Toughness  Properties  of  Welds  In  Plates  of 
Commercial  Titanium  Alloys,"  Welding  Journal.  No.  2,  1971,  67s. 

11.  Borisova,  Ye. A.  and  I. I.  Shashenkova,  Titanium  Alloys  for  Modern 
Technology.  Nauka  Press,  Moscow,  1968,  202. 

Physical  Metallurgy  of  Titanium 

l,7?4 


12.  Vuir,  B.K.  and  S.A.  Yudina, 
1964,  155. 


,  Moscow. 


Modelling  of  Texture  Evolution  during  Thermomechunicul 
Treatments  for  Different  Titanium  alloys. 


M.J.PHILIPPE  .  F.WAGNER,  M.SERGHAT,  A.BOWEN^  and  C.ESLING 


LM2P  -  ISGMP  -University  de  METZ  .  F-S704S  METZ  CEDEX  01 

+Materials.  Structure  Dept.,  Defence  Research  Agency;  RAE 
Farnborough,  Hampshire  GU14  6TD,  GB 

Abstract 

In  hexagonal  materials,  plastic  deformation  is  commonly  accomodated  by  a 
combination  of  both  dislocation  glide  and  twinning  .  This  is  the  case  for  titanium 
alloys,  up  to  approximately  a  50%  reduction  in  area.  For  a  higher  degree  of 
reduction,  gliding  is  almost  the  only  deformation  mechanism,  which  may  be 
accompanied  by  the  formation  of  slip  bands.  In  a-i-p  alloys,  the  role  of  the  P phase 
varies  to  a  great  extent  with  the  rolling  temperature  and  the  percentage  of  the  P 
phase. 

Depending  on  the  various  stages  of  deformation,  and  in  accordance  with  the 
evolution  of  the  microstructure,  different  versions  of  the  Taylor  model  were  used 

for  the  modelling.  The  initial  texture  was  the  true  hot  rolling  texture  and  the 
simulation  of  cold  rolling  required  two  or  three  different  stages. 

For  two  phase  alloys  (a  and  P  phases  as  in  TA6V),  the  modelling  is  restricted  to  the 
a  phase.  Indeed,  at  low  temperatures,  the  percentage  of  the  p  phase  is  low  and  its 
deformation  is  negligible  as  it  is  much  harder  than  the  a  phase.  At  a  higher 

temperature,  the  volume  fraction  of  the  p  phase  is  simultaneously  increased  and 

softened.  In  the  latter  case,  it  is  necessary  to  resort  to  self  consistent  models 
which  can  be  extended  to  multiphase  versions. 

Since  the  texture  evolution  during  recrystallisaiion  is  well  known,  the 

modification  of  the  deformation  texture  by  different  thermomechanical 
treatments  offers  promising  prospects  for  the  texture  tayloring  in  view  of  the 
optimization  of  anisotropic  properties. 

Introduction 

In  order  to  calculate  mechanical  properties  for  hexagonal  materials,  such 
as  yield  stress  or  forming  limit  diagrams,  it  is  necessary  not  only  to  identify  the 
texture  but  also  the  deformation  mechanisms  with  their  critical  resolved  shear 
stresses.  For  titanium  alloys,  as  for  most  hexagonal  materials,  it  is  difFicult  to  find 
the  appropriate  literature  since  the  results  from  one  alloy  to  another  can  differ 
greatly  (I). 

With  Transmission  Electron  Microscopy,  we  can  attempt  to  determine  the 
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deformation  mechanisms  for  the  studied  materials.  For  a  better  knowledge  of  the 
mechanisms  and  their  critical  shear  stresses,  it  is  interesting  to  observe  the 
texture  evolution  in  different  conditions  and  to  compare  modelling  and 

experiment. 

If  the  texture  evolution  modelling  is  developed  for  cubic  materials,  it  is  not  the 
case  for  hexagonal  materials,  and  apart  from  our  work,  only  one  author  has 
compared  the  results  obtained  with  the  Taylor  to  those  obtained  with  the  self- 
consistent  models,  for  a  defined  set  of  CRSS’  (2). 

In  a  first  approach  we  have  worked  with  different  versions  of  the  Taylor 

model,taking  twinning  into  account  . 

We  have  also  chosen  the  version  (full  constrained,  lath  or  pancake  relaxed) 

according  to  the  microstructure  of  the  alloy,  and  the  mechanisms  observed  into 
TEM  have  been  introduced  in  the  modelling. 

Texture  evolution  by  the  cold  rolling  of  a  titanium  or  near  a  alloys 

The  textures  produced  hy  cold  rolling  of  a  titanium  alloys  have  been  listed  (3). 

These  textures  can  be  classified  in  the  range  of  two  extreme  boundaries  : 

-  Type  I  or  T-type  (eg.  T35,  Fig.  la)  with  C  axes  tilted  at  40°  to  ND  in  TD  and  <10.0> 

directions  in  TD.  Up  to  50%  deformation,  this  texture  is  not  very  sharp.  However, 

after  50%  deformation  this  texture  becomes  sharper  with  the  increase  of  the 

deformation  rate. 

-  Type  II  or  C-type  (eg.  Ti  +  2500ppmO2;  TA6V,  Fig.  lb)  with  C  axes  tilted  at  20°  to 
ND  in  RD  and  with  the  <10.0>  directions  arranged  randomly  around  C.  These 
textures  are  never  very  pronounced  whatever  the  deformation  rate.  This  texture 
develops  during  the  cold  rolling.  Generally,  the  hot  rolling  textures  are  either 
similar  to  type  I  or  have  their  C-axes  parallel  to  TD. 

The  type  I  textures  are  those  of  the  a  titanium  alloys  without  a  second  phase  and 
with  an  oxygen  content  of  less  than  1200  ppm.  If  the  oxygen  content  increases, 
the  C  axes  converge  towards  ND.  Alloys  with  a  large  oxygen  content  (2500ppmO2) 
or  which  contain  a  second  phase  (TA6V  for  example),  show  again  the  rolling 
textures  of  type  II  (4). 

Microstruclurc  and  deformation  mechanisms 

The  titanium  alloys  with  a  low  oxygen  content  (alloys  with  a  type  I  texture),  have 
an  average  grain  size  of  between  10  and  30|un  before  cold  rolling.  During  cold 
rolling,  these  alloys  deform  by  gliding  and  twinning.  For  an  alloy  such  as 
titanium  T35,  the  twinned  volume  fraction  increases  with  deformation  and 
reaches  50%  twinning  at  e  =  0.5  (Fig.  2). 

The  active  deformation  mechanisms,  as  determined  by  TEM  during  the  first  20% 
of  deformation  (4),  are  as  follows  : 

-prismatic  glide  {I0.0}<  11.0  > 

-deviated  glide  with  the  same  direction  <II.0>  on  a  pyramidal  or  basal  plane 
-twinning  on  {10.2]  and  (11.2)  planes. 

During  the  first  stage,  no  (or  very  little)  gliding  of  type  <C'fa>  is  activated  until 
20%  deformation. 

After  20%  deformation  the  nucleation  of  new  twins  decreases  and  becomes 
negligible  at  about  60%  deformation  (5).  Thus,  if  the  compression  twinning  (11.2) 
no  longer  appears,  it  is  necessary  to  resort  to  pyramidal  gliding  <c-fa>  in  order  to 
adapt  the  deformation.  Furthermore,  the  grain  shape  is  very  anisotropic,  since 
the  grains  are  very  elongated. 

For  alloys  such  as  TA6V  or  alloys  with  a  large  oxygen  content,  the  grain  sizes  are 
in  the  range  of  1  to  5|un.  During  cold  rolling,  the  p  phase  (when  it  exists),  does  not 
participate  directly  in  the  deformation  but  only  by  limiting  the  grain  size  and 
consequently  the  twinning. 

Funhermore,  there  is  little  twinning  in  these  alloys  (<5%  twinned  volume 
fraction  up  to  a  deformation  of  50%).  (Fig.3). 
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It  can  be  considered  therefore,  that  these  alloys  basically  deform  by  gliding. 

The  deformation  mechanisms  determined  by  TEM  are: 

-  prismatic  glide  (10  .0}  <11.0> 

-  cross  slip  with  the  same  <lt.0>  direction 

-  pyramidal  glide  (10  .1)  <I1.3> 

In  this  case  only  the  a  phase  has  been  considered  during  the  deformation. 

Choice  of  model  and  conditions  of  use. 

We  used  the  Taylor  Model  because  it  is  able  to  take  twinning  into  account. 
Furthermore  for  cubic  materials,  this  model  gave  comparably  good  results  to 

those  obtained  from  more  sophisticated  models  (6).  Moreover  this  model  will  only 
be  used  when  the  basic  assumptions  are  fulfilled  in  practice.  In  addition,  the  best 
adapted  version  of  the  model  (full  constrained,  lath  or  pancake-relaxea)  for  the 

microstructure  and  its  evolution  wilt  be  chosen. 

Thus  for  the  T  type  alloys  like  the  T3S  alloy,  3  different  stages  during  the  plastic 
deformation  were  distinguished:  in  the  1st  stage,  twinning  was  observed;  in  the 

second,  twinning  and  pyramidal  glide;  and  in  the  third,  pyramidal  glide. 
Accordingly,  the  modelling  was  divided  into  three  stages,  in  order  to  account  of 
the  changes  in  the  deformation  systems.  In  order  to  take  into  account  the 
microstructure  and  its  evolution,  a  fully  constrained  version  of  the  model  was 
used  for  the  first  stage,  and  a  pancake-relaxed  version  for  the  following  two 
stages. 

In  the  case  of  TA6V,  there  is  no  change  in  the  deformation  mechanisms.  We 

distinguished  two  stages  in  order  to  take  into  account  the  modification  in  the 

microstruciure  :  a  first  stage  up  to  S0%  deformation  with  a  full  constrained 
version,  and  a  second  stage  which  ranges  from  SO  to  80%  deformation,  with  a 

pancake-relaxed  version  (anisotropic  grain  shape). 

Finally,  the  texture  evolution  was  modelled  by  using  as  an  initial  texture  the 
‘true'  experimental  texture,  instead  of  an  isotropic  texture  which  is  currently 
used. 

Results  of  the  modelling  and  comparison  with  the  experimental 
textures. 

In  the  case  of  the  Titanium  T  3S  alloy,  the  procedure  described  above  yielded  the 
best  results  were  obtained  from  a  modelling  in  3  stages,  which  allowed  us  to 

account  for  the  evolution  of  the  microstructure. 

The  ratios  of  critical  resolved  shear  stresses  have  been  assessed  by  means  of  TEM 
observations  and  been  best  adapted  with  respect  to  the  results  of  the  simulation. 
For  the  first  stage  up  to  20%  deformation,  the  fully  constrained  version  was  used 
with  the  following  relative  critical  shear  stresses: 


T  pyr<11.0>  y  T  twinning  (10.2)  ^  t  twinning  (11.2) 

tprism  xprism  tprism 

In  a  second  stage  ranging  from  20  to  60%  defonnaiion,  to  account  for  the  shape  of 
the  grains  a  pancake-relaxed  version  was  used  with  the  following  relative 
critical  shear  stresses: 


t  py  r<ll.(lt» . 
t  p  rism 


T  twinn  ing  (10.2|  < 

Tprism 


T  twi  nni  ng  (11.2) 
T  p  r  is  m 


>25 


spy  r<U23>, 
T  p  rism 


In  a  third  stage  ranging  from  60  to  80%  deformation.we  still  used  the  pancakC' 
relaxed  version  but  the  relative  critical  shear  stresses  were  adapted  to  ; 


T  py  r<11.0c>  _  j  j  t  py  r<11.3> 
iprism  iprism 


The  modelling  results  are  very  similar  to  the  experimental  textures,  as  can  be 
seen  in  figure  4  which  corresponds  to  the  result  obtained  at  80%  deformation. 
These  figures  have  to  be  compared  with  the  experimental  figures  from  figure  la. 
The  agreement  of  the  modelled  and  experimental  textures  is  quite  good  bctb  when 
comparing  the  experimental  pole  figures  and  the  theoretical  pole  figures 
calculated  from  simulations. 

For  the  TA6V  alloy  there  is  only  gliding.  In  the  first  stage  from  0  to  50% 
deformation,  a  fully  constrained  version  was  used  with  thr  following  critical 
resolved  shear  stress  ratios  : 

t  py  r<11.0>  5  T  py  r<ll3>  _ 

tprism  tprism 


In  the  second  stage,  with  the  same  shear  stresses  ratios,  a  relaxed  version  was 
used  to  take  account  of  the  grain  shape.  In  this  case  the  modelling  results, 
presented  in  fig.  S,  correspond  well  to  the  experimental  textures  presented  in 
figure  lb,  where  there  is  good  agreement  between  the  experimental  pole  figures 
and  those  calculated  from  the  simulations. 

Application  to  texture  tayloring  and  conclusion. 

The  recrystallisation  textures  are  well  known,  and  have  already  been  classified 
(2).  The  present  work  shows  that  the  effect  of  the  elementary  deformation 
mechanisms  (gliding,  twinning)  on  the  appearance  of  the  various  texture 
components  by  cold  rolling  are  well  understood.  As  the  parameters  which  govern 
the  activation  of  these  elementary  mechanisms  such  as  alloying  elements,  second 
phase,  grain  size,  deformation  temperature  etc.  are  understood  too,  it  is  possible 
to  select  the  best  adapted  alloy  and  tbermomechanical  treatments  to  obtain  a 
specific  texture  in  view  of  the  application  of  the  sheets. 

In  particular,  two  applications  can  be  mentioned  ; 

1)  if  sheets  are  needed  with  a  higher  plane  isotropy  (similar  properties  in  any 
direction  in  the  sheet  plane),  it  is  necessary  to  start  from  a  cold  rolling  texture 
with  C  axes  in  ND-RD  plane  (as  for  TA6V  or  Ti  with  2500  ppmOj).  After 
recrystallisation  the  C  axes  are  almost  parallel  to  the  normal  direction  -  the  00.2 
pole  figure  presents  a  central  peak  -  whereas  the  <I0.0>  directions  are  almost 
randomly  distributed  in  the  sheet  plane. 

In  order  to  obtain  this  kind  of  texture  it  is  necessary  to  start  with  the  kind  of 
alloys  which  give  this  cold  rolling  texture  and  to  submit  it  to  the  most  suitable 
thermomechanical  treatment.  For  T35  it  is  impossible  to  find  this  kind  of  texture 
in  the  classical  sequence  o^  cold  roling  and  recrystallisation  (without  cross- 
rolling!). 

2)  if  sheets  are  needed  with  the  best  formability  in  expansion  and  for  cold 
drawing  at  room  temperature,  textures  with  a  central  pole  (C  parallel  to  ND)  are 
not  advised.  C  axes,  tilted  at  about  40’‘(7)  to  the  normal  direction  are  preferable. 
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This  is  the  esse  in  T3S  alloys  and  with  veiy  low  addition  of  O2  or  Al.  For  the  other 
alloys  where  the  texture  with  C  axes  parallel  to  ND  can  appear  it  is  necessary  to 
control  the  deformation  rate  in  cold  rolling  in  order  to  keep  the  hot  deformation 
texture. 

A  good  knowledge  of  the  texture  evolution  during  cold  rolling  and 
recrystallization  allows  us  to  optimize  the  process  to  achieve  texture  control. 
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ABSTRACT 


Fatigue  crack  growth  aechanlBaa  at  rooa  and  elevated  teaparaturea  of  two 
tltanlua  alloya,  reapectlvely  T1>6A1-4V  and  Tl'6Al-2Sn-4Zr>6Mo,  were 
studied.  Single  edge  notched  apeclaena,  which  were  fabricated  froa  turbine 
coapresaor  dlsca  forglnga,  were  used  In  this  study.  Crack  Initiation  and 
crack  growth  rates  (da/dN)  for  both  aaall  and  long  cracks  eaanatlng  froa  the 
root  of  the  notch  were  aonltored  using  an  advanced  Alternating  Current 
Potential  Drop  (ACPD)  technique.  The  da/dM  were  plotted  as  a  function  of  the 
stress  Intensity  factors  (ARj)  which  ware  coaputed  using  respective  short 
and  long  crack  solutions.  Correlation  of  da/dN  data  with  ARj  suggest  that 
fatigue  crack  growth  Is  controlled  by  AKx  soon  after  nucleatlon  (a>  60pa) . 
The  alcroscoplc  features  of  the  fractured  surfaces  at  different  stages  of 
fatigue  crack  growth  are  observed  and  analyzed.  The  results  showed  that  the 
relationship  between  the  crack  front  and  the  a/fi  Interface  controls  the 
oaterlals'  resistance  to  fatigue  crack  growth. 

l.INTRODDCTIOH 

Tltanlua  alloy  forgings  are  extensively  used  In  gas  turbine  engines  for 
applications  ranging  froa  lapellers,  coapressor  discs  and  blades  to 
sealings,  cases  and  fan  blades  Just  to  naae  a  few.  In  recent  years,  the 
deaand  toward  achieving  higher  thrust-to-welght  ratios  has  led  to  Increasing 
the  teaperatures  of  aost  stages  (coapressor,  coabustlon  and  turbine)  of  the 
engines.  As  a  result  of  operating  at  higher  teaperatures,  coapounded  by  the 
Introduction  of  new  regulations  for  safety,  the  accurate  predictions  of  the 
low  cycle  fatigue  life  (l.e.  the  fatigue  crack  Initiation  life  to  1/32* 
surface  crack)  as  well  as  of  the  crack  propagating  lives  (da/dN)  has  becoae 
paraaount  for  Tl-bssed  coaponents.  Furtheraore,  the  accurate  quantifications 
of  the  fatigue  behaviour  under  realistic  operating  conditions  Including 
theraal-aechanlcal  fatigue  conditions  aust  now  taken  Into  account  In  all  the 
design  stage  of  the  coaponents (1-2) . 

Fatigue  cracks  In  a  coapressor  disc  usually  start  where  soae  fora  of 
geoaetrlcal  discontinuity  exists  such  as  fir  tree  root,  slots  and  bolt 
holes.  Recent  advances  In  crack  detection  techniques  such  as  ACPD  techniques 
has  rendered  possible  the  detailed  aonltorlng  of  crack  Initiation  and  growth 
aechanlsas  using  laboratory  speclaen  with  notch  features  Identical  to  those 
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encountered  In  engine  coBponenc«<l,3} .  However,  the  study  of  creeks 
Initletlng  froa  notches  requires  that  1)  cracks  with  lengths  (or  depths)  as 
small  as  UOim  be  detected  and  their  subsequent  growth  aonltored  with  equal 
accuracy  (Aa  -  1-2  pa),  2)  the  critical  crack  length  for  which  further 
growth  Is  mostly  controlled  by  fracture  aechanlca  Bust  be  deteralned,  and  3) 
the  proper  stress  Intensity  factors  (AK)'s)  that  take  account  the  stress 
field  of  the  notch  must  be  used  when  correlating  the  da/dN  data. 

Several  aechanlsas  of  fatigue  crack  Initiation  In  a+P  titanium  alloys  have 
been  studied  (3-S),  Including  a/fi  Interface  cracking,  primary  a  cracking  at 
slip  bands  or  slipless  cracking,  subsurface  cracking  by  a  cleavage -type,  and 
grain  egression.  In  addition  to  effects  of  mlcrostructure,  the  operative 
aechanlsas  of  crack  Initiation  Is  also  affected  by  a  variety  of  mechanical 
and  environmental  conditions  such  as  frequency  of  loading,  R_ratlo, 
temperature  and  corrosive  environment. 

2.  MAr^RIAlS  AHD  EXPERIMENTAI.  PROCEDDSES 

Two  titanium  alloys  were  tested,  both  were  fabricated  from  turbine 
compressor  disc  forgings.  The  mlcrostructure  of  an  a-E  forged  T164  forging 
is  shown  In  Figure  1.  It  can  be  seen  that  the  equlaxed  a  particles,  with 
average  size  about  32pB,  are  distributed  In  a  transformed  a+P  matrix.  The 
mlcrostructure  of  an  fi  forged  T16246  forging  Is  also  shown  In  Figure  1.  The 
structure  Is  featured  by  a  coarse,  aclcular  a-phase  In  the  transformed  fi 
phase.  The  average  a  lath  size  Is  about  2  X  bOpm.  Both  alloys  have  volume 
fractions  of  a  and  B  phases  of  about  SOX. 

Composition  analysis  were  performed  using  a  JEOL  840  SEM  with  LIHK  spectrum 
analyzer.  The  chemical  composition  of  beta  stabilizers  (V  In  T164  and  Mo  In 
T16246)  varies  froa  a  to  B  phases.  These  compositions  were  used  as 
references  to  Identify  the  fracture  morphology  associated  with  the  different 
phases  during  the  fractographlc  analysis. 

The  specimens  used  In  this  study  were  Single  Edge  Notched  (SEN)  specimens 
with  rectangular  cross  section  (  W-10.67aB,  B-5.33aB)  and  effective  gauge 
length  for  extensoaeter  equals  to  2S.4aB.  A  seml-clrcular  notch  (r/H  -  0.1) 
was  machined  on  the  side  of  each  specimen  which  matches  the  bolt  hole 
geometries  found  In  many  engine  compressor  discs.  The  stress  concentration 
factor  (K^)  of  the  notch  was  found  to  be  2.12.  The  machining,  cleaning  and 
surface  finishing  procedures  of  the  specimen  were  chose  that  duplicate  the 
actual  manufacturing  and  conditions  of  the  engine  components.  The  tests  were 
carded  out  under  Isothermal  total  strain  controlled  conditions  using  a  hlgih 
temperature  extensoaeter  attached  to  the  back  face  of  Che  specimen.  Strain 
ranges  Investigated  In  this  study  varied  between  0.2  -  0.4  X  while  the 
frequency  was  kept  constant  at  0.1667  Hz  (lOcpm) .  The  specimens  were  heated 
using  an  Induction  heating  system.  The  maximum  temperatures  for  the  tests 
were  set  at  400*  C  for  T164  and  460*C  for  T16246. 

The  crack  Initiation  and  growth  processes  were  aonltored  on-line  using  an 
advanced  ACPD  technique  which  has  been  described  elsewhere(6) .  As  compared 
with  Che  Direct  Current  Potential  Drop  (DCPD)  cechnlqiie,  the  system 
sensitivity  and  linearity  with  respect  to  the  aeasursmenc  of  crack  length 
are  enhanced  by  the  skin  effect  which  results  froa  passing  a  high  frequency 
AC  current  (30  KHz)  through  Che  specimen.  Since  the  changes  of  potentials 
varied  linearly  with  Increasing  crack  length,  the  crack  growth  as  a  function 
of  number  of  cycles  was  easily  obtained  from  the  ACPD  curve  which  was 
continuously  monitored  during  Che  test.  With  the  present  ACPD  system,  cracks 
as  small  as  20/m  were  detected  with  a  probability  of  detection  (POD)  better 
chan  95X.  In  cum,  short  and  long  crack  growths  (average)  can  be  monitored 


with  Ml  accuracy  battar  than  2im.  Furtheimora,  Cha  ACPD  aystea  vac  ahown  to 
ba  proaialng  for  atudylng  tha  cloaure  aachanlaaa  for  abort  and  long  cracka. 

3.  Kj  SOLDTIOHS 

Tha  atraaa  Intenalty  factor  (Kj)  for  aaall  cracka  oaanatlng  froa  tha  notch 
root  wore  calculated  by  a  aodel  propoaed  by  J.  Schijve(4).  Thla  aolutlon 
uaoa  the  notch  peak  atreaa  and  la  written  aa 

Ki  -  C  (t/r)  Opk  Jnt  (1) 

Hare  Opi^  la  the  peak  atreaa  which  la  equal  to  K(a,j  with  tha  atraaa 
concentration  factor  and  O,,  tha  far  field  noalnal  atreaa.  C  (t/r)  la  the 
notch  geonetry  function  which  dependa  on  t  the  crack  depth  aeaaure  froa  root 
aurface  and  on  r  the  radlua  of  the  notch.  The  function  C(t/r)  aa  derived  by 
Schljve  haa  the  fora 

C(t/r)  -  1.1215-3(t/r)+4(t/t)l-5-1.7(t/r)2  (2) 

When  the  crack  growa  longer  aa  coapared  to  r,  l.e  when  a/w  >0.14  (aee  Figure 
2),  the  Kj'a  were  calculated  ualng  the  equation  derived  by  Marchand  et  al 
(9)  for  a  SEN  speciaen  under  fixed>en^  dlsplaceaent  conditions.  This 
solution  can  be  briefly  written  as 

Ki  -  (N/BU)  TiTHC  f.  q.  iJb  )  (3) 

Hare  N  la  the  noraal  load  aeaaured  during  the  teat,  B  and  W  are  tha 
thlcknoaa  and  the  width  of  the  apeclaen,  a  la  the  crack  length  Including  the 
notch  depth  and  HCf,  q,  n^)  la  a  geoaetrlcal  correction  factor  which  takea 
Into  account  the  actual  loading  condltlona  of  the  teat  (grlpa,  no  rotation 
ends,  etc).  For  purpose  of  coaparlson,  the  Ki  aolutlon  of  Kujawaskl(5)  for  a 
saall  notch  crack  In  a  seail-lnflnlte  dmuln  was  also  used.  When  the  cracka 
(a/W)  are  shorter  than  0.14  (actual  crack  length  t/H  <0.04)  the  notch  stress 
field  controls  the  Ki's  while  for  longer  cracks  the  total  crack  length 
(notch  plus  actual  crack  length)  and  far  field  stress  deteralne  the  Ki's. 
There  exist  a  aoooth  transition  between  short  and  long  crack  solutions  and 
thus  a  continuous  solution  for  BKi  can  be  obtained  to  correlate  Che  da/dN. 

4.  RESOLTS 

Crack  Growth  Kinetics 

A  typical  fatlge  crack  growth  (FCG)  rate  vs.  crack  length  curve  for  T164 
tested  at  400* C  Is  shown  In  Figure  3.  The  following  observations  can  be  nade 
froa  this  figure.  First,  when  the  cracks  are  shorter  (average  depth  froa  Che 
root  of  Che  notch)  chan  about  60pa,  which  la  slnllar  Co  the  alcrosCruccural 
characteristic  dloenslons  of  the  alloys,  the  da/dN  varies  erratically  with 
Increasing  crack  length,  with  da/dN  spanning  two  orders  of  oagnltude.  This 
lopllea  that  these  growth  rates  (for  s<60pa)  are  (aoatly)  controlled  by 
local  aicroscructural  events  and  thus  are  not  and  cannot  be  taken  Into 
account  by  a  fracture  oechanlcs  paraoeter  alone.  When  the  crack  grew  longer 
than  60pa,  their  growth  races  ace  well  behaved  (Increased  oonotonlcally  with 
Increasing  crack  length)  and  thus  can  be  correlated  using  a  proper  fracture 
oechanlcs  paraoeter.  Therefore  It  can  be  concluded  Chat  the  da/dN* a  are 
controlled  by  fracture  oechanlcs  soon  after  Initiation  (a^O  pa)  for  T164. 
The  soae  conclusion  was  also  found  to  hold  for  the  T16246  forgings  tested. 

The  da/dN  -  AX  curve  pertaining  to  reaults  shown  In  Figure  3  Is  presented 
In  Figure  4.  In  this  plot,  the  short  crack  K-solutlon  (l.e  Eq.(l))  was  used 
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for  crack  langtha  ranging  froa  60  Co  420><a  whlla  Cha  long  crack  solution 
(l.e.  Eq.(3))  was  used  for  a  >  420^  (a/V  >  0.14,  refer  to  Figure  2).  For 
coaparlaon,  a  sat  of  long  crack  growth  data  Is  also  plotted.  Two  conclusions 
can  be  drawn  froa  this  figure.  Firstly,  the  da/dN  for  short  cracks  (60$a<130 
/la)  are  faster  than  chair  long  crack  counterparts  at  the  aaae  level  of  &K. 
This  Is  Che  result  of  the  daaage  caused  by  Inelastic  deforaaclon  during 
cyclic  straining.  This  was  conflraed  by  carrylng-ouC  elasco-plasclc  finite 
aleaenc  (FE)  calculations  which  Indicated  the  occurrence  of  saall  zones  of 
Inelastic  deforaaclon  at  Cha  root  of  the  notch.  Secondly,  as  soon  as  the 
cracks  grew  outside  Che  pra-daaagad  zone  and  Into  the  elastic  notch  field 
(l.e  130  $a$  42041a),  the  da/dN  of  cha  short  crack  bacaae  slallar  to  that  of 
Che  long  cracks  (at  Cha  aaae  AK).  This  conflraa  Chat  Schljlve's  K- solution 
takes  properly  Into  account  Che  aiesClc  notch  field.  Thus,  short  cracks 
eaanatlng  froa  notches  can  be  considered  as  experiencing  the  following 
stages:  (a)  alcrostrucCural  growth  controlled,  (b)  Inelastic  daaage  growth 
controlled,  (c)  notch  elastic  field  growth  controlled,  and  (d)  far>fleld 
stress  growth  controlled.  As  a  result  there  exists  three  transitional 
(critical)  crack  lengths  which  are  60,  120  and  42041a  for  the  T164  SEN  tests. 
Slallar  results  were  also  found  for  Che  T16246. 

Fractoeraohlc  observations 

The  T164  speclaens  tested  at  400*C  showed  evidence  of  cleavage  like  facets 
aorphology  near  the  Initiation  sites  at  the  root  of  the  notch  (see  Figure 
Sa-Sb).  No  cyclic  cleavage  sCrlatlon  was  observed  on  these  facets  although 
fine  and  coarse  fatigue  scrlatlons  were  found  near  Che  cleaved  facets. 
CoaposlClonsl  analyses  showed  these  facets  to  be  equlaxed  a>phase  particles, 
which  Is  In  agreeaenc  with  other  reported  data  (6-10).  Analyses  of 
scerofractographs  of  alcroreglons  at  the  initiation  sites  Indlcsted  that  the 
crack  nucleatlon  planes  coincide  with  the  plane  of  aaxlaua  shear  stresses 
obtained  froa  the  FEH  results.  Fbrtheraore ,  see  Figure  5c,  analysis  of 
several  cleaved  facets  showed  that  fracture  began  near  or  at  the  a/B 
Interface  and  proceeded  Coward  the  Interior  of  the  equlaxed  a 'phase 
particles.  All  this  evidences  suggest  that  the  a*phase  Islands  failed  first 
and  that  the  surrounding  O-ffi  aatrlx  fractured  under  considerably  higher 
cyclic  strains  as  conflraed  by  Che  presence  of  coarse  striatlons  and  faint 
cysCallographlc  features  In  Che  a-fB  aatrlx.  The  above  observations  which 
pertains  to  the  initiation  zone  were  found  to  be  aore  pronounced  with 
Increasing  teaperature.  As  expected,  when  the  cracks  grew  outside  the  zone 
of  Influence  of  the  notch,  well  defined  fatigue  striatlons  are  observed  with 
secondary  cracking  occurring  along  the  a/B  inte*  ace  and  becoalng  aore 
prevalent  with  Increasing  AK.  For  this  region  the  '  asured  alcroscoplc  da/dN 
are  In  agreeaenc  with  those  aeasured  (bulk)  by  le  ACPD  technique.  These 
results  are  also  consistent  with  the  observation  £  Rhodes  et  al.(7,9). 

The  fractured  T16246  speclaens  also  displayed  nuaerous  cleavage-llke  facets 
near  the  root  of  the  notch,  l.e.  In  the  initiation  zones  (see  Figure  6a).  As 
expected,  these  facets  were  found  to  be  the  acclcular  a-phase  grains. 
Subsurface  cracking  with  clear  cleavage*llke  facets  were  also  observed  In 
the  480*C  tests.  Due  to  the  coarse  aicrostructure  of  the  aacerlal,  the 
overall  fractographlc  aspects  of  the  surface  appears  relatively  rougher  as 
coapared  with  T164.  At  aK>derate  AX  levels,  but  outside  the  zone  of  Influence 
of  the  notch,  delaalnaClon  of  aclcular  a-phase  froa  the  transforaed  B  aatrlx 
Is  clearly  visible  (see  Figure  6b).  This  Indicates  that  crack  growth 
proceeded  through  concurrent  delaalnatlon  of  Che  a/B  Interfaces  along  the 
crack  front.  As  a  result,  depending  on  the  relative  orientation  of  Che  a/B 
interfaces  with  respect  to  the  loading  axis,  either  striatlons  along  the 
delaalnated  areas  (see  Figure  6c)  or  secondary  cracking  along  the  a/B 
interfaces  were  produced.  With  Increasing  AK,  Incerfaclal  secondary  cracking 
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¥M  proaotad  bacauaa  It  is  th«  aoac  aCficlant  aachantaa  to  raduca  tha  actual 
atraaa  flald  at  tha  haad  of  tha  aaln  cracka.  Thla  la  aupportad  by  tha  fact 
that  aacondary  cracka  colnclda  with  tho  strlatlona  at  high  Incroaalng  dK 
laval. 

5.  DISCUSSION  AND  CONCLUSIONS 

Fatigue  cracka  Initiation  (FCI)  at  the  prlaary  a-phase  la  also  consistent 
with  the  ocher  reported  Initiation  sites  In  (Al)>rlch  reqlons  (6).  Ihe  (Al) 
contents  for  both  alloys  ware  found  higher  In  th*  a  chan  In  the 
tranafomend  B  nscrlx.  Tha  crack  Initiation  and  growth  at  the  a*-fi 
Interfaces  (especially  observed  In  T1S246  tests  at  480*C)  Indicate  chat 
elongated  preferentially  oriented  a+fi  Interfaces  (with  respected  to  the 
notch)  can  be  daCrlBental  Co  Che  FCI  and  FCC  resistance.  As  suggested  by  D. 
Eylon  (10),  Che  surface  connected  InCerfaclal  cracking  Is  an  Indication  of 
envlronaenCal  effects  on  tha  fatigue  crack  Initiation  processes.  Diffusion 
of  oxygen  (at  elevated  taaperaCures)  froa  the  surface  Into  the  Baterlal  Is 
enhanced  along  Che  a/B  Interfaces  either  by  lattice  Blsnatch  between  the 
hexagonal  a  and  cubic  B  phases  or  by  Che  Interface  stresses  developed  during 
the  load  cycles.  Interfaclal  diffusion  Is  also  proaoced  by  the  higher 
surface  to  voluae  ratio  associated  with  the  aclcular  a-phase  and  higher 
dislocation  density.  The  resulting  higher  Interstitial  contents  eabrlccle 
Che  Interface  zone  (11)  and  reduce  Its  ability  to  plastic  deforaation. 

Froa  this  study,  the  following  conclusions  can  be  aade: 

•  The  crack  growth  races  in  T164  and  T16246  ace  controlled  by  AK  soon  after 
Initiation  at  coot  of  the  notch  when  a>€0im. 

•  Three  transitional  (critical)  crack  lengths  were  Indentlfled  for  the 
notched  speclaens  using  Che  ACPD  crack  growth  aeasureaenc  technique.  These 
critical  crack  lengths  separate  alcrostructural  growth  controlled,  inelastic 
notch  field  growth  controlled,  elastic  notch  field  growth  controlled,  and 
far- field  stress  growth  controlled  regions. 

•  The  crack  Initiation  sites  for  both  alloy  were  found  to  be  at  the  a-phase 
particles  or  a/B  Interfaces,  with  cleavage-like  facet  fractured  aorphology. 

-  The  a/B  InCerfaclal  cracking,  assisted  by  high  teaperature  envlronaenCal 
eabrlttleaenc  controls  the  FCI  and  FCG  resistance  of  T16246. 
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Fig.(l)  Mlcrostructvire  of  the  titanlua  forgings, 
(a)  T164.  (b)  Ti6246.  (500X) 


C2)  Kj  solutions  for  short  and  long  cracks 
itlng  at  root  of  the  notch. 


d«/dN  (mm/cyde) 


Fig. (4)  Corralaclon  of  Cho  <U/dN  dot*  portalning 
to  Fig. (3)  ualng  4K  coapuCod  for  •■all  and  long 
cracks.  T164  at  400*C. 
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Fig.(6.b)  Fatigue  striations  on  the  Fig.(6.c)  Crack  growth  along  the  a/fl 
delaminated  o-phases.  T162^6,  480*C.  Interfaces.  T16246,  480"C. 
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Abstract 


The  type  and  rate  of  anisotropy  of  physico-mechanical  properties  of  the 
Ti-6Al-1Mo  and  Ti-I*,7A1-1 ,8V  alloys  vs.  crystallographic  texture  parameters 
has  been  studied.  The  effect  of  hot  flat  rolling  schedules,  texture  conditi¬ 
on  of  an  original  billet  and  heat  treatment  on  the  texture  building  and  ap¬ 
pearance  of  the  property  anisotropy  in  the  indicated  alloys  are  shown.  The 
results  indicate  conditions  to  produce  controlled  anisotropy  of  the  physico- 
mechanical  properties  of  the  flat  semiproducts  in  titanium  alloys  of 

the  martensitic  type. 


Introduction 


The  anisotropy  of  the  phislco-mechanical  properties  of  the  titanium  alloy 
semiproducts  is  determined  by  a  crystallographic  texture  /I -5/.  Many  works 
Ik-Vzi  dealing  with  an  investigation  of  the  anisotropy  of  the  titanium  alloy 
properties,  texture  formation  during  a  deformation  and  heat  treatment  have 
been  published.  However,  the  majority  of  the  works  were  carried  out  on  a  co¬ 
mmercially  pure  titanium  or  -titanium  alloys.  In  addition,  sometimes  the 
investigations  were  performed  without  precisely  regulation  of  the  composi¬ 
tion  of  the  alloys,  the  state  of  original  parameter  of  deformation. This  work 
alms  to  determine  the  conditions  of  the  manufacture  flat  semiproducts  in  the 
jL  titanium  alloys  of  the  martensitic  type  of  the  desired  anisotropy  of 
the  physico-mechanical  properties  based  on  the  combined  investigation  of  the 
type  with  desired  anisotropy  of  the  physico-mechanical  properties. 


THanium  '92 
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Ediwd  by  F.H.  FroM  ond  I.  Caplan 
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Material  and  Experimental  Procedure 

The  Tl-Al-V  and  Tl-Al-V-Mo  systems  were  investigated.  Thee/ +/b—/Jtransformati- 
on  temperatures  (T^)  of  the  alloys  are,  ^C:  1050  (5VJ,  980  (PT-3V)  (Tablel). 

Table  1  The  composition  of  the  studied  alloys 


The  crystallographic  texture  was  studied  by  an  analysis  of  direct  (DPF)  and 
opposite  (OPF)  pole  figires  obtained  with  an  X-ray  diffractometer.  The  ser- 
vey  was  performed  from  the  planes  normal  to  NO  (the  plane  parallel  to  a  sheet 
plane),  RD(  longwise),  TD(crosswise).  The  tensile  properties  were  determined 
in  accordance  with  the  GOST  1i(97-8it  on  the  5-fold  (l^s  5d^  cylindric  speci¬ 
mens  with  a  diameter  of  a  gauge  length  of  3  and  5  mm.  The  coefficient  of  a 
strain  hardening  ,d6’/d£  ,  uniform  elongation  ,^u,  and  a  coefficient  of  a  nor¬ 
mal  plastic  anisotropy  ,R,  were  evaluated  at  an  uniform  deformation  stage/ 13/, 
R  s  In  (cl^/<y  /  In  <d^/cy.  .The 

plane  anisotropy  rate  was  evaluated  by  a  difference  of  the  extremum  (maxlmum- 
raininum)  average  values  (by  the  test  results  of  3“5  specimens  per  point  ,not 
less)  of  the  properties  in  the  plane  of  the  billet. The  amgunt  of  the  prisma¬ 
tic  fraction  in  the  texture  in  the  dispersion  field  (0-il5  C)  in  accordance 
with  the  recommendations  of  the  work  131  was  evaluated  by  the  opposite  pole 
figures: 

Test  Results 


The  investigation  of  the  physico-raechanical  properties  as  a  function  of  a  spe¬ 
cimen  cutting  direction  was  carried  out  on  a  sheet  billets  of  a  texture  that 
is  most  characterictics  of  thed  ^alloys  (Figure  1): 

-  a  single  component  texture  ^ 1 120}<10ib>,  the  c-axis  of  HCP  is  in  a  crosswise 

direction  of  the  sheet,  the  {'1120}  plane  is  parallel  to  a  plane  of  a  rolled 
billet,  _ 

-  a  biased  basic  or  double  basic  (0001)  +o/ ND-TD^IOIOj,  the  glased  angle  of 
the  basic  planes  from_the  normal  to  the  sheet  plane  o/=  25-30^; 

-  a  two  component  •{l120^1010>  +  (0001  )+«< ND-TD^IoroJ; 

-a  two  component  ^1120}<10T0>  +{1 120}<0001>  texture  with  the  c-axle  in  the 
rolling  direction  and  in  the  crosswise  direction. 

The  most  appreciable  anisotropy _of  the_sheet  plane  (or  plane  anisotropy)  was 
observed  in  the  material  of  ^1120^  <1010>  texture. By  the  type  of  variation 
of  the  properties  in  the  sheet  plane  one  can  indicate  three  groups  of  va¬ 


riations: 


-  monotonio  increase  of  the  properties  with  the'^angle  variation  in  the  0- 

9o“  range  (E,  6"^  );  ^ 

-  the  minimum  variations  at  the  A5  angle  relative  to  the  rolling  direction 

'  ^u  '  n  c 

_  the  maximum  variations  at  60-70”  ("j,  YO. 


The  plane  anisotropic  nature  of  the  first  group  properties  is  determined  by 
a  deviation  of  a  tensile  axis  relative  to  the  c-axis  of  HCP,  of  the  second 
group  by  the  deformation  mechanism  under  a  plastic  yield,  of  the  third  group 
by  the  type  of  an  original  texture  variations  with  a  deformation/ 13/ .  The 
sheet  of  (  0001 )+ olNP-tD  f lOIOjtexture  are  characterized  by  a  high  anisotro¬ 
py  of  the  properties  in  the  sheet  plane  and  by  an  increase  of  a  deformation 
in  the  thick  direction  of  a  sheet,  which  is  indicated  by  a  coefficient  R>1 
value  and  hardness  values  in  the  base  sheet  directions  (HV  =357-370,  HV  = 
324-326,  HV^p=322-340) .  The  metal  is  characterized  by  low  values  of  the  de¬ 
formation  hardening  coefficient  and  high  values  of  a  concentrated  deforma- 
tionThe  plane  anisotropy  of  the  metal  of  the  ^  '  12(^<1010>+  (0001  ND-TD 
[lOTOj  texture  is  influenced  '<y  the  both  orientations.  The  distribution  of 
the  properties  in  the  sheet  plane  is  a  function  of  the  prismatic  component 
of  the  texture.  The  basic  orientation  is  resulted  in  a  reduction  of  the 
plane  anisotropy  rate  and  in  an  increase  of  a  deformation  resistance  in  the 
thick  direction  of  the  sheet  (R>1).The  material  of^ll20j<  1010>  +^1 120j  <0001> 
has  a  reduced  anisotropy  of  the  mechanicaj  properties  and  the  extremum  va¬ 
lues  of  the  properties  are  observed  at  45  .  ~he  reversal  rolling  of  the  flat 
billets  heated  at  about  T^.  and  of  a  total  reduction  f=  In  H/h  >  0,9  without 
a  change  of  a  drawing  direction  results  in  a  formation  of  the'Jl  1205<1010> 
texture  in  the  studied  alloys. 

The  generation  of  this  texture  type  is  induced  by  a  generation  of  an  inten¬ 
sive  texture  ofyS phase  with  the  rolling  in  the_^ -range  followed  by  a  single 
alternative^'^(  1 10)  BCC-/O001 )  HCP  transformation  /II,  12/  occuring  at  the 
time  of  rolling  (  at  the  pauses  between  passes  and  at  cooling,  generally). 
This  is  to  take  place  if  the  rolling  is  carried  out  at  the  temperature  about 
the  transformation  temperature  with  high  deformation  rate  (Figure  2)  . 

<^^0,2  /MPa/  ^<’45®/%/ 
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DEFORMATION  In  H/h 

Figure  2  Effect  of  deformation  on  anisotropy  ofj.gield 
strength  (1)  and  volume  of  fraction 

The  range  of  the  Intensive  formation  of Jl120^<1010>  texture  and  plane  aniso¬ 
tropy  corresponds  to  0,9-2, 5  deformation  (the  reduction  is  60-90  %).  Effect  of 
texture  of  an  original  material  ,the  cast  including,  is  observed  at  the  de¬ 
formation  rate  =  1,6,  not  more.  If  a  deformation  rate  is  over  2, 5, the  rolling 
is  carried  out  in  a  range  of  a  preferencial  existence  of=>(-  phase,  which 
formation  features  are  determined  by  the  generated  texture  type.  The  exista- 
nce  of  the  original  .^1 120}<10f0>  texture  induces  an  unlimited  plane  deforma¬ 
tion  by  the  prismatic  sliding  which  results  in  a  stability  of  the  original 
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pri3niatic£l  120jorientation  in  the  normal  direction  and  in  decrease  of  POTOJ 
orientation,  in  the  rolling  direction, In  the  investigated  parameter  range  the 
anisotropy  of  the  yield  strength  and  the  modulus  of  the  normal  elasticity  as 
a  function  of  the  prismatic  fraction  amount  can  be  described  with  a  reliable 
probability  by  a  linear  function. The  limit  values  of  the  plane  anisotropy  of 
the  flat  bar  properties  of  the  each  alloy  with  the  described  texture  types 
is  ac^aved  by  the  deformation  of  H/h=  2. 0-2, 5. 

The  simplest  realizable  on  a  commercial  base  method  to  obtain  the  sheet  ma¬ 
terials  of  the  basic  texture  (the  biased  basic  texture  for  Uie  investigated 
alloys)  is  the  rolling  of  a  billet  of  the  original^!  l?0)f<1010>  texture  along 
c-axis  in  the  temperature  range  ofo(-phase  existance.The  crosswise  rolling 
of  the  5V  alloy  billets  of  the  indicated  texture  type  at  850  and  950  C 
results  in  a  generation  of  the  two  component  texture  in  a  middle  layer, 
where^along  with  a  weak'fl  120}<10T0>  orientation  an  inclined  basic  (0001)+ 
20-30^  ND-TD[i010J texture  appears,  which  intensity  increases  with  the  defor¬ 
mation  rate  increase  in  the  crosswise  direction  and  with  deformation  tempe¬ 
rature  reduction  (Table2).  In  a  surface  layer  only  the  basic  orientations 
appear  and  their  intensity  as  a  function  of  the  temperature  and  de/ormation 
rate  are  similar. 

Table  2  The  variation  of  the  texture  and  the  anisotropy  of  the  mechanical 
properties  at  the  time  of  rolling 


Parameter 

A 

B 

C 

D 

The  rolling 

E  F 

schedule 

G  H 

K 

The  first  rolling 

T,°C 

950 

950 

950 

900 

POO 

900 

850 

850 

850 

e,  % 

20 

50 

68 

39 

50 

60 

39 

50 

60 

I, 

1,20 

1.52 

2,90 

1.12 

1,66 

1,86 

1,67 

2,06 

2,18 

l' 

3,70 

1,20 

0,29 

5.17 

3,57 

2,92 

2,21 

1,99 

1,95 

0,70 

0,78 

1,90 

1,11 

1.19 

1,21 

1,20 

1,29 

1,56 

MPa 

-  88 

-80 

13 

17 

17 

11 

2 

3 

1  1 

The  second  rolling 

T,  °C 

900 

900 

900 

850 

850 

850 

£,  % 

. 

. 

57 

90 

28 

57 

90 

28 

I, 

* 

2,06 

2,15 

2,20 

2.93 

2,50 

2,60 

- 

- 

- 

1,50 

1,89 

1,67 

0,90 

0,90 

0,91 

- 

- 

- 

1,37 

1.59 

1,67 

1,80 

2,08 

2,19 

51 

5 

9 

37 

15 

2 

I  is  an 

average  value  of  the 

intensity  of 

the  basic  orientation  ; 

I  is  an  average  value  of  the  intensity  of  the  prismatic  orientation. 

There  is  no  existance  of  the  plane  anisotropy  at  3^  %  (In  H/h  =0,92)  defor¬ 
mation  rate  , actually,  with  temperature  reduction  and  a  crosswise  deforma¬ 
tion  rate  increase  the  plane  anisotropy  rate  increasesdua  to  the  strengthen¬ 
ing  of  the  basic  orientations  and  weakening  of  the  prismatic  orientations. 

The  deformation  at  950  C  with  deformation  rate  up  to  50  %  results  in  in- 
signigicant  weakening  of  the  anisotropy  of  the  properties  due  to  large  angle 
of  bias  of  the  basic  planes  to  the  direction  of  the  rolling  and  holding  of 
the  prismatic  orientations, The  deformation  rate  increase  up  to  68  %  results 
in  the  non-existance  of  the  plane  anisotropy  induced  by  a  generation  of  a 
sharp  biased  basic  texture  similar  to  the  texture  with  the  rolling  at  850 
and  900  C, 

The  second  rolling  with  the  rechange  of  the  deformation  direction  by  90^re- 
sults  in  a  further  strengthening  of  the  basic  orientations  and  a  weakening 


Figure  3  Experimental  pole  figures  of  Ti-6A1-1  Mo-1, 5V 
alloy  plates 
Initial  textures: 

a,b,c  -Jll20}<10i0>  ;  d,e,f,g  ^000lj!^ND-TD  [loToJ 
a,d  -as  hot  rolled;  solution  treated  at  850(e), 
1000(f),  10U0(g),  1060  C  (b,c) 

Servey  from  ND(a,c-g),  servey  from  TD  (b) 


of  the  prismatic.  The  rolling  at  850  C  implies  the  disappearance  of  the  pri¬ 
smatic  component  in  a  middle  layer  with  the  reduction  of  the  inhomogeniety  of 
the  texture  in  the  thick  direction  of  the  sheet.  The  inclination  angle  of 
the  basic  planes  as  a  result  of  the  second  rolling  does  not  change,  in  fact. 
The  second  rolling  at  850  and  900  C  results  in  a  subsequent  increase  of  the 
plane  anisotropy  .which  is  indicated  by  the  increase  of  the  R  coefficient 
value. 

The  analysis  of  the  evolution  of  a  texture  generation  in  a  material  with  an 
original .multicomponent  dispersed  texture  shows  that  during  of  the  ro¬ 
lling  at  a  temperature  range  whereo^-phase  amounts  to  more  50%  and  the  total 
reduction  of  up  to  60  %  the  deformation  is  activated  by  a  sliding  in  all  de¬ 
formation  systems  available  in  the  titanium.  It  results  in  a  small  redi¬ 
stribution  of  the  intensity  of  single  component  in  the  texture  and  non-  ge¬ 
neration  of  any  definite  texture  type.  _ 

As  a  result  of  the  billet  heating  the  original |l 120j<1010>  texture  type  and 
the  anisotropy  rate  of  the  mechanical  properties  (  the  deformation  hardening 
coefficient,  excluding)  is  attained  up  to  the  temperature  about oi +/-Aransfor- 
mation  temperature  (Figure  3)  -The  coefficient  of  the  deformation  hardening 
is  very  sensitive  to  the  texture  variations  of  the  materials.  Its  value  is 
reduced  with  anneal  temperature  increase  .which  is  due  to  the  generation  of 
an  appreciable  strong  divergence  of  the  basic  orientations. 

The  effect  of  a  postheating  cooling  rate  on  the  texture  and  the  anisotropy 
rate  of  all  mechanical  properties  is  observed  at  heating  overcp(+/4 -^trans¬ 
formation  temperature  only. 

A  fl-anneal  of  the  material  with  the  sharp  single  component  |l 120}<10T0>  or 
((3001  )  icAND-TD  [ lOIO^texture  results  in  a  generation  of  a  sharp  texture  with 
a  maximum  pole  density  of  the  basic  orientations  in  the  rolling  direction 
ang  in  the  crosswise  direction.  It  induces  the  extremum  appearance  at  the 
1*5  to  RD  on  the  property  level  vs.  direction  of  specimen  cutting  curve. 

The  accelerated  cooling  from  the  temperature  over  T^  weakens  the  anisotropy 
of  the  properties  as  compared  to  air  cooling. 

The  (0001)  -cAND-TOflOIOjtexture  type  is  held  without  an  appreciable  varia¬ 
tions  after  the  heating  up  to  the  temperature  corresponding  to  30-140  % 
oiphase  content.  The  heating  up  to  a  higher  temperature  (up  tOo< ■••^♦/transfor¬ 
mation  temperature)  results  in  a  two  component  texture  generation  of  the 
(0001)  ^ctAND-TD  [1oTo7■^|1  1203<10i'0>  type. 

With  the  increasing  of  the  heat  treatment  temperature  (  in  the  indicated 
range)  the (l 1203<10r0>  component  is  strengthened,  the  amount  of  the  basic 
fraction  is  reduced  with  the  reduction  of  the  range  of  dispersion  of  the  ba¬ 
sic  orientations  and  with  the  increase  of  the  biased  angle  of  the  basic  po¬ 
les  frorathe  rolling  plane.  The  described  texture  variations  result  in  the 
weakening  of  the  normal  and  in  the  strengthening  of  the  plane  anisotropy  of 
the  properties.  The  average  value  of  the  confident  of  the  normal  plastic 
anisotropy  is  reduced  to  the  values  in  0-145  range,  mainly. 

Conclusions 

The  results  of  the  performed  investigation  of  the  effect  of  the  parameters 
and  schedules  of  the  hot  rolling,  textire  conditions  of  the  billet  and  the 
heat  treatment  during  of  a  texture  generation  process  and  the  appearance 
of  the  anisotropy  of  the  physico-mechanical  properties  in  the  Ti-6Al-lMo-1 ,5V 
and  Ti-*I,5A1-1 ,8V  alloys  allow  to  determination  of  conditions  to  manufacture 
flat  semiproducts  inc<•^/^titanium  alloys  of  the  martensitic  type  moni¬ 
tored  by  the  anisotropy  of  the  physico-mechanical  properties  , 
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Abstract 

A  comprehensive  study  of  fatigue  crack  propagation  behaviour  of  Titanium  altoys  at  elevated 
temperature  has  been  undertaken.  In  a  first  stage,  the  near-threshold  fatigue  crack  growth  in  a 
Ti-6Al-4V  alloy  has  been  studied  at  300  °C.  The  specific  influence  of  air  environment  has  been 
investigated  by  comparing  the  crack  propagation  behaviour  at  room  temperature  and  300  °C  in  air  and 
in  high  vacuum.  The  resistance  of  the  material  against  crack  propagation  at  elevated  temperature  Is 
shown  to  be  strongly  affected  by  environment  at  growth  rates  lower  than  10*^  m/cycle.  Effective  crack 
growth  data  (i.e.  when  crack  closure  is  taken  into  account)  bring  out  a  detrimental  environmental  etiect 
which  can  be  associated  to  an  accelerated  oxygen  assisted  propagation,  white  nominal  tests  at  low  R 
ratio  (0.1)  show  enhanced  near-threshold  oxide  induced  closure  resulting  in  an  increased  threshold 
range.  Results  are  discussed  on  the  basis  of  microtractographic  observations  and  Xray  analysis  of 
crack  surfaces. 

Introduction 

Titanium  alloys  are  particularly  suited  to  help  aeronautical  industries  which  have  to  face  two  major 
problems,  weight  saving  and  increased  operation  temperatures  in  turbine  engines.  In  such  a  context 
investigations  of  damage  tolerance  properties  of  Ti  alloys  experiencing  high  cycle  fatigue  is  of  a  large 
interest.  Recently  some  studies  have  been  carried  out  on  the  near-threshold  fatigue  crack 
propagation  behaviour  at  elevated  temperature.  The  effect  of  R  ratio  has  been  investigated  in 
ambient  air  (1-3)  showing  an  increase  in  the  near-threshold  growth  rates  with  increasing  temperature 
in  Ti-8AI-1Mo-1V  alloy.  When  crack  closure  is  taken  into  account  (2),  a  temperature  effect  is  still 
observed  at  260  "C  compared  to  Room  Temperature  (RT).  So  as  to  detect  the  specific  influence  of 
environment,from  the  intrinsic  behaviour  of  the  material  in  relation  with  its  microstnKture  at  high 
temperature,  tests  in  vacuum  were  performed  on  a  Ti-6AI-4V  alloy  to  provide  reference  data  in  inert 
environmental  condition  (4).  This  paper  deals  with  experiments  performed  in  ambient  air  and  a  first 
analysis  of  the  environmental  Influence  at  elevated  temperature. 

Experimental  procedure 


The  material  used  was  a  forged  Ti-6AI-4V  alloy  (wt  %  6.27  Al,  3.86  V,  0.12  Fe,  0.18  ©2).  After  forging 
the  alloy  was  healed  at  965  °C  for  1  h,  water  quenched,  heal  treated  2  h  at  705  °C  and  cooled  in  air. 
The  globular  microstructure  is  shown  in  figure  1.  It  consists  of  colonies  of  aligned  a  platelets  and  of 
equiaxed  tine  a  grains  outlined  by  layers  of  enriched  p  phase.  The  Young  modulus,  yield  stress, 
ultimate  strength  and  elongation  were  respectively  of  125.3  GPa,  975  MPa,  1035  MPa,  16  %  at  20  °C 
and  about  107  GPa,  650  MPa,  770  MPa  ,  20  %  at  300  'C. 

Fatigue  crack  propagation  tests  were  carried  out  on  a  servohydraulic  testing  machine  equipped  with 
an  environmental  chamber  providing  high  vacuum  condition  (<  5.10'^  Pa),  on  CT  specimens  10  mm 
thick  and  32  mm  wide,  at  a  test  frequency  of  35  Hz  and  a  toad  ratio  R  -  0.1,  or  at  constant  Kmax 
(variable  R). 
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Figure  1  -  Microstructure  of  Ti-6  AI-4\/ 


Crack  advarKe  was  monitored  using  a  potential  drop  technique  and  crack  closure  was  detected  at 
room  temperature  by  mean  ol  the  compliance  technique  with  a  back  lace  strain  gauge.  The  threshold 
was  determined  using  a  load  shedding  procedure  in  accordance  with  ASTM  recommandation.  At 
constant  Kmax.  ifie  R  fatio  was  increased  so  as  to  eliminate  crack  closure  and  to  provide  the  ellective 
crack  growth  behaviour  at  room  temperature  and  300  °C.  Alter  threshold,  the  load  amplitude  was 
slightly  increased,  and  subsequent  crack  growth  behaviour  was  determined  at  increasing  AK.  Since 
such  near-threshold  experiments  are  highly  lime  consuming,  up  to  now,  they  have  not  been 
duplicated. 


In  figures  2  and  3  are  presented  the  nominal  crack  growth  data  at  R  =  0.1  and  the  eftective  growth 
data  at  variable  R  (so  as  to  eliminate  crack  closure)  detemined  at  300  °C. 

These  results  are  compared  to  the  mean  curves  ol  the  nominal  and  ellective  propagation  previously 
established  in  ambient  air  (typically  40  %  R.H.)  at  room  temperature  (RT)  and  at  a  R  ratio  ol  0.1 . 

Figure  2  shows  results  of  tests  performed  at  decreasing  AK  levels  (threshold  procedure).  It  can  be 
observed  that  the  nominal  data  at  300  °C  lall  onto  the  RT  curve  :  this  would,  at  first  sight,  indicate  a  lack 
of  temperature  influence.  But  the  effective  near-threshold  propagation  at  elevated  temperature 
appears  to  be  very  much  faster  than  at  RT,  which  is  consistent  with  a  large  detrimental  influence  of 

temperature.  A  very  low  effective  threshold  range  is  measured  about  2  MPaVm.  These  results  are  in 
accordance  with  previous  observations  made  elsewhere  at  260  °C  (2). 

From  comparing  effective  and  nominal  propagation  curves,  it  can  be  assessed  that,  at  low  R  ratio,  an 
enhanced  closure  contribution  to  the  nominal  AK  compensates  actually  the  detrimental  influence  of 
temperature  observed  on  effective  curves. 

Figure  3  shows  the  results  of  tests  performed  after  threshold  at  increasing  AK  levels.  The  nominal 
crack  growth  at  R  >  0.1  and  300  °C  is  different  from  that  obtained  at  decreasing  AK.  However  the 
effective  behaviour,  determined  at  variable  R.  is  not  affected  by  the  test  procedure,  and  previous 
experiments  have  shown  that  the  nominal  and  effective  propagation  at  RT  are  also  roughly 
independent  on  the  procedure  (fig.  2  and  3). Consequently  the  difference  between  the  nominal 
curves  at  300  °C  and  R  0.1  for  the  two  procedures,  is  stronghtly  related  to  change  in  crack  closure. 

On  the  basis  of  the  results  presented  in  figure  2  and  3,  three  growth  regimes  can  be  considered  : 

-  at  mid-rates  (>  10'®  m/cycle),  the  influence  ol  temperature  consists  in  a  slight  acceleration 
of  the  effective  propagation  and  in  an  overlapping  of  the  nominal  curves  :  for  example  the  slightly 

slowered  propagation  at  a  AK  range  ol  about  12  MPaVm,  suggests  enhanced  closure  which  could  be 
related  to  enhanced  crack  surface  oxidation  at  elevated  temperature. 
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Figure  2  -  Influence  of  temperature  on  fatigue  crack  propgation  in  air 
at  R  •  0.1 .  f  -  3S  Hz  and  decreasing  AK. 


•  at  about  10'^  nVcycle,  a  plateau  range  is  observed  on  the  effective  curves  suggesting  a 
drastic  change  in  the  crack  growth  mechanism  ;  this  behaviour  is  shaded  oft  by  crack 
closure  an  nominal  curves. 

-  at  low  rates  (<  10*^  m/cycle),  a  strong  detrimental  influence  of  temperature  is  btou(^  out 
by  the  effective  data,  and  the  difference  observed  between  the  nominal  curves  at 
increasing  and  decreasing  AK  are  typically  related  to  substantial  change  in  crack  closure 
contribution  which  becomes  smaller  at  increasing  AK. 

Figure  4  shows  the  evolution  of  the  ratio  KopfKmax-  stress  intensity  factor  lor  crack  opening 
against  the  maximum  of  the  stress  intensity  factor),  as  evaluated  from  nominal  and  effective  curves  at 
300  °C  and  compared  to  previous  measurements  at  RT  (5),  and  illustrates  the  variation  in  the  dosure 
contribution  due  to  the  test  procedure.  This  result  underlines  the  difficulty  to  have  significant 
threshold  measurements  in  an  active  environment  because  of  the  high  sensbility  of  closure  against 
test  procedure  due  to  oxidation. 

Microfractographic  observations  of  cracked  surfaces  (fig.  5)  show  enhanced  oxidation  and  suggest  a 
straight  relationship  between  closure  contribution  and  oxide  thickening  promoted  by  low  R  ratios. 
Such  oxide  thickening,  as  detected  by  mean  of  scanning  microscope  equipped  with  an  Xray  analyser, 
favorises  a  wedge  effect  as  described  tor  steels  and  Al  alloys  at  room  temperature  in  humid 
environments  (6,^,  and  induces  increased  threshold  range.  Duplication  of  this  kind  of  experiments  is 
necessary  to  get  a  ntore  precise  picture  of  the  influence  of  surface  oxidation  and  on  the  probable 
related  scatter  on  the  nominal  growth  rates  in  the  near  threshold  regime  at  elevated  temperature. 

Crack  oropaQalion  mechanism 

Previous  results  on  the  same  alloy  in  high  vacuum  at  RT  and  300  °C  and  with  the  same  other 
experimental  oondttions,  have  shown  a  large  influence  of  the  test  procedure,  which  resute  in  a  wide 
hi^erisis  effect  related  to  a  fundamental  change  in  the  propagation  mechanism  when  operating  near 
threshold  oortdition  at  decreasing  AK  (figure.  6)  or  increasing  AK  (figure.  7).  A  simHar  behaviour  has 
been  observed  at  RT  on  Al  alloys  tested  in  vacuum  at  low  and  ultra  low  growth  rates  (6). 


op  O'**  3  da/dN  (m/cycle) 


Fig.  5-a)  Micrographic  aspect  ol  tracture  surface  Fig.5-b)  Oxygen  intensity  versus  da/dN  as 
at  300  °C  in  air  (R  «  0.1 ,  da/dN  -  7.10  ’0  m/Cycle)  detected  using  an  Xray  spectronnefer  (non 

calibrated  intensity. 
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Figure  6  -  Influence  of  temperature  on  the  intrinsic  propagation 
(i.e.  in  vacuum  and  after  closure  correction  at  decreasing  aK) 


At  mid  rates,  a  stage  II  regime  has  been  ktentitied  from  tests  performed  at  variable  R  (no  closure),  with 
a  flat  growth  path  (figure  8a)  resulting  from  an  alternative  slip  mechanism  which  can  develop  along 
more  or  less  symmetrical  slip  systems. 
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Figure  7  -  Influence  of  temperature  on  intrinsic  propagation  at  increasing  AK. 


Figure  8  -  Near-threstwid  crack  profiles  of  specimens  tested  at  300  °C  in  vacuum  at  variable  R  and  a 

frequency  of  35  Hz  : 

a)  decreasing  AK  :  ^  -  2.10‘’0  m/cycle.  AK  -  4.2  MPaVm ; 

b)  increasing  AK  :  ^  -  5.10'”  nVcycle,  AK  -  6.5  MPaVin. 

Near  threshold,  a  localization  of  the  deformation  within  a  single  slip  system  has  been  obsen/ed  at  the 
scale  of  each  individual  grain  along  the  crack  front.  This  process  results  in  a  retarded  crystallographic 
propagation  (figure  8b)  due  to  barrier  effects  associated  to  crack  deviation  and  branching  at  grain 
boundaries.  N  is  of  interest  to  notice  that  such  very  rough  crystallographic  crack  path  does  not  induce 
larger  closure  but  instead  smaller  closer  than  the  fiat  path  of  a  stage  II  crack  and.  consequently,  the 
slowed-down  rates  of  a  stage  I  like  crack  should  not  be  attributed  to  enhanced  closure  contribution. 
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Figure  9  shows  that  the  slight  acceleration  of  the  effective  propagation  observed  in  the  niid-rate 
range  (>  10*^  m/cyde)  at  300  °C  compared  to  RT  can  be  explained  by  the  diminution  of  the  Young 
modulus  E  with  temperature.  The  stage  II  intrinsic  propagation  in  Ti-6At.-4V  can  be  described  using 
the  relationship  previously  proposed  tor  Al  alloys  and  steels  (9) : 

^  A  /AKeif\4 

dN-o^l  E  ; 

where  A  is  dimensionless  and  D‘  a  cumulated  displacement.  The  acceleration  In  air  compared  to 
vacuum  should  result  from  a  diminution  of  □*  in  an  active  environment.  At  grouwth  rates  lower  that 
lO'B  m/cycle,  the  crack  growth  acceleration  at  300  X  is  not  taken  into  account  and  the  propagation 
cannot  be  described  using  relation  (1).  This  is  consistent  with  an  environmentally  assisted  near 
threshold  propagation. 


Figure  9  ■  da/dN  vs  AK«h/E  relationship  for  effective  data  at  20  °C  and  300  °C  in  air  and  vacuum 


Figure  10  compares  the  effective  data  in  air  to  the  intrinsic  data  in  vacuum  at  elevated  temperature. 

At  mid  rates,  environment  has  little  influence  on  the  stage  II  propagation. 

At  low  rates  (<  10'^  m/cycle),  the  influence  of  air  environment  becomes  very  large  due  to  the 
combination  of  two  main  factors  : 

-  a  strong  acceleration  of  the  crack  growth  rate  which  could  be  attributed  to  the 
development  of  an  environmentally  assisted  crack  growth  mechanism  involving  an 
embrittling  process  probably  due  to  oxygen  which  can  penetrate  into  the  plastic  zone  at 
the  crack  tip  by  dislocation  dragging : 

-  a  change  from  stage  II  to  stage  I  like  regime  which  occurs  near  threshold  condition  in 
vacuum  but  not  in  air,  and  is  more  well  maiked  at  300  °C  than  at  RT. 

In  such  conditions,  the  growth  rate  in  air  can  be  more  than  two  orders  higher  than  in  vacuum  as 
observed  at  AK  ranges  about  6  to  8  MPaVm. 

Similar  behaviour  can  be  expected  for  surface  microcracks.  Ongoing  experiments  will  document  this 
crucial  point. 
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Rgure  10  -  Effective  crack  propagation  in  air  and  in  vacuum  at  300  °C  (variable  R,  35  Hz). 


Conclusions 

From  fatigue  crack  propagation  experiments  conducted  in  air  and  in  vacuum  at  300  °C  on  a  Ti'6Al-4V 
alloy,  the  following  conclusions  can  be  drawn  : 

-  temperature  and  environment  have  little  influence  on  stage  II  crack  propagation  at  rates 
higher  than  lO"®  m/cycle  ; 

-  compared  to  vacuum,  a  detrimental  influence  of  oxygen  is  proposed  to  explain  a  very  fast 
environmentally  assisted  crack  growth  observed  at  300  °C,  which  leads  to  a  very  tow 
effective  threshold  range  in  air ; 

-  when  operating  at  a  low  R  ratio,  closure  induced  by  oxide  thickening  can  more  or  less 
compensate  the  detrimental  effect  of  oxygen  embrittlement. 
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Abstract 

Cryogenic  systems  require  highly  efficient  structural  materials.  Titanium  alloys  are 
blessed  with  many  advantages  like  low  permeability  and  low  thermal  conductivity  as  well  as 
high  strength  and  low  specific  gravity.  However,  very  few  cryogenic  fatigue  data  ate  available 
probably  because  the  test  is  extremely  difficult.  The  present  paper  describes  the  high  cycle 
fatigue  property  of  Ti-6A1-4V  alloys  at  293  K,  77  K  and  4  K. 

The  Ti-6A1-4V  alloys  with  0.054, 0.104,  and  0.135  mass%  oxygen  wer*  tested. 
The  ingots  were  forged(  forged  material )  and  part  of  them  were  further  roU^  ( rolled  material 
).  ^ocessing  temperatures  were  in  a+p  region  and  finally  mill-annealing  was  done.  The 
fatigue  strength  increased  as  the  test  temperature  decreased,  which  can  be  accounted  for  by 
increased  strength  at  lower  temperature.  The  rolled  materials  had  higher  fatigue  strength  than 
the  forged  materials  over  the  temperatures  range  tested  and  at  given  strength  level, 
independently  of  the  oxygen  content.  This  is  believed  to  be  due  to  the  difference  in  the 
morphology  of  primary  a  grains,  since  the  mean  grain  size  itself  was  almost  the  same  but  the 
forged  material  had  a  "colony"  structure  in  contrast  with  an  equi-axed  structure  of  the  roiled 
one. 


Iniroductipn 

Recent  R&D  projects  based  on  superconductivity  and  cryogenics  have  a  wide  range 
of  engineering  applications  like  magnetic  levitation  car,  electromagnetic  thruster  ( ship ),  and 
superconducting  generator  etc.  Cryogenic  structural  materials  should  have  a  high  fracture 
toughness  as  well  as  a  high  yield  strength  [1].  In  addition,  a  good  fatigue  strength  is  needed 
[2j,  since  the  machines  experience  stop-run  load  cycles  and  they  often  have  "moving" 
components.  And  further  some  other  properties  are  potentially  demanded  for  better  heat 
insulation  and  mote  sound  operation  under  high  magnetic  fieid(  static  or  alternate). 

Titanium  (Ti )  alloy  has  many  advantages  for  the  cryogenic  applications.  Its  low 
specific  strength,  strength-to-gravity  ratio,  and  high  yield  strength  are  very  favorable  for  high 
efficiency  of  the  "moving"  machines.  And  further,  the  alloy  is  more  blessed  with  the  low 
thermal  conductivity,  the  extremely  low  magnetic  permeability  and  the  high  electric  resistivity 
[3],  compared  with  austenitic  stainless  steels. 

Some  of  the  present  authors  previously  reported  the  tensile  properties,  fracture 
toughness,  and  high  cycle  fatigue  properties  of  a  Ti-5Al-2.5Sn  ELI  (Extra-  Low-Interstitials) 
alloy  [4].  The  reaction  of  oxygen  content  yielded  the  high  fracture  toughness  at  4  K. 
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Accordingly  the  Ti-SAl-2.SSn  ELI  alloy  showed  an  excellent  combination  of  yield  strength 
and  fracture  toughness  at  4  K  and  an  increased  fatigue  strength  at  lower  temperature. 

Ti-6A1-4V  alloy  is  one  of  the  most  popular  Ti  alloys.  The  principal  interest  of  the 
present  authors  is  the  probability  of  cryogenic  use  of  this  alloy.  The  previous  paper  [5] 
pointed  out  that  the  low  temperature  fracture  traighness  of  the  Ti-6A1-4V  alloy  was  also  highly 
dependent  on  the  oxygen  content.  Reduction  of  oxygen  suppressed  the  drop  of  low 
temperature  fracture  toughness.  In  the  lowest  oxygen  alloy,  therefore,  the  fracture  toughness 
was  in  the  same  level  at  all  the  temperatures.  The  present  paper  reports  the  high  cycle  fatigue 
properties  at  low  temperatures  of  the  Ti-6A1-4V  alloys. 


Experimental  Procedure 


Test  materials 

Three  Ti-6A1-4V  alloys  with  different  impurity  levels  were  melted;  namely  a 
normal-grade  one  (Normal),  an  extra-low-interstitial  gi^  one  (ELI),  and  an  extremely-low- 
interstitial  grade  one  (  Special  ELI,  abbreviated  as  SpELI  here).  They  had  different  oxygen 
contents  and  the  nominal  oxygen  content  was  O.IS,  0.10  and  O.OS  mass%.  In  the  SpELI 
alloy,  no  iron  was  added  expecting  a  better  toughness  [6],  although  0.2%  iron  was 
conventionally  added  in  other  two  alloys.  The  chemied  compositions  are  listed  in  Table  I. 

Ingots  were  forged  finally  in  a  -t-  p  region,  and  then  a  part  of  them  was  further 
rolled  also  in  a  +  p  region.  The  ingot  with  or  without  rolling  is  called  "forged  material”  or 
"rolled  material",  respectively.  All  the  materials  were  finally  heat-treated  for  7.2  ks  at  973  K 
and  air-cooled.  Some  details  of  the  processing  history  are  shown  in  Table  n. 


Table  I  Chemical  compositions  of  Ti-6A1-4V  alloys  tested  in  the  present  study  in  mass% 


Alloy 

A1 

V 

Fc 

O 

N 

H 

C 

Nramal 

6.34 

4.23 

0.199 

0.135 

0.0071 

0.0053 

0.011 

EU 

6.23 

4.25 

0.200 

0.104 

0.0035 

0.0032 

0.011 

SpELI 

5.97 

4.12 

0.028 

0.054 

0.0019 

0.0055 

0.024 

Table  II  Process  of  forging,  rolling,  and  heat  treatment 


Alloy  Forging  Rolling  Heat  Treatment 


Normal 

o-t-p  (75  X  85)— a -t- p  a0x70) 

EU 

a  +  fi  (115x  120)— o-t-p (70  x  70)  o-i-p  (284) 

973  K,7.2  ks 
Air  Cooled 

SpELI 

P  (1704)— o  +  P  (70  X  70) 

#  Forging  or  rolling  temperatures  are  indicated  as"a  +  p''  which  accounts  for  a  temperature 
in  the  a  -)■  p  region.  The  final  section  size  in  one  heat  series  is  shown  in  parenthesis  (mm). 
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Figure  I  -  SEM  photographs  of  microstructure.  The  prim  planes  arc  on  the  transverse 
section  of  the  fatigue  test  pieces. 


Microstructure 

A  finer  and  more  homogeneous  microstructure  was  expected  for  the  rolled  material 
because  of  the  heavier  reduction  in  forming.  Figure  1  represents  the  SEM  photographs  of 
microstructure.  The  forged  materials  have  lamellar  microstructure  principally  composed  of 
elongated  or  plate-like  a  and  p  ( or  transformed  p )  platelet.  The  formation  of  "colony”,  namely 
the  region  in  which  a  plates  are  aligned,  is  seen  especially  in  ELI  and  SpELl  alloys.  The  mean 
width  of  a  grain  was  5.0.  4.0,  and  1.9  pm  in  Normal.  ELI,  and  SpELI,  respectively.  In  the 
rolled  materials,  the  a  grain  becomes  globular.  The  mean  diameter  of  a  grain  was  4.0,  4.0, 
and  2.8  ^m  in  Normal,  ELI,  and  SpELI,  respectively. 

Rolling  did  not  always  make  a  grains  finer.  The  Normal  and  the  ELI  alloys  had 
almost  the  same  a  grain  size.  The  SpELI  alloy  had  the  finest  microstructure.  However,  the 
reason  is  not  made  clear. 

High  cycle  fatigue  test 

Hourglass  type  unnotched  test  pieces  with  a  waist  diameter  of  4.5  mm  were 
machined  in  the  L-direction  for  both  the  forged  and  the  rolled  materials.  S-N  curves  at  293, 
77,  and  4  K  were  determined  using  the  cryogenic  fatigue  test  machine  [7].  In  obtaining  the  S- 
N  curves,  the  estimation  of  a  million  cycles  fatigue  strength  (MFS)  was  intended.  The  test 
machine  was  servo-hydraulic  and  its  dynamic  capacity  was  ±50  kN.  Load  control  test  was 
done  in  a  sinusoidal  wave  with  a  minimum-to-maximum  load  ratio,  R=0.01  at  4  Hz  at  4  K  and 
at  10  -  20  Hz  at  77  and  293  K. 


Peak  Cyclic  Stress /MPa  Peak  Cyclic  Stress /MPa  Peak  Cyclic  Stress /MPa 


Temperature  decrease  produced  an  increase  in  strength,  and  it  is  generally  said  that 
the  fatigue  strength  is  proportional  to  the  tensile  strength.  Kence  a  simple  analogy  leads  to  a 
speculation  that  the  fatigue  strength  is  increased  at  lower  temperature.  It  is  obviously  true  for 
the  roiled  materials  irrespective  of  the  oxygen  level;  the  S-N  curves  shift  to  higher  stress  level 
at  lower  temperature  and  three  temperature  curves  are  nearly  parallel.  In  the  forged  materials, 
on  the  other  hand,  there  is  almost  no  gap  between  the  S-N  curves  at  77  K  and  4  K.  In  the 


Nonnal  alloy,  the  gap  becomes  nanower  as  the  number  of  cycles  to  failure  increases  and  the 
three  temperature  curves  are  supposed  to  overlap  at  around  S  million  cycles. 

In  Figure  6  (a),  one  million  cycles  fatigue  strength  (MFS)  is  plotted  as  a  function  of 
test  temperature.  As  f^ar  as  the  MFS  is  concerned,  the  MFS  increases  with  a  decrease  in 
temperature  and  the  rolled  material  is  superior  to  the  forged  material  at  all  the  temperatures. 
Especially  at  4  K,  the  difference  in  the  MFS  between  two  materials  is  distinctly  large. 

Ratio  of  yield  strength  to  ultimate  tensile  strength  was  higher  than  95%  at  all  the 
temperatures  for  three  alloys.  Therefore,  the  interrelation  between  strength  and  MFS  is 
described  in  terms  of  yield  strength  vs.  MFS  as  in  Figure  6  (b),  since  yield  strength  is  one  of 
the  most  important  measures  in  the  selection  of  candidate  materials.  Anyway  almost  the  same 
plotting  was  done  when  the  tensile  strength  was  taken  as  the  abscissa. 

As  seen  in  Figure  6  (b),  the  plots  form  two  separate  grxmps  when  the  processing  is 
taken  as  a  parameter.  In  other  words,  the  MFS  of  the  rolled  material  is  higher  than  that  of  the 
forged  material  at  a  given  yield  strength.  Rmighly  speaking,  either  in  the  rolled  material  or  in 
the  forged  material,  the  MFS  is  proportional  to  die  yield  strength  over  the  temperature  range 
investigated.  And  the  dependence  of  MFS  on  yield  strength  is  less  in  the  forged  material  than 
in  the  rolled  material.  This  corresponds  to  the  above-mentioned  result  in  Figure  6.  Although 
more  detailed  comparison  leads  to  a  diflerent  conclusion  that  at  4  K  the  SpQ^I  alloy,  having 
the  lowest  yield  strength,  showed  a  higher  MFS  than  other  two  alloys,  this  is  considered  to  be 
no  major  concern  here  except  the  fact  tiiat  the  SpELI  alloy  had  the  maximum  MFS  at  4  K. 


Microstructural  factors  and  fatigue  strength 


Texture.  A.Sommer  et  al.  said  that  in  textured  Ti-6AI-4V  alloy,  the  alternating  stress  parallel 
to  c-axis  introduced  longer  fatigue  lives  than  that  perpendiculv  to  c-axis[8].  Figure  7  shows 
the  simplified  X-rays  analysis  of  texture,  namely  X-rays  intensities  of  three  major  peaks  from 
prismatic  plane,  (lOlOja  basal  plane,  (0(X)2)a,  and  pyramidal  plane,  (101  l)a  are  shown  in 
relative  ratios  to  normalized  total  intensity, 

lo  =1/3  (I(i010)a  +  ko002)o  +  *(t0tt)a  ) 

This  equation  is  based  on  an  assumption  that  the  ratio  of  the  intensities  is  equal  to  1  ;  1  :  4 
where  the  calculated  ratio  is  23.2 :  25.0 ;  KX)  for  randomly-oriented-polycryst^line  pure-Tt  ( 
Cu-Ka).  Therefore  the  maximum  of  relative  intensity,  1/  la,  is  3.0  and  the  larger  I  /  la  shows 
the  more  preferred  orientation.  From  Figure  7,  it  is  concluded  that  all  the  materials  have  the 
similarly  textured  microstructure  in  which  the  prismatic  plane  is  perpendicular  and  the  basal 
plane  is  parallel  to  the  principal  stress,  that  is,  the  c-axis  is  peipendicular  to  the  principal 
stress.  The  texture  is  further  accentuated  in  the  tolled  materials.  Hence  the  difference  in  fatigue 
strength  between  the  forged  and  the  rolled  materials  can  not  be  explained  in  terms  texture. 
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Figure  7  -  X-rays  relative  intensities  of  major  peaks  of  a  phase.  (L:  Plane  parallel  to 
principal  stress,  T:  Plane  perpendicular  to  principal  stress.  Solid  symbols: 
Forged  materials,  and  (^n:  Rolled  materials.) 
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Figure  8  -  Relationship  between  internal  crack 
size  and  peak  cyclic  stress  at  4K  for 
Ti-6A1-4V  alloys. 


Figure  9  -  Relationship  between  cyclic 
stress  range 'Atf  andAcWfs 
for  Ti-6A1-4V  alloys,  'fs'  is 
the  size  of  internal  crack  site. 


Table  m  EDS  analyses  of  a,^  and  internal  initiation  facet  in  the  Nmnial  alloy. 


Region 

Al 

Concentration  (ma$s%) 

V 

Fe 

a  phase 

5.4  -  6.9 

2.1  -  5.8 

0.0  -  0.3 

P  phase 

4.1  -  5.9 

3.5  -11.8 

0.1  -  1.2 

initiation  facet 

4.8  -  7.3 

1.6  -  3.0 

0.0  -  0.1 

Internal  Initiation  Site.  Internal  initiation  prevailed  mcne  at  lower  cyclic  stress  as  seen  in 
Figs.  2  to  4.  The  site  was  composed  of  facet-like  unit(s)  and  inclined  by  several  ten  degrees 
to  the  principal  stress  axis.  The  size  became  larger  at  lower  stress  as  seen  in  Figure  5  (single, 
plural,  and  aggregate).  Figure  8  shows  the  size  varies  between  several  pm  and  several  ten  pm. 
Here  the  size  was  defined  as  the  minor  axis  of  an  orthographic  projection  of  the  initiation  site 
on  the  main  crack  propagating  plane,  fs.  The  presence  of  subcracks  near  the  main  crack  and  its 
coalescence  under  lower  stress,  shown  in  Figure  S  (d)-(O,  demonstrate  that  the  Hist  stage  of 
fati^e  is  the  subcracking  of  microstructure  and  the  subcracks  grow  until  a  main  crack  forms 
originating  at  one  of  the  subcracks.  Figure  9  rearranges  the  data  in  Figure  8,  when  a  critical 

condition  like  AK  i  =k  AoVfs  is  assumed  where  Ao  is  cyclic  stress  range.  The  value  of  AoVfs 
is  in  a  narrow  range  around  the  mean  value  of  2.98  MPaVm.  Strictly  speaking,  the  coefTicient 
k  does  not  always  take  a  constant  value.  The  value  depends  on  the  shape  and  location  of  the 
initiation  site.  \^n  the  shape  is  taken  into  account,  the  smaller  fs  tends  to  have  a  higher  k 
value  due  to  its  lower  aspect  ratio.  However,  the  coefficient  k  can  be  roughly  estimated  to  be 

around  2.  Then  AK  i  becomes  about  6  MPaVm.  For  the  Ti-6A1-4V  alloy,  AK  d,  is  slightly 
lower  than  lOMPaVm  at  4K  [9]  and  K  ic  is  greater  than  30  MPaVm  at  4K  [10],  Hence  it  is 
considered  that  a  main  crack  starts  lo  grow  when  tiw  initiation  site  grows  up  to  a  critical  size 
determined  for  a  given  cyclic  stress  by  a  critical  condition. 

The  a  grain  is  a  subcracking  miciostructure.  As  shown  in  Figure  S,  subcracks  were 
produced  in  a  grans.  Table  III  shows  a  comparison  of  point  analysis  data  for  a,  p  phases  and 
facets  in  the  initiation  site.  The  chemical  compositions  of  the  facet  are  very  similar  to  those  of 
the  a  phase.  In  addition,  the  size  and  shape  correspraded  to  those  of  the  a  grains.  Namely,  in 
the  forged  materials  the  sites  were  composed  of  elongated  facet(s)  and,  on  the  other  han^  in 


the  rolled  materials  the  facets  were  rather  globular.  Hence,  the  facet  in  the  initiation  site  is 
attributed  to  an  a  grain. 

Some  reported  that  fmer  primary  a  grain  size  produced  higher  fatigue  strength  [11]. 
In  the  foiged  material,  the  primary  a  grains  in  a  colony  are  believed  to  be  crysiallogr^hically 
aligned  and  act  as  a  single  path  for  dislocation  moving  [12].  In  that  case,  the  mean  slip  len^ 
becomes  several  times  of  primary  a  grain  width  in  the  forged  material.  In  the  rolled  material, 
on  the  other  hand,  the  mean  slip  length  is  considered  to  be  of  an  order  of  single  primary  a 
grain  size.  Accordingly,  the  forged  material  has  a  longer  slip  len^  than  the  rolled  material, 
which  may  introduce  higher  stress  localization  and  easier  crack  initiation  at  the  same  applied 
stress  and  this  leads  to  lower  fatigue  strength. 

From  these  consideration,  it  is  concluded  that  the  signiHcant  difference  in  the 
fatigue  strength  was  caused  by  the  morphological  change  in  their  microstructure.  In  other 
words,  the  globular  a  grain  microstiucture  produces  a  higher  fatigue  strength  than  the 
microstructure  in  which  plate-like  or  elongated  a  grains  of  the  same  size  form  "cofonies". 

Summaix 

The  cryogenic  high  cycle  fatigue  properties  were  investigated  for  Ti-6A1-4V  alloys 
with  varied  oxygen  level;  nominally  O.OS,  0.10,and  O.IS  mass  %.  The  alloys  were  prepar^ 
both  in  the  as-forged  material  and  in  the  rolled  material. 

Mean  primary  a  grain  size  of  the  lowest  oxygen  alloy  was  smallest.  Although 
rolling  did  not  always  produce  the  finer  a  grain  size,  the  process  changed  the  morphology  of 
a  grains.  Namely  the  globular  grains  were  Stained  in  the  rolled  material  in  place  of  plate-like 
a  grains  forming  "colony"  in  the  forged  one. 

The  fatigue  strength  increased  as  the  test  temperature  decreased.  This  can  be 
accounted  for  by  increased  strength  at  lower  temperature.  The  fatigue  strength  of  the  rolled 
material  was  superirn'  to  that  of  the  forged  one  esp^ially  at  4  K.  At  a  given  strength  level,  the 
former  was  higher  than  the  latter  over  the  temperature  range  investigat^This  is  believed  to  be 
ascribed  to  the  difference  in  a  grain  morphology. 
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Abstract 

Fatigue  crack  propagation  characteristics  in  solutionized  specimens  and  aged  specimens  of 
Ti-6AI-4V  forged  bars  and  rolled  plates  were  investigated.  Fatigue  crack  propagation  rate  of  Ilb 
region  in  solutionized  specimens  is  greater  than  that  in  aged  ones  in,  in  particular,  rolled 
Ti-6A1-4V  plates.  Crack  closure  of  solutionized  specimens  is  greater  than  that  of  aged  ones  in 
both  forged  bars  and  rolled  plates  of  Ti-6A1-4V  alloys.  Deformation  induced  twins  or  manensite 
is  consider  to  induce  crack  closure  and  retard  the  fatigue  crack  propagation  rate  in,  in  particular, 
rolled  plates  of  Ti-6A1-4V  alloys. 


Introduction 

Greater  improvement  in  elongation,  strength,  toughness  or  fatigue  life  can  be  achieved  in 
solutionized  (ST)  Ti-6A1-4V  alloys  under  a  certain  condition  compared  with  aged  ones  after 
solutionizing  (STA)  [  1 )  -  [2|.  Such  improvement  in  mechanical  propenies  of  Ti-6A1-4V  alloys  is 

attributed  to  the  transformation  of  the  retained  meiastable  3  phase  to  the  martensite  phase  like 
orthorhombic  martensite,  a",  due  to  the  deformation. This  phenomenon  is  so  called  " 
Deformation  Induced  Transformation  ".  This  method  for  improving  ductility  or  toughness  is 
also  well  known  in  steels  [3),  cast  irons  [4]  and  partially  stabilized  zirconia  [S]. 

The  deformation  induced  transformation  is  also  expected  to  improve  the  fatigue  crack 
propagation  characteristics  of  Ti-6A1-4V  alloys.  However,  the  study  on  the  fatigue  crack 
propagation  characteristics  of  Ti-6A1-4V  alloys  where  the  deformation  induced  transformation  is 
highly  expected  is  in  lack  while  the  study  on  the  fatigue  life  on  such  alloy  can  be  seen  although 
the  number  of  the  reports  is  very  ristricted  (2). 

Therefore,  fatigue  crack  propagation  characteristics  of  as  solutionized  forged  bars  and  rolled 
plates  of  Ti-6AI-4V  alloys  were  investigated  related  to  the  deformation  induced  transformation 
and  microstructures  in  this  study. 


Experimental  procedures 

Materials 

The  materials  used  in  this  study  were  forged  bars  and  rolled  plates  of  Ti-6A1-4V  alloys.  Their 
chemical  compositions  are  shown  in  Table  1. 

The  forged  bars  and  rolled  plates  were  solutionized  at  both  1088K  and  1173K  for  3.6ks 
followed  by  water  quenching  (STQ).  Some  of  the  as  solutionized  bars  at  1088K  and  plates  at 
1 173K  were  aged  at  813K  for  14.4  ks  followed  by  air  cooling  (STA). 
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Tabic  I  Chemical  Compositions  of  Ti-6A1-4V  Alloys  (mass%). 


Al 

V 

Fe 

C 

N 

o 

H 

Forged  Btr 

6.03 

4.12 

0.19 

0.01 

0.01 

0.203 

0.0012 

Rolled  pUle 

6.37 

401 

0.15 

0.08 

0.01 

0.101 

0.0029 

Table  II  Tensile  properties  of  heat  treated  Ti-6A1-4V 
forged  bars  and  roiled  plates. 


Specimm 

(MP.) 

o* 

(MPi) 

El 

(%) 

6 

(%) 

E 

(GP.) 

Forged  bars 

STQI088F 

800.3 

1026.6 

15.3 

34.3 

94.2 

STAIOSSF 

996.4 

1046.3 

12.1 

32.8 

108.8 

STQ1I73F 

963.8 

1092.3 

11.3 

32.2 

96.0 

Rolled  pines 

STQIOSSR 

862.3 

1070.3 

35.0 

1 14.4 

STQII73R 

932J 

1084.1 

9.4 

118.8 

STAI173R 

1049.5 

1090.4 

4.1 

125.0 

Figure  1  -  Optical  miaostruaures  of  forged  Ti-6A1-4V  bare  conductedcwiih  STQ  or  STA. 
The  number  mdicates  solutionized  temperature  in  K.  F  indicate  forged  bar. 


Figure  2  -  Optical  mictostructutes  of  roUeded  Ti-6A1-4V  plates  conductedewith  STQ  or 
STA.  The  number  indicaies  solutionized  temperature  in  K.  R  mdicates  rolled 
plates. 

The  optical  microstructures  of  forged  bars  and  rolled  plates  conducted  with  heat  treatments 
mentioned  above  arc  shown  in  Figure  1  and  2.  respectively.  The  primary  a  morphology  of 

l^( 


STQ1088F  and  STA1088F  is  elongated  while  that  of  STQl  173F  is  equiaxed  in  forged  bars  as 
shown  in  Figure  1 .  All  the  specimens  exhibit  equiaxed  a  structure  in  rolled  plates  as  shown  in 
Figure  2. 

Tensile  properties  of  heat  treated  Ti-6A1-4V  forged  bars  and  rolled  plates  are  given  in  Table  II 
where  Oy  is  yield  strength,  O3  is  ultimate  tensile  strength,  El  is  elongation,  <J>  is  reduction  of 
area  and  E  is  Young's  modulus. 

Fatigue  crack  Dronagation  test 

Compact  tension  type  (CT)  specimens  were  machined  from  the  heat  ueated  rolled  plates  and 
forg^  bars  so  as  for  the  fatigue  crack  propagation  dinection  to  be  vertical  to  rolling  and  forging 
directions,  respectively.  Dimensions  of  CT  specimens  were  W(width)=3.2xlO‘^m, 
B(thickncss)=8.0xl0'3m  for  forged  bars  and  for  toiled  plate  W=5.0xl0‘2m  ,  B=1.0xl0-2m  for 
rolled  plate,  respectively. 

Fatigue  crack  propagation  tests  were  carried  out  on  those  CT  specimens  using  electro  -  servo  - 
hydraulic  machine  at  a  load  ratio,  R  of  0.1,  with  a  frequency  of  30Hz  (sine  wave).  A 
constant-load  -amplitude  method  of  ASTM  E-647-81  (6]  was  adopted  in  the  higher  fatigue  crack 

growth  region  above  10‘*m/ cycle.  AK  decreasing  method  was  adopted  in  the  lower  fatigue 
crack  growth  region  than  lO'^m  /  cycle.  Fatigue  crack  length  measurements  were  done  on  the 
specimen  surface  using  a  light  microscope.  Crack  closure  measurements  were  carried  out  using 
back  -  face  strain.  Three  specimens  were  used  for  obtaining  one  curve  of  fatigue  crack  growth 

rate,  da  /  dN,  and  cyclic  stress  intensity  factor  range,  AK,  relation. 

Fracture  surfaces  were  characterized  using  a  scanning  electron  microscope  (SEM).  The 
microstructure  near  the  fracture  surfaces  were  characterized  using  a  transmission  electron 
microscope  (TEM). 


Experimental  results  and  discussion 
Fatiyue  crack  propagation  characteristics  in  forged  bars 

The  relationships  between  fatigue  crack  propagation  rate,  da/dN,  and  nominal  cyclic  stress 
intensity  factor  range,  AK,  divided  by  Young's  modulus,  E,  in  solutionized  specimens 
(STQ1088F  and  STQl  173F)  and  aged  specimens  (STA1088F)  of  forged  bars  are  shown  in 
Figure  3  .  The  STQl  173F  specimen  exhibits  the  smallest  da/dN,  in  particular,  in  Paris’  region, 
that  is,  Ilb  region.  A  difference  in  da/dN  of  each  specimen  is  not  so  big  at  greater  AK/E,  that  is, 
lie  region.  da/dN  of  STQ1088F  specimen  is  similar  to  that  of  STA1088F  specimen  although 
da/dN  of  STA 1088F  specimen  is  slightly  greater  than  that  of  STQ1088F  in  lib  and  11c  regions. 

The  relationships  between  da/dN  and  effective  cyclic  intensity  factor  range ,  AKeff ,  divided  by 
E,  in  solutionized  specimens  (STQ1088F  and  STQl  173F)  and  aged  specimens  (STA1088F)  of 
forged  bars  are  shown  in  Figure  4.  The  da/dN  versus  AKeff  /E  curves  of  solutionized 
specimens  (STQ1088F  and  STQl  173F)  arc  shifted  to  much  lower  AKeff  /E  region  compared 
with  that  of  aged  specimens  (STA1088F)  in  llb  region.  The  da/dN  of  STQ1088F  specimens  is 
much  smaller  than  that  of  STA1088F  specimens  in  llb  region  although  a  difference  in  da/dN  of 

STQ1088F  and  STA1088F  specimens  is  not  so  big  in  da/dN  and  AK  relation  as  described 
above.  This  result  indicates  that  the  crack  closure  of  STQ1088F  specimens  is  greater  than  that  of 
STA1088F  specimens. 
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Relationships  between  da/dN  and  AK/E 
in  solution  treated  specimen  and  aged 
specimens  of  forged  Ti*6AI'4V  bars. 


Figure  4 
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Relationships  between  dVdN  and  AKeff/E 
in  solution  treated  specimen  and  aged 
specimens  of  forged  Ti-6A1-4V  bars. 


The  relationships  between  Kop  (stress  intensity  factor,  K,  at  a  crack  opening  load)  /  Kmax  (K  at 
a  maximum  load)  and  Kmax  in  solutionized  specimens  and  aged  specimens,  which  indicate  the 
crack  closure  behavior,  are  shown  in  Figure  5  .  STQ1173F  specimens  exhibits  the  greatest 
Kop/Kmax  values  compared  with  the  other  specimens.  This  crack  closure  suggests  plastic 
deformation  induced  one  because  the  fracture  surfaces  are  fairly  flat  which  will  be  shown  in 
Figure  6. 
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Figure  5  -  Relationships  between  Kop/Kmax  and  Kmax 
in  solutionized  specimens  and  aged  specimens 
of  forged  Ti-6A1-4V  bars. 

Typical  SEM  micrographs  on  fracture  surfaces  of  solutionized  specimens  and  aged  ones  of 
forged  bars  in  Ilb  region  are  shown  in  Figure  6 .  The  fracture  surfaces  of  STQ1088F  (Figure  6 
(A))  and  STA1088F  (Figure  6  (B))  are  similar  each  other.  They  exhibit  flat  fracture  surface 
which  occupies  a  large  portion  of  the  fracture  surface.  Siriation  like  patterns  (  Figure  6  (D  ))and 
intergranular  cracking  (  Figure  6  (A))  can  be  seen  on  flat  fracture  surface.  Calculating  da/dN 
from  striation  spacing  fitted  with  experimental  da/dN.  Intergranular  cracking  was  found  to  occur 

between  elongated  primary  a  plates.  On  the  other  hand,  facet  like  fracture  surface  occupies  a 
large  portion  of  the  fracture  surface  of  STQl  173F  (Figure  6  (C)) . 
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Figure  6  ■  Typical  SEM  of  fracuire  surfaces  solution  treated  specimens  and 
aged  specimens  of  forged  Ti-6AI-4V  bar. 

(A)STQ1088F,dK/E=2I  xio  >  m'  - .  (B)  STAI088F,  AK/E=20  *  K' > 
and(aSTQU73F,AK/E=28xiO»  m''^  .  (D)  STQ1088F,  AK/E=25  *  10 '  m’'^ 


The  relationships  between  da/tiN  and  AK/E  in  solutionized  specimens  (STQ1088R  and 
STQ1173R)  and  aged  specimens  (STA1173R)  of  rolled  plates  are  shown  in  Figure  7. 
STQ1()88R  specimens  exhibit  the  smallest  fatigue  crack  propagation  rate  in  lib  and  lie  regions 
among  all  the  specimens  in  rolled  plates.  da/dN  of  STQI I73R  specimens  is  greater  than  that  of 
STA1173R  specimens  in  11b  region.  da/dN  of  as  solutionized  specimens  were  found  to  be 


considerably  retarded  at  AK/E  of  approximately  20  and  30  xl0-‘’m'^  for  STQ1173R  and 
STQ1088R,  respectively. 
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The  relationships  between  da/dN  and  AKeff/E  in  solutionized  specimens  (STQ1088R  and 
STQ1173R)  and  aged  specimens  (STA1173R)  of  rolled  plates  are  shown  in  Figure  8. 
STQl  173R  and  STAl  173R  specimens  exhibit  a  similar  trend  in  da/dN  and  AKeff/E  relations  in 
lib  and  lie  regions.  Crack  closure  in  STQ1173R  specimens  will  be  greater  than  that  in 
STAl  173R  specimens.  The  da/dN  and  AKeff/E  curve  of  STQ1088R  specimens  is  shifted  to 

much  lower  AKeff/E  side  compared  with  the  da/dN  and  AK/E  relation  of  those.  This  shift  will 
be  also  caused  by  crack  closure. 

The  relationships  between  Kop/Kmax  and  Kmax  in  solutionized  specimens  and  aged  specimens 
are  shown  in  Figure  9.  Kop/Kmax  values  of  STQ1088R  specimens  is  much  greater  than  those 
of  other  specimens.  Kop/Kmax  values  of  solutionized  specimens  are  greater  than  those  of  aged 
specimens.  This  trend  is  similar  to  that  in  forged  bars.  The  crack  closure  here  also  suggests 
plastic  deformation  induced  one. 


Figure  9  -  Relationships  between  Kop/Kmax  and  Kmax 
in  solutionized  specimens  and  aged  specimens 
of  rolled  Ti-6A1-4V  plates. 


Figure  10  -  Typical  SEM  of  fracture  surfaces  solution  ueaied  specimens  and 
aged  specimens  of  roiled  Ti-6AI-4V  plates. 

(A)STQI173R.AK/E=l7xl0  ’  nV"  ,  (B)  STAM73R,  AK/E=13x  10  ’  m'" 
and(C)STQ1088R,AK/E=47xio  5m''>  ,  (D)  STQ1173R.  AK/E=22x  10  ’ r..'"  . 


Typical  SEM  micrographs  on  fracture  surfaces  of  solutionized  specimens  and  aged  specimens  of 
rolled  plates  in  lib  region  are  shown  in  Figure  10  ,  The  fracture  surfaces  of  all  the  specimens 
are  similar  each  other.  Their  fracture  surfaces  are,  however,  much  different  from  those  in  forged 
specimens  which  have  been  shown  in  Figure  6,  The  fracture  surface  of  each  specimen  is 
consists  of  facet  like  fracture  surface.  Striation  like  patterns  (  Figure  10  (D))  and  intergranular 
crackings  along  primary  a-(J  interface  (Figure  10  (A))  are  also  observed  on  the  fracture  surface 
of  each  specimen. 

TF.M  nhservatinn  of  micrnstnicttirc  near  fracture  surface 

Figure  1 1  shows  the  microstructures  of  P  regions  in  undeformed  and  deformed  pans  near  the 
fracture  surface  formed  in  lib  region  in  the  STQ1088R  specimens.  Deformation  induced 
products  are  observed  in  the  deformed  3  regions  as  shown  in  Figure  1 1  (b).  These  products 
were  found  to  be  deformation  induced  manensite  by  SADP  analysis.  This  kind  of  deformation 
induced  transformation  is  considered  to  induce  crack  closure  and  then  retard  the  fatigue  crack 
propagation  rate  of  as  solutionized  specimens  in,  in  particular,  rolled  plates. 


Figure  1 1  -  Typical  TEM  micrographs  of  P  regions  in  (A)  undefoimed  and 
(B)  deformed  parts  near  the  fracture  surface  formed  in  11b  region 
in  the  STQ1088R  specimen. 

Conclusions 

Fatigue  crack  propagation  characteristics  in  solutionized  sptecimens  and  aged  specimens  of 
Ti-6A1-4V  forged  bars  and  rolled  plates  were  investigated.  The  following  results  were  obtained. 

1 .  In  the  forged  bars,  fatigue  crack  propagation  rate  in  11b  region  of  solutionized  specimens 
(STQ1088F)  is  nearly  equal  to  that  of  aged  ones  (STA1088F)  when  da/dN  is  related  to  AK/E. 

2.  In  the  rolled  plates,  fatigue  crack  propagation  rate  in  Ilb  region  of  solutionized  specimens 
(STQl  173R)  is  greater  than  that  of  aged  ones  (STAl  173R)  when  da/dN  is  related  to  AK/E. 

3.  The  fatigue  crack  propagation  rate  in  lib  region  of  the  specimens  solutionized  at  1088K  is 
greater  than  that  of  the  specimens  solutionized  at  1 173K  in  rolled  plates  while  a  opposite  trend  is 
recognized  in  forged  plates. 

4.  Crack  closure  in  solutionized  specimens  is  greater  than  that  in  aged  specimens  regardless  of 
forged  bars  or  rolled  plates. 
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5.  Defonnation  induced  mancnsite  is  considered  to  induce  crack  closure  and  retard  the  fatigue 

crack  propagation  rate  in,  in  pardcutar,  rolled  plates. 
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Abstract 

The  Ti-6A1-4V  alloy  undergoes  cyclic  softening  when  cyclically  deformed  at  room 
temperature  at  strain  amplitudes  over  the  yield  strain.  Such  behaviour  is  observed  for  the 
"mill  annealed",  a-Widmanstatten  and  the  martensitic  microstructure.  Softening  taVi»c 
at  an  increasing  rate  as  the  cyclic  strain  amplitude  is  increased.  The  "mill  annexed" 
microstructure  sustains  the  longest  cumulative  plasUc  strain  to  fracture  whilst  the  martensitic 
microstructure  sustains  the  shortest.  In  the  present  work  the  dislocation  substructures  which 
give  rise  to  such  behaviour  have  been  investigated. 

Introduction 

The  high  cycle  fatigue  behaviour  of  Ti-6Al-4V  alloy  has  been  extensively  studied  in  the 
literature  (1-5).  However,  there  is  not  much  information  available  relat^  to  its  cyclic 
deformation  response.  It  seems  that  the  microstructure  plays  a  strong  role  in  the  cyclic  stress- 
strain  behaviour  (6,7).  One  of  the  main  features,  also  observed  in  the  Ti6242  near  a  alloy 
(8),  is  the  cyclic  softening  which  takes  place  at  the  different  testing  strain  amplitudes.  Such 
response  seems  also  to  be  closely  related  to  the  microstructure  of  the  alloy,  and  there  is  no 
clear  interpretation  accounting  for  this  behaviour. 

Although  plasticity  of  high-purity  titanium  is  heavily  influenced  by  twinning  at  low  plastic 
strains  (9),  it  seems  that  this  mechanism  is  less  active  for  Ti-6A1-4V  due  to  the  effect  of 
aluminium  (10).  It  should  be  expected  that  the  main  plastic  deformation  mechanism  in  the  a 
phase  could  be  by  glide  of  mobile  dislocations  on  the  different  slip  systems.  It  is  well  known 
that  Ti  has  several  slip  systems  which  may  accommodate  plastic  deformation  by  means  mainly 
of  a  dislocations  on  the  prismatic,  basal  and  pyramidal  planes,  although  c-t-1  dislocations  can 
also  become  active  (9,11,12,13). 

In  the  present  work  the  influence  of  the  microstructure  on  the  cyclic  deformation  behaviour 
of  Ti-6A1-4V  has  been  investigated.  Three  different  microstructures  have  been  prepared  by 
conveniently  controlling  the  heat  treatment  of  the  material.  The  mechanisms  involved  in  the 
plastic  deformation  during  the  cyclic  straining  have  been  analyzed  in  terms  of  the 
unidirectional  monotonic  behaviour  and  by  means  of  transmission  electron  microscopy  (TEM) 
observations  carried  out  in  cyclically  deformed  specimens. 
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Experimental  methods  and  materials 


The  Ti-6A1-4V  alloy  used  in  the  present  woric  was  kindly  donated  by  Industrias  Quinirgicas 
de  Levante  S.  A.  The  material  came  as  cylindrical  rods  of  12  mm  diameter,  forged  at  9S0°C, 
subsequently  annealed  at  700°C  during  2  hours  and  then  cooled  in  air. 

The  chemical  composition  of  the  alloy  is  shown  in  Table  I.  The  microstructure,  as  observed 
using  optical  metallography,  corresponds  to  that  know  as  "mill-annealed”  (MA),  consisting 
of  equiaxial  a  grains  as  well  as  grains  constituted  by  small  a  Widmanstatten  plates 
surrounded  by  residual  B  phase.  Both  the  composition  and  the  microstructure  satisfy  the 
ASTM  FI 36-84  standard  for  wrought  Ti-6A1-4V  ELI  alloy  for  surgical  applications. 


Table  I.  Chemical  composition  of  the  Ti-6A1-4V  alloy  used  in  the  present  investigation 
(wt%). 


A1 

V 

Fe 

c 

0. 

H, 

H, 

6.1 

4.0 

0.11 

0.021 

0.09 

0.010 

0.003 

Tensile  specimens  with  a  ratio  diameter  to  gauge  length  of  1/5  and  fatigue  specimens  as 
shown  in  Fig.  1  were  machined.  A  first  batch  of  specimens  was  kept  as  the  as  received 
material  (MA)  whilst  a  second  and  third  batch  of  specimens  were  heat  treated.  The  specimens 
of  the  second  batch  were  held  1  hour  in  a  tubular  furnace  with  argon  atmosphere  at  10S0°C, 
which  is  a  temperature  just  above  the  6  transus  for  the  Ti-6A1-4V  alloy,  and  they  then  cooled 
inside  the  furnace  at  a  cooling  rate  of  17°C/min.  The  resulting  microstructure  (T)  cone^nds 
to  the  "basket  weave"  which  consists  in  colonies  of  a  Widmanstatten  plates  surrounded  by 
residual  B  phase.  The  specimens  of  the  third  batch  were  heat  treated  in  the  same  way  but 
rapidly  quenched  in  water  at  room  temperature.  The  resulting  microstructure  (M)  corresponds 
to  acicular  a*  martensite. 


Two  tensile  specimens  for  each  material  were  tested  in  a  universal  screwdriven  testing 
machine  of  lOOkN  capacity  at  a  cross-head  speed  of  Imm/min.  The  fatigue  specimens  were 
cyclically  deformed  in  tension-compresion  under  strain  control  R,  =-l,  in  a  servohydraulic 
testing  machine  of  lOOkN  capacity.  The  strain  rate  was  always  kept  constant  at  b.SxlO*^  s'.‘ 
The  total  strain  amplitudes  used  were  ±  5x10"^,  ±  7x10'^  and  ±  12x10'^.  Tests  were 
carried  out  at  each  total  strain  amplitude  at  different  cumulative  plastic  strains.  Two 
specimens  for  every  microstructure  were  taken  up  to  fracture  at  the  different  strain  amplitudes 
tested. 


Fig.l.  Schematic  representation  of  tensile  specimen.  ( mm ) . 


The  deformed  specimens  were  transversely  cut  into  discs  of  0.5  mm  thickness  and  3  mm 
diameter.  After  grinding,  TEM  samples  were  prepared  either  using  the  ion  beam  thinning 
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technique  or  by  electropolishing  the  discs  in  a  solution  of  butylcellusolve,  perchloric  acid  and 
methanol  at  10°C  at  a  voltage  of  40  V.  Samples  were  loaded  in  a  double  tilt  specimen  holder 
and  observed  in  a  transmission  electron  microscope  JEOL  1200  EXII. 

Results  and  Discussion 

The  three  materials,  MA,  T  and  M  have  been  tested  in  unidirectional  tension  in  order  to 
obtain  their  monotonic  stress-strain  curves,  which  are  shown  in  Fig.2.  The  relevant 
parameters  are  listed  in  Table  II,  where  the  values  reported  are  the  average  of  two  different 
tests  for  each  material. 


Table  II.  Tensile  properties  of  the  three  microstructures  studied  of  Ti-6A1-4V  alloy. 


Microstruct. 

Proportional 
Unit  (MPa) 

Yield  Strength 
0.2%  (MPa) 

%  El 

t  RA 

MA 

837 

986 

1050 

14 

36 

T 

5«7 

860 

992 

6 

15 

M 

568 

894 

1080 

4 

7 

It  should  be  noticed  that  acicular  microstructures  reduce  significantly  the  ductility  of  the 
alloy.  It  should  be  also  pointed  out  that  the  proportional  limit  is  much  lower  than  the  yield 
stress  for  the  microstructures  T  and  M.  The  proportional  limit  has  been  measured  by  means 
of  an  extensometer  with  a  sensibility  of  lO"*  per  mV.  The  microstructures  T  and  M  exhibit 
very  similar  proportional  limits,  567  and  568  MPa  respectively,  and  they  yield 
macroscopically  at  0.2%  at  stress  of  860  and  894  MPa  reflectively.  This  means  that 
irreversible  plastic  deformation  is  taking  place  between  the  proportional  limit  and  the  yield 
stress.  In  fact,  plastic  deformation  starts  to  take  place  at  much  lower  stresses  than  for  the  MA 
material. 

When  the  three  microstructures  are  cyclically  deformed  at  the  different  total  strain  amplitudes, 
cyclic  softening  is  observed  in  all  cases.  Fig.3  shows  the  cyclic  softening  curves  for  the  three 
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materials,  MA,  T  and  M,  at  the  different  total  strain  amplitudes,  where  the  maximum  stress 
has  been  plotted  against  the  number  of  cycles.  It  should  be  mentioned  that  for  the  MA 
microstructure  softening  ocurred  from  the  first  cycle,  whilst  for  the  microstructure  T  and  M 
hardening  took  place  during  the  first  two  cycles  which  was  followed  by  subsequent  softening 
until  fracture.  It  can  be  noticed  that  the  cyclic  softening  increases  as  the  total  strain  amplitude 
increases.  In  fact,  not  even  at  the  lowest  total  strain  amplitude,  ±  5xl0■^  stress  saturation 
could  be  reached.  It  should  be  pointed  out  that  except  for  the  highest  strain  amplitude  studied, 
±  12x10’,  and  only  for  a  limited  number  of  cycles,  the  maximum  stress  reached  at  every 
total  strain  amplitude  is  higher  for  the  MA  microstructure  than  for  the  other  two.  The  highest 
rate  of  softening  has  been  observed  for  the  martensitic  microstructure. 


N 

Fig.3,  Cyclic  softening  curves. 


Proper  saturation  is  not  achieved  in  any  case  for  the  different  microstructures  and  for  the 
different  total  strain  amplitudes.  In  order  to  trace  the  cyclic  stress-strain  curves  for  each 
microstructure,  saturation  was  taken  as  the  stress  level  at  which  the  rate  of  softening  was  the 
lowest.  The  trend  of  the  cyclic  stress-strain  curves  for  the  three  microstructures  is  shown  in 
Fig.  4,  by  plotting  the  saturation  stress  against  the  saturation  plastic  strain  amplitude 
corresponding  to  each  total  strain  amplitude.  It  can  be  noticed  that  the  material  M  shows  a 
higher  cyclic  hardening  behaviour  as  plastic  strain  amplitude  increases  than  materials  MA  and 
T.  This  fact  agrees  with  the  monotonic  hardening  behaviour  exhibited  by  the  tensile  curves 
shown  in  Fig.  2.  In  order  to  define  more  exactly  the  cyclic  stress-strain  curves  of  the  three 
microstructures,  and  more  specifically  their  respective  cyclic  yield  stresses,  more  tests  in  the 
range  of  total  strain  amplitudes  between  ±  3x10'’  and  ±  7x10'’  should  be  conducted.  Table 
III  shows  the  plastic  strain  amplitudes  and  the  maximum  stresses  reached  at  the  different  total 
strain  amplitudes  for  the  three  microstructures  at  the  first  cycle. 

It  should  be  noticed  that  for  the  total  strain  amplitude  of  ±  SxlO  ’,  at  the  first  cycle,  a  certain 
degree  of  plastic  deformation  has  already  taken  place  for  the  microstructures  T  and  M,  being 
their  respective  maximum  stresses  over  their  tensile  proportional  limits.  At  this  strain 
amplitude,  the  microstructure  MA  is  still  being  deformed  inside  its  microstrain  region.  At  the 
tot^  strain  amplitude  of  ±  7x10’,  the  MA  microstructure  is  already  being  plastically 
deformed  from  the  first  cycle.  Finally,  at  ±12x10'’  the  three  microstructures  are  cyclically 
deformed  well  over  their  respective  monotonic  yield  stresses. 
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residual  6  phase  surrounding  the  a  Widmanstatten  plates  could  be  clearly  identified  in  dark 
field,  as  shown  in  Fig.7.  The  width  of  the  a  Widmanstatten  plates  in  the  T  microstructure 
ranges  between  1  and  7  /im  whilst  in  the  M  A  microstructure  it  ranged  between  0. 1  up  to  1 


Fig.5.  Planar  bands  along  prismatic  planes  in  a 
grains  in  the  undeformed  MA  microstructure. 
Zone  axis;[000t] 


Fig.6.  Network  and  pile-ups  of  dislocations  in  the 
cyclically  deformed  MA  microstructure. 

Zone  axis’.tOliO] 


Fig.7.  Undeformed  T  material  microstructure. 
Zone  axis:p2l3] 


Fig.8.  Parallel  dislocation  substructures  extending 
along  several  a  Widmanstatten  plates  in  the_ 
cyclically  deformed  T  material.  Zone  axis:[i2l4 


The  crystallographic  orientation  of  the  a  Widmanstatten  plates  within  a  colony  of  the  T 
material  is  practically  identical  for  all  of  them.  Tliis  fact  was  clearly  substantiated  in  the 
cyclically  deformed  samples  where  parallel  dislocation  substructures  were  seen  to  extend 


along  several  a  Widmanstatten  plates,  as  shown  in  Fig.  8.  The  Burgers  vector  of  the 
dislocations  is  c+a.  Long  screw  dislocations  and  debris  can  be  observed. 


In  the  undeformed  M  material  an  acicular  microstructure  can  be  observed  as  shown  in  Fig. 
9.  In  some  of  the  martensite  plates  a  straight  screw  dislocations  were  observed  as  shown  in 
Fig.  10.  In  the  cyclically  deformed  M  material  it  was  noticed  that  both  mechanisms,  slip  and 
twinning,  accommodated  the  plastic  deformation.  Fig.  1 1  shows  a  martensitic  plate  with 'a 
edge  dislocations  forming  loops  and  dipoles. 


Fig.9.  Acicular  microstnicture  in  the  undeformed 
M  material. 


Fig.  10.  Straight  screw  dislocations  in  the 

undeformed  M  material.  Zone  axis:[0(X)U 


Parallel  lenUculari\ll52|  twins  were  also  observed  as  shown  in  dark  field  in  Fig.l2.  Such 
twins  are  deformation  twins  since  those  appearing  also  in  the  undeformed  specimens  were 
llOll),  as  shown  in  Fig.  13.  The  deformation  twins  appeared  in  clusters  in  few  areas  of  the 
sarnies.  The  fact  that  twinning  is  activated  in  Uie  deformation  of  M  material  and  not  in  the 
materials  MA  and  T  can  be  interpreted  by  the  effect  of  aluminium  which  is  more  evenly 
distributed  in  the  former  material. 


Fig.  1 1 .  Loops  and  dipoles  of  a  edge  Pig.  12.  Parallel  lenticular  twins  observed  in  dark 
dislocations  in  a  martensitic  plate.  field  in  the  deformed  M  material.  Zone  axis: [Olid 

Zone  axisCzlIo}. 
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Fig.  13.\10l  I*!  twins  appearing  both  in  the  deformed 
and  undeformed  M  materiaJ.  Zone  axis: 

Although  further  work  in  TEM  is  being  conducted  in  order  to  substantiate  the  mechanical 
results,  the  present  evidence  seems  to  show  that  the  plastic  deformation  mechanisms  activated 
during  the  first  few  cycles  of  deformation  allow  the  subsequent  softening.  For  the  MA 
material,  the  initial  high  dislocation  density  can  accommodate  the  low  plastic  strain  amplitude 
considered.  In  the  fully  annealed  T  microstructure,  the  plastic  deformation  is  accommodated 
by  the  to  and  fro  movement  of  gliding  dislocations  generated  during  the  first  few  hardening 
cycles.  Such  behaviour  should  lead  to  softening.  Finally,  for  the  M  microstructure  both 
dislocation  movement  and  induced  twinning  activated  during  the  first  few  cycles  may  explain 
the  subsequent  softening. 
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EFFECT  OF  HEAT  TREATMENT  ON  THE  HECHANZCAL  PROPERTIES  OP  Ti-10V-2Fe-3Al 


FOR  DYNAMICALLY  CRITICAL  HELICOPTER  COMPONENTS 


D  P  Davies 

Vest land  Helicopters  Lialted 
Yeovil,  Somerset,  UR 


Abstract 

The  requirement  for  enhanced  handling  characteristics,  agility,  low  weight, 
high  reliability  and  ease  of  maintenance  were  responsible  for  the  adoption 
of  the  semi-rigid  rotor  head  concept  at  Vestland  Helicopters  Ltd  (VHL)  (1). 
Up  to  now  the  semi-rigid  rotor  head  has  been  manufactured  out  of  annealed 
Ti-6A1-4V,  however,  the  desire  to  increase  performance  has  lead  to  VHL 
undergoing  an  investigation  into  replacing  this  alloy  with  Ti-10V-2Fe-3Al. 
The  paper  will  discuss  the  Influence  heat  treatment  has  in  determining  the 
mechanical  properties  of  Tl-10V-2Fe-3Al  throughout  a  120  am  cross  section. 


Introduction 


In  order  to  ensure  the  critical  rotor  head  design  requirements  are 
consistently  and  confidently  met  throughout  the  forging,  it  is  important 
that  the  desired  ingot  to  billet  thermomechanical  processing  route  is 
stringently  controlled.  Of  particular  importance  is  establishing  the 
fatigue  properties  in  the  billet  material  as  this  will  greatly  influence  the 
properties  attainable,  in  the  forging,  particularly  in  areas  of  low 
deformation  (See  Figure  1). 

Consequently  a  billet  was  purchased  of  representative  section  size  to  that 
required  to  produce  a  rotor  head  forging,  to  enable  the  assessment  and 
characterisation  of  Ti-10V-2Fe-3Al  to  be  accomplished. 


Titanium  '92 
Scianea  and  Toctmoiogy 
Editsd  by  F.H.  FroM  and  I.  Caplan 
Ttw  Minaroli,  M«lol<  i  Motirioli  Socioty,  1 993 
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Experimental  Procedure 


Material 


The  material  chosen  for  this  investigation  was  Ti-10V-2Fe-3Al  supplied  by 
TIMET  and  procured  in  accordance  with  AMS  4983,  in  which  a  summary  of  the 
chemical  composition  is  shown  in  Table  I. 

Table  I  Chemical  composition  of  the  Ti-10V-2Fe-3Al  billet 


m 

Fe 

A1 

m 

«2 

N2 

®2 

Y 

T1 

10.1 

1.8 

in 

0.02 

35  ppm 

105  ppm 

0.1 

10  ppm 

BAL 

On-Receipt  Testing 

The  billet  stock  was  subjected  to  a  detailed  in  release  inspection  which 
included  (a)  macroscopic  examination  to  establish  the  general  structure  and 
(b)  microscopic/segregation  assessment  at  various  locations  throughout  the 
billet  cross  section. 

Trial  Heat  Treatments 

A  heat  treatment  programme  was  initiated  in  order  to  determine;  (a)  the 
transformation  characteristics  and  (b)  solution  treatment  and  ageing 
response,  as  a  precursor  to  establishing  the  optimum  thermal  processing 
parameters  for  the  Ti-10V-2Fe-3Al  billet. 

Test  Piece  Removal  and  Design 

Although,  the  billet  size  at  300  mm  diameter  was  representative  of  the 
required  starting  stock,  the  maximiun  section  thickness  to  be  found  on  the 
Lynx  rotor  head  is  120  mm.  Consequently  the  central  portion  of  the  billet 
was  trepanned  out,  leaving  a  ring  with  a  more  representative  section 
thickness.  After  heat  treatment  the  ring  was  sectioned  to  enable  tensile, 
fatigue  and  fracture  toughness  property  data  to  be  collated  and  thereby 
enable  sectional  response  to  be  determined.  In  the  case  of  the  tensile  and 
fracture  toughness  specimens  all  data  points  were  an  average  of  at  least  two 
measurements. 

Tensile,  fatigue  and  fracture  toughness  specimens  (l.e.  B  •  20  mm)  were 
manufactured  in  the  longitudinal  direction  to  the  relevant  ASTM 
specification. 

Experimental  Results 

The  experimental  programme  was  carried  out  in  two  stages.  The  first  stage 
assessed  the  quality  of  the  as  received  billet  stock  and  devised  the  most 
suitable  at  treatment  schedule  for  the  Ti-10V-2Fe-3Al  alloy,  while  the 
second  stage  determined  the  properties  throughout  the  billet  cross  section. 

On-Receipt  Inspection 

Macroscopic  Examination.  Macroslices  taken  from  the  end  of  the  billet 
revealed  a  moderately  coarse  prior  (I  grain  structure,  free  of  detrimental 
imperfections. 

Microscopic  Examination.  A  summary  of  the  microstructural  data  obtained 
through  the  billet  cross  section,  is  given  in  Table  II. 
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Figure  1  Variation  in  Deformation  Rate  in  a  Lynx  Rotor  Head  Forging 
Table  II  As  received  micros true tural  analysis  through  billet  cross  section 


Distance  from  Surface 

mtfi 

X  Primary 
a 

Primary  a 
Grain  Size 
urn 

Prior  0 
Grain  Size 
mm 

16 

30.9  ±  1.3 

1.7  ±  1.0 

96 

30.3  ±  0.8 

Kvmm 

1.8  ±  1.2 

176 

27.5  ±  2.2 

1.9  ±  0.9 

256 

27.6  ±  0.8 

5.3  ±  1.6 

2.0  ±  1.1 

Elemental  Analysis.  Compositional  differences  through  the  billet  cross 
section  vere  considered  negliable  and  veil  within  the  specified  limits  for 
Ti-10V-2Fe-3Al  (See  Figure  2).  Furthermore  the  Interstitial  elements  were 
consistently  uniform  throughout  the  billet  cross  section. 

Heat  Treatment  Trials 

TransforMtion  Characteristics.  The  as  received  billet  microstructure 
consisted  ol  relatively  small  but  highly  elongated  primary  a  grains  in  a  0 
matrix.  On  raising  the  solution  treatment  temperatures  above  7(X)''C  the 
amount  of  primary  a  decreased  in  relation  to  the  solution  treatment 
temperature.  After  exceeding  8(X}*C  (the  0  transus)  a  metastable  0  matrix 
completely  devoid  of  primary  a  grains  was  produced. 

Mechanical  Properties.  A  summary  of  the  properties  obtained  from  the 
solution  treatment/ageing  response  trials  are  shown  in  Figures  3  and  4. 
From  this  data  the  main  trends  can  be  summarised  accordingly: 

(a)  On  raising  the  solution  treatment  temperature,  strength  was  found  to 
gradually  Increase,  reaching  a  plateau  at  ~  800’C,  with  ductility  following 
an  inverse  relationship  to  strength.  The  toughness  data  trend  was  more 
complicated,  however,  with  toughness  following  an  Inverse  relationship  with 
strengths  up  to  -  775*C,  whereupon  a  further  rise  in  strength  produced  a 
concomitant  rise  in  toughness. 

(b)  By  raising  the  ageing  temperature  from  475*C  to  550*C,  strength 
decreased,  while  ductility  and  toughness  values  Increased. 
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Figure  2  Variation  in  Chemical 
Composition  Through  Billet  Cross 
Section 


Figure  3  Influence  of  Solution 
Treatment  Temperature  on  Static 
Mechanical  Properties. 


From  the  results  of  the  heat  treatment  exercise  and  data  extracted  from  the 
literature  the  billet  was  solution  treated  at  765*C,  water  quenched  and  aged 
at  SOO’C  for  8  hours. 


Billet  Property  Evaluation 

Tensile  Properties.  The  influence  section  thickness  had  on  tensile 
properties  Is  shown  in  Figure  5.  From  this  diagram  it  can  be  seen  that  a 
reduction  in  strength  on  going  from  the  inner  edges  of  the  ring  towards  its 
mid  section  of  -  75  MPa  was  observed.  Whereas  the  ductility  values  followed 
an  inverse  relationship  to  strength. 

Fracture  Toughness  Properties.  The  influence  that  cooling  rate  and  thereby 
section  fHTckneis  had  on  fracture  toughness  properties  can  also  be  seen  in 
Figure  5.  Essentially  no  general  trend  in  toughness  values  was  observed, 
indicating  Ti-10V-2Pe-3Al  relative  insensitivity  to  section  size. 

Fatigue  Properties.  An  S/N  curve  generated  for  the  Ti-10V-2Fe-3Al  alloy  at 
two  mean  stresses  0  MPa  and  200  MPa  and  at  two  specified  locations  through 
the  billet  ring,  is  summarised  in  Figure  6.  Furthermore,  the  endurance 
limits  calculated  for  each  of  the  loading  condltlons/billet  ring  position 
are  plotted  in  the  form  of  a  Goodman  Diagram  (See  Figure  7).  Based  on  the 
information  contained  in  Figures  6  and  7  the  following  observations  can  be 
made: 

(a)  By  increasing  the  tensile  mean  stress  a  lover  endurance  limit  is 
produced. 
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(b)  The  fatigue  endurance  Halt  Is  Influenced  by  the  position  In  the 
billet,  l.e.  superior  fatigue  endurance  values  were  obtained  from  the  outer 
portion  Bore  heavily  worked  area  of  the  billet  ring,  although  the  effect  was 
considered  negligible. 


Figure  4  Influence  of  Ageing 
Temperature  on  Static  Hechanical 
Properties 


Figure  5  Influence  of  Section 
Thickness  on  Static  Mechanical 
Properties 


Mlcrostructural  Properties.  The  influence  section  size  had  on 
microstructure  response  can  be  seen  schematically  in  Figure  8  and  although 
in  general  the  mlcrostructural  features  were  fairly  insensitive  to  thickness 
slight  differences  were  observed.  On  moving  from  the  centre  of  the  billet 
ring  towards  the  outer  edge  the  primary  a  content  decreased,  while  the  grain 
size  increased.  In  all  cases,  however,  the  microstructure  consisted  of  fine 
primary  a  grains  in  a  8  matrix. 


Figure  6  S/N  Data  Generated  for  Ti-10V-2Pe-3Al  at  0  ±  P  and  200  MPa  ±  P 
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Figure  7  Goodman  Diagram  for  Figure  8  Influence  of  Section 
Ti-lOV-2Fe-3Al  Thickness  on  Microstructural 

Response 

Discussion 

Influence  of  Microstructure  on  Static  Mechanical  Properties 

By  heat  treating  Ti-10V-2Fe-3Al  below  the  8  transus,  the  microstructure 
produced  will  consist  of  a  bimodal  distribution  of  a  in  a  0  matrix,  with  the 
relatively  coarse  primary  a  produced  during  solution  treatment  coexisting 
with  the  very  fine  aclcular  a  precipitated  during  subsequent  ageing.  It  has 
been  reported  by  Ouerig  (2)  that  the  primary  a  formed  during  solution 
treatment  contributes  little  if  anything  to  the  strength  of  the  alloy. 
Therefore,  by  lowering  the  solution  treatment  temperature  lower  strength 
levels  will  result  after  ageing,  simply  because  the  amount  of  fine  aclcular 
a  that  can  be  precipitated  out  of  the  matrix  is  decreased,  (See  Figure  3) 

In  general  0  titanium  alloys  exhibit  a  greater  scatter  in  ductility  than  do 
a-0  alloys  and  that  this  effect  is  strongly  Influenced  by  microstructure, 
yield  strength  and  chemical  Inhomogeneity  (3).  As  segregation  vas  minimal 
the  reported  difference  observed  were  considered  to  be  due  solely  to 
microstructural  and  yield  strength  changes.  There  is,  as  with  most  alloys  a 
general  decrease  in  ductility  as  the  strength  of  the  alloy  is  increased, 
(See  Figure  4).  However,  the  rate  of  loss  is  not  uniform,  but  also  strongly 
dependent  on  microstructure.  The  relationship  between  ductility  and 
fflicrostructure  can  be  considered  in  terms  of  slip  homogeneity,  i.e.  with 
typical  bimodal  structures  the  strength  differential  between  the  soft 
primary  a  phase  and  the  matrix  (as  related  to  primary  a  content)  can 
encourage  localised  deformation  and  thereby  lower  ductility  values. 

In  general  an  inverse  relationship  was  observed  between  strength  and 
toughness,  i.e.  as  strength  Increases  toughness  falls.  However,  it  should 
be  realised  that  toughness  is  also  sensitive  to  microstructural  variations, 
i.e.  previous  investigations  (4)  have  shown  that  the  toughness  of 
Tl-10V-2Pe-3Al  is  particularly  sensitive  to  the  morphology  of  the  primary  a. 
As  the  reported  strength  levels  and  microstructural  variations  were  slight 
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throughout  the  billet  cross  section,  it  would  be  expected  that  differences 
in  toughness  would  be  ininlDal,  (See  Figure  3). 

As  precipitated  a  acts  as  a  barrier  to  dislocation  movement  its  finesse  is 
of  paramount  importance  in  determining  strength  levels,  i.e.  the  higher  the 
ageing  temperature  the  coarser  the  secondary  a  precipitates  and  hence  the 
lower  the  resultant  strength  levels.  Consequently,  great  care  must  be  taken 
to  ensure  the  a  phase  precipitation  is  not  too  low,  otherwise  there  is 
little  or  no  plastic  ductility,  (See  Figure  4). 

Influence  of  Microstructure  on  Fatigue  Properties 

Although  several  investigators  have  shown  that  increases  in  tensile  strength 
are  likely  to  produce  concomitant  improvements  in  fatigue  performance. 
Lucas  (3)  has  shown  that  microstructural  features  is  a  more  reliable 
indicator  for  assessing  an  alloy's  fatigue  performance.  A  number  of  these 
investigators  (6)  have  found  that  a  definite  relationship  exists  between 
primary  a  grain  size  and  fatigue  strength,  (i.e.  by  refining  the  primary  a 
grain  size  improvements  in  fatigue  strength  is  a  consequence).  Comparing 
the  Ti-10V-2Fe-3Al  results  with  previous  a-0  alloy  billet  data  generated  by 
Westland  Helicopters  (See  Figure  9)  that  the  relationship  between  primary  a 
grain  size  and  fatigue  strength  is  clearly  demonstrated.  However,  it  is  not 
a  simple  matter  to  determine  primary  a  content  in  order  to  fully 
characterise  fatigue  strength,  as  early  work  by  Stubbington  et  al  (7)  showed 
that  the  morphology  of  the  primary  a  content  is  also  of  paramount 
importance.  The  most  Important  microstructural  feature  with  regard  to 
fatigue  resistance  at  endurance  is  absence  of  long  a~fi  interfaces,  either 
within  the  grains  or  at  the  grain  boundaries.  Consequently,  in  order  to 
resist  fatigue  crack  initiation  it  is  necessary  to  minimise  the  amount  of  0 
transformation  product  which  will  reduce  the  number,  length  and  continuity 
of  the  a-3  interfaces.  Furthermore,  absence  of  grain  boundary  a  is  of  prime 
Importance  as  this  can  act  as  preferential  nucleation  sites.  Examination  of 
the  microstructure  in  the  billet  ring  revealed  a  homogenous  bimodal 
distribution  of  equaxed  primary  a  in  a  0  matrix,  with  complete  absence  of 
grain  boundary  a.  Consequently,  it  was  considered  the  uniform 
microstructural  features  were  mainly  responsible  for  producing  only  a  small 
reduction  in  fatigue  properties  on  moving  from  the  outer  edge  of  the  billet 
ring  to  the  inner  edge. 

It  can  be  seen  In  Figure  7  that  by  raising  the  mean  stress  the  fatigue 
endurance  is  reduced,  however  the  extent  of  this  reduction  can  be  related  in 
part  to  the  microstructural  features.  Lucas  (3)  has  shown  that  by  refining 
and  increasing  the  amount  of  ttansfonned  0  in  the  microstructure,  the  loss 
in  fatigue  endurance  on  moving  to  a  more  positive  mean  stress  can  be 
reduced.  It  would  therefore  be  excepted  from  the  microstructural  features 
observed  in  this  investigation,  that  the  loss  in  fatigue  on  moving  to  a  more 
positive  mean  stress  would  be  minimal.  Furthermore  by  comparing  the  loss  in 
fatigue  associated  with  Ti-6A1-4V  in  both  the  annealed  and  STOA  condition, 
with  that  from  the  Ti-10V-2Fe-3Al  data,  see  Table  III  a  definite  advantage 
for  alloys  solution  treated  high  in  the  a-0  region  can  be  seen  regardless  of 
alloy  composition. 

Table  III  Relationship  Between  Primary  a  Content  and  Loss  of  Fatigue 


Alloy 

Condition 

Primary  a 
Content 

Drop  in  Fatigue  on  moving 
from  a  0  ±  P  to  200  MPa  ±  P 

Ti-6A1-4V 

Annealed 

73X 

-  35X 

Ti-6A1-4V 

STOA 

10  -  13X 

-  20* 

Tl-10V-2Pe-3Al 

STA 

10  -  15* 

-  20X 
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Figure  9  Relationship  between 
Priaary  a  Grain  Size  and  Fatigue 
Resistance 


Conclusions 

(1)  Ti-10V-2Fe-3Al  exhibits  a  deep  hardening  capability,  in  which  strengths 
in  excess  of  1150  MPa  were  achieved  through  a  120  na  billet  cross  section. 

(2)  Ti-10V-2Pe-3Al  can  be  heat  treated  to  a  range  of  strength  to  toughness 
combinations,  which  appear  to  be  superior  to  a-9  alloys. 

(3)  The  superior  high  cycle  fatigue  properties  associated  with 
Ti-10V-2Fe-3Al  are  considered  to  be  due  to  the  fine  nicrostructure  produced. 
Moreover  the  fatigue  properties  are  capable  of  being  sustained  throughout  a 
120  nun  cross  section. 

(4)  There  appears  to  be  a  relationship  between  the  amount  and  finesse  of 
the  transformed  0  constituents  and  its  resistance  to  fatigue  under  a 
positive  mean  stress. 
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Abstract 

The  stress-strain  response,  texture  features  and  certain  plastic  parameters  (m,n,  r  and 
cup  height  )  for  Ti-15-3  sheet  samples  in  various  conditions  were  investigation.  The 
heterogeneous  thinning  ,  earing  and  ellipticity  of  Ti-15-3  alloy  hemispheres  produced 
by  hydropress  drawing  deforming  were  measured  and  the  comparisons  were  made  with 
stainless  steel  hemispheres.  The  relationship  between  the  deep  drawing  formability  and 
the  plastic  parameter  are  discussed.  The  effect  of  texture  features  on  ears  of  the  hemi¬ 
spheres  of  Ti-1 5-3  alloy  is  also  discussed.  The  results  show  that  the  earing  behavior  of 
the  alloy  hemispheres  is  associated  with  the  mechanical  anisotropy  and  (001)[110]  and 
(1 12)[1 1 1]  texture  feature  of  the  alloy  sheet. 

Introduction 

Ti-15V-3Cr-3Sn-3Al(Ti-15-3)is  a  superior  new  metastable  P  Ti  alloy  developed  by 
TIMET,which  has  exhibited  ideal  strip-producibility,  is  age  harderable  and  cold 
formable . 

It  is  an  economical  and  simple  way  to  use  cold-formed  Ti-15-3  alloy  instead  of 
hot-formed  Ti-6A1-4V  for  fabrication  of  certain  aerospace  components.The 
formability  of  Ti-15-3  alloy  strongly  depends  on  heat-treatment  and  processing  condi¬ 
tion  and  it  is  a  function  of  texture  ,  stress  strain  response  and  certain  plastic  parameters 
such  as  the  plastic  strain  ratio  r,strain  hardening  exponent  n, strain  rate  sensitivity  m 
and  cup  high  H.Deep  drawing  is  a  traditional  process,many  studies  [1-5]  have  concen¬ 
trated  on  cold-formability  for  aluminium  and  steel.However,onIy  a  few  studies  have  in¬ 
formation  about  this  process  for  titanium  alloys,specialy  for  Ti-15-3  alloy, have  been 
presented  in  the  published  literature  [6-7].  The  purpose  of  this  study  was  to  understand 
the  relationship  between  the  plastic  parameters  mentioned  above  and  the  plastic  behav¬ 
ior  during  tensile  and  deep-drawing  deformation.The  effect  of  texture  on  mechanical 
anisotropy  of  Ti-15-3  alloy  sheet  is  also  discussed. 

Proccdim^ 

The  alloy  used  in  this  study  was  melted  by  double  melting  in  a  vacuum  arc  furnace  in¬ 
to  a  ingot  with  weight  of  24Kg  and  an  average  chemical  composition  of 
(wt%):Ti-l  5.08V-3. 1 1  Al-3.01Cr-3. 19Sn-0.02INj-0.04C-0. 1  lO^-0. 10Fc-0.04Si-0.0 
O2H2.  The  ingot  was  /?  forged  into  a  slab  with  a  size  of  250  x  200  x  30mm,  then  the  slab 
was  hot  rolled  in  the  field  into  a  plate  with  a  thickness  of  6mm  and  cold  rolled  into 
sheets  with  varied  thickness  from  0.6  to  2.5mm.  In  general,  cold  rolling  reduction  was 

Titanium  '92 
$ci«nc«  and  Technology 
Editad  by  F.H.  Froet  ond  1.  Coplon 
The  Minerals,  ^tals  &  Moleriais  Society,  1 993 

l,8S9 


controlled  in  a  range  60-80%.  The  medial  annealing  and  final  solution  treatment  (ST) 
is  at  soot:  /  20min  followed  by  air  cooling  (AC).  Tensile  tests  were  preformed  on  an 
Instron  Model  1185  by  using  extensometer  and  X-Y  recorder  to  measures  the 
stress-strain  curvers  and  the  plastic  parameters  r,  n  and  m.  The  cross  head  speed  varied 
from  O.lmm/min  to  20mm/min,  corresponding  to  strain  rates  of  1.7x  lO'^/s — 3.4 
X  10~*  /  s.  The  gauge  length  of  the  tensile  specimens  was  50mm  or  S.SS^Ta. 

Three  types  of  hemispheres  of  Ti- 15-3  alloy  and  stainless  steel  with  diameter  of  58,  76, 
96mm  and  thickness  of  1.0,  1.5,  2.5mm  were  successfully  drawing-formed  on  a  63T 
hydropress  in  order  to  examine  the  deep-drawing  formability  of  Ti- 15-3  alloy  sheets, 
liie  earing,  heterogeneous  thinning  and  ellipticity  for  these  hemispheres  was  measured 
by  using  deepth  gauger,  optical  micrometer  and  common  micrometer  tool  .To  under¬ 
stand  the  relationship  between  the  earing  of  the  hemispheres  and  texture  ,  pole  figures 
for  Ti-15-3  sheets  in  various  deformation  and  solution  treatment  conditions  were  au¬ 
tomatically  measured  using  a  PW1700  Texture  Diffactometer. 

Results  and  Discussion 


Tyj>ical  plastic  properties  and  stress  strain  response 

It  is  well  know  that  cold-deformed  reduction,  solution  temperature  and  cooling  rate  all 
have  a  strong  effect  on  the  microstructure  and  plastic  properties  of  metastable  P  Ti  al¬ 
loys  in  a  given  composition.  The  early  work  reported  that  in  order  to  gain  more 
uniform  refined  microstructure  and  improved  mechanical  properties  for  the  alloy  sheets 
with  0.8-3mm  thickness  ,  the  optimizing  processing  parameter  were  found  to  be  as  fol¬ 
lowing:  solution  treated  at  800t:  /  20min  following  by  air  cooling  (AC)  with  a  cooling 
rate  of  1-3C  /s  and  cold  rolling  reduction  of  60-80%.  As  a  result,  typical  plastic 
properties  have  been  obtained  in  the  optimized  processing  conditions  as  listed  in  Table 
1. 

The  cup  height  reflects  the  deep  drawing  formability  of  the  alloy,  which  is  similar  to  the 
results  as  Rosenberg  reported.  From  Table  1,  it  can  be  seen  that  the  cup  height  in¬ 
creases  with  increasing  sheet  thickness.  However,  this  does  not  mean  that  the  deep 
drawing  formability  increases  with  increasing  thickness  because  of  increase  in  resistance 
to  fracture.  Actually,  r  values  decreased  with  the  sheet  thickness  increasing  according  to 
an  early  report  .  The  lubricant  is  very  important  for  making  improvement  in  the 
cup  height  for  the  alloy  sheets  (as  shown  in  Table  1 ). 

The  r  value  is  very  useful  to  evaluate  the  deep  drawing  formability  of  the  alloy  sheets. 
However,  the  measurement  of  r  values  is  diffleut  to  control  precisely  and  it  varied  with 
the  gauge  distance  of  the  specimen  and  specific  strain  to  be  used  during  tensile  testing. 
The  plastic  properties  of  the  alloy  solution  treated  at  800 1:  /  20min,  AC  ,is  not  only  as¬ 
sociated  with  its  microsturcture,  which  consisted  of  100%  P  phase  with  fine  grain  size  of 
30-60pm,  but  also  associated  with  its  special  inherent  stress-strain  response  (as  shown 
in  Fig.  I  ).  It  should  be  noted  that  only  the  engineering  stress-strain  curve  for  the  alloy 
annealed  at  800C  /  20min.  AC,  is  different  from  those  for  most  common  industry  ma¬ 
terials  and  also  from  those  for  the  alloys  in  other  conditions.  Roseberg  ^  reported 
that  the  spread  between  the  yield  stress  and  ultimate  strength  was  quite  small  and  it  did 

not  follow  usual  strain  hardening  laws.  Using  the  following  Equation  :  n  = 

a[ioge) 

=  — {  -  -  •  -r  n  values  for  eight  specimens  in  ST  condition  were  caculated 

d(lne)  <T  de 

by  least  square  to  be  0.0254-0.041.  The  n  values  are  too  small  for  the  alloy  .It  has  raised 
a  question  how  the  true  uniform  strain  e.,  r  and  n  value  are  measured.  There  is  no  ex¬ 
ample  to  be  followed  so  far.  According  to  China's  testing  standard  GB5027-85  and 
American  ASTM  E646-91,  the  n  value  must  be  determined  in  the  region  of  uniform 


Table  1  The  tvoical  olastic  orooerties  for  Ti- 1 5-3  sheets 


1 


*  gauge  distance  is  SOmm,  others  gauge  distance  is  5.65^^.(}),(2)  lubrication 

1**,  2*. 


plastic  strain  which  is  calculated  from  the  yield  point  to  the  strain  until  maximum  load. 
For  most  materials,  necking  and  high  localized  strain  begins  at  maximum  load.  Howev¬ 
er  ,  it  is  not  true  for  Ti-15-3  alloy  in  ST  condition  because  the  strain  until  maximum 
load  is  too  small  to  identify  the  uniform  strain,  let  us  take  the  curve  for  the  specimen 
annealed  at  800 /  20min.  AC,  for  an  example  to  explain  it  in  detail  (Fig.  1  B) .  From 
Fig.l  B,  the  stress  after  yield  point  (A)  quckly  reaches  the  maximum  stress(B=UTS) 
with  strain  increasing  in  a  small  strain  range  less  than  8  x  10'^,  then  it  drops  down 
through  a  short  segment  with  larger  slope  within  about  1.2  x  10~^  strain  interval  (BD). 
Subsequently,  the  stress  very  slowly  decreases  with  strain  increasing  along  a  straight  line 
DE  until  reaching  point  E  at  which  point  the  curve  deviates  from  a  straight  line.  The  re¬ 
sults  of  tensile  testing  show  that  the  necking  begins  at  Mint  E.  It  is  suggested  that  the 
true  uniform  strain  e,at  E  point  is  regarded  as  e,=n  .  Therefore,  c,or  n  values 

listed  in  Table  2  were  measured  by  this  technique. 

This  special  flow  behavior  of  Ti-lS-3  alloy  is  probably  associated  with  its  inherent 
complicated  deformation  mechanism.  The  sudden  increasing  and  dropping  in  stress  in 
the  ABD  segment  in  Fig.l  B  is  similar  to  the  yielding  phenomenon  in  a  low  carbon  steel 
during  tensile  testing  ^  probably  due  to  interaction  between  dislocation  and 
interstitial  atmosphere. 

Effect  of  strain  rates. 

Tensile  tests  for  the  alloy  sheets  in  ST  condition  were  performed  at  five  different  strain 
rates  on  an  Instron  1 185  model  and  the  results  are  shown  in  Fig  2  and  Table  2.  The  re¬ 
sults  show  that  the  tensile  properties  of  the  alloy  are  sensitive  to  the  strain  rate.  The  ten¬ 
sile  strength  increases  and  ductility  decreases  with  increasing  strain  rate .  The  strain  rate 
sensitivity  m  was  determined  by  measure  a  change  in  yield  stress  o,  j^rought  out  by  a 
change  in  strain  rate  at  constant  strain  e  and  room  temperature  by  following  equation  : 

0.0231 
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The  results  show  the  m  value  is  quite  small  and  the  n  value  or  true  uniform  strain  e,  in¬ 
creases  with  decreasing  strain  rate  .  It  means  that  slow  strain  rate  is  favorable  to  deep 
drawing  deformation. 


stratit 


Fig.2  EfTect  of  strain  rate  on  tensile  Fig.3  Examples  of  Ti-15-3  alloy 


properties  of  Ti-15-3  alloy 


and  stainless  steel  hemisphere 


Deep  drawing  properties: 


In  considering  optimization  of  the  deep  drawing  process  for  Ti-lS-3  alloy  sheets,  the 
cylinder  cup  drawing  test  using  1mm  thickness  sheets  annealed  at  800t;  /20min 
AC, was  successfully  carried  out  at  Bei  jng  University  of  Aeronautics  and  Astronautics 
according  to  China's  national  standard  HB6142-2-87.The  results  are  shown  in  Table  3 


Limited  deep  drawing  ratio  LDR  which  is  defined  as  the  ratio  of  the  initial  blank  diame¬ 
ter  D,  to  the  inside  diameter  of  the  finished  cup  D  was  measured  to  be  LDR  =  Dg  /  D, 
=  1 .9098  and  the  cup  ears  AH  =  1 .8-5.0mm. 

Afterwards,  a  series  of  Ti- 15-3  and  stainless  steel  hemispheres  with  58,  76  and  96mm 
diameter  and  1.0,1. 5  and  2.5mm  thickness  were  also  successfully  formed  by  63T 
hydropress  (Fig  3).The  wall  thinning  variation  and  ears  for  the  hemispheres  of  both  ma¬ 
terials  are  shown  in  Fig  4  and  Fig.5  .  It  seems  that  both  materials  have  similar 
deep-drawing  behavior.Four  high  points  symmetrically  appeared  at  the  edge  of  the 
hemisphere  and  the  maximum  wall  thinning  was  observed  at  the  same  latitude  20mm 


from  the  pole  point  of  the  hemisphere  for  both  materials  (Fig  S).The  earing  position  for 
Ti-I  S-3  is  at  0  *  and  90  ^  to  rolling  direction  (Fig  4)  but  it  is  not  clear  for  stainless  steel. 
The  average  ear  value  and  the  maximum  wall  thinning  of  the  hemispheres  are  1.98mm 
and  9.7  percent  for  the  Ti-lS-3  alloy ,0.98mm  and  10.4  percent  for  stainless  steel  , 
lespectively.  However,  Ti-lS-3  hemispheres  exhibited  little  higher  ear  values  and  a  lit¬ 
tle  more  wall  thinning  heterogeneity.  Furthermore  the  hemisphere  of  Ti-lS-3  alloy  also 
has  a  little  larger  ellipticity  (0.22-0.93mm)  than  that  of  stainless  steel  hemispheres 
(0.09-0.23mm).  In  or«ier  to  improve  the  deep  drawing  forraability  for  Ti-lS-3  alloy, 
must  take  care  to  consider  optimization  of  the  lubrication  and  the  tool  design. 


Fig.4  Earing  dependence  of  the  an-  Fig.5  Wall  thinning  for  Ti-15-3 

gle  to  rolling  direction  and  stainless  steel  hemisphere 


Table  2  Effect  of  strain  rate  on  tensile  properties  of  the  alloy  sheet  in  ST  condition 


Sheet 

Cross  head 

Strain 

tensile  propeties 

thickness 

speed 

rate 

YS 

MPa 

UTS 

MPa 

EL 

% 

n  =  £. 

O.Imm 

1.7x  l0"'/s 

740 

750 

31 

0.188 

I.Omm 

(RD) 

l.Otnm 

1.7x  lO'Vs 

778 

788 

30.5 

0.167 

5mm 

8.3x  lo  Vs 

80S 

820 

21 

0.156 

lOmm 

l,7x  10‘Vs 

835 

845 

19 

0.143 

20mm 

3.4  X  10‘Vs 

830 

845 

19 

0.122 

Table  3 


No.  D(mm) 

P-.. 

H(mm) 

Q 

Status 

1  97.80 

1415.87 

18.95 

1022.60 

1  BREAK 

2  92.26 

11880.97 

46.56 

1013.61 

CUP 

3  92.30 

11919.98 

46.49 

1010.94 

CUP 

4  95.10 

5  95.49 

14112.07  j 

49.60 

1576.12 

CUP 

14080.86 

35.14 

1513.45 

BREAK 

6  95.49 

13636.20  j 

49.35  1 

1500.66  1 

J 

CUP 

7  j  96.50 

12036.99 

i  13.96 

1494.27 

BREAK 

Mechanical  anisotropy  properties  and  texture 

With  0  °  ,45  °  and  90  ^  to  rolling  direction ,  the  tensile  specimens  of  Ti-1  S-3  alloy  sheet 
annealed  at  800 IC  /  20min  AC  were  tested  by  specified  constant  strain  of  12  percent  to 
measure  the  r  value.  In  Fig.6,  the  r  value  and  tensile  properties  were  ploted  as  a  function 
of  the  angle  to  the  rolling  direction.  The  results  indicate  that  the  tensile  properties  are 
not  equivalent  in  0  °  ,45  °  and  90  °  directions.  It  is  clear  that  the  spceimen  in  the  0  ° 
and  90  °  direction  exhibited  higher  tensile  ductility  and  r  values  as  well  as  lower  tensile 
strength,  while  the  specimen  in  45  °  direction  has  the  highest  yield  stress  and  lowest  r 
values  and  tensile  ductility.  This  variation  of  r  value  and  tensile  properties  within  the 
plane  of  the  alloy  sheet  is  called  mechanical  anisotropy  which  is  associated  with 
crystallographic  anisotropy  resulting  from  the  prefered  orientation  of  the  grains.  Fig.7 
show  the  texture  feature  for  the  alloy  sheets  in  different  condions.  From  Fig.7,  the  tex¬ 
ture  is  strongly  dependent  on  the  cold  rolling  reduction  and  heat  treatment.  With  small 
cold  rolling  reduction  belows  32%,  the  sheet  specimens  in  rolled  and  solution  treated 
condition  have  a  similar  texture  (001)[lt0].  With  rolling  reduction  increasing  over  65%, 
the  specimens  in  rolled  and  solution  treated  condition  have  a  strong  (112)  [1  iTl  texture. 
The  sheet  specimen  with  45%  rolling  reduction  exhibited  (OOl)fl  10]+(1 12)ri  1 1]  mixed 
texture.  In  spite  of  the  variation  of  rolling  reduction,  the  deformed  and  recrystallized 
texture  of  the  alloy  sheet  involved  (00I)[1 10]  or  (1 12)fl  l7]. 

It  is  suggested  that  the  mechanical  anisotropy  and  the  texture  feature  must  be  responsi¬ 
ble  for  the  ears  of  Ti-1 5-3  alloy  hemisphere.  Generally  speaking,  ears  often  occur  at 
high  r  value  direction.  The  formula  for  r  value  anisotropy  is  ;  Ar  =  (ro+r,o-2r45)/2  . 
Here,  A  r  is  the  difference  between  the  r4jand  the  average  value  in  rgand  r^gdirection. 
According  to  keeler  and  kurtlange  state  that  when  Ar>0  the  cars  are  formed  at 
angle  0  "  and  90  "  direcition,  and  if  the  r45value  is  the  largest  cars  are  formed  at  45  °  di¬ 
rection.  The  value  of  Ar  value  in  this  study  is  Ar  =  (rg+r,g-2r45)  /  2  =  0.585  > 0,  thus  the 
ears  of  the  alloy  hemisphere  occured  at  0  '  and  90  “  direction.  On  the  other  hand,  the 
highest  yield  stress  and  lowest  tensile  ductility  for  the  specimen  in  45  ^  direction  also 
means  that  the  45  ^  direction  exhibited  higher  resistance  to  deformation  and  lower 
deformability  compared  to  0  °  and  90  °  direction. 

In  general,  the  bcc  crystal  has  (112),  (110)  and  (123,  >iip  planes  and  <  1 1 1  >  slip  direc¬ 
tion  with  forty-eight  possible  slip  systems  ' .  Ti-i5-3  alloy  sheet  annealed  at 
soot  /  20min.  AC,  was  approximately  100  perc  ni  p  phase  with  a  bcc  crystal  so  that 
the  alloy  has  the  same  slip  systems.  According  to  the  formula:  Ti  =  (rcos^cos2... 

where  is  critical  shear  stress,  a,  yield  stress,  ^  the  angle  between  the  principle  stress 
and  the  normal  of  slip  plane,  2  the  angle  between  the  principle  stress  and  the  slip  direc¬ 
tion.  The  slip  vector  in  0  °  ,  45  °  and  90  ^  directions  arc  not  only  dependent  on  the  an¬ 
gle  i/i  and  X  but  are  also  dependent  on  the  angle  between  the  slip  direction  and  each  giv¬ 
en  direction.  As  Fig.7F  shows  the  alloy  sheets  in  any  condition  involved  stronger  (001) 
[1 10]  and  (1 12)  [1 1  f]  textures.  In  this  case,  most  (001)  and  (1 12)  planes  parallel  to  rolling 
planes,  [1 10]  and  [Ill]  direciton  parallel  to  the  rolling  direction,  as  well  as  the  principle 
stress  parallel  to  the  normal  of  (001)  and  (112)  planes.  According  to  the  calculation  of 
resolution  shear  stress  for  each  of  forty-eight  possible  slip  systems  as  in  a  single  bcc 
crystal,  in  the  case  of  ((K)l)[l  10]  texture  existing,  (1  r2)fT  1 1]  and  (Tl2)[l Tl]  slip  system 
have  the  highest  resolution  shear  stress ,  e.g.  t  =  0.47(7,  and  it  can  be  expected  to  operate 
«  the  first  slip  system.  The  second  one  will  be  (0T1)[1U1,  (T01)flll],  (011)[lTl]  and 
(101)[lTl]  four  slip  system  with  t  =  0.408(7,.  In  the  case  of  (1 12)[1  IT]  texture,  the  first  one 
is  (213)[T11]  as  t  =  0.463(7,and  second  one  will  be  (121)[iri],  (211)[Tll],  (121)[Tn]  as 


a.  tensile  properties  dependence  of  b.  r  value  pole  figure  with  angles  to 

the  angle  to  rolling  direction  rolling  direction 

Fig.6  Mechanical  anisotropy  dependence  of  the  angle  to  rolling  direction 


A.PoleneoreofdlO)  B.Pole  figure  of  (110)  C. Pole  figure  of  (110) 

32%  cold  rolled  45%  cold  rolled  83%  cold  rolled 


D.Pole  figure  of  (211)  E.  Pole  figure  of  (1 10)  F.  Scheme  of  the  texture 

78%  cold  rolled  Recrystallieafion  in  the  alloy  sheet 


Fig.7  The  texture  figure  for  Ti-1 5-3  alloy  in  different  condition 


T=0.392ff,.  According  to  calculation  of  the  orientation  cosine  of  slip  direction  in  0  °  , 
90  °  and  4S  °  direction  ,  the  resolved  shear  stress  in  0  °  ,  90  °  direction  are  1.41  times 
as  large  as  that  in  4S  ”  direction.  It  means  that  0  °  ,  90  °  directions  have  more  slip 
vector  than  that  of  45  °  direction.  The  application  of  the  above  results  to  the  earing  of 
polycrystalline  sheet  perhaps  may  explain  0  °  and  90  °  ears  of  the  hemispheres  and  me¬ 
chanical  anisotropy  for  the  alloy  sheet. 

Conclusion 

Ti-lS-3  alloy  sheet  in  a  solution-annealed  condition  has  special  stress-strain  curve 
which  is  different  from  those  of  common  engineering  materials  and  the  special  method 
used  in  this  study  to  measure  r,  n  is  available. 

With  strain  rate  increasing ,  n,  EyValue  increase  and  slow  strain  rate  is  favorable  to  deep 
drawing  deformation. 

0  °  and  90  °  ears  of  the  hemisphere  for  Ti-15-3  alloy  are  probably  associated  with 
(001)  [1 101  and  (1 12)  [1  IT]  texture. 
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Abstract 

A  special  heat  treatment  process  has  been  developed  to  reduce  the 
susceptibility  to  hydrogen  embrittlement  in  a  beta  Ti-15V-3Cr-3Sn-3AI  alloy. 
Hydrogen  embrittlement  tests  were  carried  out  with  CT  specimens  under 
sustained  load  conditions.  Hydrogen  was  occluded  for  the  specimens  with  a 
cathode  charging  method  during  the  tests. 

The  beta  Ti  alloy  of  the  good  formability  exhibited  the  extremely  high 
susceptibility  to  hydrogen  embrittlement  compared  with  a  widely  used  alpha  -  beta 
TI-6AI-4V  alloy.  This  susceptibility  of  the  beta  Ti  alloy  was  found  to  be  reduced 
by  aging  for  a  relatively  short  time.  By  this  treatment,  however,  the  strength  of  the 
present  alloy  was  also  reduced  due  to  a  decrease  in  the  volume  fraction  of  the 
alpha  precipitates.  Hence  the  special  heat  treatment  process  was  carried  out  for 
the  reduction  of  the  susceptibility  to  hydrogen  embrittlement  and  the  retention  of 
the  high  strength  in  the  present  alloy. 

It  is  of  importance  both  to  form  precipitate  free  zones  almost  around  the  beta 
grain  boundary  because  of  their  extremely  high  fracture  resistance  and  to  retain  an 
adequate  fraction  of  the  alpha  precipitates  within  the  grain.  That  is,  this  process  is 
taken  as  follows;  the  specimens  were  solution-treated  at  relatively  high 
temperature  1223K,  aged  at  783K  for  14.4ks  and  then  aged  at  713K  for  lO.Sks. 
After  the  first  aging,  the  precipitate  free  zones  formed  around  grain  boundaries 
and  the  specimens  contained  a  small  fraction  of  the  alpha  precipitates  within  the 
grains.  After  the  secondary  aging,  the  specimens  contained  a  relatively  high 
fraction  of  the  alpha  precipitates  within  the  grains  while  still  retaining  the 
precipitate  free  zones.  This  process  made  it  possible  to  obtain  the  desirable 
mechanical  properties  of  the  present  alloy. 


Introduction 

A  number  of  studies  have  been  carried  out  on  hydrogen  embrittlement  of  widely 
used  Ti-6AI-4V  alloy  ('-3i.  We  have  reported  that  the  resistance  to  hydrogen 
embrittlement  of  this  alloy  is  enhanced  by  a  decrease  in  the  volume  ratio  of 
primary  alpha  phase,  the  discontinuity  of  beta  phase  and  a  decrease  in  the 
primary  alpha  grain  size  f^l.  In  addition,  we  have  indicated  that  beta  Ti  alloys 
exhibit  extremely  high  susceptibility  to  hydrogen  embrittlement  in  comparison  with 
the  Ti-6A)-4V  alloy  under  the  same  charging  condition  i^i.  In  the  present  study,  a 
special  heat  treatment  has  been  developed  to  reduce  the  susceptibility  in  the  beta 
Ti-15V-3Cr-3Sn-3AI  alloy. 
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Materials 


Experimental  Procedure 


The  chemical  composition  of  the  Ti-15V-3Cr-3Sn-3AI  alloy  used  in  the 
present  study  is  listed  in  Table  1.  Compact  tension  (CT)  specimens  of  4mm 
thickness  were  machined  after  solution  treatment,  and  then  aged.  A  maximum 
stress  intensity  factor  for  fatigue  pre-cracks  was  determined  about  40%  of  an 
initial  Kj  in  the  present  test.  For  the  specimens  solution-treated  at  1123K  for  3.6ks 
and  aged  at  783K  for  50.4ks,  the  tensile  strength  is  1.27GPa  and  the  elongation  is 
15%. 


Table  1  Chemical  composition  of  alloy  used  ( mass  %  ). 
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2.89 

2.90 

3.14 

0.21 

0.011 

0.0094 

0.122 

0.0013 

Hydrogen  embrittlement  test 

The  CT  specimens  were  cathodically  charged  in  a  0.5%  sulfuric  acid  solution 
under  the  condition  of  a  current  density  of  200A/m2  during  sustained  loading.  The 
Kj  value  was  determined  about  50%  of  the  fracture  toughness.  A  crack  growth 
rate  was  measured  as  a  function  of  the  stress  intensity  ractor  with  a  microscope 
and  a  compliance  method. 


Results  and  Discussion 

Hydrogen  embrittlement  behavior  of  Wiree  types  of  Tl  alloys 

Hydrogen  embrittlement  tests  of  three  types  of  Ti  alloys  were  already  carried  out 
under  the  same  condition  of  the  present  work  i^i.  These  results  give  Figure  1 . 
Three  types  of  Ti  alloys  are  a  beta  type  of  Ti-15V-3Cr-3Sn-3AI  alloy,  a  near  beta 
type  of  Ti-5Al-2Sn-2Zr-4Cr-4Mo  alloy,  and  an  alpha  -  beta  type  of  T1-6AI-4V 
alloy,  which  contain  almost  the  same  yield  strength  level  of  1 .2GPa.  In  Fig.  1 ,  the 
beta  and  near  beta  types  of  Ti  alloys  exhibit  extremely  high  crack  growth  rates 
compared  with  the  alpha  -  beta  type. 


Stress  intensity  factor  /  MPa^ m 

Fig.1  Crack  growth  rate  vs.stress  intensity  factor  under  same  cathode  charging. 


Figure  2  provides  a  typical  microstructure  of  the  present  alloy  in  a  specimen 
solution-treated  at  1123K  for  3.6ks  and  aged  at  783K  for  50.4ks,  which  exhibits  a 
close  peak  point  at  the  relation  between  hardness  and  aging  time.  This  specimen 
consists  of  very  fine  alpha  precipitates  within  the  beta  matrix.  The  hydrogen 
embrittlement  tests  were  made  for  specimens  solution-treated  at  1123K  for  3.6ks 
and  then  aged  at  783K  for  14.4ks,  21 .6ks  and  50.4ks  to  clarify  the  effect  of  the 
aging  time  on  the  crack  growth  rate.  As  shown  in  Rgure  3,  the  crack  growth  rate 
becomes  low  in  specimens  aged  for  50.4ks,  21.6ks  and  14.4ks  in  its  turn.  This 
result  suggests  that  the  alpha  volume  fraction  and  its  distribution  may  control 
hydrogen  embrittlement  of  the  Ti-15V-3Cr-3Sn-3AI  alloy. 

Figure  4  shows  microstructures  of  a  specimen  aged  at  783K  for  14.4ks  after 
solution-treated  at  1123K  for  3.6l<s.  Figures  4(a)  and  4(b)  give  low  and  high 
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magnification  photographs,  respectively.  A  white  area  indicates  an  alpha 
precipitate.  As  shown  in  Fig.  4,  a  precipitate  free  zone,  designated  as  PFZ  in  the 
present  study,  exists  nearby  the  beta  grain  boundaries. 

Figures  5(a)  and  5(b)  show  fracture  surfaces  of  specimens  aged  at  783K  for 
50.4ks  and  14.4ks  after  solution-treated  at  1123K  for  3.6ks.  In  the  specimen  aged 
for  50.4ks,  quasi-cleavage  exists  at  almost  all  the  surfaces,  shown  in  Fig.  5(a). 
On  the  other  hand.  In  the  specimen  aged  for  14.4ks,  which  contains  PFZ,  the 
quasi-cleavage  also  exists  only  within  the  grain  and  a  tear-ridge  pattern  appears 
almost  around  the  grain  boundary,  shown  in  Fig.  5(b).  This  local  ductile  fracture 
pattern  of  the  under-aged  specimen  may  depend  on  the  existence  of  PFZ  which 
retains  the  high  fracture  resistance  because  of  its  low  strength.  As  a  result,  the 
existence  of  PFZ  reduces  the  crack  growth  rate,  but  its  specimen  also  contains 
undesirable  mechanical  properties  of  the  low  tensile  strength  because  of  the  low 
alpha  volume  ratio. 
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Fig.  4  Scanning  electron  micrographs  of  specimen  aged  at  783K 
for  14.4ks  after  solution-treated  at  1123K  for  3.6ks, 
shown  with  (a)  low  and  (b)  high  magnification. 
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Fig.  5  Fracture  surfaces  of  specimens  aged  at  783K  for  (a)  50.4ks 
and  (b)  14.4ks  after  solution-treated  at  1123K  for  3.6ks. 
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Fig.  6  Scanning  eiectron  micrograph  of  specimen  soiution- 

treated  at  1223K  for  3.6ks  and  aged  at  783K  for  14.4ks. 

Effect  of  solution  treatment  temperature 

The  alpha  precipitates  on  the  grain  boundary  are  widely  known  to  reduce  the 
elongation  l^i.  Therefore,  to  decrease  the  volume  fraction  of  the  alpha  precipitates 
only  on  the  grain  boundary,  specimens  were  solution-treated  at  reiatively  high 
temperature  1223K.  Figure  6  shows  the  microstructure  of  a  specimen  solution- 
treated  at  1223K  for  3.6ks  and  then  aged  at  the  same  aging  temperature  783K  for 
the  same  time  1 4.4ks.  The  voiume  fraction  of  the  aipha  precipitate  on  the  grain 
boundary  becomes  low  in  the  specimen  solution-treated  at  1223K  compared  with 
the  specimen  shown  in  Fig.  4. 

New  heat  treatment  orocess 


A  speciai  heat  treatment  process  was  carried  out  for  the  reduction  of  the 
susceptibiiity  to  hydrogen  embrittlement  and  retention  of  the  relatively  high 
strength  in  the  present  alloy.  It  is  of  importance  both  to  form  PFZ  almost  around 
the  beta  grain  boundaries  because  of  the  extremely  high  fracture  resistance  and  to 
maintain  an  adequate  fraction  of  the  aipha  precipitates  within  the  grains.  The  heat 
treatment  proposed  in  the  present  study  is  given  in  Figure  7.  Specimens  were 
solution-treated  at  reiativeiy  high  temperature  1223K,  aged  at  783K  for  short  time 
14.4ks,  and  then  aged  at  71 3K  for  short  time  10.8ks.  After  the  first  aging,  the 
specimens  exhibit  PFZ  around  the  grain  boundaries  and  contain  a  smali  fraction  of 
the  alpha  precipitates  within  the  grains.  After  the  second^  aging,  the  specimens 
exhibit  a  relatively  high  fraction  of  the  alpha  precipitates  within  the  grains  whiie  stiii 
retaining  PFZ.  The  microstructures  of  the  specimens  heat-treated  with  the  new 
method  maintain  PFZ  around  the  grain  boundaries  and  the  reiativeiy  high  fraction 
of  the  aipha  precipitates  within  the  grains,  shown  in  Figures  8(a)  and  8(b). 
Figure  9  shows  the  crack  growth  rate  vs.  K  for  the  specimens  heat-treated  with 
the  new  and  conventional  meth  ids.  In  the  specimens  heat-treated  with  the  new 
process,  the  crack  growth  rate  becomes  extremeiy  low.  As  shown  in  Figure  10, 
its  fracture  surface  is  very  similar  to  that  of  under-aged  specimens,  shown  in  Fig. 
5(b).  In  addition,  the  specimen  heat-treated  wifo  the  new  method  retains  a  tensile 
strength  of  1 .23GPa  and  an  elongation  of  13  %.  Therefore,  the  new  process 
made  it  possible  to  obtain  the  desirable  mechanical  properties  of  the  present  alloy. 
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Rg.  7  New  heat  treatment  proposed  in  the  present  study. 


Rg.  8  Scanning  electron  micrographs  of  specimen  heat-treated 

with  new  process,  showm  with  (a)  low  and  (b)  high  magnification. 
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Rg.  9  Crack  growth  rate  da/dt  vs.  stress  intensity  tactor  K  for 
specimens  with  new  and  conventional  heiat  treatments. 
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Fig.  10  Fracture  surface  of  specimen  heat-treated  with  new  process. 

Conclusion 

A  special  heat  treatment  process  has  made  it  possible  to  enhance  the  hydrogen 
embrittlement  resistance  of  a  Ti-15V-3Cr-3Sn-3AI  alloy. 
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Abstract 

The  reason  that  P  alloys  show  a  poor  toughness  at  low  temperatures  is  unclear.  The 
present  paper  elucidates  the  fracture  characteristics  of  soludon-treat^  Ti-15V-3Cr-3Sn-3Al 
alloy.  The  alloys  with  0.17  weight%  oxygen  (High  O  alloy ),  0.08  weight%  oxygen  ( Low  O 
alloy )  and  0.04  weight%  oxygen  ( Extra-low  O  alloy )  were  solution-treated  for  900  s  at  1073 
K,  and  water-quenched.  The  mean  grain  diameter  was  about  SO  pm  for  both.  The  material 
with  larger  grain  diameter  of  220  pm  was  made  from  the  low  O  alloy.  Chtrpy  impact  tesu 
were  done  at  temperatures  between  77  K  and  473  K.  Tensile  tests  were  also  pcxfoimed. 

A  marked  energy  transition  occurred  in  every  material.  The  up^-shelf  fracture 
mode  was  featured  by  large  equiaxed  dimples  of  a  size  identical  with  the  p  grun  size.  On  the 
other  hand,  the  lower-shelf  fracture  was  due  to  a  flat  fracture  surface  which  was  partly 
covered  by  micro-dimples  on  the  order  of  1  pm. 

The  Low  O  alloy  had  a  lower  transition  temperature  than  the  High  O  alloy.  No 
difference  in  transition  temperature  existed  between  small  grain  and  large  grain  size  specimens; 
however,  the  large  grain  specimen  had  higher  upper-shelf  energy  than  the  small  grain  one. 
These  features  are  not  always  analogous  to  "cleavage  fracture"  in  ferritic  steel.  The  change  of 
deformation  mode  is  primarily  responsible  for  this  transition. 

Introduction 

^mong  titanium  (  Ti  )  and  its  alloys,  only  a  few  materials  are  specified  for 
cryogenic  temperature  use  by  materials  siandaids  [  1  ].  Low  oxygen  unalloyed  Ti,  Ti-5A1- 
2.SSn,  Ti-6A1-4V  and  others  are  listed  in  hose  standards,  however  no  p  alloys  are  listed,  as 
they  show  a  poor  toughness  at  low  temperature  (  2  ].  Figure  1  shows  the  Charpy  energy 
change  below  room  temperature  for  various  types  of  Ti  materials  and  Table  I  lists  the  fracture 
toughness  for  the  alloys  at  4  K  [  3  ].  Both  the  Charpy  impact  energy  and  the  fnicture 
toughness  are  lowest  in  the  p  alloys.  Fracture  in  p  alloys  at  low  temperature  is  "brittle", 
compared  with  rather  ductile  mode  in  a  and  a-p  alloys  [  3  ]. 

Beta  alloys  are  conventionally  classified  as  a  bcc  type  alloy.  Low  temperature 
brittleness  in  bcc  t^  ferrous  alloys  is  a  well-known  phenomenon  in  which  the  fracture  mode 
changes  from  ductile  to  brittle  below  a  transition  tem^rature  and  the  brittle  fracture  surface  is 
characterized  by  (quasi-)  cleavage  facets.  The  p  alloys  show  a  flat  fracture  surface  resembling 
the "  cleavage"  of  the  ferrous  alloys  at  low  temperatures  ( 3  ]. 

If  the  low  toughness  at  low  temperature  of  p  alloys  is  analogous  to  that  of  ferrous 
alloys,  the  low  toughness  could  be  overcome  by  a  reduction  in  the  interstitial  atom  content,  the 
refinement  of  microstructure  and  so  on.  Data  exist  for  solution-treated-and-aged  (STA'ed) 
alloys,  which  have  a  precipitates  in  p  matrix.  Hence  as-STed  P  alloys  should  be  first 
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investigated  for  a  basic  understanding  of  the  firactuie  characteristic  of  the  ^  alloys. 

In  the  present  study,  the  effect  of  oxygen  content  on  the  Charpy  value  was  first 
investigated  for  a  typical  p  alloy,  Ti'lSV-3Cr-3Sn-3Al  ( abbreviated  as  Ti-lS3  here). 

And  further  the  p  grain  size  effect  was  also  examined.  As  a  result,  a  localized  deformation 
was  considered  to  play  an  important  role  on  the  toughness  deterioration.  Hence  the  effect  of 
temperature  and  strain  rate  on  the  tensile  deformation  behavior  was  examined. 


Test  Temperature  ( K ) 

Figure  1  •  Oiatpy  impact  energy  change  by  test  temperature  for  various  titanium  materials. 


Table  I  Fracture  toughness  of  various  titanium  alloys  at  4  K 


Alloy 

Alloy  type 

Fracture  toughness, 
Kic  ( MPa  Vm  ) 

Comment 

Ti-5Al-2.5Sn  ELI 

a 

94 

mill-annealed 

T1-6A1-4V  ELI 

a-p 

51 

mill-anneal 

Ti-15V-3Cr-3Sn-3AI 

P 

22 

STA’ed 

Ti-15Mo-5Zr-3Al 

P 

18 

STA’ed 

Three  Ti-153  alloys,  namely  0.17  weight%  oxygen  (  High  O  alloy  ),  0.08 
weights  oxygen  (  Low  O  alloy  ),  and  0.04  weight%  oxygen  (  Extra-low  O  alloy  )  were 
melted.  The  chemical  compositions  are  listed  in  Table  I.  All  were  STed  for  900  s  at  1073  K. 
V-notched  Charpy  impact  specimens  ( 10  mm  x  10  mm  x  55  mm,  2  mm  depth  notch  )  were 
cut  perpendicular  to  the  hot-rolling  direction  and  tested  at  temperatures  between  77  K  and  473 
K  to  obtain  energy  transition  curves.  V-notched  Charpy  impact  energy  (  CVN  )  was 
determined  by  duplicate  tests  at  each  temperature.  In  order  to  examine  the  grain  size  effect. 
Low  and  Extra-low  O  alloys  were  also  STed  at  1223  K.  Mean  grain  diameter  was  about  60 
pm  for  the  High  O  alloy  STed  at  1073  K,  50  pm  for  the  Low  O  alloy  STed  at  1073  K,  220 
pm  for  the  Low  O  alloy  STed  at  1223  K,  250  pm  for  the  Extra-low  O  alloy  STed  at  1073  K, 
and  about  500  pm  for  the  Extra-low  O  alloy  STed  at  1223  K.  Fracture  surfaces  were 
observed  by  SEM. 

Cylindrical  test  pieces  with  3.5  mm  in  gage  diameter  and  25  mm  in  gage  length 
were  also  machined  perpendicular  to  the  hot-rolling  direction  only  from  the  High  O  alloy. 
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Yield  strength  ( principally  0.2%  offset  stress),  tensile  strength,  elongation  ( hractuie  straw), 
and  reduction  of  area  were  determined  at  crosshead  speeds  of  O.OS,  0.5, 5,  and  SO  mm/min  ( 
3.3  X  10  -5,  3.3  X  10  3.3  x  10  -3  ,  and  3.2  x  10  -2  s->,  respectively  )  using  a  screw-driven 

type  tester.  The  tests  were  conducted  at  temperatures  between  77  K  and  355  K. 


Table  n  Chemical  compositions  of  materials  studied  in  the  present  study  in  weight% 


Alloy 

V  Cr 

Sn 

A1 

O 

N 

C 

Fe 

H 

HighO 

15.7  3.4 

3.3 

2.9 

0-17 

0.01 

0.006 

0.06 

0.007 

LowO 

15.3  3.3 

3.4 

3.3 

0.08 

0.01 

0.005 

0.04 

0.008 

Extra-low  O 

14.8  3.0 

3.2 

2.9 

0.04 

0.01 

0.01 

0.06 

0.001 

Table  III  Room  temperature  tensile  properties  of  the  specimens  tested 

Alloy 

ST  tem^rature 

Yield  strength  Elongation  Reduction  of  Area 
(MPa)  (%)  (%) 

HighO 

1073 

818 

27 

63 

LowO 

1073 

708 

24 

54 

1223 

726 

23 

64 

Extra-low  0 

1073 

1223 

666 

668 

22 

22 

67 

72 

Results  and  Discussion 

Effect  of  oxygen  content 

Charpy  impact  energy  ( CVN )  at  room  temperature  of  as-STed  Ti-153  is  as  low  as 
that  of  STA'ed  alloy.  However,  the  CVN  increases  at  higher  temperature  and  becomes  higher 
than  ISO  J.  Thus  the  CVN  curve  shows  an  obvious  transition  in  energy  just  above  room 
temperature  as  seen  Figure  1 .  The  energy  transition  temperature  (  ETT )  is  defined  as  the 
temperature  at  which  the  CVN  is  estimated  to  be  an  average  of  CVN  at  77  K  and  at  473  K. 
For  1073  K  ST,  the  transition  occurred  at  lower  temperature  in  the  Low  and  the  Extra-low  O 
alloys  than  in  the  High  O  alloy.  However  no  difference  in  the  transition  curves  is  seen 
between  the  Low  0  alloy  and  the  Extra-low  O  alloy.  For  1223  K  ST,  the  Extra-low  O  alloy 
has  also  the  same  ETT  as  the  Low  O  alloy. 

Although  the  reduction  of  oxygen  content  had  some  effect  in  lowering  the  transition 
temperature,  the  effect  on  the  CVN  below  room  temperature  was  slight.  The  lowest  oxygen 
content,  0.04  weight%  is  considered  to  be  as  low  as  possible  in  the  current  melting  process. 
This  means  more  improvement  in  the  low  temperature  toughness  is  almost  impossibte  through 
oxygen  reduction  in  the  Ti-153  system. 

Effect  of  ST  temperature 

A  higher  ST  temperature,  1223  K,  produced  a  factor  of  four  increase  in  grain 
diameter  than  a  lower  ST  temperature,  1073  K.  However,  there  was  not  a  significant 
difference  in  yield  strength  for  both  ST  temperatures.  In  Figure  3,  the  transition  curves  are 
compared  between  two  ST  temperatures.  The  upper  shelf  energy  was  obviously  higher  in 
larger  grain  specimens  for  both  alloys,  but  the  EIT  was  not  changed.  This  differs  fi^  the 
low  temperature  brittleness  in  bcc  ferrous  alloys. 


Test  Temperature  (K) 


Test  Temperature  (K) 


(a)  (b) 

Figure  2  -  The  effect  of  oxygen  content  on  the  Chaipy  impact  energy  transition ; 
(a)  ST  temperature  =  1073  K  and  (b)  ST  temperature  =  1223  K. 


Test  Temperature  (K)  Test  Temperature  (K) 

(a)  (b) 

Figure  3  -  The  effect  of  ST  temperature  on  the  Chaipy  impact  energy  transition : 
(a)  Low  O  alloy  and  (b)  Extra-low  O  idloy. 


Fracture  Surface 

In  the  specimens  with  a  CVN  higher  than  100  J,  equiaxed  dimples  of  the  size 
identical  with  p  grain  diameters  cover  the  fracture  surface.  This  fiacture  mode  is  a  fully  ductile 
mode.  As  the  test  temperature  decreases,  or  the  CVN  decreases,  arrays  of  straight  chain  of 
micro-dimples,  on  the  order  of  1  iim,  is  partly  seen  between  large  dimples,  as  shown  in 
Figure  4  ( the  High  O  alloy,  373  K  ).  In  contrast,  only  large  dimples  are  seen  in  the  Low  O 
alloy,  373  K,  which  showed  the  CVN  of  about  150  J.  Below  the  room  temperature,  the  micro- 
dimples  become  the  main  component  of  the  fracture  surface  ( Figure  4. 173  K ),  and  at  77  K 
only  the  micro-dimples  were  seen.  Hence  a  fracture  mode  of  micro-dimples  is  believed  to 
cause  the  poor  CVN  value  at  low  temperatures.  This  also  confirms  the  above-mentioned  idea 
that  the  low  temperature  brittleness  is  not  the  mechanism  for  Ti-153  alloy. 

The  deformed  zone  near  the  notch  root  of  fnictuied  Low  O  alloy  Chaipy  specimen 
was  observed  using  optical  microscope  to  detect  the  difference  in  deformation  behavior 
between  high  and  low  CVN  specimens  as  shown  in  Figure  5.  In  the  high  CVN  specimen,  the 
notch  root  area  is  highly  derormed  and  some  voids  are  seen.  In  the  low  CVN  specimen, 
needle-like  thin  plates  are  produced  in  the  deformed  zone;  none  of  such  plates  was  seen  in 
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Figure  4  -  SEM  micrographs  of  fracture  at  various  temperatures 
for  the  High  O  alloy  and  the  Low  O  alloy  solution-treated  at  1073  K. 


Figure  5  -  Optical  micrographs  of  the  deformed  area  near  the  notch  root  of 
fractured  Low  O  alloy  Chtu'py  specimen. 


30 


Figure  6  -  Elongation  (a)  and  reduction  of  area  (b)  as  a  function  of  test  temperature 

for  the  High  O  alloy. 


Figure  7  -  Load-crosshead  deflection  curves  at  293  K  at  various  crosshead  speeds 
for  the  High  O  alloy.  Maximum  load  point  is  indicated  by  an  arrow  for  each  curve. 


merely  cooled  specimens.  The  width  of  the  zone  in  which  the  plates  existed  became  smaller  as 
the  test  temperature  decreased.  This  suggests  that  deformation  is  more  localized  at  lower 
temperature. 

The  needle-like  plate  appears  to  be  a  mechanical  twin  ratherthan  another 
transformed  phase.  The  plate  width  was  of  the  order  of  1  pm  and  the  morphology  of  plates 
corresponds  to  the  linear  array  of  micro-dimples.  The  occurrence  of  mechanical  twins  may 
produce  micro-voids  which  provide  an  easier  path  for  hracture. 


Test  Temperature  ( K ) 


Figure  8  -  Uniform  elongation  as  a  function  of  test  temperature  for  the  High  O  allc^. 


Tensile  behavior  of  High  O  alloy 

Localized  deformation  is  considered  the  key  mechanism  controlling  the  low 
temperature  toughness  of  the  High  O  alloy.  Localized  deformation  can  be  largely  influenced 
by  strain  rate  in  tensile  deformation.  Therefore,  the  effect  of  strain  rate  and  test  temperature  on 
tensile  behavior  was  studied  for  the  High  O  alloy  solution-treated  at  1073  K. 

Yield  strength,  as  expected,  had  a  linear  relationship  to  the  logarithm  of  strain  rate 
between  181  K  and  3SS  K.  However,  the  yield  strength  showed  no  strain  rate  dependence  at 
77  K.  Reduction  of  area  (RA)  was  not  significantly  altered  by  strain  rate  and  test  temperature 
between  181  K  and  35S  K.  The  RA  at  77  K  was  fairly  low  compared  with  others.  In  contrast, 
elongation  was  a  function  of  strain  rate  and  test  temperature.  The  elongation  was  smaller  with 
lower  test  temperature  or  with  higher  strain  rate.  As  shown  in  Figure  6  (a),  the  relationship 
between  elongation  and  test  temperature  reveals  the  curves  similar  to  Charpy  impact  energy 
transition  curve.  No  gap  was  seen  between  transition  curves  at  lower  two  strain  rates,  but  wiA 
higher  strain  rate,  the  curve  shifted  to  higher  temperature  side. 

It  is  strange  that  the  elongation  changed  markedly  while  the  RA  did  not  vary 
between  181  K  and  335  K.  Most  of  load-displacement  curves  showed  a  quick  necking  as 
indicated  in  Figure  7.  Only  a  small  amount  of  uniform  deformation  was  allowed  before  the 
necking  started  ( This  is  another  evidence  that  localized  deformation  prevailed  in  the  present 
alloy ).  Most  elongation  resulted  from  a  good  resistance  to  failure  during  necl^g,  producing 
a  high  value  of  RA.  Hence  uniform  elongation,  elongation  before  necking  stait^  or  until 
maximum  load  point,  was  measured  and  plotted  in  Figure  8.  In  most  cases,  the  uniform 
elongation  was  very  small  and  less  than  5  %.  At  50  mm/min,  the  unifo<m  elongation  was 
smaller  at  higher  test  temperature.  However,  the  unifmm  elongation  jumped  up  to  about  10% 
at  a  given  test  temperature  at  other  strain  rates.  The  jump  occimred  at  lower  temperature  as  the 
strain  rate  decreased.  This  result  clearly  shows  that  higher  strain  rate,  or  lower  temperature, 
suppresses  the  gross  unifoim  deformation  by  the  occurrence  of  deformation  localization. 

Summary 

The  solution-treated  Ti-15V-3Cr-3Sn-3AI  alloy  showed  a  marked  energy  nansidon 
at  near  room  temperature  in  Charpy  test.  The  upper-shelf  fracture  mode  was  characterized  by 
large  equiaxed  dimples  with  a  size  si.nilar  to  the  p  grain  size.  On  the  other  hand,  the  lower- 
shelf  fracture  was  due  to  the  occurrence  of  micro-dimples  of  several  pm.  "Cleavage”  was  not 
the  mechanism  for  the  present  alloy. 

Reduction  of  oxygen  from  0.17  weight%  to  0.08  weight%  gave  a  lower  transition 
temperature,  however  a  further  reduction  showed  no  effect.  No  difference  in  transition 
temperature  existed  between  small  grain  and  large  grain  specimens;  however,  the  large  grain 
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specimen  had  a  higher  upper-shelf  energy.  These  features  are  not  always  analogous  to 
"cleavage  fracture"  of  ferritic  steel.  Deformation  localization  is  considered  to  be  highly 
responsible  for  this  transition. 

This  paper  is  supported  by  the  Amada  Foundation  for  Metal  Work  Technology. 
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Abstract 

The  features  of  beta  tltanlui  alloys  Include  their  superior  cold-foriability 
in  the  solution-treated  state  and  their  increased  strength  after  undergoing 
subsequent  aging-treatient.  Consequently,  the  lethod  of  aging  after  cold- 
fonlng  is  a  valuable  heat-treatient  aethod  which  utilizes  the  features  of 
beta  titaniuB  alloys.  This  research  Investigated  the  effects  of  aging  at 
single  teBperature(CWA)  and  duplex-aglng(CWDA)  after  cold-working  on  the 
Bechanlcal  properties  of  a  Ti-15V-3Cr-3Sn-3Al  alloy.  In  CWA,  aging  at  higher 
teBperature  produces  little  gain  In  strength,  on  the  other  hand,  aging  at 
lower  teBperature  reduced  ductility  while  alaing  to  achieve  high  strength 
and  the  strength-ductility  balance  can  not  be  Inproved.  Duplex-aging  after 
cold-working,  l.e.  coBblnatlons  of  short-tlBe  aging  at  823K  and  873K  and  re- 
aging  at  673K  have  greatly  iBproved  the  strength-ductility  balance  of  this 
alloy,  realizing  high  strength  of  about  1.8GPa  with  tensile  elongation  of 
5%.  This  duplex-aging  process  further  diwinlshes  the  effect  of  the  awount 
of  reduction  by  cold-swaging  on  the  Bechanlcal  properties  after  aging. 


Introduction 

The  features  of  beta  tltanluB  alloys  Include  their  superior  cold-forBabllity 
In  the  solution-treated  state  and  their  Increased  strength  after  undergoing 
subsequent  aging.  Consequently,  the  Bethod  of  aging  after  cold-forning  is  a 
valuable  heat-treatnent  Bethod  that  utilizes  the  features  of  beta  tltaniuB 
alloys.  This  research  investigated  the  effects  of  aging  at  single 
teBperature  and  duplex-aging  after  cold-working  on  the  Bechanlcal  properties 
of  a  Tl-15V-3Cr-3Sn-3Al  alloy  (hereafter  abbreviated  as  Tl-15-3). 

Experlwental  Procedures 

The  Tl-15-3  alloy  bar  was  solution-treated  at  1123K  for  3.6ks  In  Inert  gas 
atBosphere  and  then  air-cooled.  After  cold-working  with  30\,  60%.  83%  and 
90%  reductions  of  the  bar  using  a  rotary  swaging  Bachine,  various  types  of 
aglng-treatBents  were  conducted  on  the  speclnens.  Hereafter,  the  aging 
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treataent  of  retention  at  a  single  teaperature  after  cold-working  Is 
abbreviated  as  CWA,  and  the  high-low  teaperature  duplex-aging  after  cold¬ 
working  Is  abbreviated  as  CWDA.  Also,  aging  without  cold-working  after 
solutlon-treataent  Is  abbreviated  as  STA.  CWA  was  perforaed  at  aging 
teaperatures;  973K,  923K,  873K,  823K,  773K,  673K  and  573K.  The  second  aging 
In  the  duplex-aging  process  for  CWDA  was  perforaed  at  a  single  teaperature 
of  673K.  Of  the  aging- treataents  after  cold-working,  short-tlae  aging  (60s 
and  180s)  was  perforaed  In  a  salt  bath,  while  the  rest  of  the  speclaens  were 
aged  for  longer  tlaes  using  a  auffle  furnace.  After  all  the  heat- 
treataents,  speclaens  were  air-cooled. 

Table  1  shows  the  chealcal  coaposltion  of  the  Tl-15-3  alloy  bar. 

Hardness  aeasureaent,  alcrostructure  observations  using  an  optical 
aicroscope  and  an  electron  alcroscope,  as  well  as  uniaxial  tensile  testing, 
were  perforaed  on  the  above  speclaens.  Hardness  value  indicates  the  average 
value  of  five  points  on  each  speclaen.  Also,  a  X-ray  diffraction  aethod 
was  used  to  detect  the  alpha  phase  precipitation. 

Tensile  testing  was  perforaed  at  rooa  teaperature  at  a  cross-head  speed  of 
1.7  X  10  aa/s.  Tensile  data  was  the  average  value  of  three  speclaens  per 
each  heat-treataent  condition.  The  tensile  speclaens  had  a  gauge  size  of 
4.0aa  In  dlaaeter  and  IS.Oaa  In  length. 


Table  1.  Chealcal  coaposltion  (aass\). 
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Cr 

Sn 

A1  Fe  0 

C 

N 

H 

TI 

15.1 

3.36 

3.04 

3.37  0.17  0.14 

0.004 

0.008 

0.0061 

bal. 

Results 


Aging  Behavior  In  STA 

Figure  1  shows  the  variation 
of  hardness  with  aging  tlae 
in  STA.  As  for  the  specimens 
aged  at  873K,  even  when  the 
aging  time  was  lengthened, 
little  Increase  In  hardness 
was  observed.  For  the  aging 
at  773K,  the  hardness 
attained  almost  the  highest 
value  after  30ks  of  aging, 
however,  for  the  agings  at 
673K  and  573K,  the  longer 
the  aging  time,  the  greater 
was  the  hardness.  Within  the 
aging  tlae  range  of  this 


Figure  1  -  Variation  of  hardness 
in  STA. 


experiment,  the  highest  hardness  of  490  was  attained  by  the  aging  at  573K 
for  3Ms. 


Aging  Behavior  In  CWA 


Figure  2  shows  the  variation  of  hardness  as  a  function  of  aging  tlae  and 
teaperature  for  speclaens  aged  after  cold-swaging  with  90\  reduction  from  28 
an  to  9  an  In  dlaaeter  of  the  bar.  After  3.6ks  aging,  the  hardness  of  all 
the  specimens  became  higher  than  that  before  aging.  The  hardness  of 
specimens  aged  at  873K  and  573K  were  slightly  higher  than  that  of  as  cold- 
swaged,  then,  the  hardness  of  aging  at  873K  decreased  gradually  and  that  of 
aging  at  573K  increased  fast  after  3.6ks.  As  for  the  speclaens  aged  at  773K, 


the  hardness  becaae  about  420 
after  3.6ks  and  hardness 
decreased  after  lO.Sks.  The 
hardness  of  the  speclaens  aged 
at  673K  becaae  about  450  after 
3.6ks  and  Increased  to  about 
510  until  360ks.  For  CWA, 
pronotlon  of  the  aging 
response  with  cold-working  and 
the  recovery  of  the  beta 
■atrlx  can  be  considered  to 
occur  In  parallel.  Therefore, 
the  variation  of  hardness  with 
aging  after  cold-working 
should  be  controlled  by  rate 
of  recovery  and  precipitation 
of  alpha  phase  and  size  and 
distribution  of  alpha  phase 
that  strongly  depend  on  aging 
teiperature.  The  higher  the 
retention  temperature  becomes, 
the  greater  the  Influence  on 
recovery  should  be.  The  lack 
of  hardening  In  the  specimens 
aged  at  873K  would  be  due  to 
the  overgrowth  of  the  alpha 
precipitates  and  to  the  rapid 
progress  of  recovery. 

Figure  3  shows  the  variation 
of  hardness  as  a  function  of 
reduction  In  cold-swaging  and 
aging  time  In  the  aging  at 
673K.  This  figure  also  shows 
the  variation  of  hardness  of 
STA  specimens.  It  Is  Indicated 
that  the  greater  the  reduction 
In  cold-swaging,  the  greater 
Is  the  hardness  throughout 
aging  and  the  promotion  of  the 
aging  with  cold-working  Is 
marked  In  comparison  with  the 
aging  response  In  STA. 

Figure  4  shows  the  variation 
of  tensile  strength  and 
reduction  In  area  as  a 
function  of  reduction  In  cold- 


Aging  Time./  ks 


Figure  2  -  Hardness  variation  with  aging 
time  and  temperature  in  CWA. 


Aging  Time/  hrs 


Aging  Time  /  ks 

Figure  3  -  Effect  of  reduction  in 


cold-working  on  hardness 
variation  in  CWA. 


swaging,  aging  temperature  and 

aging  time  In  CWA.  The  tendency  In  the  variation  of  tensile  strength 
corresponds  to  that  In  the  variation  of  hardness  as  shown  In  Figure  3. 
Thus,  these  results  Indicate  that  difference  of  plastic  strain  In  cold¬ 
working  produces  the  difference  In  tensile  strength  after  aging.  Ductility 
In  all  aging  condition  of  the  CWA  decreased  greatly  with  aging. 


Aging  Behavior  in  CWDA 

As  mentioned  above,  cold-working  before  aging  remarkably  promoted  the  aging 
response  and  greatly  reduced  ductility  while  aiming  to  achieve  high 
strength,  therefore,  the  strength-ductility  balance  could  not  be  Improved  by 
CWA. 
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Aging  Time  /  ks 

Figure  4  -  Variation  of  tensile 
strength  and  reduction 
of  area  in  Citt. 


The  characteristic  of  CWDA^^  Is  - 

adding  short-tlie  and  high-  AgtdoiSTSK 

tesperature  aging  between  cold-  oi.®.  _ _ 

working  and  low  tesperature  aging  to  £  p-— O — - 

get  hoBogeneous  recovered  satrlx  4.90^./ -  - - - 

based  on  the  Idea  that  highly  - - 

strained  area  as  grain-boundaries  " 

and  shear-bands  should  recover  sore  ‘  y  y  lO'u 
quickly  than  other  areas.  bi-o- 

Figure  5  shows  the  variation  of  [K 

hardness  as  a  function  of  aging  ^  ^ 

tlse  and  tesperature  for  speclsens  [  1 

aged  after  cold-swaging  with  83\  ^  .so"*. 

reduction.  Heating  tesperatures  of  ^ 

fros  973K  to  823K  are  higher  than  _^*o-\\^ 

those  adopted  In  CWA.  After  60s 
aging,  the  hardness  of  all  the  aged  *  \\\ 

speclsens  becase  lower  than  that  .  \\> 

before  aging.  The  hardness  of  ocM-  \>\ 

speclsens  aged  at  973K  Is  sarkedly 

low,  being  alsost  the  sase  as  that  — - _ 

after  solutlon-treatsent.  As  for  the  ,  .  7  ' — : — _ _ 

speclsens  aged  at  973K  and  923K,  ^  io  30  Too 

even  when  the  aging  tlse  was  Aging  Time  /  ks 

lengthened,  little  Increase  In  ^  ^  ^  ^ 

hardness  was  observed.  For  the  Figure  4  -  Variation  of  tensile 
agings  at  823K  and  873K,  the  longer  strength  and  reduction 

the  aging  tlse,  the  greater  was  the 
hardness.  In  particular,  the 

Increase  in  hardness  40o(-  7"!  , 

of  the  speclsens  aged  at  823K  Is  0  Agu^iTeit^  ( K)  • 

significant.  For  the  aging  at  873K,  A  873 

hardness  decreases  after  1.8ks.  ▼  923  v' 

Nicrostructure  observation  revealed  *  sr 

that  for  the  speclsens  aged  at  973K,  350-^ 

the  beta  satrlx  cospletely  ^ged  ^ 

recrystallized.  The  narked  decrease  _ 

In  the  hardness  for  these  speclsens  >  \  ^ _ _ 

Is  related  to  this  ^  \  ^ 

recrystalllzatlon.  For  the  speclsens  300-  \ 

aged  at  923K,  recrystalllzed  grains 

becase  sore  apparent  as  the  aging  \_  _  _  ^ 

tlse  becase  longer.  On  the  contrary,  •  ■  •  ■  " 

recrystalllzed  grains  were  not  ,  ,  ,  ,  , 

observed  under  optical  slcroscope  0~”  o!i  SiS  1  3  ' 

even  after  3.6k8  aging  for  speclsens  Aging  Time(ks) 

aged  at  823K  and  873K.  For 

speclsens  aged  at  823K,  873K,  as  Figure  5  -  Variation  of  hardness 
well  as  for  those  aged  at  923K  for  with  aging  tine  and 

600s,  precipitation  of  alpha  phase  tesperature. 

was  conflrsed  by  X-ray  diffraction. 

On  the  other  hand,  for  the  speclsens 

aged  at  973K,  no  precipitation  was  found  even  after  3.6ks  aging.  It  was 
also  found  with  TEN  that  the  precipitated  alpha  phase  grew  larger  and  tended 
to  becose  sore  spherical  with  Increase  In  aging  tesperature. 

Under  any  aging  condition,  hardness  Increased  with  the  progress  of  the 
second-stage  aging.  The  shorter  the  tlse  of  the  first  aging,  the  sore 
Barked  was  the  Increase  In  hardness.  Furthersore,  for  those  speclsens  with 
the  sase  first-stage  aging  tines,  the  lower  the  aging  tesperature  of  the 
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Variation  of  hardness 
with  aging  tine  and 
tesperature. 


first  stsce.  the  greater  was  the  hardness  during  the  Initial  period  of  the 
second  aging.  However,  the  hardness  after  360ks  of  the  second-stage  aging 
was  insensitive  to  the  first-stage  aging  teiperatures . 

Variation  of  strength  In  CVDA  corresponds  to  that  of  hardness.  On  the  other 
hand,  after  360ks  aging,  ductility  decreased.  In  association  with  the 
Increased  strength.  Changes  In  ductility  with  aging  are  dependent  on  the 
aging  tine  of  the  first  stage.  However,  despite  the  exhibition  of  Increased 
strength,  there  were  sowe  cases  in  which  total  elongation  also  Increased. 


Discussion 

Strength-ductility  balance  in  CWA 

Figure  6  shows  the  variation  of  the 
relation  between  ultinate  tensile 
strength  and  reduction  of  area  for 
speclnens  cold-worked  with  90\ 
reduction.  STA.  Coipared  with  the 
strength-ductility  balance  in  STA. 
CWA  produced  slightly  worse  balance. 
Rosenberg^*  also  reported  that  aging 
after  cold-working  could  not  Inprove 
the  strength-ductility  balance  of 
Tl-15-3.  It  would  be  originated  fron 
that,  in  CWA,  preferential 
precipitation  of  alpha  phase  on 
highly  strained  areas  would  occur 
because  aging  enhanceient  strongly 
depends  on  accunulated  strain, 
therefore,  Inhoiogeneous  aged 
■icrostructure  with  highly  strained 
areas  as  shear  bands  and  grain 
boundaries  would  be  produced. 

Figure  7  shows  the  variation  of  the 
relation  between  reduction  of  area 
and  ultlwate  tensile  strength  in  CWA 
for  Tl-13V-llCr-3Al  alloy^^ 
Speciiens  were  cold-worked  with  froi 
90%  to  30\  reduction  and  aged  at 
froi  750K  to  600K.  In  this  figure, 
data  obtained  by  STA  is  also  shown. 
Coipared  with  STA,  CWA  produced 
better  balance  of  strength-ductility 
for  this  alloy.  In  STA,  grain 
boundary  cracking  greatly  reduced 
ductility  with  developient  of  aging, 
which  is  peculiar  to  this  alloy.  In 
CWA,  cold-working  before  aging 
increases  precipitation  sites  and 
suppresses  preferential 

precipitation  of  alpha  phase  on 
grain  boundaries  resulting  in 
suppressing  grain  boundary  cracking 
and  liprovlng  strength-ductility 
balance. 

Strength-ductility  balance  in  CWDA 
Figure  8  shows  the  relation  between 


Figure  6  -  Tensile  strength  and 
ductility  in  CWA  and  STA. 


Figure  7  -  Strength  and  ductility 
in  CWA  for  Ti-13V-UCr 
-3A1  alloy. 
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reduction  of  area  (RA)  and  ultlaate 

tensile  strength  (On)  under  the  CWOA  T?!n?!iLi 

CiDA.  The  straight  line  Indicates  ^ 

the  relation  between  reduction  of  ^  373 

area  and  ultliate  tensile  strength  Y  923 

obtained  by  STA  on  Tl-15-3.  The  ■  973 

shorter  the  first-stage  aging  tlae, 

the  higher  Is  the  attainable  ^aq-  NP  a 

strength.  When  strength  reaches  \  ^  » 

about  2GPa  by  CWDA,  the  ductility  Is  \wyA  ^ 

significantly  reduced.  However,  the  ^  Y  • 

specliens  showed  good  ductility  up  cc  WPA 

to  the  strength  level  of  l.SGPa  In  20-  Y 
CWDA.  To  give  an  exaaple  of  the  good  ^  \  •  A 

strength-ductility  balance,  the  A 

speclwens  aged  during  the  first  ^ 

stage  at  823K  for  6008  and  re-aged  * 

at  673K  for  lOSks  In  the  second-  (v— - — - - - - -ft- 

stage  exhibited  strength  of  l.TTGPa,  ^  '•*  2.0 

31%  reduction  in  area  and  total  (GPa) 

elongation  of  5.7%.  As  another  a  _  ^ 

exawple.  the  specl.ens  Initially  8  -  Strath  and  ductility 

aged  at  873K  for  600s  and  re-aged  at  ^ 

673K  for  108ks  exhibited  strength  of 

1.72GPa,  35%  reduction  In  area  and  total  elongation  of  7.3%.  Regarding  the 
strength-ductility  balance  In  Tl-15-3  with  ilnliuw  requlrewent  for  total 
elongation  of  about  5%,  the  conventional  heat-treatnent  of  aging  after 
solutlon-treatwent  or  cold-working  has  been  thought  to  give  the  laxliui 

tensile  strength  of  l.SGPa^*^'”^* .  However,  the  present  results  for  CWDA  show 
that  it  Is  possible  to  increase  the  tensile  strength  to  up  to  about  1.8GPa 
while  walntalning  the  sane  ductility.  The  specinens  that  were  aged  for  a 
shorter  period  of  tine  than  600s  In  the  first  stage  and  subjected  to  the 
longest  aging  In  the  second-stage  exhibited  increase  In  strength.  On  the 
contrary,  the  specinens  that  were  initially  aged  for  a  longer  period  than 
600s  exhibited  the  decrease  In 
strength.  In  both  cases,  the 

strength-ductility  balance  was  . 

poorer  than  that  for  600s.  I  ^oing  I 


Figure  8  -  Strength  and  ductility 
in  CWDA. 


Effect  of  Reduction  In  Cold-Working 

The  aging  response  after  cold¬ 
working  depends  on  the  anount  of 
strain  caused  by  cold-working. 
Figure  9  shows  the  variation  of 
hardness  of  specinens  aged  at 
tenperatures  between  973K  and  823K 
after  cold-swaging  with  83%  and  30% 
reduction.  In  the  cold-worked  state 
and  during  the  early  stage  of  aging, 
the  specinens  cold-swaged  with  30% 
reduction  show  lower  hardness  than 
those  with  83%  reduction,  except  the 
specinens  aged  at  973K  with  83% 
reduction.  However,  along  with  the 
progress  of  aging,  differences  In 
the  hardness  due  to  different 
reductions  In  cold-working  for  the 
respective  aging  tenperatures 
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Figure  9  -  Hardness  variations  of 
specimens  aged  after 
cold-swaging  with  83t 
and  30t  reduction. 


decreased  and  the  hardness  becaae  alaost  the  saae  after  3.6ks.  Strain 
accuaulation  caused  by  cold-working  proaotes  the  aging  response  and 
Increases  hardness.  At  the  saae  tlae.  It  also  proiotes  the  recovery  of  the 
cold-worked  aatrlx  and  reduces  hardness.  Therefore,  the  hardness  Is  thought 
to  be  deterilned  by  the  coablnation  of  the  two  effects.  When  the  speclaens 
cold-swaged  with  83k  reduction  are  coapared  with  those  cold-swaged  with  30% 
reduction,  the  rate  of  precipitation  Is  faster  In  the  foraer  because  of 
their  higher  dislocation  density.  On  the  other  hand,  the  rate  of  recovery  In 
the  foraer  also  becoaes  faster,  besides  the  speclaen  heated  at  973K.  This 
aust  be  the  reason  why  hardness  during  the  initial  aging  period  is  high  in 
the  foraer,  but  the  difference  between  the  hardness  levels  decreases  with 
the  progress  of  aging. 

Figure  10  shows  the  relations  between  ultlaate  tensile  strength  (Og)  and 
reduction  of  area  (RA)  of  CWDA  speclaens  cold-swaged  by  83%  and  30%.  The 
speclaens  were  first  aged  at  either  823K  or  873K  for  600s.  The  first-stage 
aging  conditions  were  chosen  since  they  produce  optiaua  ductility  for 
speclaens  cold-worked  with  83%  reduction.  The  second  aging  was  perforaed  at 
673K  for  tlaes  between  0  and  108ks.  The  results  for  speclaens  Initially 
aged  at  973K  for  600s  and  were  re-aged  at  673K  for  between  0  and  108ks  in 
the  second  aging  are  also  shown.  Under  the  saae  aging  conditions,  although 
the  lower  reduction  speclaens  tended  to  exhibit  lower  strength  and  reduction 
of  area,  these  tendencies  becaae  less  pronounced  as  strength  Increased  by 
the  second-stage  aging.  For  speclaens  aged  at  973K  In  the  first  stage, 
strength  after  the  second  aging  changed  significantly  depending  on  the 
aaount  of  reduction  In  cold-working. 

For  all  the  CWDA  speclaens,  except  those  Initially  aged  at  973K,  these 
results  Indicate  that  If  the  initial  aging  is  perforaed  over  a  certain 
length  of  tlae.  It  Is  possible  to  lessen  the  effect  of  reduction  In  cold¬ 
working  on  the  hardening  behavior  during  the  second-stage  of  aging.  In 
addition,  the  results  also  suggest  that 
essentially  the  saae  aechanlcal 
properties  can  be  achieved  by  the 
second-stage  aging  Irrespective  of  the 
aaount  of  cold-working;  83%  or  30% 
reduction. 

As  mentioned  above,  the  aging  after 
cold-foralng  utilizes  the  features  of 
this  alloy.  However,  because  of  the 
Inhoaogeneous  distribution  of 
accuaulated  strain,  attention  should  be 
paid  to  the  local  variation  in  the 
aechanlcal  properties  of  a  product  that 
has  been  aged  after  cold-foralng.  As 
shown  In  Figure  10,  since  CWDA  can 
decrease  the  effect  of  the  aaount  of 
cold-working  on  aechanlcal  properties. 

The  advantages  of  this  aethod  are  not 
only  In  the  laproved  strength-ductility 
balance  but  also  In  the  alnialzatlon 
of  the  influence  of  the  aaount  of 
accuaulated  strain  In  cold-working  on 
the  aechanlcal  properties  after  aging. 

Tl-15-3  was  a  beta  tltanlua  alloy 
developed  on  the  prealse  of  cold- 

foralng^).  It  is  thought  that  the 
present  heat-treataent  aethod  has  a 
superior  potential  for  the  aanufacture 
of  Tl-lS-3  products  that  will  undergo 
aging  after  cold-foralng. 
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Figure  10  -  Effect  of  reduction 
in  cold-working  on 
strength  and 

ductility  in  CWDA. 


Conclusion 


This  research  Investigated  the  aechanlcal  properties  of  Tl-15-3  that 
underwent  aging  after  cold-working.  The  uin  findings  can  be  suaaarlzed  as 
follows: 

(1)  By  coabinlng  the  first  aging  that  was  perforaed  at  a  high  teaperature 
for  a  short  period  of  tlae  and  the  second  aging  that  was  perforaed  at 
673K,  It  was  possible  to  laprove  the  balance  between  the  strength  and 
ductility  of  this  alloy.  For  exaaple,  while  aalntalning  5%  total 
elongation,  a  tensile  strength  of  approxlaately  l.BGPa  was  achieved. 

(2)  By  this  duplex  aging  aethod,  the  Influence  of  accuaulated  strain 
differences  caused  by  different  reductions  In  cold-working  on  the 
aechanlcal  properties  after  aging  could  be  kept  to  a  low  level. 

Froa  these  results,  the  duplex  aging  aethod  using  the  features  of  Tl-15-3  Is 
concluded  to  be  an  excellent  aethod  of  heat-treataent  that  can  overcoae  the 
probleas  of  aechanlcal  property  unevenness  and  reduction  of  ductility  caused 
by  the  conventional  aging  after  cold-foralng. 
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ABSTRACT 

The  effecta  of  Nb  and  W  contenta  on  the  tenaile  propertiea  at  room  temperature 
and  660C .  the  impact  toughneaa.  the  creep  and  the  oxidation  reaiatance  of  the  teat- 
ed  alloya  haa  been  inveatigated.  The  reaulta  indicate  that  alloying  element  Nb  haa  no 
Btrong  effect  on  the  atrength  of  THalloy.  but  Nb  can  improve  the  aurface  atability 
and  increaae  the  oxdation  reaiatance  of  THalloy  expoaed  at  high  temperature.  AL 
loying  element  W  can  raiae  the  atrength  and  the  reaiatance  of  creep  in  Ti-alloy.  but 
haa  leaa  contribution  to  the  reaiatance  of  oxidation  in  Ti-alloy  than  Nb.  The  atudiea 
have  provided  neceaaary  acientific  data  forchooaing  auitable  fi  iaomorphoua  adding 
alementa  in  near  a-Ti  alloya. 

INTRODUCTION 

In  titanium  alloya.  Nb  and  W  are  the  important  alloying  elementa.  In  recent 
yeara.  aeveral  practical  titanium  alloya  have  been  developed  aucceaafully  by  adding 
alloying  elementa  Nb  and  W.  Adding  Nb  abd  W  to  intermetallic  compounda  of 
Sj-TiaAl  aeema  to  have  retarded  the  ordering  rate.  The  fine  aj  atructure  can  improve 
atrength  and  ductility  at  room  temperature.  TiAHW  alloy  haa  a  finer  grain  aize  than 
the  atoic biometric  gamma  alloy.  The  fine  atructure  of  the  alloy  improvea  the  creep 
reaiatance  and  the  tenaile  atrength  without  further  loaa  in  inductility  [1  ]. 

Thia  inveatigation  wax  made  to  expound  the  correlation  of  mechanical  proper¬ 
tiea  and  oxidation  reaiatance  with  the  amount  of  Nb  and  W.  ao  aa  to  provide  necea¬ 
aary  acientific  baaia  for  atudying  of  aelecting  fi  iaomorphoua  additive  elementa  for 
neare-Ti  alloya. 

EXPERIMENTAL  PROCEDURE 

The  chemical  compoaitiona  of  teated  titanium  alloya  are  ahown  in  Table  1  and 
they  will  be  referred  to  aa  alloya  A  (0.5%  Nb).  B  (1%  Nb),  C  (1 .6%  Nb).  D  (0%  Nb). 
E  (1%Nb.  0  5%W)  and  E  (1%Nb.  1%W). 

The  apecimena  of  theae  alloya  were  fabricated  from  ingota  of  Bkg  melted  in  a 
conaumable  vacuum  arc  furnace.  The  ingota  were  f  and  forged  to  •IGmm  x  L 
mm  bate  which  were  followed  by  aolution  treatment  and  aging.  The  apecimena  were 
fabricated  from  6mm  x  L  mm  heah-treated  bara. 
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Table  1 .  Chemical  compoaitiona  (wl%>  of  aixalloya  under  inveatigation 


Alloy 

Al 

Sn 

Zr 

Mo  Nb  W 

Si  Fs  C 

N 

0 

H 

A;TI-6.6AI-3.6Sn- 

6.51 

3.41 

2.72 

0.26  0.50  - 

0.26  0.047  0.02  0008  0082 

<0001 

32r-0.2SMo-0.5Nb 

-0.3Si 

B:  TI-6.SAI-3.6Sn- 

6.68 

3.44 

2.60 

0.26  1 .00  - 

0.26  0063  002 

0O1 

0086 

<0001 

3Zr-0.26Mo-1.0Nb 

-0.3Si 

C;Ti-6.6AI-3.6Sn- 

6.62 

3.41 

2.66 

0.26  1 .48  - 

0.26  0047  002 

0O1 

009 

<0001 

3Zr-0.26Mo-1.6Nb 

-0.3Si 

D;Ti-6.6AI-3.6Sn- 

5.67 

3.61 

2.89 

0.26  -  - 

0.26  0.046  002 

0O1 

ooe 

<0001 

3Zr-0.26Mo-0.3Si 

E:Ti-6.6AI-3.6Sn- 

6.60 

3.61 

2.66 

0.26  1 .01  0.60  0.26  0.063  0026  0.01 

0076 

<0001 

3Zi-0.26Mo-0.6W- 

1Nb-0.3Si 

F.  Ti-6.6AI-3.6Sn- 

6.66 

3.66 

2.67 

0.26  1 .00  0.98  0.26  0046  0.025  0O1 

0.08 

<0001 

3Zi-0.26Mo-1Nb 

-1W 

According  to  the  a+f  /  fi  traneue  temperature  of  alloyt,  the  heat  treatment  it  car¬ 
ried  out  at  1 036C  for  1  hr  and  at  620C  for  2hrB.  The  solution  treated  temperature  it 
15-25C  above  0-traneua.The  mechanical  properties  studied  include  tensile,  impact 
toughness  and  creep.  The  oxidation  resistance  of  titanium  alloys  and  thickness  of 
the  oxide  layers  of  some  of  them  were  investigated  by  ion  probe,  scanning  electron 
mkroscope  and  increasing  weight  in  oxidation.  First  measuring  the  relation  be¬ 
tween  oxygen  ion  current  and  the  depth  of  bombarding  pitch  by  using  ion  probe 
and  then  determining  the  depth  of  bombarding  pitch  by  using  scanning  electron  mi¬ 
croscope  of  PSE  500X  type  as  the  thickness  of  the  oxide  layer.  The  samples  used  for 
increasing  weight  in  oxidation  are  10mm  in  diameter  x  6mm  in  length.  Before 
oxidation,  the  samples  were  mechanically  polished  with  abrasive  paper.  Before  and 
after  oxidation,  the  weight  of  the  sample  was  measured  by  using  mkrobalance  of 
I.Opg  maximum  sensitivity.  The  oxidation  was  carried  out  at  660C  for  lOOhrs  in  air 
and  under  the  atmospheric  pressure. 

RESULTS  AND  DISCUSSION 


1  The  ways  of  adding  Nb  and  W 

There  are  great  differences  in  density  and  melting  point  of  metalic  Nb.W.and  Ti. 
it  is  a  key  technical  problem  for  titanium  melting  to  ensure  the  alloying  elements  Nb 
and  W  scattering  uniformly  in  the  basis  metal  without  any  unmelting  bulks.ln  order 
to  get  a  ingot  with  good  quality  the  master  alloys  Al-Nb  and  Al-W  are  ueed  as  al¬ 
loying  additives,  which  are  made  by  aluminothermics.The  ingot  obtained  from  doub¬ 
le  VAR  melted  electrode  made  of  these  two  master  alloys  is  approved  to  have 
homogenous  contribution  of  Nb  and  W  from  the  top  to  the  bottom  by  chemical  ana¬ 
lysis.  measuring  Brinell  hardness  and  dissecting  a  typical  ingot.The  variation  of  Nb 
and  W  contents  is  within  the  permissive  range  of  commercial  Ti-attoy.  The  analyses 
at  ten  points  of  a  half  ingot  further  indicate  that  the  compositions  of  Nb  and  W  in 
every  part  of  the  ingot  are  homogeneously  distributed,  i.  e.  without  any  metalk  de- 
fects.such  as  inclusions  and  segregations,  etc. 


2.  The  influence  of  the  contente  of  Nb  and  W  on  the  mechnical  propertiee  of  teeting 
alloyc 

To  make  it  eaay  for  compariaon.  all  the  testing  pieces  were  made  by  the  same 
process,  including  hot  forging  and  heat  treatment  .etc.  The  microstructure  obtained 
seems  alike  and  all  of  them  are  acicular 

(1  )Effect  of  Nb  on  the  alloys  mechanical  properties 

Fig. 1-3  show  the  effect  of  the  amount  of  Nb  in  the  alloy  on  the  tensile  proper* 
ties.the  tensile  properties  at  550C  .the  impact  toughness  and  the  creep  of  the 
A.B,C.D  alloys.  From  Fig.1  and  2.we  can  see  that  increasing  the  content  of  Nb 
among  0.5-1 .5%  doesn't  make  much  difference  on  the  tensile  strength  and  the  0.2% 
proof  atress.which  is  due  to  the  little  strengthening  factor  of  Nb  to  Ti,8ince  Nb  is  a 
soft  strengthening  element  As  far  as  the  reduction  area  and  elongation  are  con- 
cerned.the  reduction  in  area  (RA>  and  elongation  (EL)  of  the  tensile  at  room  and 
high  temperature  show  good  correlationship.  The  alloys  with  1%  Nb  possess  better 
plasticity  comparing  with  that  other  Nb  percentage.  Fig.3.  indicates  that  the  general 
tendency  of  consumption  of  energy  an.  as  fracturing,  decreases  with  increasing  the 
constents  of  Nb.The  cunre  of  the  creep  is  made  by  measuring  the  plastic  flow  at 
constant  temperature  of  5b0C  and  constant  stress  of  304MPa  for  lOOhrs.  The  curve 
show  that  the  >  reaches  its  minimum  value  when  the  content  of  Nb  is  0.5%.  while 
for  others,  the  increasing  of  Nb  results  in  the  increasing  of  Bvalue.  By  comparing  the 
alloys  with  1%  Nb  with  those  without  Nb.  it  seems  that  the  1  value  is  almost  the 
same. 

The  whole  process  of  creep  of  the  alloys  A.B.C  and  D  at  lOOhrs,  may  be  devid* 
ed  into  three  stages  i.  e. .  1  .  instantaneous  deformation  n  .  decelerative  creep  and 
m.  stationary  creep.  At  the  m  stage,  the  creep  rate  of  alloys  A.B.C  and  D  are  6.4. 8.0. 
1 1 .0. 9.1  X  1 0"*  percent/  hr.  respectively. 


Fig.1.  Effect  of  Nb  concentration  Fig.2.  Effect  of  Nb  concentration 

on  UTS.  HA  and  El.  for  on  tgj,  UTS.  HA,  and  El.  for 

alloys  A  to  D  at  room  tern*  alloys  A  to  0  at550t: 

perature 


Fifl.3.  Effect  of  Nb  concentration 
on  impact  toughneaa  (an) 
and  creep  etrain  (a)  foralloya 
A  to  D. 


(2)  The  effect  of  W  on  the  mechanical  propertieaof  the  alloye  teeted 

Fig.4-6  show  the  effect  of  the  amount  of  W  added  on  the  tensile  strength,  im¬ 
pact  toughneaa  and  the  creep  of  the  B.E.F.  alloys.  From  Fig .4  and  Fig. 5.  we  can  see 
that  the  tensile  strength  and  the  0.2%  proof  stress  increase  with  increasing  the  con¬ 
tent  of  W.  while  the  reduction  area  and  the  elongation  decrease  at  room 
temperature.  At  high  temperature,  the  alloys  with  1%  W  have  higher  RA  and  El  com¬ 
paring  with  those  of  0.5%  W. 


Fig .4.  Effect  of  W  concentration  on 
*ea-  UTS.  RA  and  El.  for  al¬ 
loys  B.E.F  at  room  tempera¬ 
ture 


Fig. 5.  Effect  of  W  concentration  on 
a„j.  UTS.  RA.  and  El.  for  al¬ 
loys  B.E.F  st650C 


Fig.6.  Effect  of  W  concentration  on 
impact  toughness  and  creep 
strain  foralloya  B.E.F 


Fig.S.  shows  that  the  special  variasion  of  the  impact  toughnees  is  like  the 
changing  feature  of  the  RA  and  Et  during  tensile  process  at  high  temperature  . 
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For  the  creeps  at  BSOC  /  304MPs/ lOOhra.  as  shown  in  Fig.6.  the*  decrease  obvi¬ 
ously  with  increasing  the  content  of  W. 

At  the  1  stage,  there  is  a  big  difference  between  the  alloys  with  0.5%  W  and 
those  with  1%  W.  Alloy  E  turns  into  stationary  creep  stage  rapidly  after  a  little  plastic 
flow  at  the  1  stage.  The  creep  rate  of  the  alloys  E.F.  at  the  D  stage  are  6.4.  4.8 x 
10~*percent/  hr.  respectively. 

From  above  results  it  can  be  easily  seen  that  the  major  effect  of  W  is  to  add 
strength  and  resistance  to  creep  of  the  alloys.  The  mechanical  properties  of  the  al¬ 
loys  with  Nb  and  W  have  much  to  do  with  the  properties  of  the  alloying  elements. 
According  to  the  strengthening  mechanism  of  Ti-alloy.  the  factors  which  decide  the 
solid  solution  strengthening  effect  include  the  size  misfit  1^  ^nd  the  elastic  modulus 
misfit  *6-  The  le  of  Nb  is  -0.013  and  Iq  >s  -0.081.  the  of  W  is  -0.052  and 
■g  *>  2.74.  Because  of  the  difference  is  *0  and  *g  of  Nb  and  W.  these  two  ele¬ 
ments  have  different  strengthening  factors.  The  strengthening  factors  of  Nb  is 
1 .75-3.5,  while  that  of  W  is  5.5.  therefore,  the  strenghthening  effect  of  Nb  is  not  so 
strong  as  that  of  W.  which  shows  that  Nb  and  W  have  different  additional  resistance 
of  deformation  Besides,  different  elements  have  different  alloying  effects  or.  the 
coefficient  of  elasticity,  diffusivity.  cohesion  and  energy  of  arranging  defects  which 
reflect  on  the  mechanical  properties  of  the  alloye. 

The  effects  of  the  mechanism  of  creep  in  the  general  creeping  process  depend 
upon  the  temperature  and  the  stress  conditions  during  the  test.  Creep  temperature  of 
S60C  belongs  to  midtamperature.  under  this  condition,  the  dynamic  recoverying 
can  be  carried  on  obviously,  but  the  diffusion  is  almost  not  obvious.  The  rate  of 
creeping  is  usually  described  as  the  following  experimental  formula:  l=KDs(e/  E) 
N  (y)  [2].  In  order  to  make  alloys  with  better  resistance  of  creep,  the  stacking 

fault  energy  y  must  be  reduced  while  the  self-diffusion  activation  energy  0,  which 
correlated  with  the  diffusion  factor  0,  should  be  raised. 

The  0,  of  W  is  much  less  than  that  of  Nb  at  800t: .  Otherwise.  Nb  can  reduce 
the  diffusion  of  the  alloying  elements  which  may  prevent  the  P  phase  from 
overgrowth.  All  these  characteristics  of  Nb  and  W  may  exert  effect  on  the  y  and  Ds 
in  the  formula,  and  furthermore,  to  determine  the  high  temperature  strength  of  the  al¬ 
loy.  From  die  experimental  results,  it  is  known  drat  the  content  of  Nb  may  improve, 
in  certain  ranges,  the  resistance  of  creep  of  Ti— alloys.  The  more  the  content  of  W  the 
better  the  alloys  resistance  of  creep. 

(3)  The  effects  of  alloying  elements  on  the  oxidation  resistance 

In  Fig.7  the  curve  indicates  the  relationship  between  the  oxygen  ion  current 
which  is  measured  by  ion  probe  and  the  depth  of  the  bombarding  pitch.  The  curve 
can  be  separated  into  three  area,  by  ion  probe  and  the  depth  of  the  bombarding 
pitch.  The  curve  can  be  separated  into  three  area.  i.e..  I  exsisting  in  TiO,  state,  leas 
0~  is  produced  during  ion  bombarding,  n  exsisting  in  solid  solution  state,  the  pro¬ 
duction  of  0~  is  decreases  as  the  depth  increases,  m  exsisting  in  the  base  alloy,  no 
changes  occur  in  the  production  of  0". 

The  oxidation  resistance  and  the  thickness  of  oxide  layer  of  the  alloy  are  meas¬ 
ured  by  the  ion  probe  and  increasing  weight  in  oxidation.  The  results  are  shown  in 
Table  2.  From  which  we  can  see  that  the  oxidation  resistance  of  all  the  alloys  is  bet¬ 
ter  than  that  of  pure  titanium.  Nb  has  much  stronger  effect  than  W  on  oxidation  re¬ 
sistance.  Exposed  at  high  temperature,  the  more  Nb  contain  increases  the  better  the 
surface  stabilities.  The  external  sub-layer  of  pure  titanium  which  is  much  thicker  is 
almost  the  sum  of  the  extern?’  sub-layer  and  the  internal  sub-layer  of  another  two 
alloys. 
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Fig  7  Relationships  between  the 
ion  current  of  oxygen  meas¬ 
ured  by  ion  probe  and  the 
depth  of  bombarding  pitch 
(during  the  bombarding  pro¬ 
cess  the  Ar  ion  current, 
10”®  A,  time,  800  second) 


Table  2  Oxidation  resistance  and  thickness  of  oxide  layer  of  several  Ti-alloys 


W«»9ht  in¬ 

Depth 

thicknen 

thicknea  of 

creasing  tn 

of  pitch 

of  oxygen 

oxygen  solid 

Vathod 

Vaterial 

o«idaUon 

Method 

Material 

saturation 

sokitior 

pre  area 

(pm) 

layer 

layer 

mg  /  cm* 

((un) 

((im) 

increasing 

pure  Ti 

0  137 

depth 

prue-Ti 

79  7 

35  87 

- 

weight 

D 

0  060 

analysis 

in  oxida¬ 

A 

0  034 

using 

tion 

3 

0  015 

ion  probe 

A 

82  6 

8  26 

24  78 

ri-e343S 

0  041 

and  SEM 

t 

0  033 

(■ 

0  025 

0 

89  8 

7  18 

26  94 

1,894 

The  oxidation  resiatance  of  Ti-alloy  mainly  deoenda  upon  the  oxidation  tem¬ 
perature.  duration,  the  nature  of  atomoaphere.  propertiea  of  alloying  elementa  and 
their  amount  [3].  The  diatribution  of  alloying  elementa  in  the  oxide  layer  haa  much 
to  do  with  their  propertiea.  in  general,  the  aolubility  and  the  poaition  of  atack  of  the 
oxidea  formed  in  the  titanium  dioxied  determinea  the  poroaity  of  the  acale.  It  may  re¬ 
duce  the  oxidation  rate  to  form  atronger  protecting  oxide  acale.  increaae  the  internal 
diffuaion  barrier  of  oxygen  into  the  titanium  dioxide.  It  aeema  that  alloying  elementa 
Nb  and  W  have  different  effecta  on  that. 

CONCLUSION 

1.  Titanium  alloy  ingot  with  homogeneouaiy  diatributed  chemical  compoaition  free 
from  incluaion.  aegregation  and  other  metalic  defecta  can  be  made  by  adding  maater 
alloya  Al-Nb.  Al-W  aa  the  additivea  of  P  itomorphoua  alloying  elementa  Nb  and  W. 

2.  Alloying  element  Nb  haa  no  atrong  effect  on  the  atrength  of  Ti-alloy.  Conaidering 
the  mechanical  propertiea  comprehenaively.  a  proper  content  of  Nb  ia  0.6—1%  .  Nb 
can  improve  the  aurface  stability  and  increase  the  oxidation  resistance  of  Ti-alloy 
exposed  at  high  temperature. 

3.  Alloying  element  W  can  be  raise  the  strength  and  the  resistance  of  creep  in  Ti-al¬ 
loy.  but  has  less  contribution  to  the  resistance  of  oxidation  in  Ti-alloy  than  Nb. 
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Ahetiect 

Thif  paper  reports  on  a  study  to  detennine  the  tensile  properties  of  post— superplastically  formed 
Ti-6AI-4V  fine  grain  sheet.  Superplastic  tensile  tests  of  specimens  were  carried  out  at  various  tem¬ 
peratures,  initial  strain  rate,  strains  and  cooling  rates.  The  room  temperature  tensile  properties  for 
specimen  of  post-superplastkally  formed  spedmens  were  then  measured.  The  effects  of  the  different 
superplastic  conditions  on  the  room  temperature  tensile  properties  were  explained  through  their  ef¬ 
fect  on  microstructure. 

Key  words:  Titanium  alloy.  Superplastic  tensile,  tensile  properties. 

Introduction 

Ti-6AL-4V  alloy  has  a  high  strength  to  weight  ratio,  good  corrosion  resistance,  heal  resistance 
and  excellent  fatigue  resistance  as  well  as  fracture  toughness  values.  Although  these  properties  are 
ideal  for  materials  which  can  be  used  in  the  aerospace  and  chemical  industries,  it  is  difficull  to  manu¬ 
facture  parts  from  titanium  alloys  by  traditional  methods.  However,  superplastic  forming  recently 
has  been  developed  as  an  advanced  foming  technigue. 

Although  research  on  the  superplasticity  of  titanium  alloys  has  been  conducted  for  some  lime, 
there  little  dau  on  the  change  of  mechanical  properties  (such  as  tensile  property,  fracture  toughness 
and  fatigue  strength)  of  post-superplasiically  foroed  tiunium  alloys.  In  this  paper,  the  tensile  prop¬ 
erties  of  post-superplastically  formed  titanium  alloys  have  been  studied  under  different  conditions  of 
superplasticity. 


Experiment  Procedure  and  Results 

The  material  used  in  this  study  was  2mm  thick  Ti-6AI-4V  fine  grain  sheet.  Its  as  -  received 
structure  was  equiaxed  a+fi.  The  superplastic  specimen  gauge  size  was  1 5  x  6mm.  Testing  was  carried 
out  on  S  Ton  material  testing  machine  with  an  electrical  furnace.  The  specimens  were  placed  into  the 
electric  furnace,  heated  to  temperature  for  IS  minutes,  and  then  pulled  to  different  elongation.  When 
the  superplastic  tensile  experiment  was  finished,  the  specimen  was  removed  form  furnace.  A  ISmm 
long  gauge  on  the  specimen  surface  was  polished.  The  measurement  of  the  room  tensile  properties 
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was  carried  out  od  WD-l  type  tettiag  machine.  A  lOmm  lastron  displacement  sensor  was  used  to 
moniter  room  elongation.  Analysis  of  the  microstnicturc  was  performed  using  on  Olympus 
meullographic  microscopic  and  JEM-2000EX  TEM. 

The  superplastic  tensile  experimenu  mere  conducted  using  different  temperatures  and  different 
initial  strain  rates.  After  the  specimens  were  pulled  to  certain  elongations,  the  specimens  were  cooled 
in  furnace  at  different  rates  and  then  removed.  The  tensile  specimens  were  then  pulled  to  fracture  at 
room  temperature.  With  this  procedure  we  investigated  the  effects  of  temperature,  initial  strain  rate, 
elongation  and  rate  of  furnace  cooling  on  the  tensile  properties  of  post-superlastically  formed  mate¬ 
rial  properties. 

1 .  The  effect  of  temperature  on  post-superplastically  formed  tensile  properties. 

The  effect  of  temperature  on  tensile  strength,  yield  strength  and  elongation  at  different  tempera¬ 
ture  is  shown  in  Fig.1 .  This  figure  shows  that  higher  superplastic  forming  temperatures  led  to  higher 
strength  and  lower  elongation.  Because  fi  phase  has  higher  stability,  the  structure  has  no  change 
when  it  is  cooled  to  the  air  from  820C  .  The  structure  is  softer,  so  the  strength  is  lower  and  the 
elongation  is  higher.  However,  as  tension  temperature  rising,  some  of  fi  phase  will  change  into 
sencondary  platelet  a  phase  when  it  is  cooled.  Then  the  microstructure  at  room  temperature  is  prima¬ 
ry  a-i- transformed  phase  in  which  the  transformed  includes  a  sencond  a  phase  and  retained  The 
volume  fraction  of  primary  a  phase  decreased  and  volume  of  transformed  fi  increases  at  higher  tem- 
(leraiure.  As  a  result,  the  strength  will  increase  and  the  elongation  will  decrease.  Fig.2  shows  the 
microstructures  at  850C  and  920C .  We  can  see  that  the  grain  sizes  at  the  two  temperatures  are  simi- 
ler.  However,  at  920t; ,  the  grains  are  more  equiaxed  and  the  volume  of  transformed  is  greater  than 
that  at8S0t. 


Fig.l  Under  the  superplastic  conditions  of  S.6  x  lO*^!  /  s  initial  strain  rate,  100% 

elongation  and  air  cooling,  the  effect  of  temperature  on  the  tensile  properties. 


2.  Effect  of  strain  rale  on  post-superplastically  fomed  tensile  properties 

The  effect  of  the  initial  strain  rate  on  the  strength  and  elongation  of  post-superplastically 
formed  Ti-6AI-4V  is  illustrated  in  Fig.3.  The  specimen  were  pulled  at  high  temperature  and  show 
microstructure  changes  along  with  the  property  differences.  At  lower  strain  rates,  the  specimens 
spend  more  time  at  high  temperature.  The  grain  size  increases  which  leads  to  a  decrease  in  yield 


(a)  SSOC 


(b)  920t: 


lO/im 

Fig.2  Under  the  superplastic  conditions  of  5.6  x  lO”*!  /  s  initial  strain  rate,  100% 

elongation  and  air  cooling,  the  effect  of  temperature  on  microstruclure,  650X 


of  posi-superplastic  forming 

strength  and  elongation.  Higher  initial  strain  rates  result  in  shorter  times  at  high  temperatures.  The 
grain  size  remains  small  and  the  yield  strength  and  elongation  increase. 

Under  the  superplastic  forming  condition,  properly  increasing  strain  rate  will  be  beneficial  to 
post-superplastically  formed  tensile  properties.  If  the  strain  rate  exceeds  the  optimumrange  of 
superplastic  strain  rates,  more  Cavitations  form.  The  intergranular  strength  will  be  weaked.  So  the 
yield  strength  and  elongation  of  post-superplasiic  forming  will  be  decreased. 

At  a  superplastic  elongation  of  200%,  the  effect  of  the  initial  strain  rate  on  the  microstructurc  is 
shown  in  Fig.4.  The  grain  sizes  vary  inversely  with  the  strain  rates  as  shown  in  Fig.5. 

3.  The  effect  of  elongation  on  post-super  plastically  formed  tensile  properties 
At  the  5.6 X  10  J  /  s  initial  strain  rate,  the  effect  of  superplaslic  elongation  on  the  tensile  prop¬ 
erties  is  showed  in  Fig.6.  The  greater  the  superplastic  elongation,  the  lower  the  yield  strength  and  the 
smaller  the  elongation.  The  effect  of  the  superplastic  elongation  on  microstructure  is  shown  in  Fig. 7. 
The  grain  sizes  change  with  elongation  as  seen  in  Fig.8.  As  elongation  increases,  the  specimens  spend 


(b)  3.88 xJO"^  J/s 


(d)  9.39x10'^  I/» 


Fig.4  Under  the  condition  of  920U  ,  200%  and  air  cooling,  the  cfTcct  of  the  initial 
strains  rates  on  the  microstructure,  6S0X. 
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Fig.5  Under  the  condition  of  920C  ,  200%  and  cooling  in  air,  the  cITcct  of  the  initial 
strain  rales  on  the  sizes  of  grains 

more  time  at  high  icmpcration  and  the  grains  grow  larger.  Therefore  the  tensile  strengths  and 
elongations  are  reduced. 

The  inicrostruciure  of  deformed  zone  (gauge)  and  undefomed  zone  (shoulder)  were  examined 
for  the  speamen  deformed  at  920t: ,  an  initial  strain  rale  of  5.6  x  I0"*1  /  s,  320%  elongation  and  air 
cooled.  The  raicrostnicture  (see  Fig.9)  show  that  the  grain  size  of  superplastically  deformed  zone  is 
clearly  larger  than  that  of  undeformed  zone.  Although  the  size  of  the  undeformed  zone  has 
recrystalUzed  into  an  exquiaxed  fine  gram  microsinicture,  the  grain  size  has  not  increased.  Fig.7  and 
Fig.8  show  that  superplastic  forming  stimulates  grain  growth. 


4  Effect  of  the  time  of  furnace  cooling  on  posi-superplastically  formed  tensile  properties. 

When  superplastic  forming  process  was  Finished,  the  specimens  were  removed  and  either  air 
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Fig.6  Under  the  condition  of  the  S.6 
X  t0**l  / 1  initial  ttrain  rate,  the  cITcci  of 
tuperplattic  tensile  elongations  on  post- 
superplastkally  fonned  tensile  properties. 


(c)  250% 


(d)  300% 


(e)  350% 


Jig.7  Under  the  condition  or920t: ,  5.6  x  10  1  /  s 
and  air  cooling,  the  cfTcct  of  supcrplastic 
elongations  on  microstnicture,  650X. 
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Fig.8  Uiidertliecoiiditionor920t:.5.6 
X  10~*1  / 1  ud  air  cootinf.  the  crTect  or 


(,)  luideromed  zone  10^  (b)  deformed  zone 

Fig.9  Under  the  condition  of  920U ,  S.6  x  t0~*l  / 1, 320%  and  aircooling,  6S0X. 


cooled  or  furnace  cooled  for  a  period  of  time  and  then  air  cooled.  In  our  test,  furnace  cooling  for  O.S 
hour  from  920U  corresponds  to  furnaces  cooling  to  640U  and  then  air  cooling.  1  hour  corresponds 
to  460U  .  2  hours  corresponds  to  2<I0U  .  4  hours  corresponds  to  50C  .  6  hours  corresponds  to  room 


temperature. 

The  effect  of  the  cooling  condition  on  yield  strength  and  elongation  can  been  seen  in  Fig.lO.  It 
shows  that  the  cooling  condition  has  little  effect  on  the  post-superplasiiccilly  formed.  The  yield 
strength  and  elongation  are  higher  after  air  cooling  while  furnace  cooling  produces  only  small 
changes.  Fig.lt  show  the  effecu  of  the  cooling  condition  on  the  microstructures.  The  grain  sizes 
shows  little  change  under  the  furnace  cooling  condition.  While  ft  phase  between  a  phases  increases 
with  the  furnace  cooling.  A  comparision  nrith  the  corresponding  air  cooled  microstructure  in  Fig.4(c) 
shows  that  the  grain  size  is  smaller  after  air  coolir  The  air  cooled  microstructure  of 
post-superplastically  formed  consists  of  primary  sr*-trai  '  rmed  P  (platelet  sencondary  a-rretained 
P).  Fig.12(a)  and  (b)  arc  TEM  structures  for  diflerent  f  <ming  conditions  following  air  cooling,  in 
which  the  large  grains  are  primary  a  phase,  the  platelets  are  sencondary  a  phase  and  remainer  is 


phase.  There  are  many  dislocations  in  the  air  cooled  samples.  Fig.l2(c)  and  (d)  are  TEM  structures 
following  furnace  cooling,  in  which  the  sencondary  a  phase  in  transformed  P  is  globuler  like  the  pri¬ 
mary  a  phase.  The  retained  phase  lies  in  the  a  phase.  The  dislocations  in  a  phase  decrease  gradually 
while  the  boundaries  of  a  and  P  phase  become  straight  with  increased  time  for  furnace  cooling.  After 


(a)  0.5  hour  (b)  1  hour  (gf  4  hours 

Fig.l  I .  After  the  superplastic  stension  of  920t ,  5.6 x  lO"^!  /  s  and  200% ,  the  efTcct 
of  time  of  furnace  cooling  on  microstructure,  650X. 


(c)  100%,  furnace  cooling  I  hour  ^||||  (j)  1 00%.  furnace  cooling  4  hours 

Fig.  12  Under  the  superplastic  condition  of 920C  .  5.6  x  I0~*1  /  s,  5,000X 
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ConduMooi 

We  tummerite  the  experinenul  retulu  ai  follow: 

1.  The  tuperplastk  foming  temperetufe*  eflect  the  teatile  propeniet  of  poti-tuperplaitically 
foimed  Ti-6A1-4V.  la  the  air  cooled  condition,  higher  forming  temperatures  increase  the  yield 
strength  and  decrease  elongation. 

2.  The  initial  superplastk  forming  strain  rates  also  affect  the  tensile  properties  of 
post-superplastically  formed  material.  Properly  increasing  strain  rates  wiU  be  beneficial  to 
post-superplastically  formed  tensile  properties. 

3.  The  larger  the  superplastk  elongation,  the  lower  the  tensile  perperties. 

4.  The  cooling  rate  following  superplastk  forming  has  little  effect  on  post-supcrplastkally 
formed  tensile  propertks. 
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Abstract 

Analysis  of  superplastic  forming  requires  that  the  material  behavior  be  accurately  quantified. 
A  model  has  been  developed  which  captures  the  changing  strain  rate  sensitivity  occurring  be¬ 
tween  superplastic  regions  II  and  III  and  which  accounts  for  strain  path  dependence  of  the  flow 
stress.  Isothermal  compression  tests  have  been  conducted  for  strain  rates  of  10~*  to  10"®  s"’ 
and  temperatures  of  875  to  950  for  nine  different  equiaxed  microstructural  states.  Tension 
and  compression  tests  were  found  to  give  the  same  stress  response.  Static  and  deformation 
enhanced  grain  growth  have  been  measured  and  their  relation  to  strain  hardening  discussed. 
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Introduction 


The  application  of  superplastic  material  behavior  to  the  production  of  complex  parts  requires 
that  pressure  cycles,  temperatures,  and  other  processing  conditions  be  designed  to  minimize 
tensile  localization.  Computer  simulation  allows  one  to  efficiently  examine  the  effect  of  changing 
these  conditions  and  to  determine  process  variable  cycles  which  produce  optimum  workpieces. 
For  the  results  of  simulations  to  be  meaningful,  it  is  essential  that  the  material  behavior  be 
described  by  an  accurate  model.  According  to  state  variable  methodology,  the  current  stress 
response  of  a  material  should  depend  only  on  the  current  conditions  such  as  imposed  strain  rate, 
temperature  and  its  current  microstructural  state.  Some  models  have  used  variables  related  to 
the  material’s  history  such  as  plastic  strain  or  time  successfully  because  over  limited  paths, 
such  variables  closely  correlate  with  the  state.  However,  this  is  not  the  case  for  superplastic 
forming  of  titanium-6AI-4V  since  the  material  typically  undergoes  a  complex  strain  path  and  the 
predominant  state  variable,  grain  size,  does  not  depend  on  strain  or  time  in  a  path  independent 
manner. 

Characterization  of  the  material  behavior  can  be  divided  into  two  parts:  the  kinetics  of  flow 
at  constant  microstructural  state  and  the  kinetics  of  the  evolution  of  state.  The  kinetics  at  fixed 
state  gives  the  instantaneous  effective  stress,  a,  for  various  strain  rates,  t,  temperatures,  T,  and 
sets  of  relevant  state  variables,  {5}. 


o  =  <r(€,r,{5})  (1) 

The  evolution  of  state  describes  how  the  microstructure  will  change  over  large  strains,  and  it  is 
cast  in  rate  form  so  that  it  will  apply  for  any  strain  rate  or  temperature  history. 

Si  =  Si{i,T,{S})  (2) 

Modeling  of  the  Microstructural  State 

The  choice  of  proper  state  variables  to  be  included  in  {S}  is  an  important  step  in  the 
development  of  an  accurate  material  model.  A  number  of  authors  [1,2,3, 4]  have  presented  a 
comprehensive  list  of  state  variables  for  superplastic  titanium  alloys,  the  most  important  of 
which  are  a/0  phase  volume  fractions,  average  grain  sizes,  grain  size  distributions,  grain  shape 
and  phase  contiguity. 

The  temperature  dependent  volume  fraction  of  the  phases  naturally  effects  the  flow  stress 
and  could  be  the  cause  of  the  abnormally  high  thermal  activation  energy  [3,4].  However,  because 
the  equilibrium  volume  fraction  depends  exclusively  on  the  current  temperature  and  not  on  the 
thermomechanical  history,  its  effect  may  be  incorporated  implicitly  through  the  temperature 
dependence  of  the  kinetics  of  flow.  This  approach  is  an  approximation  since  for  large,  rapid 
changes  in  temperature  the  volume  fraction  may  differ  from  equilibrium. 

The  importance  of  grain  size  distribution  for  the  kinetics  of  flow  can  be  estimated  from  the 
dependence  on  average  grain  size,  Z3.  From  studies  in  the  literature  [2,5]  as  well  as  this  work, 
the  stress  in  region  11  has  a  grain  size  exponent  of  approximately  1  while  deformation  rate  has 
an  exponent  of  approximately  -2. 

a  ^  a{i,T)(L3V  ■,  c  «t(<7,7')(Z3)-'  (3) 

If  one  applies  these  relations  for  individual  grains  of  different  sizes  and  assumes  an  iso-strain 
rate  condition  on  a  microscopic  scale,  then  the  exponent  of  approximately  1  results  in  the 
average  stress  depending  only  on  average  grain  size.  If  one  assumes  an  iso-stress  condition  then 
the  exponent  of  -2  on  grain  size  causes  the  relationship  between  average  deformation  rate  and 
stress  to  depend  not  only  on  the  grain  size  average  but  also  on  its  distribution.  Raj  and  Ghosh  [6] 
have  demonstrated  the  importance  of  grain  size  distribution,  but  this  modeling  was  conducted 
for  diffusional  creep  which  has  a  stress  grain  size  exponent  of  3.  Thus,  if  the  iso-strain  rate 
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condition  is  dominant  for  a  material  with  a  stress  grain  size  exponent  of  approximately  1,  grain 
size  distribution  should  have  little  effect  on  the  average  kinetics  of  flow. 

In  this  work  as  in  many  others,  the  important  state  variable  was  hypothesized  to  be  the 
average  grain  size  of  the  a  phase.  While  the  size  of  the  0  grains  is  also  important,  it  is  assumed 
that  0  grain  size  is  proportional  to  a  grain  size.  Since  the  function  of  the  a  grains  is  to  retard 
grain  growth  of  the  0  phase,  the  size  of  the  0  grains  should  be  related  to  the  a  mean  free  path 
which  is  proportional  to  the  a  average  graun  size  through  the  phase  volume  fraction. 

Average  grain  size  of  the  q  phase  was  evaluated  by  measuring  the  mean  linear  intercept,  Z3, 
in  three  orthogonal  directions,  the  rolling  direction,  transverse  direction  and  normal  direction 
(RD,  TD  and  ND)  of  the  cross  rolled  titanium  plate.  It  was  estimated  that  these  directions 
corresponded  to  the  principal  directions  of  the  orthotropic  material  properties  based  on  exami¬ 
nation  of  the  microstructure.  The  use  of  directional  grain  sizes  allows  average  grain  shape  to  be 
computed  which  can  be  represented  as  a  second  rank  tensor  [7]  for  use  in  an  anisotropic  model. 
When  the  material  response  is  approximated  as  isotropic,  an  effective  grain  size  is  used,  defined 

(4, 

Experimental  Method  and  Results 

The  experimental  apparatus  consisted  of  an  MTS  servo-hydraulic  load  frame,  a  three  zone 
split  tube  furnace  and  MAR-M246  alloy  push/pull  rods.  Samples  with  six  different  equiaxed 
microstructures  were  obtained  from  the  RMI  Titanium  Company  and  the  General  Electric  Com¬ 
pany.  Isothermal  compression  and  tension  tests  were  conducted  in  an  air  atmosphere;  to  decrease 
the  diffusion  rate  of  impurities,  the  titanium  specimens  were  coated  with  a  glass  barrier.'  The 
diameter  of  the  compression  specimens  varied  between  4  and  10  mm  depending  on  the  thickness 
of  the  rolled  plate,  while  the  height  was  1.5  times  the  diameter.  The  axisymmetric  tensile  spec¬ 
imens  had  a  gauge  diameter  of  4.5  mm  with  a  gauge  length  of  38  mm.  Grooves  were  machined 
on  the  ends  of  the  cylindrical  compression  specimens  to  retain  and  distribute  a  second  glass 
coating^  used  as  a  lubricant.  Silicon  nitride  platens  proved  to  remain  smooth  during  the  testing, 
resulting  in  only  slight  barreling  of  the  samples. 

The  furnace  and  load  train  were  preheated  to  the  test  temperature.  The  compression  speci¬ 
men/platen  or  tensile  specimen/collar  assembly  was  placed  into  the  furnace  and  allowed  to  sit 
for  fifteen  minutes  to  retrieve  temperature  uniformity.  After  testing  the  samples  were  removed 
from  the  furnace  and  air  cooled.  The  specimens  were  typically  small  enough  so  that  cooling 
rates  were  adequate  to  produce  a  fine  transformed  a  phase  which  was  easily  distinguishable 
from  the  primary  a  during  metallographic  examination. 

To  obtain  data  for  the  kinetics  of  flow  at  fixed  state,  isothermal  strain  rate  jump  tests  were 
performed.  For  a  typical  test  the  stress  could  be  measured  for  seven  strain  rates  between  10"®  ° 
and  10"®'°  s"*  in  as  little  as  7%  strain,  resulting  in  little  change  of  the  microstructure.  Tests 
were  repeated  for  temperatures  of  875,  900,  925  and  960  ®C.  The  strain  rate  and  temperature 
dependencies  were  obtained  for  the  six  sources  of  titanium  in  their  as  received  state  as  well  as 
for  three  of  them  deformed  to  a  strain  of  0.4  at  a  strain  rate  of  10"^  °  s"'  and  temperature  of 
900  “C.  The  de/ormed  specimens  were  remachined  before  performing  strain  rate  jump  tests. 

The  directional  mean  linear  intercepts  were  measured  on  planes  with  RD  and  TD  normals. 
Five  micrographs  were  taken  for  each  plane  with  mean  linear  intercepts  being  measured  in  two 
perpendicular  directions.  In  this  manner  approximately  500  intercepts  were  counted  for  each 
directional  grain  size  resulting  in  a  standard  deviation  of  2-4%  of  the  average  for  the  effective 
grain  size.  The  measurement  of  the  directional  L3  and  the  computation  of  are  given  in 
Table  I. 

’Deltsglaze  13,  Acheaon  Colloids  Company 

*TK  13073,  Acheson  Colloids  Company 


Table  I:  Mean  linear  intercepts  of  the  a  grains  in  the  transverse,  normal  and  rolling  directions 
at  925  °C  and  the  computed  effective  grain  sizes;  States  #1A  and  #1B  are  different  heats  of 
the  same  plate  product;  units  are  micrometers. 


Figure  2:  Microstructural  State  Dependence  of  Flow  Kinetics 
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Figure  3:  Static  Grain  Growth  Data  and  Model 


Comparison  of  tension  and  compression  showed  no  distinguishable  effect  of  the  mean  stress® 
on  the  kinetics  of  flow  as  shown  in  Figure  1.  Thus,  the  use  of  compression  tests  to  obtain  data 
for  tensile  superplastic  models  is  justified.  All  subsequent  data  are  from  compression  tests. 

The  strain  rate  dependence  for  various  states  at  constant  temperature  is  shown  in  Figure  2. 
The  presence  of  two  regions  is  apparent.  At  lower  strain  rates  and  smaUer  grain  sizes,  grain 
boundary  sliding  of  region  II  produces  a  higher  slope  or  strain  rate  sensitivity,  m.  At  higher 
strain  rates  and  grain  sizes,  dislocation  creep  of  region  III  becomes  activated  and  m  decreases. 
The  strain  rate  at  which  the  region  II-III  transition  takes  place  is  strongly  dependent  on  the 
grain  size  with  smaller  grains  having  a  higher  transition  strain  rate. 

At  high  temperatures  and  small  grain  sizes,  the  temperature  dependence  was  noted  to  be 
abnormal.  For  the  as  received  States  #3  and  #4,  the  stresses  at  950  °C  were  equal  to  or  greater 
than  those  at  925  °C.  The  deformed  State  #3  had  stresses  at  950  ®C  which  were  only  slightly 
lower  than  at  925  °C,  while  all  larger  grain  size  states  had  normal  temperature  dependence. 

Grain  size  evolution  experiments  were  conducted  in  compression  for  900  and  925  ®C  primarily 
for  State  #  3.  Grain  sizes,  measured  for  static  conditions  as  well  as  for  three  strain  rates,  are 
plotted  in  Figures  3  and  4.  The  rate  of  growth  was  practically  the  same  for  all  three  directional 
grain  sizes,  and  Z3®.  The  different  slopes  for  different  strain  rates  in  Figure  4 

demonstrate  'hat  the  use  of  strain  to  predict  the  grain  size  dependent  flow  stress  is  inadequate. 

Material  Model  F\inctional  Forms 


Kinetics  at  Fixed  State 

The  hyperbolic  sine  has  been  used  to  match  creep  data  over  a  wide  range  of  strain  rates  [8]. 
The  following  modified  functional  form  was  used  to  describe  the  kinetics  of  flow  at  fixed  state 
with  Z3  =  1  fim  being  present  purely  to  simplify  units. 


<T  =  CToils^^) 


(5) 


=  (6) 

The  inverse  hyperbolic  sine  factor  captures  the  strain  rate  dependence  of  the  data  in  Figure  2; 
the  high,  constant  m  of  region  II  goes  through  a  transition  to  lower  m  values  at  approximately 

^Omtcn  ~  (ffll  +  022  +  ff33)/3 
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Figure  4;  Grain  Growth  Data  and  Model  at  Strain  Rates  of  10“®,  10~^  and  10~*  s"' 
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Table  II:  Parameters  for  Kinetics  of  Flow 


a  strain  rate  of  Combres  and  Levaillant  [5]  have  discussed  a  transition  grain  size  as  a 

function  of  strain  rate  a.id  its  derivation  from  mechanisms.  Their  results  estimate  a  grain  size 
exponent  between  -2.5  and  -4.0  which  agrees  with  p;  =  -2.73  from  the  fits  below.  Note  that 
Q  is  not  a  true  activation  energy  since  its  exponential  factor  normalizes  stress  not  strain  rate. 
However,  in  region  II  for  f/co  <  1.  the  activation  energy  will  be  approximately  nQ. 

Another  possible  approach  to  capture  the  transition  between  regions  II  and  III  is  to  add  the 
strain  rate  contributions  of  grain  boundary  sliding  and  dislocation  creep  [9,10].  For  the  velocity 
based  finite  element  method,  this  requires  an  iterative  solution  for  the  stress  given  the  imposed 
or  guessed  strain  rate,  whereas  the  above  inverse  hyperbolic  sine  model  gives  the  stress  directly. 

The  parameters  were  computed  by  nonlinear  regression  one  at  a  time  with  the  computed 
values  being  fixed  and  used  in  subsequent  parameter  fits.  They  were  fit  in  the  order,  n  — *  to  — ' 
(?  -•  (7o  with  the  results  being  given  in  Table  II.  The  parameters,  n,  to  and  Q  showed  no 
distinguishable  trend  when  comparing  as  received  versus  deformed.  The  parameter  Oq,  however, 
was  smaller  for  the  deformed  materials.  Other  experiments  in  this  work  have  also  revealed  a 
relative  softening  of  the  material  when  superplastically  deformed  from  the  mill  annealed  state. 
Possible  causes  are  recrystallization  and  refinement  of  the  d  grains  relative  to  the  a  mean  free 
path  and  o  contiguity  which  decreases  with  deformation  as  clusters  of  o  are  separated  by  /? 
phase  [11].  This  potentially  important  effect  has  not  been  accounted  for  in  the  present  model. 

A  comparison  of  the  model  for  flow  kinetics  with  the  experimental  data  is  shown  in  Figure  5 
for  four  states  at  925  °C.  It  should  be  noted  that  the  parameter  fits  were  conducted  for  sig¬ 
nificantly  more  data  than  is  shown  in  Figure  5  including  five  additional  states  and  three  other 
temperatures.  In  general,  the  basic  trends  of  decreasing  slope  at  the  region  II-III  transition  and 
the  grain  size  dependence  of  the  stress  are  captured.  The  precise  shape  at  the  transition  is  not 
captured  well  since  the  data  for  State  #  1  actually  crosses  over  States  #2  and  #6.  This  may  be 
caused  by  the  influence  of  state  variables  other  than  average  a  grain  size  which  are  not  constant 
for  the  different  materials  tested  here. 

Evolution  of  State 

lb  model  the  grain  growth  phenomenon,  the  static  and  deformation  enhanced  grain  growth 
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Figure  5;  Comparison  of  the  Kinetics  of  Flow  Model  with  Experiment,  925  °C 
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Table  III;  Parameters  for  Grain  Size  Evolution 


portions  were  assumed  to  take  place  independently.  An  additive  decomposition  of  the  growth 
rate  of  the  effective  grain  size  was  used. 


^static  -  i-def 

L3  =£3  (r,£3)  +  i3  (i,T,L3) 


(7) 


The  functional  form  for  static  grain  growth  has  been  derived  and  discussed  in  the  literature  [12]. 


Once  the  static  grain  growth  component  is  estimated,  it  can  be  subtracted  from  the  total 
grain  growth  to  obtain  the  deformation  enhanced  portion.  Grain  growth  was  noted  to  be  con¬ 
siderably  slower  for  larger  grain  sizes  and  so  a  saturation  factor  was  used  in  the  functional  form 
for  deformation  enhanced  grain  growth. 

i  total 

Least  squares  regression  gave  the  parameters  in  Table  111  and  integration  of  gave  the 
curves  in  Figures  3  and  4. 


Discussion  and  Summary 

To  au;hieve  the  large  tensile  strains  often  necessary  during  superplastic  forming  the  ability 
to  inhibit  necking  is  provided  through  high  strain  rate  sensitivity  and  strain  hardening.  Exam¬ 
ination  of  the  trends  indicated  by  the  present  model  and  data  helps  illuminate  the  interaction 
of  these  two  effects. 
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The  strain  rate  sensitivity,  m,  is  relatively  constant  in  the  grain  boundary  sliding  regime 
but  begins  to  decrease  as  the  strain  rate  exceeds  Thus,  can  be  thought  of 

approximately  as  the  highest  strain  rate  for  which  m  is  still  acceptable  for  superplasticity.  Grain 
growth  has  a  negative  impact  on  m  as  it  will  lower 

The  microstructural  foundation  of  strain  hardening  is  predominantly  grain  growth.  The 
static  grain  growth  portion  is  not  expected  to  help  stabilize  flow  locaUzation  since  the  hardening 
of  the  material  occurs  uniformly  throughout  the  part  [13].  However,  the  deformation  enhanced 
portion  of  grain  growth  occurs  at  a  faster  rate  for  higher  strain  rates.  Thus,  grains  will  grow 
faster  in  the  necking  region.  The  impact  of  deformation  enhanced  grain  growth  on  stabilization 
will  be  greater  for  lower  strain  rates  since  the  grain  size  dependence  of  the  flow  stress  is  higher 
for  grain  boundary  sliding  than  for  dislocation  creep. 

Thus,  at  low  strain  rates  the  grain  growth  has  a  significant  static  component,  which  con¬ 
tributes  no  strain  hardening.  At  high  straiin  rates,  deformation  enhanced  grain  growth  may 
occur,  but  the  grain  size  dependence  of  the  flow  stress  will  be  low.  At  intermediate  strain  rates 
both  deformation  enhanced  grain  growth  and  high  grain  size  dependence  of  the  stress  occur, 
resulting  in  the  greatest  contribution  to  stabilization  for  a  given  amount  of  grain  growth. 

The  interaction  of  strain  rate  sensitivity  and  strain  hardening  results  in  complex  behavior 
with  the  net  effect  on  localization  resistance  depending  on  the  particular  quantitative  depen¬ 
dencies.  Because  of  this  complexity  and  the  strain  path  dependence,  the  need  for  an  accurate 
state  variable  material  model  is  apparent. 
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Abstract 

Small  crack  growth  data,  measured  by  t^tical  and  potential  difference  techniques,  are  repotted 
for  the  titanium  alloy  IMI 829.  Part-tlmugh  crack  aevelcqnnent  has  been  studied  in  the  uniform 
stress  field  of  a  Comer  Crack  (CC)  specimen  and  in  the  complex  stress  field  of  a  thick  section 
(10  mm)  double  edge  notch  (DEN)  test  piece.  Through  cracks  have  been  assessed  in  a  thin 
section  (2  mm)  venion  of  the  DEN  geometry.  The  programnw  explores  the  role  of  section 
thickness,  microstructure,  applied  stress  and  R  value  in  the  development  of  small  cracks. 

Introduction 

Stress  concentration  features  such  as  holes  and  machined  radii  are  unavoidable  design  limitations 
in  most  engineering  applications.  Knowledge  of  fatigue  crack  growth  behaviour  at  notches, 
therefore,  is  of  paramount  importmce  to  designers.  In  nuuiy  qrplications  iixm  of  the  service 
life  of  a  component  can  be  spent  in  the  snuill  crack  regime  where  growth  may  not  be  readily 
quantified  by  linear  elastic  riwtuie  mechanics.  In  such  cases  small  fatigue  crack  propagation  at 
notches  must  be  characterised  for  accurate  component  life  predictions. 

The  present  programme  of  work  set  out  to  compare  and  contrast  the  development  of  small  fatigue 
cracks  at  a  stress  concentration  feature  with  the  growth  of  an  equivalent  crack  at  a  plain  surface. 
It  concentrated  particularly  on  the  role  of  ^plied  stress,  covering  a  range  that  encompassed  both 
elastic  and  elasto-plastic  regimes  of  behaviour,  and  of  mean  stress  thrwgh  a  range  of  R  values. 
For  the  experimental  evaluation,  the  near  alpha  titanium  alloy  I^  829 
(Ti,S.S  Al,3.SSn,3Zr,l  Nb,0.25Mo.0.3SSi)  was  ^cirically  chosen.  It  is  an  important  engmeering 
alloy  in  the  gas  turbine  industry  being  used  in  a  number  of  primary  enpne  qrplications  as 
comimssor  discs  and  blades.  It  has,  however,  a  comparatively  coarse  structure  thmby  making 
it  an  ideal  vehicle  for  evaluating  interactions  between  crack  growth,  microstructure  and  notch 
geometry. 


Experimental  Equipment  and  Procedure 

The  IMI  829  specimens  were  machined  from  bar  stock  which  had  been  given  a  solution  treatment 
at  10S0°C  for  30  minutes  followed  by  air  cooling  and  ageing  at  62S'*C  for  two  hours.  This 
produced  an  essentially  basketweave  Widmanstatten  alpha  microstructure  with  a  mean  prior 
beta  grain  size  of  0.S  mm  and  an  alpha  colony  size  of  0.2  mm. 
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A  Corner  Qrack  (CC)  specimen  with  a  10  mm  square  section  was  used  to  obtain  data  on 
part-through  cracks  at  plain  surfaces.  A  starter  slit  was  machined  into  one  comer  to  a  nominal 
depth  and  width  of  0.2S  mm  and  0.15  mm  respectively.  Small  crack  behaviour  at  stress 
concentrations  was  studied  using  double  edge  notch  (DE^  test  pieces.  A  thick  section  DEN 
was  used  to  evaluate  part-through  cracks.  It  had  a  cross  section  at  the  root  of  the  notch  identical 
to  that  of  the  CC  speamen.  The  notch  radius  was  3  mm  resulting  in  a  gross  section  (rf  10  x  16 
mm  and  a  k,  of  mproximately  1.9  with  respect  to  the  net  section  nominal  stress.  A  starter  slit, 
identical  to  that  for  the  CC  specimen,  was  machined  at  the  root  of  one  notch  to  facilitate  crack 
growth  noonitoring. 

A  thin  section  DEN  specimen  was  used  to  evaluate  through  crack  behaviour.  This  measured 
only  2  mm  along  the  notch  root  A  through  geometry  starter  slit  was  machined  at  the  root  of  one 
notch  to  a  nominal  depth  of  0.23  nun.  In  all  other  respecu  this  geome^  was  the  same  as  the 
thicker  section  test  piece.  The  One  starter  slits  ensured  initiation  of  a  single  crack  at  a  known 
location. 

Constant  load  amplitude  tests  were  conducted  at  room  tenqterature  in  laboratory  air  at  a  ircquency 
of  1  Hz  and  a  range  of  stresses  covering  several  R  values.  Computer  automated  d.c.  potenti^ 
drop  and  photomicroscopic  systems  were  used  to  monitorcrack  growth.  The  p.d.  system  provid«l 
average  crack  length  data  whilst  surface  lengths  were  recoded  by  the  optical  system.  The  p.<l 
system  was  also  used  to  record  the  voltage  across  the  crack  throughout  selected  ItMd  cycles  in 
o^r  to  detect  the  occurrence  of  crack  closure.  Crack  shape  development  was  assessed  in  terms 
of  pain  of  surface  crack  lengths.  Crack  shapes  were  obtained  at  the  end  of  pn^agation  tests  by 
examining  the  fracture  surfaces  optically  and  via  a  scanning  electron  microscope.  Growth  rates 
were  evaluated  in  terms  of  the  stress  intensity  factor  range,  AK.  Evaluations  of  K  fo  CC  and 
DEN  test  pieces  were  made  using  an  in-house  finite  element  programme  (1). 

Results 

For  all  test  piece  geometries,  crack  paths  were  tortuous  and  growth  rate  curves  in  the  form  of 
da/dN  against  surface  crack  length  showed  extensive  accelerations  and  decelerations  in  rate. 
This  is  similar  to  the  work  report  previously  (2). 


Figure  1 .  Growth  rates  in  terms  of  AK  for  CC  specimens,  R=0. 1  and  0.6.  Solid  lines  illustrate 
the  best  fit  and  tolerance  bands  to  the  data  for  RaO.l 


Crack  growth  rates  derived  from  p.d.  data  on  CC  specimens  are  plotted  against  6K  in  flgure  1 . 
These  were  used  for  comparison  with  growth  rales  at  stress  concentrations.  The  figure  includes 
best  fit  curves  and  9S%  tolerance  bands  for  the  R=0.1  tests  plus  data  at  450  MPa  and  R=0.6. 
There  is  a  linear  relationship  between  growth  rates  and  AAT  for  the  range  of  stresses  considered, 
250  -*  6O0MPa,  suggesting  that  a  Paris  relationship  is  appropriate.  The  scatter  is  relatively  low 
as  illustrated  by  the  spacing  of  the  tolerance  bands.  It  is  noticeable  that  the  R=0.6  data  are  well 
within  these  bands.  The  optical  data  showed  a  similar  dependence  on  AAT  except  that  the  scatter 
was  considerably  larger. 

The  growth  rate  data  from  thick  DEN  specimens  are  more  scattered  than  the  CC  results.  These 
data  are  shown  in  figure  2  together  with  the  tolerance  bands  for  the  CC  tests.  It  is  evident  that 
the  DEN  growth  rates  lie  within  the  CC  tolerance  bands.  Furthermore,  values  of  R  between  0. 1 
and  0.6  appear  to  have  little  effect  on  the  growth  response,  figure  3. 
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Figure  2.  Growth  rates  in  terms  of  AK  for  thick  DEN  specimens,  R=0.1.  Included  are  the 
tolerance  bands  for  data  from  CC  test  pieces. 
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Figure  3.  Growth  rate  data,  in  terms  of  AK,  fts-  a  iruximum  applied  stress  of  350  MPa  and  R 
values  of  0.1, 0.3, 0.5  and  0.6  on  thick  DEN  test  pieces. 


Figure  4  shows  that  ^wth  rate  data  for  through  cracks  in  thin  DEN  specimens  were  significantly 
dinerent  from  the  tUck  DEN  and  CC  test  pieces.  It  is  evident  that  stress  intensity  factors  alone 
are  not  sufficient  to  describe  the  behaviour.  There  is  a  marked  depen^nce  on  nominal  applied 
stress.  A  stepped  response  is  apparent  as  illustrated  in  figure  4  for  stress  levels  of  ISO  and  350 
MPa  and  R^O.!.  For  a  given  AAT.  ^wth  rates  are  higher  at  larger  applied  stresses.  The 
dependence  of  growth  rates  on  applied  stress  range,  when  R  is  constant,  complicates  the 
assessment  of  mean  stress  effects.  However,  a  dependence  on  R  value  can  also  be  found  within 
the  data. 


Figure  4.  Growth  rates,  in  terms  of  AK,  maximum  applied  stresses  of  150  and  350  MPa 
and  R=0.1  on  thin  DEN  specimens.  Included  is  the  best  fit  line  to  data  from  CC 
specimens. 

In  figure  5  growth  rates  are  plotted  for  a  maximum  applied  stress  of  83  MPa  and  R=0.1  together 
with  data  for  a  stress  of  250  MPa  and  R=0.7.  The  two  sets  of  data  have  the  same  stress  range 
(Ao  =  75  MPa)  but  they  do  not  behave  in  the  same  way  suggesting  that  the  growth  rates  of 
these  through  cracks  are  also  mean  stress  dependent. 
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Figure  5.  Growth  rates,  in  terms  of  AK,  for  250  MPa,  R=0.7  and  83  MPa,  R=0.1  on  thin  DEN 
test  pieces.  Aa=75  MPa  far  both  sets  of  data. 
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Oack  shape  development  was  studied  in  some  detail  on  the  thick  DEN  specimen  used  to  construct 
figures  2  and  3.  The  shapes  were  found  to  be  dependent  on  both  the  level  of  q>plied  stress  and 
R  values.  The  cracks  can  be  represented  as  id^  quarter  ellmses.  Each  quarter  ellipse  has  a 
major  axis,  b,  and  minor  axis,  a.  where  a  and  b  are  dte  lengths  of  the  crack  along  the  plain  surface 
and  notch  root  respectively.  For  low  levels  of  applied  stress  iSOMPa)  and  R=0.1.  cracks  are 
largely  quarter  elliptical,  Hgure  6.  However,  for  higher  levels  of  stress  (2  4S0AfPa)  the  aspect 
ratio  is  lower.  At  SSO  MPa  the  cracks  begin  to  t^proach  a  quarter  circular  shape,  figure  7,  but 
with  a  bowed  crack  front  However,  when  R  is  increased  to  0.6  at  SSO  MPa,  the  crack  returns 
to  a  quarter  elliptical  shape  with  a  similar  aspect  ratio  to  the  low  stress  tests  at  R=0.1. 
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Figure  6.  Crack  shape  development  for  2S0  MPa  on  a  thick  DEN  test  piece. 
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Figure  7.  Crack  shape  development  for  SSO  MPa  on  a  thick  DEN  specimen. 

Discussion. 

Growth  rate  curves  from  p.d.  data  on  CC  specimens  show  less  variation  than  the  optical  data 
due  to  the  averaging  effect  inherent  in  the  technique.  The  p.d.  detects  crack  growth  along  the 
whole  crack  front  rather  than  just  at  the  two  surfaces.  Once  the  crack  front  spans  a  few  grains, 
localised  growth  within  one  grain  will  have  less  effect  upon  the  overall  crack  length 
measuremenL 
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The  growth  me  data  for  CC  qieciinent  can  be  deactibed  by  a  Paris  relatioiiship: 


(1) 


with  O1.4xl0r'^  and  in=3.6. 

The  crack  growth  rates  for  the  thick  DEN  qteciment  lie  within  the  tolerance  limits  for  the  CC 
specimens.  However,  there  ate  differences  in  the  growth  characttristics  which  suggest  that  the 
two  sett  of  results  might  not  be  entirely  comparable.  In  the  fust  place,  the  icatterm  the  DEN 
results  was  greater.  Secondly,  it  is  evident  from  the  crack  shape  studies  ^  amlkd  stress  and 
R  can  signimandy  influence  the  way  in  which  the  cracks  in  the  DEN  develop.  Similar  changes 
in  shape  were  not  evident  in  the  CC  specimens  where  all  the  cracks  were  quarter  circular.  Tte 
difference  can  be  attributed  to  the  occurrence  of  crack  closure  at  the  notch  root 

Plasticity  induced  crack  closure  has  been  invoked  to  account  for  many  aspects  of  crack  growth 
behaviourby  a  large  number  of  authors  (3-S).  At  stress  levels  £350  MPa  and  R^.l.  the  notch 
cracks  are  highly  elliptical  in  shape  consistent  with  a  predominandy  elastic  stress  field  Qosure 
due  to  crack  tip  plasticity  is  likely  to  be  similar  for  DEN  and  CC  qtecimens  at  these  stress  levels. 
For  stresses  MPa  the  degree  of  ellipticity  decreases  while  at  SSO  MPa  the  crack  is  virtually 

quarter  circular.  The  different  crack  shapes  strongly  suggest  that  the  crack  fronu  are  being  held 
up  at  the  notch  surface.  This  might  be  due  simply  to  increased  plasticity  and  stress  redi^bution 
at  the  surface  layers,  since  the  1^1.9  factor  ensured  that  notch  toot  plasticity  occurs  for  ^>plied 
stresses  >400  MPa.  However,  when  a  high  R  value  (^0.6)  test  is  carried  out  at  SSO  MPa,  the 
crack  shaiK  returns  to  elliptical.  This  change  can  only  be  attributed  to  the  occurrence  of  closure 
in  the  equivalent  R»0.1  test  The  ^.d  technique  was  used  to  assess  the  likelihood  of  closuie.  If 
surfaces  are  in  contact,  resistance  is  lowered  and  large  voltage  changes  should  be  observed  On 
this  basis,  pd.  measurements  were  made  throughout  selected  load  cycles  and  for  equivalent 
crack  sizes  in  R^.  1  and  0.6  tests  at  350  MPa.  The  resultant  ouqtuts  are  shown  in  figure  8.  It  is 
evident  that  substantial  changes  in  voltage  occur  at  RM).!  but  that  there  is  no  change  at  R=0.6. 
The  measurements  are  consistent  with  closure  occurring  during  the  test  at  RsO.l. 


Figure  8.  Variation  of  normalised  crack  voltage.  AV.  with  load  on  a  thick  DEN  specimen. 
O«.-550MPa. 
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The  closure  is  highly  localised  being  concentrated  in  surface  regions  (S)  but  predominantly  at 
the  notch  root  for  stress  levels  that  induce  significant  levels  of  plasticity.  This  localisation  is 
responsible  for  the  fact  that  R  value  has  little  effect  tm  the  crack  growth  response  in  DEN.  figure 
3.  It  also  explains  the  fact  that  the  data  for  DEN  tests  correlate  well  wi^  the  CXT  behaviour, 
hgure  2.  The  high  level  of  scatter  in  DEN  growth  rates  in  this  graph,  however,  suggests  that  the 
localised  closure  at  the  notch  has  a  second  order  influence  on  crack  development. 

The  crack  growth  behaviour  of  the  thin  DEN  is  significantly  different  from  the  CC  (x  thick  DEN 
response.  In  this  case  a  through  thickness  crack  is  growing  away  from  the  notch  root  A  closure 
effect  due  to  notch  root  plasticity  is  unlikely  because  of  the  crack  geometry  and  the  fact  that  the 
applied  stress  levels  £  350  MPa  are  insufficient  for  the  macroscqtic  yield  strength  to  be 
exceeded.  The  different  response  appears  to  be  associated  with  other  factors.  In  p^cular,  the 
coarse  microstructure  of  the  alloy  means  tluu  the  2  mm  long  crack  ffont  is  addressing  only  3-5 
prior  beta  grains  or  approximately  10  alpha  colonies.  Quui  and  Lankford  (6)  have  suggested 
that  such  conditions  promote  a  gnall  crack  growth  response  in  which  local,  and  possibly  single 
crystal,  defonnation  characteristics  become  inqxxtant  Recently,  a  detailed  assessment  of  crack 
growth  response  in  this  particular  crack/specimen  gemnetry  hia  been  carried  out  (2).  It  was 
observed  that  as  well  as  the  implied  stress  range,  Ao,  affects  growth  rate.  To  asses  the 
relative  importance  of  and  Aa  an  empirical  evaluation  of  the  growth  rate  dependence  was 
carried  out  It  was  found  that  a  relationship  of  the  form: 

daldN=AK2J3iif,  (2) 

described  the  full  range  of  data  with  A=1.4xl0''^,  m=l  and  ns3.6. 

The  dependence  of  growth  rates  on  both  Aa  and  strongly  suggests  an  interaction  between 

cyclic  and  sutic  modes  of  failure.  The  static  processes  are  associated  with  the  accumulation  of 
plastic  strain  at  the  crack  tip  and  may  also  involve  other  factors  such  as  environment  Thex 
processes  will  obviously  be  encouraged  by  the  lack  of  constraint  in  the  thin  section.  The  cyclic 
mode  of  growth  is  clearly  associated  with  the  development  of  reversed  plastic  zones  and  the 
occurrence  of  factors  such  as  crack  tip  closure.  The  extent  to  which  each  dominates  will  depend 
on  loading  conditions  and  test  piece  geometry.  A  clear  task  for  the  future  is  the  definition  of  the 
bounds  for  each  of  these  modes  of  failure  and  for  tlw  region  of  their  interaction. 

The  present  work  has  clear  implications  for  component  life  prediction  calculations.  These 
techniques  often  rely  on  the  use  of  data  generated  on  simple  test  pieces  to  predict  the  behaviour 
of  more  complex  stress  concentration  features  on  ccHnponents.  It  is  iqiparent  that  a  simple 
relationship  between  the  two  situations  might  not  exist  Major  differences  due  to  a  range  of 
factors  including  degree  of  plasticity,  closure  and  mode  of  fracture  can  arise.  It  is  evident 
therefore,  that  despite  our  joint  efforts  in  recent  years  there  is  still  much  to  be  done  to  optimise 
design  and  life  pr^ction  methods  for  major  engineering  applications. 

Conclusions 

Crack  growth  behaviour  of  craner  crack,  thick  double  edge  notch  and  thin  DEN  test  pieces  has 
been  compared. 

1.  The  da/dN  against  A/l  results  for  the  thick  DEN  tests  lie  within  the  95%  tolerance  limits 
of  the  CC  dm  but  display  a  higher  degree  of  scatter. 

2.  The  DEN  crack  shapes  are  influenced  by  stress  level  and  R  value.  At  low  stress  and  R, 
the  cracks  are  elliptical.  For  high  stress  and  low  R  they  become  more  circular  but  then 
at  high  stress  and  high  R  return  to  the  elliptical  form. 

The  crack  shape  changes  have  been  attributed  to  enhanced  closure  at  the  notch  root  PD. 
measurements  confirm  this  belief.  The  increased  scatter  in  DEN  data  has  been  ascribed 
to  the  closure  influence. 
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3. 


4.  Chtck  growth  in  the  thin  DEN  specimens  displays  the  smaU  crack,  microstnKtural  effects 

astodsied  with  the  crack  front  addressing  a  sn^  number  of  prior  beta  or  alpha  colony 
boundaries. 


This  work  has  been  supported  by  the  Procurement  Executive.  Ministry  of  Defence. 
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INFLUENCE  OF  PROCESSING  VARIABLES  ON  THE  MECHANICAL  PROPERTIES  OF 


Ti-15V-3Cr-3Al-3Sn  SHEET  FOR  HELICOPTER  EROSION  SHIELD  APPLICATIONS 
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Yeovil,  Somerset,  UK 


Abstract 

Although  Ti-lSV-3Cr-3Al-3Sn  was  originally  designed  as  a  cold  formable 
alloy,  the  paper  will  discuss  the  influence  elevated  forming  temperature  has 
on  the  resultant  mechanical  properties.  Furthermore  the  effect  of 
temperature  on  the  forming/processing  characteristics  will  also  be 
discussed. 


Introduction 


Although  an  erosion  shield  provides  damage  protection  to  the  composite  blade 
it  also  requires  tvo  additional  factors,  namely  (i)  it  must  be  electrically 
and  thermally  conducting  and  (ii)  it  must  have  specific  engineering 
properties  (i.e.  adequate  strength  and  fatigue  resistance)  to  resist  the 
induced  strains  from  the  composite  blade. 

In  order  to  bond  the  erosion  shields  to  the  complex  aerofoil  profile.  See 
Figure  1,  it  Is  necessary  to  either  hot  form  (~  lOC’C)  or  superplastically 
form  (~  900°C)  the  current  Ti-6A1-4V  material.  However,  the  desire  to 
enhance  mechanical  performance,  especially  fatigue,  and  to  reduce  material 
and  processing  costs  were  responsible  for  Vestland  Helicopters  evaluating 
Tl-lSV-3Cr-3Al-3Sn  as  a  potential  helicopter  erosion  shield  material  (1). 
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Titanium  Erosion  Shi 


Figure  1  Schematic  Representation  of  Helicopter  Erosion  Shield 
Experimental  Procedure 


Material 


The  material  chosen  for  this  investigation  was  Ti-lSV-3Cr-3Al-3Sn  supplied 
by  TIMET,  in  the  solution  annealed  condition,  in  accordance  vith  AMS  4914. 

Forming  Trials 

Forming  trials  were  performed  on  material  subjected  to  the  processing 
parameters  defined  in  Table  I. 

Table  I  Summary  of  the  Forming  Temperature/Method 


Forming  Temperature 

Shield  Type 

Forming  Method 

450  ±  ICC 

575  ±  10*C 

675  ±  lO'C 

675  ±  1500 

725  ±  150C 

755  ±  15<’C 

Outboard 

Outboard 

Outboard 

Inboard 

Inboard 

Inboard 

Stretch  Forming 
Stretch  Forming 
Stretch  Forming 
Blov  Forming 

Blov  Forming 

Blov  Forming 

Inspection  and  Testing 

Prior  to  undergoing  a  detailed  investigation  each  shield  vas  assessed  for 
degree  of  alpha  case  contamination  and  extent  of  hydrogen  absorption  after 
forming  and  chemical  etching. 

In  order  to  facilitate  shield  evaluation  and  determine  the  effect  of  strain 
rate  on  mechanical  performance,  test  pieces  were  removed  from  both  the  upper 
and  lover  surfaces  at  three  separate  chordvise  locations.  Tensile,  fatigue 
and  crack  propagation  specimens,  vere  manufactured  in  accordance  vith  the 
relevant  ASTM  specifications. 
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Fatigue  testing  was  carried  out  using  an  axially  loaded  unnotched  specimen 
at  a  stress  ratio  of  R  •  0.05.  Fatigue  endurance  limits  were  calculated 
using  Veibull's  emperically  derived  formula,  in  which  the  material  constauits 
were  derived  from  a  computer  program  which  fits  the  four  point  parameter  S/N 
curve  equation  through  the  fatigue  test  data  points. 

In  the  case  of  crack  propagation,  testing  was  carried  out  using  a  M(T) 
specimen  at  a  stress  ratio  of  R  ^  0.1.  The  da/dN  Vs  dK  data  appropriate  to 
each  forming  scenario  was  calculated  using  a  computer  program  devised  from 
the  Paris  equation. 


Experimental  Results 

The  experimental  programme  was  carried  out  in  two  stages.  The  first  stage 
established  the  forming/processing  characteristics  (i.e.  formability, 
susceptibility  to  contamination  etc.),  while  the  second  stage  determined  the 
mechanical  properties  within  each  shield. 

Process  Evaluation 


Alpha  Case  Contamination.  The  degree  of  alpha  case  contamination  exhibited 
with  each  ol  tHe  forming  trials  can  be  seen  in  Figure  2,  on  which 
representative  T1-6A1-4V  data  has  been  superimposed.  Prom  the  results  it 
can  be  seen  that  by  raising  the  forming  temperature  the  depth  of  alpha  case 
contamination  increases,  regardless  of  alloy  composition,  although 
Ti-15V-3Cr-3Al-3Sn  is  also  more  susceptible  to  oxidation  that  Ti-6A1-4V. 

Absorbed  Hydrogen.  Analysis  of  the  hydrogen  content,  both  before  and  after 
pickling,  is  shown  in  Table  II.  Prom  these  results  at  can  be  seen  that 
increases  in  hydrogen  levels  are  a  direct  result  of  the  forming  temperature 
and  hence  the  amount  of  time  in  the  pickling  bath. 

Table  II  Effect  of  Forming  Temperature/Pickling  on  Hydrogen  Content 


Forming  Temperature 
*C 

Hydrogen  Content  ppm 

After  Forming 

After  Pickling 

575 

20 

110 

675 

25 

155 

725 

35 

175 

Property  Levels.  Tensile  data  was  obtained  from  all  the  forming  trials, 
regardless  o7  ^whether  forming  was  successful,  in  producing  an  acceptable 
shield  profile.  These  results  are  shown  in  Figure  3.  It  is  interesting  to 
note  that  by  raising  the  forming  temperature  reductions  in  tensile  strength 
were  observed.  In  addition,  by  forming  at  temperatures  ^  675®C  the 
strengths  so  produced  were  higher  than  is  the  as  received  sheet,  inferring 
some  form  of  strain  or  precipitation  hardening  is  occurring.  Moreover,  the 
difference  in  strength  levels  between  the  inboard  and  outboard  erosion 
shields  formed  at  -  67S®C  (i.e.  the  inboard  erosion  shield  was  nominally  4X 
lower)  was  considered  a  direct  result  of  the  lower  strain  rate  attributable 
to  blow  forming  operation. 
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Figure  2  Influence  of  Forming  Figure  3  Influence  of  Forming 
temperature  on  Alpha  Case  Temperature  on  Tensile  Properties. 

Contamination 

Mechanical  Property  Response 

Tensile  Properties.  A  comparison  of  the  mean  tensile  properties  obtained 
from  each  ol  tHe  satisfactory  forming  trials  is  shown  in  Figure  4.  Prom 
this  data  it  can  be  seen  that  by  raising  the  forming  temperature  a  reduction 
in  the  resultant  0.2Z  PS  and  UTS  values  were  observed  while  ductility  levels 
were  unaffected. 

In  order  to  study  the  effect  of  variations  in  forming  strain  on  mechanical 
performance,  tensile  samples  were  removed  from  three  separate  chordwise 

locations,  the  results  of  which  are  shown  in  Figure  5.  From  the  data  it  can 
be  seen  that  strengths  decreased  on  moving  away  from  the  trailing  edge  of 
the  shield  (i.e.  region  of  highest  strain)  regardless  of  forming 

temperature.  However,  the  chordwise  differences  declined  with  increasing 
forming  temperature. 

Fatigue  Properties.  A  comparison  of  the  S/N  data  generated  from  each  of  the 
successful  forming  trials,  is  shown  in  Figure  6.  Furthermore  the  endurance 
limits  determined  from  each  S/N  curve  (i.e.  representing  life  at  2  x  10^ 
cycles)  is  shown  schematically  in  Figure  7. 

From  Figures  6  and  7  it  can  be  seen  that  by  raising  the  forming  temperature 
a  reduction  in  the  high  cycle  fatigue  performance  was  apparent,  although  the 
general  shape  of  the  curve  was  unaffected. 

Crack  Growth  Properties.  A  comparison  of  the  crack  growth  rate  data  for  the 
various  forming  regimes  is  plotted  in  Figure  8,  in  which  data  trends  have 
been  approximated  by  a  straight  line  for  clarity.  In  general  there  does  not 
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Figure  7  Relationship  Between  Figure  8  Relationship  between 
Foraing  Teaperature  and  Fatigue  Foraing  Teaperature  and  Crack  Growth 
Perforaance  Resistance 

Micros tructural  Features.  Photoaicrographs  of  the  general  grain  structure 
of  each  of  foraing  scenarios  is  shown  in  Figures  9(a)  to  9(d).  On  coaparing 
the  aicrostructural  features,  differences  were  apparent  as  suaaarised 
accordingly: 

(i)  On  raising  the  foraing  teaperature,  increases  in  the  aean  beta  grain 
size  was  observed,  as  suaaarised  in  Table  III. 

Table  III  Influence  of  Foraing  Temperature  on  Beta  Grain  Size 


Forming  Temperature  *C 

Mean  Beta  Grain  Size  pa 

725 

30 

675 

25 

575 

23 

(ii)  By  reducing  the  foraing  temperature  below  72S*C  strain-induced 
martensite  and  thermally  precipitated  alpha  was  observed.  The  strain 
induced  martensite  ostensively  occurred  around  the  nose  of  the  shield,  (See 
Figure  9(c))  while  the  thermally  precipitated  alpha  was  more  evenly 
distributed  around  the  grain  boundaries  and  throughout  the  prior  beta  grains 
(See  Figures  9(b)  and  9(d)).  Moreover,  differences  between  the  precipitated 
alpha  was  also  apparent,  i.e.  the  higher  the  forming  temperature  the  coarser 
was  the  alpha  particles,  and  the  thicker  was  the  grain  boundary  alpha. 
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Figure  9  Influence  of  Forming  Temperature  on  Hicrostructural  Response: 

(a)  725»C  (General)  (b)  675<>C  (General)  (c)  575'’C  (Nose)  (d)  575'>C  (General) 


Discussion 


Processing 

Contamination  During  Heat  Treatment.  As  with  all  titanium  alloys  when 
exposed  to  air  at  elevated  temperature,  Ti-15V-3Cr-3Al-3Sn  will  absorb 
oxygen  at  the  surface.  The  degree  of  oxide  formation  and  hence  alpha  case 
contamination,  will  depend  on  the  alloy  content,  i.e.  Ti-15V-3Cr-  3Al-3Sn  is 
more  susceptible  to  oxidation  due  to  the  presence  of  Chromium  in  the 
chemical  composition  (2).  If  Ti-15V-3Cr-3Al-3Sn  is  to  fully  develop  its 
high  cycle  fatigue  properties,  it  is  essential  that  the  oxide  scale  and  the 
contaminated  metal  beneath  is  completely  removed. 

In  addition  to  oxidation,  hydrogen  absorption  and  its  avoidance  is  also  of 
great  importance.  Current  specification  limit  for  hydrogen  content  is 
between  125  -  200  ppm,  depending  on  the  alloy  and  mill  form.  Generally  beta 
alloys  have  a  high  tolerance  for  hydrogen  (i.e.  up  to  2000  ppm)  without 
detrimentally  affecting  mechanical  properties  (4).  However,  the  aim  was  to 
limit  the  absorbed  hydrogen  using  adequate  buffer  solutions  in  the  chemical 
etching  bath,  to  below  250  ppm.  The  trials  carried  out  have  been  successful 
in  limiting  the  degree  of  absorbed  hydrogen  to  below  200  ppm. 

As  oxidation  (alpha  case  contamination)  resistance  and  its  proclivity  of 
rapid  hydrogen  absorption  is  more  severe  with  Ti-15V-3Cr-3Al-3Sn  than 
Ti-6A1-4V  and  since  the  alloy  has  a  lower  beta  transformation  temperature, 
Ti-15V-3Cr-3Al-3Sn  should  not  be  formed  above  750®C. 


Mechanical  Properties 

Influence  of  Test  Piece  Position.  There  appears  to  be  a  direct  relationship 
between  test  piece  position  and  resultant  tensile  properties,  as  shown  In 
Figure  5.  Specifically,  the  tensile  strengths  Increase  on  moving  towards 
the  trailing  edge  and  this  Is  considered  to  be  primarily  due  to  the  amount 
of  strain  Induced  Into  the  shields  during  forming.  Furthermore,  as  the 
reported  differences  appear  to  decrease  with  forming  temperature,  this  would 
suggest  that  the  Induced  thermal  strains  are  either  (1)  being  removed  by  the 
higher  forming  temperature  or  (11)  a  lower  level  of  Induced  strain  Is 
occurring  due  to  the  blow  forming  operation. 

Influence  of  Forming  Temperature.  The  reductions  In  tensile  and  fatigue 
properties  observed  (See  Figures  4  and  7)  on  raising  the  forming 
temperature,  appears  to  be  a  direct  result  of: 

(I)  less  strain  hardening  being  Induced  Into  the  shield  at  the  higher 
working  temperatures, 

(II)  coarsening  and  eventual  elimination  of  the  alpha  phase  attributable 
to  higher  thermal  temperatures  (3),  and 

(III)  beta  grain  growth  (4). 

These  hypothese  are  strengthened  by  comparing  the  tensile  properties  of  the 
as  received  sheet  with  the  resultant  as  formed  tensile  properties.  See 
Figure  3.  From  this  It  can  be  seen  that  only  shields  that  were  formed  above 
70<'*C  exhibited  Inferior  tensile  strengths,  and  this  Is  considered  a  direct 
result  of  the  lack  of  alpha  phase  precipitation  and  resultant  grain  growth. 

As  crack  growth  rates  are  relatively  Insensitive  to  small  changes  In 
microstructure.  It  Is  considered  that  the  reported  differences  would  be 
unlikely  to  produce  substantial  changes  In  the  propagation  rate,  which  was 
In  fact  observed  (See  Figure  8). 


Conclusions 


Although  Tl-lSV-3Cr-3Al-3Sn  offers  a  far  greater  leve'.  of  formablllty  than 
Is  capable  with  T1-6A1-4V  It  must  be  remembered  that  Its  Inferior  oxidation 
resistance  and  lower  beta  transformation  temperature,  should  limit  Its 
maximum  processing  temperature  to  below  750*C.  Furthermore,  If  fatigue 
resistance  Is  of  primary  Importance,  then  forming  should  not  be  carried  out 
above  650*C. 


References 

(1)  DP  Davies,  B  C  Glttos,  VHL  Contract  MNB/EA621T40V/P01 ,  1990,  pp69 

(2)  Properties  and  Processing  of  Tl-15-3,  Timet  Data  Sheet 

(3)  H  Okade,  D  Banerjee,  J  C  Williams,  Sth  Int.  Conf.  on  Titanium,  1984, 
p  1835 


(4)  Titanium  and  Titanium  Alloys,  Source  Book  ASTH  1982. 


INFLUENCE  OP  THESMOHECHANICAL  PROCESSING  ON  TBS  MECHANICAL  PROPERTIES  OP 
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Abstract 

The  aechanical  properties  of  an  annealed  T1-6A1-4V  forging  are  greatly 
influenced  by  the  type  of  theraoaechanical  working  the  billet  receives. 
Hence,  the  paper  will  discuss  the  aost  relevant  of  these  billet  processing 
steps  which  directly  affect  the  properties  in  the  forging.  In  addition,  the 
paper  will  also  aake  reference  to  the  influence  specific  working/post 
forging  heat  treataents  have  on  the  resultant  forging  properties. 

Introduction 

The  purpose  of  the  work  was  to  (a)  determine  the  optiaua  billet  processing 
route  for  large  annealed  titanium  Ti-6A1-4V  forgings  against  present  and 
future  helicopter  design  requirements  and  (b)  assess  the  effect 
theraoaechanical  processing  steps  have  on  the  resultant  aechanlcal 
properties  for  dynaaically  critical  rotating  components. 
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Material  Procurwwnt 


Bxperiaental  Procedure 


The  aaterial  chosen  for  this  investigation  vas  T1-6A1-4V  supplied  by  TIMET, 
IMI  and  CBZUS  and  procured  in  accordance  with  VHMS  462. 

On-Receipt  Inspection  and  Testing 

Billet  (Processing  Paraaeters).  Bach  of  the  aaterials  selected  for  the 
ingot  to  billet  conversion  processing  routes  were  heat  treated  (l.e. 
annealed  at  700*C  per  1  hour  of  section  thickness,  folloved  by  air  cooling) 
prior  to  undergoing  a  full  aetallurgical/aechMical  investigation.  The 
billets  were  exaalned  by  a  coabinatlon  of  aacroscopic/aicroscopic 
exaalnatlon  and  by  statlc/dynaaic  aechanlcal  testing.  Macroscopic 
evaluation  consisted  of  establishing  the  general  grain  flow  per  billet 
route,  whereas  relative  alcrostructural  differences  (l.e.  priaary  a  grain 
slse,  Z  priaary  a  ,  etc.)  were  deterained  at  various  locations  throughout 
the  billet  cross  section. 

Mechanical  property  deteralnatlons  were  carried  out  by  trepanning  out  of 
each  billet  two  separate  rings  approxiaately  15  aa  and  85  aa  froa  the  billet 
surface. 

Fatigue  testing  vas  carried  out  using  a  siaple  unnotched  direct  stress 
fatigue  speciaen,  the  dlaensions  of  which  is  given  in  reference  (3).  The 
speclaens  were  tested  over  a  range  of  loading  conditions,  particular  to 
helicopter  requireaents,  (l.e.  froa  a  zero  aean  stress  0  ±  P  to  a  aaxiaua 
applied  tensile  stress  of  300  MPa  t  P).  For  each  loading  condition  a  S/N 
curve  vas  generated.  Fatigue  endurance  Units  were  calculated  using 
Veibull's  enplrically  derived  foraula,  in  which  the  aaterial  constants  were 
deterained  froa  a  conputer  prograaae  i^lch  fits  the  four  point  paraaeter  S/N 
curve  equation  through  the  fatigue  test  data  points. 

Forging  (Processing  Paraaeters).  A  Lynx  sleeve  forging,  shown  scheaatically 
liTPlguri  1,  was  used  to  deteraine  the  effect  various  heat  treataent 
processing  routes,  had  on  the  resultant  aechanical/nicrostructure 
paraaeters.  Each  forging  vas  subjected  to  individual  post  forging  thernal 
treataents  as  described  in  Table  I. 

Table  I  Suanary  of  the  Theraonechanical  Processing  Routes 


Forging  Identity 

Theraonechanical  Processing  Infornation 

A 

Forged  at  930*C,  Air  cooled  (AC) 

Overaged  at  730*C,  AC 

B 

Forged  at  1040*C,  Water  Quenched  (WC), 

Overaged  at  730*C,  AC 

C 

Forged  at  930*C,  AC, 

Solution  treated  at  970*C, 

Overaged  at  730*C,  AC 

8S3mm 


Figure  1  Scheoatic  Diagraa  of  a  Lynx  Sleeve  Forging 

A  number  of  nacrosectlons/aicrosectlons  were  taken  from  each  forging  in 
order  to  determine  (a)  the  relative  grain  flov  throughout  the  forged  shape 
and  (b)  thermomechanical  response  on  mlcrostructural  features.  Mechanical 
test  specimens  were  obtained  at  similar  depths  to  those  obtained  from  the 
billet  investigation,  in  order  to  relate  the  sectional  response  of  the 
forging  to  the  degree  of  working  it  had  received.  Tensile  and  Fatigue 
specimens  were  manufactured  in  accordance  with  the  relevant  ASTM 
specifications.  Moreover,  fatigue  testing  and  analysis  was  carried  out  in  a 
similar  manner  to  that  us^  in  the  billet  investigation. 

Results/Discussion 


Billet  Material 


Although  a  number  of  ingot/billet  conversions  were  evaluated,  in  order  to 
determine  the  preferred  route,  the  major  processing  steps  can  be  summarised 
accordingly: 

(a)  Ingot  (800  mm  diameter) 

(b)  8  working 

(c)  0-0  working 

(d)  0  recrystalllsatlon/0  Working 

(e)  Cooling  Rate 

(f)  0-0  Working  (26S  mm  diameter) 

It  is  clear  from  the  results  obtained,  that  similarly  processed  billet  stock 
which  had  been  processed  through  a  number  of  ingot/billet  manufacturing 
routes  exhibited  significantly  different  fatigue  and  tensile  properties.  In 
particular,  two  processing  parameters  whose  effects  can  be  determined  in  the 
microstructure  of  the  billet  material  and  which  appear  to  significantly 
affect  the  fatigue  and  tensile  properties  are: 

(1)  The  rate  of  cooling  through  the  0  phase  field  prior  to  the  final  a-0 
working. 

(il)  The  amount  of  working,  particularly  the  final  a-0  working  that  the 
billet  received. 

Cooliiy  Rate.  The  effect  of  introducing  a  more  rapid  rate  of  cooling  from 
tlie  0  phase  prior  to  final  a-0  working,  can  be  seen  in  Figure  2,  in  which 
higher  fatigue  endurance  values  are  produced  by  water  quenching.  It  is 
interesting  to  note  that  enhanced  fatigue  properties  are  not  only  limited  to 
the  surface  areas  of  the  billet,  but  are  also  apparent  in  the  more 
centralised  regions.  Moreover,  water  quenching  also  produces  improvements 
in  tensile  properties  and  this  is  not  at  the  expense  of  ductility  (See 
Figure  3).  The  improvement  in  mechanical  properties  appear  to  be  due  to 
mlcrostructural  effects,  in  that  water  quenching  produces  a  finer  aclcular 
structure,  thereby  arresting  0  grain  growth  and  ensuring  the  absence  of 
grain  boundaries  which  are  rich  in  the  a  phase.  This  results  in  a  finer 
primary  a  grain  size  during  the  final  a-0  working  sequence  (Table  II). 
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Table  II  Influence  of  Cooling  Rate  on  the  Priaary  a  Grain  Size  of 

Ti-6A1.4V  Billet 


Cooling 

Mediua 

Mean  Prlaary  a  Grain  Size  va 

Transverse 

Radial 

Longitudinal 

Air 

Water 

10.7 

9.0 

13.7 

10.0 

10.8 

10.5 

950 

UTS 

MPo 

900 

850 

600 

</> 

900 

o. 

o'®*  £ 

850 

^  S 

800 

o 

750 

c 

IB 

0 

16 

M 

_o 

12 

15  mm  from 
billet  surface 


ft 


air  water 
Coaling 


85  m  m  from 
billet  surfoce 


air  water 
Method 


Figure  2  Influence  of  Cooling  Rate 
on  the  Fatigue  Properties  of  a 
T1-6A1-4V  Billet. 


Figure  3  Influence  of  Cooling  Rate 
on  the  Tensile  Properties  of  a 
Ti-6A1-4V  Billet. 


The  results  obtained  by  Westland  Helicopters  are  consistent  with  the  work  of 
previous  Investigators  (1)  who  notice  that  refineaent  of  the  priaary  a  grain 
slse  accoapanled  water  quenching. 

Degree  of  ct-g  Workiw.  There  appears  to  be  a  direct  relationship  between 
tKe  degree  of  ci-0  working  and  aechiuiical  properties,  in  that,  by  Increasing 
the  aaount  of  a-fi  working  a  billet  receives,  laproveaents  in  fatigue  and 
tensile  properties  are  a  consequence  (See  Figures  4  and  5).  This  is  in 
agreeaent  with  the  work  of  Bowen  et  al  (2)  on  saaller  diaaeter  sections,  who 
concluded  that  working  in  the  0-0  phase  field  contributed  to  the  resultant 
fatigue  and  tensile  strength  of  that  aatcrlal. 

The  degree  of  working  that  a  billet  receives  during  its  processing  route 
contributes  not  only  to  the  general  refineaent  of  the  equlaxed  prlaary  a 
grain  slse  but  also  to  the  breakdown  and  eventual  ellalnatlon  of  the  prior  0 


grains  and  the  preferentially  aligned  colonies  of  elongated  a.  An  Inverse 
relationship  exists  between  the  priaary  a  grain  size  and  the  degree  of 
working  (See  Figure  6),  i.e.  the  greater  the  degree  of  working,  the  smaller 
the  primary  a  grain  size  and  the  better  the  resulting  fatigue  and  tensile 
properties  of  the  material.  The  refinement  and  deformation  of  the 
microstructure  was,  however,  more  apparent  near  the  surface  of  the  billet. 
Whereas  as  one  approached  the  more  central  regions,  the  primary  a  grain 
size,  the  number  of  undeformed  preferentially  aligned  colonies  of  primary  a 
and  the  number  of  grain  boundary  a  films  all  tended  to  Increase,  resulting 
in  lover  fatigue  and  tensile  properties. 

However,  excessively  high  degrees  of  a-0  working  (i.e.  >  85Z)  ate  to  be 
avoided,  as  banding  and  texturing  can  be  introduced  into  the  billet,  thereby 
detrimentally  affecting  fatigue  performance. 


a-0  Deformation  % 


Figure  4  Influence  of  a-H  Working 
on  the  Fatigue  Properties  of 
Numerous  Ti-6A1-4V  Processed  Billet 

Forging  Material 


Figure  5  Influence  of  a-B  Working 
on  the  Tensile  Properties  of 
Numerous  Ti-6A1-4V  Processed  Billets 


Effect  of  tt-P  Phase  Working.  Deforomtion  in  the  b-B  field  has  been  shown  to 
produce  increases  Tn  fatigue  strength  (3),  and  this  improvement  can  be 
related  to  the  microstructural  characteristics  produced  by  the  forging 
sequence.  However,  the  fatigue  strength  of  the  forging,  particularly  in 
areas  where  a  low  degree  of  forging  reduction  has  occurred,  is  determined  to 
some  extent  by  the  original  billet  stock  fatigue  properties.  This  can  be 
seen  in  Figure  7  in  which  the  fatigue  strength  in  areas  of  the  forging  that 
had  received  the  lowest  degree  of  working,  was  only  slightly  higher  than  the 
original  billet  properties.  In  contrast,  substantial  improvements  in 
fatigue  were  observed  in  areas  on  the  forging  that  had  received  the  heaviest 
degree  of  working.  The  general  shape  of  the  original  billets  Goodman 
Diagram  has  only  be  slightly  altered  in  the  final  forged  item.  This 
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suggests  that  at  zero  mean  stress  some  effect  of  the  billet  processing  route 
on  the  aicrostructure  of  the  original  billet  material  has  been  maintained 
throughout  the  subsequent  forging  operation.  Whereas,  at  higher  mean 
stresses  the  forging  has  enhanced  fatigue  performance  as  a  result  of  the  ti-fi 
interface  refinement.  It  is  therefore  apparent  from  these  results  that, 
although  improvements  in  fatigue  strength  can  be  achieved  by  subsequent 
working  during  the  forging  operation,  it  is  the  fatigue  strength  exhibited 
by  the  original  billet  material  in  low  worked  areas  which  can  profoundly 
influence  the  fatigue  properties  of  the  forging.  It  is  interesting  to  note 
that  even  in  low  worked  areas  the  forging  can  produce  significantly  improved 
tensile  properties  when  compared  to  the  original  billet  properties. 

Effect  of  g  Phase  Working.  Although  a-P  titanium  alloys  are  most  often  used 
In  tHi  annealed  condition,  substantial  differences  in  both  the 
microstructure  2uid  mechanical  properties  can  be  achieved  depending  upon 
whether  or  not  forging  was  carried  out  above  or  below  the  0  Transus  (4). 

Table  III  compares  the  properties  of  two  Lynx  sleeve  forgings  deformed  in 
the  a-p  phase  field  (i.e.  930*C)  and  the  p  phase  field  (i.e.  1040*C) 
respectively. 


Figure  6  Influence  of  a-P  Working 
on  the  Primary  a  Grain  Size  of 
Numerous  Ti-6A1-4V  Processed  F'Ktt 


Figure  7  Fatigue  Property  Enhancement 
in  an  Annealed  Forging  as  a  Result  of 
0-0  Deformation 
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Table  III  Comparison  of  the  Mechanical  Property  Levels 
due  to  a.-fi  and  fi  Processing 


Property 

a-B  Forging 

B  Forging 

IS  mm 
below 
surface 

85  mm 
below 
surface 

15  mm 
below 
surface 

85  mm 
below 
surface 

Tensile  Strength  (MPa) 

901 

885 

1056 

1023 

0.2Z  Proof  Stress  (MPa) 

818 

807 

961 

927 

Elongation  (Z) 

13.5 

12.5 

6.5 

7.5 

RA  (X) 

40 

38 

10 

9 

Fracture  Toughness  (MPai/a) 

62 

73 

81 

85 

Fatigue  Limit  (MPa) 
mean  stress  200  MPa  ±  P 

±  256 

±  206 

±  441 

±  370 

Prom  this  data  it  can  be  seen  that  the  tensile,  fracture  toughness  and 
fatigue  strength  are  all  notably  higher  in  the  0  forged/overage  condition 
(containing  a  Widmanstatten  structure)  than  in  the  a-B  forged,  annealed 
material,  vhlch  is  more  ductile.  The  reason  for  the  higher  fatigue 
resistance  with  the  B  annealed  structure  is  due  to  the  fact  that  cracks 
propagate  at  a  slower  rate  though  a  Widmanstatten  microstructure  due  to 
crack  branching  within  the  ci  laths  (4).  However,  while  B  forgings  appears 
to  offer  considerable  improvements  in  properties  over  conventional  o-B 
forgings,  the  Widmanstatten  microstructure  is  less  resistant  to  low  cycle 
fatigue  and  is  considerably  less  ductile. 

Solution  Treatment  and  Over  Aged  (STOA)  Processing.  Heat  treatment  of  a-B 
processed  material  at  temperatures  high  in  the  o-B  phase  field  produces 
nixed  nicrostructures  consisting  of  Islands  of  primary  o  in  a  matrix  of 
transformed  B  (S).  The  proportion  of  primary  o  depends  on  the  proximity  of 
the  treatment  temperature  to  the  B  transus  temperature,  while  the  morphology 
of  the  transformed  B  is  a  function  of  the  rate  of  cooling. 

The  properties  achieved  with  a  forging  subjected  to  a  STOA  thermal 
treatment,  designed  to  produce  a  duplex  structure  containing  ~  10  -  25X 
primary  a  in  a  matrix  of  transformed  B,  can  be  seen  in  Table  IV. 

Table  IV  Influence  of  an  STOA  treatment  on  the  Mechanical  Properties 

of  an  a-B  Forging 


Property 

a-B  Solution  Treatment 

IS  mm  below 
surface 

85  mm  below 
surface 

Tensile  Strength  (MPa) 

1004 

951 

0.2Z  Proof  Stress  (MPa) 

917 

865 

Elongation  (X) 

13.5 

14.5 

RA  (X) 

41 

39 

Fracture  Toughness  (MPa/m) 

75 

78 

Fatigue  Limit  (MPa) 
mean  stress  200  MPa  ±  P 

t  464 

±  421 

1,937 


By  coaparing  the  aechanical  property  data  for  the  ot-0  processed  and  0  worked 
forging  shown  in  Table  III,  it  can  be  seen  that  the  a-0  STOA  forging  offers 
comparable  strength,  toughness,  and  fatigue  resistance  to  those  produced  by 
0  forging  while  still  retaining  a  level  of  ductility  only  experienced  with 
the  a-0  annealed  forging. 

As  with  all  water  quenching  operations,  there  will  be  a  limiting  sectional 
size  response,  above  which  reductions  in  tensile  strength  and  fatigue  are  a 
likely  consequence.  This  effect  appears  to  be  mainly  microstructural,  in 
that  during  water  quenching  the  rapid  rate  of  cooling  experienced  on  the 
surface  restricts  the  a  grain  size  and  inhibits  grain  growth  (particularly 
in  the  fine  acicular  a  of  the  transformed  0  matrix),  thereby  increasing 
tensile  strength  and  fatigue  properties.  Nearer  the  centre  of  the  forging, 
however,  the  cooling  rate  is  much  slower,  allowing  time  for  diffusion 
controlled  reactions  within  the  microstructure  to  occur,  resulting  in  a 
general  coarsening  of  the  transformed  0  and  hence  lower  tensile  and  fatigue 
properties,  (See  Tables  III  and  IV).  It  is  interesting  to  note  that 
relative  amounts  of  equiaxed  a  in  the  microstructure  has  an  important 
Influence  on  the  ductility  of  a-0  alloys,  i.e.  ductility  Increases  with 
increasing  amounts  of  equiaxed  a  up  to  -  15Z,  whereupon  it  levels  off. 

Conclusions 

Billet 

To  ensure  optimum  properties  in  the  billet,  the  ingot  to  billet  conversion 
should  include  (a)  a  water  quenching  operation  prior  to  the  final  a-0 
working  stage,  and  (b)  a  high  degree  of  a-0  working  (i.e.  in  excess  of  60X) 
as  the  final  deformation  step. 


Forging 


In  order  to  obtain  optimum  properties  in  the  final  forging,  the  processing 
route  should  include  (a)  a  water  quench  operation  after  the  final 
deformation  step,  and  (b)  a  solution  treatment  process  high  in  the  a-0 
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Abstract 


'n  order  to  study  the  propensity  of  metallic  materials  to  adiabatic  shear 
failure  under  multiaxial  stresses  a  new  testing  method  was  developed  to 
investigate  the  dynamic  failure  behaviour  under  combined  compression/shear 
loading.  The  combined  simultaneous  loading  is  applied  by  a  drop  weight 
hammer  to  a  cylindrical  specimen  whose  axis  is  inclined  to  the  hammer 
axis. 

The  testing  results  on  the  titanium  alloy  Ti6A14V  show  that  the  onset  of 
an  adiabatic  shear  failure  is  promoted  strongly  even  under  small  amounts 
of  a  shear  component  to  the  main  compression  stress. 


Introduction 


Adiabatic  shear  is  one  of  the  most  important  failure  mechanisms  in  impact 
loaded  structures  because  the  failure  acts  like  a  brittle  fracture  even 
when  the  fracture  is  microscopically  a  ductile  one. 

In  conventional  testing  and  evaluation  the  material  behaviour  under  mo- 
noaxial  stress  states  in  tensile  or  compressive  loading  is  often  used  to 
calculate  the  permitted  load  of  a  structure.  For  a  multiaxial  stress 
condition  Mises'  or  Tresca's  laws  are  applicable  to  reduce  a  multiaxial 
loading  to  an  equivalent  monoaxial  state  of  stress. 

Mises'  and  Tresca's  laws  can  also  be  applied  for  dynamic  biaxial  loading 
by  using  some  corrections  /  V  ,  if  no  adiabatic  shear  failure  occurs.  This 
failure  behaviour  indeed  cannot  be  predicted,  it  has  to  be  investigated 
under  the  real  conditions  including  biaxial  loading.  This  is  especially 
important  for  titanium  alloys  which  tend  to  fail  under  adiabatic  shear 
conditions  in  the  case  of  impact  loading  111 . 

Investigations  of  the  susceptibility  of  metallic  materials  to  adiabatic 
shear  failure  can  be  done  in  a  pure  shear  condition  by  dynamic  torsion 
testing  /  3,4  /  or  by  using  special  shear  specimens  /  5,^  loaded  in  a  split 
Hopkinson  bar.  Both  techniques  have  the  benefit  to  study  the  shear  strain 
and  strain-rate  conditions  which  initiate  adiabatic  shear  failure/ 7/.  In 
order  to  investigate  the  propensity  of  metallic  materials  to  adiabatic 
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shear  failure  under  multiaxial  loading  a  new  test  procedure  was  developed. 
The  testing  method  for  combined  compression/shear  loading  is  described  in 
this  paper  and  first  results  of  an  investigation  program  for  titanium  al¬ 
loys  are  presented. 

Test  procedure 

The  testing  system  (Fig.  1)  consists  essentially  of  a  heavy  drop  weight 
hammer,  which  is  mounted  in  a  special  ball-bearing  system  in  order  to  gua¬ 
rantee  a  very  precise  fall  motion,  an  anvil  and  a  machine  frame.  The  frame 
and  all  other  parts  of  the  test  setup  are  of  high  stiffness  to  prevent  no¬ 
ticeable  elastic  deformation.  Under  the  hammer  a  small  punch  is  fixed  to 
give  a  precise  loading  condition  and  to  measure  the  load  time  history  by 
calibrated  strain  gage  records.  To  reach  a  combined  compression/shear  loa¬ 
ding  the  cylindrical  specimen  were  manufactured  with  an  inclination  up  to 
an  angle  of  10  °.  The  punch  surface  as  well  as  the  anvil  surface  is  sha¬ 
ped  by  laser  treatment  for  keeping  a  lubricant  to  enable  an  unrestrained 
lateral  deformation  of  the  specimen. 

Adjustable  stiff  stopping  devices  make  it  possible  to  arrest  the  test  at 
given  points  of  deformation.  This  is  important  for  the  following  metallur¬ 
gical  analysis  of  the  shear  band  forming  and  the  failure  development. 

Besides  the  force  measurement  at  the  tup  strain  measurements  directly  at 
the  specimen  were  undertaken  by  using  strain  gages  and  additionally  by 
using  an  optoelectrical  camera.  A  light  gate  system  measures  exactly  the 
velocity  of  the  drop  hammer  respectively  the  loading  rate.  All  measured 
data  were  registered  and  stored  in  a  transient  recorder. 


strain  gages 


n=angle  of 
inclination 


A=  frame 
B=  falling  weight 
C=  tup  with 

force  measurement 
D=  anvil 
E:  specimen 
F=  stopping  devices 


•  anvil 


detail  of  specimen  loading 


Figure  1  -  Schematic  representation  of  the  test  system 


Results 


To  evaluate  the  influence  of  the  biaxial  shear/compression  loading  the 
commercial  titanium  alloy  Ti6A14V  was  used,  which  was  already  investigated 
under  pure  uniaxial  compression  loading  at  various  temperatures  and  va¬ 
rious  strains  111  .  With  the  relative  small  inclination  of  the  specimen  of 
three,  six  and  in  the  maximum  of  ten  degrees  nearly  the  same  compressive 
stress  distribution  is  reached  as  in  the  uninclined  specimen,  but  this 
inclination  implies  shear  stresses  of  up  to  15  %  of  the  compressive 
stress. 

Under  quasistatic  loading  (strain  rate  e-5  •  10*^  s‘^)  and  room  tempera¬ 
ture  the  material  failed  at  about  50  %  compressive  deformation  with  a 
nearly  homogeneous  distributed  deformation  without  shearbands.  With  in¬ 
creasing  strain  rates  first  slightly  higher  deformability  is  noticed,  but 
under  high  rates  of  strain  in  the  range  of  200  to  250  s'^  the  deformabili¬ 
ty  is  limited  by  the  occurance  of  adiabatic  shear  failure.  In  this  case 
the  compressive  deformation  is  reduced  to  half  of  the  deformation  under 
quasistatic  loading.  Fig.  2,  where  each  test  is  represented  by  a  data 
print. 


compressive  deformation 
at  failure  l%] 


Figure  2  -  Deformability  behaviour  under  compressive  loading  as  a 
function  of  strain  rate 

With  increasing  inclination  of  the  specimen  the  adiabatic  shear  failure 
occured  at  lower  strains  and  lower  load  as  the  averaged  curves  of  several 
tests  show.  Fig.  3.  That  means  that  an  increasing  ratio  of  shear/com¬ 
pression  stress  leads  to  a  strong  reduction  of  the  deformability  and,  more 
important,  to  a  distinct  reductioi.  of  the  ultimate  compressive  stress. 

In  Fig.  4  all  results  of  the  dynamical  tests  are  put  together.  The  marked 
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Figure  3  -  Engineering  compressive  stress/strain  behaviour  of  cylindrical 
specimen  with  varied  inclination  between  0°  and  10°  under  dyna 
mica1  loading 
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Figure  4  -  The  effect  of  shear/compression  stress  ratio  on  ultimate  com¬ 
pressive  strength  and  deformabi 1 i ty 


data  points  show  the  scattering  of  the  test  results.  A  reduction  of  the 
ultimate  compressive  strength  of  about  25  X  -  from  1750  MPa  sloping  to 
1330  MPa  -  was  found.  Before  the  onset  of  adiabatic  shearing  the  compres¬ 
sive  yield  stress  undergoes  only  a  small  reduction  caused  by  the  increa¬ 
sing  shear  stress  in  the  specimens  with  increasing  inclination,  according 
to  the  Mises'  law. 

In  one  dynamic  test  series  specimens  with  an  inclination  of  6°  were  used 
to  stop  the  test  at  several  states  of  deformation.  Metal lographic  investi¬ 
gations  were  performed  to  find  out  the  initiation  and  the  development  of 
adiabatic  shearing.  These  investigations  showed  that  the  beginning  of  the 
adiabatic  shear  formation  leads  to  a  decrease  of  the  slope  of  the  load 
strain  curve,  specimen  No.  5  in  Fig.  5.  In  this  case  the  micrograph  (Fig. 6) 
shows  small  shear  bands  starting  in  the  specimen  edges. 

In  the  specimen  No.  7  which  was  loaded  respectively  deformed  until  the 
load  began  to  diminish,  the  shear-band  is  full  established  and  initiates 
the  failure,  as  shown  in  the  micrograph.  Fig.  7.  In  the  last  state  of 
failure  -  specimen  No.  1  in  Fig.  5  -  some  secondary  effects  lead  to  small 
shear  zones  at  the  specimen  edges.  Fig.  8. 


engineering 


compressive  deformation  1%) 


Figure  5  -  Initiation  and  development  of  adiabatic  shear  failure  in  spe¬ 
cimens  with  6°  inclination  under  dynamic  compression  loading 


Figure  8  -  Micrograph  of  specimen  No.  1  showing  the  failure  and  secondary 
effects  at  the  specimen  edges 

Conclusion 

The  results  of  this  study  show  the  influence  of  adiabatic  shear  failure  on 
the  ultimate  strength  of  the  titanium  alloy  Ti6A14V  under  dynamical  loa¬ 
ding.  This  effect  exists  generally  for  all  metallic  materials  under  high 
loading  rates  and  will  be  intensified  by  increasing  shear  stress  under 
multiaxial  loading  condition. 

The  propensity  to  this  failure  mode  seems  to  be  high  for  titanium  alloys. 
More  investigations  are  needed  to  improve  the  knowledge  in  this  area. 
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Abstract 


Mechanical  properties  of  metastable  p  titanlumu  alloys  were  in¬ 
vestigated  using  T1-16V  and  Ti-7Cr  base  alloys  doped  with  Sn,Zr 
and  A1  as  ternary  or  quaternary  additions.  Zr  addition  had  little 
Influence  on  the  mechanical  properties,  while  Sn  addition 
decreased  flow  stress  and  increased  elongation  markedly.  In  A1 
added  alloys,  rapid  work  hardening  followed  by  secondary  yielding 
was  observed  after  extremely  low  yielding.  This  tendency  became 
clear  with  increasing  A1  content,  which  resulted  In  remarkable 
deterioration  in  elongation.  These  results  were  explained  by  con¬ 
sidering  the  effect  of  Zr,Sn  and  A1  addition  on  deformation  modes 
and  phase  stability. 


Introduction 


It  has  been  reported  In  metastable  titanium  alloys  that  dif¬ 
ferent  types  of  deformation  modes. slip, (332)twlnning  and  deforma¬ 
tion  Induced  martensitic  transformation  operate  depending  on  al¬ 
loy  compositions.  The  present  authors^  showed  that  the  dominant 
deformation  mode  of  metastable  0  titanium  alloys  was  controlled 
by  0  phase  stability  referred  to  martensitic  transformation  and 
<0  phase  transformation  which  varied  with  concentration  and  type 
of  alloying  element.  On  the  other  hand,  on  the  mechanical 
properties  of  metastable  0  titanium  alloys,  Hanada  et  al.2-4 
found  In  mainly  binary  alloys  that  (332) twinning  which  operated 
predominantly  In  the  alloys  with  large  instability  of  0  phase 
led  to  low  yield  strength  and  large  elongation,  although  crystal¬ 
lographic  slip  In  the  alloys  with  small  Instability  of  0  phase 
resulted  In  high  yield  strength  and  small  elongation.  Moreover, 
Duerlg  et  al.o-6  and  Flower”^  Investigated  the  mechanical 
properties  of  the  alloys  such  as  TI-10V-2Fe-3Al  In  which  deforma¬ 
tion  Induced  a  "  martensitic  transformation  occurred  as  dominant 
deformation  mode.  They  also  observed  the  tensile  properties 
characterized  by  the  similar  large  elongation  and  low  yield 
strength  to  the  alloys  deform  predominantly  by  (332) twinning. 
From  these  results.  It  seems  apparent  that  both  (332)twlnnlng  and 
deformation  Induced  martensitic  transformation  in  metastable  0 
titanium  alloys  cause  lower  yield  strength  and  higher  elongation 
than  slip  does.  However,  the  difference  between  the  effect  of 
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(332)twlnnlng  on  the  mechanical  properties  and  that  of  deforma¬ 
tion  Induced  martensitic  transformation  is  left  unknown.  Further, 
the  effect  of  ternary  or  quaternary  alloying  elements  on  the 
mechanical  properties  of  metastable  $  titanium  alloys  is  also 
unclear. 

The  object  of  this  study  Is  to  make  clear  the  correlation  of 
mechanical  properties,  deformation  modes,  and  ternary  or  quater¬ 
nary  alloying  elements  In  metastable  ^  titanium  alloys.  In  this 
study,  therefore,  tensile  tests  were  conducted  for  a  series  of 
Ti -16V- ( Zr  ,  Sn  ,  A1 )  and  a  series  of  Ti-7Cr-(Zr  ,Sn,Al)  alloys,  and 
the  effect  of  Zr,  Sn  and  A1  on  the  mechanical  properties  was  dis¬ 
cussed  In  connection  with  the  the  deformation  modes  presented  in 
our  previous  paper  1  in  detail.  V  and  Cr  were  selected  as  repre¬ 
sentatives  of  isomorphous  and  eutectold  stabilizer,  respec¬ 
tively.  Both  16wttV  and  7wt\Cr  correspond  to  a  minimum  content 
preventing  martensitic  transformation  during  quenching®.  Zr,  Sn 
and  A1  were  chose  as  ternary  or  quaternary  additions,  since  they 
are  extensively  used  as  Important  alloying  elements  in  most  com¬ 
mercial  titanium  alloys. 

Procedure 

Tl-16V-(Zr,Sn,Al)  and  Tl-7Cr-(Zr,Sn,Al)  alloys  containing  0/6wt% 
Zr,  0/6wt%  Sn  and  0/3wt%  A1  were  prepared  by  arc  melting  In  an 
argon  atmosphere.  The  arc  melted  buttons  were  hot  rolled  and  cold 
rolled  to  1mm  thick  sheets.  Tensile  test  specimens  with  the  gage 
size  of  1mm  x  3mm  x  16mm  were  obtained  from  the  sheets  by 
spark-cutting,  and  were  sealed  In  a  quartz  tube  under  a  vacuum. 
They  were  solution-treated  at  1023-1123K  for  l.Sks,  quenched  into 
Ice  water  and  then  descaled  by  both  mechanical  and  chemical 
polishing.  Tensile  test  were  performed  on  Instron  type  testing 
machine  at  an  initial  strain  rate  of  1.04  x  lo"*  s"l.  All  the 
alloys  had  an  oxygen  content  In  the  range  of  0.04  to  0.06wt%. 

Results 

Tensile  Properties  of  Zr  Added  Alloys  and  Sn  Added  Ones 

The  effect  of  Zr  addition  on  the  stress-strain  curves  of  T1-16V 
and  Tl-7Cr  alloy  systems  Is  shown  In  Fig.l  and  the  effect  of  Sn 
addition  In  Fig. 2.  Although  T1-16V  and  Ti-7Cr  systems  show  the 
similar  dependence  of  the  stress-strain  curves  upon  Zr  and  Sn  ad¬ 
dition,  the  effect  of  Zr  addition  on  tensile  properties  and  that 
of  Sn  addition  are  quite  different  each  other.  Namely,  Zr  addi¬ 
tion  up  to  6wt%  has  no  significant  influence  on  the  tensile 
properties  and  thus  Zr  added  alloys  In  Fig.l  all  show  the  similar 
stress-strain  curves  characterized  by  600/650MPa  of  yield 
strength,  linear  work  hardening  and  25/30%  elongation  In  en¬ 
gineering  strain.  In  contrast  with  Zr  addition,  Sn  addition 
changes  tensile  properties  drastically,  as  shown  in  Fig. 2.  Al¬ 
though  Sn  added  alloys  also  show  the  similar  linear  work  harden¬ 
ing  to  Zr  added  alloys,  increase  in  Sn  content  up  to  4/5wt% 
decreases  yield  stress  and  flow  stress  and  Increases  elongation 
markedly.  The  alloys  containing  4/5wt%  Sn  show  the  low  yield 
strength  of  about  250MPa  and  the  excellent  elongations  above  50% 
in  engineering  strain.  Further  Sn  addition,  however,  tends  to  in¬ 
crease  yield  strength  and  decrease  elongation.  The  effect  of  Sn 
addition  on  tensile  properties  is  more  distinct  in  T1-16V  sys¬ 
tems  than  in  Tl-7Cr  ones. 

Tensile  Properties  of  A1  Added  Alloys 


/3  phase  could  not  be  retained  at  room  temperature  in  a  series  of 
Ti-16V-Al  and  a  series  of  Ti-7Cr-Al  alloys  because  of  martensitic 
transformation  during  quenching.  The  tensile  properties  of  the 
alloys  doped  both  with  Zr  and  A1  were  controlled  only  by  A1  con¬ 
tent,  which  may  be  understood  from  the  results  on  the  effect  of 
Zr  addition  on  the  tensile  properties  as  mentioned  above.  Thus 
the  effect  of  A1  addition  was  investigated  using  a  series  of  Ti- 
16V-6Zr-Al  and  a  series  of  Tl-7Cr-4Zr-Al  alloys  in  which  ^  phase 
was  retained  under  solution  treated  conditions  except  for  Ti-16V- 
6Zr-1.5Al. 

Fig. 3  shows  the  effect  of  A1  addition  on  the  stress-strain 
curves.  The  similar  dependence  of  the  tensile  properties  on  A1 
content  Is  also  found  In  T1-16V  and  Tl-7Cr  systems.  The  yield 
stress  Is  lowered  extremely  by  A1  addition  as  In  the  case  of  Sn 
addition.  However,  different  from  Sn  addition,  rapid  work  harden¬ 
ing  followed  by  second  yielding  can  be  seen  after  first  yielding 
In  stress-strain  curves  of  A1  added  alloys  shown  In  Fig. 3.  This 
tendency  becomes  clear  with  increasing  A1  content,  which  results 
in  remarkable  deterioration  In  elongation. 


Tensile  Properties  of  The  Alloys  Doped  Both  with  Sn  and  A1 
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Fig.  2  Strasf-itraiii  earvet  of  tke  allo/c  doped  with  Sn. 
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Pig.  3  Stress-drain  curves  of  the  alloys  doped  both  uith  AI  and  Zr. 


Pig.  t  Stress-strain  curves  of  the  alloys  doped  both  slth  Al  and  Sn. 

Discussion 

Effect  of  Alloying  Elements  on  Deformation  Modes  and  B  Phase 
Stability 

It  Is  pertinent  to  summarize  the  results  on  the  effect  of  Zr,  Sn 
and  Al  addition  on  the  deformation  mode  and  p  phase  stability 
determined  by  X-ray  diffraction  and  selected  area  electron  dif¬ 
fraction  described  In  our  previous  paper!  before  discussing  the 
present  results  on  the  mechanical  properties. 

Zr  addition  has  little  Influence  on  deformation  modes  and  phase 
stability  and  thus  the  dominant  deformation  mode  In  Tl-16V-Zr  and 
Tl-7Cr-Zr  systems  Is  (332)twlnnlng  In  which  /8  phase  Is  trans¬ 
formed  to  (■>  phase,  as  In  the  case  of  many  binary  alloy 
systems^ * ^ .  On  the  other  hand,  Sn  and  Al  addition  change 
dominant  deformation  mode  from  (332)twlnnlng  to  deformation  In¬ 
duced  a  ”  or  a  '  martensitic  transformation  depending  on  alloy 
systems,  which  Is  ascribed  to  the  suppression  of  athermal  to  phase 
transformation  by  these  elements  addition.  Sn  addition  above 
4/5wt\  and  Al  addition  above  1.5wt\,  however,  have  a  tendency  to 
restrain  the  deformation  Induced  martensitic  transformation.  This 
Is  considered  to  be  attributed  to  Increase  In  shear  stress  for 
martensitic  transformation  resulting  from  solution  hardening  with 
higher  Sn  and  Al  content.  As  a  result,  addition  of  a  large  amount 
of  Sn  and  Al  changes  dominant  deformation  mode  from  deformation 
Induced  martensitic  transformation  to  slip. 

Correlation  of  Alloying  Elements.  Deformation  Modes  and  Mechani¬ 
cal  Properties' 

As  shown  In  Fig  1,  Zr  addition  has  no  significant  Influence  on 
tensile  properties  of  metastable  B  titanium  alloys.  This  may  be 
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understood  by  the  fact  that  Zr  addition  does  not  change  phase 
stability  and  thus  deformation  mode.  On  the  other  hand,  since  Sn 
addition  varies  dominant  deformation  mode  from  ( 332 ) twinning  to 
deformation  Induced  martensitic  transformation,  tensile 
properties  change  drastically  with  Sn  content.  It  Is  reportedS"'^ 
that  yield  stress  decreases  remarkably  when  deformation  occurs  by 
deformation  induced  martensitic  transformation,  which  Is  good 
agreement  with  the  present  results  on  the  tensile  properties  of 
Sn  added  alloys.  Both  (332)twlnnlng  and  deformation  Induced  mar¬ 
tensitic  transformation  have  higher  work  hardenabl  ’  Ity  than 
sllp2-7_  Therefore,  these  deformation  modes  may  increase  elonga¬ 
tion  by  means  of  Inhibiting  early  necking.  In  this  study,  while 
high  work  hardening  rate  is  also  found  in  both  Zr  added  alloys 
deforming  predominantly  by  (332)twlnnlng  and  Sn  added  alloys  de¬ 
forming  preferentially  by  deformation  Induced  a  "  martensitic 
transformation,  the  elongations  of  the  former  are  obviously  smal¬ 
ler  than  those  of  the  latter.  The  lower  ductility  of  the  former 
may  be  attributed  to  higher  sensitivity  to  cracking  resulting 
from  a  large  amount  of  phase  within  $  phase  Induced  both  by 
quenching  and  deformation.  The  decrease  in  yield  stress  and  flow 
stress  with  Sn  addition  in  Tl-7Cr  alloy  systems  Is  smaller  than 
In  T1-16V  ones.  This  Is  probably  due  to  the  smaller  amount  of 
athermal  ai  phase  In  binary  Tl-7Cr  alloy  than  In  binary  T1-16V 
onel.  which  may  result  In  smaller  decrease  In  yield  strength  and 
flow  stress  with  depression  of  athermal  u>  phase  by  Sn  addition. 
While  both  Sn  added  alloys  and  A1  added  alloys  deform  by  deforma¬ 
tion  Induced  martensitic  transformation,  the  tensile  properties 
are  quite  different  each  other.  A1  added  alloys  show  the  "double 
yielding"  and  have  smaller  elongation  than  Sn  added  alloys,  which 
becomes  clear  with  Increase  In  A1  content.  A  similar  phenomenon 
was  observed  in  a  Tl-10V-2Fe-3Al  alloy  by  Duerig  et  al.5,6  who 
explained  the  stress-strain  curves  as  follows:  first  yielding  Is 
due  to  occurrence  of  a  "  transformation,  flat  portion  after  first 
yielding  is  ascribed  to  a  "  transformation  continuing  under 
fairly  constant  stress,  rapid  work  hardening  Is  nearly  elastic 
deformation  because  of  difficulty  In  producing  additional  a  " 
phase  and  second  yielding  Is  caused  by  operation  of  slip  result¬ 
ing  from  Increase  In  applied  stress.  The  difference  of  the  effect 
of  A1  addition  on  tensile  properties  from  that  of  Sn  addition  is 
apparently  shown  In  Fig. 5  and  Fig. 6.  The  stress-strain  curve  of 
Tl-16V-6Zr-3Al  alloy  obtained  by  alternating  loading  and  unload¬ 
ing  and  optical  microstructures  under  unloading  after  applying  a 
given  value  of  strain  are  shown  in  Fig. 5.  It  should  be  noted  that 
pseudoelasticity  Is  apparently  observed  In  Fig. 5.  Namely,  when 
the  applied  stress  Is  below  the  second  yielding,  the  strain  under 
loading  Is  restored  by  unloading,  which  results  in  no  permanent 
strain  In  the  stress-strain  curve  and  no  deformation  structure  In 
optical  mIcrographs(A,B) .  Permanent  strain  and  deformation  struc¬ 
ture  probably  Involving  slip  line  In  addition  to  a  "  plates 
(mlcrograph:C,D)  appear  after  loading  exceeding  the  second  yield¬ 
ing.  The  stress-strain  curve  during  loading  In  Fig. 5,  therefore, 
can  be  interpreted  according  to  the  explanations  presented  by 
Duerig  et  al .  mentioned  above,  although  they  do  not  describe  any 
pseudoelastic  behavior  In  Tl-10V-2Fe-3Al .  The  pseudoelasticity  In 
Fig. 5  Is  considered  to  occur  In  a  similar  manner  to  transforma¬ 
tion  pseudoelasticity  observed  1  Cu-Al-Nl  alloy^^.  Namely,  In 
Tl-16V-6Zr-3Al  alloy,  the  deformation  Induced  a  "  phase  Is  stable 
only  under  loading  unless  slip  Is  Introduced,  and  thus  the 
strain  under  loading  below  second  yielding  Is  restored  by  unload¬ 
ing  according  to  the  reversion  of  a  "  phase  to  P  phase.  In  any 
event.  It  Is  presumed  that  the  "double  yielding"  In  Al  added  al- 


loys  occurs  because  of  the  difference  In  shear  stress  for  marten¬ 
sitic  transformation  and  for  slip  and  becomes  clear  due  to  In¬ 
crease  In  shear  stress  for  slip  with  Increasing  A1  content.  Fig. 6 
shows  the  stress-strain  curve  and  optical  microstructures  of  Ti- 
l6V-4Sn  alloy  obtained  In  the  same  manner  as  Tl-16V-6Zr-3Al  alloy 
In  Fig. 5.  Tl-16V-4Sn  alloy  shows  conventionally  shaped  stress- 
strain  curve  without  the  pseudoelastic  behavior  found  In  Ti-16V- 
6Zr-3Al  alloy,  and  thus  deformation  structures  In  response  to 
applied  strain  values  are  observed  In  micrographs.  This  Is  con¬ 
sidered  to  mean  that  slip  as  well  as  a  "  martensitic  transforma¬ 
tion  also  operates  simultaneously  after  yielding.  Unfortunately, 
obvious  evidence  of  slip  deformation  can  not  be  obtained  in  opti¬ 
cal  observation  because  of  difficulty  In  distinguishing  slip 
lines  from  a  lot  of  deformation  induced  a  ”  plates.  However, 
since  Sn  added  alloys  have  extremely  large  elongations  which  can 
not  be  explained  only  by  deformation  Induced  martensitic 
transformation”^.  It  Is  likely  that  slip  occurs  with  the  marten¬ 
sitic  transformation  in  these  alloys.  If  a  combination  of  slip 
and  a  "  martensitic  transformation  operates  in  Sn  added  alloys. 


Pig.  S  Streti-strain  carve  of  Ti-tlf-IZr-SAl  allojr  obtained  bjr  alternating 
loading  and  unloading  and  ateroatractarea  under  unloading. 
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high  work  hardening  rate  attributed  to  work  hardening  of  marten¬ 
site  itself  and  martensite  boundaries  acting  as  barriers  to  dis¬ 
locations  movement  may  continue  until  failure  to  result  in  large 
elongation.  Relatively  large  elongations  observed  in  l.5wt%  A1 
added  alloys  in  Fig. 3  are  considered  to  be  obtained  in  a  manner 
similar  to  Sn  added  alloys.  However,  since  higher  A1  addition 
restrains  deformation  Induced  martensitic  transformation,  the  al¬ 
loys  containing  3wt%  A1  deform  only  by  slip  with  poor  work  har- 
denabillty  after  second  yielding,  and  thus  the  elongations  of 
these  alloys  decrease  markedly  as  shown  in  Fig. 3. 

Since  both  Sn  and  A1  addition  above  a  given  value  suppress  defor¬ 
mation  Induced  martensitic  transformation  and  change  dominant 
deformation  mode  to  slip,  the  alloys  doped  both  with  Sn  and  A1 
tend  to  Increase  yield  strength  and  decrease  elongation  with  in¬ 
creasing  Sn  and  A1  content,  as  shown  in  Fig. 4.  Therefore , T1-16V- 
6Sn-3Al  and  Tl-7Cr-6Sn-3Al  alloy  containing  the  largest  amount 
of  Sn  and  A1  in  present  work  deform  almost  only  by  slip,  and  the 
stress-strain  curves  of  these  alloys  are  in  close  agreement  with 


Pif.  (  Streic-ttrain  carve  of  Ti-llT-4Sn  allor  obtained  br  alternating 
loading  and  unloading  and  nieroatraetnrea  under  unloading. 


those  of  p  titanium  alloys  deform  only  by  slip  reported  by 
Hanada  et  al.^. 


Summary 

The  effect  of  Zr,  Sn  and  A1  addition  as  ternary  or  quaternary  al¬ 
loying  element  on  the  mechanical  properties  of  T1-16V  and  Ti-7Cr 
metastable  &  titanium  alloy  systems  was  investigated. 

Zr  addition  up  to  6wt*  did  not  change  significantly  the  tensile 
properties.  Yield  strength  and  flow  stress  were  decreased  and 
elongation  was  Increased  markedly  with  increasing  Sn  addition  up 
to  4/Swt%,  but  further  addition  showed  opposite  tendency.  A1  ad¬ 
dition  up  to  1.5wt%  indicated  the  similar  effect  to  Sn  addition 
up  to  4/5wt%  on  tensile  properties.  However,  further  A1  addition 
brought  about  "double  yielding”,  pseudoelasticity,  and  remarkable 
deterioration  of  elongation.  A  large  amount  of  both  Sn  and  A1  ad¬ 
dition  caused  Increase  in  yield  strength  and  decrease  in  elonga¬ 
tion.  The  similar  dependence  of  tensile  properties  on  Zr,  Sn  and 
A1  addition  was  observed  in  T1-16V  alloy  systems  and  Tl-7Cr  ones. 
These  results  were  explained  by  considering  the  effect  of  Zr,  Sn 
and  A1  addition  on  deformation  modes  and  /S  phase  stability. 
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Abstract 

Low  cycle  faticue  testa  are  conducted  under  strain  control  at  Ac^/2 

fron  t  0.7S  to  i  l.ASZ  and  cyclic  frequency  of  0.2  Hr  with  and  without 
tensile  bold  of  2  ainutes  after  each  cycle,  at  HT,  for  ft  solution  treated 
(ST)  as  well  as  solution  treated  A  973K-12h  aced  (ST-^)  condition  of  the 
alloy  Ti-AAl-l.AZr-3.3HB-0.3Si  (VT9).  Dual  slopes  are  eahihited  ia 
Coffln-Maasoa  plots  for  both  the  conditions.  Patisne  life  in  ST-^ 
condition  was  far  less  than  in  ST.  The  tensile  hold  of  2  ainutes  bad 
detrineatal  effect  on  fatisue  life  of  both  ST  and  ST-A  naterials. 

Introdnction 

Tltaniw  and  its  alloys  are  known  to  eidiihit  appreciable  aaouats  of  creep 
at  aabient  tenperature  (T<  0.2  tn)  even  at  stress  levels  of  a  80Z  of 
tensile  yield  strensth  [1-4].  Thus,  creep-fatipue  interaction  «diich 
usually  occurs  in  other  alloys  at  elevated  tenperature  and  seriously 
affects  fatisue  life,  nay  occur  even  at  roan  tenperature  in  titaniw  alloys 
under  cyclic  loading.  However,  only  United  investigations  have  recently 
been  nade  on  this  aspect  of  titaniaa  alloys  15-7]. 

The  alloy  Ti-AAl-l.AZr-3.3lio-0.3Si  (VT9)  is  a  connercial  a*ft  alloy 
designed  for  high  tenperature  application  as  disc  uaterial  in  Jet  engines. 
Presence  of  snail  anount  of  Si(<  0.5  wt.Z)  in  this  alloy  and  other  high 
tenperature  titaniw  alloys  is  essential  for  their  creep  resistance  at 
elevated  tenperatures.  There  have  been  differing  views  about  the  nechanisn 
of  creep  strengthening  due  to  silicon;  silicon  in  solid  solution  as  well  as 
in  the  forn  of  silicide  precipitates  has  been  considered  effective  in  creep 
strengthening  of  titaniun  alloys,  depending  upon  the  test  conditions 
18-11].  Silicide  precipitates,  however,  are  reported  to  pronote  crack 
initiation  in  the  structural  conponents  of  the  near  a  alloy  ASS  [12]. 

The  present  investigation  is  concerned  with  low  cycle  fatigue  behaviour  of 
the  titaniun  alloy  VT9  in  ft  solution  treated  A  oil  quenched  as  well  as 
solution  treated  and  aged  condition,  without  and  with  hold  period  of  2 
ninutes  at  peak  tensile  strain. 
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Epeiiaeafl  Procedure 

Tlie  alloy  vn  mm  obtaiaed  froa  Malura  Dhatu  liSM.  Hyderabad,  ladia  ia  the 
fora  of  bot  rolled  aad  aill  aaaealed  roda  of  ISaa  dlaaeter.  The  alloy 
coataiaed  by  wt.yct.  6.SA1.  3.3liD.  1.75Zr.  0.3Si.  21yfa  Hj.  12vfa  Hj. 

S74fpa  Oj  aad  balaace  TltaalM.  Blaaka  of  ITOaa  leastb  aad  13m  diaaeter 

Mere  aolntiai|  treated  in  tbe  (i  phaae  field  at  1393K  for  1/2  hoar,  oader 
vacnM  (ailO~^  torr)  aad  quenched  in  oil  naiat  vncuM  quenching  furnace. 
Ihia  heat  treataent  ia  deaigMted  m  ST.  Half  of  the  total  atock  of  the 
oil  quenched  blaaka  Mere  aged  at  973K  for  12  houra  under  the  aaae  level  of 
vacuua  and  deaigMted  m  ST-A.  SmII  yiecea  cut  froa  the  ST  aad  ST-* 
blanka  uere  aechaaically  poliahed  aad  etched  by  lOHT  +  SBOj  *  dSHjO 

(vol.Z)  for  optical  aetallography.  Thin  foila  for  trannaiMion  electron 
nicroacopy  (TBM)  uere  prepared  by  electrothiMing  of  3m  diaca  at  12.5V, 
uaing  tMin  jet  electropoliaher  aad  electrolyte  59Z  Mthaaol,  352  n-bntaMl 
and  62  perchloric  acid  cooled  to  233K.  TEN  mm  carried  out  Ming  JEOL 
200CX  transaiaaion  electron  nicroscope. 

Lou  cycle  fatigue  speciaeM,  with  gauge  length  of  14m,  gauge  diiafter  of 
6m  aad  shoulder  radii  of  26m  were  aachiaed  frun  the  teat  treated  blanka 
aad  Mcbanically  poliahed.  TeMion-coupreMion  tXF  teata  were  conducted  ia 
total  strain  controlled  node  at  different  total  atrain  mplitudM  (Aa^/2) 

froa  t  0.75  to  1.652,  at  coMtMt  cyclic  frequency  of  0.2Hz,  with 
triangular  Havefora,  using  NTS  servo  hydraulic  nachine.  Hysteresis  loops 
were  recorded  at  frequent  Intervals  and  testa  were  continued  till  failure. 
Tensile  teats  were  conducted  with  cylindrical  speciaeM  of  15.4m  gauge 
length,  4.5m  gauge  diaaeter,  at  a  strain  rate  of  4xl0~*s~*  Ming  iMtron 
nachine. 


Heaulta  and  DiacuMion 

Nicrostructure 

The  optical  nicrograph  in  Fig.  1  shows 
aicrostructure  of  the  alloy  in  ST 
condition.  The  criss-cross  Morphology 
of  the  traMforned  f}  structure  My  be 
seen  in  the  nicrograph.  Ho  observable 

difference  could  be  seen  in  the 

nicrostructure  on  aging  the  ST 

speciaen  i.e.  ST-A  condition. 

Bright  field  traMnission  electron 

nicrograph  (BFTEM)  in  Fig.  2a  for  the 
ST  condition  reveals  thin  filM  of  ft 
sandwiched  between  interface  phases 
which  in  tom  are  sandwiched  between 
a'  platelets.  The  a'  platelets  show 
dislocatioM  and  stacking  faults. 

These  nicrostructural  features  are 
typical  of  the  alloys  like  VT9  and  near  a  alloys  resulting  froa  ft 
solution  treataent  and  less  severe  cooling  [13-15].  The  interface  phase  is 
a  subject  of  nuch  controversy  in  the  literature  [13-20].  Hhile  Banerjee  et 
al.  [16,17]  described  it  an  artifact  resulting  froa  electrothinning,  very 
recently  Servant  et  al.  [18]  have  reported  it  a  netMtable  phMe  existing 
under  certain  tterMl  and  tternoaechanical  treatnents.  Fig.  2b  shoM  the 
BFTEM  in  the  ST-A  condition.  It  My  be  observed  that  silicides  are 
precipitated  predoainantly  at  the  interplatelet  boundaries  of  a'  aad 

ft  [21].  A  few  silicides  are  seen  inside  ft  aad  also  in  a*  .  In  an  earlier 


Figure  1  -  Optical  nicrograph 

showing  aicrostructure 
in  ST  condition. 


PLASTIC  STRAIN  AMPLITUDE  (•/•) 


investigation  [21]  these  silicides  were  confined  to  be  hexagonal 
silicides  with  lattice  paraaeters  a  0.70  na  and  c  =  0.36  na. 


Figure  2  -  Bright  field  transaission  electron  aicrographs  for  (a)  ST  (b) 
ST-A  conditions. 

tow  cycle  fatigue  behaviour 

The  dependence  of  fatigue  life,  expressed  as  nuaber  of  reversals  to 
failure,  211^,  on  plastic  strain  aaplitude,  Ac^/2,  is  shown  by  Coffin-Nanson 

plot  in  Pig.  3.  Since  the  tests  were  conducted  under  constant  total  strain 


Figure  3  -  Goff in-Manson  plot. 


aaplitude  (A^^/2)  and  the  plastic  strain  aaplitude  continually  increased 
with  nuaber  of  cycles  due  to  cyclic  softening,  both  in  ST  and  ST-A 


coBditioiM  (Fis.  4),  the  values  of  plastic  strain  anplitude  for 
Coffin  Hannon  plot,  were  taken  froa  tke  hysteresis  loops  correspondins  to 
half  fatisue  life  (R^/2).  It  is  obvious  that  fatigue  life  in  ST-A 

condition  is  nuch  lower  than  that  in  ST  condition  over  the  entire  range  of 
strain  anplitude  investigated.  The  detrinental  effect  of  silicides  on  IXT 
life  of  the  alloy  VT9  is  in  line  with  that  observed  in  the  near  a  alloy  DO 
68S  [22].  The  drastic  reduction  in  fatigue  life  resulting  fron 
precipitation  of  sllicide  particles  nay  be  attributed  to  enhanced  planarity 

of  slip  [23]  and  the  loss  of  tensile  ductility  (a  st  0.6Z).  Hhile  the 

P 

planarity  of  slip  enhances  the  initiation  of  surface  cracks  [24],  the  loss 
in  ductility  Increases  the  rate  of  propagation  of  the  snail  surface  cracks 
(2S1  during  cyclic  loading. 


10^  10’  10*  10* 
NUMBER  OF  CYCLES  (Nf) 


Figure  4  -  Variation  of  plastic  strain  range  with  onber  of  cycles. 

The  detrinental  role  of  silicide  on  tensile  ductility  of  near  a  titaniia 
alloys  DO  685  [26]  and  829  (231  has  been  well  established.  Also  the 
effect  of  silicide  on  fracture  behaviour  of  alloy  685  in  tension  (261  and 
LCF  (271  has  been  reported.  However,  it  is  relevant  to  nention  that 
enbrlttling  of  tltanlun  alloys  due  to  silicides  depends  on  their 
conposition  and  the  heat  treatnents  (28|. 

Further,  it  nay  be  seen  in  Fig.  3  that  there  are  two  segnents  of  different 
slopes  in  the  Coffin-Mnnsos  plots  of  both  ST  as  well  as  STtA  naterials. 
The  change  in  the  slope  occurs  at  A«^/2  ai  0.28S  and  0.4Z  for  the  ST  and 

ST-A  naterials  respectively.  Sinilar  two  slope  behaviour  in  Coffin  He  neon 
plot  has  been  reported  in  the  a*fi  titaniia  alloy  Ti-6A1-4V  with  change  in 
slope  at  As  /2  ^  0.45X  and  0.75Z  for  the  acicnlar  and  egnianed 
P 

nicrostructures  respectively  (291.  However,  no  eaplanation  has  been 
offered  for  the  dual  slope  in  Coffin  Henson  plot  of  the  alloy  Ti-6A1-4V 
(291.  Hediratta  et  al.  (30]  have  observed  two  slope  bdiavlonr  in  the  dual 
phaM  steel  and  attributed  it  to  difference  in  the  cyclic  work  hardening 
bdiaviottr  in  the  lower  and  upper  regions  of  the  strain  anplitude. 
■ecently,  Singh  et  al.  (311  have  observed  change  in  the  slope  of  the 
Coffin-Hanson  plot  in  the  Hinonic  Alloy  PC16  in  solution  treated  and  aged 


coadltioa.  They  bM«  Mtabliakcd  throagh  detailed  TfM  ewiaation  that 
cbaage  la  tlw  aloge  of  Coffin  Haaaoa  glot  ocean  eaaeatially  due  to  tbe 
chaage  ia  the  node  of  defoiaatioa  fnn  inlwangeaeoaa  plaaar  alip  to 
hmogeaeoua  defonatioa  froa  tke  lower  to  hisher  region  of  atrain. 

Ihe  plaaarlty  of  defonatioa  at  lower  atraia  aaplitude  leada  to  draatic 
reduction  in  the  nuaber  of  cyclea  to  crack  initiation  [24],  tbe  aajor 
conponent  of  tbe  fatigue  life  [31].  Tbe  elopes  of  tbe  two  seguents  of 
Coffia-Maasoa  plots  for  ST  and  STHl  conditions  are  sieen  in  Pig.  3.  Tbe 
slope  of  tbe  lower  seguents  are  considerably  higher  than  those  of  upper 
seguents.  Tbe  slope  of  tbe  upper  seguent  for  ST  condition  (ai  O.M)  is 
coaparable  to  tbe  conuoa  value  of  0.5  for  aaay  uetals  and  allojrs  [32].  The 
slope  of  tbe  upper  seguent  for  ST-A  condition,  however,  is  nueb  lower,  and 
this  nay  be  attributed  to  such  wider  range  of  fatigue  life,  in  the  region 
of  high  plastic  strain  aaplitude  as  coupared  to  that  in  tbe  ST  condition. 
It  is  relevant  to  nention  that  estimation  of  fatigue  life  in  tbe  region  of 
low  Ac^/2  froa  extrapolation  of  tbe  upper  seguent  of  tbe  Coffin  Manson  plot 

would  give  nuch  higher  life  than  the  actual  life  and  hence  it  is  essential 
to  establish  the  Coffin-Manson  plot  over  a  wide  range  of  strain  aaplitude 
for  such  naterials. 

Effect  of  tensile  bold  on  fatigue  life 

The  effect  of  creep-fatigue  interaction,  resulting  from  the  tensile  hold  of 
2  aiautes,  after  each  cycle  of  loading,  on  fatigue  life  of  the  alloy  VT9  in 
ST  and  ST-A  conditions  nay  be  seen  in  Table  I.  It  is  obvious  that  fatigue 
life  is  reduced  due  to  tensile  hold  in  both  the  conditions.  The  data 
points  of  bold  tine  tests  are  also  shown  on  the  Coffin-Manson  plots  for  the 
respective  conditions  (Pig.  3).  Although  they  are  seen  to  lie  on  tbe 
respective  plots,  it  should  be  pointed  out  that  they  are  at  relatively 
higher  levels  of  plastic  strain  anplitudes  as  coupared  to  those  of  the 
conpanion  specimens  tested  without  hold,  at  identical  total  strain 
anplitudes  (Table  I).  The  increase  in  the  plastic  strain  aaplitude  of  the 
hold  tine  specinens  is  due  to  creep  resulting  fron  stress  relaxation  during 
the  tensile  hold. 

Table  I.  Effect  of  hold  period  of  two  ninutes  at  peak  tensile 
strain  on  fatigue  life 


Total  Plastic  strain  Patigue  life  Reduction 


Condition 

strain 

aaplitude 

(cycles) 

in  fatigue 

aaplitude 

at  R 

f/2 

life 

±  Ac^/2  (X)  i  Ac 

p/2  (X) 

(X> 

Ro  hold 

hold 

Ho  hold 

hold 

ST 

1.25 

0.313 

0.368 

344 

206 

40.11 

1.35 

0.415 

0.428 

206 

182 

11.65 

ST-A 

1. 00 

0.187 

0.215 

201 

154 

23.38 

1. 25 

0.403 

0.437 

102 

74 

27.45 

Tbe  effect  of  tensile  hold  on  fatigue  resistance  of  titaniun  alloys  has 
been  found  to  depend  on  a  number  of  factors  like  the  node  of  cyclic  loading 
[7],  mudter  of  cycles  between  the  hold  periods  [7],  A1  and  Mo  equivalents 
(33)  and  texture  [34]  of  tbe  alloys. 

!,»$» 


Barlier  iavestisaton  have  caphaaiaed  the  dctriaeatal  effect  of  hydrosea 
duriaa  teaaile  hold  at  hydrasea  coateat  of  at  40na  16],  however,  receat 
iavcatisatioaa  ia  a  anber  of  tltaaiiai  alloya  have  revealed  that  there  la 
oo  detriaeatal  effect  of  hydrocen  evea  at  a  aach  higher  coaceatratioa  (at 
ISOpya)  133).  Thoa  decreaae  ia  fatigue  life  of  the  alloy  VT9  (Hj  at  21pya) 

reaultiag  froa  teaaile  hold  aay  aot  be  attributed  eaaeatially  to  hydrogea 
effect. 

The  obaerved  decreaae  ia  fatigue  life  of  the  alloy  VT9  due  to  teaaile  hold 
ia  the  preaeat  iaveatlgatioa,  ia  ia  agreeaeat  with  the  coapoaitioaal 
criterioa  >6  wt.X  A1  aad  <  dwt.X  Mo  eqaivaleata  for  the  detriaeatal  effect 
of  hold  tiae  oa  fatigue  life  of  titaaiiai  allo)rs  at  rooa  teaperature  (33). 
The  decreaae  ia  fatigue  life  of  both  ST  aad  ST-A  aateriala  due  to  teaaile 
hold  ia  eaaeatially  due  to  iaereaae  ia  the  plaatic  atraia  coaponeat  froa 
creep.  It  aay  he  aeea  that  pet.  reductioa  ia  fatigue  life  of  ST  aad  ST-A 
aateriala  (Table  I)  due  to  hold  effect,  teated  at  ideatical  total  atraia 
aaplitnde  of  ±1.2SX  ia  aearly  coaparahle  aad  thna  there  ia  aot  aay 
sigoif'*"Uit  iaflueace  of  the  fora  of  ailicoa  oa  degradatioa  of  fatigue 
reaiataace  of  the  alloy  VT9  reaultiag  froa  creep-fatigue  iateractioa  at 
rooa  teaperature  uader  the  teat  coaditioaa  iaveatigated. 

CoBcluaioaa 

1.  Uw  cycle  fatigue  life  of  the  alloy  VT9  ia  draatically  reduced  due  to 
precipitatioa  of  ailicidea. 

2.  A  bold  period  of  2  aiautea  at  peak  teaaile  strait  fter  each  cycle, 
has  detriaeatal  effect  oa  LCP  life  ia  both  ST  aad  A  cooditioas. 

3.  There  is  aot  anch  iaflueace  of  the  fora  of  ailicoa,  preaeat  ia  the 
alloy  VT9,  oo  degradation  of  its  fatigue  resistance,  due  to 
creep-fatigue  interaction  at  BT. 
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Abstract 

To  evaluate  the  ittfluertce  of  fretting  damage  on  fatigue  properties  of  Ti-1023  alloy,  the  fretting 
and  fretting  fatigue  behaviors  of  the  alloy  have  been  systematically  studied.The  experimental  re> 
suits  showed  that  Ti-1023  alloy  was  very  sensitive  to  fretting  damage,  the  fretting  fatigue 
strength  at  room  temperature  was  reduced  by  S0%.  But.  the  frening  damage  was  decreased  with 
increased  testing  temperature  and  fretting  wear  volume  was  reached  minium  at  250t1 .  The  SEM 
observations  showed  that  the  basic  fretting  damage  mechanism  was  fatigue  delamilation  caused 
by  alternate  shear  stress  at  the  sub-surface  of  the  material.  Adhension  and  metal  transfer  phe¬ 
nomenon  were  very  slight. 


Introduction 

The  phenomenon  of  fretting  can  be  detected  in  many  practical  applications,  such  as.  at  the  bear¬ 
ing  surface  of  roller  bearing  races  and  in  shaft— hub  combination,  and  also  at  loosely  jointed  com¬ 
ponent  combination,  for  example,  at  the  blade  foot  of  tubine  blade.  The  characteristic  of  this  is  the 
appearance  of  abrasive  and  friction  weld  marks,  which  are  caused  by  oscillation  sliding 
movements,  of  very  small  amplitude-usualiy  only  a  few  pm.  This  surface  damage  leads  to  the 
formation  of  microcracks,  which  spread  and  finally  lead  to  the  fatigue  failure  of  the  component. 
The  Ti-10V-2Fe-3AL  alloy  is  a  relatively  new  near  beta  titanium  alloy.  It  offers  excellent 
strength  /  ductility  /  toughness  combination,  deep  hardenability  and  good  forgeability.  Over  the 
last  few  years,  extensive  work  has  been  carried  out  on  the  metallurgical  characteristics  and  me¬ 
chanical  properties  of  the  alloy,  but  nonthing  is  known  about  its  fretting  fatigue  behaviors. 
Titanium  and  its  alloys  are  particularly  susceptible  to  fretting  fatigue  and  therefore  it  is  essential 
that  fretting  fatigue  data  be  acquired  for  this  high  strength  bets  titanium  alloy. 

The  aim  of  the  investigation  presented  here  is  to  describe  the  fretting  fatigue  behaviors  of  the  ma¬ 
terial  combination  Ti-1 023  /  Ti-1 023.  effect  factors  and  expore  improvement  methods. 

Titon'Kim  '92 
Scivnc*  and  Todinoiagy 
Edilod  by  F.H.  Ftow  ond  I.  Cqplan 
Th*  Mirwols,  PWtab  &  Mottriais  Society,  1993 
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Experimental 


Table  1  shows  the  chemical  analysis  of  the  test  alloy.  The  alloy  was  solution  treated  by  water 
cooling  from  740tl  (i.e.  from  below  the  /f  transus )  followed  by  aging  8  h  at  51 OC .  This  produced 
a  uniform  microstructure  which  was  consisted  of  primary  «  and  aging  fi  matrix.  Typical  michanical 
properties  of  the  alloy  in  this  condition  are  as  following: 

<rt=1200Mpa.  ea,  =  1120Mpa.  4=10%.  V-40%. 

Table  1  The  chemical  compositions  of  Ti-1 023  alloy 


Elements 

1  Al 

V 

Fe 

Si 

N 

C 

H 

0 

wt% 

3.06 

10.65 

2.13 

10.1 

0.011 

0.023 

0.009 

0.073 

The  fretting  fatigue  tests  were  performed  under  axial  fluctuating  tension.  The  fatigue  speci¬ 
men  had  parallel  flats  machined  on  its  surface  and  fretting  was  induced  by  clamping  a  pair  of 
bridges  on  to  the  parallel  flats.  The  bridges  were  of  the  same  material  as  the  fatigue  specimen  and 
had  been  given  the  same  heat-treatment.  For  high  temperature  test,  the  specimens  and  bridges 
were  surrounded  by  a  small  eletrical  furnace  and  tests  conducted  at  1 00.  250  and  350C  The  main 
parameters  of  tests  are  listed  in  table  2.  The  fretting  wear  was  carried  out  with  semiball  and  flat 
specimen  which  were  both  made  of  same  material.  The  contact  pressure  P=49N.  frequence  of 
test  f=  98  Hz  and  amplitude  A  =  60pm. 

Table  2  Testing  parameters  of  fretting  fatigue 


clamping  load  P(N)  j 

500  1000  1500 

testing  temperature  ttl 

18  100  250  350 

frequence  f(Hz) 

98 

atmosphere 

laboratory  air 

Results  and  Discussion 

S-N  curves  of  fretting  fatigue  tests  and  the  usual  fatigue  tests  without  fretting  at  room  tern- 
perature  are  shown  in  Fig.1 .  It  can  be  seen  that  the  fretting  fatigue  strength  of  Ti-1 023  at  1 0^cy- 
cles  as  compared  with  usual  fatigue  is  rapidly  decreased,  from  695  Mpa  to  345  Mpa.  the  percen¬ 
tage  of  reduction  is  about  50%.  The  visual  examination  showed  the  fretting  fatigue  specimens  are 
always  fractured  in  contact  region  between  fretting  pad  and  surface  of  fatigue  specimens.  To  ob¬ 
serving  the  features  of  fretting  damage  all  the  specimens  were  ultrasonically  cleaned  to  remove 


the  loose  debris  and  examined  in  the  scanning  electron  microscope.  Fig  2  shows  the  appearance 
of  original  region  of  fretting  fatigue  fracture.  The  fretting  pitting  and  oxide  debres  filled  up  in  it 
can  be  observed.  Fig.3  shows  the  morphology  of  scar  of  contact  surface,  from  this,  the  outline  of 


Fig.1  S-N  curves  at  room  temperature  forTi-1 023 
1 .  usual  fatigue  2.  Fretting  fatigue 


a  b 

Fig. 2  Original  region  of  fretting  fatigue  fracture 
a.Origin  region  of  fatigue  fracture  b.Oxide  debres  in  origin  region 


Fig.3  Scar  of  contact  surface  of  fretting  fatigue  specimen 
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slip  regions  and  non-slip  regions  is  clearly  discernible.  The  slip  regions  are  characterised  by  the 
production  of  fretting  debris  and  pitting,  whereas  non-slip  regions  by  slight  abrasion.  It  was 
founded  that  the  fretting  fatigue  cracks  were  initiated  in  the  boundary  between  the  slip  and 
non-slip  regions.  This  phenomenon  is  in  keeping  with  general  pattern  for  fretting  fatigue  fracture. 
According  to  fundamental  investigations  of  fretting  fatigue[1 .2],  the  maximum  repeated  shearing 
stress,  which  is  the  combination  of  repeated  stress  and  the  tangential  fretting  stress,  is  known  to 
reach  a  maximum  value  at  the  boundary  of  slip  region  and  therefore  the  fatigue  crack  is  easily  init¬ 
iated  in  this  areas.  It  was  also  founded  that  the  basic  fretting  damage  mechanism  was  fatigue 
delamilation  caused  by  alternative  shear  stress  at  the  sub-surface  of  the  material  (Flg.4). 
Adhension  and  metal  transfer  phenomenon  were  very  slight.  In  later  period  of  fretting  fatigue,  ox¬ 
ide  film  is  ruptured  and  removed  from  surface  of  specimen  by  delamilation  (Fig. 4b).  a  large  num¬ 
ber  of  pitting  is  left  on  contact  surface  which  results  in  stress  concentration  and  induced  initiation 
of  fatigue  cracks  (Fig. 5).  Fig. 6  shows  the  direction  of  fatigue  crack  propagation  In  a  cross  section 
of  specimen.  At  first  the  crack  propagates  in  the  zone  influenced  by  the  alternating  stress  arising 
from  the  fretting  action.  The  crack  at  this  stage  is  oblique  to  the  surface.  When  it  passes  out  of  the 
this  zone  the  crack  changes  direction  and  propagates  perpendicular  to  the  surface,  i.e.  right  an¬ 
gles  to  the  applied  alternating  stress  in  the  specimen. 
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Fig.4  Appearance  of  fretting  damage  ° 
a.fretting  damage  at  early  period  b.fretting  damage  at  later  period 
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Fig. 5  Morphology  of  fretting  fatigue  fracture  Fig.6  Direction  of  fretting  crack  propagation 
In  general,  if  the  amplitude  of  slip  is  maintained  constant  the  volume  of  fretting  damage  increases 
linerly  with  the  applied  normal  load  [3].  But.  in  the  present  study,  the  fretting  fatigue  strength  of 


Ti-1023  alloy  is  increased  with  normal  load  (Fig. 7),  That  means  the  actual  amplitued  is  reduced 
as  normal  load  is  increased. 

Fig.8  shows  the  effect  of  temperature  on  fretting  fatgiue.  the  fretting  fatigue  strength  decreased 
with  temperature.  But.  this  reduction  is  more  likely  caused  by  softening  of  material  matrix  with 
temperature  increasing,  rather  than  by  fretting.  This  is  because  the  fretting  wear  of  Ti-1 023  alloy 
is  gradually  reduced  when  testing  temperature  raise  from  room  temperature  to  350t;  (Fig. 9).  This 
result  indicated  suitable  oxide  film  on  contact  surface  can  be  acted  as  lubricant  and  reduce  metal 


Fig. 7  Influence  of  the  normal  load  on  Fig.8  Effect  of  testing  temperature  on  fretting 

fretting  fatigue  strength  of  Ti-1 023  alloy  fatigue  strength  of  Ti-1 023  alloy 
1.1600N  2.1000N  3. SOON.  1.1817  2.100t:  3.25017  4.350t: 


Fig.9  Effect  of  testing  temperature  on  '"‘S  ’  °  shot-peening  on  fretting 

fretting  wear  of  Ti-1 023  fatgiue  strength 

1  shot  peening.  2.non-shot  peening  '  ■'  8*^  2  250Cshot  peening 

3.18C  non-shot  peening.  4.250t:  non-shot 
peening 


to  metal  contact. 

i 

The  development  of  surface  compressive  stresses  by  cold  working  the  surface  of  a  component  has 
a  beneficial  effect  on  the  fretting  fatigue  strength.  Shot  peening  is  the  simplest  of  the  methods  to 
apply.  Fig. 10  shows  the  experiment  result  for  Ti— 1023  alloy  and  indicates  that  the  fretting  fatgiue 
strength  of  shot-peened  specimen  at  room  temperature  was  increased  by  45%.  This  beneficial  ef¬ 
fect  was  even  remained  at  2S0C  .  The  residual  surface  stress  in  the  shot-peened  specimens 
measured  by  X-ray  diffraction  was  950  Mpa.  i.e.  approching  yield  strength  value  of  Ti-1023 
alloy. 

Conclusion 

1 .  The  Ti-1023  alloy  is  very  sensitive  to  fretting  damage,  the  fretting  fatigue  strengthh  at 
room  temperature  was  reduced  by  50%.  But.  at  elevated  temperature  the  effect  of  fretting 
was  weakened. 

2.  The  basic  fretting  damage  in  Ti-1023  alloy  was  fatigue  delamilation. 

3.  Shot  peening  process  significantly  improved  the  fatigue  strength  of  the  alloy,  as  a  result  of 
inducing  residual  compressive  stress  in  specimens. 
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